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Supervisor’s Foreword

If metal in cars is replaced with plastics, the vehicle is lighter and more fuel
efficient. The same applies to aircraft and spaceships. Nevertheless, polymers
cannot replace all the metal, because they are not as tough. Even worse: Plastics
fatigue over time. Fatigue may, e.g., cause that after driving a year on cobblestone
the spare wheel breaks through its well.

A European consortium of industry and academy in 2008 had taken up the
cause to reduce fatigue by incorporating reinforcing nanoparticles into the poly-
mer. The plastic is to be polypropylene (PP). If all the polymer is based on the
versatile material PP, recycling returns one single polymer. The goal is a cheap
product, thus clay is chosen to be blended with the PP. For polyethylene (PE) this
method had worked well—so why should it not also work for PP? In order to
develop the reinforcing property of the clay, the clay layers are gently separated
from each other in the blender and bound to the PP by a suitable chemical. This
process takes place in the molten PP at 200 �C. The optimization of this technology
for a new polymer grade is demanding. In our case it has succeeded after 2 years
due to the cooperation of excellent teams from across Europe. Now a spare-wheel
recess is injected from the melt, but the composite shows fatigue anyway. What is
different in PP compared to PE?

Ahmad Zeinolebadi has found an answer: The PP is inherently reinforced, and
this fortification is mitigated by the clay. The reinforcement is provided by PP
crystals that are formed during cooling from the melt. Unfortunately PP crystal-
lizes slowly. Therefore, chemical companies raise the crystallization tendency of
PP by a nucleating agent. Dr. Zeinolebadi has found that the clay used by us is also
a nucleating agent. It shifts the delicate balance. The crystals that are formed are
no longer a strong framework, but a multitude of small and disordered grains.

This information is contained in X-ray scattering patterns. It is evidenced by a
complex transformation. The pathway has already been pointed out by Debye in
1931. Because of the mathematical complexity of the corresponding CDF-method
it is only mastered by few research groups in the world. Dr. Zeinolebadi has
studied various materials by straining and relieving them cyclically (fatigue test).
Simultaneously the samples have been irradiated and monitored by the X-rays.
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Ultimately he has been able to directly observe the change of the nanostructure
inside the material, and to draw his conclusions.

The implication of this study is clear: If a delicate composite of matched
components is modified by adding a new agent, then the design must be re-
optimized. This may be difficult if a natural material such as clay is added, the
properties of which may vary. Politically, one should consider extending the time
line for such projects from 3 to 6 years. Then there would be a chance to design an
improved product.

Mr. Zeinolebadi has been an ideal choice for our research project. Already in
Iran, he had learned German very well. His English is professional. His out-
standing effectiveness and ability to think ahead has been noticed early during his
application. His structured approach and his work ethic have helped him to
overcome setbacks during the Ph.D. thesis. Besides working on his doctorate, he
has fulfilled industrial research contracts reliably and quickly. The gained repu-
tation is an asset for his new job. From the yield funds we have been able to cover
travel costs to the many international conferences where he has presented the
results of his work. Also, as session chairman he has left a positive mark on his
peers. He is skillful in writing and communication. In discussion and in writing, he
structures his thoughts and his next moves. From this he draws his creative ability.
After his Ph.D., he took a job in a consulting company. One of his tasks is to
qualify polymers for customer-defined applications. Thus he remains scientifically
active. Due to insecurity, poor remuneration, and meager amenities, the start of an
academic career appears to be hardly a choice.

Hamburg, November 2012 Norbert Stribeck
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Nomenclature

r = (r1,r2,r3) Real space vector and its components
s = (s1,s2,s3) Reciprocal space vector and its components
q rð Þ Electron density
ry Yield stress
I sð Þ Scattering intensity
2h Scattering angle
DHm Melting enthalpy
DL Long period distribution in meridional direction
DLb Breadth of a hba peak
D Laplacian operator
c(r) Autocorrelation function
k Radiation wavelength
de Slice mapping
fg Projection mapping
F3 3D Fourier transform
F�1

3
Inverse Fourier transform

l Linear absorption coefficient
qi Electron density of phase i (i = c crystalline phase, i = a

amorphous phase)
r Stress
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Chapter 1
Introduction

“Only those objects should engage our attention, to the sure and
indubitable knowledge of which our mental powers seem to be
adequate.”

…René Descartes

New technologies request for new materials. Many new applications desire to com-
bine various functions (e.g. biocompatibility, strength, stiffness, low-weight, etc.) in
the same substance. Therefore, during the last decades there has been an increasing
demand for new materials with hybrid properties [1, 2]. For instance, automotive [3]
and aviation industries strongly request for low-weight tough materials1 in order to
replace metal parts. The aim is to decrease fuel consumption. The driving forces are
increasing oil prices and environmental issues.

Most of the conventional materials such as ceramics, metals and polymers cannot
fulfill the requirements of the new technologies. Hence, designing novel materials is
highly desired. Two main routes can be taken to make such materials: (i) synthesis
of materials with the desired chemical architectures and (ii) combining various func-
tions via compounding several constituents with distinct properties. A well-known
example of the latter are polymer-based composites and blends. By mixing poly-
mers with other organic or inorganic compounds—such as (nano)fillers, additives,
etc.—materials with hybrid properties can be obtained. Thus polymers have received
a huge attention due to their potential of hosting multiple functions.

Designing such advanced materials with tailored properties requires deep under-
standing of structure-property relationship of polymers. Polymers often form com-
plex microstructures. For instance, copolymers form different morphologies accord-
ing to their processing conditions. Each morphology in turn gives rise to espe-
cial mechanical/physical properties. Moreover, the launch of hybrid materials2

has enhanced the need for exact understanding of materials microstructures. In

1 See for example http://www.nanotough.aau.dk/ or http://hivocomp.eu/.
2 Hybrid materials are composites consisting of two constituents at the nanometer or molecular
level. Usually one components is inorganic and the other one organic [2].

A. Zeinolebadi, In-situ Small-Angle X-ray Scattering Investigation of Transient Nanostructure 1
of Multi-phase Polymer Materials Under Mechanical Deformation, Springer Theses,
DOI: 10.1007/978-3-642-35413-7_1, © Springer-Verlag Berlin Heidelberg 2013
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order to construct structure-property-relationships, one needs to combine stimulus-
response3 tests with structure-characterization techniques. In other words, one has
to monitor the transitions of the structure during loading the material. When the
structure-property-relations are known, the design of new materials can be based on
a knowledge-driven route instead of try-and-error experiments.

This chapter briefly reviews the microstructure of polymers and methods of
microstructure-characterization with an emphasis on X-ray techniques. The impor-
tance and objectives of the present work are declared in the last section.

1.1 Microstructure of Polymers

Chemically polymers are long-chain molecules of very high molecular weight, often
measured in the tens-hundreds of thousands. For this reason, polymers are frequently
referred to as “macromolecules” [4]. Polymers are characterized by polydispersity
due to distribution of their chain lengths. In the melt state polymer chains form
random coils with a statistical radius of gyration, Rg , estimated by [4, 5]:

R2
g = na2

6
. (1.1)

a and n are statistical segment length and number of segments per chain respectively.
Chains inter-penetrate and form4 entanglements. The entanglements act as temporary
cross-links which give polymers their unique viscoelastic properties. Figure 1.1 sum-
marizes schematically three important characteristics of almost all synthetic poly-
mers.

w
i

M i

nM

wM

(a) (b)

Entanglement 

(c)

Fig. 1.1 Polymers are characterized by high molecular weight, molecular weight distribution (poly-
dispersity), random-coil conformations in the melt state and chain entanglements: a A schematic
curve showing weight fraction of species i versus its molecular weight, Mi . Polymers are usu-
ally characterized by their number-average molecular weight, Mn, and weight-average molecular
weight, Mw. b Polymer chains form random coils in the melt state. c Entanglements are formed
due to inter-penetration of chains

3 The stimuli can be for example a mechanical load or heat.
4 Provided they are longer than a threshold length.
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When cooled from the melt state, polymers usually show a second-order transition
known as glass transition. Thus they form an amorphous solid (glass) [6]. However,
polymer chains with high stereo-regularity may crystallize [5, 7]. The crystallization
occurs at temperatures between the melting temperature and the glass transition point.
Due to the structural irregularities such as entanglements, chain-ends, side-chains,
etc. polymers can form only semi-crystalline solids.

The semi-crystalline structure of polymers is characterized by special features.
Firstly, the crystallites are embedded in an amorphous matrix, resulting in a two-
phase morphology. Secondly, most polymers form folded-chain crystals in which
the chains fold back into the same crystallite.5 Thirdly, several crystallites stack up
and form superstructures known as spherulites [8], Fig. 1.2. Finally, chains wander
from one crystallite to the next one, thereby connecting them to each other. The chain
segment between two adjacent crystals is known as tie-molecule [9]. Tie-molecules
act as stress-transmitters [10–12]. Thus they play an important role in mechanical
properties of semi-crystalline polymers.

Several parameters such as chemical structure, processing conditions, impuri-
ties (nucleating agents) and thermal history determine the crystallinity and the
microstructure of the semi-crystalline polymers. Microstructure, in turn, determines
the physical/mechanical properties of the material.

Another phenomenon which affects microstructure of polymers is phase separa-
tion. Phase separation is commonly observed in polymer blends and in copolymers.
The driving force of phase separation is the immiscibility of the components. Thus
the thermodynamic interaction of the components determines the phase separation
process and the resulting microstructures.

Fig. 1.2 Upon cooling from the melt some polymers crystallize and form folded-chain lamellae.
Several lemellae stack up and form superstructures known as spherulites. Chains wander from one
lamellae to the next one. Parts of the chains shared by two neighboring lamellae are called tie-
molecules. Tie-molecules play an important role in the mechanical behavior of semi-crystalline
polymers

5 Under especial conditions (e.g. high pressure) extended-chain crystals are also observed [4]. Some
polymers may also crystallize under mechanical deformation (strain or shear) [7].
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The microstructure of polymers can also be altered by the presence of solid parti-
cles such as (inorganic) fillers [13]. For example, nano-particles affect the dynamics
of their adjacent chains [14]. Moreover, fillers can nucleate crystallization of poly-
mers, thereby changing their semi-crystalline morphology [13]. Nano-particles can
also form several (nano)structures according to their interaction with the matrix [15].

In summary, multi-phase microstructures are very common in polymers. The
microstructure determines the properties of the material. Thus material design
requires deep knowledge of the mechanisms which govern structure formation and
behavior of polymers.

1.2 Mechanical Behavior

In this work we focus mainly on the structure and properties of semi-crystalline
thermoplastic6 polymers. Therefore, we confine our discussion only to this class of
polymers.

In practice polymeric materials are often subjected to mechanical loads. There-
fore, it is essential to know how polymers respond to the mechanical load. Figure 1.3
presents the common behavior of thermoplastic polymers under uniaxial deforma-
tion. On the stress(σ )-strain(ε) curve four regions [7] can be distinguished: in region
I the material shows an elastic7 behavior. In this region the material is characterized
by its Young’s modulus of elasticity. In region II the material yields. The slope of

Fig. 1.3 Typical stress-strain curve of thermoplastic polymers (e.g. polyethylene). Four regions
can be observed on the curve: I elastic region, the slope of the curve at low strains gives the Young’s
modulus of elasticity E ; II yield point defined by yield stress σy and yield strain εy ; III strain
softening; IV stress hardening is observed in some polymers. Finally the sample breaks at its break-
strain εb

6 A material that can be melted several times.
7 In the elastic region the deformation is completely reversible; i.e. Hookean behavior.
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the curve decreases in this region. The yield point is defined by yield stress σy and
yield strain εy . Above εy , the material shows strain softening (region III) followed
by strain hardening (region IV) [7]. The sample breaks finally at the break-strain εb.
The area under the curve has units of energy, thus it is a measure of the strength
(impact resistance) of the material. In practice materials are usually designed to be
used in region I. However, the other three regions have important roles because they
determine the failure behavior of the material.

In many applications polymers are designed to be used under (dynamic)cyclic
loads [16] (e.g. mechanical vibration). Long-term exposure to dynamic loads causes
a gradual and localized structural damage. Accordingly, under dynamic loads poly-
mers will fail at stress levels much lower than they can withstand under static loading
conditions [17]. This effect is known as fatigue. Fatigue behavior of polymers has
great industrial relevance because it determines the service-life of a polymer part.
Despite its importance, the fatigue mechanisms of polymers are still not fully under-
stood [18].

1.3 Constructing Structure-Property-Relationship

In the literature there are abundant papers studying the structure-property-
relationships of polymers under mechanical load. One can divide the methods into
two groups according to the applied structure-analysis techniques: (i) direct obser-
vation of the structure in physical space, and (ii) indirect observation by monitoring
a parameter (e.g. scattering intensity) that can be related to the structure. Figure 1.4
schematically summarizes these two concepts. In the first method information about
the morphology is directly obtained from the recorded data. The advantage of this
method is its simplicity. However, in most cases it is not possible to record images
simultaneously during a mechanical test. In the second method one has the possibil-
ity to perform in-situ measurements. The challenge of the indirect observation is the
more complicated data-analysis compared to the direct methods. Therefore, one has
to reduce the complexity of the morphology, in order to obtain simple models that
describe the dominant structure. For instance, it is usually assumed that polymers
form domains with disc-like, rod-like or plate-like shapes. This makes it possible to
extract simple parameters that quantitatively describe the morphology. In the follow-
ing paragraphs examples of both methods are briefly8 discussed.

Probably the most common direct observation method is the microscopy tech-
nique [19–24]. Microscopes usually scan the surface [20] of the sample. Therefore,
the image may not be representative of the whole sample. The other drawback of

8 Due to the large number of papers, here we cite only the most important review papers or those
papers which deal with the same materials that are used in this study; namely polypropylene,
polyethylene and thermoplastic polyurethane elastomers.
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(b)(a)

Fig. 1.4 Two main concepts of monitoring microstructural evolution. X is the stimulus (e.g. strain)
and Y is the macroscopic response (e.g. stress) while yn is a microstructural parameter (e.g. long
period of semi-crystalline lamellae-stack). a direct observation in physical space. In this method
samples should be prepared at different steps of the test. b indirect observation by techniques such
as X-ray scattering. In this method it is possible to run in-situ measurements. Usually a simple
structural model is assumed in order to extract structural parameters that describe the dominant
structure

microscopy methods is that most techniques such as SEM,9 TEM10 and AFM11

require special sample preparation [20]. This causes problems when the surface of
the sample is scanned during deformation. For instance, opening up of fresh, uncoated
surfaces leads to charging problems during in-situ SEM-deformation studies [25].
Generally, one has to prepare a series of samples deformed to different strains.

However, application of environmental scanning electron microscope (ESEM)
[26] has made real-time measurements possible. With this technique the structural
transitions at the crack tip can be directly monitored during deformation [20, 27–
29]. ESEM is especially useful for investigation of fracture mechanisms [29] such
as crazing and cavitation. However, there is still no work reporting the transitions
of the semi-crystalline structure during deformation studied by ESEM. The reason
can be the fact that the amorphous phase is eroded from the surface of the uncoated
polymer sample by the scanning electron beam [30].

Polarized optical microscope, POM, has been used for on-line monitoring of
transient structures [31] in polypropylene. This technique does not need compli-
cated sample preparation. However, the length-scale of the observed structure is lim-
ited to some microns. Scanning near-field optical microscopy has also been applied
to monitor single-chain deformation [32]. In summary, simultaneous microscopy-
deformation measurements are still very limited due to the problems concerning
sample preparation.

The indirect observation methods are abundant. Here we mention some the most
relevant ones:

9 Scanning Electron Microscopy.
10 Transmission Electron Microscopy.
11 Atomic Force Microscopy.
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Solid-state NMR12 reveals information about molecular mobility in different
physical phases and the size of chain-extended crystals [33].

FT-IR13 enables quantification of the degree of orientation as a feature of struc-
tural transition upon deformation in both crystalline and amorphous phases [34, 35].

Rheo-optics can be used to study molecular orientation (birefringence) during
deformation [36].

PA-IR14 provides information about molecular orientation during and after fast
irreversible deformations with a time resolution in the order of microseconds and a
low data scatter [37].

Raman spectroscopy can be used to study the structure and the deformation
behavior at the molecular level [38].

Positron annihilation monitors primarily variations of free-volume during defor-
mation. For instance, chain-scission increases the free-volume [39].

SANS15 has been applied to monitor conformational changes of polystyrene
chains under uniaxial extension [40].

X-ray microtomography with sub-micrometer resolution has been used to inves-
tigate the evolution of the microstructure of semi-crystalline polymers during tensile
deformation [41].

X-ray scattering methods probably X-ray scattering is the most versatile method
for in-situ structure-characterization during deformation. This technique provides
abundant information [42, 43] about structural variations from a molecular level up
to several micrometers. Most of the above mentioned techniques provide comple-
mentary information to X-ray scattering data and are often applied in parallel with
X-ray techniques. Next section briefly reviews application of X-rays for structure
analysis of polymers.

1.4 Structure Analysis by X-ray Scattering

X-rays are electromagnetic radiation classically generated by bombarding a metal
with high-energy electrons. X-rays have a wavelength of the order of 10−12−10−8 m
[44, 45]. In material science a narrow range of wavelength 0.5−2.5 × 10−10 m is
used. This range of wavelength is of the same order of magnitude as the most inter-
atomic distances in condensed matter [44]. Studies on polymers are usually done with
radiation having a wavelength of ca. 0.15 nm [44]. In-situ measurements16 require
low exposure time and fast data acquisition. Therefore, in-situ X-ray measurements
are usually done at synchrotron radiation facilities.

12 Nuclear Magnetic Resonance Spectroscopy.
13 Fourier Transform Infrared Spectroscopy.
14 Polarized Planar Array Infrared Spectroscopy.
15 Small-Angle Neutron Scattering.
16 Performing an X-ray scattering measurement during deformation.
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Synchrotron radiation (Fig. 1.5) is produced when electrons orbit in a magnetic
field and lose energy continually in the form of electromagnetic radiation (photons)
emitted tangentially from the orbit [46]. The special feature that makes synchrotron
radiation suitable for in-situ measurements is its high brilliance [45]. Brilliance is
defined by:

brilliance = Photons/second

collimation(mrad)2source-area(mm)2(0.1 %band-width)
. (1.2)

High brilliance means that the beam has a high intensity, low divergence over prop-
agation, small area and low band-width. High brilliance ensures that low-noise data
can be recorded in a short time. Thus fast structural transitions can be monitored
without the need to stop the ongoing test.

In addition to the time-scale, one should consider the length-scale of the structures
desired to be studied. Polymers often show hierarchical structures, Fig. 1.6. This
means that order is observed in a wide range starting from molecular level (unit cell
of the crystals) up to several micrometers (spherulites). X-rays can easily be adopted
to investigate (ordered)structures with the desired length-scale [43]. Already the
Bragg’s law [47] shows the relation between the length-scale of order d, radiation
wavelength λ and scattering angle 2θ :

d = λ

2 sin θ
(1.3)

In practice one has to vary the sample-detector distance in order to obtain good resolu-
tion in the desired angular region. In material science X-ray scattering measurements
are usually done in four angular regions, Table 1.1.

Monochromator

Sample & Setup

Control room

Bending magnet

Radiation shield Linac

Experimental hutch Undulator

Storage ring

Fig. 1.5 Synchrotron radiation ring. Source of the original image: http://en.wikipedia.org/wiki/
File:Sch%C3%A9ma_de_principe_du_synchrotron.jpg

http://en.wikipedia.org/wiki/File:Sch%C3%A9ma_de_principe_du_synchrotron.jpg
http://en.wikipedia.org/wiki/File:Sch%C3%A9ma_de_principe_du_synchrotron.jpg
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Fig. 1.6 Hierarchical structures are common in semi-crystalline polymers. By varying the sample-
detector distance one can observe different structural entities

Table 1.1 Subareas of scattering as a function of the sample-detector distance R

Sub-area R (m) Focus Application

WAXS 0.05–0.2 Arrangement of atoms Crystallography
(chain segments)

MAXS 0.2–1 Liquid-crystalline structure Clay intercalation
SAXS 1–3 Nanostructure 2–50 nm Semi-crystalline structure of polymers,

Porous materials
USAXS 6–15 Nanostructure 15 nm−2 μm Multi-layer polymer films

X-ray wavelength is assumed to be 0.15 nm [46]

The classical X-ray diffraction and scattering are carried out in the sub-area of
wide-angle X-ray scattering (WAXS) [46]. The scattering patterns in the wide-angle
region yield information on the arrangement of polymer-chain segments. Variations
of orientation of the chains within the amorphous phase, structure of the unit-cell,
size of crystals, crystal distortions and crystallinity can be studied [31, 48–50].

The subareas of middle-angle X-ray scattering (MAXS) covers the characteris-
tic scattering of liquid-crystalline structure and rigid-rod polymers. For example,
intercalation of layered-silicates (clay) is studied in this region [51]. In literature
this angular region is often referred to as small-angle due to the similarities in data-
analysis in both regions.

The small-angle X-ray scattering (SAXS) regime reveals the typical nanostruc-
tures observed in semi-crystalline materials, thermoplastic elastomers, copolymers
and multi-phase blends. The structure of lamellae-stacks [49, 50, 52, 53], orienta-
tion of lamellae [31, 50, 54], lamellae-distortion [55], crazing and yielding [55, 56]
can be studied in this region. SAXS tomography [57, 58] is used to study structure
gradients of polymer samples with fiber symmetry. But there is still no report of
simultaneous SAXS-tomography during deformation.

The ultra small-angle X-ray scattering (USAXS) extends the accessible structure
towards the micrometer range [59].

In summary one can monitor the desired length-scale easily by adjusting the
sample-detector distance. In-situ measurements can be performed by using a high
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intensity source such as synchrotron radiation. Thus structure-property-relations can
be best investigated by application of X-ray scattering techniques.

Next section briefly reviews the main concepts and formulations for the analysis
of SAXS patterns of semi-crystalline polymers with fiber symmetry.

1.5 SAXS Theories

1.5.1 Geometry of Scattering

Figure 1.7 presents schematically the normal transmission setup which is frequently
used for in-situ X-ray scattering experiments [60]. Sample and detector are oriented
at right angles (normal) with respect to the X-ray primary beam. The primary beam
penetrates a relatively thin sample (ca. 1–10 mm). The scattering intensity I (x, y)
is recorded by means of a planar detector in transmission mode. The angular range
of the recorded pattern is controlled by the sample-detector distance R. Equation 1.4
shows the relation between the scattering-related coordinates, (2θ, ϕ), and the pixel
coordinates17 (x, y) on the detector

tan 2θ =
√

x2 + y2/R (1.4)

tan ϕ = y/x,

with the scattering angle 2θ , and the azimuthal angle ϕ [60].
In an X-ray scattering experiment, we are interested in the relation of the measured

scattering intensity to the structure inside the volume V that is irradiated by the
X-ray beam. X-rays interact with the electrons of the materials, hence the structure
is defined by the electron density ρ(r) [60]. Here r = (r1, r2, r3) is the vector in
real space. X-rays are scattered when ρ(r) varies inside the irradiated volume. Thus

Fig. 1.7 Normal transmission
setup of an X-ray scattering
experiment. The intensity
at a chosen point (circular
mark) on the planar detector,
I (2θ, ϕ) is a function of the
scattering angle 2θ and the
azimuthal angle ϕ. R is the
sample-detector distance [60]

primary beam
(X−ray)

R

2θ

sample
ϕ

detector plane

17 It is assumed that the center of the primary beam on the detector-plane is at x = y = 0.
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phases without electron-density-contrast cannot be distinguished by means of X-ray
scattering.

As stated by the kinematic scattering theory the relation between the structure of
matter and the scattered intensity can be best understood [60], if the latter is treated
in the so-called reciprocal space s = (s1, s2, s3), i.e.

I (2θ, ϕ) → I (s) (1.5)

Figure 1.8 shows the geometric relation between the sample coordinate system in real
space, the reciprocal space and finally with the scattering intensity measured on the
detector’s plane. Analysis of Eq. 1.5 shows that it maps a plane into reciprocal space.
The mapping is non-linear. The image of the infinite detector plane in reciprocal
space is the surface (the vector s moves on the surface) of the sphere indicated in
Fig. 1.8. The sphere is known as the Ewald sphere. The sample in its real space
coordinate system r = (r1, r2, r3) is placed in the center of the Ewald sphere. The
primary beam propagates from left to right. Assuming an infinitesimal irradiated
volume V the scattering intensity I (2θ, ϕ) is observed. The origin of reciprocal space,
s = (s1, s2, s3), is attached to the point where the primary beam (after penetrating
the sample) breaks through the Ewald sphere. The Cartesian axes of reciprocal space
(s1, s2, s3) are parallel to the axes (r1, r2, r3) of the coordinate system of the real
space. Thus by rotating the sample in the beam one can record the scattering intensity
over a considerable fraction of reciprocal space, in which Ewald’s sphere is the
representation of the detector plane [60].

Generally one has to rotate the sample in order to collect the information that is
required for a structure analysis. Fortunately, soft materials often exhibit some types
of symmetry of the scattering intensity I (s). Every kind of symmetry reduces the
necessary effort [60].

sample

detector plane

s1

s3

3r

2r

1r

s2

ϕ

2θ
s

Fig. 1.8 Experiment geometry, Ewald sphere, and reciprocal space. The sample is placed in the
center of the sphere. Its structure is defined in the real-space coordinates, r = (r1, r2, r3). The origin
of reciprocal space, s = (s1, s2, s3), is attached to the surface of the Ewald sphere. The orientation
of its axes is strictly fixed to the orientation of the sample space r. Each point on a plane detector
(for clarity shifted to a position in front of the sphere) can be addressed by the two coordinates
scattering angle, 2θ , and azimuthal angle, ϕ. The mapping of these two coordinates into reciprocal
space is mediated by means of the surface of the Ewald sphere [60]
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Isotropy. In the case of isotropic scattering [46] the scattering intensity I (s) is only

a function of the modulus of the s-vector, s =
√

s2
1 + s2

2 + s2
3 , i.e.

I (s) = I (s) (1.6)

On the plane detector the intensity is no longer a function of the azimuthal angle ϕ. In
the most simple definition of reciprocal space, s is related to the scattering angle by

s = 2

λ
sin θ, (1.7)

with λ the wavelength of the X-ray. In the case of an isotropic pattern all the intensity
maxima appear on the plane detector as rings known as “Debye-Scherrer rings”. Thus
a radial cut (slice) extending outward from the center of the pattern gives simply the
complete information on the scattering.

Fiber symmetry. Fiber symmetry is uniaxial or cylindrical symmetry, Fig. 1.9. Rotat-
ing the sample about the fiber axis does not change the scattering pattern, but tilting
the sample with respect to the fiber axis does [46]. With s3 in fiber direction the
pattern shows rotational symmetry in the (s1, s2)-plane.

I (s) = I (s12, s3) , (1.8)

where s12 =
√

s2
1 + s2

2 is the transverse coordinate in cylindrical coordinates, and
s3 is the longitudinal coordinate of reciprocal space in fiber direction. Thus I (s) is
a function of s3 and the distance from this axis only. A fiber symmetric material
combined with a 2D detector provide a brilliant chance for an in-situ monitoring of
structure evolution. The reason is readily clear from Eq. 1.8; namely the complete
scattering information from reciprocal space can be recorded by a 2D detector in a
single exposure. However, in order to exploit fiber symmetry to its maximum content,
the detector should record a representative plane of reciprocal space, e.g. (s1, s3), by
means of a rectangular frame [46, 60]. As mentioned before the detector is the surface
of the Ewald sphere, and this sphere is bending off the (s1, s3)-plane. Nevertheless,
in the small angle region (SAXS) the curvature of the detection surface causes no
serious problem because the so called tangent-plane approximation holds in this
region (close to the origin sin θ ≈ tan θ ≈ θ ) [46, 60]. Hence, in the SAXS region
the Ewald sphere can be well approximated by its tangential (s1, s3)-plane. Thus in the
favorable case of fiber-symmetric samples the complete18 information is recorded in
one 2D image [46]. From a mathematical point of view the recorded pattern is a slice:

�I (s)�2 (s1, s3) ≡ I (s12, s3) (1.9)

18 Completeness means that from the recorded data one can reconstruct the scattering intensity for
every point inside a sufficiently big volume of reciprocal space [46]. In the SAXS region a 1D curve
is complete if the material is isotropic. A 2D pattern is complete if the material has fiber symmetry
and the principal axis of the sample is set normal to the direction of X-ray beam.
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(a)

(b1)

(b2)

(b3)

Fig. 1.9 Some examples of none-fiber-symmetric (a) and fiber-symmetric samples (b1, b2, b3).
Material (a) shows SAXS peaks only when the X-ray beam is not parallel to r1. The scattering
pattern of fiber-symmetric materials does not change by rotating the sample around r3-axis

1.5.2 From the Scattering Pattern to the Materials Structure

The purpose of an in-situ X-ray measurement is to monitor the evolution of the mate-
rials structure during the mechanical test. The main challenge of such experiments
is the huge number of recorded patterns. Moreover, the scattering data is recorded
in the reciprocal space. Thus direct analysis of the as-recorded patterns can be con-
fusing or misleading. Therefore, a combination of theoretical tools—that transform
the scattering data from the reciprocal space into the real space—and fast automated
computer programs is required to obtain a thorough understanding of the structure
evolution. The latter is needed to shrink the analysis time. In this section the theories
will be discussed. The data evaluation routes will be discussed separately in Chap. 3.

http://dx.doi.org/10.1007/978-3-642-35413-7_3
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1.5.2.1 The Magic Square

The fundamental relations between the electron density distribution inside the sam-
ple, ρ(r), and the observed scattering intensity, I (s) can be sketched [46] in a so
called “magic square”.

ρ(r)
F3
⇔ A(s)

�2 ⇓ ⇓ | |2
z(r)

⇔
�

P(r)
⇔
F3

I (s)

(1.10)

According to the magic square, the real space electron density, ρ(r), is converted
into the scattering amplitude, A(s), in reciprocal space by a 3D complex Fourier
transform. The square of the absolute value of A(s) gives the scattering intensity [46]:

I (s) = |A(s)|2 (1.11)

The path from the scattering amplitude to the scattering intensity is a one-way path
(depicted by a unidirectional downward arrow in Eq. 1.10). Thus the phase informa-
tion of the structure is lost. This inhibits reconstruction of the absolute positions of
individual domains (i.e. crystallites) in the material. Only relative distances among
domains, i.e. their correlations can be determined [46, 60].

Going back to the real space is possible by performing an inverse Fourier transform
on the I (s) [46, 60]. The result of this operation is the so called Patterson function,

P(r) = F−1
3 (I (s)) . (1.12)

The physical meaning of the Patterson function can be understood by introduction
and interpretation of the autocorrelation operation �2

P(r) = ρ�2 (r) , (1.13)

which turns the structure ρ(r) directly into P(r). The autocorrelation integral is
defined in Eq. 1.14.

ρ�2 (r) =
∫
ρ(y) ρ(r + y) d3 y, (1.14)

It is identified by the overlap integral between the structure, ρ(y), and its displaced
ghost. In Eq. 1.14 the vector r describes the amount and the direction of the dis-
placement. In the field of SAXS it is common to normalize the Patterson function
resulting in the so called correlation function [61, 62]),

γ(r) = ρ�2(r)/ρ�2 (0) = P(r) /ρ�2 (0) . (1.15)
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Thus γ (0) = 1 which means that the correlation between a domain and its ghost is
perfect, if the displacement is zero [60].

Generally, the structure of polymers can be considered to be made from domains
which can be discriminated easily from each other by a sufficient difference of their
electron densities (contrast). Examples are copolymers consisting of soft and hard
domains, semi-crystalline polymers (crystalline phase is denser than the amorphous
regions) and porosity(voids) within a material. In this case it is advantageous [46,
60] to perform an edge enhancement by applying the Laplacian operator

z(r) = �P(r) (1.16)

instead of directly studying the correlation function. This results in a 3D chord
distribution function (CDF), z(r), introduced by Stribeck in 2001 [63, 64]. The CDF
is an extension of the one-dimensional chord distribution called interface distribution
function (IDF), g1(r) originally proposed by Ruland [65–67] for the study of lamellar
systems. The basic idea of this technique goes back to 1965, when Méring and
Tchoubar [68–71] introduced the (radial) chord length distribution (CLD), g(r).

The CDF will be further explored in the next section.

1.5.2.2 Chord Distribution Function

The multidimensional chord distribution function (CDF) is an advancement of the
interface distribution function. CDF is adopted to the study of highly anisotropic
materials. The advantage of the CDF is that the only required assumption is a multi-
phase structure [46, 60]. This assumption is correct for most of polymeric materials.
Thus the structure of the material is revealed in real space without any adjusting
parameters. The main prerequisites for computing the CDF are “fiber-symmetr y”
and completeness of the data.

Step 1: Projection on the Representative Plane For the analysis of the structure
we are interested in a multidimensional image in real space but not in a projection
of the structural image [46, 60]. In reciprocal space, however, we have to perform a
projection on the representative plane (s1, s3) of the fiber pattern (cf. Fig. 1.8), and
compute

{I }2 (s1, s3) =
∫

I (s12, s3) ds2. (1.17)

This step has two main advantages [46, 60]. First, it converts the related visualization
of structure from a smeared (projected) to a clear one. Second, it reduces noise in
the pattern. The latter is due to the averaging nature of the integral. Thus it makes
it possible to decrease the exposure-time during experiment and increase the time
resolution of an in-situ structure study.

Step 2: Laplacian and Background Correction The next step of a proposed solution
[63] extracts the discrete scattering from the pattern which has already been subjected



16 1 Introduction

to the Laplacian in real space (cf. Eq. 1.10). For this purpose, first, an estimated
density fluctuation background is subtracted. It is computed from the data points
outside the inscribed circle of the image by the definition

IFl(s12, s3) = c0 + c12 s2
12 + c3 s2

3 . (1.18)

This definition conforms to the rule that the density fluctuation background is
expanded in even powers of the scattering vector [46, 60]. After the subtraction,
the discrete intensity is multiplied by 4π2s2. This multiplication is equivalent to the
Laplacian19 edge-enhancement operator, as is evidenced by double application of
the derivative theorem.

Now a correction for the non-ideal character of the multiphase topology must be
performed. In the classical analysis this is a manual evaluation step which results in
the subtraction of a slowly varying background [46, 72, 73]. Here the background
determination is replaced by the result of a low-pass filter, applied to the scattering
image at the present state of evaluation [74].

Step 3: Fourier Transform After background subtraction, an interference function
G2(s1, s3) is obtained. Its 2D Fourier transform,

z(r1, r3) = −F2 (G2 (s1, s3)) , (1.19)

is the sought after multidimensional chord distribution function. Because of fiber
symmetry, the plane (r1, r3) is representative for the 3D structure [46, 60], hence it
is permitted to identify r1 → r12. Thus z(r12, r3) has been computed.

1.5.2.3 Relation Between a CDF and IDFs

Every radial, 1D slice through the center of a CDF

�z�1
(
rψ,ϕ

) = g1
(
rψ,ϕ

)
(1.20)

is an IDF [46]. In the above equation, the slicing direction is indicated by a polar
and an azimuthal angle, ψ and ϕ, respectively. Of especial practical interest for the
study of materials with fiber symmetry is the cut of the CDF along the meridian (fiber
axis),

�z�1 (r3) = z(0, r3) = g1(r3) . (1.21)

z(0, r3) describes the longitudinal structure of the material. In analogy the transverse
structure is described by the slice

19 Here the negative sign is missing—but we are not interested to work with negative intensities
and will take care for the sign later.
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�z�2 (r12) = z(0, r12) = g2(r12) (1.22)

of the CDF.

1.5.2.4 Scattering Power

Another useful parameter for structure analysis is the well-known scattering power.
It is the zero-dimensional projection of the scattered intensity [46] defined by

k = {I }0 =
∫

I (s) d3s. (1.23)

k is the total scattered intensity. After calibration to absolute units I (s) turns into
I (s) /V . Its scattering power is known as POROD’s invariant:

Q = k/V (1.24)

Q contains the non-topological structure parameters of the material’s nanostructure.
This means that Q depends only on the composition and contrast of the phases and
not on their arrangement and shape. For multiphase systems this fact can be deduced
by application of the Fourier-slice theorem and the considerations which lead to
POROD’s law [46]. In particular, by applying Fourier-slice theorem one obtains

Q = v (1 − v) (ρ1 − ρ2)
2 + X (1.25)

for a two-phase system. v is volume fraction of one of the phases, and ρ1−ρ2 is the
electron density contrast between the two phases. X is an unknown parameter arising
from the scattering of voids, crazes, fillers or impurities within the material.

1.6 Objectives and Aims

X-ray scattering measurements have been long used to study structure evolution
of polymers during deformation. Most of the works investigate isotropic materials.
However, many industrial processing methods (e.g. injection molding, extrusion,
etc.) produce oriented (anisotropic) materials. Therefore, it has industrial relevance
to investigate structure evolution of oriented polymers. Also from the academic point
of view, oriented polymers are interesting because their scattering patterns gives more
structural information compared to isotropic materials. From the 2-dimensional scat-
tering pattern of an uniaxially oriented sample (anisotropic pattern) two dimensions
of crystallites (thickness and breadth) can be obtained, whereas from an isotropic pat-
tern only one dimension—namely the long period averaged over all directions—can
be obtained.
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In this work different types of oriented polymer and composite materials are stud-
ied. The first studied material is an injection-molded thermoplastic polyurethane
elastomer (TPU). TPU materials are broadly used20 in construction, automotive,
sports, and many other industries. TPUs usually form a (multi)two-phase morphol-
ogy which is similar to a semi-crystalline structure. The second studied system is
polypropylene (PP) and its nanocomposites reinforced by montmorillonite (MMT).
PP/MMT nanocomposites are designed with the aim of obtaining strong low-weight
materials that can replace metals in automobiles and aircrafts. The last studied mate-
rials are microfibrillar reinforced composites (MFC). MFCs are polymer—polymer
composites21 which are highly requested by automobile industry. Thus by choos-
ing these three systems a fairly wide range of materials with various structures and
properties are covered.

Macroscopic behavior of the studied materials is characterized by stress-strain
curves. Accordingly, two types of mechanical tests are designed. The first one is
a continuous stretching test which characterizes the mechanical properties of the
studied materials. The second one is a slow load-cycling22 test that tries to shed
some light on the less investigated fatigue mechanisms.

The nanostructural transitions are monitored by small-angle X-ray scattering of
the oriented polymers. In the SAXS region information about the semi-crystalline
morphology is obtained. Scattering data is transformed into the real space by per-
forming Fourier-transform. The resulting chord-distribution function (CDF) reveals
the structure in real space. Nanostructural parameters are extracted from the CDFs.
Deformation and distortion of crystalline lamellae, strain-induced crystallization/
melting and strain-heterogeneity are monitored at the nano-scale.

The aim of the study is to improve the understanding of structure-property-
relationships of multi-phase polymer materials. In doing so the nanostructural para-
meters are correlated with the mechanical behavior of the materials.

Chapter 2 briefly reviews the SAXS theories. The experimental works are
explained in Chap. 3. Chapter 4 is dedicated to the description of data evaluation meth-
ods. The results and discussions are covered in three separate Chaps. 5– 7 according to
the studied materials. Finally, Chap. 8 summarizes the results and gives suggestions
for future works.

20 See for example http://www2.basf.us/urethanechemicals/tpu/index.htm.
21 The fabrication process of MFCs begins with melt-blending followed by cold drawing of the
resulting polymer blends. In so doing, the domains of the semi-crystalline blend components are
transformed into microfibrils, thus forming the so-called oriented precursor blends. Finally, these
precursors are molded at temperatures below the melting of the fibril-forming component and above
that of the matrix-forming component. Hence, only the matrix polymer is isotropized, whereas the
microfibrils of the reinforcements maintain their orientation and increase their crystallinity.
22 Slow load-cycling experiments are performed because at the moment (CCD detector at A2,
HASYLAB) the lowest required exposure time for obtaining low-noise SAXS data is ca. 20 s. In a
real fatigue test the exposure time would be below 100 ms.

http://dx.doi.org/10.1007/978-3-642-35413-7_2
http://dx.doi.org/10.1007/978-3-642-35413-7_3
http://dx.doi.org/10.1007/978-3-642-35413-7_4
http://dx.doi.org/10.1007/978-3-642-35413-7_5
http://dx.doi.org/10.1007/978-3-642-35413-7_7
http://dx.doi.org/10.1007/978-3-642-35413-7_8
http://www2.basf.us/urethanechemicals/tpu/index.htm
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Chapter 2
Experimental Part

“There is need of a method for finding out the truth.”
…René Descartes

2.1 SAXS Setup

Three types of materials are studied in order to cover a relatively wide range of
materials with different structures and properties. Samples are subjected to uniax-
ial deformation and the nanostructure evolution is monitored by SAXS. Figure 2.1
presents schematically the experimental setup. Small-angle X-ray scattering (SAXS)
is carried out at the synchrotron beamline A2 at HASYLAB, Hamburg, Germany. The
X-ray path is perpendicular to the sample. The sample-detector distance for a SAXS
study is generally about 2000–3100 mm. The wavelength of radiation is 0.15 nm.
Scattering intensity is collected by a 2D marccd 165 detector (Marresearch, Norderst-
edt, Germany) in binned 1024×1024 pixel mode (pixel size: 158.2µm ×158.2 µm).
Thus for the typical long period of 20 nm a variation of the peak position by one
pixel causes a long period variation of below 1 %. The intensities of the primary
beam before the sample and of the transmitted beam after the sample are recorded
in order to calculate the absorption factor of the material.

Tensile testing is done in a home-made [1] stretching-machine. The machine
performs symmetric drawing in order to maintain the position of the beam on the
sample. Signals from load cell and transducer are recorded during the experiment.
The macroscopic deformation is determined close to the beam position to ensure
accurate comparison of the mechanical data with the nanostructure evolution. For
this reason a precise method has been developed [2]. In this method a pattern of
fiducial marks is stamped on the sample. The sample is monitored by a TV-camera.
Using the fiducial marks the local strain ε = (�− �0)/�0 is computed automatically
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Fig. 2.1 Schematic presentation of the experimental setup used for in-situ SAXS measurements
during mechanical deformation. The original drawing has been provided by Courtesy of C. Schloen

from the average initial distance, �0, of the fiducial marks and the respective actual
distance, �. More details will be presented in Chap. 3.

Details about the sample preparation and experimental conditions of each group
of the studied materials are presented in the following three sections.

2.2 Thermoplastic Polyurethane Elastomers

Material. A thermoplastic polyurethane (TPU) is injection molded from melts of dif-
ferent temperature. The material is a commercial grade polyester based thermoplastic
polyurethane (TPU) with 94 Shore A durometer hardness from Huntsman Inc., e.g.
for sealing applications. The TPU has been polymerized in a one-step process and
is provided in granular form ground from cast film.

Injection molding.1 Samples for the SAXS measurements have been processed
directly from the received material. Dumbbell shaped specimens type 5 A according
to DIN ISO 527 are injection molded. The nominal dimensions in the central zone of
the specimens are 4 mm ×1 mm. Injection molding is carried out in an Arburg 220 S
Allrounder 150-30 from pellets dried at 90 ◦C for 4 h. The screw diameter is 15 mm.
Specimens have been molded in a 2-cavity mold and gated with film gate (0.8 mm
thick). The mold is kept at a temperature of 60 ◦C. The injection speed has been set
to 25 cm/s where the maximum injection pressure has been 1600 bar. Different kind

1 This part has been done by A. Frick et al. at IPSP, Aalen University.

http://dx.doi.org/10.1007/978-3-642-35413-7_3
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of samples are produced, the temperature at the nozzle of the injection unit is set to
205, 215 and 235 ◦C, respectively.

Test bar characterization.2 The injection-molded test bars are characterized by
optical microscopy and by differential scanning calorimetry (DSC). Light microscopy
is carried out in a Zeiss Axioplan 2 equipped with an AxioCam camera. The speci-
mens are cross-sections cut from the centers of the test bars. They are 10 µm thick.
Slicing is carried out at −70 ◦C using a rotary cryo-microtome Leica RM 2165. A
Mettler–Toledo DSC 821e is employed. Sample mass is 5.0 ± 0.1 mg. The samples
are studied under nitrogen flux, cooled to −100 ◦C and heated to 280 ◦C at a rate of
20 K/min.

In-situ SAXS-stretch measurements. The clamping distance is 45 mm. A 500 N
load cell is used. Continuous stretching is performed at cross-head velocity of
1 mm/min for the monitoring of SAXS. Video frames are grabbed every 10 s. The
sample-detector distance is 2488 mm. The cycle-time is 60 s (50 s exposure).

2.3 Polypropylene/Montmorillonite Nanocomposites

Materials. Nanocomposites from metallocene polypropylene (HM562S, Lyondell-
Basell) and nanoclay (hydrophilic montmorillonite, MMT) are studied. The MMT is
obtained from Laviosa Chimica Mineraria, Italy (3.8 wt.-% aq. dispersion of mont-
morillonite). A compatibilizer is added to two of the materials in order to intercalate
the MMT. The compatibilizer is an amphiphilic block copolymer (ABC) made3 by
atom-transfer radical polymerization (ATRP) [3, 4]. It consists of a hydrophobic
block of hydrogenated polybutadiene, i.e. poly(ethylene-co-1,2-butylene) monoal-
cohol (trade name: Kraton L-1203 from Kuraray Co., Japan) with molecular weight
7000 and PDI = 1.05, and a hydrophilic block of quaternized dimethylaminoethyl
methacrylate. Modified nanoclays with 4.7 and 8.0 wt.-% of the ABC have been
prepared. Table 2.1 describes the composition of the studied materials. Sample PP
is the pure polypropylene. Sample PP+MMT is a blend of polypropylene and the
freeze-dried hydrophilic MMT. The samples PP+lcMMT and PP+hcMMT are com-
posites that contain MMT with low compatibilizer amounts and high compatibilizer
amounts, respectively. In order to prepare the nanocomposites, modified lcMMT and
hcMMT have first been freeze-dried and, second, blended4 with the PP.

Test bars S2 according to DIN 53504 are injection molded in a MiniJet II (Thermo
Scientific) from a melt of 200 ◦C. Mold temperature: 30 ◦C, molding pressure:
650 bar, molding time: 45 s. holding pressure: 100 bar. Holding time: 20 s. The cross-
section of the parallel central part is ca. 4 mm × 2 mm.

2 See footnote 1.
3 The compatibilizer has been prepared by K. Jankova et al. at Danish Polymer Center, Technical
University of Denmark.
4 Blending has been performed by J. de Claville Christiansen et al. at Aalborg University.
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Table 2.1 PP/MMT Nanocomposites based on metallocene polypropylene (PP)—HM562S (Lyon-
dellBasell) and montmorillonite (MMT) (Laviosa)

Sample Composition

PP Pure polypropylene
PP+MMT PP + 3 wt.-% freeze-dried MMT
PP+lcMMT PP + (3 wt.-% MMT + 4.65 % ABC)
PP+hcMMT PP + (3 wt.-% MMT + 8.0 % ABC)

The compatibilizer is an amphiphilic block copolymer (ABC)

In-situ SAXS-stretch measurements. The clamping distance is 45 mm. A 500 N
load cell is used. The machine is operated at a cross-head speed of 0.5 mm/min. Video
frames are grabbed every 10 s. In the continuous stretching experiments necking
starts after a draw path of ca. 3.5 mm. The experiment is stopped after the neck is
fully developed. In the load-cycling experiments the samples are pre-strained by
2 mm. After that the cycling starts. In each cycle the samples are strained by 1 mm
and retracted by the same draw-path thereafter. Thus strain-controlled load-cycling
instead of stress-controlled cycling is performed. The sample-detector distance is
3031 mm. Scattering patterns are recorded every 30 s with an exposure of 20 s.

2.4 Microfibrillar Composites

Materials. Microfibrillar composite (MFC) precursors are made5 from high den-
sity polyethylene (HDPE) as the matrix and polyamide 6 (PA6) or polyamide 12
(PA12) as the reinforcing phase. Two samples contain the commercial compati-
bilizer Yparex®8102. The HDPE is produced by Borealis [PE VS4531®; density
0.94 g/cm3; melt flow index: 0.6 g/10 min (2.16 kg, 190 ◦C); melting point by DSC:
133 ◦C]. The PA6 is made by Lanxess [Durethan® B30S; density: 1.14 g/cm3;
melt volume flow rate: 110 cm3/10 min (5 kg, 260 ◦C, ISO 1133); melting point
by DSC: 220 ◦C]. The PA12 is produced by EMS-GRIVORY [Grilamid® L25; den-
sity: 1.01 g/cm3; melting point by DSC: 178 ◦C; Mw= 60 kg/mol; Mn= 31 kg/mol ].
Yparex®8102 is made by DSM. It is a copolymer of HDPE and maleic anhydride.
Its melt flow index is 2.3 g/10 min (2.16 kg, 190 ◦C); melting point by DSC: 125◦C;
Mw= 120 kg/mol; Mn= 15 kg/mol. Quantities of granulate have been premixed in the
proportions as indicated in Table 2.2.

Each mixture has been melt-blended in a laboratory twin-screw extruder. The
extrudate has been cooled to 12 ◦C and a slight drawing has been applied in the first
haul-off unit of the extruder line to stabilize the strand cross-section. Further drawing
has been performed in the second haul-off unit after heating the strand in a water bath
of 97–98 ◦C. A third haul-off unit has applied the last drawing causing the diameter
of the strand to decrease from 2 mm (at the die out-let) to about 0.6–0.9 mm. Details

5 Samples have been prepared by Z. Denchev et al. at University of Minho.
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Table 2.2 Composition (in wt. %) of oriented blends

Sample code PA6 PA12 HDPE Yparex

P6HY(20/80/0) 20 — 80 0
P6HY(20/70/10) 20 — 70 10
P12HY(20/80/0) — 20 80 0
P12HY(20/70/10) — 20 70 10

In the coding P6, P12, H and Y stand for polyamide 6, polyamide 12, HDPE, and the compatibilizer
Yparex, respectively

concerning the principle of the preparation [5] and the design of the extruder line [6]
have been published elsewhere.

In-situ SAXS-stretch measurements. Load-cycling tests are performed. After
approaching different pre-strains (ca. 5.5 % and ca. 8–10 % engineering strain for
low-cycling and high-cycling, respectively) the sample is cycled between two fixed
distances of the cross-heads. In the experiments the strain rate, ε̇, is close to
±1.5 × 10−4s−1. Video frames are grabbed every 10 s. Sample-detector distance
is 2542 mm. Scattering patterns are recorded every 30 s with an exposure time of
23 s.
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Chapter 3
Data Evaluation

“Method consists entirely in the order and disposition of the
objects towards which our mental vision must be directed if we
would find out any truth. We shall comply with it exactly if we
reduce involved and obscure propositions step by step to those
that are simpler, and then starting with the intuitive
apprehension of all those that are absolutely simple, attempt to
ascend to the knowledge of all others by precisely similar steps.”

…René Descartes

In this chapter the data-evaluation procedures are discussed. Most of the data-
evaluation steps are performed by programs1 written in an image processing soft-
ware, PV-WAVE® [1]. Computer programing is highly required due to the large num-
ber of recorded patterns. Most computer programs run automatically after adjustment
to the actual experimental conditions. In some programs the user have to define a
Region of Interest (ROI) on the first image and afterwards the program runs auto-
matically.

3.1 Evaluation of Mechanical Parameters

In order to correlate the macroscopic response of the material to its structure it
is necessary to assess the deformation of the sample close to the beam position.
For this purpose a method has been devised by Stribeck et al. [2]. A pattern of
parallel fiducial marks is stamped on the sample. A video camera monitors the sample
during deformation (Fig. 3.1). This method gives precise values of the macroscopic
elongation provided the sample is kept straight and the contrast among the fiducial
marks is sufficient. The pseudo-color representation provides good visual contrast.
The center of the X-ray beam on the sample is marked by a cross in the image. Close

1 All programs are freely available: http://www.chemie.uni-hamburg.de/tmc/stribeck/pv-wave/
index_e.html.

A. Zeinolebadi, In-situ Small-Angle X-ray Scattering Investigation of Transient Nanostructure 29
of Multi-phase Polymer Materials Under Mechanical Deformation, Springer Theses,
DOI: 10.1007/978-3-642-35413-7_3, © Springer-Verlag Berlin Heidelberg 2013

http://www.chemie.uni-hamburg.de/tmc/stribeck/pv-wave/index_e.html
http://www.chemie.uni-hamburg.de/tmc/stribeck/pv-wave/index_e.html
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to this center the user defines a rectangular region of interest (ROI), ρ′
m(x, y). In

Fig. 3.1a this region is bordered by a dashed green line. x and y are pixel coordinates
in the direction of strain and perpendicular to it, respectively. The same ROI is
applied to all video frames of an experiment. The ROI is structured by the fiducial
marks running perpendicular to the straining direction. As is known from scattering
theory [3], the 2D correlation function

γ2(x, y) = ρ�2m (x, y)

ρ�2m (0, 0)
(3.1)

of a function ρm(x, y) can be computed, with

ρm(x, y) = ρ′
m(x, y)− ρ̄m (3.2)

representing the fluctuation of ρ′
m(x, y) about its average ρ̄m . The autocorrelation is

defined by the integral

f �2(x, y) =
∫ ∫ ∞

−∞
f (u, v) f (u + x, v + y) dudv. (3.3)

In Fig. 3.1b the colored caps demonstrate, where γ2(x, y) is positive. Because
bar-shaped marks have been affixed to the sample, only the macroscopic elongation
ε in straining direction can be extracted from the section γ1(x) = �γ2(x, y)�1(x) of
γ2 in straining direction. Figure 3.1 presents this curve and its analysis. In analogy
to the nomenclature of the scattering theory, the first positive peak is the long period
peak which measures the actual average distance of the fiducial marks, �. Using the
7 data points around the peak maximum, a parabola (dashed line) is fitted, and the
position of its vertex is determined (arrow). Thus in our experiments � is determined
with an accuracy of 0.01 pixels. Let �0 be the initial distance between the marks,
then the macroscopic strain is ε = �/�0 − 1. The high accuracy reached is shown in
Fig. 3.2 by an ε(t)-curve recorded in a load-cycling experiment of one of the MFC
samples. The estimated error is below 0.001. Nevertheless, it increases considerably
if the contrast of the bar sequence is low (insufficient illumination) or if the sample is
not straight in the beginning. The determination error may also increase after necking
has occurred and the sample has begun to slide through the ROI.

Assuming constant volume during mechanical loading, the actual cross-section,
A(t), is calculated from

A(t) = A(0)

ε(t)+ 1
. (3.4)

Here A(0) is the initial cross section of the sample. Let F(t) the actual force recorded
by the tensile machine. Then the true stress, σ , is

σ(t) = F(t)

A(t)
. (3.5)
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Fig. 3.1 Elongation from
recorded video frames. Inset a
In the first video frame a
region of interest (ROI) with
fiducial marks is defined.
Inset b From the ROI the 2D
correlation function γ2(x, y)
is computed. Main drawing:
The center of the long period
peak in γ1(x) = γ2(x, 0) is
fitted by a parabola (dashed
line) to compute the distance
between the fiducial marks [2]

Fig. 3.2 Accuracy of the
correlation method is demon-
strated by the macroscopic
elongation ε(t) determined in
a load-cycling experiment

The true stress averaged over one cycle, σ̄ , is also calculated in order to assess fatigue
in the load-cycling tests. The averaging is done by running-average command of
Xmgrace.2

3.2 Evaluation of Scattering Data

Evaluation of the SAXS patterns consists of three main stages. Stage I includes pre-
evaluation of raw data. In stage II the fiber diagrams, CDFs and scattering power
are computed. Stage III includes peak-analysis of the CDFs (or SAXS patterns) and
extracting the desired nanostructural parameters.

2 See: http://plasma-gate.weizmann.ac.il/Grace/.

http://plasma-gate.weizmann.ac.il/Grace/
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3.2.1 Pre-evaluation of SAXS Data

All steps of data-evaluation are discussed in a text book [3]. Here the main concepts
are briefly reviewed.

Normalization. Scattering patterns and the background are divided by the actual
incident flux measured by the first ionization chamber, and also by the actual exposure
time. The former is necessary due to the decay of the incident beam flux after each
injection at a synchrotron source, Fig. 3.3.

Valid area masking. A mask is a matrix of ones and zeros. Every scattering pattern
is multiplied by the mask. The results are images in which all invalid pixels are set
to zero intensity. A mask is usually a combination of several masks each removing
some of the invalid points. For instance, for SAXS patterns recorded at the beam-line
A2 (HASYLAB) one needs to encircle the area of valid points (mask1), take out the
beam stop (mask2) and the holder of the beam stop (mask3). The final mask is the
multiplication of these three masks. For making mask1 an arbitrary image (usually
the empty scattering or the first pattern of a series) is read into a variable by calling
the procedure marget.pro. mask1 is set equal to the pattern. Finally all points
with an intensity lower than a threshold (0.1–0.5) are set to zero and the rest is set
to one. mask2 and mask3 are obtained by calling sf_filloutcircle.pro and
sf_killbar.pro,respectively. The edges of the final mask can be enhanced by
calling sf_erode.pro. The steps are depicted in Fig. 3.4.

Fig. 3.3 Decay of beam intensity at DORIS, HASYLAB, DESY
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mask1 mask2 mask3 maskfirst pattern

Fig. 3.4 Steps of making the mask. The final mask is a pattern of 0 and 1 values. Zeros and ones
define the invalid and valid points, respectively

wave> img=marget(’leer01_000’); reading a pattern into the variable img
wave> mask1=img
wave> mask1.map = img.map GT 0.1
wave> mask2=img
wave> mask2.map = img.map GT 20; the position of the beam stop (center of the

pattern) is roughly determined
wave> sf_filloutcircle, mask2
wave> mask3=img
wave> sf_killbar,mask3,/logscale
wave> mask3.map = mask3.map GT 0; all points out of the beam-stop holder are set

to 1
wave> mask=mask1
wave> mask.map=mask1.map*mask2.map*mask3.map
wave> sf_erode, mask, 7; Here 7 determines the degree of eroding

Absorption and background correction. The amount of matter irradiated by the
X-ray varies during an in-situ SAXS measurement. Moreover, the matter causes
both scattering and absorption of the X-ray. Therefore, it is necessary to correct the
absorption effects. In practice absorption correction is done based on two flux mea-
surements by means of ionization chambers, one placed before (I1), and the other
behind (I2) the sample [3]. If I1,0 is the reading of the first ionization chamber during
a measurement of parasitic background and I1,s is the reading during sample mea-
surement with the analogous nomenclature for the reading of the second ionization
chamber then

exp(−μt) ≈ I2,s I1,0

I2,0 I1,s
(3.6)

is approximately valid. μ is the linear absorption coefficient and t is the sample
thickness. The measurement of the incident flux I1 is only necessary due to the
variation of the flux of the synchrotron radiation sources. After absorption correction
the machine background (empty scattering) is subtracted.

Alignment. The center of gravity of the primary beam is moved into the center of
the image matrix [3]. In addition, in the case of anisotropic scattering patterns, the
meridian is aligned in vertical direction. Thus the parameter set of the operation is
made from the position of the true center, (xc, yc), on the raw image measured in
raw pixel coordinates and from an angle of image rotation, ϕ. If these parameters
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are known and the sample does not rotate during the experiment, all frames of the
experiment can be centered and aligned using the same set. This is usually true during
a tensile test.

Harmony. If there is uniaxial symmetry and the fiber axis is in the detector plane,
the scattering pattern can be divided into four quadrants [3]. Each quadrant carries
identical information. This means that there is some harmony in the scattering pattern.
Thus the missing data of one quadrant (e.g. the shadow of the beam-stop holder) can
be reconstructed using the data of other quadrants. The remaining central blind hole
is filled applying a stiff parabolic extrapolation [4].

A series of patterns are aligned, harmonized and background corrected by:
wave> alltifftoima, ‘series_name’

The result is a series of harmonized fiber-diagrams.

3.2.2 Computing CDFs

CDFs are computed from harmonized patterns by calling allalign2cdf.pro. The har-
monized fiber-diagram pattern is projected on the representative fiber-plane (s1, s3).
In PV-WAVE® it is done by calling sf_fibproj.pro. Multiplication by s2 applies the
real-space Laplacian. The density fluctuation background determined by low-pass
filtering is eliminated by subtraction. The resulting interference function, G(s12, s3),
describes the ideal multiphase system. Its 2D Fourier transform is the chord distrib-
ution function (CDF) [5], z( r12, r3).

The main steps from the recorded pattern toward the CDFs are schematically
depicted in Fig. 3.5. It shows a representative recorded SAXS pattern, the corrected
fiber diagram I (s12, s3), absolute values of the CDF |z(r12, r3)| and a slice of the
CDF along the meridian, z(0, r3). Plotting the z(0, r3) curve is the easiest way of
analyzing the structure along the principal axis of the material (injection-molding
direction).

3.2.2.1 Automated 2D Peak Analysis of CDFs

The multidimensional CDF z(r) shows peaks wherever there are domain surface
contacts between domains in ρ(r) and in its displaced ghost. Such peaks hi (r12, r3)

are called [6] distance distributions. Distance is the ghost displacement. It is some-
times useful to replace the index i by a sequence of indexes that indicate the sequence
of domains that have been passed along the displacement path until the considered
domain surface contact occurs. For instance hca(r12, r3) indicates the passing of an
amorphous and a crystalline domain. Thus this peak is a long period peak. hca will
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Fig. 3.5 Representative X-ray scattering data of oriented polymers (e.g. MFC precursors): a the
recorded SAXS pattern. The blind area arises from the shadow of the primary beam-stop, b the
corrected fiber diagram I (s12, s3), c absolute value of the CDF |z(r12, r3)|, and d a one-dimensional
slice of the CDF along the meridian z(0, r3) showing the negative long period peaks and the positive
peaks (above the r3-axis). Image intensities on logarithmic scale. Displayed regions: −0.1 nm−1 <

s12, s3 < 0.1 nm−1, −100 nm < r12, r3 < 100 nm. The s3- and r3-axes match the stretching
direction of the sample

be used, if the displacement is in the direction of strain. hba
3 will be used, if the

displacement is in the lateral direction (i.e. transverse to strain).
The peak-analysis is done by fitting a bivariate polynomial to the cap of the

peak in order to determine its position and the standard deviations that describe the
peak widths in equatorial and meridional directions [2, 9]. Let the y-direction be
the meridian, in analogy to the correlation method, a ROI is defined by the user.
Inside this ROI the algorithm searches for the peak. The 2D peak is fitted to a
2D function. Figure 3.6 demonstrates the fit of the long period peak by a bivariate
quadratic polynomial. In order to assure numerical stability of the regression module
on digital computers, the maximum intensity in the measured peak data is normalized
to 1.

Like in the correlation method, a set of measured data points is fed to a regression
algorithm [2, 9]. Instead of the 7 highest points of a 1D peak, now all those points
in a cap are used, whose intensity is above a user-defined level. The 1D quadratic
polynomial from the correlation method is replaced by a 2D (bivariate) polynomial

3 Where b indicates the width of a block in analogy with the notion of Strobl’s block structure [7,
8] observed during crystallization of polypropylene.
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r12r3

z( )r

Fig. 3.6 Demonstration of bivariate polynomial fitting (linear intensity scale). The measured sur-
face is visualized as glass material. The metal-material surface is the fitted polynomial. Its com-
putation considers all points in a cap (in black) that are above 95 % of the peak maximum [2]

of second degree. An n-th degree bivariate polynomial

f
(
x ′, y′) =

n∑

i, j=0

C′
i j

(
x ′)i (

y′) j

in the image coordinates x ′ and y′ is defined by its coefficient matrix C′. Let the
center of gravity of the fitted polynomial be

(
x ′

g, y′
g

)
, then central coordinates are

defined by x = x ′ − x ′
g and y = y′ − y′

g . The fitting of 2D data by a bivariate
polynomial is a standard method [10]. In the programming environment PV-WAVE®

this is done by utilizing the library module POLYWARP.PRO and linking it into our
routine sf_peakfit.pro. sf_peakfit returns the peak center and the 3 × 3
coefficient matrix C in the central coordinate system. It is assumed that the profile
of the peak in the principal directions x (r12) and y (r3) can be approximated by
Gaussians. Peak widths of Gaussians are characterized by their standard deviations
σ , which are readily expressed in terms of the coefficients of C

σ12x = σx =
√

C0,0

2 C2,0
, σ3 = σy =

√
C0,0

2 C0,2
(3.7)

from the series expansion of the Gaussians (routines: sf_anapeaks.pro, sf_
anapeakso.pro). Here σx and σy measure the extension of the peak in x- and
y-direction, respectively.
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Taken a meridional long period distribution peak hca(r12, r3), three parame-
ters are extracted and discussed: L is its maximum and defines the most proba-
ble long period, σ3(hca) and σ12(hca) are its standard deviations in the meridional
and equatorial directions, respectively. Thus 	L = 3 σ3(hca) is a measure of the
long period distribution or heterogeneity of the stacking of crystalline and amor-
phous domains. e12 = 3 σ3(hca) measures the lateral extensionlateral extension of
lamellae . Similarly, Lblong period of a transverse lamellae-stack is the maximum
of hba(r12, r3) and defines the most probable long period of a transverse structure.
Thus 	Lb = 3 σ12(hba) is the breadth of hba(r12, r3) in equatorial r12-direction.
Hb = 3 σ3(hba) is the height of hba(r12, r3) in meridional r3-direction.

The long period L measures the distance in straining direction between neighbor-
ing crystallites. Let L(t) the long period at time t , and L0 = L(0) the long period at
the beginning of a deformation experiment, then a nanoscopic strain

εn(t) = L(t)

L(0)
− 1 (3.8)

can be defined [2, 11].
Similarly a lateral nanoscopic strain εn,l can be estimated based on the variations

of e12:

εn,l(t) = e12(t)

e12(0)
− 1

3.2.3 Computing the Scattering Power

From the oriented scattering pattern we compute the scattering power Q of the ideal
semicrystalline morphology (no density fluctuations within the domains, no density
transition zone between the domains) [3]. For this purpose we start from G(s12, s3)

and extract the scattering intensity Iid(s) of the ideal semicrystalline morphology.
Then {Iid}(s1, s3) = ∫

Iid(s1, s2, s3) ds3 is computed. The equation presents the
definition of the projection operation. {Iid}(s1, s3) is the scattering intensity of the
ideal multiphase system projected on the representative s13-plane of fiber symme-
try [3]. From {Iid}(s1, s3) the scattering power

Q =
∫ ∫

{Iid}(s1, s3) ds1ds3 (3.9)

is directly computed. Q is normalized with respect to the irradiated volume, because
of the respective normalization of I (s). As mentioned before the predominant con-
tribution [3, 12–15] to the invariant originates from the two-phase nanostructure of
the studied semi-crystalline polymers (cf. Eq. 1.25).

http://dx.doi.org/10.1007/978-3-642-35413-7_1
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3.2.4 Computing Isotropic Scattering

In order to relate changing Q to structure evolution it is helpful to know where the
scattering intensity is changing. In general, the presentation of variations in images
{Iid}(s1, s3) is difficult, but if the intention is a discrimination between, e.g., void
formation and change of the semicrystalline structure, an isotropic scattering curve
I (s) can be utilized. From {Iid}(s1, s3) = {Iid}(s, φ) an isotropic scattering curve

4πs2 I (s) =
∫ 2π

0
{Iid}(s, φ) dφ. (3.10)

is obtained by circular integration of {Iid}(s, φ) dφ with respect to the polar angle
φ in the s13-plane. Of course, further integration with respect to s yields the scat-
tering power. Thus it appears reasonable to inspect the integrand s2 I (s) in order to
determine which angular regime is responsible for observed changes in Q.
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Chapter 4
Thermoplastic Polyurethane Elastomers Under
Uniaxial Deformation

The special rubber elastic properties of thermoplastic elastomers are the result of their
two- or multi-phase nanostructure consisting of hard domains in a soft matrix. The
hard domains form physical cross-links and make the material behave rubber elastic.
The soft phase between two hard domains is called soft domain (Fig. 4.1).The for-
mation of nanostructure during manufacture is initiated by phase separation, while
the polymer melt is cooling down. Phase separation occurs, because the polymer
chains are composed from at least two blocks of different chemical composition
that are immiscible at the service temperature of the material. Block copolymers
synthesized by living polymerization are characterized by uniform block lengths.
Processing of such compounds may result in lattice-like nanostructures or even in
photonic crystals, in which the soft and the hard blocks reside completely in dif-
ferent domains. This is different with thermoplastic polyurethanes (TPU). Along
their chains a mixed sequence of soft segments and hard segments is found. Thus,
even optimum process control only leads to domains of very diverse shape and size,
the arrangement of which can rarely lead to lattice-like correlation. Moreover, soft
domains may contain several hard segments. Consequently, the chemistry [1] and
the processing conditions [2–5] define the nanostructure that, in turn, determines the
material’s mechanical properties. In this chapter we study oriented injection-molded
TPU materials during tensile test. In doing so, the focus is on the still little investi-
gated [2–5] effect of processing conditions on the structure and the properties of the
material.

4.1 Optical Microscopy

Figure 4.2 presents optical micrographs of the injection-molded materials. The mate-
rial processed at 205 ◦C shows a high fraction of spherulitic material. In the material
processed at 215 ◦C the fraction is considerably lower. In the material made from the
hottest melt no spherulites are detected. Generally spherulites grow during polymer

A. Zeinolebadi, In-situ Small-Angle X-ray Scattering Investigation of Transient Nanostructure 39
of Multi-phase Polymer Materials Under Mechanical Deformation, Springer Theses,
DOI: 10.1007/978-3-642-35413-7_4, © Springer-Verlag Berlin Heidelberg 2013
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Fig. 4.1 Schematic presentation of microstructure of TPU materials. TPU chains are formed by
alternating sequences of hard and soft segments. Upon cooling from the melt state, TPU materials
undergo phase separation resulting in a (multi)two-phase morphology. The hard domains act as
physical cross-links. The soft matrix between two alternating hard domains is called soft domain

205°C 215°C 235°C
Fig. 4.2 Optical micrographs of cross sections (10 µm thickness, cryo-microtome − 70 ◦C) from
the central zone of injection molded test bars. Labels indicate the temperature of the injected melt

crystallization. Spherulites consist of alternating crystalline and amorphous layers
(cf. Fig. 1.2). In TPUs the amorphous layers are formed by soft domains, and the
hard domains are not completely crystalline, but only quasi-crystalline [6]. This con-
clusion is drawn because the melt enthalpies of TPUs are commonly low [6–8].

http://dx.doi.org/10.1007/978-3-642-35413-7_1
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Fig. 4.3 DSC traces of TPU
material before (raw pellets)
and after injection molding.
The labels at the dashed curves
indicate the temperature of the
injected melt
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4.2 DSC Measurements

DSC data of the raw pellets and of the injection molded samples are presented in
Fig. 4.3. The part between 50 and 280 ◦C is shown. Below 50 ◦C the curves are
featureless. All samples exhibit two endothermic peaks. They are attributed to the
special morphology of thermoplastic polyurethanes. It consists of hard domains in a
soft-domain matrix. The hard domains sometimes form spherulites (cf. Fig. 4.2). The
hard domains may contain some soft segments. This is due to the multi-block nature
of the TPU materials studied here. Inside the hard domains some proximate hard
segments are merged into small crystals. Among the hard segments of the crystals
hydrogen bonds are formed. The first endothermic peak has been associated [7] with
the melting of the small crystals. The second peak has been related [7] to the mixing
of hard and soft segments from hard and soft domains to form a single-phase melt.
Another explanation for the upper endothermic peak would additionally require the
formation of a second crystalline polymorph, as has been reported with non hydrogen-
bond forming TPUs [9]. The melt enthalpies and melting points are listed in Table 4.1.
Uncertainties of the enthalpy determinations are ±0.3 J/g. Melting temperatures have
been determined with an uncertainty of ±0.4 K. Considering the processed materials
as a function of the injection temperature, �Hm does not show a trend. Tm decreases
as a function of increasing injection temperature. This implies a decrease of the
average crystallite size.

4.3 Mechanical Data

The tensile tests in the synchrotron beam have been carried out at constant cross-
head speeds of (1 mm/s). The stress-strain curves recorded during the experiments
are shown in Fig. 4.4. The SAXS tests have been stopped when the samples slipped
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Table 4.1 Melt enthalpies, �Hm and melting temperatures, Tm from the DSC scans in Fig. 4.3

Sample Peak 1 Peak 2
�Hm (J/g) Tm (◦C) �Hm (J/g) Tm (◦C)

TPU_raw 3.0 211 15.2 237
TPU_205 10.6 207 3.8 240
TPU_215 6.8 206 3.0 239
TPU_235 10.9 202 4.3 237

Peak 1 is the low temperature peak. The processed materials are labeled with the temperature of
the injected melt

0 0.5 1 1.5 2 2.5
ε

0

50

100

σ(
ε)

  [
M

Pa
]

TPU 205
TPU 215
TPU 235

Fig. 4.4 TPU samples strained during the scattering experiments. Stress–strain curve, σ(ε)

from the clamps. Obviously, the stiffness of the material decreases with increasing
processing temperature. This can be attributed to the higher amount of crystals at
lower processing temperatures.

4.4 Measured SAXS

Representative SAXS patterns recorded during stretching experiments of TPU mate-
rials are shown in Figs. 4.5, 4.6, and 4.7. Patterns in the figures are scaled logarith-
mically. They have identical intensity scales. The nanostructure of all the materials
shows remarkable orientation already before deformation. The tough, mature test
bars used in the SAXS experiments have slipped from the clamps after having been
exposed to a stress σ ≈ 100 MPa. Figure 4.5 shows the scattering patterns taken
during the straining of sample TPU 205 that had been injection molded from a melt
of 205 ◦C. The lateral extension of the reflections is broad from the beginning, indi-
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Fig. 4.5 TPU 205. Measured SAXS intensity during the tensile test. The pseudo-color fiber patterns
I (s12, s3) show the region −0.2 nm−1 ≤ s12, s3 ≤ 0.2 nm−1. Pattern intensities on a logarithmic
scale. Cross-head speed is 2 mm/s. Straining direction is vertical

cating that the arranged hard domains do not exhibit the shape of extended lamellae,
but only of moderately anisotropic domains that arrange to form microfibrils [10–
12]. With increasing strain an increase of the reflection intensity is observed until
ε ≈ 0.25. Thereafter the reflection intensity is decreasing. During the test the maxi-
mum position of the reflection is moving towards the center of the pattern indicating
an increasing distance between the hard domains.

Figure 4.6 shows selected SAXS patterns from the monitoring of the material that
has been injection molded from a melt of 215 ◦C. A microfibrillar nanostructure with
increasing distance between the hard domains is observed. The reflection intensity
maximum is first increasing with increasing strain (up to ε ≈ 0.5). Thereafter it is
decreasing.

Figure 4.7 shows selected SAXS patterns from the monitoring of the material that
has been injection molded from a melt of 235 ◦C. A microfibrillar nanostructure with
increasing distance between the hard domains is observed. The reflection intensity
maximum is first increasing with increasing strain (up to ε ≈ 0.7). Thereafter it is
decreasing.
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Fig. 4.6 TPU 215. Measured SAXS intensity during the tensile test. The pseudo-color fiber patterns
I (s12, s3) show the region −0.2 nm−1 ≤ s12, s3 ≤ 0.2 nm−1. Pattern intensities on a logarithmic
scale. Cross-head speed is 1 mm/s. Straining direction is vertical

4.5 Nanostructure in Real Space (CDF)

Multidimensional chord distribution functions [13, 14] (CDF) visualize the nanos-
tructure of the studied materials and its evolution in real space, Figs. 4.8, 4.9, and
4.10. The general course of the peak intensities in the CDFs is identical to the devel-
opment observed in the SAXS patterns. The materials exhibit an initial increase of
peak intensities that is followed by a decrease for higher strain.

Already in the unstrained materials the CDF peaks are only moderately extended
in horizontal direction, which is the direction perpendicular to the strain. This
means that the corresponding hard domains show only a moderate lateral exten-
sion that decreases somewhat with increasing strain. Thus the hard domains cannot
be addressed “lamellae” from the beginning, but only “anisotropic granules” that
degrade with increasing strain becoming less and less extended. This is the well-
known transition process from layer stacks to microfibrillar stacks [11, 12].

Figure 4.8 shows selected CDFs from the monitoring of the material that has
been injection molded from a melt of 205 ◦C. A clean microfibrillar nanostructure
with increasing distance between the hard domains is observed. Only few peaks are
noticed on the meridian. Because there is no peak outside a distance of 50 nm, the
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Fig. 4.7 TPU 235. Measured SAXS intensity during the tensile test. The pseudo-color fiber patterns
I (s12, s3) show the region −0.2 nm−1 ≤ s12, s3 ≤ 0.2 nm−1. Pattern intensities on a logarithmic
scale. Cross-head speed is 1 mm/s. Straining direction is vertical

correlation distance among the hard domains is lower than 50 nm. The peaks exhibit
a peculiar skewed shape.

Figure 4.9 shows selected CDFs from the monitoring of the mechanical test of
sample TPU 215, the material injection molded from a melt of 215 ◦C. Similar to
TPU 205 the domain peak intensity of the material first increases after the start of
the straining (developing dark spots in the center of the peaks) and falls below the
initial value thereafter. Similar to TPU 205 the tough material slips from the clamps
rather early.

Figure 4.10 presents the nanostructure evolution during the mechanical test for
the material injection molded from the hottest melt (235 ◦C). A plain microfibril-
lar pattern is observed from the beginning. During the test the microfibrils narrow
(vertical bar-shaped reflections move closer to the meridian), and the intensity in the
central meridional streak is changing. An ordinary nanostructure and its response to
strain is not observed. An ordinary nanostructure would exhibit distinct peaks along
the meridian that clearly move outward with increasing strain instead of a meridional
streak. In other materials that are studied in straining tests (cf. Chaps. 5 and 6) we
have observed such distinct peaks moving. They indicate a well-defined preferential
distance between hard domains instead of an extremely broad distribution of dis-
tances. Nevertheless, let us relate the position of the peak maximum on the meridian

http://dx.doi.org/10.1007/978-3-642-35413-7_5
http://dx.doi.org/10.1007/978-3-642-35413-7_6
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Fig. 4.8 Tensile test of TPU 205. Chord distribution functions (CDF) computed from SAXS. The
pseudo-color fiber patterns |z(r12, r3)| show the region −50 nm ≤ r12, r3 ≤ 50 nm. Straining
direction is vertical. Pattern intensities on a logarithmic scale. Cross-head speed is 2 mm/s. A white
border indicates the region used in Figs. 4.12, 4.13, and 4.14

of the CDF to its initial position and discuss it. Is this quantity an adequate measure
for a nanoscopic strain with the studied segmented TPU material?

4.6 Macroscopic and Nanoscopic Strain

Figure 4.11 presents the macroscopic and nanoscopic strains in the irradiated volume
of the samples as a function of elapsed time. ε is the macroscopic strain as computed
from the strain of the grid of fiducial marks on the samples. εn,I (s) is a nanoscopic
strain that is computed from the movement of the maximum position of the SAXS
peak in the pattern I (s). εn,CDF is a nanoscopic strain parameter computed from the
movement of the maximum position of the long period peak in the CDF. Choosing
this parameter we take the most probable long period for the average long period.

Obviously, ε and εn,I (s) exhibit initially the same behavior for the materials
TPU 205 and TPU 215. In TPU 235 εn,I (s) is always smaller than the macroscopic
strain. For high macroscopic strains the nanoscopic strain from the SAXS peak posi-
tion, εn,I (s), remains constant on a plateau. The structural reason for this strange
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Fig. 4.9 Tensile test of TPU 215. Chord distribution functions (CDF) computed from SAXS. The
pseudo-color fiber patterns |z(r12, r3)| show the region −50 nm ≤ r12, r3 ≤ 50 nm. Straining
direction is vertical. Pattern intensities on a logarithmic scale. Cross-head speed is 1 mm/s

behavior is found in the CDF. As a first test, the nanoscopic strain εn,CDF has been
computed. The result appears even stranger. εn,CDF � εn,I (s) is valid throughout
the whole experiment, but the onset of the plateau is similar. This finding appears
less surprising, if the peak maximum position is no approximation of the mean (the
average long period). This is the case, if the long period distribution is not affinely
expanded, but its skewness is growing during the mechanical test.

4.7 Long Period Peaks in the CDF: Analysis of Peak Shape

The simple CDF long period peak (L-peak) analysis presented in the previous section
hooks the maximum of the long period distribution (brightest area in Figs. 4.12, 4.13,
4.14), tracks its movement and relates it to a nanoscopic strain εn,CDF . This approach
is only reasonable, if the distribution of the long periods is affinely expanded in the
straining experiment. Instead, if the skewness of the distribution is increasing, then
εn,CDF as computed from the L-Peak maximum hangs behind the average nanoscopic
strain.
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Fig. 4.10 Tensile test of TPU 235. Chord distribution functions (CDF) computed from SAXS.
The pseudo-color fiber patterns |z(r12, r3)| show the region −50 nm ≤ r12, r3 ≤ 50 nm. Straining
direction is vertical. Pattern intensities on a logarithmic scale. Cross-head speed is 1 mm/s

4.7.1 Demonstration of L-Peak Shape Variation

In order to discuss the shape evolution of the long period distributions, the regions
(example: white border in Fig. 4.8) of the corresponding peaks are extracted from
the CDFs. These regions are collected as a function of ε and displayed in Figs. 4.12,
4.13, and 4.14 for discussion.

For sample TPU 205 Fig 4.12 presents the regions of the L-peak in the CDFs
as a function of strain. Here and with sample TPU 235 (Fig. 4.14) the most simple
evolution is observed: Upon straining the relative asymmetry of the long period
distribution increases considerably: The many thin soft domains are relatively hard,
the thick soft domains are considerably softer.

We do not discuss this disproportionating in terms of different Young’s moduli,
because there might as well be a different reason: an elastic limit due to full extension
of taut tie-molecules that is increasing more or less continuously with increasing soft-
layer thickness. Taut tie-molecules may simply block further extension of respective
sandwiches.

So the thin soft domains undergo a low nanoscopic strain, whereas the thick soft
domains are easily elongated during the straining experiment. When the plateau
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Fig. 4.11 Evolution of strains in the tensile test. ε: macroscopic strain, εn,I (s)): nanoscopic strain
from the shift of the SAXS peak maximum, εn,CDF : nanoscopic strain from the position of the CDF
peak maximum

of εn,CDF(t) is reached in Fig. 4.11, there is no more movement of the maximum
position of the L-peak. The many hard soft-domains that contribute to this peak have
all reached their elastic limit, whereas the soft domains collected in the tail of the
L-peak are still lengthening as a consequence of the continued macroscopic load. Let
us consider the widths of the strip-shaped reflections. The widths are a measure of
the average hard-domain widths. It is decreasing with increasing macroscopic strain.
This indicates disruption of hard domains under stress. This observation supports the
chain orientation process by Bonart [15, 16]. With TPU 235 the initial width of the
hard-domain distribution is wider than with the materials molded from cooler melts.

Figure 4.13 shows a more complex nanostructure. Here the thickness distribution
of the soft domains is not unimodal, but multimodal with several preferential soft
domain thicknesses. Nevertheless, even this sample follows the basic mechanism
discussed with the other materials. Thin soft domains are harder than thick ones, and
the straining of thick domains is easier than the straining of thin domains.
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Fig. 4.12 TPU 205. Detail of
the CDF: evolution of the long
period peak in real space as a
function of macroscopic strain
ε. Direction of strain (r3) is
vertical. The width of each
band in transverse direction
(r12) is ±16 nm
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Fig. 4.13 TPU 215. Detail of
the CDF: evolution of the long
period peak in real space as a
function of macroscopic strain
ε. Direction of strain (r3) is
vertical. The width of each
band in transverse direction
(r12) is ±16 nm
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4.7.2 Principal Deformation Mechanism

These results are summarized in a simple sketch (Fig. 4.15) that describes the
principal deformation mechanism of the studied TPU materials—still neglecting
domain formation, transformation or destruction. The virgin injection-molded mate-
rial (Fig. 4.15a, ε = 0) exhibits a nanostructure of hard and soft domains with poor
inter-domain correlation. Thus the SAXS only sees uncorrelated “sandwiches”, e.g.
two hard domains with a soft domain in between (or two soft domains with a hard
domain in between). In the sketch only one type of sandwich is drawn. Thus the
main scattering effects in the CDF on the meridian are the domain peak (at very
small r3), and the long period peak (L-peak) that has been discussed in the previous



4.7 Long Period Peaks in the CDF: Analysis of Peak Shape 51

0.5 1.0 1.5ε = 0.0

18
0 

nm
0 

nm

2.0 2.5

Fig. 4.14 TPU 235. Detail of the CDF: evolution of the long period peak in real space as a function
of macroscopic strain ε. Direction of strain (r3) is vertical. The width of each band in transverse
direction (r12) is ±16 nm
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Fig. 4.15 Principal straining mechanism of the studied TPU material. a Unstrained state. There
are many sandwiches with thin soft layers and few with thick soft domains. The thicker the soft
domains are, the lower is their modulus. b Medium strain. For the thin layers there is a stretching
limit. Double-head arrows indicate the distances between phase boundaries that are collected in the
L-peak of the CDF c High strain. Only the medium and thick layer sandwiches keep responding

section. By definition of the CDF, the L-peak collects the number-probabilities of
those distances between phase boundaries that are indicated by vertical double-head
arrows. Inspection of the L-peaks of the unstrained material has yielded that the
long period distributions are highly anisotropic. We see many sandwiches with thin
soft domains, but few sandwiches with thick soft domains. Figure 4.15b sketches a
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situation in the elongated state with changed shape of the sandwiches. We assume
that the hard-domain distributions are much more rigid than the soft-domain distri-
butions. Thus from the highly non-affine shape change of the L-peak we infer that
change is mainly caused from the straining of soft domains. We observe that the many
thin-layer sandwiches are strained (εn,CDF) much less than the macroscopic strain
(ε). On the other hand, the tail of the anisotropic L-peak is extended so far out that
the few thick-layer sandwiches have been strained much more than the macroscopic
strain. Finally, in Fig. 4.15c, all the thin-layer sandwiches have reached their elastic
limit and do not extend any more. Further nanoscopic strain is only taking place in
medium-layer and thick-layer sandwiches.

4.7.3 Domain Formation, Transformation and Destruction

As the last step in nanostructure evolution analysis we are searching for hints con-
cerning the formation, transformation and destruction of domains. Initial strain may
arrange hard segments in such a way that they form new hard domains. Further
straining may break intermediate hard domains, resulting either in a transforma-
tion of thin-layer sandwiches into thick-layer sandwiches or in a complete loss that
decreases the number of sandwiches.

In order to answer this question we study meridional slices �z(r)�1 (r3) = z(r12 =
0, r3) of the CDF. It appears worth to be reminded that such slices in real space, r,
describe the correlation among the phase boundaries between hard and soft domains
in the direction of strain. Assuming that there is no relevant correlation beyond the
intra-sandwich ones, the curve−z(r12 = 0, r3) cut from the CDF on its meridian must
be positive for r3 > rmt . rmt is the maximum thickness of a single domain. Then—
apart from oscillations that demonstrate the limit of the assumption— −z(0, r3) is the
distribution of long periods in the material. The strip-plots (cf. Figs. 4.12, 4.13, 4.14)
appear to suggest that an analysis might be possible at least to a first approximation.
Because of the fact that the scattering patterns have been normalized for constant
thickness, the curves can be compared relative to each other.

Figures 4.16, 4.17, and 4.18 show the CDF slices in semi-logarithmic plots. The
curves are selected in steps of �ε ≈ 0.25. Intensity collapses indicate correlations
among neighbors that are violations of the simplifying assumption. Above a level of
strain that depends on the sample preparation these collapses become rather small.
The thin-layer sandwiches are indicated by the sharp maximum at the beginning of
the L-peak.

For all materials the nanostructure shows a broad variety of scattering entities
ranging from thin-layer sandwiches to thick-layer sandwiches. After the start of the
experiment the thin-layer-sandwich maximum is increasing. Thus the number of
thin-layer sandwiches is increasing for TPU 205 and TPU 215 up to ε ≈ 0.25, and
for TPU 235 up to ε ≈ 0.5. An increase of contrast between the hard phase and the
soft phase could cause the same effect, but it appears unlikely to assume that the soft-
domain density decreases as a result of applied strain. The more probable formation
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Fig. 4.16 TPU 205. Evolu-
tion of CDF slices −z(r3)

along the meridian as a func-
tion of macroscopic strain ε
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Fig. 4.17 TPU 215. Evolu-
tion of CDF slices −z(r3)

along the meridian as a func-
tion of macroscopic strain ε
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of thin-layer sandwiches may be the result of disruption of clusters of hard-domains
that contain soft segments (cf. Fig. 4.19, middle row).

After this initial strain-induced formation of thin-layer sandwiches the number of
thin-layer sandwiches is decreasing. For the samples TPU 205 and TPU 215 at the
same time the number of sandwiches in the tail of the L-distribution is increasing.
Because it is unlikely that at the same time one of the soft phases becomes more
dense and the other becomes less dense, this observation shows that some of the
thin-layer sandwiches are disrupted and, after that, the remnant hard domain may
become member of a thick-layer sandwich. This transformation process is active up
to a macroscopic strain ε ≈ 1.6. Then the two materials have become so hard that
they slip from the clamps of the tensile tester.

For sample TPU 235 the transformation process is only dominant until ε ≈ 0.75
(highest curve for r3 > 30 nm). After that even the number of thick-layer sandwiches
starts to decrease, most probably because of destruction of their hard domains. As a
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Fig. 4.18 TPU 235. Evolu-
tion of CDF slices −z(r3)

along the meridian as a func-
tion of macroscopic strain ε
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result, the material appears more soft than TPU 205 and TPU 215. It can be strained
until ε = 3.1 before the stress increases beyond 100 MPa and the sample slips
from the clamps, as well. Thus we observe a direct correlation between macroscopic
properties and the stability of the hard domains controlled by choice of the process-
ing temperature. The detected nanostructure evolution mechanisms are sketched in
Fig. 4.19. Samples processed from a lower temperature melt (205 and 215 ◦C) exhibit
an evolution with two transformation mechanisms among the scattering entities (in
the sketch indicated by arrows): At strains ε < 0.3 clusters are transformed into thin-
layer sandwiches. Above ε > 0.3 the dominant transformation process is destruction
of hard domains from thin-layer sandwiches that leads to an increase of thick-layer
sandwiches. The hard domains are strong. The material slips from the clamps at
ε ≈ 1.6.

The sample processed at 235 ◦C exhibits an evolution with 3 transformation mech-
anisms. Only the third one is new: Many hard domains are weak and are destructed
during straining. The destruction becomes dominant at ε = 0.75. An explanation for
the different hard-domain strengths becomes obvious, because 235 ◦C is in the center
of the second melting endotherm (cf. Fig. 4.3) that has been related to homogeneous
mixing [7] of soft and hard segments. The detected strength of hard domains after
low-temperature processing may be caused from the fact that phase separation in the
mold advances to a higher level when it is applied to a presorted melt. Thus it may be
favorable to partially preserve the phase separation between hard and soft segments
in the manufacturing process, if the aim is production of TPU materials with strong
hard domains.

Figure 4.20 shows a model for the initial inner structure of the hard domains.
According to this model the hard domains are clusters of very small grains that may
be crystalline. SAXS shows that the hard domains as a whole are oriented more or
less perpendicular to the melt-flow direction during injection molding. SAXS shows
that during the straining process the hard domains break apart.
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Fig. 4.20 Proposed inner
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In summary, the materials from the lower injection temperatures contain bigger
crystallites inside the hard domain lamellae (higher Tm). These lamellae initiate
spherulitic growth. The small grains that are formed during injection from the high
temperature are neither strong nor able to initiate spherulitic growth. These results
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suggest that in order to obtain strong TPU materials, the manufacturing process must
be done below the phase-mixing temperature.
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Chapter 5
Polypropylene/Montmorillonite
Nanocomposites: Continuous Stretching
and Load-Cycling

In the last two decades there have been a lot of efforts to improve mechanical prop-
erties of polypropylene [1] via compounding it with layered silicates (clay) [2–7].
For instance, enhancements of storage modulus [8–10], Young’s modulus [11, 12],
impact strength [13, 14], and tensile strength [14, 15] have been reported. Layered
silicates can be mixed with polypropylene in the melt state using conventional poly-
mer processing machinery [3, 4, 6, 16]. Nevertheless, incompatibility of layered
silicates with hydrophobic polypropylene chains provokes problems with dispersing
them inside the matrix [17, 18]. The problem of dispersion has partly been solved by
chemical treatment [4, 6, 7, 14, 16, 19–21] of clay surfaces, addition and tailoring
of compatibilizers [4, 6, 16, 18, 22, 23] and modification of mixing methods [4, 6,
24–26]. In spite of relatively good dispersion (intercalation and exfoliation) [14, 16,
27–29] the obtained improvement in some mechanical properties of PP/clay (e.g. ten-
sile strength) is still modest compared to other thermoplastic nanocomposites such as
nylon 6/clay [6]. Hence dispersion of clay particles appears not to be the only deter-
mining parameter. Several papers [11, 30–38] report alteration of semi-crystalline
structure of polypropylene in the presence of layered silicates. Two important effects
have been observed; firstly polypropylene chains crystallize at temperatures higher
than the crystallization temperature Tc of the neat polymer [10, 15, 30, 32–34], sec-
ondly clay exfoliation enhances the shear-induced nucleation and the overall crys-
tallization rate [35, 38]. Microstructure alteration of the matrix (PP) influences in
turn the properties of the nanocomposite [6]. Such effects may be investigated by
small-angle X-ray scattering (SAXS). In particular results from SAXS-monitoring of
structure evolution under load may advance the understanding of the relation between
the composite’s morphology and its practicality in a load-bearing application.

5.1 Mechanical Data

The self-made [39] tensile tester performs symmetric drawing. Thus the same spot
of the sample is monitored by the X-ray, as long as the sample is homogeneously
extended. If the tested material starts to neck, a peculiar problem is encountered that

A. Zeinolebadi, In-situ Small-Angle X-ray Scattering Investigation of Transient Nanostructure 57
of Multi-phase Polymer Materials Under Mechanical Deformation, Springer Theses,
DOI: 10.1007/978-3-642-35413-7_5, © Springer-Verlag Berlin Heidelberg 2013



58 5 Polypropylene/Montmorillonite Nanocomposites

0 0.1 0.2 0.3 0.4
ε

0

10

20

30

σ(
ε)

 [
M

Pa
]

(c)

(b) (d)

e

(a)

beam position

Fig. 5.1 Stress relaxation and spot translation caused by necking. True stress σ(ε) as function of
local strain ε. a Start of test. The X-ray beam spot is indicated by a cross. b Homogeneous stretching.
Spot does not move. c Necking has started (see ellipse). Material shows stress relaxation. d Spot
moving towards neck. e End of experiment

limits the interval in which data evaluation appears reasonable. This is demonstrated
in Fig. 5.1. In the inset images the irradiated spot is indicated by a cross. As the
material begins to neck (Fig. 5.1, inset c), stress relaxation is observed and the irra-
diated spot starts to move along the sample towards its neck. Because the X-ray is
no longer monitoring the same location of the material, the corresponding data are
not discussed.

Figure 5.2 shows the mechanical data of the tensile tests in the synchrotron beam.
The true stress σ is plotted as a function of the local strain ε measured at the point
of irradiation by the synchrotron beam. The spot-translation tail of the curves has
been discarded. Obviously, the uncompatibilized materials (pure PP and PP+MMT)
start necking at a higher elongation (ε ≈ 0.29) than the composites that contain
compatibilized MMT. Moreover, these composites even show relaxation of the local
strain while the neck is developing.

5.2 Discussion of Measured SAXS Patterns

Figure 5.3 presents central sections of selected SAXS patterns I (s12, s3) from the
plain straining experiments as a function of the local strain ε. The measured images
are larger and range to s = ±0.25 nm−1. The logarithmic intensity scale is identical
for all images.
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Fig. 5.2 Tensile testing of PP/MMT materials in the synchrotron beam. True stress σ(ε) as a
function of the local strain ε at the position of irradiation. Compatibilized nanocomposites exhibit
even relaxation of local strain ε

0.05 0.10 0.15 0.20 0.25 0.29ε = 0

PP

+MMT

+hcMMT

+lcMMT

s 3
In

je
ct

io
n 

m
ol

di
ng

 d
ir

ec
tio

n,
 

Fig. 5.3 SAXS intensities I (s12, s3) of PP, a blend (+MMT) and two composites (+lcMMT,
+hcMMT) as a function of the local strain ε. Straining direction s3 is vertical. The images are
on the same logarithmic scale. They show the central region −0.15 nm−1 ≤ s12, s3 ≤ 0.15 nm−1

of the measured patterns in a repetitive pseudo-color presentation
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Unstrained materials. Before the start of the tests (ε = 0) all the injection molded
materials exhibit discrete SAXS with high uniaxial orientation. Two-point patterns
are observed. The peak maxima are on the vertical axis (s3, meridian, direction of the
melt-flow in the bar, straining direction). From top to bottom both the peak intensity
and the lateral peak width are strongly increasing. The narrow reflections of the pure
PP (top) and of the blend PP+MMT (below) are indicative for layer stacks made from
crystalline lamellae in the PP that extend in the direction perpendicular to the direction
of melt-flow. Nevertheless, the blend already contains an additional background.
It is a broad peak underneath the narrow reflection, which indicates an additional
microfibrillar component. In this component the shape of the crystalline domains is
no longer an extended lamella, but only a granule of lower lateral extension.

The blend and the composites exhibit strong central scattering of big scattering
entities. These entities may either be crazes formed between the nanoparticles and
the PP matrix, or bigger particles of MMT that have not been exfoliated. Typical for
craze scattering is diffuse central scattering showing an envelope of cross shape or
of diamond shape [40–45].

Diffuse central scattering as a function of strain. At ε = 0 none of the samples
exhibits diamond-shaped central scattering. From left to right in Fig. 5.3 the local
strain is increasing in steps of �ε = 0.05. All samples that contain MMT develop
diamond-shaped central scattering during the test. This observation can be explained
by voids in the MMT materials at least for ε > 0.15. During the test even pure
PP develops central scattering that is increasing up to ε ≈ 0.2. Its envelope shows
a different shape. It is an ellipse with its long axis in the direction of strain. This
means that the corresponding scattering entities are oriented perpendicular to the
straining direction. They could be explained by amorphous layers that are converted
into crazes. In parallel, a rather well-defined equatorial streak is developing. Such
streaks are typical for needle-shaped voids extended in the straining direction [46].
In summary, the SAXS of all samples indicates void formation during tensile testing.

Pure polypropylene. The top row of Fig. 5.3 displays selected patterns taken during
the tensile test of the pure PP material. The scale is identical for all pseudo-color
images in the figure. With increasing local strain also the maximum peak intensity
is increasing and after the yield stress is reached (cf. Fig. 5.2), i.e. ε > 0.1, the peak
itself is broadening in lateral direction. The peak broadening after reaching the yield-
stress level indicates a decrease of crystallite extension in the direction perpendicular
to the “fiber” axis. This decrease can be explained [47] by disruption of crystalline
lamellae. Such a morphological transition from a lamellar to a microfibrillar stack
is generally observed whenever semi-crystalline polymers are subjected to uniaxial
strain [48].

PP/MMT blend and nanocomposites. The scattering patterns of the blend and the
two nanocomposites are presented in rows 2–4 of Fig. 5.3. All materials show the
mentioned transition into a microfibrillar stack morphology, but their initial structure
is different from the initial structure of the pure PP. The scattering patterns appear
rather blurred and a direct qualitative interpretation can only describe very general
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features. Thus the scattering entities of the samples that contain MMT must be
smaller, less homogeneous, and their arrangement less perfect than with the pure PP.
A quantitative analysis will be based on the data after their transformation into the
CDF that displays the morphological features more clearly.

5.3 Discussion of the CDF Patterns

Figure 5.4 shows the absolute values |z(r12, r3)| of the CDFs for the 4 studied mate-
rials. The pseudo-color scale is identical for all images.

Nanostructure of the unstrained samples. The left column displays the CDFs of
the samples at ε = 0. Most prominent are the layer-like peaks on the meridian of the
CDFs. They describe the stacked crystalline and amorphous layers of the polypropy-
lene matrix and their correlation in straining direction. Their lateral extension is a
measure of the average lateral extension of the layers. These reflections are analyzed
quantitatively in Sect. 5.6. It is worth reminding that the meridional SAXS peaks
reflected in the CDF only probe the part of the matrix volume that is filled by semi-
crystalline stacks with a minimum arrangement among their constituent domains
(ordered stacks). Random placement of irregular domains does not generate discrete
SAXS peaks.

0.05 0.10 0.15 0.20 0.25 0.29ε = 0

+lcMMT

+hcMMT

PP

+MMT

In
je

ct
io

n 
m

ol
di

ng
 d

ir
ec

tio
n,

r 3

Fig. 5.4 Absolute values |z(r12, r3)| of chord distribution functions (CDF) of PP, a blend (+MMT)
and two composites (+lcMMT, +hcMMT) as a function of the local strain ε. Straining direction r3 is
vertical. The images are on the same logarithmic scale. In a repetitive pseudo-color representation
the images show the region −60 nm ≤ r12, r3 ≤ 60 nm of the patterns computed from SAXS data
by a special Fourier transform
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The CDF in the top left corner shows the pure PP. Compared to the blend and
the composites below its peaks are wider in horizontal direction. Thus the lamellae
are wider than those of the samples that contain MMT. Moreover, several distinct
reflections are piled up. This shows that the thickness variation of the layers is low, and
at least 3 crystalline lamellae are correlated in each stack. In the samples containing
MMT the correlation along the stack is even lower. There are only 2 crystalline layers
in each stack (a “sandwich”). Arrows point at the shape distributions hcac(r12, r3)

of such sandwiches. For the pure PP hcac(r12, r3) is narrow in r3-direction. Thus
the heights of all sandwiches are almost the same. In the lateral r12-direction the
peak is extended. Thus the sandwich is made from two crystalline lamellae that are
well-aligned on top of each other.

In the materials that contain MMT the lateral width of hcac(r12, r3) is narrower
than the lateral width of the inner peaks. Thus there is some lateral disorder in the
piling. Let us discuss the shape of the sandwich peak in Fig. 5.4 from top to bot-
tom. In r3-direction the height distribution of the sandwiches becomes broader and
more and more asymmetric. For the material with the high amount of compatibilizer
(PP+hcMMT) the tail of the sandwich distribution even outreaches the limit of the
image at r3 = 60 nm. From top to bottom a decrease of domain size, domain uni-
formity, and domain arrangement is observed. This fact is as well reflected in the
decrease of the sharp off-meridional peaks. They characterize correlations among
crystallites whose connecting line is not in straining direction.

All the CDFs of the MMT samples show an off-meridional, vertically extended
intensity region. This intensity characterizes the distance distribution between the
left and the right edge of microfibrils that house the crystalline domains. For pure
PP this peculiar arrangement of crystalline domains is not observed.

5.4 Analysis of the Block-Structure

In Fig. 5.4 proceeding from left to right, the evolution of the semi-crystalline
polypropylene structure as a function of ε is presented. For the pure PP (top row) the
structure evolution is very much different from that of the other materials. Most
peculiar is the development of a very strong equatorial long period distribution
hba(r12, r3). In Fig. 5.4 it is marked by a dashed-line ellipse. Already at ε = 0 a
pointed precursor peak is found on the equator. As the yield-stress level is reached
at ε = 0.1, the peak starts to grow outward on the equator (i.e. in r12-direction) by
combining with an outer satellite. At ε = 0.2 the peak widens in r3-direction, and
from ε ≈ 0.25 the shape of the peak does not change any more. hba describes a lateral
correlation between adjacent crystallites that are no extended lamellae. Taking into
account the satellite peaks that are visible at low strain, ensembles of 3 crystalline
grains arranged along the r12-direction are present. The corresponding scattering
entity in the equatorial plane is readily identified as Strobl’s block structure [49, 50].
In the patterns of samples containing MMT the block structure is much less distinct.
Nevertheless, when the yield point is approached at ε = 0.1 all materials exhibit
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a block structure. At this strain the 3 top patterns even show many sharp block-
correlation peaks surrounding the center of the pattern. This observation indicates,
that close to the yield point the blocks even arrange [51] in the third dimension. A
three-dimensional macrolattice [52] of only short-range correlation has been formed.

Figure 5.5 presents results of a quantitative analysis of Strobl’s block structure as
a function of the local strain ε. The long period Lb is shown. Lb is the most frequent
distance between adjacent blocks in the equatorial r12-plane as determined from the
position of the maximum of hba(r12, r3) in the CDF. For all samples Lb decreases
slightly with increasing ε until yielding sets in. For ε > 0.1 a slight increase is
observed. Thus the block structure itself behaves identical in all samples. The only
difference is that addition of MMT diminishes its fraction severely.

Only for the pure PP with its strong block structure a more involved peak shape
analysis is possible. As described previously (cf. Sect. 3.2.2.1), a bivariate polyno-
mial is fitted to the cap of the peak in order to determine its position and the stan-
dard deviations that describe the peak widths in equatorial and meridional direction,
respectively. Figure 5.6 presents the result. Lb has already been discussed.�Lb is the
breadth of hba(r12, r3) in equatorial r12-direction. Hb is the height of hba(r12, r3) in
meridional r3-direction. These two width parameters have been defined by 3 times
the respective standard deviations. As has already been seen by inspection of the pat-
terns, the breadth�Lb is increasing during the tensile test. The quantitative analysis
shows that this increase is continuously slowed down with increasing ε. Hb reflects
the average height of the blocks. For low strain Hb is constant at 5.5 nm. Just before
the yield level is reached at ε ≈ 0.08, Hb starts to increase linearly. The mechanism
behind this growth of block height may be chain extension caused by the increased
local stress around the blocks. Such chain extension could make the blocks grow
tending towards a formation of extended chain crystals.

Some peaks in Fig. 5.4 are difficult to analyze. They are encircled by dotted lines.
These peaks result from sandwich domain size distributions hcac(r12, r3) that overlap
severely with the strong and narrow meridional distributions. Therefore an analysis
would require to separate these peaks from the meridional distributions by fitting the
complete CDF patterns with a three-dimensional model of the semicrystalline PP
nanostructure. The CDFs exhibit that such a model would have to be rather complex.

5.5 Analysis of the Scattering Power

Figure 5.7 shows the evolution of the scattering power Q of the semicrystalline PP
as a function of strain. The curves are normalized to constant irradiated volume and
constant flux. Thus

Qc = (ρc − ρa)
2 v (1 − v)+ X (5.1)

is valid with c being a calibration constant. The contrast factor is specified by the
electron densities ρc and ρa of the crystalline and the amorphous domains, respec-
tively. v is the volume crystallinity of the PP. Obviously, v(1 − v) ≈ 0.24 remains

http://dx.doi.org/10.1007/978-3-642-35413-7_3
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Fig. 5.5 The evolution of the most-frequent long period Lb of Strobl’s block structure during
tensile testing of PP and PP/MMT materials. Lb is determined from the maximum position of the
equatorial long period peak in the CDFs (cf. Fig. 5.4)
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Fig. 5.6 Nanostructure evolution of Strobl’s block structure during tensile testing of the pure
PP material from peak-shape analysis of the equatorial long period peak hba(r12, r3) in the CDF
(encircled in Fig. 5.4). Lb is the most frequent distance between adjacent blocks,�Lb is the breadth
of hba(r12, r3), and Hb is the height of hba(r12, r3) in straining direction

almost constant for 0.3 < v < 0.7. X is an unknown factor that describes both
the scattering effects of MMT particles and of voids or crazes on Q. At ε = 0 the
scattering power of PP is considerably smaller than that of the samples containing
MMT. The reason is either the scattering tail of big MMT particles or the scattering
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Fig. 5.7 Evolution of the scattering power Q during tensile testing of PP nanocomposites as a
function of the local macroscopic strain ε in the irradiated volume. Additionally the stress-strain
curve σ(ε) of the pure PP material is shown

of voids. Compatibilization of the MMT increases the scattering power even more.
This result may be caused by MMT exfoliation in the nanocomposites.

For pure PP Q(ε) remains constant until the onset of yielding. The constant
value for low strain is readily explained by constant contrast. After yielding sets
in, the sample starts to become white. Thus the strong increase of Q(ε) for ε >
0.1 can be related to void formation. It is well-known that voids mainly affect the
scattering at low s. Because Q is only a number, the isotropic scattering s2 I (s)with
Q = 4π

∫
s2 I (s) ds is prepared (cf. Sect. 3.2.4) for angle-dependent inspection

(Fig. 5.8). For the sample PP Fig. 5.8 shows a steep increase of scattering at very
low angles (s < 0.05 nm−1). On the other hand, the change of the long period peak
(s ≈ 0.09 nm−1) is only moderate. Thus it can be concluded that the steep increase
of Q with sample PP indicates considerable formation of voids as the material is
strained beyond the yield.

The blend PP+MMT exhibits high scattering at low s even in the unstrained state.
Further increase of low-s-scattering is moderate. This means that, in contrast to pure
PP, straining of the blend does not induce an increase of voids that are small enough
to be detected by SAXS.

For the nanocomposites PP+lcMMT and PP+hcMMT Fig. 5.8 exhibits a sim-
ilar response to strain, but the variation of the integrand with strain becomes even
smaller. Thus the effect of increasing compatibilization is an increased stability of the
nanostructure of the polypropylene that has been formed during injection molding.
Admittedly, this finding may simply mean that an already distorted structure cannot
be destructed further. Another explanation would be based on a dynamic equilibrium
that would not change the SAXS if the voids growing out of the SAXS detection-
window would be dynamically replaced by new small voids while all voids are con-

http://dx.doi.org/10.1007/978-3-642-35413-7_3
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Fig. 5.8 Evolution of the isotropic integrands s2 Iid (s) for the computation of Q during tensile
testing of PP nanocomposites as a function of the local macroscopic strain ε on a logarithmic
intensity scale

tinuously growing. In Fig. 5.7 the moderate increase of the total Q(ε) is depicted.
The increase is fastest for the uncompatibilized blend and slowest for the composite
that contains the high amount of compatibilizer. Whitening during straining has not
been detected with the samples containing MMT, but detection is difficult anyway,
because the samples look brownish from the MMT.

5.6 Quantitative Analysis of Meridional Peaks

Figure 5.9 presents the evolution of the long period L(ε). This is the most frequent
distance between two crystalline domains measured in straining direction.

At ε = 0 the long periods of the 4 samples are identical. The increase of L(ε) is
much slower than expected from the macroscopic strain. At 30 % strain (ε = 0.3)
L has only grown by 10 %. The data is more scattered for the samples containing
MMT. The shape evolution of the L-peak of these samples (Fig. 5.4) shows that the
asymmetric long period distribution is non-affinely strained. Thus the most probable
L is no measure of the average nanoscopic strain of the semicrystalline morphology
(i.e. of the long period distribution hca(r12, r3) that has its maximum at (r12, r3) =
(0, L)), but it only reflects the deformation of the well-correlated stacks which are
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Fig. 5.9 Nanostructure evolution during tensile testing of PP nanocomposites determined from the
CDF long period peak. Most-frequently long period L(ε)

tracked by the maximum of hca(r12, r3). This is similar to what was observed during
straining TPU materials (cf. Chap. 4). However, the L-peak of pure polypropylene
moves up without becoming skewed. This indicates that the well-correlated semi-
crystalline structure of PP deforms on average to a lower extent compared to the
macroscopic strain. This phenomena has been observed in other semi-crystalline
materials as well (for example see [53–56] or Chap. 6). In summary the strong well-
correlated stacks deform less than the macroscopic strain.

The width �L of hca(r12, r3) in r3-direction describes the heterogeneity of the
stacking of crystalline and amorphous domains. Data are presented in Fig. 5.10. Addi-
tion of MMT increases the heterogeneity of hca considerably. Thus the nanodomain
stacking of PP is distorted by the MMT. Compatibilization leads to a relative reduc-
tion, indicating attenuation of the distorting effect of MMT on the semi-crystalline
structure.

With increasing strain the pure PP exhibits a moderate monotonous broadening.
The MMT samples start with a slight homogenization of the stacks up to ε ≈ 0.07 that
is followed by a distinct loss of uniformity when the materials are above the yield. At
high strain, compatibilization (PP+lcMMT, PP+hcMMT) even further attenuates the
distortion introduced by MMT. The asymmetry of hca(r12 = 0, r3) is not considered
and cannot be quantified from a peak fit that is based on a second-order polynomial
only.

The lateral extension e12(ε) = 3 σ12(hca) (in r12-direction) of hca(r12, r3) mea-
sures the size of the crystallites in the transverse direction. Figure 5.11 presents the
results. e12(ε = 0) is highest for the pure PP. Addition of MMT leads to a decrease
of e12(0) by 2 nm. The compatibilizer has no effect on the initial lateral extension of
the crystalline domains, but on its decrease in the addressed conversion from layer

http://dx.doi.org/10.1007/978-3-642-35413-7_4
http://dx.doi.org/10.1007/978-3-642-35413-7_6
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Fig. 5.11 Nanostructure evolution during tensile testing of PP nanocomposites determined from
the CDF long period peak. Average lateral extension e12(ε) of the crystalline PP domains

stacks to microfibrillar [48, 57, 58] stacks. This decrease is generally observed [51,
59–64] during the straining of semi-crystalline polymer materials. Compatibilization
diminishes the degradation of the crystallite extension e12(ε) for ε > 0.1, i.e. above
the yield point.
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5.7 Nucleation and Compatibilization in the PP/MMT
Nanocomposites

Nucleation. The depicted effects of clay on the semi-crystalline morphology (broad-
ening of the crystallite thickness distribution, smaller crystallite extension) may be
explained by a strong nucleating effect of the MMT on polypropylene crystallization.
Consequently, the nuclei density must have been increased, and during processing
many crystallites grow simultaneously, mutually inhibiting their growth. Finally,
the altered morphology is described by a less ordered arrangement of undersized,
weak crystalline domains. The crystallinity is not increased. This means that addi-
tion of MMT to the commercial PP reduces the reinforcing effect of the crystalline
polypropylene phase. In summary, part of the intrinsic reinforcement of MMT is
not added to the strength of PP. Instead, it only replaces lost self-reinforcement of
the polypropylene. As observed with the studied materials, the desired macroscopic
reinforcement is not achieved. In Sect. 5.8 we assess loss of self-reinforcement and
gain of foreign reinforcement.

Nevertheless, although the mechanical properties of the 4 materials are very sim-
ilar, monitoring of the straining experiments by SAXS has shown that the semicrys-
talline nanostructure and its evolution vary considerably. The relative variations from
material to material indicate that the dominant troublesome effect of blending MMT
and the studied metallocene polypropylene grade is not the interfacial incompatibil-
ity between filler and matrix, but the alteration of the adjusted nanostructure of the
matrix grade by the filler.

The addressed strong nucleating effect of MMT has been reported in several
papers [11, 30, 32–34, 65–67]. According to Deshmane et al. [68] the nucleating
effect of MMT on polypropylene is high, whereas polyethylene remains almost unaf-
fected. The addition of 4 % MMT to polypropylene reduces the spherulite diameter
from 210 to 14µm, whereas the spherulite size of polyethylene remains unchanged.
The different nucleating effect of MMT on polypropylene and polyethylene could
explain, why Drozdov et al. [69] have found a strong reinforcing effect of MMT on
polyethylene.

On the other hand, Deshmane et al. [68] report an increase of crystallite size
with respect to the pure PP, whereas we and others [34] find a decrease. According
to the Deshmane paper the addition of MMT is not accompanied by a decrease of
mechanical properties. In contrary, the authors report an increase of Young’s modulus
by 50 % and a considerable increase of the impact strength. An indication for the
reason of the different results is the different crystallite size. The small and imperfect
crystallites in our composites may be weaker than the extended crystallites grown in
the composite prepared by Deshmane et al. [68]. A comparative study has reported
[32] that the alteration of polypropylene nanostructure by clay is not only a function of
the pre-treatment, but also of the geological origin of the clay. Thus the reason for the
different findings may probably be the sensitive response of different polypropylene
grades on different nucleating agents, MMT, and compatibilization. Consequently,
our results indicate that blending a nucleating additive into a polypropylene grade
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may require re-optimization of its formulation. In a first step, one could try to reduce
the supplier-provided nucleators [70–73] of the grade.

A decrease of crystallite size may be considered a decrease of filler particle size in
the amorphous matrix. Theories of particulate reinforcement predict no influence of
the filler size on the mechanical properties, although frequently an increase is empir-
ically found [74]. On the other hand, Sumita et al. [75] report that for polypropylene
also the opposite behavior can be observed. The reason may be that below a certain
crystallite size further reduction will probably lead to weakening of the filler particle.

Compatibilization. The pathway to cure the shortcomings of a blend is compat-
ibilization. The result is a nanocomposite. In our experiments the compatibilizer
itself appears to inhibit crystal growth additionally (Fig. 5.10 at ε = 0). On the other
hand, addition of more compatibilizer makes the nanostructure more stable when
subjected to mechanical loading (Figs. 5.3, 5.4, 5.8). Admittedly, this stability is the
stability of an already degraded structure. As shown by the necking-induced local
strain-relaxation (Fig. 5.2), the compatibilizer increases the elasticity of the material.

5.8 Load-Cycling Experiments

Figure 5.12 shows the evolution of the true stress in the load-cycling experiments.
The local strain ε(t) is the dynamic stimulus. It is identical for all materials and
presented in some of the following figures. Macroscopic fatigue of the materials is
indicated by the decay of the peak stresses from cycle to cycle. Among the 4 materials
the difference appears small. In order to quantify the macroscopic fatigue, the decay
of the peak stresses has been evaluated quantitatively. Figure 5.13 shows the data in
a semi-logarithmic plot. In order to linearize the data, a residual stress σr has been
subtracted. From the add-on decay the lifetime of macroscopic stress fatigue, τσ
has been computed by logarithmic regression using the equation y = k exp(−t/τ)
(results in Table 5.1). Here k and τ are the regression parameters with τ the lifetime
of the decay.

The nanoscale response of the material is evaluated from the long period peak of
the CDFs that have been computed from the SAXS patterns. The evolution of the
most probable long periods L during load-cycling is presented in Fig. 5.14. The mea-
sured amplitudes are very low because the elongation of hca(r12, r3) in r3-direction
is non-affine (see Sect. 5.6). For all materials the responses L(t) are in phase with
the stimulus ε(t). This has been expected because of the low load-cycling frequency.
Nanostructure fatigue is manifested in the underlying decay of L(t). The fit of the
peak L-values with an exponential function (Fig. 5.15) yields a quantitative assess-
ment of nanostructure fatigue (Table 5.1). Because the data are already linear in a
semi-logarithmic plot, a residual does not need to be subtracted here.

Table 5.1 shows that the lifetime τL of the long period decay is halved as MMT is
blended in. Addition of the full amount of compatibilizer weakens the semicrystalline
nanostructure of the polypropylene even more. The decay is accelerated by another
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Fig. 5.13 Slow load cycling of PP/MMT materials. Assessment of fatigue by exponential regression
using the oscillation maxima of Fig. 5.12. In order to linearize the plotσr = 23.6 MPa was subtracted
for PP and PP+hcMMT. σr = 23.4 MPa linearizes the data of PP+MMT and PP+lcMMT

factor of 2. Thus the introduction of MMT and compatibilizer reduce the polypropy-
lene self-reinforcement to 25 % of its initial performance. The effective performance
of the materials can be estimated from the lifetime of the macroscopic stress decay,
τσ . Table 5.1 shows, that the blend has a reduced performance of 100×21/27 ∼= 77 %
with respect to the commercial polypropylene grade. Only the compatibilization of
the MMT with 8 % amphiphilic block copolymer leads to a slight performance gain
to 111 %.
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Fig. 5.15 Assessment of nanostructure fatigue. Fit of the oscillation maxima from Fig. 5.14 by an
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Figure 5.16 shows the variation of the nanoscopic strain εn during load-cycling.
By its definition εn measures the deformation of well-correlated lamellae stacks.
The difference between ε and εn indicates a heterogeneous strain distribution in
the sample. Adding MMT to the polypropylene matrix (PP+MMT) enhances strain-
heterogeneity (lower values of εn). The nanocomposite samples show higher εn
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Table 5.1 Fatigue in a slow load-cycling experiment (cycle time 4 min) estimated from exponential
fits

Sample τσ (min) τL (d) τe (h) τ�L (min)

PP 39 23.1 5.8 110
PP+MMT 30 12.4 0.9 43
PP+lcMMT 34 8.4 1.7 50
PP+hcMMT 43 6.1 [1.0] [140]

The lifetimes τσ , τL , τe, and τ�L characterize the macroscopic stress fatigue, the nanoscopic long
period fatigue, the nanoscopic lamella-extension fatigue, and the nanoscopic structure-heterogeneity
fatigue, respectively. Data in brackets are only based on a part of the curve (cf. Fig. 5.19)
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Fig. 5.16 Evolution of the nanoscopic strain, εn , during load cycling of PP nanocomposites com-
puted from the variations of CDF long period peak

values compared to PP. This can be attributed to the softening effect1 of the low-
molecular weight compatibilizer [76, 77]. Time evolution of εn is already reflected
in the variations of the long period (see above).

The dynamic variation of the lateral extension e12(t) of the layers during load-
cycling is presented in Fig. 5.17. The initial levels are somewhat higher than those
reported from the plain tensile experiments, but this is only related to different data
pre-evaluation. For this analysis we had to take out a step, namely an extrapolation
of the scattering intensity to high angles. The extrapolation proved not to be stiff
enough, and the noise introduced by extrapolation was higher than the weak variation
of e12(t).

Layer-extension reduction starts after 4 min at ε ≈ 0.06 and σ ≈ 27 MPa for
all studied materials. Thus the lag-time of lamellae disruption is not changed in the
MMT-containing materials with respect to pure PP.

1 Strain-heterogeneity and the effects of compatibilizer are explored further in the discussion of
MFC materials in Chap. 6.

http://dx.doi.org/10.1007/978-3-642-35413-7_6
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When the cycling starts, all materials respond with small oscillations about a
monotonous decay. Thus the fatigue of the nanostructure with respect to the breaking
of crystalline layers can, again, be analyzed by exponential regression. Because the
oscillations are not well-expressed but we know that we have 8 SAXS patterns per
cycle, this time the data are prepared for regression by sampling 8 points in a running
average. A residual layer extension, er = 13.2 nm is subtracted in order to linearize
the data sets in a semi-logarithmic plot. An exception is the curve of PP+hcMMT.
It cannot be linearized over the full length of 85 min and the data look strange for
t < 40 min. The corresponding lifetimes τe of the lamellae extension are reported
in Table 5.1. The blending with MMT reduces the lifetime of the lamellae extension
to 15 %, but in the composite PP+lcMMT the lifetime has recovered to 30 % of
the initial value. The determined value for PP+hcMMT is based on a short interval
(t > 40 min). Thus its significance is questionable, and in the table the value is
enclosed in brackets.

Figure 5.17 exhibits a peculiar variation of the phase of the responses e12(t) on
the dynamic strain ε(t). For samples that are no composites (PP, PP+MMT) the
layer extensions are low at the peak strains and vice versa. On the other hand, for
the composites (PP+lcMMT, PP+hcMMT) the macroscopic stimulus ε(t) and the
nanoscopic response e12(t) are in phase. An explanation may be given that is based
on a result of an earlier load-cycling study of pure PP [47] combined with the notion
that in a composite matrix and filler are well bonded. In the earlier study the transition
from strain-induced crystallization to crystallite disruption was found atσ ≈ 20 MPa.
In the present load-cycling study, macroscopically the peak stress is well above
the transition threshold. Thus in pure PP and in the blend many crystallites break.
During the elongational branch of the cycles pieces of lamellae are moved apart. They
recombine in the relaxational branch of the cycle. In the well-bonded composite the
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Fig. 5.17 Nanostructure evolution during tensile testing of PP nanocomposites determined from
the CDF long period peak. Average lateral extension e12(t) of the crystalline PP domains as a
function of the elapsed time t . Additionally the macroscopic strain ε(t) is shown
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MMT bears part of the load, thus saving the polypropylene lamellae from breaking.
On the other hand, the fraction of the load that is exerted on the polypropylene is
low enough to guarantee a dominance of strain-induced crystallization over lamella
disruption.

Figure 5.18 shows the breadth parameter �L = 3σ3(hca) of the long period
distribution hca as a function of time. It is related to the variability of the distances
in straining direction between two crystallites. During the first straining the MMT
materials exhibit decreasing heterogeneity of the nanostructure in straining direction,
whereas it almost remains constant for sample PP. This has already been found in
tensile testing (cf. Fig. 5.10).

As a function of time sample PP exhibits during the first 7 cycles small variations
about a constant level�L ≈ 6.8 nm. Thereafter the material starts to respond to the
macroscopic strain ε(t) by a clear low-amplitude oscillation of�L(t). It is in phase
with ε(t). Thus the arrangement of crystallites becomes more heterogeneous in each
straining branch and returns to a more homogeneous state during relaxation. There
is little fatigue related to the arrangement of crystallites. This behavior is readily
explained by non-affine straining of layer stacks that contain durable crystallites in
which the low long period stacks are less extensible than the high ones.

Compared to sample PP the behavior of the MMT materials is characterized by
4 features. First, they show higher heterogeneity. Second, they respond from the
beginning by a high-amplitude oscillation. Third, the phase of the oscillation is
inverted with respect to the stimulus ε(t) (cf. arrows in Fig. 5.18). Thus the distances
between the crystallites become more uniform in each straining branch and relax
into a more inhomogeneous state. A possible explanation is based on the assumption
of a considerable fraction of undersized, premature crystallites that are too weak to
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Fig. 5.18 Nanostructure evolution during load cycling of PP nanocomposites determined from
the CDF long period peak. Breadth �L(t) of the long period distribution. Additionally the local
macroscopic strain ε(t) is shown
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withstand even moderate strain. Disintegration by chain-unfolding leads to a loss of
long periods at small r3 in hca(r12, r3), and a carry over to greater r3. hca becomes
more uniform. During the relaxation branch the corresponding chains fold again to
form an undersized crystal, and the breadth of hca broadens again.

Fourth, the heterogeneity of the MMT samples is increasing from cycle to cycle
exhibiting nanostructure fatigue. The reason for this nanostructure fatigue remains
speculative. Let us assume that the premature state of the semi-crystalline morphol-
ogy itself is the reason. Then, under dynamic load it is easily worn down, leaving
behind a broad spectrum of different long periods.

The corresponding lifetime analysis based on running averages �L(t) of �L(t)
is presented in Fig. 5.19. It shows the strange breakdown in the data from sample
PP+hcMMT (full data set marked by circles), the running-average curves and their
fit by an exponential. The corresponding lifetimes τ�L are documented in Table 5.1.
Obviously, the increase of nanostructure heterogeneity under dynamic load is doubled
by addition of MMT to PP. The compatibilizer in the composites helps to reduce this
fatigue.

The evolution of the scattering power Q under dynamical load is almost trivial.
The curves do not change significantly during the cycling. This means at least that
there is not much change of contrast or void content during the load cycling.

Finally, an oversimplified cartoon of the nanoscale morphology is presented in
Fig. 5.20. It shows a rather well-developed lamellar structure in the polypropylene,
and in the materials that contain MMT a distorted layer structure that is reinforced
by the silicate layers depicted as thin vertical domains.

The findings of this study can be summarized as follows:
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Fig. 5.19 Nanostructure heterogeneity fatigue. Determination of lifetimes τ�L . �L(t) is the run-
ning average of the curves from Fig. 5.18. Small circles show the complete set of PP+hcMMT
containing the strange breakdown
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PP PP+MMT

Fig. 5.20 Simplified structural model for the semicrystalline structure of the pure polypropylene
(left) and of the polypropylene phase in the nanocomposites (right). The thin vertical domains are
drawn only to indicate that the composite contains MMT layers

1. By comparing the extracted nanostructure evolution information to the mechani-
cal data it has been found that missing improvement of mechanical properties
appears to result predominantly from the inhibition of a load-bearing semi-
crystalline morphology inside the PP by the MMT.

2. Chemical compatibilization [21, 78, 79] appears to be a secondary effect with the
studied polypropylene grade. In fact, the predominant deterioration of mechanical
properties of PP by nucleating mineral fillers has been reported in the literature
[80].

3. Load-cycling the materials below the yield exhibits macroscopic and nanoscopic
fatigue detected from a decay of the peak stresses and peak nanostructure parame-
ters, respectively. From the respective lifetimes we have for the first time assessed
the reinforcement of the composite and the weakening of the PP by the MMT. It
has been found that crystallite growth is obstructed even more when MMT is com-
patibilized. It remains to be clarified, if this effect is caused by the compatibilizer
itself or by improved exfoliation of the MMT.

4. With respect to application the results indicate that the optimization of a com-
mercial PP grade undertaken by the manufacturer may be lost when it is bonded
to a filler with nucleating capacity. If the optimization of the formulation has to
be redone, one could start from a PP grade without nucleators.
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Chapter 6
HDPE/PA Microfibrillar Composites Under
Load-Cycling

Microfibrillar reinforced composites (MFC) are polymer-polymer composites in
which both the isotropic matrix and the fibrous anisotropic reinforcements are formed
in-situ during processing [1, 2]. MFC materials promise both improved proper-
ties during service and low ash content after incineration [3–5]. The first feature is
required to replace metals by light-weight parts in automobiles. The second feature
is a European legislative request [6–8] that must be met in the future. In many prac-
tical applications that MFCs are designed for, the materials are subjected to cyclic
(dynamic) load. Hence, resistance [9] to dynamic loads (i.e. low fatigue [10–12]) is
required. In this chapter we examine the evolution of the nanostructure under slow
load-cycling in HDPE/PA oriented MFC precursors that have not been subjected to
the final compression molding processing step which removes [13, 14] the orientation
of the HDPE matrix.

6.1 Micro- Versus Nanostructure

On the micrometer scale the morphology of HDPE/PA oriented precursors has been
studied by scanning electron microscope (SEM) in previous works [13, 15]. Based on
SEM micrographs the average diameter of polyamide microfibrils is 550 ± 100 nm,
strongly depending on the HDPE/PA ratio of the cold drawn blend. The length of
polyamide microfibrils has been estimated 30−90 µm. Generally, addition of com-
patibilizer causes a reduction in both diameter and length of polyamide microfibrils
[13, 15].

On the nanometer scale the structure of the samples is studied by SAXS. Figure 6.1
sketches structural features that can be probed by SEM on the micrometer scale and by
SAXS on the nanometer scale, respectively. The SAXS of the samples arises mainly
from the semi-crystalline structure of the HDPE matrix, as has previously been
shown [14]. The reasons are, firstly, that the major component is HDPE. Secondly,
polyamide has a low electron density contrast between its crystalline and amorphous
regions compared to the corresponding contrast in HDPE.

A. Zeinolebadi, In-situ Small-Angle X-ray Scattering Investigation of Transient Nanostructure 83
of Multi-phase Polymer Materials Under Mechanical Deformation, Springer Theses,
DOI: 10.1007/978-3-642-35413-7_6, © Springer-Verlag Berlin Heidelberg 2013
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Fig. 6.1 Sketch of typical MFC multi-scale structure at micrometer (left) and nanometer scale
(right). Processing direction is vertical. SEM can probe polyamide microfibrils (dark rods) embed-
ded in a fibrillated HDPE matrix [13, 15]. SAXS monitors mainly the semi-crystalline nanostructure
of the HDPE matrix. Crystalline domains are frequently arranged in processing direction forming
nanofibrils (in the conceptual notion of microfibrils [16]). One nanofibril is highlighted in gray

6.2 Nanostructure of Undeformed Materials

For the undeformed samples Fig. 6.2 shows the scattering intensities I (s12, s3) and
the absolute values of the corresponding CDFs z(r12, r3). All samples exhibit a layer-
line scattering pattern. It is characteristic for a highly oriented structure from slender
domains arranged in rows along the fiber axis. The layer lines are not indented or
even split into separate peaks. Thus there is only one-dimensional arrangement of
domains. This fact is obvious from the CDF data in real space (Fig. 6.2, bottom

SAXS

P6HY (20/80/0)

CDF

P6HY (20/70/10) P12HY(20/70/10)P12HY(20/80/0)

Fig. 6.2 Undeformed samples. SAXS fiber diagrams I (s12, s3) (top row) and the corre-
sponding CDFs |z(r12, r3)| (bottom row). Displayed regions: −0.1 nm−1 < s12, s3 <

0.1 nm−1, −100 nm < r12, r3 < 100 nm. Intensities on logarithmic scale. Fiber axis is vertical
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row). Its peaks and their arrangement directly demonstrate the domains slenderness
and their arrangement in fiber direction. The corresponding semi-crystalline mor-
phology is usually called “microfibrillar” [16, 17]. Instead, in this chapter we call
it “nanofibrillar”, in order to discriminate it from a microfibrillar structure on the
micrometer scale (cf. Fig. 6.1). The central equatorial streak in the SAXS patterns
arises from the envelope of the nanofibrils and from other needle-shaped entities like
voids [18, 19].

Table 6.1 presents essential nanostructure parameters for the undeformed mate-
rials that have been extracted from the strong long period peak in the CDF. The
reported values are averages of measurements from 4 different pieces of the strands.
They vary by 5 %. This indicates a slight structure heterogeneity. Table 6.1 shows
that there is little influence of materials composition on the essential nanostructure
of the HDPE nanofibrils.

In the CDFs from Fig. 6.2, the PA12-reinforced samples show clearer peaks than
the PA6-reinforced materials. Figure 6.3 demonstrates this feature quantitatively by

Table 6.1 Undeformed samples

Sample L (nm) el (nm)

P6HY(20/80/0) 18.6 16.2
P6HY(20/70/10) 18.2 15.1
P12HY(20/80/0) 18.3 16.2
P12HY(20/70/10) 18.9 17.3

Essential nanostructure parameters extracted from the CDFs. long period, L , and an average lateral
extension el of the crystalline domains
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Fig. 6.3 Comparison of z(0, r3) of undeformed samples. Diffuse merging of the third and fourth
negative peaks with the PA6-samples indicates poorer stacking of crystalline domains in its HDPE
matrix
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curves cut from the CDFs along its meridional axis. The CDFs of PA12-reinforced
materials exhibit four separable long period peaks corresponding to at least five
correlated lamellae. However, in the CDFs of the series containing PA6 already
the third and fourth long period peak become diffuse and merge. Thus the semi-
crystalline HDPE stacks from the blends containing PA6 show more disorder than
the respective stacks in blends containing PA12.

6.3 General Nanostructure Evolution in Load-Cycling Tests

During the mechanical tests SAXS patterns have been recorded continuously. Qual-
itatively these patterns are very similar, as is demonstrated in Fig. 6.4. Hence, it is
necessary to extract structural parameters from the patterns with high precision and
to analyze their variations. Inspection of the shape-evolution of the CDF peaks shows
affine deformation, in contrast to TPU materials (cf. Chap. 4). Thus the introduced
simple nanoscopic structure parameters discussed here are considered to correctly
describe the average response of the nanostructure to the applied macroscopic strain.

The evolution of macroscopic-mechanical and of nanoscopic parameters during
load-cycling tests is presented in Figs. 6.5, 6.6, 6.7, and 6.8.

QFirst FirstFirst ε ε
maximum maximum minimum

Undeformed

CDF

SAXS

Fig. 6.4 Qualitative similarity of scattering data recorded during load-cycling experiments. Shown
are patterns from states of extreme difference during the testing of P6HY(20/80/0) cycled about
high pre-strain (8–10 %). SAXS fiber diagrams I (s12, s3) (top row) and the corresponding CDFs
|z(r12, r3)| (bottom row). Displayed regions: −0.15 nm−1 < s12, s3 < 0.15 nm−1, −75 nm <

r12, r3 < 75 nm. Intensities on logarithmic scale. Fiber axis is vertical
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Fig. 6.5 P6HY(20/80/0) load cycling. Mechanical and nanostructure parameters. a material cycled
about low pre-strain (ca. 5 %). b material cycled about high pre-strain (ca. 8 %). Mechanical para-
meters: strain ε and stress σ . Nanostructure parameters: nanostrain εn , lateral nanostrain, εn,l , and
scattering power Q. In the high-cycling experiment ε becomes negative

6.3.1 Response of Stress and Nanoscopic Strain

In all tests the macroscopic response σ(t) to the applied signal ε(t) is rather simple.
The monotonous branches of the saw-tooth function ε(t) are immediately responded
by monotonous branches of σ(t). Thus little phase-shift is observed in these low-
frequency load-cycling experiments.
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Fig. 6.6 P6HY(20/70/10) load cycling. Mechanical and nanostructure parameters. a Material
cycled about low pre-strain. b Material cycled about high pre-strain. Mechanical parameters: strain
ε and stress σ . Nanostructure parameters: nanostrain εn , lateral nanostrain, εn,l , and scattering
power Q

Compatibilization increases (Fig. 6.6) the stress σ(t) for the material reinforced
by PA6, as compared to the uncompatibilized sample (Fig. 6.5). At ε = 0.06 the
stress increases from 62 MPa to about 80 MPa. The plus with respect to the PA12-
reinforced blend is readily explained by the more effective compatibilization in PA6.
Due to its different molecular structure, i.e. the lower amounts of CH2-groups in the
repeat units, the chemical bonds between N-atoms from the PA6 and the anhydride
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Fig. 6.7 P6HY(20/80/0) load cycling. Mechanical and nanostructure parameters. a Material cycled
about low pre-strain. b Material cycled about high pre-strain. Mechanical parameters: strain ε and
stress σ . Nanostructure parameters: nanostrain εn , lateral nanostrain, εn,l , and scattering power Q

groups from the maleinized HDPE of the compatibilizer are twice as many as in the
case when PA12 reacts with the same compatibilizer [13].

The response of the nanoscopic strain εn to the macroscopic strain ε during plain
straining is reported in Fig. 6.9. The nanoscopic strain is smaller than the macroscopic
strain (εn < ε). εn measures only the deformation of the HDPE semi-crystalline
stacks. Humbert et al. [20] have monitored tensile tests of isotropic PE by SAXS.
They report relative nanoscopic strains εn/ε ≈ 0.5 for 0 < ε < 0.35. Our measure-
ments on oriented blends (cf. Fig. 6.9) return values that are closer to the identity
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Fig. 6.8 P6HY(20/70/10) load cycling. Mechanical and nanostructure parameters. a Material
cycled about low pre-strain. b Material cycled about high pre-strain. Mechanical parameters: strain
ε and stress σ . Nanostructure parameters: nanostrain εn , lateral nanostrain, εn,l , and scattering
power Q

εn = ε. For low ε the compatibilized materials show a higher lag of εn than the
uncompatibilized ones, and the material reinforced by PA12 performs somewhat
closer to homogeneous strain than the material that contains PA6. With increasing
strain ε, εn/ε is, in general, further departing from the value εn/ε = 1. This means
that in the plain strain experiments the strain heterogeneity is increasing for 3 of the
4 materials. An exception is P6HY (20/70/10) that shows the highest initial strain
heterogeneity. Increasing the strain, the strain distribution in this sample becomes
more homogeneous, i.e. the trend is inverted as compared to the other samples.
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Fig. 6.9 Relative nanoscopic
strain, εn/ε, as a function
of the local macroscopic
strain ε. Data from the first
straining branch. The curves
are quadratic fits to the data
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For load-cycling experiments (low pre-strain) Fig. 6.10 presents εn/ε data. During
the test the material P6HY (20/80/0) (Fig. 6.10a) is building up a considerable varia-
tion in εn/ε as a function of ε. As ε is already low, εn is still high. Thus here εn shows
a considerable phase-shift, i.e. a retarded relaxation response. In Fig. 6.10c a similar
inclination of the line segments demonstrates that build-up of a retarded relaxation
response is also observed with the other uncompatibilized material, P12HY (20/80/0).
Nevertheless, here the effect is much weaker. Moreover, the lifting of the inclined
line from cycle to cycle towards the level of homogeneity (εn/ε = 1) indicates
homogenization of the strain distribution inside the material.

Addition of 10 wt.% compatibilizer (Fig. 6.10b, d) leads to continuous movement
of εn/ε away from the level of homogeneity from cycle to cycle. Thus strain hetero-
geneity in the compatibilized materials is growing under cyclic load. In summary, the
compatibilizer induces strain heterogenization during load cycling, but suppresses
the tendency of a retarded nanoscopic structure response.

Increasing strain heterogeneity in the HDPE phase during the cyclic loading of
only the compatibilized materials may be explained by migration of unbound com-
patibilizer from the surfaces of the PA microfibrils into a heterogeneous HDPE matrix
(cf. Fig. 6.11). This matrix is built both from well-developed semicrystalline HDPE
stacks that probe εn , and from a disordered fraction that has little effect on the long
period feature seen by the SAXS. The latter matrix fraction is characterized by almost
random placement of diverse crystalline domains. If the migrating compatibilizer is
enriched more in the disordered than in the ordered fraction, it can be expected that
it plasticizes predominantly the fraction of the HDPE matrix in which it is enriched.
Consequently, the nanoscopic strain in the disordered fraction would increase from
cycle to cycle, whereas the probed εn would decrease slightly, as is observed in
the experiments. In the literature similar softening effects of compatibilizers on the
matrix of nanocomposites have been reported [21, 22] and side-effects of additive
migration in blends and composites have been studied [23–25]. It should be men-
tioned that the migration of compatibilizer into the polyamide cannot be studied by
means of SAXS data from the studied materials.
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Fig. 6.10 Relative nanoscopic strain, εn/ε, as a function of the local macroscopic strain ε. Data
from the complete load-cycling experiments (low pre-strain)

6.3.2 Response of the Lateral Nanoscopic Strain

A different response scheme is observed with the lateral extensions εn,l(t) of the
crystallites. Figures 6.5 and 6.6 present the data from the MFC precursors that con-
tain PA6. Here, during the initial straining branch, εn,l(t) is first increasing for small
t indicating domain-growth at low ε. We propose to explain this growth of the crys-
talline domains by strain-induced crystallization [26]. From higher ε and σ , the
average εn,l(t) begins to decrease. This indicates that now the dominant effect is
domain destruction under high stress. For the MFC precursors containing PA12 the
corresponding data are presented in Figs. 6.7 and 6.8. Here no epitaxial strain crys-
tallization is observed.

The cycles of ε(t) that follow the first straining induce oscillations of εn,l(t). For
the PA6-materials (Figs. 6.5, 6.6) a phase shift is observed. The maxima of εn,l(t)
are always found on the increasing branch of ε(t). Again, this finding is explained
by epitaxial strain crystallization in the lower part of the branch followed by domain
disruption in the upper part. The decreasing branch of ε(t) is initially responded by
further decrease of εn,l(t) that can be explained by relaxation melting. In the lower
part of the relaxation branch εn,l(t) already starts to increase again. A possible reason
is defragmentation of broken HDPE crystalline domains. For the PA12-materials, on
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Fig. 6.11 Mechanism of strain heterogenization by selective migration of compatibilizer (yellow
haze) away from the PA microfibrils (long red rod) into the disordered fraction (distorted crystalline
layers) of the HDPE matrix avoiding the ordered stacks (ideal crystalline discs). Reaching the upper
dead center after some cycles (d) the distance between the distorted layers is longer than at the first
maximum (b) because of a plasticizing effect of the compatibilizer. The course of macroscopic
strain ε in time t is indicated by arrows

the other hand, the phases of ε(t) and εn,l(t) are opposite (Figs. 6.7, 6.8). Again,
this finding coincides with the missing of epitaxial strain crystallization in the first
straining branch of these materials. It is compatible with the notion of mere crystallite
disruption in the straining branches, and in the relaxation branches of re-composition
by defragmentation.

Figure 6.12 sketches the proposed nanostructure evolution mechanisms of the
PA6-materials (Fig. 6.12a) and of the PA12-materials (Fig. 6.12b). The simpler
scheme for PA12 can be explained by assuming that these materials do not con-
tain enough pre-ordered amorphous PE chains around the crystalline PE domains to
initiate significant domain growth by strain crystallization. Thus during the straining
branches only continuous domain disruption and fragment dissolution is observed.
During the relaxation branches the remnant pre-ordered amorphous regions from the
fragments crystallize, and many of the original crystalline domains are reconstructed.
Let us call this mechanism domain defragmentation. The PA6-materials, on the other
hand, exhibit a more complex response to load-cycling that has also been found in
a study [26] of pure polypropylene (Fig. 6.12a). Here low stress suffices to extend
and to crystallize pre-ordered PE chains that coat the crystalline domains. Higher
stress disrupts crystalline domains and dissolves some of the fragments. Relaxation
of some stress leads to melting of the strain-crystallized chains, and at very low stress
fragments recombine.
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Fig. 6.12 Schematic presentation of nanostructure evolution mechanisms during pre-straining and
load-cycling. Only crystalline HDPE domains are depicted. Filled arrow-heads straining branches
(ε̇(t) > 0), open arrow-heads relaxation branches (ε̇ (t) < 0). a Materials with PA6: the com-
plex cycle includes epitaxial strain crystallization. b Materials with PA12: simple cycle governed
by domain disruption and domain defragmentation. c Speculative free strain crystallization for
materials with PA12 from the evolution of the scattering power Q(t)

The differences between low-pre-strain and high-pre-strain cycling is discussed
by comparing the sub-figures a and b in Figs. 6.5, 6.6, 6.7, and 6.8, respectively.
Obviously, the samples that are exposed to high pre-strain suffer higher damage to
the nanostructure. This damage is not recovered during the following load-cycling.

6.3.3 Response of the Scattering Power

The variation of Q(t) is only moderate. Together with the complex structure infor-
mation contained in Q this makes interpretation highly speculative. The common
initial response scheme of the scattering power Q(t) is similar to that of εn,l(t). Dur-
ing the first straining branch of ε(t), Q(t) passes through a maximum. According to
Eq. (1.25) the interpretation of Q(t) requires assumptions. Most probably the con-
trast does not change considerably, and the void scattering in the equatorial streak
appears to be constant (cf. Fig. 6.4). Moreover, if we assume that the initial volume
crystallinity v is lower than 0.5, an increase of Q indicates increasing crystallinity.
This daring assumption would fit well to the results of εn,l(t) for the samples contain-
ing PA6. On the other hand, the initial volume crystallinity v0 of HDPE is normally
higher than 0.5, and in this case an increasing value of Q ∝ v(1 − v) would indicate
decreasing crystallinity.

http://dx.doi.org/10.1007/978-3-642-35413-7_1
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Only if we would be willing to assume a small-angle volume-crystallinity
v0 < 0.5, the initial evolution of Q(t) were indicative for strain crystallization
in all materials. This would mean that strain crystallization would occur even in the
PA12-blends, but here it would mainly induce the formation of new HDPE crystalline
domains (“free strain crystallization”), and epitaxial strain crystallization were neg-
ligible. At least after several cycles Q(t) responds by an oscillation that is in phase
with the signal ε(t). Under the low-crystallinity assumption this finding would, again,
indicate free strain crystallization during the straining branch followed by melting
during the relaxation branch (cf. Fig. 6.12c).

6.4 Plastic Flow in P6HY (20/80/0)

Figure 6.5b shows the data from the load-cycling experiment about high pre-strain of
P6HY(20/80/0). In the low-cycling test this material has shown considerable retar-
dation of the nanostructure relaxation response (cf. Fig. 6.10a). In the high-cycling
test after 40 min the ε returns negative values. This result is an artifact because the
sample bends, whereas the distances between the fiducial marks are still measured
along the fixed straight axis of the ROI. The bending is clearly observed in the video
frames and demonstrates macroscopic plastic flow. Plastic flow is also indicated by
the strong decrease of σ(t). Moreover, this experiment is the only one that returns
decreasing εn values. Thus the average distance between the crystallites from the
nanofibrils (ordered stacks) is shrinking while the material is lengthened on the
macroscopic scale. This combination of plastic flow and long period shrinkage can
be explained by disentanglement of the HDPE chains outside the nanofibrils that
leads to macroscopic plastic flow and eliminates frozen-in tension on the nanoscopic
scale.

6.5 Material Fatigue

In common fatigue tests the macroscopic stress σ(t) is controlled, and the strain ε(t)
is the macroscopic response. Because of the limited capabilities of our tensile tester
we have controlled ε(t). Thus σ(t) is the macroscopic response, and macroscopic
fatigue of the materials is indicated by the decay of the peak stresses from cycle
to cycle. For a quantitative analysis the running average σ̄ (t) has been computed
over one period of the signal ε(t). Figure 6.13 shows the variation of σ̄ (t) in a semi-
logarithmic plot together with lines that indicate an exponential regression using the
equation y = k exp(−t/τ). Here k and τ are the regression parameters with τ the
lifetime of the decay. Lower lifetimes correspond to stronger fatigue.

Table 6.2 reports extreme values of the mechanical parameters and the lifetimes
τ determined from the load-cycling data. εmax is the maximum strain, σmax the
maximum stress that is reached in the 1st maximum of load cycling, and σ2/σmax
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Fig. 6.13 Assessment of fatigue by exponential regression of the macroscopic response σ̄ (t). In
order to linearize σ̄ (t) a residual stress, σr , is subtracted. Here sufficient linearization has been
obtained by setting σr = σ̄ (tmax ). Solid straight lines illustrate the exponential fits to the data. a
HDPE reinforced with PA6. b HDPE reinforced with PA12. The suffix Low indicates cycling about
low pre-strain (ca. 5 %) and High cycling about high pre-strain (ca. 8 %). In high-cycling data of
P6HY(20/80/0) two regimes are observed. Regime II is biased from sample bending after plastic
flow

is the ratio of the second to the first stress maximum. This value is included in
the table because for t < 10 min the decay of σ̄ (t) − σr is faster than the fitted
exponential. Thus σ2/σmax is a better measure for the initial fast stress decay. Higher
values of σ2/σmax mean less stress fatigue. The table shows that fatigue is higher
when the sample is cycled about higher pre-strain. Fatigue is lower in the blends
reinforced by PA12 than in the samples containing PA6. The low fatigue of PA12-
materials may be explained by higher compatibility with HDPE due to the longer
aliphatic chain segments of PA12. A practical explanation of the lower fatigue is the
less-deteriorated semi-crystalline nanostructure of the HDPE in the PA12-materials
(Fig. 6.3). Apparently, addition of compatibilizer does not reduce the material fatigue
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Table 6.2 Slow load cycling of MFC precursor materials

Sample code εmax σmax (MPa) σ2/σmax τ (min)

P6HY(20/80/0) Low 0.058 62 0.96 24
P6HY(20/80/0) High 0.095 98 0.80 15
P6HY(20/70/10) Low 0.054 72 0.93 22
P6HY(20/70/10) High 0.081 137 0.91 15
P12HY(20/80/0) Low 0.054 64 0.95 26
P12HY(20/80/0) High 0.091 89 0.93 20
P12HY(20/70/10) Low 0.058 64 0.94 28
P12HY(20/70/10) High 0.094 100 0.93 19

Extreme mechanical parameters and lifetime τ of stress fatigue. Low indicates cycling about ε ≈
0.05, High about ε ≈ 0.08. σ2/σmax is the ratio of the second to the first stress maximum

significantly. This may be related to the finding that addition of the compatibilizer
leads to strain heterogenization during load cycling (cf. Fig. 6.10).

The results can be summarized as follows:

1. A side effect of a compatibilizer is heterogeneization of the polyethylene matrix.
This is related to selective migration of unbound compatibilizer into those regions
of the matrix where the semicrystalline nanostructure is predominantly made from
imperfect crystals randomly distributed in the amorphous phase.

2. The observed heterogeneous strain distribution in the material may, ultimately,
deteriorate the performance of the composite. This result indicates the complexity
of composite design, because the desired effects of an additive or a processing
step may be accompanied by side effects [21–25].

3. Concerning compatibilization, one should not only vary the compatibilizer frac-
tion, but also the mixing procedure, the block lengths of the compatibilizer, and
the temperature profile of the processing. At the optimum the mixing and the ini-
tial temperature profile should result in a constant average compatibilizer density
in the interfacial layer, sufficient block lengths should restrict further compatibi-
lizer motion away from the interfacial layer during service, and sufficiently short
blocks should keep the mobility of the compatibilizer high enough to guarantee
its homogeneous distribution in the interface, until it is finally locked into this
region either by chemical reaction or by quenching to a low service temperature.
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Chapter 7
Summary and Future Works

“The end of study should be to direct the mind towards the
enunciation of sound and correct judgments on all matters that
come before it.”

…René Descartes

In-situ SAXS measurements. In-situ small angle X-ray scattering measurements
during mechanical testing is a strong tool for constructing structure-property-
relationship of polymers. The evolution of nanostructure can be monitored with
sufficient precision to correlate it with macroscopic response of the sample. Even
without any precise pre-knowledge about the nanostructure the 2-dimensional scat-
tering data can be transformed into the real space resulting in a chord distribution
function (CDF). The peak analysis of the CDF reveals abundant information about
the size, shape and correlation of the nanostructural entities. Thus deformation and
rupture of the multi-phase morphology (e.g. semi-crystalline stacks), strain-induced
crystallization/melting, crazing and other nanostructural transitions can be mon-
itored. These information are vital when designing multi-phase materials with tai-
lored properties is aimed at. In addition, the local nanoscopic strain can be estimated.
Such quantitative experimental data combined with theory can improve our ability
of simulating the mechanical behavior of multi-phase polymer materials [1–3].

Fatigue test at a synchrotron. Presently the minimum X-ray exposure required
to record good anisotropic scattering patterns is still too long to monitor practical
fatigue tests. With advanced technique and respective synchrotron beamlines this will
become possible in the future. Nevertheless, as we have tried to demonstrate, even
slow load-cycling experiments can shed some light on the mechanisms of structure
response of polymeric composites under dynamic load.

General nanoscopic deformation mechanisms. Figure 7.1 summarizes and com-
pares the deformation mechanisms in high-ordered and low-ordered (distorted) mate-
rials. Peak analysis of the CDF (SAXS) only probes the part of the matrix volume
that is filled by a multi-phase domain structure (e.g. semi-crystalline stacks) with
a minimum arrangement among their constituent domains (multi-layer sandwiches

A. Zeinolebadi, In-situ Small-Angle X-ray Scattering Investigation of Transient Nanostructure 99
of Multi-phase Polymer Materials Under Mechanical Deformation, Springer Theses,
DOI: 10.1007/978-3-642-35413-7_7, © Springer-Verlag Berlin Heidelberg 2013
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Fig. 7.1 Schematic comparison of deformation mechanisms in high-ordered and low-ordered mate-
rials. SAXS monitors only the correlated domains marked with broken rectangles. The stacks marked
by red rectangles contribute to the tail of the long period distribution. The disperse domains marked
as gray regions do not contribute to the discrete SAXS peaks. High-ordered materials show several
distinct peaks in their CDF whereas the low-ordered materials show diffuse peaks. The nanoscopic
response of the material to the mechanical load is monitored by tracking the position and shape of
L-peaks of CDFs

marked by a broken rectangle in Fig. 7.1). Random placement of irregular domains
(gray domains in Fig. 7.1) does not generate discrete SAXS peaks. Materials such as
HDPE and PP form high-ordered semi-crystalline stacks in which several extended
crystallites are piled up. This structure exhibits narrow layer-line peaks in the SAXS
pattern, and accordingly several distinct peaks with in the CDF. During stretch-
ing, the peaks of CDF only move upward without becoming skewed. This indicates
affine deformation of the semi-crystalline stacks. Thus variations of the L-peak’s
maximum measures the average deformation of the semi-crystalline morphology.
This is different in materials with a heterogeneous or distorted nanostructure such
as TPU or PP/MMT, respectively. The SAXS pattern of these materials exhibits an
additional background. Their CDF peaks are diffuse and skewed. This indicates a
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broad distribution of long periods. Shape analysis of the asymmetric L-peak shows
that the deformation is non-affine. In other words, the nanoscopic deformation of the
stacks (layers) increases with their thickness. Therefore, the L-peak maximum does
not measure the average deformation of the semi-crystalline morphology but only
the deformation of the most frequent correlated stacks (most probable long period).
Interestingly, in both kind of materials the nanoscopic strain computed from the vari-
ations of the L-peak maximum is always smaller than the macroscopic strain. This
indicates that the most frequent well-correlated semi-crystalline stacks (domains)
are stronger and deform less than the rest of the material. Thus the εn/ε ratio can be
considered as an index for nanoscopic strain-heterogeneity. This index is especially
useful for following the failure mechanisms during a load-cycling test.

Material design. Concerning the material design the results of this work can be
summarized as follows:

1. Strong TPU materials can be obtained if the melt processing is performed below
the phase-mixing temperature. Thus the phase-separated morphology is partially
preserved. The domains will be oriented under shear flow and will grow upon
cooling the melt. This results in an oriented material with mature hard domains.

2. In general, the influences of the additives in a composite on the expression of the
semi-crystalline morphology of the matrix polymer are rarely taken into account.
In situ monitoring by means of small-angle X-ray scattering has shown that addi-
tives may vary the nanostructure at least of polypropylene considerably. Thus
re-optimization of commercial recipes might be required in order to tune the
crystallization kinetics of the polymer in the presence of nanoparticles.

3. Low-molecular weight compatibilizers added to polymer composites may soften
the matrix polymer. Matrix softening may enhance due to the migration of the
compatibilizer during the course of load-cycling. Thus in addition to the chemical
nature, the length and mobility of the compatibilizer must be taken into account.
The problem of migration could possibly be solved by fixing the compatibilizer
molecules at the interface by chemical bonds.

Suggestions for future work:

1. Combined heating–stretching cycles to study shape-memory behavior of TPU
materials.

2. Simultaneous SAXS-tomography during uniaxial deformation to investigate the
effect of core-skin structures on the mechanical behavior.

3. Simulation of the mechanical behavior of multi-phase polymer materials based
on the experimental nanoscopic parameters extracted from CDFs.

4. Investigation of nanoscopic strain-heterogeneity as a function of lamellae thick-
ness.
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