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Foreword

Controlling the performance of structures and components of all sizes and shapes
through the use of engineered coatings has long been a key strategy in materials
processing and technological design. The ever-increasing sophistication of engi-
neered coatings and the rapid trend toward producing increasingly smaller devices
with greater demands on their fabrication, properties and performance have led
to significant progress in the science and technology of coatings, particularly in
the last decade or two. Nanostructured coatings constitute a major area of scien-
tific exploration and technological pursuit in this development. With characteristic
structural length scales on the order of a few nanometers to tens of nanometers,
nanostructured coatings provide potential opportunities to enhance dramatically
performance by offering, in many situations, extraordinary strength and hardness,
unprecedented resistance to damage from tribological contact, and improvements
in a number of functional properties. At the same time, there are critical issues and
challenges in optimizing these properties with flaw tolerance, interfacial adhesion
and other nonmechanical considerations, depending on the coating systems and
applications.

Nanostructured coatings demand study in a highly interdisciplinary research
arena which encompasses:

� surface and interface science
� study of defects
� modern characterization methodologies
� cutting-edge experimental developments to deposit,synthesize, consoli-

date, observe as well as chemically and mechanically probe materials at
the atomic and molecular length scales

� state-of-the-art computational simulation techniques for developing in-
sights into material behaviour at the atomic scale which cannot be obtained
in some cases from experiments alone

The interdisclipinary nature of the subject has made it a rich playing field for
scientific innovation and technological progress.

Albano Cavaleiro and Jeff De Hosson have edited an outstanding volume on
nanostructured coatings which provides an excellent snapshot of the state-of-the-
art in this important topic. They have assembled as contributors to this volume an
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viii Foreword

impressive group of research teams who have participated in the rapid progress this
area has seen in the recent past. The volume provides a very balanced picture of the
broad scope of the field, while at the same time capturing the rich details associated
with the various topics covered. The community will benefit greatly from the hard
work of the editors and authors of this volume, and I expect this volume to have a
significant impact on research and practice involving nanostructured coatings.

SUBRA SURESH

Ford Professor of Engineering
Massachusetts Institute of Technology

Cambridge, Massachusetts



Acknowledgments

The editors are grateful to the team of experts that took care of the peer-review
of the chapters, consisting of Prof. Jorgen Bottiger, Prof. Steve Bull, Dr. Peter
Hatto, Dr. Nigel Jenett, Prof. Francis Levy, Dr. Joerg Patscheider, Prof. Jean-
François Pierson, Prof. Yves Pauleau, Prof. Carlos Tavares, Prof. Carl Thompson,
Prof. Filipe Vaz, Prof. Atul Chokshi, and Prof. Dirk van Dyck.

ix



Contents

1. Galileo Comes to the Surface! . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 1

Jeff T. M. De Hosson and Albano Cavaleiro

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 1
2. Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 2
3. Challenges and Opportunities . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 4

3.1. Wear: The Role of Interfaces in Nanostructured
Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 4

3.2. Friction: Size Effects in Nanostructured Coatings . . . . . . . . . . . 9
3.3. Tribological Properties: The Role of Roughness . . . . . . . . . . . . 16

4. Leitmotiv and Objective . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 21
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 23
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 24

2. Size Effects on Deformation and Fracture of
Nanostructured Metals . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 27

Benedikt Moser, Ruth Schwaiger, and Ming Dao

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 27
2. Mechanical Testing of Nanostructured Bulk and Thin

Film Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 28
2.1. Tensile and Compression Testing . . . . . . . . . . . . . . . . . . . . . . . . 28
2.2. Indentation Testing: Experimental Technique

and Computations . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 30
2.3. Cantilever Bending . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 33
2.4. In Situ Testing Technique . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 34

3. Deformation and Fracture Under Microstructural Constraint . . . . . . 34
3.1. Crystalline Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 34

3.1.1. Microstructure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 34
3.1.2. Monotonic Deformation . . . . . . . . . . . . . . . . . . . . . . . . . 36
3.1.3. Monotonic Fracture . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 50
3.1.4. Cyclic Deformation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 51

xi



xii Contents

3.2. Amorphous Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 53
3.2.1. Yield Function . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 54
3.2.2. Serrated Flow in Bulk Metallic Glasses . . . . . . . . . . . . . 56
3.2.3. Stress-Induced Nanocrystallization . . . . . . . . . . . . . . . . . 57

4. Deformation Under Dimensional Constraint . . . . . . . . . . . . . . . . . . . 57
4.1. Yield Stress and Hardening . . . . . . . . . . . . . . . . . . . . . . . . . . . . 57
4.2. Cyclic Deformation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 63

5. Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 66
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 67

3. Defects and Deformation Mechanisms in Nanostructured
Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 78

Ilya A. Ovid’ko

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 78
2. Deformation Mechanisms in Nanocrystalline Coatings:

General View . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 80
3. Lattice Dislocation Slip . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 82
4. Grain Boundary Sliding . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 85
5. Rotational Deformation Mechanisms . . . . . . . . . . . . . . . . . . . . . . . . 89
6. Grain Boundary Diffusional Creep (Coble Creep) and

Triple Junction Diffusional Creep . . . . . . . . . . . . . . . . . . . . . . . . . . . 93
7. Interaction Between Deformation Modes in Nanocrystalline

Coating Materials: Emission of Dislocations from
Grain Boundaries . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 95

8. Defects and Plastic Deformation Releasing Internal Stresses in
Nanostructured Films and Coatings . . . . . . . . . . . . . . . . . . . . . . . . . 97

9. Concluding Remarks . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 101
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 102
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 102

4. Nanoindentation in Nanocrystalline Metallic Layers:
A Molecular Dynamics Study on Size Effects . . . . . . . . . . . . . . . 109

Helena Van Swygenhoven, Abdellatif Hasnaoui,
and Peter M. Derlet

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 109
2. Atomistic Modeling . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 111

2.1. Molecular Dynamics . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 112
2.2. Steepest Descent and Conjugate Gradient Methods . . . . . . . . . . 113
2.3. Interatomic Potentials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 114



Contents xiii

2.4. Creation of Nanocrystalline Atomistic Configurations . . . . . . . 115
2.5. Atomistic Nanoindentation Simulation Geometry . . . . . . . . . . . 116
2.6. Atomistic Visualization Methods for GB and GB

Network Structure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 118
2.7. The Time- and Length-Scale Problem . . . . . . . . . . . . . . . . . . . . 120

3. The Deformation Mechanisms at the Atomic Level in
Nano-Sized Grains Beneath the Indenter . . . . . . . . . . . . . . . . . . . . . 121
3.1. Deformation Mechanisms in nc fcc Metals

Derived from Tensile Loading . . . . . . . . . . . . . . . . . . . . . . . . . . 121
3.2. Atomistic Mechanism under the Indenter . . . . . . . . . . . . . . . . . 122
3.3. Interaction of Dislocations with the GB Network . . . . . . . . . . . 126
3.4. The Ratio between Indenter Size and Grain Size . . . . . . . . . . . . 129
3.5. Material Pileup . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 134
3.6. Unloading Phase . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 136

4. Discussion and Outlook . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 138
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 139

5. Electron Microscopy Characterization of Nanostructured
Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 143

Jeff Th. M. De Hosson, Nuno J. M. Carvalho, Yutao Pei,
and Damiano Galvan

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 143
2. Description of the Experimental Methodology . . . . . . . . . . . . . . . . . 146

2.1. Materials . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 146
2.2. Characterization with Electron Microscopy

Techniques . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 147
2.3. TEM Sample Preparation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 160

3. Microstructure of Diamond-Like Carbon Multilayers . . . . . . . . . . . 162
3.1. DLC Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 162
3.2. Coated Systems . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 163
3.3. Particles Inside an Amorphous Structure . . . . . . . . . . . . . . . . . . 172
3.4. Defect Structure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 175
3.5. Mechanisms of Crack Propagation . . . . . . . . . . . . . . . . . . . . . . . 176

4. Characterization of TiN and TiN–(Ti,Al)N Multilayers . . . . . . . . . . 181
4.1. Transition Metal Nitrides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 181
4.2. Microstructural Features . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 184
4.3. Formation and Microstructure of Macroparticles . . . . . . . . . . . . 189
4.4. Nanoindentation Response . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 192

5. Outlook . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 199
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 209
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 209



xiv Contents

6. Measurement of Hardness and Young’s Modulus
by Nanoindentation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 216

Thomas Chudoba

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 216
2. Theory of Indentation Measurements . . . . . . . . . . . . . . . . . . . . . . . . 217
3. Influence and Determination of Instrument Compliance . . . . . . . . . 226
4. Influence and Determination of Indenter Area Function . . . . . . . . . . 233
5. Additional Corrections for High-Accuracy Data Analysis . . . . . . . . 239

5.1. Thermal Drift Correction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 239
5.2. Zero Point Correction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 242

6. Specific Problems with the Measurement of Thin
Hard Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 243
6.1. Consideration of Substrate Influence . . . . . . . . . . . . . . . . . . . . . 243
6.2. Sink-In and Pileup Effects . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 250

7. Limits for Comparable Hardness Measurements . . . . . . . . . . . . . . . 251
8. Young’s Modulus Measurements with Spherical Indenters . . . . . . . 255
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 258
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 258

7. The Influence of the Addition of a Third Element on the
Structure and Mechanical Properties of
Transition-Metal-Based Nanostructured Hard Films:
Part I—Nitrides . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 261

Albano Cavaleiro, Bruno Trindade, and Maria Teresa Vieira

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 261
2. The Addition of Aluminum to TM Nitrides . . . . . . . . . . . . . . . . . . . . 263
3. Ternary Nitrides with TM Elements from the IV, V,

and VI Groups . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 267
4. The Specific Case of the Addition of Si to TM Nitrides . . . . . . . . . . 270
5. Addition of Low N-Affinity Elements to TM Nitrides . . . . . . . . . . . . 274
6. W-Based Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 275

6.1. The Binary System W-X . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 275
6.1.1. Chemical Composition and Structural Features . . . . . . . 275
6.1.2. Hardness . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 277

6.2. The Ternary System W–X–N . . . . . . . . . . . . . . . . . . . . . . . . . . . 279
6.2.1. Coatings with the bcc α-W Phase . . . . . . . . . . . . . . . . . . 279
6.2.2. Coatings with the fcc Nitride Phase . . . . . . . . . . . . . . . . 283
6.2.3. As-Deposited Amorphous Coatings . . . . . . . . . . . . . . . . 288
6.2.4. Achievement of Nanocrystalline Structures from

the Crystallization of Amorphous Films
of the TM-Si-N System . . . . . . . . . . . . . . . . . . . . . . . . . . 290



Contents xv

6.2.5. Evolution of the Chemical Composition
of TM-Si-N Films During Thermal Annealing . . . . . . . . 294

6.2.6. Mechanical Properties of TM-Si-N Coatings
after Thermal Annealing . . . . . . . . . . . . . . . . . . . . . . . . . 295

7. Conclusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 306
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 307
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 307

8. The Influence of the Addition of a Third Element on the
Structure and Mechanical Properties of Transition-Metal-
Based Nanostructured Hard Films: Part II—Carbides . . . . . . . . 315

Bruno Trindade, Albano Cavaleiro, and Maria Teresa Vieira

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 315
2. Amorphous Carbide Thin Films Deposited by Sputtering . . . . . . . . 318
3. Structural Models for Prediction of Amorphous

Phase Formation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 318
4. Amorphous Phase Formation in TM-TM1-C (TM and TM1 =

Transition Metals) Sputtered Films . . . . . . . . . . . . . . . . . . . . . . . . . . 323
4.1. TM-Fe-C (TM = Ti, V, W, Mo, Cr) Thin Films . . . . . . . . . . . . . 323
4.2. W-TM-C (TM = Ti, Cr, Fe, Co, Ni , Pd, and Au)

Thin Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 327
5. Hardness and Young’s Modulus of Sputtered

TM-TM1-C Thin Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 332
5.1. Ternary TM-C/TM1-C Systems (TM = Group VA Metal;

TM1 = Group VIA Metal) . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 332
5.2. Other Ternary TM-TM1-C Systems . . . . . . . . . . . . . . . . . . . . . . 335

6. Thermal Stability of Sputtered Amorphous
M1-M2-C Thin Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 339

7. Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 342
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 343

9. Concept for the Design of Superhard Nanocomposites
with High Thermal Stability: Their Preparation,
Properties, and Industrial Applications . . . . . . . . . . . . . . . . . . . 347

Stan Veprek and Maritza G. J. Veprek-Heijman

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 347
1.1. Possible Artifacts During Hardness Measurement

on Superhard Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 348
1.2. Requirements on the Thickness of

the Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 351
2. The Earlier Work . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 352



xvi Contents

3. Superhard Nanocomposites in Comparison with
Hardening by Ion Bombardment . . . . . . . . . . . . . . . . . . . . . . . . . . . 355

4. Superhard Nanocomposites with High Thermal Stability . . . . . . . . 359
4.1. The Design Concept for the Deposition of Stable

Superhard Nanocomposites . . . . . . . . . . . . . . . . . . . . . . . . . . . 359
4.2. Properties of the Fully Segregated Superhard

Nanocomposites . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 369
4.2.1. Thermal Stability, “Self-Hardening,”

and Stabilization of (Al1−x Tix )N . . . . . . . . . . . . . . . . . . 369
4.2.2. Oxidation Resistance . . . . . . . . . . . . . . . . . . . . . . . . . . . 375
4.2.3. Morphology and Microstructure . . . . . . . . . . . . . . . . . . 378

5. Reproducibility of the Preparation of Superhard,
Stable Nanocomposites . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 381
5.1. The Role of Impurities . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 381
5.2. Conditions Needed to Obtain Complete Phase

Segregation During the Deposition . . . . . . . . . . . . . . . . . . . . . 385
5.3. Conditions Needed to Achieve Hardness

of 80 to ≥ 100 GPa . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 388
6. Mechanical Properties of Superhard Nanocomposites . . . . . . . . . . 390

6.1. Recent Progress in the Understanding of the
Extraordinary Mechanical Properties . . . . . . . . . . . . . . . . . . . . 390

6.2. The Resistance Against Brittle Fracture . . . . . . . . . . . . . . . . . . 392
6.3. High Elastic Recovery . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 393
6.4. Ideal Decohesion Strength . . . . . . . . . . . . . . . . . . . . . . . . . . . . 395
6.5. The Future Research Work . . . . . . . . . . . . . . . . . . . . . . . . . . . . 396

7. Industrial Applications . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 397
8. Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 398
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 400
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 400

10. Physical and Mechanical Properties of Hard
Nanocomposite Films Prepared by Reactive
Magnetron Sputtering . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 407

J. Musil

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 407
2. Formation of Nanocrystalline and Nanocomposite

Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 408
2.1. Low-Energy Ion Bombardment . . . . . . . . . . . . . . . . . . . . . . . . 408
2.2. Mixing Process . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 409
2.3. Structure of Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 409

3. Microstructure of Nanocomposite Coatings . . . . . . . . . . . . . . . . . . 413
4. Role of Energy in the Formation of Nanostructured Films . . . . . . . 415



Contents xvii

4.1. Ion Bombardment in Reactive Sputtering of Films . . . . . . . . . 417
4.2. Effect of Ion Bombardment on Elemental

Composition of Sputtered Films . . . . . . . . . . . . . . . . . . . . . . . 419
4.2.1. Resputtering of Cu from Zr-Cu-N Films . . . . . . . . . . . . 420
4.2.2. Desorption of Nitrogen from Sputtered

Nitride Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 420
4.3. Effect of Ion Bombardment on Physical

Properties of the Film . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 421
4.4. Ion Bombardment of Growing Films in Pulsed

Sputtering . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 423
5. Enhanced Hardness . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 426

5.1. Open Problems in Formation of Nanocomposite
Films with Enhanced Hardness . . . . . . . . . . . . . . . . . . . . . . . . 428

5.2. Macrostress in Sputtered Films . . . . . . . . . . . . . . . . . . . . . . . . 428
5.3. High-Stress Sputtered Films . . . . . . . . . . . . . . . . . . . . . . . . . . . 433
5.4. Low-Stress Sputtered Films . . . . . . . . . . . . . . . . . . . . . . . . . . . 434

5.4.1. Effect of Chemical Bonding . . . . . . . . . . . . . . . . . . . . . 434
5.4.2. Effect of Grain Size . . . . . . . . . . . . . . . . . . . . . . . . . . . . 436
5.4.3. Effect of Deposition Rate aD on Macrostress σ . . . . . . 436
5.4.4. Macrostress σ in X-ray Amorphous Films . . . . . . . . . . 438

5.5. Concluding Remarks on Reduction of
Macrostress σ in Superhard Films . . . . . . . . . . . . . . . . . . . . . . 441

6. Origin of Enhanced Hardness in Single-Phase Films . . . . . . . . . . . 441
7. Classification of Nanocomposites According to Their

Structure and Microstructure . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 443
8. Mechanical Properties of Hard Nanocomposite Coatings . . . . . . . 445

8.1. Interrelationships between Mechanical Properties of
Reactively Sputtered Ti(Fe)Nx Films and Modes
of Sputtering . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 447

8.2. Effect of Stoichiometry x and Energy Epi on
Resistance to Plastic Deformation and Hardness
of Reactively Sputtered Ti(Fe)Nx Films . . . . . . . . . . . . . . . . . . 448

9. Trends of Future Development . . . . . . . . . . . . . . . . . . . . . . . . . . . . 450
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 453
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 453

11. Thermal Stability of Advanced Nanostructured
Wear-Resistant Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 464

Lars Hultman and Christian Mitterer

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 464
2. Measurement Techniques . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 465

2.1. Biaxial Stress–Temperature Measurements . . . . . . . . . . . . . . . 466



xviii Contents

2.2. Differential Scanning Calorimetry and
Thermogravimetric Analysis . . . . . . . . . . . . . . . . . . . . . . . . . . 468

3. Recovery . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 470
3.1. Single-Phase Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 470

3.1.1. Compound and Miscible Systems . . . . . . . . . . . . . . . . . 470
3.1.2. Pseudo-Binary Immiscible Systems . . . . . . . . . . . . . . . 476

3.2. Multiphase Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 477
3.2.1. Nanocomposite Coatings . . . . . . . . . . . . . . . . . . . . . . . . 477
3.2.2. Superlattices . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 479

4. Recrystallization and Grain Growth . . . . . . . . . . . . . . . . . . . . . . . . 480
4.1. Single-Phase Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 480

4.1.1. Compound and Miscible Systems . . . . . . . . . . . . . . . . . 480
4.1.2. Pseudo-Binary Immiscible Systems . . . . . . . . . . . . . . . 482

4.2. Multiphase Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 483
4.2.1. Nanocomposite Coatings . . . . . . . . . . . . . . . . . . . . . . . . 483
4.2.2. Superlattices . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 486

5. Phase Separation in Metastable Pseudo-Binary Nitrides . . . . . . . . 489
5.1. Spinodal Decomposition . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 489
5.2. Age Hardening . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 493

6. Interdiffusion . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 495
7. Oxidation . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 497

7.1. Alloying of Hard Coatings to Improve Oxidation
Resistance . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 497

7.2. Self-Adaptation by Oxidation . . . . . . . . . . . . . . . . . . . . . . . . . 499
8. Conclusions and Outlook . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 500
Acknowledgments . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 502
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 502

12. Optimization of Nanostructured Tribological Coatings . . . . . . 511

Adrian Leyland and Allan Matthews

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 511
2. The Significance of H/E in Determining Coating

Performance . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 513
3. Practical Considerations for Vapor Deposition of

Nanostructured Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 517
4. Design and Materials Considerations for

Metallic-Nanocomposite and Glassy-Metal Films . . . . . . . . . . . . . 518
4.1. Background to Metal Nanocomposite Films . . . . . . . . . . . . . . 518
4.2. Design Considerations . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 520
4.3. Materials Selection for Nanostructured

and Glassy Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 522



Contents xix

5. Examples of PVD Metallic Nanostructured and
Glassy Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 526
5.1. CrCu(N) and MoCu(N) Nanostructured Films . . . . . . . . . . . . 526
5.2. CrTiCu(B,N) Glassy Metal Films . . . . . . . . . . . . . . . . . . . . . . 528

6. Adaptive Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 531
7. Summary . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 533
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 534

13. Synthesis, Structure, and Properties of Superhard
Superlattice Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 539

Lars Hultman

1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 539
2. Growth of Superlattice Films . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 540
3. Origin of Superhardening . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 543
4. Mechanical Deformation and Wear Mechanisms . . . . . . . . . . . . . . 545
5. Conclusions . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 551
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 552

14. Synthesis Structured, and Applications of Nanoscale
Multilayer/Superlattice Structured PVD Coatings . . . . . . . . . . 555

P. Eh. Hovsepian and W.-D. Münz

1. Aspects of Industrial Deposition of Nanoscale
Multilayer/Superlattice Hard Coatings . . . . . . . . . . . . . . . . . . . . . . 555
1.1. Introduction . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 555
1.2. Production Aspects . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 557
1.3. Arc Bond Sputtering Interface . . . . . . . . . . . . . . . . . . . . . . . . . 562
1.4. Main Criteria Defining Superlattice Structure . . . . . . . . . . . . . 568
1.5. Texture and Residual Stress . . . . . . . . . . . . . . . . . . . . . . . . . . . 577
1.6. Mechanical and Tribological Properties . . . . . . . . . . . . . . . . . . 583

2. Industrial Applications of Various Nanoscale
Multilayer/Superlattice Structured PVD Coatings . . . . . . . . . . . . . 586
2.1. Application-Tailored Superlattice Coating Family . . . . . . . . . 586
2.2. Superlattice Coatings Dedicated to Serve High-Temperature

Applications . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 587
2.2.1. Structure and High-Temperature Behavior of

TiAlCrN/TiAlYN and TiAlN/CrN Nanoscale
Multilayer Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . 587

2.2.2. Application of TiAlCrN/TiAlYN in Dry High-Speed
Cutting Operations . . . . . . . . . . . . . . . . . . . . . . . . . . . . 592



xx Contents

2.2.3. Application of TiAlCrN/TiAlYN in Forming and
Forging Operations . . . . . . . . . . . . . . . . . . . . . . . . . . . . 596

2.2.4. Application of TiAlCrN/TiAlYN, and TiAlN/CrN
in Protection of Gamma Titanium Aluminides . . . . . . . 598

2.3. Superhard Low-Friction Superlattice Coatings and
Their Applications . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 601
2.3.1. Structure and Tribological Properties of TiAlN/VN

Superlattice Coating . . . . . . . . . . . . . . . . . . . . . . . . . . . 601
2.3.2. Application of TiAlN/VN Superlattice Coatings in

Dry High-Speed Machining of Medium-Hardness
Low-Alloyed and Ni-Based Steels . . . . . . . . . . . . . . . . 606

2.3.3. Application of TiAlN/VN Superlattice Coatings in
Dry High-Speed Machining of Al Alloys . . . . . . . . . . . 608

2.4. Nanoscale Multilayer Coatings Designed For Very Low
Friction and Their Applications . . . . . . . . . . . . . . . . . . . . . . . . 611
2.4.1. Structure and Tribological Properties of C/Cr Nanoscale

Multilayer Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . 611
2.4.2. Application of Nanoscale Multilayer C/Cr Coating in

Machining of Ni-Based Alloys . . . . . . . . . . . . . . . . . . . 617
2.5. CrN/NbN Superlattice Coating Designed for High

Corrosion and Wear Applications . . . . . . . . . . . . . . . . . . . . . . 618
2.5.1. Microstructure and Corrosion Resistance of CrN/NbN

Superlattice Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . 618
2.5.2. Tribological Performance of CrN/NbN Superlattice

Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 624
2.5.3. High-Temperature Performance of CrN/NbN

Superlattice Coatings . . . . . . . . . . . . . . . . . . . . . . . . . . . 627
2.5.4. Application of CrN/NbN Superlattice Coatings

in Textile Industry . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 628
2.5.5. Application of CrN/NbN Superlattice Coatings

in Cutlery Industry . . . . . . . . . . . . . . . . . . . . . . . . . . . . 633
2.5.6. Application of CrN/NbN Superlattice Coatings

in Printing Industry . . . . . . . . . . . . . . . . . . . . . . . . . . . . 635
2.5.7. Application of CrN/NbN Superlattice Coatings in

Leather Industry . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 636
2.5.8. Application of CrN/NbN Superlattice Coatings for

Protection of Surgical Blades . . . . . . . . . . . . . . . . . . . . 636
References . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 638

Index . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . . 645



1
Galileo Comes to the Surface!

Jeff T. M. De Hosson1 and Albano Cavaleiro2

1Department of Applied Physics, Materials Science Centre and the Netherlands
Institute for Metals Research, University of Groningen, Nijenborgh 4, 9747 A. G.
Groningen, The Netherlands
2Departamento de Engenharia Mecanica, FCTUC, Universidade de Coimbra Pinhal de
Marrocos, 3030 Coimbra, Portugal

1. INTRODUCTION

The year was 1635: Galileo completed his “Dialogues concerning new sciences.”1

The science listed first was his study of “what holds solids together?” and “why do
they fall apart?” It is fair to say that since his “Dialogues,” the former question has
developed to the core of interests in condensed matter physics, whereas the latter
became an important branch of engineering. After the introduction of quantum me-
chanics, about 300 years later, the question “what holds solids together?” became
based on collective excitations. These concepts were very successful in explaining
functional properties of materials. In contrast, a similar success was not achieved
in explaining the mechanical properties and the second question of Galileo, namely
“why do solids fall apart?” could not be properly answered. Mechanical properties
are determined by the collective behavior of defects rather than by the bonding
between atoms and electrons. Even the behavior of one singular defect is often ir-
relevant. For instance, there exists a vast amount of microscopy analyses on ex situ
deformed solids that try to link observed defect patterns to the mechanical behavior
characterized by stress–strain curves. However, in spite of the enormous effort that
has been put in both theoretical and experimental works, a clear physical picture
that could even predict one stress–strain curve and failure by crack propagation of
a coating is still lacking. The reason is quite obvious: in plastic deformation and
in fracture we are faced with very nonlinear effects. These phenomena are irre-
versible and far from equilibrium and consequently cannot be treated by common
solid-state physics approaches. As a result, this area of research has largely been
ignored by condensed matter physics. The problem was too tough to be “cracked,”
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so to speak. However, like in all sciences, he who would eat the kernel must crack
the nut.

Luckily enough the tide is turning for two reasons. The first reason lies in new
instrumental developments, which permit microstructural control on a nanometer
scale, often by sophisticated processing. Alongside these developments in pro-
cessing, it became possible to do in situ mechanical experiments under controlled
conditions in conjunction with microscopy analyses, for both structural and chem-
ical information. These developments became particularly relevant for the design
of novel coatings in the field of surface engineering.

2. COATINGS

The surface of a component is usually the most important engineering factor.
While it is in use it is often the surface of a workpiece that is subjected to wear
and corrosion. The complexity of the tribological properties of materials and the
economic aspects of friction and wear justify an increasing research effort. In in-
dustrialized countries some 30% of all energy generated is ultimately lost through
friction. In the highly industrialized countries losses due to friction and wear are
put at between 1 and 2% of gross national product. To an increasing degree there-
fore, the search is on for surface modification techniques, which can increase the
wear resistance of materials. Unfortunately, there exists an almost bewildering
choice of surface treatments that cover a wide range of thickness. The choice
has to be such that the surface treatment does not impair too much the properties
of the substrate for which it was originally chosen; that is to say, it should not
reduce the load-bearing overlooked capabilities, for example. This aspect of the
substrate has been overlooked frequently in surface engineering, with emphasis
put rather more on the protective coating itself. Equally, the surface treatment
chosen should be suitably related to the problem to be solved.2,3 If a thin pro-
tective layer may do the job, it does not make much sense in concentrating on
processing of a thick layer on top of a substrate. It is worth noting here that
wear resistance is a property not of materials but of systems, since the material
of the workpiece always wears against some other medium. It is its relation to its
environment (e.g., lubrication and speed of sliding/rotation) that determines the
wear resistance of the material in a given construction. As a general rule, wear
is determined by the interplay of two opposing properties: ductility and hard-
ness. Wear can be reduced by modifying the surface layer in such a way that
it acquires higher ductility, so that greater plastic deformation can occur with-
out particles breaking off. Soft surface layers can be very effective in reducing
wear due to delamination. Resistance to wear by abrasion, on the other hand, is
then low. However, wear can also be reduced by making the surface layer harder.
Then again, increasing hardness also means an increase in the elasticity strain
limit and a reduction in ductility, leading to a lowering of fatigue resistance and
hence to brittle failure. The characteristics of the system (i.e., whether the wear
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is caused by delamination or abrasion) determine which of the surface engineer-
ing methods should be chosen. An interesting approach is decreasing the grain
size, which could lead to both an increase in mechanical strength and fracture
toughness.

The enormous advantages for materials properties by decreasing the grain
size down to the nanometric level were very rapidly extended into the field of
mechanical applications. The enthusiasm to manipulate the structure of the de-
posited films by playing with the binomial feature size/phases distribution was
contagious. The deposition of metastable phases either of high-temperature type
or with extreme shifts far from stoichiometric chemical composition led to un-
expected phases, quasi-amorphous structures, and nano-sized grains. In fact, the
knowledge transfer from bulk materials to coatings led to extensive studies on
ceramic materials, in particular oxides, carbides, and nitrides, due to their excel-
lent performance concerning very high hardness, chemical and thermal stability,
and, in many cases, good tribological characteristics. These coatings are known
as “hard coatings”. Traditionally, the term hard coatings refers to the property of
high hardness in the mechanical sense with good tribological properties, although
it can be extended to other areas (optical, optoelectronics) where a system oper-
ates satisfactorily in a given environment.4 Although for a long time, hardness has
been regarded as a primary material property affecting wear resistance, the elastic
strain to failure, which is related to the H /E ratio, is a more suitable parameter for
predicting wear resistance.5 The parameter H refers to hardness and the parameter
E represents the Young’s modulus. Within a linear elastic approach, this is under-
standable according to the relations that the yield stress of contact is proportional
to (H 3/E2) and the equation Gc = πaσ 2

c /E , with a being the crack length and
σc the critical stress at failure. It indicates that the fracture toughness of coatings
defined by the so-called critical strain energy release rate Gc would be improved
by both a low Young’s modulus and a high hardness.

Immediately after the first results on hard coatings, it was concluded that their
final properties were outstanding compared to the corresponding bulk materials
with similar chemical compositions. Among the several suggested explanations
for the difference in this mechanical performance, the much lower grain size was
the preferred one. However, most of the time, only empirical relationships were
established without any deep understanding of what was going on. The well-
known Hall–Petch relationship was frequently applied, without a critical sense
that could comprise all the other cases where such a relation was not respected.
This period coincided with the first steps in systematic studies in nanocrystalline
materials.

Roughly speaking surface modification techniques fall into two groups6:

� Processes for applying protective coatings, e.g., plating, electrolytic gal-
vanization, physical vapor deposition (PVD), chemical vapor deposition
(CVD), and laser cladding.
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� Processes designed to modify the material of the existing surface by al-
tering its structure or composition. Recent developments in structural
manipulation comprise laser hardening, electron beam hardening, and shot
peening, whereas thermochemical treatments include nitriding, boriding,
carburizing, and ion implantation.

There are two main reasons that provided an impetus for bridging the fields
of nanostructured materials and coatings: (1) in various coating systems deposited
by PVD or CVD, the final structures consist very often of grain sizes much smaller
than obtained with traditional processing techniques; (2) the versatility of deposi-
tion techniques allows the production of materials over a large range of chemical
compositions, structures, and functional properties. Many of the difficulties in
processing nanocrystalline bulk materials (such as fully dense microstructures),
control of phase distribution, and control of grain size and its homogeneity can be
easily overcome with deposition techniques.

3. CHALLENGES AND OPPORTUNITIES

3.1. Wear: The Role of Interfaces in Nanostructured Materials

Making an appropriate microstructure of a nanostructured coating is an epitome
in materials design. This is so because the concentration of lattice defects and the
details of the numerous interfaces, including the topology of the triple junctions
between the interfaces, determine the overall mechanical response. The overar-
ching challenge is therefore the design of a nanostructured coating that is free of
defects that degrade the structural and functional behavior. As will be discussed
in various chapters in this book, from experimental and theoretical analyses, one
can conclude, with a certain confidence, that deformation in nanocrystalline ma-
terials, in particular metals, is at least partially carried by dislocation activity for
grain sizes above a critical value around 10–15 nm. Below that critical value, plas-
tic deformation is mostly carried by grain boundary processes. Nevertheless, in
many investigations it has been overlooked quite often that several deformation
processes might act simultaneously. This means that even though dislocations are
observed above the critical grain size and less below the critical grain size, vari-
ous grain boundary processes are likely to occur at the same time. In evaluating
the performance of a nanostructured coating, it is essential to examine the defect
content as well as the microstructural features,7,8 in particular, grain-size disper-
sion, distribution of interface misorientation angles, and internal strains. It can be
anticipated that control of the grain-size dispersion is extremely important in the
experimental design of these nanostructured coatings. A nanostructured material
with a broad grain-size dispersion will exhibit a lower overall flow stress than
a material with the same average grain size but with a much smaller grain-size
distribution. Consequently, experimental control over the grain-size distribution is
important to investigate concepts in materials design of nanostructured coatings.
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Diffusion-, time-, and temperature-dependent processes play an important role in
nanocrystalline materials.

In the materials design of a coating for specific mechanical applications, i.e.,
hard versus tough,9–21 one has to make a distinction between crack nucleation and
crack propagation. Grain-size effects can be considered as follows. Whether the
material exhibits intergranular fracture can be estimated from the stress of a pileup
of dislocations in a particular grain, τ ∗, that is required to activate dislocations in
the next grain at a distance r . The stress concentration from the dislocation pileup
increases with the number of dislocations in the pileup. The latter increases with
the grain size d,22–24 and dislocation activation in the next grain occurs when

τ ∗ = (τa − τ0)

√
d

4r
(1.1)

where τa is the applied shear stress and τ0 is the intrinsic, frictional shear stress,
resisting dislocation motion inside the grain. Suppose that intergranular fracture
occurs along the grain boundary, i.e., r in Eq. (1.1) becomes of the order of the
interatomic spacing a0, and that the effective tensile stress σ ∗(∼= 2τ ∗) becomes as
large as the theoretical strength σth. The latter can be described by the decohe-
sion of two atomic planes of surface energy γ , on which the atoms are arranged
periodically. Hooke’s law is assumed for the initial part of the stress–displacement
curve, yielding a theoretical strength σth equal to

√
Eγ /a0. Equation (1.1) yields

for crack nucleation, with γ ∼= Ea0/40,

σnuc > σ0 + 1

3
E

√
a0

d
(1.2)

Whether or not flow initiation is concurrent with fracture depends on the value of
σ0 in comparison with the fracture stress σF. When σ0 is larger than σF, cracks will
nucleate and the microcracks thus formed propagate along the boundary, leading to
more or less brittle failure. From Eq. (1.2), it can be concluded that with decreasing
grain size, the stress necessary for crack nucleation increases. The ultimate case
is found in amorphous materials where crack nucleation is effectively suppressed.
It does not mean that an amorphous coating would be the best choice for a tough
coating because crack propagation is enhanced and purely amorphous materials
are intrinsically very brittle under tension. An amorphous material shows a cer-
tain density distribution caused by localized defects having either severe shear
or hydrostatic stress field components.25 The hydrostatic stress field component,
actually representing a free volume, can be annealed out but localized defects with
shear stress components cannot. The latter trigger the formation of shear localiza-
tion leading to enhanced crack propagation. One way of improving the materials
design of an amorphous coating, keeping the suppression of crack nucleation, is
to spread the localization of shear in a delocalized state by the introduction of
particles in an amorphous matrix. The ductility and therefore the toughness will
be enhanced provided the particles become of the same size as the width of the
shear localization, i.e., s ≈ d in Fig. 1.1. Of course this physical picture applies
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FIGURE 1.1. Nanocrystallites of diameter d separated at a distance s and embedded in
an amorphous matrix. Inside the amorphous matrix, density fluctuations lead to a distri-
bution of defects characterized by shear �s

i j and hydrostatic �h
ii stresses.

more to metallic systems than to covalent bonded amorphous materials. Although
locally the mechanical response of the directionality of the bonds in amorphous
carbon differs from an amorphous metal, the basic description will stay the same.
For hard coatings the key challenge is to avoid grain boundary sliding, leaving
grain rotation as the deformation mechanism, i.e., s � d in Fig. 1.1. As far as
toughness is concerned, more compliant (amorphous) boundary layers might be
more beneficial. This was experimentally confirmed in the case of TiC/a-C:H
nanocomposite coatings (Fig. 1.2). Indeed according to this physical picture, the
coating with s ≈ d (Fig. 1.2c) showed a substantially lower wear rate compared
to the situation when s � d (Fig. 1.2a), i.e., 3 × 10−17m3/(N m lap) versus 2 ×
10−15m3/(N m lap), respectively.

In most cases, as will be illustrated in the various chapters the experimental
and theoretical analyses of nanostructured coatings assume that internal interfaces
are free of impurities and segregation. However, segregation to interfaces may
have both beneficial and detrimental effects on the mechanical performance of
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(a)

(b)

(c)

2 nm

FIGURE 1.2. HRTEM micrographs showing TiC nanocrystallites embedded in an a-C:H
matrix in nc-TiC/a-C:H nanocomposite: (a) d = 4.5 nm and s = 0.3 nm; (b) d = 2.2 nm and
s = 0.7 nm; and (c) d = 2.2 nm and s = 1.8 nm, where d is the mean particles size and s
is the mean particle spacing.
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coatings. The importance of segregation to interfaces is determined primarily by
the inherent inhomogeneity of interfaces, i.e., the fact that physical and chemical
properties may change dramatically at or near the interface itself. The accumula-
tion of impurity atoms at grain boundaries and surfaces leads to the formation of
a very narrow zone, of the order of a few lattice spacings, with different chemical
compositions. As a result of sharp concentration gradients, an isotropic bulk solid
may change locally into a highly anisotropic medium. Very small bulk concentra-
tions of impurity atoms can lead to significant amounts of those atoms at the grain
boundary and interphase interfaces. This can drastically change the response of a
material on loading and can eventually lead to brittle failure of an otherwise ductile
material. Although embrittlement by impurity segregation is frequently observed,
interface segregation can also have a ductilizing effect on brittle materials, de-
pending on both impurity and matrix elements. Even small amounts of oxygen can
contribute to interface embrittlement and the fracture mode of the material may
change from cleavage to intergranular, with the fracture path closely following the
interfaces. This behavior is typical of materials that have undergone certain types
of heat treatments when impurities are present. The effect of segregation on surface
and interfacial energies is well established.26 It has been shown that the surface
or interface energy is reduced by segregants and that those segregants that are
highly surface active lead to the most drastic reduction. The effects of segregants
on interface cohesion have been the subject of many discussions. Calculations
for segregants in all matrices in the ideal solution approximation have given an
indication of the influence of segregation on the interface cohesion.27 However,
an increase in cohesion cannot be related directly to a decrease in the propensity
of intergranular fracture. The temperature at which fracture takes place may in-
fluence the fracture process. Effects of segregation on mechanical properties can
be presented within a thermodynamic framework,28 where the embrittlement of
grain boundaries by solute segregation is formulated in terms of the ideal work of
interfacial separation 2γint. The control of γ interfacial separation

2γint = (2γint)0 − (
�G0

int − �G0
FS

)
Γ (1.3)

where (2γint)0 is the work of separation of a fully clean interface and Γ is the
excess interfacial solute coverage (concentration per unit area), is the most ap-
propriate way of enhancing interfacial resistance to fracture. �G0

int and �G0
FS are

usually negative and represent the free energies of segregation to the interface
and free surface, respectively, evaluated at the same temperature. Embrittlement
(or ductilization) by solute segregation can now be explained with Eq. (1.3) in
terms of 2γint: a segregating solute with a greater free energy of segregation to
a free surface compared with �G0

int (i.e., more negative) will embrittle because
2γint will be reduced. In contrast, a lower free energy at an interface compared
with �G0

FS will enhance interfacial cohesion, i.e., 2γint increases. However, even
more important than these brittle fracture modes is the effect of segregation on the
ductile–brittle transition temperature (DBTT). Above that temperature a material
is ductile, whereas it becomes brittle when the temperature decreases below the
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DBTT. An otherwise ductile material becomes brittle because the DBTT is raised.
The effects of segregants have been reported generally as variations in DBTT,
i.e., δDBTT, associated with a variation in solute coverage, δΓ :

δDBTT ∝ δΓ (1.4)

According to Eq. (1.3) solute segregation influences the DBTT via the effect on
2γint and

δDBTT

δΓ
∝ (

�G0
int − �G0

FS

)
(1.5)

In some cases, the DBTT has been observed to be inversely related to the impact
fracture toughness, KIC, and K −1

IC versus Γ should be approximately linear.29 When
there is no redistribution of the segregants, the reduction in the ideal work of
fracture, namely

�2γint = −
∫ ΓGB

0

{[
δGGB (Γ )

δni

]
P,T,nj

−
[
δGFS (Γ )

δni

]
P,T,nj

}
dΓ (1.6)

where
[

δG(	)
δni

]
P,T,nj

is the chemical potential of solute ni in equilibrium with Γ

at the boundary or free surface, leads in the dilute limit to Eq. (1.3). Segregants
may offset the total embrittling effect described by Eq. (1.5) because of their
contribution to the ease of dislocation emission at the crack tip.

It is quite obvious that all these processes at the interface have to be under-
stood in order to tailor nanostructured coatings with a desirable set of physical and
chemical properties for structural applications. The impossibility in many cases of
demonstrating, experimentally, the theories that could support the particular char-
acteristics and properties of nanocrystalline materials constituted the driving force
for the huge amount of research work on the modeling of the deformation response
of these materials when externally loaded. Molecular dynamics (MD) modeling
has been very instrumental in the understanding of mechanical deformation mech-
anism of such materials, which are not accessible by experimental means.30,31

Expressions such as “grain boundary sliding,” “grain boundary diffusion,” “in-
verse Hall–Petch relationship,” “triple junctions,” and “disclinations” now make
part of the current terminology in our field.32 These efforts are being directed, not
only to the complete understanding of the more simple metallic materials, but also
to much more structurally complex materials such as those of ceramic type. Unfor-
tunately, the extrapolation of the knowledge already concerning nanocrystalline
metals to ceramic materials is still in a very embryonic state.

3.2. Friction: Size Effects in Nanostructured Coatings

Challenging experimental and theoretical studies that have not received much at-
tention are size effects on friction.33 The question is whether there is a critical size
below which the friction becomes negligibly small. This holds particular pertinence
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in explaining the effect of the thickness of the so-called transfer layer on the coun-
terpart during wear and the optimal size of wear debris creating the transfer layer.
In DLCs (diamond-like carbons), adhesive interactions are responsible for friction
and the commonly accepted idea is that covalent bonding between unoccupied
states and dangling σ bonds attributes to a high friction coefficient.34 Of course,
this will dramatically change in hydrogenated DLC films and a much lower friction
coefficient is observed. In fact, this crude idea is influenced greatly by the operative
environment and the friction coefficient of hydrogenated DLC films increases with
2 orders of magnitude up to 0.1 when moisture and oxygen are present. In essence
a-C:H represents an amorphous network composed of carbon and hydrogen. This
network consists of strongly cross-linked carbon atoms with mainly sp2 (graphite-
like) and sp3(diamond-like) bonds. Hydrogen may either bond to carbon atoms to
form H-terminated carbon bonds or stay unbonded in hydrogen reservoirs. In fact,
hydrogen acts as a promoter or stabilizer of the sp3-bonded carbon phase. It is
generally speculated that the low friction of most carbon films is largely because
these materials are chemically inert and consequently they exert very little adhe-
sive force during sliding against other materials. The major friction-controlling
mechanisms have been suggested as the following: (1) Build-up of a transfer film
on the surface of the counterpart, which permits easy shear within the interfacial
materials and protects the counterpart against wear. However, the shear strength
strongly depends on the tribochemical reaction with the surrounding gases present
in the contact. (2) The ability to form graphitic surface layer under most tribolog-
ical conditions. The wear-induced surface graphitization of DLC films consists of
two steps: first hydrogen release causes relaxations and then shear deformation
promotes a graphitic structure at the surface. (3) Hydrogen passivation of the dan-
gling carbon bonds on the surface, permitting only weak interactions between the
DLC film and the sliding counterpart. The friction of DLCs can be lowered by
controlling the availability of hydrogen, either through incorporating hydrogen in
the films or by adding hydrogen to the surrounding atmosphere. In the absence of
hydrogen measurement data, it is difficult to judge the contribution of hydrogen
passivation on the reduction of friction in the case of TiC/a-C:H nanocomposite
coatings. However, the effect of the transfer films are clearly revealed with the in
situ monitoring of the wear depth (actually the thickness of the transfer films) and
the simultaneous recording of the coefficient of friction curves during the tribo-
tests, together with the microscopic observations on the wear scar of the balls as
will be shown in the following.

Friction can be regarded as a conversion of translational motion of the solids,
with respect to each other, into vibrational energy.35,36 It is significant to recall that,
for infinite systems, the phonon spectrum consists of a continuum of vibrational
modes and phonon damping can be easily realized because, due to anharmonicity,
energy can be easily transferred from one mode to the other. As a matter of course,
this is not the case in a finite system in which all the modes are discrete and only
a certain combination of modes can carry the phonon damping. In principle, it
implies that the smaller the system, the smaller is the friction and, in the limit below
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a critical size, the system becomes frictionless. Surroundings will also contribute
to anharmonicity and possibilities of dissipation, but the contribution to the phonon
damping is still considered to be small for smaller sized systems. In the case of
nanocomposite coatings, as schematically displayed in Fig. 1.1, we are facing
density fluctuations that can be described as a distribution of stress fields having
different character. In fact, the phonons are scattered by anharmonicities due to
the strain field of these defects. In this mechanism, a translational motion interacts
with phonons via scattering accompanying momentum transfer. The starting point
in our description is therefore the total momentum of the phonon gas,

	p =
∑

h-- 	k N (	k) (1.7)

where N (	k) is the number of phonons in a vibrational mode {	k}. Because of the
interaction, phonons are interchanged between the various modes, which leads to
a variation of the occupation number N (	k). The average retarding force is then

	f = −
∑

h-- 	k
·

N (	k) (1.8)

The rate of change of the average numbers of phonons N (	k) in mode {	k} can be
expressed in a general form37

·
N (	k) =

∑
W (	k, −	k ′)[N ( 	k ′) − N (	k)] + · · · (1.9)

The sum in Eq. (1.9) represents the increase per unit of time of the average number
of phonons in mode {	k}, and W (	k, −	k ′) is the probability rate for the scattering
of a phonon from mode {	k} to { 	k ′}. Next, we assume, for the sake of simplicity,
that the energy of the phonon gas is also conserved in three-phonon collisions, and
W (	k, −	k ′, − 	k ′′) vanishes.

For static defects one finds, according to Fermi’s golden rule,

Wstatic(	k, −	k ′) = wstatic(	k, −	k ′)δ(ω(	k) − ω( 	k ′)) (1.10)

with

wstatic(	k, −	k ′) = 2π

[
(2π )3

Ω0ρ0

]2 |V1(	k, −	k ′)|2
ω(	k)ω( 	k ′)

(1.11)

The δ function in Eq. (1.10) means that the energy of the phonons is conserved
in collisions with static defects. W contains the basic physics of the description by
V1, which is the coupling between the vibrational modes, represented by {	k}, their
polarization vectors 	e (	k), and the defects (see Fig. 1.1), which are represented by
the Fourier transforms �(ε) of their strain fields ε. A typical element of V1 has the
form

V1 = A1(	e · 	k)(	e′ · 	k ′) �(ε)(	q) + · · · (1.12)

with 	q = (q1, q2, q3). V1 vanishes unless 	k + 	k ′ + 	q = 0, meaning that the mo-
mentum of the phonon is changed in collisions with the defects.
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In our case of a uniformly moving system, a standard, time-dependent, per-
turbation treatment yields the probability rate

Wmoving(	k, −	k ′) = wmoving(	k, −	k ′) δ(ω(	k) − ω(	k ′)

−(	k − 	k ′) · 	v) (1.13)

The latter reflects in the δ function [compare Eq. (1.10)] that after the in-
teractions not only the momentum changes, but also the energy. We assume that
the time the system needs to travel a distance of the order of the phonon mean
free path is large compared to the phonon relaxation time; i.e., the phonon distri-
bution is then, on average, equal to the distribution in thermal equilibrium. The
phonon relaxation time τphonon can be estimated from the thermal conductivity
K = cVρvl/3, with cV being the specific heat and ρ the material density. For v

we take the maximum shear wave velocity equal to
√

µ/ρ, where µ is the shear
modulus. Considering DLC amorphous carbon with K = 1 W/(m K), cV = 0.8
J/(g K),38,39 ρ = 1.8 × 106 g/m3, the phonon mean free path becomes lC

∼= 0.5
nm, yielding a relaxation time τphonon = lC/v ∼= 10−13s. The thermal conductiv-
ity of the composite can be calculated based on an effective medium theory,40,41

but in the present case with a volume fraction of 20% of TiC it leads to a small
deviation in τphonon [the thermal conductivity approaches 2 W/(m K)]. Indeed, at
experimental velocities the phonon distribution is in equilibrium; i.e.,

N
j

k =
[

exp

(
h--ω j

k

kT

)
− 1

]−1

(1.14)

where k is Boltzmann’s constant and T represents the absolute temperature. If the
system velocity approaches the sound velocity, the phonon distribution is not at
equilibrium and actually a severe heat current will arise from the deviations N (	k) −
N (	k). This is basically also the difference between the thermal heat conduction

that can only exist provided N (	k) �= N (	k) and the phonon drag that can exist even

when N (	k) = N (	k).
It is rather difficult to work out analytical equations for the phonon interac-

tions in case the phonon distribution is not in thermal equilibrium. In general, to
study the dissipative properties of a system, it is convenient to apply the quantum-
mechanical technique of nonequilibrium statistical mechanics. The dissipation
of energy per unit time t can be written as the product of the time derivative
of the phonon Hamiltonian H (t) and the deviation of the so-called density ma-
trix, exp[−H (t)/T ]/Tr{exp[−H (t)/T ]}, from its equilibrium value. The latter can
be expressed as a time-dependent integral equation and accordingly the anhar-
monicity drag becomes time dependent. However, in the following we will assume
only interactions with a phonon gas in thermodynamic equilibrium, independent
of t .

Within this theoretical framework, friction is possible only if the inverse
of the phonon lifetimes are larger than the spacing of the vibrational modes.42
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The latter depends on the size and increases with decreasing size. In a harmonic
approximation, the spacing is determined by the spring constant α and the mass
m. Friction will occur if

1

τph
≥ π

N

√
α

m
(1.15)

where N represents the number of vibrational units involved. The spring constant
of C H and C C bonds is about 500 N/m, leading to the prediction, based on Eq.
(1.15), that for N smaller than 50 unit cells, i.e., 20–30 nm, the friction becomes
negligibly small. For a metal like Cu the critical thickness will be about 40 nm.
It means that generating wear debris of these dimensions in the beginning is the
best.

An example of the wear behavior and friction coefficient as a function of
laps is shown in Fig. 1.3 for the TiC/a-C:H nanocomposite coating of Fig. 1.2c.
Tribo-tests were performed on a CSM tribometer with a ball-on-disc configuration
at 0.1 m/s sliding speed and 2 or 5 N normal load. The wear depth/height of the
coating sample (disc) and the counterpart (6-mm-diameter ball) was monitored in
situ with a resolution of 0.02 µm by an RVDT sensor during the tribo-tests, which
allowed in situ measurement of the thickness of the transfer films on the surface
of the counterpart in contact. The coating shows a very low steady-state friction
coefficient, but also a quick drop from an initially high value of about 0.2 at the
beginning of sliding until the transition point where the steady state is reached.
Such a behavior is attributed to the gradual formation of a transfer film on the
counterpart surface during the early stage of a tribo-test, which makes the contact
in between two, basically similar, hydrophobic a-C:H surfaces that contribute to
self-lubrication. Against different counterparts, i.e., sapphire, alumina, and bearing
steel balls, only slight differences in the friction coefficient are observed on the
coatings that self-lubricate. It may imply that the interfacial sliding actually takes
place between the transfer films on the ball and the surface of the coating, rather
than sliding between the surfaces of the counterpart and the coating. To prove that
the self-lubrication is induced by the formation of transfer films, the wear depth
was in situ monitored with the RVDT sensor during the tribo-tests. As marked
by the arrows in Fig. 1.3, segments with a negative slope were observed in the
depth versus laps graph and indicated a significant growth of the transfer film on
the ball surface, rather than a real reduction in the depth of the wear track on the
coatings. Correspondingly, substantial decreases in the friction coefficient were
detected. The maximum growth amplitude in the thickness of the transfer films
was measured at about 100 nm and the minimum at the level of 10 nm. Once the
transfer film stopped growing, the coefficient of friction could not decrease further
and started to fluctuate. Because the transfer film covered the ball surface in contact,
the wear rate of the coating diminished at that moment and resulted in less debris
formed. As a result, the transfer film became thinner with sliding distance until
it broke down fully, leading to a sudden rise in the friction coefficient. Sliding at
higher friction coefficient may generate more debris, which in turn provided the
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(a)

(b)
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FIGURE 1.3. (a) Dynamic frictional behavior of coating sliding in air of 25% relative
humidity, and (b) wear scar of 100Cr6 steel ball. (An arrow indicating the sliding direction
of the coating in contact is inserted.). CoF, coefficient of friction.

necessary materials for the growth of new transfer film. Thereafter, this dynamic
friction process was observed to be cyclical. Figure 1.3b shows the wear scar of
the 100Cr6 ball covered with transfer films, as well as the wear debris collected in
front of, and at the flanks of, the wear scar.

To understand the behavior of the coefficient of friction in the framework
of size effects, the following analysis is made: For an elastic contact of a 6-mm-
diameter steel ball pressed against a coating of 150-GPa elastic modulus, with a
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load of 5 N, a circular contact area of 100-µm diameter will develop, correspond-
ing to a maximum contact pressure p0 of about 950 MPa. As a consequence of
the applied load, shear stresses will develop beneath the surface, with a maximum
of about 0.3-GPa shear stress 20 µm below the surface, i.e., far below the inter-
face between the thin coating and the substrate. A typical steel substrate is able
to withstand this shear stress level. The shear stress gradually decreases going to-
ward the surface, and only low shear strength materials will be able to fail locally,
with the development of debris that will ensure that a thin transfer layer will form
for the reduction of friction. This is the reason why commonly lamellar, low shear
strength materials such as graphite and MoS2 are employed as solid lubricants.43

DLC coatings suit very well this proposed framework for low friction. They are
hard and stiff materials with a typically amorphous structure. A distinction must be
made between hydrogenated (a-C:H) and H-free (a-C) amorphous carbons. Under
contact their surface undergoes a phase transition with the local formation of aro-
matic structures (for a-C:H) or graphite (for a-C). These phases are characterized
by low shear strengths, which will cause the formation of wear debris. Because of
the low shear strength of graphitized a:C (of the order of 10–100 MPa) wear debris
will be formed, the thickness of which is related to the thickness of the graphi-
tized layer under the surface, i.e., of the order of nanometers. It leads to very low
friction in agreement with the predictions based on Eq. (1.15). In the present case
(Figs. 1.1–1.3) the material will yield when the contact pressure p = σY/µ, where
σY and µ represent the yield stress and coefficient of friction, respectively. The
point of yielding is easily reached because of the low shear strength of graphitized
a-C and is expected44 to lie beneath the contact if µ ≤ 0.3, which is the case at the
onset of the friction coefficient in the experiment (see Fig. 1.3).

Chemical effects should be considered if the influence of the atmosphere
on the coefficient of friction must be explained. For a-C:H a low humidity at-
mosphere is the preferred condition for low friction. The H-terminated surfaces
of both counterparts ensure their contact occurs under low adhesion, so that the
transfer layer will be kept at the optimal thickness. The presence of humidity
influences the surface properties of the counterparts, increasing their adhesion.
Under these conditions the thickness of the transfer layer will vary under sliding
contact, with subsequent increase of friction, which will increase wear, modifying
the transfer layer thickness and leading to an unstable situation that will finally
lead to high-friction sliding. For H-free a-C the situation is different, in that in this
case the transfer layer formation is “dynamic,” with graphite plates continuously
transferring between coating and ball, because of the low shear rate along the
basal planes of graphite. The ease of mutual sliding of the graphite basal planes
can be improved with the presence of intercalated water molecules, giving a very
different behavior as compared to a-C:H. Also in this case, when the transfer layer
thickness has reached an optimum thickness there will be a stable situation, as the
corresponding low friction will ensure that no further modifications of its thick-
ness will occur. In this case sliding in vacuum or inert atmosphere leads to an
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unstable high-friction state. Under vacuum sliding the pz orbitals of each graphite
atom will be dangling on the unsaturated surface, which will increase the adhesion
between two such surfaces enormously, leading to high friction and wear and no
possibility for transfer layer formation. Chemical effects are probably the reason
why lamellar, low shear strength materials such as Ti3SiC2 do not exhibit low
friction following the formation of a transfer layer,45,46 which is in contrast with
the classical theory of low friction, which states that a low shear strength mate-
rial on top of a hard substrate is the desired low-friction configuration. To further
support the theoretical framework presented here the behavior of polymers such
as HDPE (high-density polyethylene) and PTFE (polytetrafluoroethylene) sliding
against glass can be mentioned.47 These polymers form a transfer layer on the hard
counterpart, but their initial coefficients of friction remain around 0.2–0.3, while
the transfer layers are micrometers thick. As the sliding progresses the transfer
layers become much thinner, and only then coefficients of friction as low as 0.05
are measured (for PTFE).

The physical picture is that a wear debris of nanometer thickness is formed,
reducing the friction according to Eq. (1.15). The wear debris is collected dur-
ing the sliding process with the ball to produce a compacted transfer layer. In
getting the wear debris and transfer layer in the first place the starting rough-
ness of the ball may play a decisive role. Commonly the roughness is around
40 nm, creating high local shear stresses around the asperities that in the begin-
ning contribute to the formation of the wear debris and the formation of the transfer
layer.

3.3. Tribological Properties: The Role of Roughness

Clearly, from the last section, roughness may have a crucial influence on the attach-
ment and detachment of layers from a substrate. Despite its importance, the effects
of roughness on tribological properties have been somewhat overlooked from a
research perspective in the chapters to come. Therefore, some new ideas and de-
velopments will be presented herein. This topic was studied initially by Fuller and
Tabor,48 and it was shown that a relatively small surface roughness could diminish
or even remove the adhesion. In their model a Gaussian distribution of asperity
heights was considered with all asperities having the same radius of curvature.
The contact force was obtained by applying the contact theory of Johnson et al.49

to each individual asperity. However, this approach considers surface roughness
over a single lateral length scale. The maximum pull-off, or detachment, force
is expressed as a function of a single parameter that determines (the statistically
averaged) competition between the compressive forces from higher asperities that
try to pull the surfaces apart and the adhesive forces from lower asperities that try
to hold the surfaces together.

On the other hand, randomly rough surfaces, which are commonly encoun-
tered for solid surfaces,50,51 possess roughness over many different length scales
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rather than a single one. This case was considered by Persson and Tosatti52 for
the case random self-affine rough surfaces. It was shown that when the local frac-
tal dimension D is larger than 2.5, the adhesive force may vanish or at least be
reduced significantly. Because D = 3 − H the roughness effect becomes more
prominent for roughness exponents H < 0.5(D > 2.5). The parameter H repre-
sents the roughness exponent (not to be confused with hardness H in this chapter)
that characterizes the degree of surface irregularity. Upon decreasing H the surface
becomes more irregular at short length scales.

These predictions were limited to the case of small surface roughness and the
calculations were performed using power law approximations for the self-affine
roughness spectrum, which are valid for lateral roughness wavelengths qξ > 1,
with ξ being the in-plane roughness correlation length. Extension for the case of
arbitrary roughness, including contributions from roughness wavelengths qξ < 1,
was presented in Ref. 53. Although the effect of various roughness parameters
on the detachment force was partially analyzed, a more detailed study is nec-
essary in order to provide a complete picture of the effect of various detailed
self-affine roughness parameters. In the following description the rough interface
either refers to the substrate/coating system or to the coating/transfer layer on a
sliding ball.

We assume that the substrate surface roughness is described by the single-
valued random roughness fluctuation function h(	r ), with 	r = (x, y) being the
in-plane position vector, such that 〈h(	r )〉 = 0. The adhesive energy is given
by

Uad = −�γ

∫
d2r

√
1 + 	∇h · 	∇h (1.16)

Assuming Gaussian random roughness fluctuations yields after ensemble aver-
aging over possible random roughness configuration, with γ being the surface
energy,

Uad = −�γ Aflat

〈√
1 + 	∇h · 	∇h

〉
(1.17)

where 〈√
1 + 	∇h· 	∇h

〉
=

∫ +∞

0
du

(√
1 + ρ2u

)
e−u (1.18)

where Aflat is the average macroscopic flat contact area, ρ =
√

〈(∇h)2〉 represents
the average local surface slope of the substrate rough surface, and −�γ is the
change of the local surface energy upon contact due to film–substrate interaction.
Substituting in ρ = (〈| 	∇h|2〉)1/2 the Fourier transform of the surface height h (	q) =
(2π )−2

∫
h(	r ) e−i 	q·	r d2	r , with 	r = (x, y) being the in-plane position vector and
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assuming 〈h(	q)h(	q ′)〉 = δ2(	q ′ + 	q)〈h(	q)h(−	q)〉 (i.e., translation invariance), the
rms local slope ρ is given by

ρ2 =
∫

q2〈|h(	q)|2〉 d2 	q =
∫

q2C(q) d2 	q (1.19)

where C(q) is the Fourier transform of the substrate height–height correlation
function 	rC(r ) = 〈h(	r )h(0)〉 that characterizes the substrate roughness. Further-
more, the elastic energy stored in the film of elastic modulus E and Poisson’s ratio
v is given by

Uel = −1

2

∫
d2r 〈h(	r )σz(	r )〉 (1.20)

assuming that the normal displacement field of the film equals h(	r ). Since in
Fourier space we have h(	q) = Mzz(	q)σz(	q) with Mzz(	q) = −2(1 − v2)/Eq52 and
h(	q) = (2π )−2

∫
h(	r ) e−i 	q·	r d2	r , we obtain after substitution into Eq. (1.20)

Uel = Aflat
E

4(1 − v2)

∫
qC(q) d2q (1.21)

Notably, Eq. (1.21) is valid for relatively weak roughness or small local surface
slopes, ρ = 〈(∇h)2〉 < 1.

A wide variety of surfaces/interfaces are well described by a kind of roughness
associated with self-affine fractal scaling.50 For self-affine surface roughness C(q)
scales as a power law C(q) ∝ q−2−2H if qξ � 1 and C(q) ∝ const if qξ � 1. The
roughness exponent H is a measure of the degree of surface irregularity, such that
small values of H characterize more jagged or irregular surfaces at short length
scales (< ξ ). This scaling behavior is satisfied by a simple Lorentzian form C(q).53

For other self-affine roughness correlation models, see Ref. 51. Simple analytical
expressions of ρ = 〈(∇h)2〉 for the local surface slope yields can be derived,53,54

and Fig. 1.4 shows calculations of the local surface slope. Clearly a strong influence
of the roughness exponent H is observed.

The change in the total free energy, when the thin layer is in contact with the
rough substrate, is given by the sum of the adhesive and elastic energy such that

Uad + U el = −Aflat�γ eff (1.22)

where �γeff is the effective change in surface free energy due to substrate
surface roughness. For �γeff the main roughness contribution comes from the
local surface slope ρ especially at absence of interfacial elastic energy stored in
the system. Moreover, since C(q) ∝ w2, the influence of the rms roughness am-
plitude w on �γeff is rather simple (�γeff ∝ w2) for small w (for large w the
contribution to adhesion is proportional to w), while any complex dependence on
the substrate surface roughness will arise solely from the roughness parameters H
and ξ .

Considering a uniform slab of thickness d that undergoes a displacement ũ
upon the action of a force F , we can calculate the necessary force F to delaminate
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FIGURE 1.4. Local surface slope � as a function of the in-plane roughness correlation
length � for w = 10 nm and various roughness exponents H.

the film from the substrate by equalizing the elastic energy Aflatd(1/2)E(
∼
u/L)2 with

the effective adhesion energy Aflat�γeff,which is actually a Griffith calculation in
fracture mechanics. Therefore, since F = Aflat E(

∼
u/L), we obtain

F = Fflat

[∫ +∞

0
du (1 + ρu)1/2 e−u − π E

2(1 − v2)�γ

∫ Qc

QL

q2C(q) dq

]1/2

(1.23)

with Fflat = Aflat(2�γ E/L)1/2. For small local surface slopes such that ρ < 1,
we can rewrite the integral for the adhesive term [Eq. (1.17)] in a closed integral
form and for the elastic term the analytic expression only for roughness exponents
H = 0, H = 0.5, and H = 1 can be found.53

Figure 1.5 shows that the force required to detach the film increases with
increasing roughness at long wavelengths or increasing ratio w/ξ , and low values
of the elastic modulus E . In this case, the increment of the surface area dominates
the contribution of the elastic energy. However, with increasing elastic modulus
E , a maximum for the detachment force is reached, beyond which it starts to
decrease rather fast and becomes even lower than the detachment force for a flat
surface (elastic energy assisted detachment regime). Notably, the maximum is more
pronounced for relatively low values of the elastic modulus E , so that Frough > Fflat

over a significant range of roughness ratios w/ξ . The maximum indicates that
the detachment can be a multivalued function of the ratio w/ξ , which makes the
interpretation of the roughness influence more complex. The detachment force
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FIGURE 1.5. Detachment force Frough/Fflat versus roughness ratio w/� for roughness ex-
ponent H = 0.4, w = 10 nm, and various elastic moduli E .

shows a maximum with increasing roughness ratio w/ξ as long as H < 0.5. The
detachment force decreases with increasing H at a faster rate and magnitude for
H > 0.5 and decreasing ratio w/ξ (see also Fig. 1.6).53,55 Up to now we assumed
complete contact between the thin film and the substrate. If, however, only partial

FIGURE 1.6. Detachment force Frough/Fflat versus roughness exponent H.
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contact occurs at a lateral length scale λ, then the real contact area A(λ) (if the
surface was smooth on all length scales shorter than λ; or apparent area of contact
on the length scale λ) is related to the macroscopic nominal contact area A(L) =
Aflat(≈ L2, L � ξ ).54–56 In conclusion, it is shown that the self-affine roughness
at the junction of an elastic film and a substrate influences its detachment force
in a way that the detachment force can be smaller than that of a flat surface for
relatively high elastic modulus E , depending also on the specific roughness details.
When the surface becomes rougher at long wavelengths, i.e., with increasing ratio
w/ξ , the effect of elastic energy becomes more dominant, leading to a detachment
force that shows a maximum after which it decreases and becomes lower than that
of a flat surface. Similar is the case of partial contact, where the detachment force
also increases as the contact length increases up to a maximum for contact lengths
larger than the roughness correlation length ξ . It further decreases and is followed
by saturation. The multivalued behavior around the maximum further complicates
the interpretation of the roughness influence. These results clearly indicate that the
roughness has to be precisely quantified in fraction and wear studies. So far, we
should note that our analytic calculations are strictly valid for elastic solids and
more research is needed to include plasticity.

4. LEITMOTIV AND OBJECTIVE

The empirical knowledge brought by the study of many complex systems showed
the importance of managing the structure of the deposited materials at differ-
ent levels, including the size of the crystallites. The experience accumulated
led to the development of theories based on fundamentals in materials science,
which could help to explain the unusual values found for the combinations of
mechanical strength and fracture toughness that some coatings could exhibit.
These theories were in many cases too speculative and only very recently the
use of powerful analyzing techniques is being introduced to confirm their va-
lidity. However, there are so many interrelated factors affecting the formation
of a thin coating that the theories have to be progressively adapted to the aris-
ing “new” results of the characterizing experimental techniques. Without being
exhaustive, and giving a simple example such as the deposition of carbon and
the use of only one processing technique (e.g., sputtering), it is possible to de-
posit from the graphitic form up to a high degree of diamond type with sp3/sp2

ratios from almost 0 to almost 1 and a panoply of mechanical properties, such
as hardness in the range from 1 to 80 GPa. The coatings are often deposited
in a reactive mode with hydrogen contents that can reach values of 50%. The
presence of other impurities resulting from the process itself, such as argon, in-
troduces one more variable. The challenge now is to correlate all these factors,
either with the microstructure (type of phases, grain sizes, phase distribution,
residual stresses) or with the processing parameters (partial pressure of reactive
gas, discharge pressure, input of energy in the growing film), to understand the
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processing–structure–property relationships. If a ternary system is being treated,
the complexity increases considerably. The possibility to form different mixtures
of phases, all of them in different thermodynamic states, with several structural
parameters, still justifies an empirical approximation. It must be remarked that
many of the actual industrially used hard coatings belong to these ternary systems,
e.g., Ti–Al–N coatings.

The synergy of knowledge acquired already by materials scientists on
nanocrystalline materials and by materials engineers on the deposition and char-
acterization of coatings is extremely important for the future development of
advanced coatings. This was the leitmotiv of this book. It intends to be a text
focusing on the latest developments in the interpretation of the mechanical behav-
ior of nanocrystalline materials, in the form of both bulk and thin film. The state
of the art presented in the different chapters is concentrated in the subjects that, in
each field, are judged to allow being integrated in common future research studies.
For materials scientists, it demonstrates a collection of experimental cases that can
stimulate the interest of their unique character, in relation to the nanocrystalline
nature. For the materials engineers, this book is a source of information that can
bring new scents for further analysis of the experimental results. In summary, the
impetus for this book revolves around the fundamental basis for the understand-
ing of the mechanical behavior of nanostructured materials and their differences in
relation to traditionally processed ones. The state-of-the-art deposition and charac-
terization techniques for hard nanostructured coatings for mechanical applications
are also proposed and reviewed.

This particular approach is quite different from the extensive literature avail-
able in both fields of nanostructured materials and hard coatings. Excellent review
books, papers, and special issues of scientific journals have been published in recent
years, on either the study of the mechanical behavior of nanostructured materials,
supported by the results of powerful techniques of analysis, or the deposition of
coatings for tribological applications by using different kinds of processing tech-
niques, including PVD and CVD methods. Many of these references are available
in the chapters of this book.

The guidelines followed for the selection of the themes were pointed on
the words “mechanical behavior,” in particular hardness and toughness. In all
cases, special attention was paid to the relationship between the hardness and the
structural/microstructural features. Two main parts can be considered in the book,
the first one dealing with what can be called “fundamental principles,” i.e., a close
insight of the understanding of the mechanical behavior of nanostructured ma-
terials. It includes a sequence comprising bulk materials and films deposited on
substrates with the necessary complement by MD simulation results for validation
of the experimental results. Two main characterization techniques capable of val-
idating the experimental microstructure–hardness relationship are also reviewed
in this section. These are, namely, electron microscopy techniques with all the
complementary accessories for chemical composition, bond type and structural
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analyses, and depth-sensing indentation for the elastic and plastic characteriza-
tion of the materials, with an emphasis on those deposited under the form of thin
films. This is in most of the cases the unique suitable technique for the mechanical
characterization of a coated material.

In the second part, selected hard coatings are outlined, either under devel-
opment or already in industrial applications. The first restriction used in this part
was the processing technique; only coatings deposited by PVD or CVD meth-
ods were considered. Furthermore, taking into account the importance of the
microstructure–structure/hardness relationship in nanostructured films for the aim
of this book, no contributions on intrinsically super-hard coatings were selected.
Boron nitride/carbide-based films (DLC and diamond) are not treated in this book.
It should be remarked that with nanocomposite structures, very interesting results
are now being obtained with self-lubricating coatings, which combine their self-
lubricating character to hardness values as high as 20 GPa. Two chapters were
dedicated to the influence that the addition of a third element can have in the
structure and functional properties of transition metal nitrides and carbides. These
materials are the most widely studied and used hard coatings since the beginning
of their development in the latter part of the 1960s. These chapters point at the
cases where single-phase films are deposited, although the problem of phase sep-
aration has already been touched upon. The transition metal nitrides serve as a
common base in most of the other chapters. Two of them deal with nanocomposite
coatings: one from the materials point of view and the other on the influence of
the processing parameters required to achieve this type of nanostructure. The ther-
mal stability and the conditions for optimizing the tribological behavior of these
nanostructured coatings are treated in separate chapters. Finally, the book ends
with two chapters dedicated to one particular type of nanocomposite coating—the
low-period multilayers. The first of these deals with the more fundamental con-
cepts on the interaction in multilayers, whereas the last chapter gives the “happy
end” to the book, presenting an extensive review of industrial applications of these
kinds of coatings, particularly for multilayer films. Galileo would have appreci-
ated it.
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1. INTRODUCTION

Material properties undergo significant changes as some characteristic length
scales approach the nanometer regime. In what follows, we will focus on the
mechanical properties of nanostructured metals. In our understanding, the term
“nanostructured metals” comprises systems with at least one characteristic length
scale smaller than 100 nm. This could be the grain size (referred to as “microstruc-
tural constraint”), as well as the specimen size or film thickness in a film–substrate
system (referred to as “dimensional constraint”).1 Properties of such materials
cannot simply be extrapolated from the properties of conventional samples. The
extensive use of thin films in the production of microelectronic devices or in corro-
sion protection and of bulk nanostructured materials in wear-intense applications
has stimulated considerable interest in their mechanical properties and significant
research efforts in both the scientific community and the industry.

In the further discussion, we use the term “nanocrystalline” (nc) for metals
with an average grain size and range of grain sizes smaller than 100 nm. “Ultrafine
crystalline” (ufc) metals are those with a grain size in the 100–1000 nm range,
and their “microcrystalline” (mc) counterparts have an average grain size of a
micrometer or larger.

We will start with a brief overview of mechanical testing techniques
(Section 2) that are typically used for testing nanostructured materials. In Sections 3
and 4, we will continue with a description of the current understanding of defor-
mation (monotonic and cyclic) and fracture in nanostructured metals and related
size effects. A short section (Section 3.2) will highlight some results on amorphous
metals that are relevant for our understanding of deformation mechanisms in nc
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metals. In the course of this essay, we will emphasize size effects and distinguish
between effects related to microstructural or dimensional constraint.

2. MECHANICAL TESTING OF NANOSTRUCTURED
BULK AND THIN FILM MATERIALS

The determination of mechanical properties of nanoscaled materials as well as
the investigation of size-related effects often require mechanical testing of small-
volume specimens. In some cases, the reason is the limited availability of materials;
in other cases, it is the inherently small scale of one or several dimensions such as
film thickness in thin films or diameter in nanowires. Many conventional testing
techniques have simply been scaled down, but novel techniques such as bulge
testing, nanoindentation, and microbeam deflection have been developed as well.
These techniques aim at determining material properties such as Young’s modulus,
yield strength, strain-rate sensitivity, strain-hardening rate, and tensile or fracture
strength in small volumes. In addition, the question about governing deformation
mechanisms has driven the development of new ways of testing. Methods rele-
vant to testing of nanostructured metals will be briefly described in the following
sections.

2.1. Tensile and Compression Testing

For conventional elastoplastic materials, tensile testing is the most important and
desirable testing method, mainly because of the specimen’s uniaxial stress state,
yielding the highly useful stress–strain curve. Compression testing, although often
involving a more complicated stress state due to friction at the loading surface
and resulting barreling, is in certain cases preferable due to the more stable de-
formation particularly for materials with limited ductility. When tensile failure
due to porosity or other material flaws is a problem, substantial plastic defor-
mation can often be reached by compression testing, which is less affected by
defects.2,3

Tensile testing of conventional materials is standardized and regulated in
several testing norms.4,5 If the material’s availability is limited and the specimen
geometry requirement cannot be fulfilled, the specimen geometry should be scaled
down in a self-similar manner in order to maintain a uniaxial stress state in the gauge
section. Special care is required in order to avoid scaling-related measurement
artifacts:

� Geometry measurement has to be done with a higher absolute precision
in the case of smaller specimens. Measuring a standard tensile testing
specimen with a caliper might be adequate, but measuring submillimeter
cross-sectional dimensions might require a micrometer screw.

� Surface preparation is more critical for smaller specimens; a better surface
finish can significantly increase the tensile strength.6 Even native oxide
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layers can in some cases influence the tensile testing results of very small
specimens.7

� The use of conventional strain measurement equipment, such as miniatur-
ized clip-on extensometers or glued strain gauges, may introduce a consid-
erable stiffening of the miniature specimen.

In addition to downscaling of conventional standardized tensile testing, novel
microtensile testing systems have been developed (e.g., Refs. 8 and 9). The size
of the specimens used in these systems renders conventional strain measurement
techniques impossible; noncontact strain measurement with video- or laser exten-
someters can be employed instead. However, these methods still require a certain
minimum specimen size because, in general, a marker has to be placed on the
specimen surface. For micron-sized specimens, special vision algorithms have
been developed, extracting strain information from an optical microscope video
capture of the specimen during the test.10 Furthermore, micro electro mechani-
cal system (MEMS) testing devices, especially suited for freestanding thin films
and samples with submicron dimensions, have been developed (cf. Fig. 2.1).11–16

These testing devices may contain actuator and sensor on one chip13; in other cases,
the actuation is done by a piezo crystal.16 In the case of freestanding thin films,
the specimen can even be fabricated together with the test chip.12 Displacement
and load resolutions of MEMS testing devices are high; however, calibrations are

FIGURE 2.1. Test chip for the testing of a freestanding thin film in the scanning electron
microscope. The chip includes the specimen, a force sensor beam, displacement mea-
surements markers, and several alignment springs. Actuation is done externally (e.g., by a
piezo crystal). (Courtesy of T. Saif, University of Illinois at Urbana—Champaign, Urbana,
IL.)
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often indirectly done through calculations or additional experiments after the test,
which reduces the accuracy of results.

Alternatively, thin films can be tested in tension while resting on an elastically
or plastically deformable soft substrate. The film stress can either be inferred by
measuring the response of the substrate alone and subtracting it from the measured
response of the film–substrate system17 or by X-ray measurement of the film
stress–strain.18 Using a purely elastic substrate such as polyimide, the metal thin
film deforms plastically and can be tested in compression simply by unloading, as
the total strain on the film–substrate system is still tensile and buckling is not an
issue.19 This method has successfully been used to study the fatigue behavior of
Cu thin films.20 Thermal cycling is another method used to investigate the stress–
strain behavior of a thin film on a substrate. This method is based on the thermal
mismatch between film and substrate, resulting in a curvature of the specimen and
strain in the film. For a thorough description of thin film testing techniques, see
for instance Refs. 21 and 22.

2.2. Indentation Testing: Experimental Technique
and Computations

The determination of hardness has a long tradition in materials testing.23,24 In con-
ventional hardness testing, a hard tip is pressed into the material and the residual in-
dentation size is measured optically. The size of such an indentation mark has to be
in the range of micrometers in order to be measurable in an optical microscope. For
nanostructured materials, the size of such an indent could exceed the specimen size
or the film thickness. Thus, a variety of depth-sensing hardness testing systems have
been developed (see Ref. 25, pp. 142–158, for a brief overview of commercially
available instruments). During the past decade, interest in indentation has increased
significantly; first, because of its simplicity of sample preparation, and second, be-
cause of the noticeable improvement of indentation equipment. It is now possible
to monitor with high precision both load and displacement of an indenter during
indentation experiments in the micro-Newton and nanometer ranges, respectively.
The high spatial resolution and accurate positioning also add to the popularity of
nanoindentation methods; indentation systems frequently offer the possibility to
image the sample surface prior to testing, to choose the position of the indenta-
tion with high lateral accuracy, and also to image the residual imprint afterwards.
Furthermore, the tested material volume is easily scalable by changing the load on
the indenter, which makes this method particularly useful to determine length-scale
effects, such as film thickness and grain size effects, in nanostructured materials.

During the indentation process, a load P is applied to the tip, and the tip pene-
tration h into the material is measured. For nanoindentation, Berkovich tips, which
are sharp three-sided diamond pyramids, are commonly used. The contact stiff-
ness between the tip and the specimen is then determined either from the peak load
and the initial slope of the unloading curves26,27 or dynamically during the loading
portion.26,28 The dynamic measurement is accomplished by superimposing a small
oscillation to the load on the indenter tip and measuring the resulting displacement
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of the tip with a lock-in amplifier. By this technique, truly instantaneous values of
the stiffness can be obtained for all penetration depths.

Using the contact stiffness, hardness and Young’s modulus may be calculated
when the tip shape and consequently the contact area are known. Methods to do
so have long been established by Doerner and Nix27 and Oliver and Pharr.26 The
determination of the elastic modulus and the hardness depends strongly on an
accurate measurement of the contact area. However, this is not always straight-
forward, particularly for metals, because material may pileup or sink-in in the
vicinity of the indentation, resulting in under- or overestimation of the contact
area, respectively.29 A quantitative measurement of the surface topography allows
to determine the true contact area of the indent and gives a more accurate result
for elastic modulus and hardness.30

Today, a comprehensive framework of theoretical and computational studies
exists, elucidating the contact mechanics and deformation mechanisms in order to
systematically extract material properties from P–h curves obtained from instru-
mented indentation (e.g., Refs. 26, 27, and 31–36).

In what follows, we will focus on fundamental studies of contact mechanics
during the indentation process, enabling an accurate estimation of elastic and
plastic properties of the indented material.

The elastic and plastic properties may be computed from the indentation
response, following a procedure proposed by Giannakopoulos and Suresh34; the
residual stresses may be extracted by the method described in Ref. 33. Using the
concept of self-similarity, simple but general results of elastoplastic indentation
response have been obtained. Recently, scaling functions were applied to study
bulk37 and coated material systems.38 Despite these advances, an accurate char-
acterization method to extract plastic properties remains elusive. This issue was
addressed by Dao et al.,31 who constructed a set of universal dimensionless func-
tions in order to describe the indentation response of a power law elastoplastic
material. Figure 2.2 shows the typical P–h response of an elastoplastic material to
sharp indentation. In the absence of an indentation size effect,39 the loading por-
tion of the indentation response generally follows the relation described by Kick’s
law,

P = Ch2 (2.1)

where C is the loading curvature. The average contact pressure pave = Pm/Am

(Am is the true projected contact area measured at the maximum load Pm) can be
identified with the hardness of the indented material. The maximum indentation
depth hm occurs at Pm, and the initial unloading slope is defined as dPu

dh

∣∣
hm

, where Pu

is the unloading force. In Fig. 2.2, Wt is the total work done by the load P during
loading, We is the released (elastic) work during unloading, and Wp = Wt –We the
stored (plastic) work. The residual indentation depth after complete unloading is
hr.

As discussed by Giannakopoulos and Suresh,34C , dPu
dh

∣∣
hm

, and hr
hm

are
three independent quantities that may be directly obtained from a single P–h
curve. Dao et al.31 proposed a set of reverse algorithms to use these three
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FIGURE 2.2. Schematic illustration of a typical P–h response of an elastoplastic material
to instrumented sharp indentation.31

indentation parameters to extract three (unknown) mechanical properties: reduced
modulus E∗, yield strength σ y, and hardening exponent n. The so-called reverse
algorithms enable the extraction of elastoplastic properties from a given set of
indentation data, whereas the forward algorithms allow for the calculation of
a unique indentation response for a given set of elastoplastic properties. For
a Berkovich or Vickers indenter, a representative strain εr was identified at
3.3%.31 It was further demonstrated that within the same theoretical framework,
the apparent disparities between the value of 3.3% identified and the values of
8%23,40 and 29%34,41 proposed in the literature stem from the different functional
definitions used to obtain these values, rather than from any intrinsic differences
in mechanistic interpretations.31 Various authors discussed the important issue
of sensitivity,31,42,43 and realized that within certain parameter ranges the reverse
analysis results are sensitive to experimental scatter.

More recently, a systematic methodology44,45 and experimental verifica-
tions45 of dual indentation algorithms were proposed by Bucaille et al.44 and
Chollacoop et al.45 The computational as well as experimental results showed that
the dual indentation method can significantly improve the accuracy of the extracted
plastic property.44–46

The presented computational models are valid only in the absence of an in-
dentation size effect (i.e., at large enough indentation depths). At small indentation
depths of the order of 100 nm to 1 µm, an increase in hardness with decreasing
indentation depth is often observed.39,47–49 This phenomenon is generally believed
to be related to geometric necessary dislocations due to the sharp strain gradients
imposed by the indenter tip.39,47–49 How to effectively describe the indentation
size effect and how to extract mechanical properties from small indents affected
by that effect is still an open question and needs further careful studies.
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Another important phenomenon that can complicate the above-mentioned
computational analysis of P–h curves is the frequently observed discontinuities
(also called pop-ins) in these curves for indentation depths smaller than roughly
100 nm in crystalline materials.32,50 It was proposed that these pop-ins are trig-
gered by the homogeneous nucleation of dislocations under the indenter.32,50–52

The phenomenon is normally associated with single crystals and mc metals. It is
unclear to what extent the small grain size in ufc and nc metals is affecting or even
suppressing this behavior.

2.3. Cantilever Bending

Another technique to study elasticity and plasticity of thin films and nanostructured
materials using nanoindentation equipment is the deflection of microbeams.53–55

The volume tested during microbeam deflection is somewhat larger than in nanoin-
dentation experiments. The microbeams are micromachined applying lithography
and etching techniques and have typical dimensions of about 100-µm length,
10–20-µm width, and a few micrometers thickness. This rather extensive sample
preparation cannot be applied to all materials and structures.

Nanoindentation systems have been used for several beam deflection studies
on single-layer and bilayer beams.53–57 In the case of bilayer beams, the substrate
beams are generally made of Si or SiO2. Then, a thin metal film is deposited onto
the beams. The beams are deflected using a nanoindenter and the P–h behavior
is recorded. A schematic of this experiment is shown in Fig. 2.3. For rectangular
beams, strain distribution and deformation in the thin metal film are not homo-
geneous; hence, it is not straightforward to obtain the stress–strain behavior of
the thin film material. This problem can be avoided by using beams of triangular
shape,56,57 which results in a constant bending moment per unit width. Conse-
quently, the strain on top of the beam is constant and the thin film on the surface
is homogeneously deformed.

Both methods, nanoindentation and microbeam deflection, are suitable for
characterizing plastic behavior, but do not give direct results for the yield or tensile
strength, the elongation to failure, or hardening rate. Due to the complex load-
ing conditions, more sophisticated analysis methods are required to extract the

FIGURE 2.3. Schematic of beam deflection experiment. In this edge view, the SiO2 beam
extends over an etch pit in the underlying Si substrate. A thin film can be deposited on
the microfabricated beams. (Adapted from Ref. 58.)
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materials parameters. A comprehensive study was undertaken by Schwaiger and
Kraft57 to identify the extent to which the mechanical properties of thin metal
films on substrates could be determined quantitatively from nanoindentation and
microbeam deflection. Thin Cu films on substrates were tested and the mechanical
behavior was described using finite elements with a simple bilinear constitutive
law. The results from finite element modeling of nanoindentation and microbeam
deflection were quite different. Microbeam deflection experiments appeared to be
more sensitive to the elastic–plastic transition, whereas the nanoindentation results
described the mechanical behavior at larger plastic strains more accurately.

At this point we want to mention that MEMS-based bending tests have been
developed recently.13 For this type of experiment, an electrostatic comb drive ac-
tuator was used to generate the load. The actuator had a probe to apply a point
load on the cantilever specimen. In this particular case, a 100-nm-thick freestand-
ing Al film was tested. These novel design and testing methods show that some
powerful tools are available to investigate fundamental mechanical properties in
nanostructured materials.

2.4. In Situ Testing Technique

In situ experiments with direct observation in an optical or electron microscope
can reveal important information about deformation mechanisms in materials.
Microtensile and cantilever bending experiments are well suited for in situ stud-
ies in a transmission (TEM) or scanning (SEM) electron microscope.59–63 Often
MEMS tensile devices are used in a SEM or TEM.12,15,64 Furthermore, a nanoin-
denter for in situ TEM studies has recently been developed and successfully used
to indent Al thin films.65,66

Observations during in situ experiments need to be judged with care. The
correct interpretation of the results has to take possible artifacts into account. TEM
specimens are very thin and the observed material behavior could be influenced by
the close proximity of the surface. During in situ SEM studies the behavior only
at the surface, not necessarily representative for the bulk, can be observed.

3. DEFORMATION AND FRACTURE UNDER
MICROSTRUCTURAL CONSTRAINT

3.1. Crystalline Materials

3.1.1. Microstructure

Ultrafine crystalline and nanocrystalline metals can be produced by a number
of different methods that can roughly be divided into four groups: cryomilling
and compaction,67–69 severe plastic deformation,70 gas condensation and consoli-
dation,71–73 and electrodeposition.74,75 The microstructure of the produced metals
is closely related to the manufacturing process. The first two methods produce
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reasonable amounts of bulk material and yield grain sizes in the ufc regime (100–
1000 nm). The latter two yield nc materials with grain sizes below 100 nm, but
quantity is very limited. Both compaction processes suffer from some porosity
and/or unwanted grain growth during the compaction process (particularly when
the process is thermally assisted). Ultrafine crystalline metals produced by repeated
severe plastic deformation are 100% dense and exhibit high dislocation density.
Their microstructure usually consists of a few larger grains containing a clear
subgrain structure. Electrodeposition enables the processing of nc metals with
grain sizes down to a few nanometers and a narrow grain size distribution.76,77

The material usually exhibits a 100% density, although some nanoporosity in
electrodeposited Ni has been detected by Van Petegem et al.78 using TEM and
positron annihilation lifetime measurements. The chemical purity is normally rel-
atively high compared to materials produced by other processing routes. However,
so far only sheet material with a thickness of a few hundred micrometers can be
produced with high quality. A short overview of the different processing routes
with information on the resulting microstructure can be found in Ref. 79.

The structure of grain boundaries in nc metals has been under debate for a
long time. Earlier studies suggested that an amorphous layer existed at the grain
boundaries exhibiting a high degree of disorder.80 There is, however, growing
evidence from high-resolution TEM studies that grain boundaries in nc materials
are very similar to grain boundaries in mc materials.59,81 Crystallinity is usually
maintained up to the grain boundaries and the intercrystalline density is found to
be very close to the density of the respective single crystals.82 Recent molecular
dynamics (MD) studies have corroborated these results.83,84

It is generally accepted that nc metals are thermodynamically unstable. Criti-
cal temperatures for normal and abnormal grain growth have been determined85–89

and alloying is generally found to inhibit grain growth to a certain extent and make
the structure stable to higher temperatures.90,91

Quite a few experimental studies have been performed on electrodeposited,
fully dense, high-purity Ni. Since it is relevant to the subsequent discussion, the
microstructure of this material (procured from Integran Technologies Inc., Canada)
will be described in greater detail at this point. Figure 2.4 shows the microstructures
of differently grain-sized specimens. The microstructure of nc Ni (Fig. 2.4a) has
been thoroughly characterized by Kumar et al.59 The average grain size was de-
termined from transmission electron micrographs to be about 40 nm, with a fairly
narrow grain size distribution and the largest grain diameters smaller than 100 nm.
This is an important point because a few large grains can dominate the deformation
behavior of the material and determine its performance. The grains have a con-
siderable aspect ratio; however, the major axis length is insignificant compared to
the specimen thickness. The material contains a considerable number of growth
twins. The grain interior was generally found to be clean and free of dislocations.
The grain boundaries showed no evidence of second-phase particles or films or
any amorphous grain boundary layer; crystallinity is maintained up to the grain
boundary. Occasional low-angle grain boundaries are present in this material.
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(a) (b)

FIGURE 2.4. Transmission electron micrographs of electrodeposited (a) nc and (b) ufc Ni.
(Courtesy of S. Kumar, Brown University, Providence, RI.)

The ufc Ni (Fig. 2.4b) was found to have a roughly bimodal grain size
distribution.92 The average grain size was 300–400 nm, but larger grains with
diameters exceeding 1000 nm were found frequently. Due to the larger grain size,
grains with several dislocations were found occasionally.93 X-ray diffraction using
θ–2θ scans showed that the materials exhibited a certain texture.92

3.1.2. Monotonic Deformation

Monotonic deformation yields important basic information for engineering pur-
poses as well as valuable information to link the mechanical behavior to the mi-
crostructure. As illustrated by several review articles over the last few years,
the scientific interest clearly lies in elucidating the governing deformation
mechanisms.3,79,94,95 Padmanabhan96 emphasizes the importance of microstruc-
tural defects of the currently available nc materials. Data obtained from different
materials are often difficult to compare and have led to a lot of controversy in the
past.

3.1.2a. Elastic Response of Nanocrystalline Metals. An early point of
discussion was the apparently reduced Young’s modulus of nc materials. Early
studies on nc Cu and Pd produced by inert gas condensation and compaction re-
ported a considerably lower value compared to coarse-grained materials.6 Large
variations in the elastic properties have been found in another study on the same
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materials.97 But already in these studies the results were deemed doubtful and
mostly attributed to insufficient sensitivity of the strain measurement, sample
porosity, or microcracks in the specimens. In more recent studies, elastic prop-
erties mostly independent of grain size have been found down to the nanograin
size in nc AlZr alloys and in nc Cu.9,98–100 However, in some cases there is still
a reduced Young’s modulus measured for nc materials.73,77,101 Sanders et al.73

established an experimental correlation between the specimen’s density and the
Young’s modulus for inert gas condensation processed nc Pd and nc Cu. This
correlation would fully account for the Young’s modulus deviation in the case
of nc Pd; however, in the case of nc Cu there is still a discrepancy. The authors
postulated that this was a texture effect. In the majority of the very recent studies,
however, it has been found that the elastic properties are not at all or negligibly
affected by the grain size down to very small grain sizes of a few nanometers,
consistent with theoretical predictions.102,103 Atomistic simulations104 showed a
slight decrease in Young’s modulus for grain sizes below 20 nm, in agreement
with a rule-of-mixtures model for composite material.102 Erb et al.77,101 found
the Young’s modulus in electrodeposited nc metals with near 100% theoretical
density to be almost unaffected, whereas nc metals processed by powder consoli-
dation usually exhibit a decrease in elastic modulus together with an increase in the
thermal expansion coefficient. This is believed to be a consequence of the higher
porosity in the consolidated materials.

3.1.2b. Plastic Response of Nanocrystalline Materials. The signifi-
cantly increased yield strength of nc materials is the most obvious advantage
of these materials.71,105,106 Figure 2.5 shows the uniaxial tensile response of pure
Ni with three different grain sizes. It can clearly be seen that the yield stress as
well as the tensile strength are significantly improved by the grain size reduction. It
has generally been found in nc materials that the hardness can be increased more
than fivefold compared to conventional mc materials, by reducing the average
grain size to less than 100 nm.106 In metallic materials this increase in hardness is
often accompanied by a decrease in ductility, as can be seen in Fig. 2.5. The in-
crease in yield strength with decreasing grain size can be expected according to the
well-known Hall–Petch relationship (cf. Ref. 107, pp. 270–273). Yield strengths
near the theoretical value would be expected for grain sizes of a few nanometers,
if this relation is valid down to these grain sizes. But the basic concept of disloca-
tions piled up against grain boundaries, often invoked as the physical basis for the
Hall–Petch equation, does obviously lose its foundation below a certain grain size.
A dislocation pileup can no longer form in nanometer-sized grains. It is therefore
interesting to find out whether the material does continue to harden down to such
small grain sizes and what the relevant mechanisms are. The first question leads to
the very vivid discussion about Hall–Petch breakdown, often also called “inverse
Hall–Petch effect.”

It has been found experimentally that below a certain critical grain size, Hall–
Petch hardening ceases and the material softens with further decreasing grain size
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FIGURE 2.5. Uniaxial tensile response of Ni with different grain sizes at a strain rate of
3 × 10−4.

(see, e.g., Refs. 73, 108, and 109). Values between 30 and 3 nm have been identified
as this critical grain size; however, there is some controversy about the validity of
some of the results, as described below.

Weertman et al.97 pointed out that softening with decreasing grain size could
be an artifact related to the specimen-processing method used. Hardening down
to very small grain sizes was most often observed when individually produced
specimens were tested in the as-produced condition, whereas softening was found
when specimens with different grain sizes were produced through annealing of
samples originally consisting of very small grains. Indeed, it was found that
short annealing without or with only limited grain growth can actually increase
the material’s hardness.97 Further grain growth eventually leads to a decreas-
ing hardness again. These results have been corroborated by a number of other
researchers.110,111

At this point, we would like to briefly mention results from other experiments
that might originate from the same underlying phenomenon. Bonetti et al.112 per-
formed mechanical spectroscopy on nc Fe and Ni specimens produced by mechan-
ical attrition and consolidation. They found that stress relaxation was much faster
in the as-prepared samples and slower in the annealed ones, although the grain size
was nearly identical in the two samples. Hadian and Gabe113 produced nc Ni and nc
NiFe alloys by two different electrodeposition methods: pulsed and direct current
electrodeposition. These two techniques lead to different levels of residual stresses
in the materials, with the pulsed current deposited samples exhibiting markedly
smaller residual stresses. Interestingly, this material is constantly harder than the
direct current deposited material. Recently, Hasnaoui et al.114 have performed MD
calculations and found that after annealing, the amount of plastic strain is reduced,
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and the material indeed behaved stronger. From all these observations it can be con-
cluded that nonequilibrium grain boundaries together with local residual stresses
are present in most as-prepared nc metals. These grain boundaries and stresses lead
to a slightly reduced hardness of the material. The grain boundaries can be trans-
formed into a state closer to equilibrium by low-temperature annealing without
promoting excessive grain growth. This results in a slight strength increase.

Although in some cases the observed softening with decreasing grain size
might be an artifact related to processing (as explained above), more and more
researchers agree that there seems to be a genuine effect of grain size softening.
Chokshi et al.108 did a careful study of nc Cu and Pd and found a negative Hall–
Petch slope below 25 nm. A positive Hall–Petch relation has been observed in nc
Cu produced by inert gas condensation and subsequent compaction down to a grain
size of 5 nm,97 while a deviation from Hall–Petch at a grain size of about 15 nm
has been found for a similar material.73 Softening in electrodeposited fully dense
nc Ni and Ni alloys has been found in a number of studies, below a grain size of
around 15 nm.101,115,116 In Ref. 109 a breakdown of the grain size hardening was
found in mechanically alloyed FeAl alloys at a grain size of about 40 nm. Khan
et al.117 found grain softening in nc Fe and nc Cu (produced by ball milling) below
a grain size of 23 nm. In a recent study on electrodeposited nc NiW alloys, Schuh
et al.118 found indications of Hall–Petch breakdown around 9 nm. Their findings
were in line with a compilation of other data for nc Ni alloys in the same article.118

The reason for a potential breakdown of the Hall–Petch relationship at very
small grain sizes is discussed controversially in the literature. Grain boundary
sliding was suggested as the major mechanism contributing to softening, by Hahn
et al.119 The authors argue that in the course of deformation a mesoscopic glide
plane is formed, which is easier at a smaller grain size because steric hindrance
is reduced. Using this description, they were able to explain experimental data
obtained from nc TiAl from Ref. 120. Furthermore, large-scale three-dimensional
MD simulations on nc Ni with an average grain size of 5 nm containing 125 grains
at 800 K indicated emerging shear planes.121 At relatively high deformations of
up to 4% plastic strain, three different deformation mechanisms related to the
formation of such shear planes have been identified: grain boundary migration,
intragranular slip, and rotation and coalescence of grains. These simulations are
indeed corroborated by experiments: nc and ufc metals tend to deform and fail by
plastic instabilities such as shear bands.122,123

Although this is a pretty clear picture supported by modeling and experiments,
other models can also explain grain size softening. A phase mixture model was
introduced by Kim et al.,124 modeling the grain boundary phase as a diffusional
flow of matter through the grain boundary. Fedorov et al.125 explains softening by
a competition between conventional dislocational slip, grain boundary diffusional
creep (Coble creep), and triple-junction diffusional creep.

Common to most of these physically meaningful models is that they pre-
dict a change in deformation mechanisms, as also predicted in MD simulations.
Molecular dynamics simulations of nc Cu and Ni indicate that a change from an
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intragrain deformation by traveling partial dislocations above a critical grain size
to grain boundary sliding below this grain size takes place.126 The critical grain
size depends on the stacking fault of the material and is around 8 nm for Cu and
around 12 nm for Ni. Furthermore, it has been pointed out that this behavior de-
pends on the structure of the grain boundaries.127,128 High-angle grain boundaries
are more likely to cause grains sliding against each other whereas low-angle grain
boundaries are more prone to emit partial dislocations.

Recently, the Bragg–Nye bubble raft was employed to visualize deformation
mechanisms during the indentation process and revealed very interesting insight
into the phenomenon of the Hall–Petch breakdown (Fig. 2.6). Van Vliet et al.135

performed indentation experiments in a two-dimensional face-centered cubic (fcc)
bubble raft polycrystal. This setup has been used before to simulate indentation
in a two-dimensional single crystal to show the validity of analytical models of
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FIGURE 2.6. (a) Schematic (top) and actual (bottom) macrograph of the indentation ex-
periment in a polycrystalline bubble raft. (b) Critical shear stress necessary to initiate the
first plastic event (defect nucleation) in a polycrystal in the bubble raft experiment in
comparison with other results from the literature ([7] from Ref. 129, [9] from Ref. 130, [12]
from Ref. 131, [27] from Ref. 132, [28] from Ref. 133, and [29] from Ref. 134.) (Reprinted
with permission from Ref. 135.)
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homogeneous dislocation nucleation under an indenter51,136 and was then extended
to investigate two-dimensional polycrystals. About 150 000 soap bubbles with a
diameter of 1 mm in different rafts (i.e., grains) have been aggregated to form
polycrystals with average grain sizes between 4 and 37 nm and a narrow grain
size distribution (assuming the analogy that one bubble of 1-mm diameter is the
equivalent of an atom with roughly 0.3-nm diameter). Indentations using a tip with
a tip radius of 28 nm have been performed and the deformation of the raft has been
recorded using a high-speed camera. Contrary to what was found in experiments
on single crystals,51,52,136 no defect nucleation was observed inside the grains
(i.e., no homogeneous dislocation nucleation) but all defects nucleated from grain
boundaries and triple junctions.135 As the load on the indenter cannot directly be
measured in this experiment, the critical resolved shear stress at the point of the
first defect nucleation is inferred from the contact radius just before the defect
nucleates (assuming fully elastic deformation at this point) via Hertzian contact
mechanics (cf. Ref. 137, pp. 84–106). This stress was found to significantly depend
on the grain size, namely to increase with decreasing grain size at an average grain
size greater than 7 nm, but to decrease with decreasing grain size for grains smaller
than 7 nm. This critical stress is certainly not generalized yielding and cannot be
viewed as a yield strength of the material. However, since defect nucleation is a
prerequisite for dislocational yielding, it contributes to a better understanding of
plastic deformation. It is also interesting to note that the maximum value of this
critical stress determined from the bubble raft is still more than 7% below the
critical stress necessary for dislocation nucleation in a defect-free single crystal.
Thus, the grain boundaries facilitate defect nucleation in nc materials. The observed
Hall–Petch breakdown was accompanied by a change in deformation mechanism.
Above 7 nm, deformation is mainly accommodated by dislocations emitted from
triple junctions and sometimes from simple grain boundaries. Below this value,
grain boundary migration through the collective motion of atoms and vacancies
seems to be the governing mechanism.

3.1.2c. Rate-Sensitive Mechanical Behavior: Experiments. The strain-
or load-rate sensitivity of nc metals is a topic that is currently of great interest.
It has been known for a while now that nc ceramics exhibit a higher strain-rate
sensitivity than do the coarse-grained ones,138,139 and also metals were observed
to show interesting trends. Numerous studies explore the dynamic properties of nc
and ufc metals by a wide variety of techniques. The most important experimental
findings will be described below.

Sanders et al.99 reported strain-rate sensitive behavior in nc Cu. However,
the trends shown are ambiguous due to experimental scatter, and furthermore, a
comparison with coarse-grained copper has not been made. Wang et al.115 studied
electrodeposited Ni and found a significant load-rate sensitivity. In the respective
study, the width of the stress–strain loop in a dynamic creep experiment became
significantly larger as the load rate became smaller; a smaller load rate, thus, results
in a lower yield stress. The authors conclude that some dynamic processes are



42 Benedikt Moser, Ruth Schwaiger, and Ming Dao

operative upon loading and unloading. However, also in this study, no comparison
with coarse-grained material was presented.

Most studies take recourse to dynamic testing methods such as split Hopkin-
son bar technique117,140 and compare these results with quasistatic tests. These very
different loading conditions together with very different sample geometries and
stress states make it difficult to distinguish between experimental artifacts and in-
trinsic material behavior. Nevertheless, Mukai et al.,141 by compiling experimental
results from various sources, established a general trend for nc fcc metals to exhibit
a higher strain-rate sensitivity compared with their coarse-grained counterparts.

Lu et al.142 reported an unusual rate-sensitive behavior for electrodeposited
nc Cu. The yield stress depended only weakly on the strain rate (similar to coarse-
grained Cu), whereas the tensile strength and particularly the fracture strain ex-
hibited a very pronounced positive strain-rate dependence (i.e., increased ductility
with increasing strain rate), in contrast to conventional Cu. The Cu samples inves-
tigated in this study mainly consisted of nano-sized grains separated by low-angle
grain boundaries. In another study, Jia et al.143 tested nc Cu in compression at both
quasistatic and dynamic strain rates. Also in this case, the yield stress depended
only weakly on the strain rate, but the strain-hardening rate seemed to slightly
increase with increasing strain rate. This is similar to what Mukai et al.141 had
found on electron-beam-deposited Al–Fe alloys. However, in Ref. 143, the au-
thors compared nc and coarse-grained Cu. They found that at lower strain rates
the strain-rate sensitivity of the flow stress at 15% strain was similar for the two
materials, whereas at high strain rates nc Cu exhibited a lower rate sensitivity than
did the coarse-grained material.

A number of high-strain-rate deformation experiments have been performed
on fine-grained Fe.2,144 For grain sizes ranging from 20 µm to 80 nm, it was
found that the normalized rate sensitivity decreased with decreasing grain size.2,144

The strain-hardening rate of the material was close to zero, which means that the
material exhibited a nearly elastic—perfectly plastic behavior. These findings may
have significant implications for the stability of plastic deformation, because a
high-rate sensitivity stabilizes plastic deformation and is usually a prerequisite for
superplastic deformation (Ref. 107, pp. 580–591). Indeed, it has been found that
Fe with ufc or nc grain structure deforms and fails by shear banding, which is a
form of plastic instability.2 A decreased strain-rate sensitivity of the flow stress
and tensile instability with decreasing grain size has also been found in ufc Ti.145

As mentioned above, an increased strain-rate sensitivity in nc metals is closely
related to possible low-temperature superplasticity. A significant amount of liter-
ature is available on this topic but a discussion of the numerous findings is beyond
the scope of this study. For more information, see, for instance, Ref. 146.

It is important to note that results on the strain-rate dependence yield valuable
information on the mechanisms governing the deformation of nc metals. However,
“clean” results obtained from high-purity, defect-free materials are necessary. This
problem was addressed recently by Schwaiger et al.92 They performed a systematic
study on the rate-sensitive deformation behavior of electrodeposited nc Ni, using
two independent experimental methods, namely tensile testing and indentation.
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The deformation behavior of nc, ufc, and mc Ni was compared. The microstructure
of the material used in this study has been described in detail in Section 3.1.

Microcrystalline and ufc Ni exhibited essentially rate-independent plastic
flow in the range from 3 × 10−4 to 3 × 10−1/s, whereas nc Ni exhibited a marked
rate sensitivity in the same range. As shown in Fig. 2.7a the flow stress clearly
increases with increasing tensile strain rate. The same behavior has been found in
nano- and micro-indentation as shown in Fig. 2.7b. It is important to note that this
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FIGURE 2.7. Strain-rate sensitivity of nc Ni in a (a) uniaxial tensile test and (b) depth-
sensing indentation experiment with constant indentation strain rate. (Reprinted from
Ref. 92.)
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behavior did not depend on the indentation depth. During the continuous hardness
measurement26 a strain-rate effect on the hardness was obvious already at the early
stage of loading. Measurements on the ufc and mc Ni showed no evidence of rate-
sensitive behavior for the strain- and load rates employed in this study. Large scatter
was observed during nanoindentation in the ufc Ni, and one could argue that the
number of grains sampled was too small to investigate rate-sensitive deformation
behavior. However, the test volume was large enough during microindentation
and also during tensile testing, and still no evidence of a rate sensitivity was
observed. As the ufc Ni was produced by the same electrodeposition technique,
nc Ni processing artifacts can be ruled out. Moreover, it can be concluded that
the observed rate-sensitive deformation behavior is a genuine effect related to the
reduced grain size.

3.1.2d. Rate-Sensitive Mechanical Behavior: A Simple Computa-
tional Model. The results on pure Ni that have been discussed in the preceding
section92 clearly show an effect of the grain size on the rate sensitivity of deforma-
tion in pure Ni. In order to interpret these findings, Schwaiger et al.92 presented a
simple computational model assuming the existence of a grain boundary affected
zone (GBAZ). The proposed model is based on recent TEM studies and MD sim-
ulations that are summarized as follows: (i) transmission electron microscopy on
nc Ni showed that grain boundaries are atomically sharp without an amorphous
layer (see Section 3.1.1. for a more detailed description); (ii) in situ experiments
in the TEM revealed dislocation activity during deformation inside grains as small
as 30 nm59; (iii) MD simulations147–149 suggest that grainboundary atoms as well
as atoms up to 7–10 lattice parameters away from the grain boundary are heavily
involved in plastic deformation; and (iv) it was further suggested that atoms within
a certain distance to the grain boundary are easier to move and that the deformation
mechanisms near grain boundaries are likely to be rate sensitive.147,148 With this
in mind, the suggested GBAZ can be seen as a region adjoining the grain bound-
aries in nc metals, in which the crystalline lattice is elastically strained despite the
ostensible absence of any defects.

The GBAZ model proposed by Schwaiger et al.92 assumes the following: (i)
A GBAZ in a nc or ufc material spans a distance of about 7–10 lattice parameters
away from the grain boundary; (ii) the GBAZ is plastically much softer than the
grain interior and deforms with a positive rate sensitivity; and (iii) under tensile
loading conditions, a strain-based damage criterion captures the onset and pro-
gression of failure. Figure 2.8a schematically shows the unit cell model, including
geometry and mesh used in the finite element simulation. Computational para-
metric studies were then performed using a simple linear hardening constitutive
behavior for both the grain interior and the GBAZ (see Fig. 2.8b); Fig. 2.8c shows
the computational results, using a volume fraction of GBAZ at 25% (representing
nc Ni with a grain size of 30–40 nm).92 The continuum mechanics results compare
well with experimental results shown in Fig. 2.5. Furthermore, using the same
model to predict the properties of the ufc Ni (with a volume of GBAZ of 3%) the
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FIGURE 2.8. Grain boundary affected zone (GBAZ) model and computational results.92

(a) Two-dimensional grains of hexagonal shape separated by the GBAZ preserving crys-
tallinity to the atomically sharp grain boundary. Periodic boundary conditions were ap-
plied and a unit cell model was used in the computations. (b) Linear-hardening consti-
tutive behavior for the grain interior and the GBAZ with the initial yield stress �y and a
strain-hardening rate �. Material failure/damage under tension is assumed to initiate from
�p = �f, and the material strength drops linearly to a residual strength of �r (0) within an
additional strain of ��. (c) Finite element results using a GBAZ volume fraction of 25%
(representing nc Ni with a grain size of 30–40 nm).
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strain-rate effect was observed to be negligible, which also matches the experimen-
tal observations. Regarding the structure of the model, this result is not surprising
because the thickness of the GBAZ is a constant value, independent of the grain
size, and thus leads to a larger volume fraction of the rate-sensitive GBAZ for
smaller grains.

3.1.2e. Deformation Mechanisms of Nanocrystalline Metals. The dis-
cussion on deformation mechanisms in nc materials is strongly linked to the dis-
cussions on Hall–Petch breakdown and strain-rate sensitivity, which might cause
some repetitions in the paragraphs to come. However, we believe that it is essential
to repeat the necessary information. It will not be discussed as thoroughly as above
though, and the reader is referred to the preceding sections for more details. We
will limit the discussion mostly to nc Ni, but whenever necessary we will draw
upon results from other fcc metals or make comparisons with bcc and hcp metals.

Three observations form the basis for the following discussion:

1. Although nc metals generally deform in a macroscopically brittle manner
with only limited elongation to failure (compared to their coarse-grained
counterparts) the stress–strain curve is considerably nonlinear (see Fig. 2.7)
and fractography indicates considerable microductility during failure (dim-
ple structure on fracture surfaces, see Fig. 2.9 and Section 3.1.3).59,92

FIGURE 2.9. Fracture surface of an electrodeposited nc Ni after a monotonic tensile test.
The ductile dimple rupture is clearly visible.
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2. Grains with a diameter of 50 nm and below are too small to contain active
dislocation sources such as Frank–Read sources (value for Cu from Ref. 1).

3. In general, ex situ TEM examinations of deformed specimens do not
show any dislocation debris. The grains are mostly clean and free of
dislocations.59

Only the combination of results obtained using different investigation tech-
niques can lead to a comprehensive picture of active deformation mechanisms. In
particular, creep and stress-relaxation tests, as well as cyclic loading or elevated
temperature testing, can yield valuable information about time-dependent and ther-
mally activated processes. Furthermore, fractography can teach us a lot about the
governing mechanisms involved in the failure process. Indispensible information
comes from ex situ and in situ TEM studies. Computational experiments repre-
sent another tool: atomistic simulations such as MD or MS (molecular statics)
simulations give very interesting insights, despite their own limitations. Another
interesting “low-tech” simulation consists in two-dimensional Bragg–Nye bubble
raft experiments mentioned earlier.

We will now review the most important results and describe our conclusions
regarding the current understanding of deformation mechanisms.

� Mechanical testing: Generally nc metals have been found to have consid-
erably reduced elongation to failure compared with their coarse-grained
counterparts. Maximum elongation at failure is usually below 10%, often
only 3–4%.92,99,150,151 In some cases, a distinct yield stress is visible in the
stress–strain curve; in other cases a yield stress can be defined only as an
offset yield stress.92,142 The information on hardening behavior described
in the literature is also ambiguous. In some experiments almost perfectly
plastic behavior (no strain hardening) has been found,152 whereas in other
experiments the materials showed strong strain hardening almost up to the
point of failure.92,142

Most nc metals exhibit considerable creep rates even at room
temperature.115,146,153 This clearly indicates that time-dependent processes
are important and have to be considered in a discussion of deformation
mechanisms. Several studies describe the activation energy of the deforma-
tion processes determined via mechanical testing.95,112,132,154 It is very diffi-
cult to draw unambiguous conclusions for the governing deformation mech-
anisms from these measurements, but one finds growing evidence that more
than one deformation mechanisms are acting simultaneously.112 Generally,
activation energies close to the values for grain boundary self-diffusion
are found.95,112,154 However, there is still some controversy whether grain
boundary diffusivity in nc metals is enhanced compared to coarse-grained
materials or not.155,156 Knowing that the grain boundary microstructure of
nc metals is similar to that of their mc counterparts,59,81,83,84 there is no
obvious reason why the grain boundary diffusivity should be enhanced.
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Most studies are performed on pure nc metals, although alloying ef-
fectively reduces grain growth, improves the thermal stability, and make it
possible to perform mechanical tests at moderately elevated temperatures
without unwanted grain growth during testing. Schuh et al.118 investigated
electrodeposited nc Ni–W alloys and found that the solid solution harden-
ing expected from the addition of W to Ni could not account for the con-
siderable increase in hardness observed in their experiments. The authors
conclude that this hardness increase was mainly due to the reduced grain
size achieved by W addition. Increasing Fe content in electrodeposited Ni–
Fe was also found to decrease the grain size and increase the hardness.157

Again, grain size and alloying effects could not be separated from each
other. One could expect that solute atoms along the grain boundary would
influence the diffusional material flow necessary for grain boundary slid-
ing. But experimental evidence of a reduced strain-rate sensitivity or similar
effects are, to the best knowledge of the authors, so far missing. Further
research in this area would be required.

� In situ and ex situ TEM observations: Ex situ TEM investigations have been
conducted on deformed nc metals, but the dislocation debris known from
deformation studies on coarse-grained specimens was not found.59,151 Early
in situ TEM straining experiments on nc Au showed no evidence of disloca-
tion activity,61 but formation and growth of nanopores was observed. This
fact together with the observation of extensive grain boundary grooving
suggested that diffusion plays an important role in the plastic deformation
of nc Au. The absence of dislocation activity could be explained by the fact
that high-resolution images were probably taken while the deformation was
stopped and not continuously recorded. Later, deformation experiments on
nc Cu have shown numerous rapid contrast changes in nc grains together
with some clearly identified single dislocation events.63,158 It was not clear
from this study whether the rapid contrast changes in the grains origi-
nated from dislocation activity or from grain boundary sliding and grain
rotation.

Kumar et al.59 performed extensive ex situ and in situ experiments on
electrodeposited nc Ni. In ex situ TEM investigations in deformed nc Ni,
some dislocation debris was found; however, these few dislocations could
not account for the large amount of plastic deformation observed in me-
chanical testing. During in situ deformation, grains with rapidly changing
contrast were observed and the front of contrast change moving through the
grain was recorded on videotape. These contrast changes occurred repeat-
edly in the same grains and were claimed to be caused by moving disloca-
tions. The reason why only few dislocations have been seen during ex situ
investigations is found in the fact that image forces are strong enough to
pull dislocations from the grain interior to the grain boundaries.159 Toward
the end of the deformation process, when necking down to a single chisel
point occurs, twin formation and even gliding along twin boundaries were



Size Effects on Deformation and Fracture of Nanostructured Metals 49

observed.59 This is probably a phenomenon not particular to nc materials
but simply a small volume effect.

Recent ex situ TEM studies on nc Al have shown a considerable
amount of stacking faults and twins due to the deformation process.160

These observations corroborate the importance of dislocations for the plas-
tic deformation of nc fcc metals and support the postulate from the MD
community that partial dislocations are emitted from grain boundaries,
travel through the grain, and are absorbed from the opposite grain bound-
ary leaving behind a stacking fault. Such a large number of twins has not
been found in nc Ni so far, which could be related to the higher stacking
fault energy in Ni compared to Al. It has to be noted, however, that a very
severe deformation mode by grinding the specimen surface was imposed
on the Al.160

� Atomistic simulations: Atomistic simulations give very illustrative insights
into possible deformation mechanisms. Recent increase in computation
capacities and the small grain size of nc materials make large-scale sim-
ulations of realistic polycrystalline samples possible. These simulations
confirmed a number of hypotheses that have been established from exper-
imental results. The plastic deformation process of nc metals is found to
be a competition between grain boundary sliding and dislocation-mediated
processes.149 Whether the dislocation process or grain boundary sliding
dominates the plastic deformation depends on grain size,84 stacking fault
energy,126 grain boundary structure (low-angle versus high-angle grain
boundary),127 and possibly on the imposed strain rate.147 At grain sizes
below 10 nm all dislocation activity ceases and deformation is carried
exclusively by grain boundary sliding, grain rotation, and diffusional pro-
cesses. At larger grain sizes, atomic rearrangements in the grain boundaries
lead to the emission of partial dislocations that travel through the grains.
These partial dislocations are finally absorbed in the opposite grain bound-
ary, leaving behind a stacking fault in the grain.161 There is no evidence
so far for a trailing partial dislocation to be emitted at the same place.161

In the comparison of nc Ni and nc Cu, Van Swygenhoven et al.126 found
that the dislocation activity ceases at larger grain sizes for Ni (12 nm) com-
pared with Cu (8 nm). They conclude that this is related to the eightfold
higher stacking fault energy in Ni. Diffusional processes and grain bound-
ary sliding are more likely to happen in a specimen with predominantly
high-angle grain boundaries.127 In specimens containing mostly low-angle
grain boundaries, more stacking faults are found after deformation.

Experiments on two-dimensional bubble rafts have been presented
above (see Section 3.1.2.). Nucleation of dislocations at grain boundaries
as well as grain boundary sliding have been observed in these experiments
depending on the grain size.135

At this point, the authors would like to add a word of caution concern-
ing the comparison of results from simulation and experiments. Although
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results of atomistic simulations are very illustrative and revealing, the sev-
eral orders of magnitude shorter timescale compared with experiments
may introduce artifacts. Limitations of computational capacity require ex-
tremely high strain- or load rates. These rates are several orders of magni-
tude lower in experiments. Hence, time-dependent mechanisms might be
artificially suppressed in the atomistic simulation.

� Conclusions: From all this information we can conclude with confidence
that deformation in nc metals is at least partially carried by dislocation
activity for grain sizes above a critical value around 15 nm. Below that
critical value, plastic deformation is mostly carried by grain boundary pro-
cesses. There is increasing evidence that several deformation processes
might act simultaneously. This means that even though dislocations are
observed above the critical grain size, grain boundary processes are likely
to occur at the same time. This is also caused by the presence of a certain
grain size distribution combined with the mentioned size dependence of the
predominant mechanism. Diffusion and time- and temperature-dependent
processes play an important role in nc materials. However, further research
is necessary to better understand the deformation mechanisms in these
materials.

3.1.3. Monotonic Fracture

Studies of the fracture behavior of nc materials are mostly limited to the inves-
tigation of fracture surfaces from monotonic tensile tests. The fracture surfaces
exhibit clear signs of ductility.79 The globally flat fracture surface has a classical
dimple structure. The dimple size was found to be clearly bigger than the grain
size. These dimples indicate plasticity at least at the microscale during the failure
event.

Fracture toughness measurements are difficult to perform due to the limited
availability of high-quality nc materials. Often, the specimen geometry required
by the testing standards cannot be fulfilled. Mirshams et al.162 measured the R-
curve behavior on nc Ni and C-doped nc Ni. Specimen limitations necessitated
the use of a specially designed “antibuckling” fixture for the compact tension
specimens and quantitative conclusions are difficult. However, it can be said that
in most of the cases the fracture surface showed dimples indicating ductile failure
and that the R-curve behavior was influenced by the annealing temperature and
time.

Farkas et al.163 studied the fracture behavior of nc Ni by MD simulations.
With grain sizes in the range between 5 and 12 nm, they found, independent of
grain size, intergranular fracture behavior with only limited dislocation activity.
Unfortunately, their results cannot be directly compared with experimental results,
as nc Ni with such small grain sizes is not readily available.

Overall, there is only little information on the fracture behavior of nc metals
and more research is necessary in order to understand the fundamental properties.



Size Effects on Deformation and Fracture of Nanostructured Metals 51

3.1.4. Cyclic Deformation

Understanding the cyclic deformation behavior of nc metals is crucial for potential
applications as structural materials or as coatings in engineering components. This
includes the resistance to crack initiation and crack growth under cyclic loading
conditions, as well as the stress- and strain-based fatigue life.

A considerable amount of experimental information on the fatigue response
of mc metals and alloys is available, but little is known about the fatigue character-
istics of ufc and nc metals. This is due to the fact that processing methods typically
used to produce ufc and nc materials, such as electrodeposition and e-beam depo-
sition, generally yield only thin foils (about 100 µm thick). The small thickness
makes it difficult to perform valid experiments to extract crack propagation or
fatigue properties. Problems encountered are, for instance, gripping the specimen,
imposing controlled small loads and measuring the strain, out-of-plane bending,
or buckling. However, there are methods that produce sufficiently thick samples,
i.e., equal channel angular pressing or mechanical consolidation. The drawback
of these processing routes is the inhomogeneous microstructure, a high defect
density, as well as large variations in grain size. Furthermore, these materials are
generally not nc but ufc.

Several studies have examined the total fatigue life of ufc metals produced
by equal channel angular pressing.164–166 In these experiments, repeated loading
resulted in pronounced cyclic softening and a reduced low cycle fatigue resis-
tance was found. These trends have also been seen in mc metals and alloys where,
in general, initially soft microstructures cyclically harden and initially hard mi-
crostructures (such as those produced by severe cold working) soften.167 However,
the studies mentioned above164–166 have also shown that the total fatigue life of
ufc metals is enhanced compared to that of their mc counterparts, as reflected in
their relatively high fatigue endurance limit values.

A low cycle fatigue life prediction model for ufc metals was proposed by Ding
et al.168 The microstructure is treated as a composite, consisting of the “soft” grain
interior and the “harder” grain boundaries. The authors assume in their model,
which is essentially a fatigue crack propagation model, that damage takes place
in a localized zone ahead of the crack tip. Under large strains, the stress level
in this damage zone approaches the tensile strength of the material. The strain
localization in the material is caused by a dislocation sliding-off process. The
authors compared the results obtained from the model with experimental findings
obtained from tests on ufc Cu and found good agreement. Moreover, the model
was also found to describe the fatigue behavior in the high cycle fatigue regime
reasonably well. This result was rather surprising because the model does not
account for fatigue crack initiation, which usually occupies a large fraction of the
high cycle fatigue life.

Another interesting point was addressed by Thiele et al.169 They fatigue
tested the ufc Ni produced by equal channel angular pressing and investigated the
influence of the grain size on the formation of typical fatigue-induced dislocation
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structures, such as veins, ladder and cell structures, and the cyclic stress–strain
curve. The average grain sizes of their samples were between 500 nm and 5 µm.
They found a lower threshold grain size of about 1 µm that was necessary for the
formation of dislocation structures. No grain size effect on the cyclic stress–strain
curve was observed for grain sizes larger than 3 µm, whereas for smaller grain sizes
the stress level of the cyclic stress–strain curves appeared to follow a Hall–Petch
relation.

To the authors’ knowledge there is only one published report so far on the
fatigue life and fatigue crack growth characteristics of a fully dense high-purity
nc metal with a narrow grain size range below 100 nm. Hanlon et al.170 studied
the fatigue response of electrodeposited pure Ni and of a cryomilled ufc Al–
Mg alloy. In particular they compared the fatigue response under stress control
of electrodeposited nc Ni with an average grain size of 30 nm with that of a
similarly produced ufc Ni having an average grain size of 300 nm and of a con-
ventionally produced mc Ni. They performed zero-tension fatigue experiments
(i.e., load ratio R = 0). The load was applied sinusoidally at a frequency of
1 Hz.

Grain refinement was observed to have a significant effect on the fatigue
life under constant stress amplitude. The endurance limit (defined at 2 × 106

cycles) of nc Ni was higher compared to that of the ufc Ni. Both nc and ufc Ni
had a significantly improved fatigue endurance limit compared to that of the mc
metal.

Hanlon et al.170 also conducted fatigue crack growth experiments on nc Ni
using edge-notched specimens that were subjected to cyclic tension at different
R ratios. The rate of fatigue crack growth was faster with decreasing grain size
in the regime investigated. Figure 2.10 shows the constant load amplitude fatigue
crack growth data for pure Ni as a function of grain size. A grain size reduc-
tion from the micrometer to the nanometer scale resulted in up to an order of
magnitude increase in fatigue crack growth rates in the intermediate regime of
fatigue fracture. Such trends are fully consistent with the mechanistic expectations
of fatigue fracture based on results available for mc alloys. These new results
show that nc materials that might have an improved total fatigue life may have
a reduced resistance to subcritical crack growth under constant strain amplitude
fatigue.

The trends seen in pure nc Ni appear to carry over to the more complex
situation involving commercially produced ufc alloys where conventional fatigue
fracture studies were conducted using standard experimental techniques widely
used for mc metals. Constant amplitude fatigue crack growth experiments on
cryomilled Al–7.5wt %Mg alloy with equiaxed grains and an average grain size
of approximately 300 nm have shown a relatively faster crack growth rate (by a
factor of 10 in the intermediate regime of fatigue crack growth) when compared
with a commercial aluminum alloy with a similar composition.171 Furthermore,
the finer grained alloy has a lower fatigue crack growth threshold stress-intensity
factor range.
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FIGURE 2.10. (a) Variation of fatigue crack growth rate, da/dN, as a function of the stress-
intensity factor range, �K , for mc pure Ni and for electrodeposited ufc and nc pure Ni
at R = 0.3 at a frequency of 10 Hz at room temperature. (b) Variation of fatigue crack
growth rate, da/dN, as a function of the stress-intensity factor range, �K , for acryomilled
Al–7.5 Mg at R = 0.1–0.5 at a fatigue frequency of 10 Hz at room temperature. Also shown
are the corresponding crack growth data for a commercial mc aluminium alloy (5083) at
R = 0.22. (Reprinted with permission from Ref. 170.)

3.2. Amorphous Materials

Bulk metallic glasses attracted considerable scientific interest since their discovery
back in the 1960s (e.g., Ref. 172). These materials represent the limiting case of nc
materials with infinitely small grain size. Studying their behavior can help in some
cases to understand the behavior of nc materials. Recently, Lund and Schuh173
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have pointed out important similarities in the plasticity of nc and amorphous
metals.

The fact that controlled crystallization of bulk metallic glasses is one possible
technique to produce nc materials is another important aspect of amorphous metals
in the present context. The technique has been demonstrated for a wide range of
alloys including Al-based,174 Mg-based,175 Fe-based,176 and Zr-based177 alloys.
Through controlled nucleation, nano-sized (about 20 nm) quasicrystals can be
produced from the amorphous matrix resulting in enhanced strengthening178 and
ductility. The principal advantage of using amorphous alloys over heavily deformed
materials is that grain growth is relatively sluggish in these alloys. However, it
has to be mentioned that often a remnant amorphous matrix surrounds the nc
grains.

3.2.1. Yield Function

To study the deformation mechanisms as well as to understand the proper con-
stitutive description that is consistent with its multiaxial deformation behavior,
several recent studies used nanoindentation techniques (see, e.g., Ref. 179 for
a recent review). A number of earlier studies postulated that the von Mises
yield criterion adequately models the deformation characteristics of bulk metallic
glasses,180 i.e.,

(σ1 − σ2)2 + (σ2 − σ3)2 + (σ3 − σ1)2 = 6k2 = 2σ 2
y (2.2)

where σ 1, σ 2, and σ 3 are the principal stresses and k = σ y/
√

3, where σ y is
the yield strength measured in a uniaxial tension test. Alternatively, the Mohr–
Coulomb criterion, where the plastic flow is assumed to be influenced by the local
normal stress, is generally written for metallic glasses as181,182

τc = k0 − α − σn (2.3)

where τ c is the shear stress on the slip plane at yielding, k0 and α are constants, and
σ n is the stress component in the direction normal to the slip plane. Figure 2.11
shows the results of nanoindentation experiments by Vaidyanathan et al.183 where
a metallic glass (nominal composition Zr41.25Ti13.75Cu12.5Ni10Be22.5 in at %) was
indented to depths of 5 and 9 µm in two sets of indentation tests. The unload-
ing portion of the load–depth response is also shown and the penetration depth is
large enough to eliminate tip imperfection effects. Using known elastic properties
and yield strength data for the metallic glass used in these experiments (i.e., elas-
tic modulus of 96 GPa, Poisson’s ratio of 0.36, and tensile yield strength of 1.9
GPa), finite element simulations were carried out to generate predictions of in-
dentation load versus penetration depth curves, assuming either the von Mises
or the Mohr–Coulomb yield criteria. For the latter, the constants were estab-
lished so as to satisfy macroscopic tensile yielding at 1.9 GPa while varying the
value of α [see Eq. (2.3)]. Numerical predictions of the complete indentation
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FIGURE 2.11. Microindentation response of a metallic glass (nominal composition
Zr41.25Ti13.75Cu12.5Ni10Be22.5 in at%) during loading and unloading. Two series of ex-
periments to depths of 5 and 9 µm, consisting of five and eight indivivdual indents,
respectively, are shown.183

load–displacement curves (loading and unloading portions) for the elastic defor-
mation as well as the elastoplastic deformation, extracted by assuming either the
von Mises or Mohr–Coulomb criteria, are superimposed on the experimental data
in Fig. 2.11. It appears from this figure that the metallic glass does not follow
the von Mises criterion. The load–depth prediction using a Mohr–Coulomb cri-
terion (with α = 0.13) follows the experimental results more closely, suggesting
the influence of a normal stress component on yielding.183 This value of α = 0.13
used in the finite element simulation compares well with the value of 0.11 ± 0.05
previously reported by Donovan181 for Pd40Ni40P20 metallic glass.

Schuh and Lund184,185 performed molecular simulations of multiaxial de-
formation in a model metallic glass, using a 0 K energy minimization tech-
nique. A significant asymmetry between the tensile and compressive yield stresses
was found, with the uniaxial compressive strength approximately 24% higher.
By exploring a variety of biaxial stress states, the Mohr–Coulomb yield crite-
rion, which includes an additional normal stress term, was found to describe the
molecular simulation data quite well, using the value of α = 0.123 ± 0.004.184

These results provided an atomistic basis for the plastic yield criterion of metallic
glass.
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Additionally, for Tresca or von Mises yielding of a compression specimen, the
shear band angle under uniaxial compression would be expected to lie at θ = 45◦

go the compression axis, whereas the Mohr–Coulomb criterion predicts a smaller
angle given by183

α = cos(2θ )

sin(2θ )
(2.4)

When α = 0.13, Eq. (2.4) predicts a compressive shear angle of θ = 41.3◦,183 and
when α = 0.123 ± 0.004,184 θ = 41.5 ± 0.15◦. These values are in good agree-
ment with previous experimental results of θ = 39.5 − 43.7◦ for a number of
different metallic glass compositions.186

3.2.2. Serrated Flow in Bulk Metallic Glasses

Not only the overall yield behavior of bulk metallic glasses differs from that of
metals but also their microscopic deformation mechanisms are distinct. Plastic
deformation governed by several discrete events (i.e., serrated flow) has been
observed in numerous studies (e.g., Ref. 181 and 187–189). It was found that
plastic deformation is highly inhomogeneous in these materials. Several models
have been proposed to describe this discrete plasticity.

Instrumented indentation can be used to detect discrete deformation modes
in crystalline materials32,50 as well as in amorphous materials.179 It has been found
that amorphous alloys display pop-ins during indentation (see, e.g., Ref. 190 and
191). These events have been correlated with the motion of individual shear bands
through the specimen.192 Wright et al.192 found that the first pop-in event marked
the transition from the elastic to the plastic deformation regime and that the critical
stress related to this transition is well characterized using the Mohr–Coulomb
yield criterion rather than the maximum shear stress criterion. Golovin et al.191

observed a correlation between the number of pop-ins in the P–h curve and the
shear bands found at the surface of the specimen, which strongly suggests that each
pop-in corresponds to one individual shear band. Shuh et al.193 reported that the
magnitude of the pop-in displacements increased roughly linearly with indentation
depth. This linear dependence is a direct consequence of the self-similar indenter
geometry, and suggests that each shear band may approximately carry the same
amount of strain but the displacement needed to achieve that strain is proportional
to the indentation depth.179

Recently, Schuh et al.193–195 studied the effect of strain rate on the serrated
flow of bulk metallic glasses. They found that discrete plasticity events can be
effectively suppressed during indentation with sufficiently high load rates. It was
also shown that at small indentation load rates the discrete plastic events (pop-ins)
would account for most of the plastic strain and that upon manual removal of these
events from the experimental measurement, the curve favorably compares with the
prediction for a purely elastic contact.195
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3.2.3. Stress-Induced Nanocrystallization

A recent study by Kim et al.196 on a Zr–17.9Cu–14.6Ni–10Al–5Ti metallic glass
showed that nanocrystallization can be induced locally by severe plastic deforma-
tion. It is known that nanocrystallites can form in shear bands produced during
severe bending or high-energy ball milling of thin metallic glass ribbons.197–199

For the first time, however, direct experimental evidence was obtained that highly
confined and controlled local contact at the ultrafine scale in the form of qua-
sistatic nanoindentation of a bulk metallic glass at room temperature can also
cause nanocrystallization.196 Atomic force microscopy and transmission electron
microscopy results show that nanocrystallites nucleate in and around the shear
bands produced near indents and that they are the same as crystallites formed dur-
ing annealing without deformation at 783 K (see Fig. 2.12). Analogous to results
from recent experiments with glassy polymers,200 the nanocrystallites were ar-
gued to be the result of flow dilatation inside the shear bands and of the attendant,
radically enhanced, atomic diffusional mobility inside actively deforming shear
bands.196

4. DEFORMATION UNDER DIMENSIONAL CONSTRAINT

Thin films are by definition the materials in which the dimension in the “thick-
ness” direction is significantly smaller than the other two. In this case it can be
expected that the dimensional constraint, i.e., the film thickness, rather than the
microstructural constraint, i.e., the grain size (see Section 3), will control the me-
chanical properties. However, it is important to note that in polycrystalline thin
films the dimensional constraint often causes an additional microstructural con-
straint: normal grain growth usually stagnates when the grain size is comparable
to the film thickness.201 Consequently, thin films generally consist of relatively
small grains, unless they are heat treated in a way to encourage abnormal grain
growth.202 In terms of micromechanisms, thin film plasticity is influenced by both
the dimensional and the microstructural constraint on dislocation motion, which
result in a pronounced size effect.

A large variety of experimental techniques can be applied to study the de-
formation behavior of thin films. The most prominent ones have been described
in Section 3. In this section we will give an overview of important experimental
findings using different techniques and describe theoretical models and dislocation
mechanisms that control the deformation of thin metal films.

4.1. Yield Stress and Hardening

The yield stress of thin films has been studied extensively during the last decade
because it is crucial for the reliability of thin film components. For example, for
interconnects, typically pure metals with high electrical conductivities such as Al
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FIGURE 2.12. Dark-field TEM image obtained from a back-edged indent in a Zr–17.0Cu–
14.6Ni–10Al–5Ti metallic glass, and selected area diffraction (SAD) patterns obtained in
a region located at a small distance outside of the indent (bottom right) and from the
indent (bottom left, and schematic). In the dark-field image, the arrow indicates clustered
nanocrystallites at the edge of the dark triangular zone, which is a hole made by the
backside thinning through the indent impression. Six spots around the transmitted beam
in the schematic, which are close to the exact Bragg condition, were analyzed and found
to be associated with the (111) plane of tetragonal Zr2Ni (space group 14/mcm, a = 6.49
Å, c = 5.28 Å). Halo rings of the bottom-right SAD pattern without spots indicate the fully
amorphous structure of metallic glass in a region that is not affected by the indentation.
(Reprinted with permission from Ref. 196.)
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or Cu are used. These metals are inherently soft and deform plastically in service as
well as during device fabrication, although the plastic strains that are imposed might
be small. It has long been known that the strength of thin metal films on substrates
exceeds the strength of their bulk counterparts by up to an order of magnitude
(for an early reference, see Ref. 203). Moreover, both theoretical and experimental
studies of thin metal films on a substrate, mainly via substrate curvature and X-ray
diffraction methods, have shown that a thinner film is plastically stronger than a
thicker one. However, a common basic understanding of thin film plasticity has
not yet been obtained, neither experimentally nor theoretically.

Different theoretical models based on energy-balance arguments204–206 have
been proposed. Common to these models is the idea that the energy cost of ge-
ometrically necessary interfacial dislocation segments must be balanced by the
work done by an external stress upon glide. In the model proposed by Nix,204

plastic yielding is accomplished by threading dislocations. Yielding is impeded
by dislocation segments deposited at the film–substrate interface and at a possible
film–passivation interface. These interfacial dislocation segments resemble mis-
fit dislocations in heteroepitaxial films. The geometry for constrained dislocation
motion is shown in Fig. 2.13. The stress needed to move a dislocation in a thin
film on a substrate is approximately inversely proportional to the film thickness.
This provides a basis for understanding the strong dependence of the film strength
on film thickness.

The predicted reciprocal film thickness dependence was indeed found exper-
imentally by Keller et al.,207 but the yield stresses of the Cu thin films tested were

s
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x

FIGURE 2.13. Geometry for constrained dislocation motion in a film on a rigid substrate.
(Adapted from Ref. 204.)



60 Benedikt Moser, Ruth Schwaiger, and Ming Dao

significantly higher than calculated using the Nix model. The authors reported a
room temperature yield stress of 280 MPa for a 1-µm-thick unpassivated Cu film;
the yield stress for the same film calculated with the Nix model is only 45 MPa.
This discrepancy is not surprising because the Nix model considers only the move-
ment of a single dislocation, ignoring the interaction between dislocations. The
authors pointed out that the high flow stresses of metal films seem to be the re-
sult of the superposition of different strengthening mechanisms including strain
hardening in addition to the constraining of dislocation motion by the finite film
thickness and grain size. Nix205 incorporated strain hardening into this model. The
author calculated the elastic interaction of moving threading dislocations with
the interface dislocations. Strain hardening was accounted for by the narrowing of
the channels through which dislocations in a thin film can move.

Thompson206 extended the Nix model for the case of the deposition of dislo-
cation segments at the grain boundaries. In his description the yield stress varies
not only with the reciprocal film thickness but also with the reciprocal grain size.
This dependency was experimentally found by Venkatraman and Bravman208 for
the yield stress of Al thin films, in which grain size and film thickness had been
varied independently by applying a back-etch technique. Venkatraman and Brav-
man determined stress variations with temperature as a function of film thickness
by the substrate curvature method for a fixed grain size in pure Al and Al–0.5%Cu
films on Si substrates. They found that the film strength varied inversely with film
thickness, and examined their results in the context of the classical Hall–Petch re-
lationship (see Ref. 107, pp. 270–273) for the effect of grain size on strength. They
found that the data for thin films followed a (grain size)−1 variation instead of the
(grain size)−1/2 functional form for bulk materials, which on the other hand was
found by Keller et al.207 In general, the grain size dependence of the yield stress
in bulk metals has been found to follow a (grain size)−1/2 relationship which was
attributed to the formation of dislocation pileups (see Ref. 107, pp. 270–273). Us-
ing the argument of strain hardening due to geometrically necessary dislocations,
Ronay209 has predicted a (film thickness)−1/2 and (grain size)−1/2 dependence. The
importance of very strong kinematic strain hardening effects has been pointed out
by Shen et al.210

In a recent study, Hommel and Kraft211 studied the deformation behavior of
thin Cu films with thicknesses between 0.4 and 3.2 µm on polyimide substrates,
by tensile testing. In these experiments, the substrate strain is transferred to the
film during the test and the film stress is measured by in situ X-ray diffraction.
Simultaneously, the dislocation density that is related to the width of the measured
peaks was characterized as a function of plastic strain. The X-ray measurements
were performed in different texture components. The observed stress–strain be-
havior was found to consist of three regimes, i.e., elastic, plastic with strong strain
hardening, and plastic with weak hardening. The flow stresses and the hardening
rate were about two times higher in (111)-grains compared to the (100)-grains.
The peak width in the X-ray measurements increased continuously in the sec-
ond and third regime, indicating a steady increase of the dislocation density or
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inhomogeneous micro-stresses. The flow stresses and the strain-hardening rate in
the second deformation regime increased with decreasing film thickness and/or
grain size.

Another model for the strengthening of thin polycrystalline films subjected to
a thermal mismatch strain was presented by Choi and Suresh.212 Instead of a sin-
gle dislocation or dislocation loop, they considered arrays of circular dislocation
loops that were equally spaced and confined within the slip planes of a grain. The
generation of each dislocation loop in the set consecutively relaxed the elastic ther-
mal strain arising from thermal mismatch between the thin film and the substrate
during thermal cycling. The authors evaluated the total energy of the system as
the sum of the energies stored in dislocation loops, the interaction energies among
the loops, and the elastic energy of the grain and calculated the time-independent
equilibrium strains and stresses sustained by the metal film. Through compari-
son of experimental data for Al and Cu films (with different thickness and grain
size) on Si substrates, the stress–temperature curves of those films upon cooling
from a high temperature could be estimated without considering the possibility
of rate-dependent processes such as diffusional creep.213 Since the model predicts
that dislocation densities of thin films increase as the film thickness and grain size
decrease, strain hardening due to high dislocation densities can be considered as
an important source of thin film strengthening. However, thermally activated pro-
cesses leading to stress relaxation should be taken into account in order to broaden
the scope of this model and to describe those metal films that are not covered by
a native oxide or effective passivation layer.

The plasticity of thin films can also be studied by measuring the indentation
hardness as a function of indentation depth. But it has to be noted that determination
of mechanical properties of thin films on substrates has always been difficult be-
cause of the influence of the substrate on the measured properties. Several studies,
both experimental and numerical ones, have investigated the influence of substrates
on the nanoindentation responses of thin films.214–216 The major objective of these
investigations has been the estimation of hardness and modulus of films, indepen-
dent of the substrate, employing continuum analysis. The standard methods that
are generally used for extracting properties from the measured load–displacement
(P–h) data were developed primarily for monolithic materials but are also applied
to film–substrate systems, without explicit consideration of how the substrate in-
fluences the measurements. However, these methods do not account for pileup of
material around the indenter tip. Consequently, the contact area is underestimated,
resulting in errors in the measured hardness. Additional errors are produced by
inaccuracies in the measurement of contact stiffness caused by substrate effects
on the shape of the unloading curve and creep in the film.215 Collectively, these
errors may result in an overestimation of the hardness by as much as 100%.

Figure 2.14 shows the hardness of Al thin films, 500 nm thick, on various
substrates.217 The increasing hardness with decreasing depth at very small inden-
tation depths has been attributed to the hardening effect of sharp strain gradients
that are created in such small indentations (also referred to as indentation size
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FIGURE 2.14. Hardness of an Al thin film, 0.5 µm in thickness on different substrates, as a
function of indentation depth relative to the film thickness. The hardness was determined
continuosly as described in Ref. 26. (Reprinted with permission from Ref. 217.)

effect).39 With increasing depth the hardness rises gradually before rising sharply
when the indenter begins to penetrate the substrate. The gradual rise is partly an
artifact of the contact area determination; it is caused mainly by the pileup of ma-
terial on the sides of the indenter neglected in the analysis of Oliver and Pharr.26

The dramatic increase in hardness observed when the indenter reaches the film–
substrate interface is expected, because these substrate materials are much harder
than the Al film. It was found for indentation depths less than the film thickness
that the substrate properties did not influence the measured film properties when
the true contact area was determined and pileup was taken into account. For the
case of a hard film on a soft substrate, substrate hardness was observed to affect
film hardness because the substrate yields at indentation depths less than the film
thickness.

Not only the film thickness but also lateral dimensions were observed to
influence the early stages of plastic deformation. Choi and Suresh218 and Choi
et al.219 performed nanoindentation studies on continuous films and unidirection-
ally patterned lines on substrates and investigated the effects of film thickness
and linewidth. In this study a systematic investigation of size-scale effects on the
early stages of nanoindentation-induced plasticity has been conducted via exper-
iments and computation. The authors did not observe a size effect on the elastic
P–h responses. Beyond the onset of plasticity, however, the two size scales (film
thickness and linewidth) exhibited distinct effects, depending on their geomet-
ric constraints, which can be seen in Fig. 2.15. For a given load, the indentation
depth decreased as the film thickness decreased, whereas the depth increased as
the linewidth decreased in case of the patterned lines.219 In the early stages of the
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FIGURE 2.15. P–h response of polycrystalline Al thin film and lines of 1.5-, 3.0-, and 5.0-
µm linewidths. The solid line denotes the elastic response on aluminium of a spherical
diamond indenter with R = 500 nm. (Reprinted with permission from Ref. 218.)

indentation process, in both continuous films and patterned lines, a significant num-
ber of discontinuities, which are related to the discrete motion of dislocations,32,51

were observed. Finite element modeling results indicated that the continuum ap-
proach has a limited use in rationalizing nanoindentation experiments in which
discrete discontinuities are dominant, whereas MD simulations could describe the
general trends observed experimentally. The results indicate that individual defects
and their interaction with boundary conditions become important in small-scale
deformation.

4.2. Cyclic Deformation

Recent studies on fatigue in thin metal films have shown that their fatigue behavior
differs from that of bulk materials.20,58,220–224 It is widely accepted that fatigue
damage evolution in bulk ductile metals involves the formation of well-defined dis-
location structures, such as veins, persistent slip bands (PSB), cells, and labyrinth
structures, as well as the formation of surface extrusions and intrusions. Generally,
the characteristic dimensions of these dislocation structures and extrusions are on
the micron scale. For example, in Cu the wall spacing within a PSB is about 1.3 µm
and the extrusions on the sample surface are several microns high.225 These dimen-
sions are comparable with the physical dimensions and grain sizes of thin films,
making it questionable whether fatigue dislocation structures can be generated in
thin films.169



64 Benedikt Moser, Ruth Schwaiger, and Ming Dao

Systematic experimental investigations of fatigue damage and corresponding
dislocation structures in thin Cu films as a function of film thickness have been
reported.20,224 In a recent study on fatigue damage in Cu films with a thickness of
a few microns or less, a careful attempt was made to look for dislocation struc-
tures using cross-sectional transmission electron microscopy (TEM).20 Although
evidence for ordering of the dislocations was found, no clearly defined dislo-
cation structures were observed. In a follow-up study, plan-view TEM allowing
for a more careful investigation of dislocation structures in the same fatigued Cu
films revealed dislocation wall and cell structures in thick films and grains of at
least 3.0 µm diameter.224 In contrast, in thin films or in small-diameter grains no
clearly defined dislocation structures, but rather tangled individual dislocations,
were present. The surface structure after fatigue also showed pronounced differ-
ences. The thick films and large grains showed rather coarse surface extrusions,
whereas in thinner films and smaller grains finer, very localized extrusions were
found (see Fig. 2.16). The authors of that study suggest that a crystal volume with
a characteristic dimension of 3.0 µm or larger is necessary for dislocation order-
ing and dislocation structure formation. This minimum required dimension, either
geometric or microstructural, may be caused by constrained dislocation motion
in small dimensions. Assuming that extrusions and dislocation structures are the
result of large accumulated plastic strains, the finer, more localized extrusions and
the tangled individual dislocations typical of the thinner films should result from
smaller accumulated plastic strains. Thus, a trend of increasing fatigue life with
decreasing film thickness and/or grain size can be expected and has indeed been
observed in several thin film systems.20,21,58,221,222

(a) (b)

FIGURE 2.16. Extrusions at the surfaces of the fatigued Cu thin films imaged by focused
ion beam microscopy: (a) a film 0.3 µm thick after 5 × 103 cycles, and (b) a film 0.4 µm
thick after 1 × 104 cycles. The tensile axis is the horizontal direction.20
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FIGURE 2.17. Damage map showing the stress amplitude versus. the film thickness. Test
conditions in the upper-right part of the map led to fatigue damage within 3.8 × 106 cycles,
whereas no damage was found for conditions in the lower-left corner. Damaged beams
are denoted by open symbols, those that were not damaged by full ones. Note that the
1.5 µm thick film damage was always observed after 3.8 × 106 cycles. The critical stress
amplitude above which damage occured is indicated by large square symbols for each
film thickness.58

For thin Ag films between 1.5 and 0.2 µm thick on SiO2 microbeams, a clear
size effect has been found in the high cycle fatigue regime,58 which is illustrated
in Fig. 2.17. The films were subjected to 3.8 × 106 loading cycles with a constant
stress amplitude and were then investigated for microstructural changes. The 1.5-
µm-thick films showed fatigue damage even for a stress amplitude as low as
30 MPa. In contrast, a stress amplitude of about 100 MPa was required to produce
fatigue damage in the thinnest films.

The cyclic deformation behavior of thin Cu films was also studied through
tensile testing. The films on polyimide substrates were tested in the low cycle
fatigue regime and exhibited a fatigue behavior that varied strongly with the film
thickness.20,222 This is shown in Fig. 2.18. The lifetimes determined for 3.1 µm
thick films (A in Fig. 2.18) follow the Coffin–Manson law (cf. Ref. 226, pp. 256–
260) with a fatigue exponent of about −0.5 and a fatigue ductility of about 20%.227

As indicated by the dashed line in Fig. 2.18, this behavior is comparable to the
fatigue lifetime of fine-grained bulk Cu.228 The 0.4-µm-thick films with a grain size
of about 0.3 µm (full circles) show improved lifetimes compared to the 0.4-µm-
thick films with larger grains (full squares), or compared to the 3.1-µm-thick films
with a grain size of 0.8 µm (open circles). The shortest lifetime was observed for
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FIGURE 2.18. Plastic strain range versus fatigue lifetime for Cu films of thicknesses
h = 0.4 µm (filled symbols) and h = 3µm (open symbols) and different grain sizes. The
dashed line indicates the lifetime of bulk mc Cu with grain size of 25 µm.227

the 3.0-µm-thick film with a grain size of 1.5 µm (open squares). This suggests that
the lifetime is influenced more strongly by the grain size than by the film thickness.

The origin of this fatigue size-effect may be the same that is responsible for the
strengthening observed in thin films during monotonic loading. This strengthening
is generally attributed to the inhibition of dislocation motion in thin films. In
particular, “dislocation channeling” due to the film thickness constraint204,205 and
grain size strengthening in thin films207,211 have been proposed as mechanisms
to explain this decrease in dislocation mobility (see also Section 4.1.). Another
possible explanation for the fatigue size-effect may be the activation of dislocation
sources and sinks, which might depend on film thickness and grain size. The
formation of voids at the film–substrate interface (see Fig. 2.19) under extrusions
in these samples has been proposed as evidence of the activity of dislocation
sources and sinks.20

5. CONCLUDING REMARKS

Large research efforts during the past years on the mechanical behavior of
nanostructured materials have yielded a wealth of information and deepened our
understanding of deformation mechanisms and the structure–property relationship.
However, a number of issues remain unsolved despite these advances.

� Although evidence for dislocation activity during deformation has been
found in nanostructured materials, no dislocation debris or stable dislo-
cation structures postmortem have been found so far. With this in mind,
the strain hardening mechanism cannot be explained satisfactorily. Since
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FIGURE 2.19. Fatigue damage of a 3.0- µm- thick Cu film: (a), and (b) Extrusions (marked
as “E”) at the film surface and cracks along the grain boundaries (marked by arrows). (b)
Void (marked as “V”) close to the film–substrate interface. The cross- section was prepared
by FIB milling at the position indicated in (a) and imaged at a tilt angle of 45◦. 20

the importance of grain boundaries for the observed dislocation activity
has been illustrated by atomistic simulations, it is conceivable that grain
boundaries play an important role for strain hardening as well.

� We showed that microstructural as well as dimensional constraints have
a considerable influence on the mechanical performance of materials dur-
ing cyclic loading. Although the deformation mechanisms responsible for
fatigue in mc bulk materials are well documented and understood, a com-
prehensive description and understanding of fatigue in nanostructured ma-
terials is missing.

� Up to now, most research efforts concentrated on pure metals or commercial
alloys (in the case of materials produced by severe plastic deformation).
Studies on clean binary or ternary alloy systems may give further insight
into the influence of alloying elements at these reduced length scales.

� Many of today’s nanostructured metals behave macroscopically brittle but
are microscopically ductile. This may be related to plastic instability in the
material. For structural applications, it is crucial to understand and control
this plastic instability.

� The strong influence of microstructural length scales on the mechanical
properties offers new possibilities to locally tailor mechanical properties
by changing the microstructure. Plastically graded materials, for instance,
could improve the wear properties. Hence, understanding of the indentation
and scratch responses of graded materials at nano-length scales is necessary.
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1. INTRODUCTION

Nanostructured (nanocrystalline, nanocomposite, multilayer) coatings (Fig. 3.1)
exhibit outstanding physical, mechanical, and chemical properties, opening a range
of new applications in high technologies (see, e.g., Refs. 1–5). These outstanding
properties are due to the interface and nanoscale effects associated with structural
peculiarities of nanostructured coatings where the volume fraction of the interfa-
cial phase is extremely high, and crystallite size d does not exceed 100 nm. In
general, the interface effect comes into play because a large fraction of atoms of a
nanostructured coating are located at interfaces (grain and interphase boundaries),
where their behavior is different from that in the bulk. The nanoscale effect occurs
because many fundamental processes in solids are associated with length scales
of around a few nanometers.

Of special importance from both fundamental and applied viewpoints are
the unique mechanical properties of nanostructured coatings (e.g., Refs. 5–16).
These properties are strongly influenced by the interface and nanoscale ef-
fects and are essentially different from those of conventional coatings with the
coarse-grained polycrystalline and/or microscale composite structure. In particu-
lar, nanostructured coatings exhibit the superhardness and enhanced tribological
characteristics6–10,12 highly desirable for applications. The superhardness and high
wear resistance of nanostructured coatings in many respects are related to the role
of interfaces as effective obstacles for lattice dislocation slip, the dominant defor-
mation mechanism in conventional coarse-grained polycrystalline and microscale
composite coatings. Also, the image forces acting in nanometer-sized crystallites of
nanostructured coatings cause the difficulty in forming lattice dislocations in such
nanocrystallites.17,18 With these interface and nanoscale effects, the conventional
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FIGURE 3.1. Typical nanostructured coatings: (a) Nano–nano single-phase coating con-
sists of tentatively equiaxed nanograins of the same phase. (b) Nano–nanolayer composite
coating consists of tentatively equiaxed nanograins of one phase, divided by intergranu-
lar nanolayers of the second phase. (c) Nano–nano composite coating consists of tenta-
tively equiaxed nanograins of two (or more) phases. (d) Nano–micro coating consists of
micrometer-size grains embedded into a nanocrystalline matrix. (e, f) Micro–nano com-
posite coatings consist of either (e) nanoparticles or (f) nanofibers (nanotubes) of the sec-
ond phase embedded into a single-crystalline matrix with micrometer size thickness. (g)
Nanoscale multilayer coating consists of nanoscale layers of two (or more) phases.
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lattice dislocation slip is hampered in nanostructured coatings. At the same time,
interfaces in nanostructured coatings provide the effective action of deformation
mechanisms being different from the conventional lattice dislocation slip. As a
corollary, the crystallite refinement leads to the competition between the lattice
dislocation slip and deformation mechanisms associated with the active role of
interfaces.

The competition between different deformation mechanisms is viewed to be
responsible for the unique mechanical properties of nanocrystalline solids.19–32

In this context, identification of effective deformation mechanisms and their con-
tributions to plastic flow is very important for understanding the fundamentals of
the mechanical behavior of nanostructures as well as development of technologies
based on use of nanocrystalline coatings. However, in many cases, the deforma-
tion mechanisms in nanocrystalline coatings cannot be unambiguously identified
with the help of contemporary experimental methods, because of high-precision
demands on experiments at the nanoscale. In these circumstances, theoretical mod-
eling of plastic deformation processes represents a very important constituent of
both fundamental and applied research of nanocrystalline coatings. In this chapter,
we give a brief overview of theoretical models that describe deformation mech-
anisms and defects being carriers of plastic flow in nanocrystalline coatings (see
Sections 2–7). For brevity, we will concentrate our consideration on final results
of theoretical models, while their mathematical details will be omitted.

The outstanding physical, mechanical, and chemical properties of nanostruc-
tured coatings are highly sensitive to internal stresses in such coatings. The internal
stresses are generated at interphase boundaries, in particular, at coating–substrate
boundaries due to lattice parameter mismatch, elastic modulus mismatch, thermal
coefficient of expansion mismatch, and plastic flow mismatch between the adjacent
phases (e.g., Ref. 33). The relaxation of internal stress in nanostructured coatings
occurs through the formation and evolution of defects, structural transformations
of interfaces, and phase transitions. These structural and phase transformations
strongly affect functional characteristics of nanostructured coatings and exhibit
the specific peculiarities caused by the nanoscale and interface effects in such
coatings. In Section 8 of this chapter, we will discuss theoretical models focused
on relaxation mechanisms for internal stresses in nanostructured coatings, with
the special attention being paid to the nanoscale and interface effects on stress
relaxation processes.

2. DEFORMATION MECHANISMS IN NANOCRYSTALLINE
COATINGS: GENERAL VIEW

Let us consider plastic deformation mechanisms in nanocrystalline coatings,
that is, coatings composed of tentatively equiaxed nanograins (nanocrystal-
lites). This widespread class of nanostructured coatings includes, in particular,
single-phase nanocrystalline coatings, nano–nanolayer composite coatings, and
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nano–nano composite coatings. Single-phase nanocrystalline coatings (Fig. 3.1a)
are aggregates of tentatively equiaxed nanograins of the same phase. Neighboring
nanograins are characterized by different orientations of the crystal lattice and
divided by grain boundaries. The nanograins and grain boundaries have the same
chemical composition.

In terms of classification34 of nanocomposite structures, nano–nanolayer
composite nanocrystalline coatings (Fig. 3.1b) are defined as aggregates of tenta-
tively equiaxed nanograins of the same phase, divided by intergranular layers (grain
boundaries) whose chemical composition is different from that of nanograins. Such
intergranular layers (grain boundaries) are treated as layers of the second phase
and often are amorphous.

In terms of classification,34 nano–nano composite coatings (Fig. 3.1c) are
aggregates of tentatively equiaxed nanograins of two or more phases. Neighbor-
ing nanograins of the same phase are divided by grain boundaries. Neighboring
nanograins of different phases are divided by interphase boundaries.

Nanocrystalline coatings show very high mechanical characteristics9–12 that
are definitely related to the action of the specific deformation mechanisms in these
coatings. This causes interest in understanding the specific deformation mecha-
nisms operating due to the nanocrystalline structure. Notice that most theoretical
representations on the deformation mechanisms in the nanocrystalline matter are
primarily developed in efforts to explain the outstanding mechanical behavior of
bulk nanocrystalline materials (see, e.g., Refs. 19–32). However, the intrinsic defor-
mation mechanisms operating in nanocrystalline coatings and bulk nanocrystalline
materials are very similar or even the same. The difference in such external factors
as mechanical loading conditions, sample geometry, and the substrate effects be-
tween the bulk materials and coatings leads to the difference in their macroscopic
mechanical characteristics, but hardly influences the intrinsic deformation mech-
anisms caused by the nanostructure in both coatings and bulk materials. In this
context, the following discussion of plastic deformation mechanisms operating in
nanocrystalline coatings is mostly based on theoretical models describing plastic
flow and fracture in nanocrystalline bulk materials.

The specific deformation behavior of nanocrystalline bulk materials and coat-
ings, in particular, is exhibited in the so-called abnormal Hall–Petch effect, which
manifests itself as either the saturation or the decrease of the yield stress of a
material with reduction in the grain size d35,36 in the range of very small grains.
Most theoretical models relate the abnormal Hall–Petch dependence to the com-
petition between deformation mechanisms in nanocrystalline bulk materials and
coatings (e.g., Refs. 19–32). In the framework of this approach, the conventional
dislocation slip dominates in crystalline materials in the grain size range d > dc,
where the critical grain size dc is about 10–30 nm, depending on material and struc-
tural parameters. With the well-known strengthening effect of grain boundaries,37

the yield stress and associated mechanical characteristics of these materials grow
with diminishing grain size in the range of d > dc. The deformation mechanisms
associated with the active role of grain boundaries dominate in nanocrystalline
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bulk materials and coatings in the range of very small grains (d < dc). These de-
formation mechanisms provide either saturation or a decrease of the yield stress
(or strength) with diminishing grain size d in the range of d < dc. Therefore, a
possible strategy in reaching maximum strength characteristics of nanocrystalline
coatings is to fabricate coatings with the mean grain size being close to dc. How-
ever, the action of deformation mechanisms associated with the active role of
grain boundaries in nanocrystalline materials is not well understood; it is the sub-
ject of controversial discussions (see, e.g., Refs. 19–32). In these circumstances,
there is a potential to optimize the strength and other mechanical characteristics of
nanocrystalline coating materials through an adequate theoretical description of
grain-boundary-conducted deformation mechanisms and use of this knowledge in
fabrication and processing of nanocrystalline coatings with the desired structure
and mechanical properties. This motivates high interest in theoretical models of
plastic flow mechanisms and their interaction in nanocrystalline solids.

In general, according to contemporary representations on plastic flow pro-
cesses in the nanocrystalline matter,19–32,38–41 the following deformation mecha-
nisms operate in nanocrystalline bulk materials and coatings:

� lattice dislocation slip
� grain boundary sliding
� grain boundary diffusional creep (Coble creep)
� triple junction diffusional creep
� rotational deformation occurring via movement of grain boundary discli-

nations
� twin deformation conducted by partial dislocations emitted from grain

boundaries.

In the next sections, we will consider in detail the deformation mecha-
nisms, their interaction and competition, and their role in plastic flow processes in
nanocrystalline bulk materials and coatings.

3. LATTICE DISLOCATION SLIP

As noted previously, the conventional dislocation slip dominates in crystalline
materials in the grain size range d > dc, where the critical grain size dc is about
10–30 nm, depending on material and structural parameters. In traditional coarse-
grained polycrystalline materials with grain size d being about 1 µm or more,
the lattice dislocation slip occurs in the conventional way, causing the classical
Hall–Petch dependence of the yield stress on grain size37:

τ = τ0 + kd−1/2 (3.1)

with τ0 and k being constant parameters. The classical Hall–Petch relationship
[Eq. (3.1)] in coarse-grained polycrystals is traditionally described in terms of
a dislocation pileup model. These are reviewed in detail by Li and Chou.42 In
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deriving the Hall–Petch relation, the role of grain boundaries as barriers to the
dislocation motion is considered in various models. In one type of the models,43

a grain boundary acts as a barrier to pileup the dislocations, causing stresses
to concentrate and activating dislocation sources in the neighboring grains, thus
initiating the slip from grain to grain. In the other type of the models,44,45 the grain
boundaries are regarded as dislocation barriers limiting the mean free path of the
dislocations, thereby increasing strain hardening, resulting in a Hall–Petch-type
relation. A review of the various competing theories of strengthening by grain
refinement has been discussed by several workers. For a more recent survey, see
Ref. 37.

With grain refinement, the lattice dislocation slip shows some specific features
owing to the interface and nanoscale effects. In particular, following the dislocation
model of Pande and Masumura,46 the classical Hall–Petch dislocation pileup model
is still dominant in nanocrystalline solids with the sole exception that the analysis
must take into account the fact that in the nanometer-size grains, the number of
dislocations within a grain cannot be very large. Further, at still smaller grain sizes,
this mechanism should cease when there are only two dislocations in the pileup. In
the framework of the dislocation model,46 the dependence of the yield stress τ on
d deviates from the classical Hall–Petch relationship; τ saturates in the range of
small grain sizes d being of the order of 10 nm. This model recovers the classical
Hall–Petch relation at large grain sizes but for smaller grain sizes the τ levels off.
This model therefore cannot explain a drop in τ .

Nazarov et al.,47 Nazarov,48 and Lian et al.49 have developed the models
similar to that of Pande and Masumura,46 focusing on the influence of the grain
size d on the parameters of lattice dislocation pileups in grain interiors. Malygin50

has suggested a theory based on a lattice dislocation mechanism, with the effects
of grain boundaries taken into account. The dislocation density ρ(d) at any grain
size d is related in the usual fashion to the square of yield stress, and an expres-
sion is obtained that connects ρ to the grain size. The expression is based on the
assumption that grain boundaries act predominantly as sinks for dislocations (just
the opposite to that used by Li,51 who postulated that grain boundaries could be
sources for dislocation generation). In Malygin’s model, as the grains become
finer and finer, more and more dislocations are absorbed by the grain boundaries,
leading ultimately to a drop in dislocation density and hence in the flow stress,
since the two are directly related as mentioned above. The model is attractive, and
should be considered further. At present, we merely point out two problems with
the model. First, it is doubtful if the dislocations play the same role whether the
grains are large or small. It is more likely that dislocations in ultrafine grains, if
present at all, are confined to grain boundaries.52 Second, in Malygin’s model,50

the stress calculated is a work-hardened flow stress rather than a yield stress.
Lu and Sui53 assume that both the energy and free volume of grain boundaries

decrease with a reduction of the grain size d . This gives rise to an enhancement of
lattice dislocation penetration through the grain boundaries and the correspond-
ing softening of nanocrystalline materials. Following Scattergood and Koch,54 the
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yield stress of fine-grained materials is controlled by the intersection of mobile lat-
tice dislocations with the dislocation networks at grain boundaries. In this context,
with the dislocation line tension assumed to be size dependent, there is a critical
grain size that corresponds to a transition from cutting to Orowan bypassing of
the dislocation network. This critical grain size characterizes the experimentally
detected transition from the conventional to inverse Hall–Petch relationship, with
reduction in the grain size d .

Despite of the good correspondences between theoretically predicted τ (d)
dependences and experimental data, all the above models based on the repre-
sentations on the lattice dislocation mechanism of plastic flow in nanocrystalline
materials meet the question if the lattice dislocations exist and play the same
role in nanograin interiors as with conventional coarse grains. As pointed out in
papers,17,18,55 the existence of lattice dislocations in either free nanoparticles or
nanograins composing nanocrystalline aggregate is energetically unfavorable, if
their characteristic size, nanoparticle diameter, or grain size is lower than some
critical size which depends on such material characteristics as the shear modulus
and the resistance to dislocation motion. The dislocation instability in nanovol-
umes is related to the effect of the so-called image forces occurring due to the
elastic interaction between dislocations and either free surface of nanoparticle or
grain boundaries adjacent to a nanograin.17,18,55 The paucity of mobile dislocations
in nanograins has been welldocumented in electron microscopy experiments.55,56

The above question arises in the namely case of d < dc = 30 nm, where the ab-
normal Hall–Petch relationship comes into play. However, the models based on
the lattice dislocation slip are effective in explaining the deformation behavior of
nanocrystalline materials with grain size d > dc = 30 nm.

Recently, Cheng et al.32 have suggested a very interesting classification of
polycrystalline and nanocrystalline materials, based on the specific features of the
lattice dislocation slip and the role of grain boundaries in the lattice dislocation
generation. Materials are divided into four categories as shown below32:

1. Traditional materials with grain size d being larger than tentatively 1 µm.
In these materials, the lattice dislocation slip is dominant with carriers—
perfect lattice dislocations—being generated by mostly dislocation sources
(like Frank–Read sources) located in grain interiors.

2. Fine-grained materials with grain size d being in the range from tenta-
tively 30 nm to 1 µm. In these materials, the lattice dislocation slip is
dominant with carriers—perfect lattice dislocations—being generated by
mostly dislocation sources located at grain boundaries.

3. Nano II materials with grain size d being in the range from tentatively 10
to 30 nm. In these materials, the basic carriers of plastic flow are partial lat-
tice dislocations generated by mostly dislocation sources located at grain
boundaries. Since these mobile lattice dislocations are partial, their move-
ment is accompanied by the formation of stacking faults and deformation
twins.
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4. Nano I materials with grain size d being lower than tentatively 10 nm. In
these materials, grain boundary sliding and other deformation mechanisms
conducted by grain boundaries are dominant.

Cheng et al.32 emphasized that grain size ranges used in their classification
scheme are very approximate; they can be very different in various materials. In the
context of this chapter, it should be noted that the classification32 indirectly takes
into account different forms of the interaction between the lattice dislocation slip
and grain-boundary-conducted deformation modes. In this interpretation, grain-
boundary-conducted deformation modes provide the generation of either perfect
(unit) or partial dislocations from grain boundaries in fine-grained and nano II
solids. The classification32 is relevant to both nanocrystalline bulk materials and
coatings.

It is important to note that the most intriguing mechanical behavior is exhibited
by nano I coatings, that is, nanocrystalline coatings with very small grains. In these
coating materials, plastic flow occurs mostly through grain-boundary-conducted
deformation mechanisms, in particular, grain boundary sliding, which will be
discussed in the next section.

4. GRAIN BOUNDARY SLIDING

Grain boundary sliding is well known as the dominant deformation mechanism in
conventional microcrystalline materials exhibiting superplasticity (see, e.g., Refs.
57 and 58). Carriers of grain boundary sliding are treated to be grain boundary dis-
locations with small Burgers vectors being tentatively parallel with grain boundary
planes.59 (These small vectors are those of the displacement-shift-complete lat-
tices characterizing grain boundary translational symmetries.)59 In the theory of
superplasticity of conventional microcrystalline materials, characteristics of super-
plastic flow are caused by mechanisms that accommodate grain boundary sliding
(see, e.g., Refs. 57 and 58). The same is true in the situation with nanocrystalline
materials deformed through grain boundary sliding, in which case, however, the
interface and nanoscale effects modify the action of grain boundary sliding and its
accommodating mechanisms.

Hahn with coworkers60,61 have suggested a model describing the grain bound-
ary migration as the accommodation mechanism whose combined action with grain
boundary sliding gives rise to plastic flow localization in nanostructured bulk ma-
terials and coatings. The model60,61 suggests that grain boundary migration occurs
during plastic deformation and results in the formation of a zone where all grain
boundary planes are tentatively parallel to each other (Fig. 3.2a,b). The grain
boundary sliding is enhanced in this zone which, therefore, develops into a shear
band where plastic flow is localized. At the same time, however, the model60,61

does not identify a mechanism for the specific grain boundary migration which
makes grain boundary planes to be parallel to each other.
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(a)

(b)

(c)

FIGURE 3.2. Plastic flow localization. (a) Nondeformed state of a nanocrystalline spec-
imen modeled as a regular two-dimensional array of hexagons (nanograins). (b) Local
migration of grain boundaries gives rise to the formation of a local zone where grain
boundaries are parallel each other and intensive plastic shear through grain boundary
sliding occurs. (c) The formation of a local zone where grain boundaries are parallel to
each other results from movement of partial cellular dislocations.
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Representations of the model60,61 have been recently extended in two ways.
First, the formation of a zone where all grain boundary planes are tentatively
parallel to each other has been recently described as resulting from movement of
partial cellular dislocations (Fig. 3.2c), defects in arrays of nanograins (cells) of a
deformed nanocrystalline sample.62 It is a large-scale description of plastic flow
localization at the grain ensemble level.

Second, a theoretical model63,64 has been suggested which focuses on
nanoscale peculiarities of grain boundary sliding and transformations of defect
structures near triple junctions of grain boundaries. With results of the nanoscale
analysis, the model63,64 also describes the experimentally detected65–72 strength-
ening and softening phenomena in nanocrystalline materials under high-strain-rate
superplastic deformation. In the framework of this model, superplastic deforma-
tion, occurring mostly by grain boundary sliding in nanocrystalline materials, is
characterized by both strengthening due to transformations of gliding grain bound-
ary dislocations at triple junctions and softening due to local migration of triple
junctions and adjacent grain boundaries (Fig. 3.3a–g). A theoretical analysis64 of
the energy characteristics of the transformations indicates that the transformations
of grain boundary dislocations at triple junctions are energetically favorable in
certain ranges of parameters of the defect configuration. The corresponding flow
stress is highly sensitive to both the level of plastic strain and the triple junction
geometry. Sessile dislocations at triple junctions elastically interact with gliding
grain boundary dislocations. This interaction hampers grain boundary sliding.64

Thus, the storage of sessile grain boundary dislocations at triple junctions (Fig. 3.3)
causes a strengthening effect that dominates at the first long stage of superplas-
tic deformation. At the same time, the movement of grain boundary dislocations
across triple junctions can be accompanied with either grain boundary migration
(Fig. 3.3a–g)64 or the formation of a triple junction nanocrack (Fig. 3.3h,i),73 de-
pending on parameters of the defect system. Let us consider the former way of
defect structure evolution, that is, the action of grain boundary migration as the
accommodation mechanism for grain boundary sliding (Fig. 3.3a–g). As a result
of numerous acts of movement of grain boundary dislocations across triple junc-
tions and the accompanying grain boundary migration, the grain boundary planes
temporarily become parallel to each other at the shear surface (Fig. 3.3a–g). In
these circumstances, triple junctions stop being geometric obstacles for the move-
ment of new grain boundary dislocations, which, therefore, is enhanced along the
shear surface (Fig. 3.3h). This scenario quantitatively explains the softening effect
experimentally observed65–72 at the second stage of superplastic deformation in
nanocrystalline materials. The discussed representations64 on the softening mech-
anism related to local migration of grain boundaries are supported by experimental
observation74–80 of plastic flow localization in nanocrystalline bulk materials and
coatings. Following electron microscopy experiments,79,80 shear bands where su-
perplastic flow is localized in nanocrystalline materials contain brick-like grains
with grain boundaries being parallel and perpendicular to the shear direction. It
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is effectively and naturally interpreted as a result of the grain boundary migration
(Fig. 3.3a–g) accompanying grain boundary sliding across triple junctions.

Thus, in nanocrystalline solids deformed through grain boundary sliding,
there are both the strengthening and the softening effects occurring due to trans-
formations of grain boundary dislocations at triple junctions and the accompany-
ing local migration of grain boundaries, respectively. The competition between
the strengthening and the softening effects is capable of crucially influencing the
deformation behavior of nanocrystalline bulk materials and coatings. In particular,
superplastic deformation regime is realized if the strengthening dominates over
the softening during the first extensive stage of deformation. This strengthening
is responsible for an increase of the flow stress that drives the movement of grain
boundary dislocations and prevents plastic flow localization. With rising plastic
strain, local grain boundary migration (Fig. 3.3a–h) makes grain boundary planes
to be tentatively parallel to each other in some local regions of a loaded sample. As
a result, local softening becomes substantial, which causes gradual macroscopic
softening of nanocrystalline coating material. At some level of plastic strain, the
softening becomes dominant over the strengthening. At this point, the movement
of new grain boundary dislocations is dramatically enhanced along the shear sur-
faces where grain boundary planes temporarily become parallel to each other due
to the movement of previous grain boundary dislocations across their junctions.
As a corollary, the softening effect leads to plastic flow localization often followed
by failure.

5. ROTATIONAL DEFORMATION MECHANISMS

Now let us turn to a discussion of a rotational deformation mechanism in nanocrys-
talline coatings, that is, plastic deformation accompanied by crystal lattice rotation.

←−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−−
FIGURE 3.3. Grain boundary sliding and transformations of defect structures near a
triple junction of grain boundaries. (a) Initial state of defect configuration in a deformed
nanocrystalline coating. Two gliding grain boundary dislocations with Burgers vectors b1
and b2 move towards the triple junction O. (b) Sessile dislocation (open dislocation sign)
with the Burgers vector b is formed. Triple junction is displaced by the vector b2 from
its initial position shown in Fig. 3.3a. (c) Generation of two new gliding grain bound-
ary dislocations that move towards the triple junction. (d) Convergence of two gliding
dislocations results in increase of Burgers vector magnitude of sessile dislocation. Also,
the triple junction is transferred by the vector 2b2 from its initial position shown in
Fig. 3.3a. (e) Generation of two new gliding grain boundary dislocations that move to-
wards the triple junction. (f, g) Numerous acts of transfer of grain boundary dislocations
across a triple junction and accompanying local migration of grain boundaries make grain
boundary planes (adjacent to the triple junction) to be temporarily parallel to each other.
This process enhances grain boundary sliding across the triple junction. An alternative
way of defect structure evolution involves (h) generation and (i) growth of a triple junction
nanocrack in the stress field of the sessile dislocation.
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FIGURE 3.4. (a)–(f) Rotational deformation occurs through movement of a dipole of grain
boundary disclinations (schematically). A grain boundary disclination line is treated as
that terminating a wall of grain boundary dislocations. Grain boundary fragments sepa-
rated by disclination of strength � are characterized by misorientation parameters �2 and
�1, where � = �2–�1; see Fig. 3.4c.

Electron microscopy experiments are indicative of the essential role of the rota-
tional plastic flow in deformed nanocrystalline bulk materials72,81 and films,76 as
with conventional coarse-grained materials under high-strain deformation (for a
review, see Refs. 82 and 83). This causes high interest to a theoretical description
of the rotational deformation mode in the nanocrystalline matter.

The primary carriers of the rotational plastic deformation in solids are be-
lieved to be dipoles of grain boundary disclinations (Fig. 3.4).82,83 A grain bound-
ary disclination represents a line defect that separates two grain boundary frag-
ments with different misorientation parameters (for illustration, see Fig. 3.4c). That
is, grain boundary misorientation exhibits a jump at disclination line. A wedge
disclination line is also treated as that terminating a finite wall of grain boundary
dislocations (Fig. 3.4).83,84 For instance, dislocations at grain boundary fragment
AB (A′B′, respectively) shown in Fig.3.4c provide the difference in the tilt misori-
entation between the dislocated grain boundary fragment AB (A′B′, respectively)
and nondislocated fragment BC (B′C′, respectively). A disclination dipole consists
of two grain boundary disclinations having disclination strength values of oppo-
site signs (Fig. 3.4). Movement of a disclination dipole causes plastic deformation
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accompanied by crystal lattice rotation (Fig. 3.4). It is called as the rotational
deformation mode.

The rotational deformation is capable of being very intensive in nanocrys-
talline coatings.25–27,84,85 Actually, the volume fraction of grain boundaries is
extremely high in nanocrystalline coatings, in which case grain boundary discli-
nations can be formed, roughly speaking, in every point of a mechanically treated
coating material. In addition, the elastic energy of a disclination dipole rapidly di-
verges on increasing the distance between disclinations.82 Therefore, such dipoles
are energetically permitted mostly for grain boundary disclinations that are close
to each other. It is the, namely, case of nanocrystalline coatings where the in-
terspacings between neighboring grain boundaries are extremely small. Finally,
nanocrystalline coatings contain high-density ensembles of triple junctions where
the crossover from the conventional grain boundary sliding to the rotational de-
formation effectively occurs. Below, we will discuss this phenomenon serving as
a remarkable illustration of the interaction between different deformation mecha-
nisms operating in the nanocrystalline matter.

The grain boundary sliding treated as the dominant mode of superplasticity
in nanocrystalline materials occurs via motion of gliding grain boundary dislo-
cations. They have Burgers vectors that are parallel with corresponding grain
boundary planes along which these dislocations glide. Triple junctions of grain
boundaries, where grain boundary planes change their orientations, serve as ob-
stacles for the grain boundary dislocation motion. In these circumstances, splitting
of gliding grain boundary dislocations can occur at triple junctions, resulting in
the formation of sessile dislocations and gliding dislocations providing the fur-
ther grain boundary sliding along the adjacent grain boundaries (Fig. 3.3).63,64,86

However, in general, grain boundary dislocations stopped at a triple junction are
also capable of being split into climbing grain boundary dislocations (Fig. 3.5).
When this process repeatedly occurs at a triple junction, it results in the formation
of two walls of dislocations climbing along the grain boundaries adjacent to the
triple junction25,27 (Fig. 3.5). The finite walls of climbing dislocations are termi-
nated by two disclinations that form a dipole and cause the rotational deformation
(Fig. 3.5).

Thus, the crossover occurs through the splitting of a pileup of gliding grain
boundary dislocations into climbing dislocation walls that provide crystal lattice
rotation in a nanograin as a whole. In doing so, the crossover is sensitive to geo-
metric parameters of the defect structure. As shown in Ref. 27 the crossover from
the grain boundary sliding to the rotational mode of plastic flow in nanocrystalline
materials effectively occurs at triple junctions with low values of the triple junc-
tion angle φ (see Fig. 3.5). It is contrasted to the previously considered situation
in Section 3 with grain boundary sliding which effectively occurs (changing
its direction) at triple junctions with large values of the triple junction angle
(φ) (Fig. 3.3). In these circumstances, grain boundary sliding and rotational
mode act as alternative deformation mechanisms at triple junctions with differ-
ent geometric parameters (φ). The experimentally detected72,76,81 grain rotations
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FIGURE 3.5. Crossover from grain boundary sliding to rotational deformation mode. (a)
Nanocrystalline specimen in a nondeformed state. (b) Grain boundary sliding occurs via
motion of gliding grain boundary dislocations under shear stress action. (c) Gliding dis-
locations split at triple junction O of grain boundaries into climbing dislocations. (d, e)
The splitting of gliding grain boundary dislocations repeatedly occurs causing the for-
mation of walls of grain boundary dislocations. The climb of grain boundary dislocation
walls is equivalent to movement of disclination dipole and causes plastic deformation
accompanied by crystal lattice rotation in a grain.
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in superplastically deformed nano- and microcrystalline materials where grain
boundary sliding is the dominant deformation mechanism support the theoretical
model.27

6. GRAIN BOUNDARY DIFFUSIONAL CREEP (COBLE
CREEP) AND TRIPLE JUNCTION DIFFUSIONAL CREEP

Besides grain boundary sliding and rotational deformation mechanism, grain
boundary diffusional creep (Coble creep) and triple junction diffusional creep are
capable of essentially contributing to plastic flow in nanocrystalline coating mate-
rials with very small grains. The role of these deformation mechanisms increases
on increasing the volume fractions of the grain boundary and triple junction phases.
Of particular importance are the diffusional creep modes in those nanocrystalline
solids with very small grains in which grain boundary sliding is suppressed. For
instance, it is the case of superhard nano–nanolayer composite coatings (Fig. 3.2b)
where intergranular boundaries are often amorphous9,10,12 and thereby do not con-
duct the conventional grain boundary sliding. Also, nanocrystalline solids after
thermal treatment do not contain mobile grain boundary dislocations that carry
grain boundary sliding. In these circumstances, Coble creep and triple junction
diffusional creep (whose carriers are point defects, mostly vacancies) are treated
to effectively operate in mechanically loaded nanocrystalline bulk materials and
coatings.25

Coble creep is well described in the classical theory of creep of conventional
microcrystalline materials, where this plastic flow mechanism plays an important
role (see, e.g., Ref. 71). In contrast, representations on the triple junction diffu-
sional creep are not well known. However, in recent years, triple junctions of grain
boundaries have been recognized as defects with the structure and properties being
essentially different from those of grain boundaries that they adjoin.87 For instance,
from experimental data and theoretical models it follows that triple junctions play
the role of enhanced diffusion tubes,88,89 nuclei of the enhanced segregation of
the second phase,90 strengthening elements and sources of lattice dislocations91,92

during plastic deformation, and drag centers of grain boundary migration during
recrystallization processes.93 Also, as it has been shown in experiments,88 creep
associated with enhanced diffusion along triple junctions contributes to plastic
flow of coarse-grained polycrystalline aluminum. Actually, since triple junction
diffusion coefficient Dtj highly exceeds grain boundary diffusion coefficient
Dgb,88,89 enhanced diffusional mass transfer along triple junction tubes occurs un-
der mechanical stresses and contributes to plastic forming of a mechanically loaded
material.

To characterize contributions of bulk diffusional creep, grain boundary dif-
fusional creep, and triple junction diffusional creep to plastic deformation of a
nanocrystalline coating, of crucial importance are dependences of plastic strain
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rate on grain size d , inherent to these deformation modes. Grain size exponent
is −4 in the case of the triple junction diffusional creep,88 in contrast to grain
boundary diffusional creep (Coble creep) and bulk diffusional creep characterized
by grain size exponents of −3 and −2, respectively:

•
εtj ∝ Dtjd

−4 (3.2)
•
εgb ∝ Dgbd−3 (3.3)

•
εbulk ∝ Dbulkd−2 (3.4)

Here •
εtj,

•
εgb, and •

εbulk, are plastic strain rates that correspond to triple junction
diffusional creep, grain boundary diffusional creep, and bulk diffusional creep, re-
spectively. Dbulk denotes the bulk self-diffusion coefficient. In these circumstances,
grain refinement enhances plastic flow occurring via Coble creep and especially
triple junction difusional creep.

To describe the dependence of the yield stress on grain size d in a wide
range (including the anomalous Hall–Petch relationship at small grain sizes),35,36

Masumura et al.19 suggested a model based on the idea of competition between
lattice dislocation slip, grain boundary diffusional creep (Coble creep), and bulk
diffusional creep. They assumed that polycrystals with a relatively large average
grain size obey the classical Hall–Petch relation [Eq. (3.1)]. At the other extreme,
for very small grain sizes, it is assumed that Coble creep operates. Also, it is
assumed that a grain size d∗ exists at which value the classical Hall–Petch mech-
anism switches to the Coble creep mechanism. The model by Masumura et al.19

effectively explains the deformation behavior of materials with the mean grain size
in the 5–200-nm range, including the transition regime between the Hall–Petch
and Coble-creep-like behavior. The transition regime is effectively described with
a distribution of grain size taken into account. Thus, Masumura et al.19provided a
unified model and developed an analytical expression for the yield stress τ as
a function of the inverse square root of d in a simple and approximate manner
that could be compared with experimental data over a wide range of grain sizes.
This model has been extended by several authors22,94 to involve grain boundary
sliding into consideration. In addition, recent results95 of computer modeling are
in agreement with the idea of Coble creep as the effective deformation mech-
anism operating in nanocrystalline bulk materials and coatings with very small
grains.

Recently, Fedorov et al.23 have suggested a theoretical model describing the
yield stress dependence on grain size in fine-grained materials, based upon com-
petition between conventional dislocation slip, grain boundary diffusional creep,
and triple junction diffusional creep. It has been shown that the contribution of
triple junction diffusional creep increases with reduction of grain size, causing a
negative slope of the Hall–Petch dependence in the range of very small grains. The
results of the model23 are compared with experimental data96–99 from copper and
shown to be in rather good agreement.
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7. INTERACTION BETWEEN DEFORMATION MODES IN
NANOCRYSTALLINE COATING MATERIALS: EMISSION
OF DISLOCATIONS FROM GRAIN BOUNDARIES

Nanocrystalline coating materials (Fig. 3.1a–c) are aggregates of nano-sized grains
in which different deformation mechanisms can strongly influence each other.
That is, there is a kind of effective interaction between deformation modes in the
nanocrystalline matter. In this context, the theory of plastic deformation processes
should involve into consideration the combined action of interacting deformation
modes that enhance each other. Interaction between deformation modes strongly
depends on characteristics of grain boundary structures, grain size distribution,
triple junction geometry, and grain boundary defects. These parameters, in their
turn, are sensitive to fabrication of nanocrystalline coatings. Therefore, the theoreti-
cal approach focused on the interaction between different deformation mechanisms
is potentially capable of effectively explaining “fabrication–structure–properties”
relationships that are responsible for the macroscopic deformation behavior of
nanocrystalline coating materials.

An example of interacting deformation modes is the grain boundary sliding
enhanced due to lattice dislocation slip. Lattice dislocation moving in grain inte-
riors come to grain boundaries where they split into grain boundary dislocations
that carry intense grain boundary sliding.100 This kind of interaction between de-
formation modes is well known in the theory of superplasticity of conventional
microcrystalline materials and definitely plays a significant role in nanocrystalline
materials with grain size d > 30 nm, in which lattice dislocation slip is intense. An-
other case of interacting deformation modes is the crossover from grain boundary
sliding to the rotational deformation in nanocrystalline materials (see Section 3 and
Ref. 27).

In nanocrystalline materials characterized by a high-volume fraction of
the grain boundary phase, grain boundaries also intensively emit lattice dis-
locations, but not only absorb. This phenomenon has been observed in direct
experiments71,72,101 and indirectly confirmed by experimental data38–41 indicating
twin deformation conducted by partial lattice dislocations in nanograins.

The theoretical model86 describes emission of perfect and partial lattice dis-
locations as a process induced by the preceding grain boundary sliding. It is a
manifestation of interaction between grain boundary sliding and lattice disloca-
tion slip, which is realized as follows: A pileup of grain boundary dislocations is
generated under the action of mechanical load in a grain boundary in a plastically
deformed nanocrystalline sample. Mechanical-load-induced motion of the grain
boundary dislocation pileup is stopped by a triple junction of grain boundaries.
There are several ways of evolution of the grain boundary dislocation pileup, in-
cluding emission of either perfect (Fig. 3.6a) or partial (Fig. 3.6b) dislocations
from the triple junction.86 In the second case, stacking faults are formed behind
the moving partial dislocations (Fig. 3.6b).



FIGURE 3.6. Emission of lattice dislocations from grain boundaries in deformed
nanocrystalline coating materials. (a) Perfect lattice dislocation is emitted from a triple
junction of grain boundaries. (b) Partial lattice dislocation is emitted from a triple junc-
tion of grain boundaries. Stacking fault (wavy line) is formed behind the moving partial
dislocation. (c) Movement of a dipole of grain boundary disclinations is accompanied by
emission of perfect lattice dislocations into grain interiors. (d) Movement of a dipole of
grain boundary disclinations is accompanied by emission of partial lattice dislocations
into grain interiors. Stacking faults (wavy lines) are formed behind the moving partial
dislocations.
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Emission of lattice dislocations by grain boundaries effectively occurs also as
a process accompanying rotational deformation in nanocrystalline materials. Ro-
tational deformation mode—plastic deformation accompanied by crystal lattice
rotations—occurs through movement of grain boundary disclination dipoles and
is capable of effectively contributing to plastic flow in nanocrystalline materials
(see Section 5 and Refs. 25–27, 84, and 85). It is confirmed by experimental ob-
servations of disclination dipoles and grain rotations in mechanically loaded bulk
nanocrystalline materials and films.72,76,81 Movement of grain boundary discli-
nations in plastically deformed solids is commonly treated as being associated
with absorption of lattice dislocations (that are generated and move in grains un-
der the action of mechanical load) by grain boundaries.102 This micromechanism,
according to Ref. 102, is responsible for experimentally observed grain rotations
in polycrystalline materials during (super)plastic deformation. Recently, a theo-
retical model25,84,103 has been suggested to describe the rotational deformation in
nanocrystalline solids as the processes occurring mostly via the motion of grain
boundary disclinations and their dipoles, associated with the emission of lattice
dislocations from grain boundaries into the adjacent grain interiors (Fig. 3.6c,d). It
is an example of interacting deformation modes in which the rotational deformation
and lattice dislocation slip support each other.

Grain-boundary-conducted plastic deformation creates stress inhomo-
geneities in vicinities of grain boundaries, which thereby serve as preferable places
for the generation of nanocracks. For instance, grain boundary sliding leads to the
formation of sessile triple junction dislocations whose stresses relax through the
generation of nanocracks near triple junctions of grain boundaries73 (Fig. 3.3h,i).
Also, grain boundary disclinations—carriers of rotational deformation—create
stress fields capable of causing the generation and growth of nanocracks along
grain boundaries in deformed poly- and nanocrystalline materials.25,104 These ex-
amples illustrate interaction between plastic deformation and fracture modes in
nanocrystalline coating materials.

8. DEFECTS AND PLASTIC DEFORMATION
RELEASING INTERNAL STRESSES IN
NANOSTRUCTURED FILMS AND COATINGS

Let us discuss the role of defects and plastic deformation in the internal stress
relaxation in nanostructured films and coatings. In general, an interphase coating–
substrate boundary serves as a source of internal stresses occurring due to lattice
parameter mismatch, thermal expansion mismatch, elastic modulus mismatch, and
plastic flow mismatch between the adjacent phases. The internal stresses strongly
influence the structure and functional properties of nanostructured coatings. In par-
ticular, defect structures, phase content, and mechanical, magnetic, and diffusional
properties of films and coatings are very sensitive to the internal stresses (see, e.g.,
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Refs. 6–11 and 105–112). Therefore, it is very important to identify mechanisms
for internal stress relaxation in nanostructured coatings.

The internal stresses in conventional single crystalline thin films and
nanoscale multilayer coatings (Fig. 3.1g) relax mostly through the generation
of misfit dislocations that form dislocation rows in interphase boundary planes or
more complicately arranged configurations (see, e.g., experimental and theoretical
works).105–107,113–117 Generally speaking, the formation of misfit dislocation rows
at interphase boundaries is either desirable or disappointing, from an applications
viewpoint, depending on the roles of films, nanoscale coating layers (Fig. 3.1g), and
interphase boundaries in applications. So, if the properties of a film or nanoscale
coating layers are exploited, the formation of misfit dislocation rows commonly is
desirable, as it results in a (partial) compensation of misfit stresses in the film. If
the properties of an interphase boundary are exploited, the formation of misfit dis-
location rows commonly is undesirable, since the formed misfit dislocation cores
violate the preexistent ideal (coherent) structure of the interphase boundary.

The structure and the properties of nanocrystalline coatings are different from
those of single crystalline thin films and nanolayers of multilayer coatings. There-
fore, relaxation of misfit stresses in nanocrystalline films, in general, can occur via
mechanisms that are different from the standard mechanism, the formation of rows
of perfect misfit dislocations at interphase boundaries. In particular, due to the exis-
tence of high-density ensembles of grain boundaries, relaxation of internal stresses
in nanocrystalline films and coatings effectively occurs via the formation of grain
boundary dislocations and disclinations as misfit defects (Fig. 3.7).118–120 These
grain boundary dislocations and disclinations induce stress fields that compensate
for, in part, misfit stresses and are located at grain boundaries and their triple junc-
tions (Fig. 3.7). The formation of grain boundary dislocations and disclinations
as misfit defects does not induce any extra violations of coherency of interphase
boundaries and, therefore, does not lead to degradation of their functional proper-
ties used in applications.

Coating

Substrate

FIGURE 3.7. Relaxation of internal stresses in nanocrystalline films and coatings effec-
tively occurs through the formation of grain boundary dislocations and disclinations.
Their stress fields induce the generation of stable nanocracks.
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Let us discuss briefly a scenario for the formation of grain boundary dis-
locations and disclinations as misfit defects. Nanocrystalline coatings are often
synthesized at highly nonequilibrium conditions, in which case grain boundaries
in these coatings are highly defected. Grain boundaries contain “nonequilibrium”
or extrinsic grain boundary dislocations and disclinations.100,118,119 In the absence
of long-range stress fields, “nonequilibrium” dislocations and disclinations in a
grain boundary, after some relaxation time interval, disappear via entering to a
free surface of a solid and/or via annihilation of defects. The internal stresses
generated at the coating–substrate boundary cause many “nonequilibrium” grain
boundary dislocations to keep existing, even after relaxation, as misfit defects
compensating for these internal stresses in nanocrystalline coatings. High-density
ensembles of “nonequilibrium” grain boundary dislocations and disclinations are
capable of providing a very effective relaxation of the internal stresses in nanocrys-
talline coatings. For instance, as it has been noted in Ref. 121, residual stresses
are low in nanocrystalline cermet coatings (fabricated by thermal spray methods
at highly nonequilibrium conditions), resulting in a capability for producing very
thick coatings. So, nanocrystalline coatings were fabricated up to 0.65 cm thick
and could probably be made with arbitrary thickness.121 At the same time, in a
conventional polycrystalline cermet coating, stress buildup limits coating thick-
ness to typically 500–800 µm. This is naturally explained as caused by a stress
relaxation mechanism (in the situation discussed, the formation of grain boundary
misfit dislocations and disclinations) that comes into play in, namely, nanocrys-
talline films and coatings, and is different from and more effective than the standard
mechanism—the formation of perfect misfit dislocations.

Grain boundary misfit dislocations and disclinations create long-range stress
fields that compensate for, in part, internal stresses, in which case their forma-
tion effectively competes with failure and other relaxation processes induced by
the internal stresses in nanocrystalline coatings. At the same time, these grain
boundary defects create local stress inhomogeneities that can induce the forma-
tion of stable nanocracks in vicinities of grain boundary dislocations and especially
disclinations.25,73,104 In the context discussed, grain boundary defects play a dou-
ble role. These defects, on the one hand, prevent failure processes induced by
the internal stresses generated at interphase coating–substrate boundaries and, on
the other hand, serve as preferable centers for nucleation of stable nanocracks in
vicinities of the grain boundary defects.

Now let us turn to a brief discussion of relaxation mechanisms for inter-
nal stresses in nanoscale multilayer coatings (Fig. 3.1g). As noted previously, the
internal stresses in nanoscale multilayer coatings relax mostly through the gen-
eration of misfit dislocations that form dislocation rows in interphase boundary
planes. These misfit dislocations that create stress fields enhance the generation of
nanoscale compositional inhomogeneities like nanowires122 and influence plastic
flow in nanoscale multilayer coatings.123 At the same time, there are alternative
mechanisms for effective relaxation of internal stresses in nanoscale multilayer
coatings. In particular, following a theoretical analysis,124 plastic deformation of
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FIGURE 3.8. Solid-state amorphization in nanoscale multilayer coatings.

a substrate creates defects in the substrate, whose stresses are capable of caus-
ing relaxation of internal stresses and thereby preventing the formation of misfit
dislocations in nanoscale multilayer coatings.

Another relaxation mechanism in nanoscale multilayer coatings is related
to phase transformations at interphase boundaries. For instance, solid-state amor-
phizing transformations occur in multilayer coatings consisting of alternate layers,
say, α and β.125,126 In these circumstances, layers of the new amorphous alloyed
phase α–β nucleate at α–β interfaces due to diffusional mixing of atoms α and
β (Fig. 3.8). Recently, it has been experimentally revealed that the solid state
amorphization does not occur in Ni–Ti multilayer coatings having the crystalline
layer thickness in a composite below some critical thickness p (being several
nanometers).125 To account for these experimental data, solid-state amorphizing
transformations have been theoretically described in Ref. 127 as phase transfor-
mations driven by a release of internal stresses. It has been found that there is a
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minimal critical thickness p that characterizes the solid-state amorphization as an
energetically favorable process in multilayer coatings. The stress-release-driven
amorphization occurs, if the layer thickness is larger than p, and is forbidden, if
the layer thickness is lower than p.

Finally, let us briefly discuss plastic deformation mechanisms that accommo-
date misfit stresses in semiconductor nanoisland films, that is, quantum dots. In gen-
eral, self-assembled quantum dots exhibit unique functional properties exploited
in electronic and optoelectronic devices.128–132 Desired functional characteristics
of quantum dots crucially depend on their structure and geometry. In particular, the
formation of misfit dislocations releasing stresses in quantum dots leads to dramatic
degradation of their functional properties.128 In this context, knowledge of critical
parameters of quantum dots, at which the formation of misfit dislocations that are
energetically favorable, is of utmost importance for applications of such dots.

The standard deformation mechanism leading to a partial relaxation of misfit
stresses in quantum dots is treated to be the generation of perfect misfit dislo-
cations.129,133–135 Recently, a new deformation mechanism in quantum dots has
been suggested. It is the generation of partial and split misfit dislocations.136,137

According to theoretical analysis,136,137 the generation of partial misfit dislocations
effectively competes with that of conventional perfect dislocations in germanium
pyramid-like quantum dots on silicon substrate. In doing so, different partial dis-
location structures are energetically preferred in different regions of the interface.
Single partial dislocation is generated near lateral free surface of a nanoisland.
Then, during its motion toward the nanoisland base center, the second partial
dislocation is generated.

9. CONCLUDING REMARKS

Thus, defects and deformation mechanisms in nanostructured coating materials are
characterized by the specific features associated with the interface and nanoscale
effects in these coatings. In particular, owing to the interface and nanoscale ef-
fects, the set of deformation mechanisms in nanocrystalline coatings is richer than
that in conventional coarse-grained polycrystalline coatings. Such grain-boundary-
conducted deformation mechanisms as gain boundary sliding, rotational deforma-
tion mode, Coble creep, and triple junction diffusional creep are capable of ef-
fectively operating and causing plastic flow of nanocrystalline coatings with very
small mean grain size d < dc = 30 nm. The lattice dislocation slip is dominant
in nanocrystalline coatings with mean grain size d > 30 nm. However, its action
is strongly affected by grain and interphase boundaries which, on the one hand,
obstruct movement of lattice dislocations and, on the other hand, emit perfect and
partial lattice dislocations. Also, grain boundaries and their triple junctions contain
defects whose stress fields induce the formation of nanocracks—elemental carriers
of fracture processes—in nanocrystalline coatings.
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Due to the existence of high-density ensembles of grain boundaries in
nanocrystalline coatings, relaxation of internal stresses in these coatings effec-
tively occurs via the formation of grain boundary dislocations and disclinations
as misfit defects. Such grain boundary dislocations and disclinations induce stress
fields that compensate for, in part, misfit stresses and are located at grain bound-
aries and their triple junctions (Fig. 3.7). The relaxation mechanism in question
is capable of providing more effective release of residual stresses in nanocrys-
talline coatings, compared to their coarse-grained counterparts. This explains the
experimentally documented capability for producing very thick nanocrystalline
coatings, in contrast to conventional coarse-grained coatings where stress buildup
essentially limits the coating thickness.

The specific features of defects and deformation mechanisms in nanostruc-
tured coating materials should definitely be taken into account in experimental
research and theoretical description of the structure and behavior of these materi-
als. Identification and systematic study of the specific defect structures and plastic
flow mechanisms in nanostructures are important for both understanding the funda-
mentals of their unique mechanical and physical properties as well as development
of current and novel technologies exploiting nanostructured coatings.
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1. INTRODUCTION

The understanding of the mechanical properties of nanocrystalline (nc) materials
(with grain sizes less than 100 nm) poses a fundamental challenge to materials
science research.1,2 For such nanometer scale grain sizes, the volume fraction
of grain boundaries (GBs) becomes significant and the mechanical properties of
nc materials exhibit unique properties when compared to their coarser grained
counterparts. With decreasing grain sizes, a transition from dislocation-mediated
plasticity within the grains, toward a plasticity that is primarily accommodated by
the GB structure is to be expected. Many controversial results have been reported
for these interface-dominated materials; however, despite the extensive efforts over
the past decade, there is no fundamental understanding of the relation between
the geometrical GB network, including details of GB structure, and the overall
mechanical behavior.

Tensile deformation studies of nc systems show an increase in strength of up to
six times the strength of their coarse-grained counterparts. The observed increase is
dependent on the synthesis method and the different obtained microstructures.1,3,4

The increase in strength is however accompanied by a dramatic loss in ductility,
and several methods to improve ductility have been proposed.5 In a recent study
on nc Ni synthesized by electrodeposition and high-pressure torsion,3,4 other typ-
ical features characterizing the deformation mechanism of nc metals were found,
such as
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� the increased strain-rate sensitivity, up to 10 times higher than the value
of the coarse-grained material but still low compared to what is observed
during superplastic deformation,

� a relatively low activation volume measured by strain rate jump tests, and
� a fast decrease in the work hardening, leading to limited uniform deforma-

tion and the onset of instabilities, resulting in shear bands at higher strain
rates.

Moreover, it has been shown that the plastic deformation mechanism in elec-
trodeposited Ni deforms with a mechanism that is characterized by a reversible
X-ray diffraction peak broadening, which is generally not the case for coarse-
grained face-centered cubic (fcc) metals.6

Atomistic simulations have provided a complimentary approach to the ongo-
ing experimental effort. They have played an important role in the understanding of
the discrete atomic processes that contribute to plastic deformation of nc materials
under a uniaxial tensile load.7−16 Using fully three-dimensional (3D) samples with
mainly high-angle GBs and grain sizes up to 20 nm, two deformation mechanisms
have been distinguished at room temperature: the first identified as grain boundary
sliding (GBS) facilitated by atomic shuffling17 and to a lesser extent stress-assisted
free-volume migration; the second identified as a dislocation-mediated process,
where the GBs act as source and sink for dislocations.18,19 Moreover, cooperative
GBS via the formation of shear planes that extend over a number of grains has been
observed in simulations of nc Ni consisting of 125 grains, with an average grain
size diameter of 6 nm.20 Atomistic simulations have also provided an understand-
ing of the experimentally observed dimple structures in the fracture surface of nc
samples in terms of local shear planes formed around clustered grains that because
of their particular misorientation cannot participate in the GB accommodation
processes necessary to sustain plastic deformation.21 With increasing grain size,
all simulations indicate an increase in the level of dislocation activity. Careful ex-
amination of deformed samples has demonstrated that the dislocations are emitted
from those areas in the GBs where misfit is accommodated, usually also identified
by a high local value in tensile or compressive stress. The emission process always
involves motion of free volume toward or away from the misfit area.

In spite of all experimental efforts and in spite of a maximum exploitation of
the synergies between simulation and experiments, we are far from understanding
the nc deformation mechanisms at the atomic level. One of the possible reasons
might be that often measurement techniques are used that when applied to nc
structures induce size effects, making quantitative interpretation of data uncertain.

Nanoindentation, a technique that offers to probe in situ high strain-rate plas-
ticity and that is frequently used to measure hardness, is one of the techniques
that might suffer from size effects when applied to nc structures. The develop-
ment of the nanoindentation technique22 and its combination with atomic force
microscopy23 and the interfacial force microscopy24 have generated considerable
interest in the detailed mechanisms of deformation during nanoindentation, partic-
ularly for experimental investigations of nanoscale structures.25 It is now possible
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to monitor, with high precision and accuracy, both the load and the displacement of
an indenter down to the nanometer range,26−28 revealing the presence of steps in the
experimental load–indentation curves for conventional polycrystalline materials
and single crystals.28,29

To provide a better insight into the atomic scale processes that occur under the
indenter and to elucidate possible size effects, atomistic simulations can also here
be called for help. For example, atomistic simulations could show that the steps in
the load–indentation curves can be attributed to discrete dislocation bursts30 and
that surface inhomogeneities, such as surface steps, can greatly influence the onset
of plasticity.31 Most of these simulations have been performed on perfect single
crystal structures.30−35 To elucidate the role played by the GB in the process of
dislocation nucleation, Christopher et al.34 have indented on an Fe{100}{111}GB
under a bicrystal geometry and have observed a decrease in the maximum force
by 40% in comparison to the case of a single crystal, and also observed material
pileup on the {100} grain surface. Lilleodden et al.30 have studied the effect of the
proximity of a GB, also in a bicrystal, to the indenter on an Au(111) surface, finding
a lower critical stress for dislocation emission as the indenter approaches the GB.
To investigate the role played by a more complex microstructure, nanoindentation
simulations have been performed on nc metallic structures.36,37

In this chapter we discuss what atomistic simulations suggest on the deforma-
tion mechanism during nanoindentation in nc fcc gold structures. The interaction
between dislocations nucleated under the indenter with the underlying GB struc-
ture and the possible GB accommodation processes are discussed. It is shown
that these mechanisms contribute to an important relationship between grain size
and indenter size, leading to size effects in nanoindentation measurements. The
chapter begins with a brief discussion of the technique and its inherent limitations,
an important issue that is too often neglected leading to incorrect evaluation of the
simulated results.

2. ATOMISTIC MODELING

The atomistic simulation of nanoindentation on nc systems involves a number of
techniques and procedures. First, there is the type of the atomistic simulation—for
simulations at finite temperature, molecular dynamics (MD) is employed, whereas
for zero-temperature simulations, the conjugate gradient (CG) technique is used
to relax the structure with respect to the lowering of the indenter. Each of these
methods contains inherent limitations and artifacts that must be understood when
properly interpreting the results of the simulation. Both atomistic techniques re-
quire a model for the interaction between the atoms, where for the multimillion-
atom simulations necessary to simulate an indentation simulation, a fast empirical
atom–atom interaction is required to make the computational task tractable. To
achieve this, such interatomic potentials approximate the true atom–atom inter-
action and are constructed to reproduce known bulk properties of ideal systems.
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Thus, issues of transferability to atomic configurations far from the ideal systems
must be taken into account when simulating atomic configurations that contain a
certain degree of disorder such as in nc systems. Second, the nc system that is to
be indented must be constructed in a way that it represents a true nc system as
best as possible. This involves issues such as the number of grains simulated, their
shape, their size, and the nature of the GB and triple junctions. It is important that
former mentioned parameters are fully characterized for the simulated samples,
since different preparation procedures can result in fundamentally different GB
structures that are far from those expected for a metallic nc system. As an exam-
ple, nc GB networks derived using an ultrafast cooling method from the melt, in the
computer, resulted in a long-standing misconception that nc GBs were amorphous
even in a pure metallic fcc system, and thus fundamentally different from those
of the polycrystalline regime. Part of the misunderstanding in computer-generated
GBs also arises from the definition used for the GB, leading to the importance of
how atomic structures and processes can be visualized. Important differences in
structural length scales are observed when using different definitions for GB atoms
such as a definition based on energy, crystalline order, and positional disorder or
stress.19,38

In what follows, fundamentals on the basic molecular dynamics and conjugant
gradient techniques are given, and the model for the interatomic potential used
for the nc simulations, the synthesis of computer-generated nc samples, and the
visualization techniques are discussed. We conclude this section with a discussion
on the inherent limitations of atomistic modeling when applied to nc systems.

2.1. Molecular Dynamics

MD involves the solution of Newton’s equation of motion for an N -atom system:

mi ¨̃r i (t) = F(r̃1, . . . , r̃N ) = −∇̃i (r̃1, . . . , r̃N ) (4.1)

where r̃i is the position of the i th atom. Since the precise atom dynamics is governed
by N nonlinearly coupled differential equations, a numerical approach involving
the discretisation of time is employed to evolve the system through time. For exam-
ple, by approximating the acceleration via a simple finite difference representation,
one obtains

mi
[ri (t + 2�t) − 2ri (t + �t) + ri (t)]

�t2
= −∇̃i V (r1(t), . . . , rN (t)) (4.2)

from which a new configuration at time t + 2�t can be derived from the previous
configurations at time t + �t and t . In practice this simple scheme is numerically
unstable, and improved integration algorithms have been developed such as the
Verlet39 and Gear40 predictor/corrector integrators, which are currently used. Such
finite difference or integrator methods generally employ a time-step of the order
of a femtosecond.
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All thermodynamic variables can easily be measured and controlled within the
framework of equilibrium MD. For example, the temperature T for a monoatomic
system with mass m can be easily calculated using the principle of equipartition
of energy:

3N

2
kbT = 1

2

∑
i

mi ˙̃r i · ˙̃r i (4.3)

Using this formula the temperature of the MD system can be controlled by
rescaling the atomic velocities by the factor

√
T/Tdesired every certain number of

MD steps, eventually leading to an equilibrated system at the desired temperature.
There exist more elaborate approaches to temperature through a fictitious damping
term, the magnitude and sign of which is controlled by the difference between the
desired temperature and the actual temperature of the system.41 However, under
equilibrium conditions, all such methods are expected to be equivalent.

The most widely used approach to apply a global stress to a simulation cell
under full 3D periodicity is via the Parrinello–Rahman technique.42 Within this
framework, absolute atomic coordinates are represented via r̃i = B̂s̃i , where B̂ is
a square matrix of rank 3, and s̃i are reduced dimensionless atomic coordinates
ranging from −0.5 to 0.5. Thus, B̂ has units of length and under orthorhombic
geometry conditions, the diagonal components of B̂ are simply the periodicity
lengths. Higher derivatives of the atomic coordinates are represented in a simi-
lar fashion. The dynamical MD variables are now B̂ and s̃i , all of which follows
differential equations, with the driving “force” of B̂ being the difference between
the applied global stress and the actual global stress of the simulation cell. To-
gether, the temperature and stress control allow the simulation of equilibrium NPT
systems.

2.2. Steepest Descent and Conjugate Gradient Methods

This approach entails finding the relaxed positions of a given unrelaxed atomic
configuration—minimizing the total potential energy of the system with respect to
the atomic coordinates. There exist a variety of quite general numerical procedures
to minimize a function with respect to its degrees of freedom. The simplest method
is the steepest descent algorithm, which minimizes the total potential energy by
applying successive line minimizations along the 3N gradient vector:

1. Begin with an atomic configuration: r̃1, . . . , r̃N and potential energy
V (r̃1, . . . , r̃N )

2. (Line) minimize, with respect toλ, the potential energy V (λ) where V (λ) =
V

(
r̃1 + λh̃1, . . . , r̃N + λh̃N

)
and h̃1 = −∇̃i V (ri (t), . . . , rN (t))

3. If |V (λmin) − V (r̃1, . . . , r̃N )| is less than some chosen tolerance energy
then the system has relaxed to a local minima, else return to 1 with
r̃i + λmin h̃i → r̃i .
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Despite its simplicity, the steepest descent method exhibits slow convergence
for large N systems, since each new gradient vector is not necessarily perpendic-
ular to the previous one. As a result, minimizing along the next steepest descent
direction may destroy, in part, the gains in reduction of potential energy, achieved in
previous steepest descent steps. The CG approach minimizes this problem by cal-
culating the new line minimization direction so that it is approximately orthogonal
or conjugate to the previous line minimization. Rather than the new line mini-
mization direction being simply the gradient at the minimum, the new conjugate
direction is

h̃i = −∇̃i V (r1(t), . . . , rN (t)) − γi h̃i−1 (4.4)

where γi is the ratio of the magnitude of the forces at the current line minimum to
the magnitude of the forces of the previous line minimum.

2.3. Interatomic Potentials

Although the condensed matter state remains fundamentally a quantum system,
the difference in masses between the atoms and the electrons that contribute to the
materials’ bonding properties allows for a classical force to be defined between
the atoms. This is, in essence, the adiabatic approximation where the atomic and
electronic degrees of freedom can be decoupled from each other, allowing for the
electronic degrees to be integrated out with respect to the atomic motion. Thus, the
precise form of the classical interatomic potential is of quantum origin. For closed-
shell systems, where there is not a strong electronic contribution to the bonding, a
simple pair potential will suffice, which at short range will be repulsive and in the
long range will be attractive. For metallic systems, the bonding originates from
a combination of an ion—ion-type interaction described by a pair term and an
electronic band energy term. For a general introduction to bonding in solids and
the development of an empirical description of interatomic potentials, see Refs. 43
and 44.

To obtain an empirical description for metallic systems, the electronic band
energy contribution as a function atomic position must capture the unsaturated
nature of the metallic bond, in which, if one bond is broken, the remaining bonds
are strengthened. A successful approach has been the embedded atom method,45

which has its origins in density functional theory. In this model the total energy
for an ideal metallic system is given by

E =
∑

i

(F(ρi ) + 1

2

∑
V (ri j )) E =

∑
i

(F(ρi ) + 1

2

∑
V (ri j )) (4.5)

where F(ρi ) is the so-called embedding function, ρi = ∑
j ρ(ri j ) is the local elec-

tronic density arising from nearby atoms, and 1
2

∑
j V (ri j ) is the ion–ion-type

pair interaction potential. Analogous forms of Eq. (4.5) can also be derived using
effective medium theory.46 For simple sp valent and transition metals with filled d
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states, the electronic band term can be explicitly derived via the width of the band
of electronic states, resulting in a term that is equal to the square root of the sum of
bond overlap integrals between neighboring atoms [equivalent to the embedding
energy term in Eq. (4.5)]. Such an approach is referred to as the second-moment
tight-binding method.43,47 For the nc Au nanoindentation simulations presented
in this chapter, we employ the Cleri and Rosato second-moment tight-binding
description for Au.47

The development of such empirical interatomic potentials for a given system
generally involves searching for an optimal set of parameters for the chosen an-
alytical interaction model, with respect to experimental and ab initio-calculated
material properties. Such a database of properties is generally restricted to equi-
librium atomic configurations of the system, such as lattice constants, cohesive
energy, elastic constants, and local and extended defects such as vacancies, inter-
stitials, and stacking faults for the fcc, body-centered cubic (bcc), and hexagonal
close-packed (hcp) phases. The application of such empirical potentials to nc
systems, which will always contain atomic configurations that are not explicitly
included in the materials database used to construct the potential (such as GBs),
assumes that the interatomic model is transferable. If the chosen analytical inter-
atomic model captures the essential physics of the material’s bonding, then it is
not too unreasonable to make such an assumption, although one must always be
aware of issues of accuracy in describing, for example, complex defect structures
of low symmetry.

2.4. Creation of Nanocrystalline Atomistic Configurations

As in experiment, the structural and mechanical properties of computer-generated
ncmaterials are strongly dependent on the method used for sample construction. For
example, the issue of whether or not the metallic nc GB is amorphous depends on
the sample preparation method, since the extent of how far the computer-generated
nc state is from equilibrium depends strongly on the preparation method12 and the
relaxation times utilized, which are anyway orders of magnitude smaller compared
to experiments. In turn, it is to be expected that the nc state will affect the nc
mechanical properties.

The nc samples used in the present simulations are constructed by beginning
with an empty simulation cell with fully 3D periodic boundary conditions (PBCs),
and choosing randomly a number of positions. The number of positions is deter-
mined from the simulation cell size and the desired characteristic grain size. From
each position, an fcc lattice of random orientation is constructed geometrically.
When atoms from one-grain center are closer to the center of another grain, con-
struction is halted. Eventually, construction will cease throughout the entire sam-
ple, resulting in a 3D granular structure according to the Voronoi construction.48

At this stage atom pairs, each atom originating from a different crystallite, are
inspected and when the nearest neighbor distance is less than 80% of the equilib-
rium fcc nearest neighbor distance, one atom is removed. Molecular statics is then
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FIGURE 4.1. nc Au sample containing 100 grains with an average diameter of 10 nm. The
sample contains 4.8 million atoms.

performed to relax any local high potential energy configuration that may exist,
followed by NPT MD at room temperature to further relax and equilibrate the
structure. The constant-pressure MD is performed using the Parrinello–Rahman
Lagrangian with orthorhombic simulation cell geometry conditions.42 For further
details, see Refs. 8 and 38.

Figure 4.1 displays such an nc sample that is used in the atomistic simulations
of nc systems. The coloring scheme used for the atoms is defined in Section 1.6.

2.5. Atomistic Nanoindentation Simulation Geometry

Figure 4.2 details a typical geometry used in the atomistic modeling of a nanoin-
dentation simulation. The computer-generated nc layer is periodic in the two per-
pendicular (lateral) directions, while open boundary conditions (OBCs) exist for
the third direction. Thus, in the third direction, two surfaces exist, one of which is
the indentation surface and the other is attached to an infinitely hard substrate by
fixing the position of the atoms on the lower surface. This is usually done by either
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FIGURE 4.2. Geometry used for nanoindentation simulations. An ideal spherical indenter
is lowered onto atomistic thin film sample, where there are periodic boundary conditions
(PBCs) in the lateral direction and open boundary conditions (OBC) in the direction the
indenter is lowered

fixing the 3D coordinates of the lower surface atoms or fixing only the coordi-
nate in the direction normal to the surface (the so-called sliding surface boundary
condition). For an nc system, the choice does not affect indentation simulation;
however, for a perfect single crystal simulation, the choice can affect the nature
of the dislocation activity. For example, using a fixed layer will repel dislocations
(via strong image forces) from the bottom layer and keep them directly below the
indenter region, whereas, for the sliding boundary conditions, the repulsion is not
so strong and upon further lowering of the indenter the dislocations can propagate
until the end of the atomistic region.

The nc samples in the present indentation work are the same as those used
in the full 3D uniaxial tensile deformation simulations, where the thin film geom-
etry is introduced by removing one of the periodic conditions and allowing the
resulting surfaces to relax. For more details on this procedure, see Ref. 49. The
grain directly below the indenter is generally chosen to have a 111 surface orien-
tation. For a reference system, similar nanoindentation simulations are performed
on perfect crystals with a 111 surface and of similar size to that of the nc system
(see Ref. 36).

The indenter that is modeled is typically an ideal spherical indenter of radius
R represented as the potential V (r ) = AΘ(R − r )(R − r )3. Here r is the distance
of the atom from the indenter center, A is a force constant, and Θ() a standard step
function. Following Ref. 32, A is chosen as 5.3 nN/Å2.

For MD simulations, such an indenter is lowered from above at a particular
speed during which MD is performed on the atomistic region below. The indenter
can be lowered by either a fixed velocity producing an indentation force versus
indentation depth curve, or lowering the indenter via an applied force on the inden-
ter corresponding to a load controlled experiment that produces an applied force
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versus indentation depth curve. All of the work presented here employs a constant
velocity nanoindentation simulation approach. For the CG method nanoindentation
simulations, the atomic configuration is relaxed for every incremental lowering of
the indenter.

2.6. Atomistic Visualization Methods for GB and
GB Network Structure

To capture the essential properties of the nc system, a large number of grains
must be included within the atomic configuration. This in turn involves a large
number of atoms, often numbering in the millions. With such a large number of
atoms, visualization at the atomic scale becomes difficult unless appropriate filters
are applied to the atomic data. Motivation for such visualization is fundamentally
important for nc simulations, since it allows for the characterization of the GB
structure as well as the observation of atomic scale processes that lead to global
plasticity. The former is particularly important, since the degree of plasticity is
sensitive to the nc GB structure, which in turn depends on the sample synthesis
procedure and its associated thermal history.

In addition to an atom’s position, a number of physical and structural proper-
ties can be assigned to it, and via these quantities, a classification scheme can be
developed to consider only those atoms that constitute the GB region. Of course,
different classification schemes can lead to different GB region volumes. For ex-
ample, if atoms that are locally non-fcc are classified as GB atoms, this will lead to
an average GB thickness that is smaller than a GB defined via those atoms with a lo-
cal stress higher than some critical value. Moreover, calculating then, for example,
the resulting number density for the GB region will lead to different values. This
demonstrates the importance of using a variety of schemes, alone or in conjunc-
tion, to investigate the GB structure resulting from computer synthesis methods,
and to clearly state those used when quoting calculated GB properties.12,19

Atomic visualization of grains and GB structures has been facilitated greatly
by a medium range order analysis of all atoms within the sample, which ascribes
a local crystallinity class to each atom.50 This is performed by selecting the com-
mon neighbors of a pair of atoms separated by no more than a second nearest
neighbor distance, and introducing a classification scheme for the nearest neigh-
bor bond pathways between the two atoms. Since each crystalline symmetry has
a unique topological signature, when all second nearest neighbor bond permuta-
tions are enumerated, a local symmetry label can be assigned to each atom (see
Table 4.1).

This local atomic classification scheme allows the GB network and structure to
be easily identified. For examples of such atomic visualization of the GB, we refer
to Refs. 8 and 9, in which both high-angle and low-angle general GBs are shown. A
significant advantage of such a local crystallinity analysis is that (111) hcp planes
represent twin planes, and two neighboring parallel (111) hcp planes represent
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TABLE 4.1. Local Crystalline Symmetry Classification
Used in the Atomic Visualization.

PFCC fcc environment up to fourth nearest neighbor
GFCC fcc environment up to first nearest neighbor
PBCC bcc environment up to 4th nearest neighbor
GBCC bcc environment up to first nearest neighbor
PHCP hcp environment up to 4th nearest neighbor
GHCP hcp environment up to first nearest neighbor
OT12 12-coordinated atom without the above symmetries
OT8 8-coordinated atom without the above symmetries

an intrinsic stacking fault. The visualization of the twin planes has allowed for
the easy identification of GBs containing structural units of a � = 3 symmetric
boundary.9 In the case of stacking fault defects, this approach has given evidence
for partial dislocation activity under uniaxial tensile loading conditions.

Another visualization technique used in the simulations of nanoindentation
is based on the local stress. To calculate the global stress tensor within a computer
simulation, the virial theorem41 has been generally used, which in the thermo-
dynamic limit of large V and N represents the true bulk homogeneous stress. To
investigate the spatial dependence of the stress field within the nc sample, one
generally applies the virial theorem directly to one or a number of atoms. It is
however known that for such a volumetric partition, momentum is no longer con-
served, leading to non-negligible artifacts such as oscillatory behavior in strongly
inhomogeneous systems. A systematic approach has been developed51 that can
represent local stress more accurately via

σµν =
〈
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Ω

(
1

2
mvµvν�i + 1

2
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Fµ
(
ri j

)
r ν

i j li j

)〉
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whereΩ is the volume of some representative partition element, �i is unity if atom i
is within the volume element and zero otherwise, and li j is the fraction of the length
of the bond between atoms i and j lying within the volume element. Equation (4.6)
rigorously satisfies conservation of linear momentum. In the present work we
choose the volume element to be a sphere centered on each atom, and define the
resulting stress of that sphere as the local stress of the central atom. The radius of
the sphere is taken as 4 Å and contains approximately 19 atoms. A thermal average
is performed over 1 ps, which is typically several atomic vibrational periods. In
what follows, we visualize the two scalar invariants of the stress tensor, the local
hydrostatic pressure and local maximum resolved shear stress. In the present work,
a positive value for the hydrostatic pressure represents compression and negative
dilation.12 On average, GBs are under a net tensile load although large variations
between positive and negative hydrostatic pressure occur within the GB regions,
whereas the grain interior is under compressive load.52
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2.7. The Time- and Length-Scale Problem

The MD and CG methods carry with them many caveats that must be appreci-
ated to interpret results in the context of experiment. For MD, the correct use of
integrators [such as Eq. (4.2)] entails using a time step of a few femtoseconds, typ-
ically 1–2 fs. Thus, a simulation that runs for 1 million iterations corresponds to a
physical time of only 1 ns. Even when using advanced parallel computing, large
systems containing millions of atoms can only be realistically simulated for a few
nanoseconds. For condensed matter atomistic systems, short- and long-range mass
transport occurs primarily via discrete stochastic atomic activity such as migra-
tion via a diffusive hop, nucleation of a dislocation, and atomic shuffling within
the GB region. Such processes have a longer timescale than the one associated
with thermal vibration. Diffusion events can be therefore classified as rare events
within the simulation timescale. To measure significant diffusion activity, simu-
lations have to be performed over much longer time periods. There is a tendency
to overcome this problem by performing simulations at temperatures close to the
melting point53 where diffusion is greatly enhanced, but this in turn introduces
other worries, since experimentally it is known that nc metals are thermodynami-
cally unstable at temperatures slightly above room temperatures. Time issues are
a general problem of the MD technique: most of the computational time is spent
with the atoms vibrating about their local minima, until a so-called “rare event”
occurs, resulting in, for example, an atomic hop from one equilibrium position
to another. Therefore, it has to be emphasized that MD techniques cannot catch
the rate-limiting deformation process seen in experiment and can be used only to
gather information on possible deformation mechanisms.

In the context of nanoindentation simulations, another timescale exists as-
sociated with the speed of the lowering indenter. To exploit the 1-ns timescale
regime of MD simulations, the indenter must be lowered at a speed that is many
magnitudes faster than that seen in experiment. In most published work, the in-
denter speed is typically 0.1 Å/0.5 ps corresponding to a speed of 40 m/s. Thus,
in the context of experiment, such simulations actually correspond more closely
to high-impact shot-pinning events.

In the case of CG methods, the atomic configuration is relaxed to a minimum
energy for a given indentation depth. When this is found, the indenter is lowered
(typically of the order of 0.1 Å) and the procedure repeated. Such a simulation
might be seen as the zero kelvin infinitesimally slow indenter speed limit. How-
ever, one must be careful with this interpretation since the CG technique finds only
a local minimum rather than the global minimum. A more accurate interpretation,
but less useful definition, would be that the relaxed atomic configuration corre-
sponds to a quasi-equilibrium structure obtained by lowering the indenter by small
increments.36

Another possible artifact of the MD technique is the length-scale prob-
lem. In order to mimic an infinite sample, a replica technique is used, called
periodic boundary conditions (PBCs). This however implies that the particular
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microstructure considered in the sample is repeated in all directions. In terms of
simulations of nanoindentation, the PBCs are used only in the in-plane directions
(not in the indentation direction), resulting in a repetition of the indenter geom-
etry on a scale that equals the simulation box. In order to avoid artifacts due to
interaction of the indenters, it is important that the size of the indented region is
considerably smaller than the box size.

In spite of all possible artifacts that accompany the simulation techniques,
atomistic simulation can be considered as an excellent guidance in the interpreta-
tion of experimental results, as long as the caveats of the technique are properly
recognized.

3. THE DEFORMATION MECHANISMS AT THE
ATOMIC LEVEL IN NANO-SIZED GRAINS
BENEATH THE INDENTER

Much simulation work has been undertaken for nc systems under uniaxial loading
conditions, where a number of important deformation mechanisms have been
identified. We briefly summarize these findings, and then proceed to the results of
the nanoindentation simulations.

3.1. Deformation Mechanisms in nc fcc Metals Derived
from Tensile Loading

In all samples with mean grain sizes up to 20 nm, GBS and dislocation activity have
been observed as plastic deformation mechanisms, the latter being of increasingly
importance with increasing grain size.

Careful analysis of the GB structure during sliding under constant tensile
load shows that sliding includes a significant amount of discrete atomic activity,
either through uncorrelated shuffling of individual atoms or, in some cases, through
shuffling involving several atoms acting with a degree of correlation. In all cases,
the excess free volume present in the disordered regions plays an important role. In
addition to the shuffling, we have observed hopping sequences involving several
GB atoms. This type of atomic activity may be regarded as stress-assisted free-
volume migration. Together with the uncorrelated atomic shuffling, they constitute
the rate-controlling process responsible for the GBS.9

In fully 3D Ni GB networks, which have been modeled now up to 20-nm grain
sizes, only partial dislocations have been observed. MD simulations have shown
that a GB dislocation emits a partial lattice dislocation meanwhile changing the GB
structure and its dislocation distribution.54,55 This mechanism is the reverse of what
is often observed during absorption of a lattice dislocation, where the impinging
dislocation is fully or partially absorbed in the GB, creating local changes in the
structure and GB dislocation network. Extended partial dislocations have been
observed in nc Cu up to grain sizes of 50 nm,14 whereas in nc Al, partial and full
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dislocation activity has been observed.56 The origin of why partial dislocation or
full dislocation activity occurs is under heavy discussion: on one hand, it has been
recognized that the emission of the leading partial is accompanied by a local stress
relief due to the structural relaxation, leading to a “delay” in the emission of the
trailing partial, which might be of the order of the total simulation time.12,19 On the
other hand, the differences between Al and Cu have been tried to be explained in
terms of the stacking fault energy of the empirical potential used.56 However, the
stacking fault only cannot explain the difference in behavior between Cu and Al,
since simulations of nc Ni using a potential with a stacking fault energy much higher
than the one in the Al potential demonstrate only the presence of extended partial
dislocations. Recently, it has been shown that the dislocation activity in nc grains
can be understood only when the entire generalized stacking fault energy curve
(stable and unstable stacking fault energies) is considered.57 Such an approach has
also been used to understand the enhanced deformation properties of nc Al with
grown-in twins.58

More recently, collective processes such as cooperative GBS via the formation
of shear planes spanning several grains have been observed.20,21 For simulation
of such phenomena, a sample with 125 grains and a mean grain size of 5 nm
was deformed. A large number of grains were necessary in order to minimize the
effects imposed by the periodicity used to simulate bulk conditions. The small
grain size is chosen to reduce the total number of atoms in the sample (up to
1.2 million) so that longer deformation times are possible at acceptable strain
rates. In order to increase GB activity the deformation was done at 800 K. The
underlying mechanisms that were observed for the formation of shear planes are
(1) pure GBS-induced migration of parallel and perpendicular GBs to form a single
shear interface, (2) coalescence of neighboring grains that form a low-angle GB
facilitated by the propagation of Shockley partials, and (3) continuity of the shear
plane by intragranular slip. A detailed description of the processes is given in
Ref. 20.

3.2. Atomistic Mechanism under the Indenter

Figure 4.3 displays the force versus indentation depth curves obtained using CG
(part a)and MD (part b) for nc Au systems with average grain sizes of 5 and 12 nm,
with an indenter radius of 40 Å. Equivalent single crystal curves are also shown
using the two methods. The CG runs exhibit a distinctive yield point, while the
MD runs show significant noise due to temperature effects. The CG yield point
for the single crystal is found at a load of 114 nN and an indentation depth of
4.7 Å, which is slightly higher than the ones found for the 12-nm nc sample at
107 nN/4.5 nm and for the 5-nm grain sample at 105 nN/5.4 Å. The indentation
forces and indentation depths are many orders of magnitude smaller than those
seen in typical nanoindentation experiments, and are an obvious result of the length
and timescale restrictions of the atomistic technique.
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FIGURE 4.3. Load versus indentation depth plots for (a) CG and (b) MD simulation runs.
(From Ref. 36).

The divergence of the CG runs during plastic deformation evidences the strong
influence of the microstructure on indentation behavior. The load–indentation
depth curve of the fcc sample shows multiple discrete reductions in load that
can be directly related to discrete dislocation activity involving dislocation nucle-
ation and/or reorganization of existing dislocation structures. Similar events also
take place in the nc samples, but the effect on the load–displacement curve is less
pronounced, especially in the 5-nm sample, where the active slip plane areas are
reduced due to reduced grain size, and intergranular plastic activity becomes more
significant.

The initial CG slip structure immediately after yield for the single crystal
and the 12-nm grain samples consists of a stacking fault structure roughly of
tetrahedral shape with its tip pointing into the sample, as seen by Li et al.33 This
nearly triaxial symmetry is immediately lost upon continuation of the indentation,
where a complicated succession of partial dislocation reactions leads to a number
of dislocation lock structures. All samples exhibit stacking fault planes parallel to
the sample surface. For the MD technique the initial slip led to a wedge-shaped
dislocation loop structure in both the single crystal and the 12-nm grain samples,
similar to that seen in Refs. 31 and 32. In the 12-nm grain sample, for both the CG
and the MD methods, the initial slip structure consists of partial dislocations that
are immediately attracted to neighboring GBs.

Figure 4.4 shows the CG atomic structure under the indenter for the single
crystal (part a) and the 12-nm grain sample at an indentation depth of 12 Å (part b).
The blue plane of atoms indicates the upper indentation surface. At this indentation
depth the dislocation structure remains confined to a compact zone beneath the
indenter for the single crystal, whereas for the 12-nm grain sample, the initial
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FIGURE 4.4. Zone beneath the indenter in CG for the (a) single crystal sample at a dis-
placement of 12.3 Å and (b) ∼12-nm grain sample at a displacement of 11.9 Å. Only
non-fcc atoms are shown. (Taken from Ref. 36.)

dislocation loops are attracted to neighboring GBs identified by the green and blue
atoms below the surface. Thus, the GBs act as dislocation sinks, accommodating
the associated slip across the grain by structural changes within the GBs.

In the case of the 5-nm sample where the indenter diameter is larger than the
average grain and therefore the indenter–substrate surface area is comparable to
the size of the indented grain, the partial dislocation activity extends to neighboring
grains and the onset of intergranular motion is observed in the MD run as a result
of GBS. The 5-nm grain size nanoindentation simulation was continued to a depth



Nanoindentation in Nanocrystalline Metallic Layers 125

FIGURE 4.5. A view of the ∼5-nm average grain size sample at an indentation depth of
20 Å. The yellow arrows signify relative motion of the grains relative to the center of mass
of the yellow atoms. (From Ref. 36.)

of 20 Å. Figure 4.5 shows a schematic view of the relative motion of three grains
under the indenter, where the largest relative displacement corresponds to a sliding
of about 2 Å along the respective GB. The displacements are relative to those atoms
shaded in yellow. Such activity is significantly less in the CG results, indicating
that GBS is in general facilitated by GB atomic activity such as shuffling and
stress-assisted free-volume migration—all of which are aided by temperature.9 In
this sample some atomic pileup around the indenter is seen (indicated by the black
arrow in Fig. 4.5) with a maximum height of about three atomic layers.

An important observation in the present work is that the fcc sample appears
“harder” than both the 5- and 12-nm grain size nc sample. In principle this con-
tradicts experiment, which reveals the nc structure to be harder than the single or
polycrystalline structures. Figure 4.4a shows that a compact plastic zone is cre-
ated under the indenter for the fcc. Such a developing dislocation lock network
below the indenter region will hinder further the dislocation-based processes. In
the 12-nm grain size nc sample however, no such localized network exists, since
dislocations are attracted to the GB network away from the indenter region. In the
5-nm nc sample (which appears “softer” than the 12-nm grain size sample) dislo-
cations are also created in the neighboring grains and an increased intergranular
activity (GB sliding) is observed. This contradiction has probably to be under-
stood in terms of the short time and length scales of the simulation. Not only do
the curves shown in Fig. 4.3 simulate very short timescales during which compli-
cated dislocation networks cannot be formed, but also they result from a thin layer
that is fixed to a rigid substrate. Such a hard substrate repels dislocations, keeping
them near the indenter region, and this effect will be very much reduced in an nc
structure due to the presence of the dense GB network. This suggests that simulat-
ing larger perfect crystal samples and/or using a sliding boundary condition at the
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atomistic–substrate interface might lead to a reduction in the indentation force as
a function of indentation depth for the fcc sample.

3.3. Interaction of Dislocations with the GB Network

In this section, the nature of the interaction between dislocations and the GB
structure is studied, reflecting the importance of the GB network under the
indenter.

Figure 4.6 is a series of snapshots, showing the atomic structure (parts a, b, and
c) and the local hydrostatic pressure (parts d, e, and f) of a section of the sample

FIGURE 4.6. Dislocation repelled at high stress region of the GB. (From Ref. 37.) See also
Color Plate 1 after p. 000.
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involving a dislocation that approaches the GB on the lower right. Figure 4.6a
shows the section at an indentation depth of 7.9 Å, where the dislocation, emitted
from the plastic zone below the indenter, has propagated to GB1–6. The leading
partial of this dislocation has reached the GB but the trailing did not follow, re-
maining at the plastic zone of the indenter. At a depth of 8.6 Å (Fig. 4.6b), the
leading partial has returned to the plastic zone, and the full dislocation annihilates
and a new dislocation nucleates three parallel 111 planes to the left (Fig.4.6c). To
understand more about the possible reasons as to why the first dislocation was not
absorbed by GB1–6, the hydrostatic pressure was inspected. In Fig. 4.6d–f, the
atoms colored blue represent a hydrostatic pressure less than −0.5 GP and those
colored red represent a hydrostatic pressure greater than 1.7 GPa (see color bar for
intermediate values).

The yellow arrow in Fig. 4.6d shows the region of the GB1–6 where the
first dislocation arrives. In past work it has been found that the GB region is
on average under a tensile pressure, however containing strong load variations
in hydrostatic pressure. In Fig. 4.6d we see that the local region to which the
dislocation approaches is under a compressive pressure. Such strong variations
in the GB pressure distribution are typical of what has been seen in the past.
Since all dislocations carry with them a compressive stress field, the presence of
the approaching dislocation adds temporarily to the local compressive pressure
anomaly. After reflection of the dislocation to the plastic zone directly beneath
the indenter, the stress anomaly is reduced (Fig. 4.6e). Inspection of the local GB
structure to which the dislocation approaches revealed that the dislocation arrives
in a coherent region where {111} planes in grain 1 fit well with the {100} planes in
grain 6 (see Fig. 5 in Ref. 37). Moreover, during the entire life of this dislocation,
no discrete atomic activity (shuffling and free-volume migration) within this area
of the GB was observed.

In Fig. 4.7 we now follow the activity of the dislocation that is created upon
the annihilation of the repelled dislocation in Fig. 4.6. At an indentation depth of
11.9 Å (Fig. 4.7a), this dislocation, emitted from the plastic zone just beneath the
indenter, has propagated to GB1–6. At an indentation depth of 12.9 Å (Fig. 4.7b),
the leading partial is completely absorbed by the GB, and at a depth of 13.9 Å the
trailing partial is also absorbed. Thus the full dislocation has been absorbed by
GB1–6. The Burgers vector of the two dislocations so far mentioned was found
to be equal, demonstrating that in this case the orientation of the Burgers vector
is not responsible for the manner in which each dislocation interacts with the GB.
From the local hydrostatic pressure (Fig. 4.7d–f), this dislocation has propagated
to a region of tensile pressure (Fig. 4.7d) in contrast to the previous dislocation
that propagated to a region of compressive pressure (Fig. 4.6d). Note, however,
that the absorption of this dislocation by GB1–6 increases the local stress in the
region where it occurs (Fig. 4.7f). This could in part be due to the deposition of an
extra {110} plane associated with the full dislocation; however, it appears it arises
primarily from the stress field associated with the lowering of the indenter. In this
case the dislocation arrives and is absorbed in an incoherent region of GB1–6,
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FIGURE 4.7. Dislocation absorbed at low stress region of the GB. (From Ref. 37.) See also
Color Plate 2 after p. 000.

and associated with the absorption, significant discrete atomic activity was
observed taking the form of atomic shuffling and also free-volume migration from
neighboring incoherent regions toward the absorption site (see Fig. 5 in Ref. 37).

Figure 4.8 now displays the interaction of a third dislocation emitted from the
plastic zone at an indentation depth of 21.7 Å in a slip plane parallel to those of
the first two mentioned dislocations. As a full dislocation, this propagates toward
GB1–6, during which time a new dislocation nucleates from GB1–6 and propa-
gates into grain 1. The GB region to which the dislocation originating from the
indenter region arrives is under compressive pressure (Fig. 4.8d) and its arrival
leads to a further increase in compressive stress (Fig. 4.8e), which is relieved by
the emission of the dislocation nucleated at the GB (Fig. 4.8f). This process of
dislocation emission from the GB is accompanied by a decrease in the number of
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FIGURE 4.8. Dislocation emitted by high stress region of the GB. (From Ref. 37.) See also
Color Plate 3 after p. 000.

GB dislocations and a rearrangement of the GB’s dislocation network. We have
also observed a free-volume migration along the GB toward the nucleation site that
occurs after the emission of the full dislocation, i.e., the leading and the trailing
partials, from the GB.

3.4. The Ratio between Indenter Size and Grain Size

The deformation processes that occur under the indenter reveal the importance of
the GB network and, therefore, also the questions concerning the ratio between
indenter and grain size.
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FIGURE 4.9. Computer-generated nc Au sample containing 750 fcc grains with an average
diameter of 6 nm.

To investigate the role of indenter size with respect to grain size, simula-
tions have been performed on a 6-nm mean grain size sample, using an indenter
radius of 40 and 80 Å. For such a large indenter radius, large atomistic samples
must be constructed in order to minimize the artifacts of the lateral PBCs (see
Fig. 4.2), which include the strain field of the indenter interacting with its peri-
odic image. Therefore, an nc sample containing 5 million atoms and consisting
of 750 grains with an average grain diameter of 6 nm is created as shown in
Fig. 4.9.

Figure 4.10 displays the force versus indentation depth curve (80 Å indenter)
for this nc configuration during the loading phase, together with the unloading
curves from approximately the yield point (point A), and from two other plastic
points (points B and C). What becomes evident is that the load–indentation depth
curve of the nc sample does not show any discrete reductions in load, and indeed
there is no clear yield point as in the case of Fig. 4.4. We suggest that the absence
of the so-called bursts in Fig. 4.10 is attributed, in addition to thermal noise, to two
effects: (a) the high density of the GB network favors GB activity via GB sliding
and GB migration; (b) dislocations are nucleated not only under the indenter, but
also sequentially from several GBs in neighboring grains. With a smaller indenter
size, the probed area (and the load) becomes smaller and some plastic events (like
dislocation emission from GB) may become significant and thus more visible in
the load–depth curve, as it has been seen for simulations using a 5-nm grain size
sample indented with 4-nm tip radius36 and also for experiment using 2.5-nm tip
radius.59

The yield point in Fig. 4.10 is found at a load of 67.6 nN and an inden-
tation depth of 4.8 Å. These values were estimated using the point where the
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FIGURE 4.10. The force versus indentation depth curves, including the loading curve
(green), the unloading form approximately the elastic point (red curve from point A), and
the unloading curves from two plastic points (red curves from points B and C) correspond-
ing to the unloading form 30.8 and 43.9 Å indentation depths, respectively.

elastic hertzian fitting curve deviates form the simulation curve. By the aid of a
visualization of the crystalline order of the atoms, we observed a nucleation of
partial dislocation from the GB just beneath the indenter at a depth of approxi-
mately 4 Å. Beyond the elastic regime, this partial dislocation extended into the
whole grain eventually reaching the indentation surface. To investigate the anelas-
tic nature of this event, the sample was unloaded at the depth of 4.2 Å (point A
in Fig. 4.10), resulting in the unloading curve tracing back the original loading
curve. The loading and unloading curves did not lie precisely over each other,
indicating that despite being in the “elastic” regime, some GB relaxation does
occur during this phase of the loading. The observation of plastic deformation
before the apparent yield point of the load–indentation depth plot has also been
noticed by Feichtinger et al.36 during MD and CG simulations for the same grain
size but with a different indenter radius and a smaller sample size (and different
microstructure).

Using hertzian theory,60 the Young’s modulus can be calculated to investigate
the effect of indenter size with respect to grain size in the elastic region. The loading
curve in Fig. 4.10 up to the indentation depth of 4.8 Å was fitted to the isotropic



132 Helena Van Swygenhoven et al.

hertzian model60

P = 4

3
E∗√Rh3/2 (4.7)

where R is the radius of the indenter, h is the indenter depth, and E∗ is the effective
Young’s modulus. The Young’s modulus for the sample can be derived from the
expression

E∗ =
(
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s

Es
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i

Ei

)−1

(4.8)

where Ei,s and ν i,s refer to the Young’s modulus and the Poisson ratio of the indenter
and the sample. The idealized indenter is simulated by a strong repulsive radial
force that represents an infinitely hard indenter and thus Ei = ∞. The Poisson
ratio equals 0.34, according to the Cleri and Rosato potential.

The above-mentioned procedure was applied for deriving Young’s modulus
for the 6-nm nc sample and for a single crystal of a comparable size [3.6 million
atoms with a (111) surface] both using an indenter of 40 Å and of 80 Å. The strain
fields at yield and the corresponding measured values for the Young’s modulus
are given in Fig. 4.11 for all samples and indenter radii considered. The elastic
modulus derived for the single crystal does not depend on the indenter size and
equals 86 GPa. This value is considerably lower than the value derived from the
Cleri–Rosato potential (using elastic constants), which amounts 123.7 GPa for the
(111) direction. The differences can be ascribed to temperature effects: indeed,
the value derived from the potential is at 0 K, whereas the value derived from
MD indentation curves is for 300 K. It was earlier shown36 that Young’s modulus
derived from conjugant gradient methods, which do not include temperature, are
of the same order as the values obtained directly from the elastic constants of
the potential. For the nc Au structures, there is however a size effect in Young’s
modulus: a value of 51.6 GPa was derived from the indentation curve using an
indenter of 40 Å and a value of 42.7 GPa using an indenter of 80 Å. The elastic
modulus is, for both indentation curves, lower than its value for a single crystal,
and additionally, the values seem to depend on the ratio between indenter- and
grain size. The lower elastic modulus at a very small grain size compared to the
single crystal, a trend that is also observed in some experiments,22,61 might indicate
a softening effect due the presence of the dense GB network where the GBs and
triple junctions are assumed to have a lower Young’s modulus.

The size effect related to the indenter size can be understood in terms of a
shielding effect of GBs for the strain field under the indenter. Figure 4.11 shows
that for the same type of indenter, the strain field extends deeper into the single
crystal material than into an nc structure. These observations show that the ob-
tained Young’s modulus is not a value that represents the bulk material but a local
average value representing the strained region below the indenter. The size of the
probed region depends on the indenter size, and the specific nature of this region
will depend on the grain size and GB network structure. The ratio between the
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nc, R = 80, E = 42.7 GPa

Single fcc, R = 80, E = 86 GPa Single fcc, R = 40, E = 86 GPa

(a)

(c)

(b)

nc, R = 40, E = 51.6 GPa

(d)

FIGURE 4.11. Strain field of a section of the sample during the elastic regime of the
nanocrystalline sample (5-nm grain size, 750 grains) indented with (a) an indenter
radius of 80 Å, (b) an indenter radius of 40 Å; and the single fcc crystal (3.6 millions
of atoms) indented with (c) an indenter radius of 80 Å, (d) an indenter radius 40 Å. Vector
displacements of 2 Å and more are in black and vector displacements of 0 Å are in white.

indenter size and the grain size influences the number of grains that are involved in
the indentation, and this determines the deformation processes that are activated.
Figure 4.12 shows the structure of the grains at the surface during two different
indentation depths. The picture shows that deformation mechanisms are also in-
duced in grains that are not directly involved in the indentation. Due to the spherical
shape of the indenter and the nonsymmetric shape and position of the grains rel-
ative to the indenter, nonhomogeneous stress (strain) fields are generated around
the indenter, inducing grain rotation, even in grains that are not in direct contact
with the indenter. The rotation is often accommodated by dislocation activity.
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(a) (b)

FIGURE 4.12. (a) and (b) are the atomic sections of the GB structure for two different
indentation depths, where the squared regions indicate GB migration (with subsequent
growth and shrinkage of associated grains) as well as extensive partial dislocation activity
resulting, in some cases, in mechanical twinning to accommodate such grain coalescence
and rotation.

3.5. Material Pileup

During the loading phase of the indentation simulation of the sample containing
750 grains with a mean grain size value of 5 nm and an indenter radius of 80 Å, a
material pileup at the surface of the sample around the indenter is observed.

Figure 4.13 displays a section of atoms of the 5-nm grain size sample before
and at loading to an indentation depth of 42.7 Å. We observe in this figure the
formation of a material pileup on the left side at the edge of the contact area between
the indenter and the sample (arrow in Fig. 4.13b). This material pileup began to
form at a depth of about 20 Å and consists of predominantly an fcc structure
containing a number of hcp-coordinated 111 planes. Such a phenomenon has also
been observed by Christopher et al.62 in fcc silver. The set of parallel stacking faults
(two adjacent 111 red planes) observed in the grain on which the pileup occurred
indicates that the material pileup occurred via a slip mechanism. Inspection of the
entire rim of the indentation profile reveals that whether or not such a material
pileup occurs is strongly dependent on the particular orientation of the grain at a
given location. Figure 4.14 shows the surface contour map of the indented surface.
The pileup is observed to occur preferentially on grains that are close to a (100)
surface orientation. In particular, the grain where the material pileup is observed
in Fig. 4.13a,b has a surface orientation close to (100), whereas on the right side of
Fig. 4.13 the grain surface is close to (112) orientation. This result is in agreement
with the results of Christopher et al.62 who have noticed that the piling-up of
material occurs preferentially via a slip along the close-packed planes. Indeed it
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FIGURE 4.13. A section of atoms of the 6-nm grain size sample (a) before and (b) after
loading at an indentation depth of 42.7 Å.
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FIGURE 4.14. Surface contour map of indented region displaying irregular pileup around
the rim of the indenter contact area. Here blue represents a surface height of 134 Å and
red a height of 151 Å.

has been recently suggested, in Ref. 63, by using 2D simulation of nanoindentation
of a single hexagonal Al crystal, that pileup requires cross-slip to take place during
deformation. In contrast to single crystals,64 the cross-slip is not necessary in a 3D
nc material, since the GB network plays the role of dislocation source and then
can allow the slip along plane directions that is favorable for the pileup. We note
that in the experimental regime, the phenomenon of pileup is generally believed to
arise from mass transport predominantly via (biased) diffusion mechanisms. The
timescale restriction of atomistic simulations precludes such activity, allowing the
possibility of observing pileup only via the much more rapid multiple slip activity
on (111) planes, which we see, through Figs. 4.12 and 4.13, is a sensitive function
of the grain orientation with respect to the indenter and the surface orientation.

3.6. Unloading Phase

During the indenter retraction (unloading phase begun at points B and C
in Fig. 4.10), the contact area maintains its spherical indentation impression.
Figure 4.15 displays the resulting profile upon unloading. During such unloading,
significant plastic activity was observed. For example, the back propagation of
leading partial dislocations (circled in Fig. 4.15a) to the GB region where it orig-
inally nucleated and also the nucleation of new partial dislocations (circled in
Fig. 4.15c) and their propagation through entire grains was observed, resulting a
mechanical twinning.



FIGURE 4.15. Snapshots of the same section of atoms involved in Fig. 4.13 during the
unloading phase from point C indicated in Fig. 4.10. Depths (a) 45 Å, (b) 38.9 Å, and (c)
35.3 Å, which correspond to zero load. The circled regions in Fig. 4.15a,c show plastic
deformation experienced by this section of atoms during the unloading phase.
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In Fig. 4.10, two unloading curves are shown. The load recovery takes place
over 6.8 and 6.4 Å for B and C unloading curves, respectively. This is about
15 and 22% of the total deformation. Despite the significant number of plastic
events occurring during the unloading phase (Fig. 4.15), the unloading curves
were used for the determination of the hardness H via H = Pmax/A where Pmax is
the maximum load and A is the contact area determined by atomic visualization.
The obtained values were 4.35 and 4.09 GPa for the B and C unloading curves,
respectively, revealing a slight indentation size effect (hardening with increasing
depth). This effect has also been observed experimentally by Saha and Nix65 during
the indentation of Al films where they have seen that the hardness decreases with
increasing depth of indentation at extremely small depths. The values obtained here
should not be taken as absolute values of the material because of the presence of
plastic recovery during unloading phase. Nevertheless, we think that the observed
indentation size effect is intrinsic to the nc material, which might be supported by
the fact that load recovery takes place over similar depths, and so we can assume
that the plastic recovery is similar for the two unloading curves.

4. DISCUSSION AND OUTLOOK

MD simulations have been very useful in detecting the possible deformation mech-
anisms in nc metals, under tensile load as well as under the load of an indenter.
They have the advantage of capturing the atomic scale, which is missing in both
experiments as well as continuum simulation techniques that mimic larger length
scales. Therefore, these types of simulations have the power to reveal all possible
deformation mechanisms, eventually relating them to the atomic scale structure of
the GBs. However, MD simulations cannot quantitatively capture, at the present
stage of development, any property that is controlled by a rate-limiting process. The
high-stress/short-time restrictions inherent to MD make it impossible to determine
the true rate-limiting processes, which involve long-range diffusion processes with
mass transport as well as significant GB migration. When comparing the results
of simulation with actual nanoindentation experiments, these issues must not be
forgotten, with atomistic results being always considered as the early stage regime
of a high-speed indentation simulated experiment.

At present there is no clear path for solving the timescale problem, although
a number of attempts suitable for small systems containing limited disorder ex-
ist in the literature.66,67 With modern parallel computing platforms containing
increasingly larger numbers of processors the length-scale problem can be ad-
dressed by performing MD on atomic configurations involving much larger num-
bers of atoms. For example, 1 billion atoms will allow a nanoindentation sim-
ulation of an atomistic region with cubic volume of side length ∼250 nm. An
alternative approach to the length-scale problem would be to employ the quasi-
continuum method, which links disordered regions, requiring a complete atomistic
description, with elastically deformed lattice regions that can be described using a
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continuum approach.68,69 This has been recently done to investigate the indenter
radius size effect on an Au(100) surface, using indenter radii up to 700 Å for sam-
ple volumes in the micron range.70 A disadvantage of this technique is that it is a
0-K method and thus the dynamical effects of temperature cannot be investigated.
Moreover, there is at present no clear way to include an atomic scale representation
of material microstructures such as that of an nc GB network.

The simulation work presented in this chapter uses an ideal spherical inden-
ter with a radius of up to 80 Å. Such radii are small but comparable to typical
diamond indenter tip dimensions, especially after continued operations. A clear
improvement over such an ideal frictionless spherical indenter model would be to
describe the indenter at the atomic scale, that is, to simulate the indenter as a MD
atomic configuration. This has been performed and for this a hard diamond inden-
ter has been constructed using simple model potentials such as a Lennard–Jones
potential to capture the essential hardness of the diamond indenter.34,71 This would
naturally include the effect of friction in the indentation simulation and also lead
to more complex atomic indenter–substrate interactions in which substrate atoms
jump onto the indenter forming early necking between the tip and the substrate,
and also localized melting.71

In summary, atomistic simulations of nanoindentation on nc substrates have
revealed a highly complex class of atomic processes that are a sensitive function
of the GB structure beneath the indenter. The principle finding is the ability of the
nano-sized GB network to accommodate the lowering of the indenter by means of
GBS and emission of partial and full dislocations, which interact strongly with the
surrounding GB structure. Such an interaction involves structural changes in the
network via atomic shuffling and stress-assisted free-volume migration, changing
locally the structure in theGB, and allowing the redistribution of peak values of
shear stress and compressive hydrostatic pressure in neighboring parts of the GB
network. Furthermore, collective grain activity is observed via cooperative sliding,
grain rotation, and coalescence. As already stated, these processes detail a list of
possibilities of what can happen in an indented nc environment, complimenting
experiment and providing a guide to the interpretation of experimental data. Alone,
such simulations cannot provide the answer to the true rate-limiting processes that
contribute to the experimentally derived hardness determined via nanoindentation;
nevertheless, it is via the synergy between modeling and experiment that important
advances can be made in our understanding of the mechanical properties of metallic
nc systems.

REFERENCES

1. J. R. Weertman, Mechanical behaviour of nanocrystalline metals, in Nanostructured Materials:
Processing, Properties, and Potential Applications (William Andrew Publishing, Norwich, 2002),
Chap. 10.



140 Helena Van Swygenhoven et al.

2. K. S. Kumar, H. Van Swygenhoven, and S. Suresh, Mechanical behavior of nanocrystalline metals
and alloys, Acta Mater. 51, 5743–5774 (2003).

3. F. Dalla Torre, H. Van Swygenhoven, and M. Victoria, Nanocrystalline electrodeposited Ni: Mi-
crostructure and tensile properties, Acta Mater. 50, 3957–3970 (2002).

4. F. Dalla Torre, Microstructure and Mechanical Properties of Nanocrystalline Ni Produced by Three
Different Synthesis Techniques, Ph.D. Thesis entitled Microstructure and Mechanical Properties
of Nanocrystalline Ni produced by Three Different Synthesis Techniques, Ecole Polytechnique
Fédérale de Lausanne, Switzerland, 2003.

5. Y. M. Wang and E. Ma, Three strategies to achieve uniform tensile deformation in a nanostructured
metal, Acta Mater., in press.

6. Z. Budrovic, H. Van Swygenhoven, P. M. Derlet, S. Van Petegem, and B. Schmitt, Plastic defor-
mation with reversible peak broadening in nanocrystalline Ni, Science, 304, 273–276 (2004).

7. H. Van Swygenhoven, M. Spacer, and A. Caro, Microscopic description of plasticity in computer
generated metallic nanophase samples: A comparison between Cu and Ni, Acta Mater. 47, 3117–
3126 (1999).

8. H. Van Swygenhoven, D. Farkas, and A. Caro, Grain boundary structures in nanocrystalline metals
at the nanoscale, Phys. Rev. B 62, 831–838 (2000).

9. H. Van Swygenhoven and P. M. Derlet, Grain-boundary sliding in nanocrystalline fcc metals, Phys.
Rev. B 64, 224105/1–9 (2001).

10. P. M. Derlet and H. Van Swygenhoven, On length scale effects in molecular dynamics simulations
of the deformation properties of nano-crystalline metals, Scr. Mater. 47, 719–724 (2002).

11. H. Van Swygenhoven, Grain boundaries and dislocations, Science 296, 66–67 (2002).
12. H. Van Swygenhoven, P. M. Derlet, Z. Budrovic, and A. Hasnaoui, Unconventional deformation

mechanism in nanocrystalline metals? Z. Met. kd. 10, 1106–1110 (2003).
13. J. Schiøtz, F. D. Di Tolla, and K. W. Jacobsen, Softening of nanocrystalline metals at very small

grain sizes, Nature 391, 561–563 (1998).
14. J. Schiøtz and K. W. Jacobsen, A maximum in the strength of nanocrystalline copper, Science 301,

1357–1359 (2003).
15. P. Keblenski, D. Wolf, S. R. Phillpot, and H. Gleiter, Structure of grain boundaries in nanocrystalline

palladium by molecular dynamics simulation, Scr. Mater. 41, 631–636 (1999).
16. V. Yamakov, D. Wolf, M. Salazar, S. R. Phillpot, and H. Gleiter, Length-scale effects in the nucle-

ation of extended dislocations in nanocrystalline Al by molecular-dynamics simulation, Acta Mater.
49, 2713–2722 (2001).

17. A. P. Sutton and R. W. Balluffi, Interfaces in Crystalline Materials (Clarendon, Oxford, 1995),
Chap. 1.

18. H. Van Swygenhoven, P. M. Derlet, and A. Hasnaoui, Atomic mechanism for dislocation emission
from nanosized grain boundaries, Phys. Rev. B 66, 024101/1–8 (2002).

19. P. M. Derlet, A. Hasnaoui, and H. Van Swygenhoven, Atomistic simulations as guidance to exper-
iments, Scr. Mater. 49, 629–635 (2003).

20. A. Hasnaoui, H. Van Swygenhoven, and P. M. Derlet, Cooperative processes during plastic de-
formation in nanocrystalline FCC metals—A molecular dynamics simulation, Phys. Rev. B 66,
184112/1–8 (2002).

21. A. Hasnaoui, H. Van Swygenhoven, and P. M. Derlet, Dimples on nanocrystalline fracture surfaces
as evidence for shear plane formation, Science 300, 1550–1552 (2003).

22. W. C. Oliver and G. M. Pharr, An improved technique for determining hardness and elastic modulus
using load and displacement sensing indentation experiments, J. Mater. Res. 7, 1564–1583 (1992).

23. W. W. Gerberich, J. C. Nelson, E. T. Lilleodden, P. Anderson, and J. T. Wyrobek, Indentation
induced dislocation nucleation: The initial yield point, Acta Mater. 44, 3585–3598 (1996).

24. S. A. Joyce and J. E. Houston, A new force sensor incorporating force-feedback control for
interfacial force microscopy, Rev. Sci. Instrum. 62, 710–715 (1991).

25. J. T.-M. De Hosson, G. Palasantzas, T. Vystavel, and S. Koch, Nanosized metal clusters: Challenges
and opportunities, J. Org. Met. 56, 40–46 (2004).



Nanoindentation in Nanocrystalline Metallic Layers 141

26. Y. Zhou, U. Erb, K. T. Aust, and G. Palumbo, The effects of triple junctions and grain boundaries
on hardness and Young’s modulus in nanostructured Ni–P, Scr. Mater. 48, 825–830 (2003).

27. J. D. Kiely, R. Q. Hwang, and J. E. Houston, Effect of surface steps on the plastic threshold in
nanoindentation, Phys. Rev. Lett. 81, 4424–4427 (1998).

28. S. G. Corcoran and R. J. Colton, Anomalous plastic deformation at surfaces: Nanoindentation of
gold single crystals, Phys. Rev. B 55, R16057–R16060 (1997).

29. W. W. Gerberich, D. E. Kramer, N. I. Tymiak, A. A. Volinsky, D. F. Bahr, and M. D. Kriese,
Nanoindentation-induced defect-interface interactions: Phenomena, methods and limitations, Acta
Mater. 47, 4115–4123 (1999).

30. E. T. Lilleodden, J. A. Zimmermann, S. M. Foiles, and W. D. Nix, Atomistic simulations of elastic
deformation and dislocation nucleation during nanoindentation, J. Mech. Phys. Solids 51, 901–920
(2003).

31. J. A. Zimmermann, C. L. Kelchner, P. A. Klein, J. C. Hamilton, and S. M. Foiles, Surface step
effects on nanoindentation, Phys. Rev. Lett. 87, 165507/1–4 (2001).

32. C. L. Kelchner, S. J. Plimpton, and J. C. Hamilton, Surface step effects on nanoindentation, Phys.
Rev. B 58, 11085–11088 (1998).

33. J. Li, K. J. Van Vliet, T. Zhu, S. Yip, and S. Suresh, Atomistic mechanisms governing elastic limit
and incipient plasticity in crystals, Nature 418, 307–310 (2002).

34. D. Christopher, R. Smith, and A. Richter, Atomistic modelling of nanoindentation in iron and
silver, Nanotechnology 12, 372–383 (2001).

35. K. J. Van Vliet, J. Li, T. Zhu, S. Yip, and S. Suresh, Quantifying the early stages of plasticity
through nanoscale experiments and simulations, Phys. Rev. B 67, 104105/1–15 (2003).

36. D. Feichtinger, P. M. Derlet, and H. Van Swygenhoven, Atomistic simulations of spherical inden-
tations in nanocrystalline gold, Phys. Rev. B 67, 024113/1–4 (2003).

37. A. Hasnaoui, P. M. Derlet, and H. Van Swygenhoven, Interaction between dislocations and grain
boundaries during nanoindentation of nanocrystalline Au—Molecular dynamics simulations, Acta
Mater. 52, 2251 (2004).

38. P. M. Derlet and H. Van Swygenhoven, Atomic positional disorder in fcc metal nanocrystalline
grain boundaries, Phys. Rev. B 67, 014202/1–8 (2003).

39. L. Verlet, Computer “experiments” on classical fluids, I: Thermodynamical properties of lennard-
jones molecules, Phys. Rev. 159, 98–103 (1967).

40. C. W. Gear, Numerical Initial Value Problems in Ordinary Differential Equations (Prentice-Hall,
Englewood Cliffs, NJ, 1971).

41. D. Frenkel and B. Smit, Understanding Molecular Simulation: From Algorithms to Applications
(Academic Press, New York, 2002).

42. M. Parrinello and A. Rahman, Polymorphic transitions in single crystals: A new molecular dy-
namics method, J. Appl. Phys. 52, 7182–7190 (1981).

43. D. Pettifor, Bonding and Structure of Molecules and Solids (Oxford University Press, Oxford,
1995).

44. M. Finnis, Atomic Forces in Condensed Matter (Oxford University Press, Oxford, 2003).
45. M. S. Daw and M. T. Baskes, Embedded-atom method: Derivation and application to impurities,

surfaces, and other defects in metals, Phys. Rev. B 29, 6443–6453 (1984).
46. K. W. Jacobsen, J. K. Nørskov, and M. J. Puska, Interatomic interaction in the effective-medium

theory, Phys. Rev. B 35, 7423–7442 (1987).
47. F. Cleri and V. Rosato, Tight-binding potentials for transition metals and alloys, Phys. Rev. B 48,

22–33 (1993).
48. G. Z. Voronoi, Nouvelles applications des paramètres continus à la théorie des formes quadratiques.
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1. INTRODUCTION

This chapter deals with fundamental and applied concepts in nanostructured coat-
ings, in particular focusing on the characterization with high-resolution (transmis-
sion) electron microscopy. Generally speaking, microscopy in the field of materials
science is devoted to link microstructural observations to properties and in fact the
microstructure–property relationship is in itself a truism. In particular, mechanical
properties of materials are structure sensitive. The microstructural features in turn
are determined by chemical composition and processing, and consequently, ad-
vanced microstructural investigations require a microscope with a resolving power
in the order of a nanometer or even better. However, the actual linkage between
structural aspects of defects in a material studied by microscopy and its physical
property is almost elusive. The reason is that various physical properties are actu-
ally determined by the collective behavior of defects rather than by the behavior
of one singular defect itself. For instance, there exists a vast amount of electron
microscopy analyses in the literature on ex situ deformed materials, which try
to link observed patterns of defects to the mechanical behavior characterized by
macroscopic deformation tests. However, in spite of the enormous effort that has
been put in both theoretical and experimental work, a clear physical picture that
could predict the stress–strain curve on the basis of these microscopy observations
is still lacking.

There are at least two reasons that hamper a straightforward correlation be-
tween microscopic structural information and materials properties: one fundamen-
tal and one practical reason. Of course, it has been realized already for a long time
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that in the field of dislocations, disclinations, and interfaces in materials, we are
facing highly nonlinear and nonequilibrium effects. The defects determining many
physical properties are in fact not in thermodynamic equilibrium and their behavior
is very much nonlinear. This is a fundamental problem, since there does not exist
an adequate physical and mathematical basis for a sound analysis of these highly
nonlinear and nonequilibrium effects. Nevertheless, the situation is not hopeless,
since there are two approaches to circumvent these problems, and microscopy
contributes still quite a lot.

One has to do with numerical simulations of the evolution of defect structures,
which incorporate the behavior of individual defects as known from both the
classical theory and the microscopy observations of individual defects. It is often
claimed that advanced microstructural investigations require a microscope with a
resolving power in the order of a nanometer or even better. It has been shown that
in some cases it is crucial to have information on an atomic level available, but
surely it is not always necessary and sometimes rather more appropriate to image
defects on a micrometer scale instead, to correlate the structural information to
physical properties. Actually new measures have to be introduced at a different
length scale. Therefore, it is argued that a more quantitative evaluation of the
structure–property relationship of a coating requires sometimes a de-emphasis of
analysis on an atomic scale, and an extra emphasis on in situ measurements. In
addition, only recently ultrahigh-resolution microscopes, both in transmission and
in scanning modes, make analyses of chemical composition at subnanometer scale
and in situ measurements feasible.

Another more practical reason why a quantitative electron microscopy evalu-
ation of the structure–property relationship of coatings is hampered has to do with
statistics. As a matter of course this is not specific for a particular material system.
Metrological considerations of quantitative electron microscopy from crystalline
materials put some relevant questions to the statistical significance of the electron
microscopy observations. In particular, in situations where there is only a small
volume fraction of defects present or a very inhomogeneous distribution, statistical
sampling may be a problem. In particular, for hard coatings the key challenge is to
avoid grain boundary sliding, but as far as the toughness is concerned more com-
pliant (amorphous) boundary layers might be more beneficial. Actually, boundary
sliding may have a positive effect on wear-resistant coatings, by optimizing the
ratio of hardness over the stiffness.1,2 Not only grain boundary sliding seems to
limit the further increase in hardness of superhard nanostructured coatings that are
mainly used for dry machining tools, but also Coble creep at the higher temperature
involved during dry machining may come into operation.3 At first sight, disloca-
tion motion becomes suppressed upon grain refinement but softening is expected
if grain boundary diffusion predominates over bulk diffusion. As a rule of thumb,
all the phases in a nanostructured hard coating must be made of strong material
and the interfaces must be made sharp by optimizing the hardness–stiffness ratio.
However, this is a too global view because knowledge of the deformation mecha-
nisms in the nanostructured coatings is simply very rudimentary at the moment. For
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instance, grain boundary ledges for the generation of dislocations may become in-
creasingly important in the production of dislocations at smaller grain sizes. When
the grain size drops below 20 nm or so in a homogeneous nanostructured material,
the number of triple junctions per unit volume becomes appreciably large. Since
the triple points possess disclination character, they may contribute substantially
to the ductility of nanocomposites and softening is expected at the smallest grain
sizes.1,2 The misorientation across short grain boundaries in nanostructured ma-
terials may only be partly accomplished by grain boundary dislocations, and at
small sizes the number of disclination dipoles will be increased. Further, crack
deflection, crack branching, intergranular fracture, and transgranular fracture are
probably very much different in these nanostructured materials compared to their
micrometer-sized counterparts. In evaluating the performance of a nanostructured
coating it is essential to examine the defect content as well as the microstructural
features,4 in particular the grain size dispersion, distribution of interface misori-
entation angles, and internal strains. Clearly, defects, such as microcracks, can
completely mask the intrinsic strength of the nanostructured coatings. In the past,
the low E-modulus of nanostructured materials has been often attributed to the
unusual grain boundary structures present, but this phenomenon is actually de-
termined by the defect structure, like porosity. Further, it can be anticipated that
control of the grain size dispersion is extremely important in the experimental de-
sign of these nanostructured coatings. A nanostructured material with a broad grain
size dispersion will exhibit a lower overall flow stress than a material with the same
average grain size but with a much smaller grain size distribution. Consequently,
experimental control over the grain size distribution is important to investigate
concepts in materials design of nanostructured coatings. The situation of corre-
lating the microstructural information obtained by microscopy of an interface to
the macroscopic behavior of hard coatings is even more complex. The reasons are
numerous, e.g., the limited knowledge of the interface structure (i.e., both topo-
logical and chemical) at an atomic level of only a small number of special cases,
the complexity due to the eight degrees of freedom of an interface, and the lack of
mathematical–physical models to transfer information learned from bicrystals to
the actual polycrystalline form. The work presented in this chapter is focused on
the characterization of promising wear-resistant physical vapor deposition (PVD)
coatings that are available these days. We exemplify the use of high-resolution
transmission electron microscopy (HRTEM) with two case studies. First, tungsten
carbide–carbon (WC–C) multilayer coatings, by uniquely combining the proper-
ties of diamond-like carbon (DLC) and tungsten carbide, are evaluated for tribo-
logical low-friction applications. This uniqueness can be attributed to their high
elasticity, chemical inertness, low static and dynamic friction coefficients coupling
with metals and ceramics, and high wear resistance.5 An important area of appli-
cation lies in dry lubrication of sliding contacts with high contact stresses under
conditions where fluid lubrication is beset with difficulties, e.g., at high and low
pressures, high and low temperatures, and slow oscillations.6 In these cases, the
surfaces are coated with a thin low-friction and low-wear-rate solid lubricant. As a
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second example we concentrate on nanostructured hard coatings. The application
of hard TiN coatings to metal cutting tools has been hailed as one of the most
significant technological advances in the development of modern tools. Although
cutting tools have been the primary targets for the development of such coatings,
TiN has also found other tribological applications, such as in bearings, seals, and
as an erosion protection layer. Another important attraction of TiN is its potential
application in microelectronics.7 Finally, the golden color has also encouraged
applications as decorative coatings. The TiN–(Ti,Al)N multilayer is part of an
emerging class of new hard protective coatings based on the homogeneous TiN.
The concept of coatings composed of a large number of thin layers of two or more
different materials has shown to provide an improvement in the performance over
comparable single layers.8 In the present case, the multilayer combines, among
others, the high-oxidation resistance of titanium aluminum nitride (Ti,Al)N at
higher temperatures with the good adhesion of TiN to the substrate. Additionally,
the introduction of a number of interfaces parallel to the substrate surface can act
to deflect cracks or provide barriers to dislocation motion, thereby increasing the
fracture resistance of the coating.9 Consequently, the wear resistance of cutting
tools, especially at high speed, is enhanced.

Regardless of the coating–substrate composites’ undoubted success, they are
often poorly characterized and badly understood. Clearly, if significant input is to
be made in the design of improved coatings, a detailed knowledge of the relation-
ship between the microstructure and mechanical properties is essential. Further,
as multilayer coatings are materials engineered on the nanoscale, it is necessary to
carry out a fundamental study of the interactions between each layer at this scale,
in order to describe their wear mechanisms and tribological properties. Here, the
focus is on a thorough characterization of the microstructure and mechanical prop-
erties. Additionally, a detailed study of the fracture mechanisms is performed by
nanoindentation tests, allowing prediction of how the coated systems will perform
in service.

The outline of this chapter is as follows: Section 2 provides the information
regarding the characterization with transmission electron microscopy (TEM) of
crystalline and noncrystalline coatings; Section 3 concentrates on the microstruc-
ture of WC–C multilayers; Section 4 describes a study of the microstructure of
TiN and TiN–(Ti,Al)N multilayers; Section 5 concludes with an outlook.

2. EXPERIMENTAL METHODOLOGY AND MATERIALS

2.1. Materials

There are several ways in which a coating can be produced by PVD, but recent
techniques all include the plasma-assisted PVD processes (PAPVD). The basic
PAPVD is commonly entitled ion plating. PAPVD provides coatings that are very
dense. The coatings contain only few macroscopic defects and possess a very
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good adhesion to the substrate.10,11 Currently, there are four main methods for
evaporation: resistance heating, induction heating, and arc and electron beam gun
(e-gun) sources.12 The deposition process of WC–C consists of using dc magnetron
sputtering of a pure WC target, with argon as a sputtering gas. The carbon phase
was grown from plasma containing both hydrocarbon gas [acetylene (C2H2)] and
argon. The process utilized six planar magnetrons arranged in a circle, with the
substrate passing consecutively performing a planetary rotation (i.e., also rotating
on its own axis). An interlayer of chromium was initially formed by DC-magnetron
sputtering of a chromium target. Subsequently, the WC–C layer commenced to be
deposited, i.e., DC-magnetron sputtering of the WC targets started—at the same
argon pressure—and acetylene was introduced into the chamber. The substrate
temperature was kept about 200–250◦C during coating deposition. The TiN stud-
ied in this work was deposited using an electron beam gun source. Pure Ti was
evaporated from a crucible with a high-voltage electron beam by means of a 270◦

electron gun. A plasma beam was operated between the hot filament and the cru-
cible so as to ionize the metal vapor, the nitrogen, and the argon gas. The substrate
was at a temperature of 480◦C during the deposition process. The TiN–(Ti,Al)N
multilayers were deposited using a hybrid process which combined reactive arc
evaporation of pure Ti—from a crucible with a thermionic arc source to deposit
TiN—and reactive magnetron sputtering of a titanium–aluminum alloy target for
deposition of the (Ti,Al)N compound. The cathodic arc process uses glowing dis-
charge plasma between the cathode and the crucible. The principal merit of arc
evaporation is that no molten pool is formed, allowing the crucibles to be fitted
in any orientation. Further, a major part of the emitted source material becomes
highly ionized as it passes through the arc.13 Nevertheless, a disadvantage of arc
evaporation is that it also produces macroparticles in the coating matrix. Droplets
of a metal, ejected from the source surface as the arc locally and rapidly melts the
source material, create them.14 The (Ti,Al)N layers were produced by magnetron
sputtering of stoichiometric Ti–Al target materials, using a similar process as for
the WC layers described above, in an argon and nitrogen atmosphere.

2.2. Characterization with Electron Microscopy Techniques

To understand the structure–property relationship of coated components and ul-
timately be able to predict their tribological behavior, it is imperative to gather
as much information on morphology, elemental and phase composition, and mi-
crostructure as possible. The coating microstructure, e.g., grain size, phase, and
lamella thickness, can be studied from plan-view and cross-sectional specimens by
conventional and high-resolution TEM. In this work, the observations were carried
out using the following microscopes: JEOL 4000 EX/II operating at 400 kV and
JEOL 2010 FEG operating at 200 kV. Additional characterization was carried out
with Philips-XL30(s)-FEG scanning electron microscopes and a JAMP-7800-FEG
scanning Auger microscope. The electron-optical parameters of our microscopes
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TABLE 5.1. Electron-Optical Properties of Various Transmission Electron
Microscopes.

JEOL 2010F(UHR JEOL ARM
JEOL 4000 EX/II Pole piece) 1250(Side entry)

V (kV) 400 200 1250
Cs (mm) 0.97 1 2.7
Spread of defocus (nm) 7.8 4 11
Beam conv. (mrad) 0.8 0.1 0.9
Information limit (nm) 0.14 0.11 0.11
Point resolution (nm) 0.165 0.23 0.12
Scherzer defocus (nm) 47 58 51

are given in Table 5.1 and compared with the JEOL ARM 1250 at Max-Plank-
Institute für Metallforschung in Stuttgart, Germany. In the following paragraphs
some basic background of characterizations with HRTEM is presented.

In conventional TEM, diffraction contrast is employed where the contrast
in the image is determined by the intensity of the imaging beams, i.e., the ones
enclosed in the objective aperture; thus, a rather low-resolution information about
the structure of the sample viewed along the direction of the incident beam can
be obtained. In modern analytical transmission electron microscopes with reduced
spherical aberration, a larger objective aperture can be used by which a large num-
ber of diffracted beams may interfere in the image, improving the image resolution.
With the advent of (ultra) high-resolution TEM, it is nowadays even possible to
derive from images the structural information at an atomic scale. However, the
concept of resolution in HRTEM is still not without pitfalls and a thorough under-
standing of image formation is essential for a sound interpretation. The technique
of HREM found its origin in the technique of phase contrast microscopy that was
introduced in the field of optical microscopy by Frits Zernike15of the University
of Groningen. In 1953 he received the Nobel Prize in physics for this invention
that found applications, in particular, in biological and medical sciences. HRTEM
imaging is based on the same principles used in phase contrast microscopy. Phase
contrast imaging derives contrast from the phase differences among the different
beams scattered by the specimen, causing addition and subtraction of amplitude
from the forward-scattered beam. Components of the phase difference come from
both the scattering process itself and the electron optics of the microscope. In a
weak-phase object, the amplitude of the Bragg scattered beam is small compared
with that of the forward-scattered beam. In reality, however, a HRTEM is not a per-
fect phase contrast microscope, as beams at different angles with the optical axis
result in different phase shifts. In fact, the phase shift is a function of the spherical
aberration coefficient Cs, and of the defocus value; this phase transfer function
depends very sensitively on the defocus, and as will be explained later, it in gen-
eral shows an oscillatory behavior as a function of the distance to the origin in the
reciprocal space. The amplitude contribution of the different transmitted beams on
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the image is therefore not constant and cannot be found in an intuitive way. Several
textbooks and reviews have been written on the subject of (high-resolution) mi-
croscopy, sadly with different notation conventions. This text adopts the notation
used in Ref. 16. Spence17 has written a more in-depth description of imaging in
HRTEM theory. Williams and Carter18 have written a very clear and complete
introductory textbook on general aspects of electron microscopy.

The conventional way to generate electrons is to use thermionic emission.
Any material that is heated to a high enough temperature will emit electrons when
they have enough energy to overcome the work function. In practice, this can
be done only with high melting point materials (such as tungsten) or low work
function materials like LaB6. The Richardson–Dushman law describes thermionic
emission as a function of the work function Φ and temperature T :

Je = AT 2 e−Φ/kT (5.1)

with Je the electron flux density at the tip and A the so-called Richardson–Dushman
constant. In electron microscopes, tungsten filaments were most commonly used
until the introduction of LaB6. These LaB6 sources have the advantages of a
lower operating temperature, which reduces the energy spread of the electrons and
increases the brightness. Another way of extracting electrons from a material is to
apply a high electric field to the emitter that enables the electrons to tunnel through
the barrier. Sharpening the tip may enhance the electric field because the electric
field at the apex of the tip is inversely proportional to the radius of the apex:

E = V

κ R
(5.2)

with κ a correction factor for the tip geometry (usually ≈2). The advantage of
this cold field emitter gun (cold FEG) is that the emission process can be done at
room temperature, reducing the energy spread of the electrons. The small size of
the emitting area and the shape of the electric field result in a very small (virtual)
source size in the order of nanometers with a brightness that is three orders of
magnitude higher than for thermionic sources. It is thus possible to focus the beam
to a very small probe for chemical analysis at an atomistic level or to fan the beam to
produce a beam with high spatial coherence over a large area of the specimen. The
disadvantages of this type of emitter are the need for (expensive) UHV equipment
to keep the surface clean, the need for extra magnetic shielding around the emitter,
and a limited lifetime.

Some of these disadvantages of cold FEG emitters can be circumvented by
heating the emitter to moderate temperatures (1500◦C) in the case of a thermally
assisted FEG or by coating the tip with ZrO2, which reduces the work function
at elevated temperatures and keeps the emission stable (Schottky emitter). This
causes a doubling in the energy spread of the electrons and some reduction in
brightness. The Schottky emitter is most widely used in commercial FEG-TEMs
because of its stability, lifetime, and high intensity (see Table 5.2).
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TABLE 5.2. Properties of Different Electron Sources.19

Cold Heated
Tungsten LaB6 FEG Schottky FEG

Brightness (A/m2 sr) (0.3–2) × 109 (3–20) × 109 1011–1014 1011–1014 1011–1014

Temperature (K) 2500–3000 1400–2000 300 1800 1800
Work function (eV) 4.6 2.7 4.6 2.8 4.6
Source size (µm) 20–50 10–20 <0.01 <0.01 <0.01
Energy spread (eV) 3.0 1.5 0.3 0.8 0.5

After leaving the electron gun the electrons are accelerated toward the anode
and enter the column. Because the velocity of the electrons approaches the speed
of light, the wavelength of the electrons has to be corrected for relativistic effects:

λ =
(

2m0 eV

h2

(
1 + eV

2m0c2

))−1/2

(5.3)

For 400 kV electrons, λ = 1.64 pm, which is much smaller than the resolution
of any electron microscope because the resolution is limited by aberrations of the
objective lens and not by the wavelength of the electrons. The electron beam is
now focused on the specimen with the condenser lenses and aligned using several
alignment coils. The function of the condenser lens system is to provide a parallel
beam of electrons at the specimen surface. In practice this is not possible and
the beam always possesses a certain kind of convergence when imaging at high
resolution, usually in the range of 1 mrad for LaB6 emitters and 0.1 mrad for FEGs.
After entering the specimen, most of the electrons are elastically scattered by the
nuclei of the atoms in the specimen. Some electrons are inelastically scattered
by the electrons in the specimen. Compared to X-ray or neutron diffraction, the
interaction of electrons with the specimen is huge and multiple scattering events
are common. For thick specimens at lower resolutions, an incoherent particle
model can describe the interaction of the electrons with the specimen. However,
with thin specimens at high resolution, this description fails because the wave
character of the electrons is then predominant. The electrons passing the specimen
near the nuclei are somewhat accelerated toward the nuclei, causing small, local,
reductions in wavelength, and this, in turn, results in a small phase change of the
electrons. Information about the specimen structure is therefore transferred to the
phase of the electrons. Only elastically scattered electrons are of importance in
formation of high-resolution images. The inelastic scattered electrons contribute
mostly to the background of the image. These electrons can be removed by inserting
an energy filter in the microscope between the specimen and recording device.
Only the elastically scattered electrons are now used for the image formation.
The energy loss spectrum of the inelastic scattered electrons contains valuable
information about the chemical composition of the specimen. This information can
be extracted by observing the electron energy loss spectrum or by filtering parts
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of the loss spectrum. The inelastic scattered electrons also produce Kikuchi lines
in the electron diffraction pattern, which are helpful for accurate crystallographic
alignment of the crystals in the specimen.

To retrieve structural information on the specimen from the micrographs, it
is necessary to calculate the trajectory of the electron wave through the specimen.
In kinematic approximation, multiple scattering of the electrons in the sample is
ignored and this results in an undisturbed central beam. This approach already
fails at a small thickness or in case of a single atom. In dynamical calculations,
all the scattered beams and their mutual exchange of intensity during the course
of multiple scattering in the specimen are taken into account. It is possible to do
full dynamical calculations but these are soon limited by the available computing
power. Using the fact that the vast majority of the electrons are scattered in a
forward direction with small diffraction angles, Cowley and Moodie20 devised the
multislice approximation. Here the three-dimensional (3D) crystal is divided into
multiple thin slices perpendicular to the electron beam, and in between the electron
wave propagates. The incident electron wavefront intensity is described by a plane
wave with wave vector 	k propagating in vacuo:

Ψ0(	r ) = e2π i 	k·	r (5.4a)

k = |	k| = 1

λ
(5.4b)

where λ is the wavelength of the electrons. The refractive index in every slice
depends on the position in the slice because the electrons will be accelerated
toward the nuclei, whereby their wavelength is reduced. This phase change can
be expressed by multiplying Ψ0(	r ) with a transmission function q(x ,y), assuming
that the specimen acts as a pure phase object:

q(x , y) = e−iσφ(x,y) (5.5)

where φ(x , y) is the projected potential distribution in the slice, averaged over the
electron beam direction and σ = π /λV is the interaction constant. Absorption is
neglected in this approach, the so-called phase–object approximation. A further
simplification can be made by considering only the first-order approximation of
Eq. (5.5):

q(x , y) = 1 − iσφ(x , y) (5.6)

This is known as the weak-phase–object approximation in which the amplitude
information is linearly related to the projected potential. The propagation between
the slices, each of thickness δ, can be described by convoluting Eq. (5.5) with the
Fresnel propagator:

p(x , y) = e−π i(x2+y2)/λδ (5.7)

and the emerging spherical wavefront is approximated by a paraboloidal wavefront.
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The nth wave function can now be obtained by a convolution:

�n(x, y) = (�n−1 ⊗ pn−1(x, y)) qn(x, y) (5.8)

where pn−1 is the propagator from slice n− 1 to slice n. In this way the exit wave
computed can subsequently be used as input for the image formation calculations.
Usually the convolution is done by a multiplication in Fourier space, which saves
computing time. After the exit wave has left the specimen, the electron wavefront
has to be converted into an image. Because the exit wave mainly contains phase
information, these phase differences have to be converted to intensities, much like
the phase contrast microscope invented by Frits Zernike. The exit wave can be de-
scribed in reciprocal space by performing a Fourier transform. The effect of the
spherical aberration of the objective lens is that the electrons entering the objective
lens at different distances from the optical axis are focused at different planes and
also travel different distances, causing a phase difference for the different scattered
electrons. The phase factor χ (U ) describes the phase difference introduced by the
defocus and spherical aberration:

χ (U ) = πλ� f U 2 + 1

2
πCsλ

3U 4 (5.9)

where � f is the defocus value of the objective lens, U the distance of the reciprocal
lattice point from the optic axis, and Cs the spherical aberration. In reciprocal space,
this phase factor can be accounted for by multiplying the exit wave with B(U ),
which is equivalent to a convolution in real space:

B(U ) = exp(iχ (U )) (5.10)

If the specimen behaves as a weak phase object, only the imaginary part of
B(U ) contributes to the intensity of the image T (U ):

T (U ) = 2 sin(χ (U )) = 2 sin

(
πλ� f U 2 + 1

2
πCsλ

3U 4

)
(5.11)

which is usually referred to as the objective lens transfer function if the specimen
behaves like a weak phase object. Next, only the real part is considered because
the phase information from the specimen is converted into intensity information
by the phase shift of the objective lens. In the microscope an aperture is inserted
in the back focal plane of the objective lens that transmits beams only to a certain
angle. This can be represented by an aperture function A(U ), which is unity for
U < U0 and zero outside this radius. When T (U ) is negative, the atoms in the
specimen would appear as dark spots against a bright background and vice versa.
For T (U ) = 0 no contrast results. An ideal behavior of T (U ) would be zero at
U = 0 (very long distances in the specimen) and U > U0 (frequencies beyond
the aperture size) and large and negative for 0 < U < U0. The contrast of a high-
resolution image depends strongly on the microscope settings and parameters. In
practice, not all the information in T (U ) is visible in the image. This is caused
by electrical instabilities in the microscope, creating a spread of focus because
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of the chromatic aberration of the objective lens, which results in damped higher
frequencies. Mechanical instabilities and energy loss due to inelastic scattering of
the electrons by the specimen also contribute to the spread in defocus. The inelastic
scattered electrons contributing to the image can be removed by inserting an energy
filter in the microscope between the objective lens and the image recording media.
Another factor that damps the higher frequencies is the beam convergence. Because
the electron beam has to be focused on a small spot on the specimen, there is some
convergence of the beam present. This also affects the resolution because the
specimen is now illuminated from different angles at the same time. These effects
that affect the resolution can be represented by multiplying sin(χ ) by the damping
envelopes Eα and E�, which represent the damping by the convergence and spread
in defocus, respectively:

E�(U ) = exp

[
− 1

2
π2λ2�2U 4

]
(5.12)

Eα(U ) = exp[−π2α2(ε + λ2CsU
2)2U 2]

The resulting contrast transfer function (CTF) is plotted in Fig. 5.1 with the damp-
ing envelopes Eα and E�. For higher frequencies the CTF is now damped and
approaching zero. It becomes clear that defining a resolution for the HRTEM is
not obvious. Several different resolutions can be defined as stated by O’Keefe21:

1. Fringe or lattice resolution: This is related to the highest spatial frequency
present in the image. In thicker crystals, second-order or nonlinear interfer-
ence may cause this. As the sign of sin(χ ) is not known, there is in general
no correspondence between the structure and the image. This resolution
is limited by beam convergence and spread in defocus.

2. Information limit resolution: This is related to the highest spatial frequency
that is transferred linearly to the intensity spectrum. These frequencies may
fall in a passband, with blocked lower frequencies. Usually this resolution
is almost equal to the lattice resolution.

3. Scherzer resolution or point resolution: This is the highest possible res-
olution when no lower frequencies are blocked or passed with opposite
sign. This is the most relevant resolution definition because it results in
a projected image of the specimen structure. The exact definition for the
Scherzer defocus varies slightly in literature. In general, for images taken at
optimum defocus of ( 4

3 Csλ)1/2, the highest transferred frequency is equal

to 1.51 C−1/4
s λ−3/4[m−1].

In Fig. 5.1 the CTFs of the JEOL 4000 EX/II and JEOL 2010F at Scherzer
defocus are plotted with the damping envelopes. The CTF of the JEOL ARM 1250
at Max-Plank-Institute für Metallforschung in Stuttgart, Germany, is also given for
comparison. The electron-optical parameters of the microscopes can be found in
Table 5.1. The CTF of the JEOL 2010F shows the rapid oscillations of the FEG due to
higher spatial coherence. In this case there is a big gap between point resolution and
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JEOL 4000 EX/II
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FIGURE 5.1. Contrast transfer functions (thick lines) and damping envelopes of the used
microscopes at Scherzer defocus values of 47, 58, and 51 nm, respectively. Note the many
oscillations in the CTF of the 2010F.
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information limit. For the ARM 1250 microscope the damping envelope is limited
by the spread of focus and the point resolution is almost equal to the information
limit. Using a FEG will not substantially increase the resolution here. Generally
speaking, using a FEG in lower voltage (≤200 kV) instruments helps to increase the
information limit because in these instruments beam convergence dominates the
damping envelope. With higher voltage instruments the higher acceleration voltage
increases the brightness of the source and the damping envelope is limited by the
spread of defocus. The spherical aberration of the objective lens can be lowered
but generally at the expense of a decrease in tilt capabilities of the specimen. It is
possible to compensate Cs by a set of hexapole lenses as suggested by Scherzer22 in
1947 but it became feasible only recently due to the complex technology involved.
Haider demonstrated a Cs-corrected 200 kV FEG microscope23 in which Cs was
set at 0.05 mm to reach an optimum between contrast and resolution. The point
resolution of this microscope was then equal to the information limit of 0.14 nm.
Successful application of this technology would put the next limiting factors of the
microscope at the chromatic aberration and mechanical vibrations that currently
limit the resolution around 0.1 nm.

A point that has been overlooked quite frequently is the effect of the align-
ment on the structural observations. Correct alignment of the microscope is very
important because misalignments affect the image. The electron beam may not be
parallel to the optical axis of the objective lens, beam tilt, or the zone of the crystal
may not be parallel to the incoming beam, crystal tilt. After the alignment proce-
dure there will be some residual tilt. Beam tilt can be reduced to about 0.1 mrad, in
principle, with the so-called coma-free alignment method, but it is rather difficult
to perform. The voltage-center method that is routinely used is quick and easy but
not correct. It leaves a beam tilt with a magnitude related to the mechanical toler-
ance with which the optical axis of the projecting system is aligned to the optical
axis of the objective lens. Aligning the zone axis of the sample with the incoming
beam is performed by tilting the specimen so as to obtain a diffraction pattern
with equal intensities for spots related by symmetry. Apart from the difficulties
this may present in itself, crystal tilt may differ on a length scale much smaller
than the diameter of the electron beam, which inhibits alignment with a very high
precision. This is a problem especially for thin metal foils. The effect of residual
tilt on the image depends on the crystal structure of the sample. Many simple cubic
structures will show minor changes in image contrast for tilts up to a few degrees,
especially in thinner areas. Tilting does change the projected potential, leading to
lower maxima, and a scattering situation that is closer to the weak phase approx-
imation than the untilted case. Electrons entering the crystal with a small tilt will
“feel” a thinner specimen. Because of the beam divergence, this will even be true
at zero beam tilt. This effect is usually not taken into account in image simulate ion
packages, and will contribute to an underestimation of specimen thickness.21 The
symmetry of the image will no longer correspond to that of the projection of the
zone axis, but that may not be very apparent. In some cases the effects of beam-
and crystal tilt on images may be profound, notably for structures containing glide
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or screw axes. The considerations above referred to elastically scattered electrons
only. At 400 keV, however, and for light elements, inelastic scattering can be of
similar strength as elastic scattering. Electrons may be scattered to high angles by
phonons, or to smaller angles by plasmons or single-electron excitations. Scattering
by phonons is usually described as elastic scattering using scattering amplitudes
that have been multiplied by a Debye–Waller factor. Some of the inelastically scat-
tered electrons will pass through the objective aperture and contribute in one way
or another to the image. As these electrons are not focused onto the same plane
as the zero-loss electrons, due to the chromatic aberration of the objective lens,
it has been assumed that they would produce only a slowly varying background
to the high-resolution image. Such a contribution may be modeled by adding an
imaginary component to the scattering factors. Finding correct values for the ab-
sorption parameters for use in HRTEM is a problem with this approach. However,
it has been shown that electrons that undergo elastic and inelastic scattering may
in fact produce high-resolution contrast.24,25 From simulations it appears that the
contribution is usually small, but may be appreciable for thick specimens (includ-
ing the amorphous overlayer) of materials showing a sharp plasmon peak, and at
relatively large underfocus values.

In comparing simulated images with measured images, specimen thickness
is one of the major problems. The thickness of a sample is difficult to assess from
independent measurements and is often treated as a free variable during fitting. In
cases where estimations of thickness are available, fitting calculated and measured
images usually leads to values for thickness that are far too low.26 It has been
suggested that this is because the multiple scattering effects are overestimated in
the simulations and lead to a larger sensitivity on thickness in simulations than in
reality. This overestimation stems from the fact that in the experiment, due to beam
and crystal misalignments as well as beam divergence, the projected potential is
lower than for the exact zone axis used in simulations. (As a side effect, the choice
of a “realistic thickness”’ may lead to a wrong value for the defocus because image
contrast is equal for many combinations of thickness and defocus, at least for small
period structures.) At low thickness, simulated images show few traces of dynamic
effects. For a thick sample, high-frequency details due to dynamic scattering are
damped by lateral vibrations of the sample. Fitting without allowing for vibrations
may lead to erroneous interpretation of the absence of these high frequencies as
being caused by low thickness. These vibrations are difficult to measure, but their
effects can be used as a fitting parameter, and it seems to be possible to arrive
at more realistic thickness, at least in some cases.27 In order to image crystalline
interfaces, in particular relevant in the field of hard coatings, in an HRTEM and
derive the atomic structure, the interface must be observed edge-on, to view the
atomic structure unobscured by moiré effects. Another necessity is the need to view
the structure along a low-index zone axis to resolve separate atomic columns. In
that way, small deviations in the atomic structure can be observed and measured.
The interfaces have to be straight and without steps along the beam direction to be
able to interpret the structure as formed by the interactions across the interface and



Electron Microscopy Characterization of Nanostructured Coatings 157

not by a projection of steps at the interface. The next difficulty in imaging interfaces
is to judge exactly where the interface is located. For instance, inside an oxide the
electrons are scattered to lower angles, causing the oxide to appear brighter. It is
then tempting to locate the interface at the spot where the intensity changes from
dark to light. However, at the interface a bright Fresnel fringe is often formed that
leads to a misinterpretation of the location of the interface. First it has to be judged
whether the atomic columns in the image correspond with dark or bright spots.
When this is known, the interface can be located by looking at the disregistry at the
interface. Due to delocalization,28 that is, spreading of information over a larger
area, the first layer is generally not considered further in image analysis.

To quantify the structural differences in the images it is necessary to quan-
tify some of the features in the images. Due to the projective nature of TEM it
is possible to observe only a projected image of the defects along the interface.
When viewing the structure of crystalline materials along the interface, two effects
can be observed: plane bending and column delocalization. Plane bending corre-
sponds to a gradual increase of the lateral displacement of the average position of
a column in a plane when approaching the interface, and column delocalization
is the result of different lateral displacements of the atoms in a column, that is,
corresponding to a “spread” of the column. The effect of this column bending on
HRTEM images is not obvious. According to image simulation, column delocal-
ization leads to brighter or darker spots where the atomic columns correspond to
bright or dark spots, respectively. Plane bending can lead to small displacements
of the spots in the image, which under suitable conditions can be measured in the
image up to an accuracy of 0.01 nm. From the preceding discussion it has become
clear that in general, a high-resolution image does not correspond to the struc-
ture of the specimen. Image simulations have to be performed to cross-check the
proposed structure with simulations. At present two simulation programs are very
popular in this field of research, MacTempas by Kilaas29 and electron microscopy
image simulation (EMS) by Stadelmann.30 MacTempas calculates images using
multislice approximation. The EMS is a set of command-line utilities that can
calculate images using the multislice or Bloch waves method. Most relevant pa-
rameters of the microscope as well as the thickness of the specimen can be altered.
The resulting simulations can be compared with the experimental image. The fact
that there are many parameters that can be optimized poses a problem for the
user because it is quite impossible to check all possible combinations manually.
This cross-checking is usually done by eye and in a rather qualitative way and
assumes prior knowledge of the structure under observation. A second approach
to this problem is to do a “backward” calculation of the image to the exit wave.
This is especially powerful to use with FEG-TEMs that have an information limit
well beyond the Scherzer resolution. After multiple images with different defocus
values are taken, it is possible to use the different passbands in the CTF to recon-
struct the exit wave. The actual problem is then shifted to the question of how
the exit wave is related to the structure. In LaB6 TEMs the information limit is
already close to point resolution, and thus this method does not reveal much more
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information. Using a computer to calculate an image agreement factor between
the experimental and simulated images and then change the imaging parameters
automatically to optimize the image agreement can improve the image simulation
process. This method has the advantage of an independent evaluation of the images
and the possibility of checking many different parameters. A program that controls
all these parameters is iterative digital image matching31 developed by Möbus and
coworkers. With this program it is possible to define a range of parameters that
optimizes the correspondence with the experimental image. The parameters that
can be varied include beam tilt, crystal tilt, and astigmatism. The correspondence
is measured by using calculating image matching coefficients between simulation
and experiment. To match the experimental and simulated images the contrast
and brightness of the images have to be adjusted. To make a full comparison be-
tween experiment and simulation, the image intensity has to be normalized by
stretching and shifting the histogram of the experimental image. Stretching both
the experimental and the simulated images from minimum to maximum intensity
or, in the case of noisy images, stretching the area in the histogram where almost
all the intensity is located, which then serves to remove all noise specifications,
can do this. Image matching is usually evaluated with the cross-correlation factor
(xcf):

xcf =
∑

(E jk − S̄)(Sjk − S̄)

((E jk − Ē)2(Sjk − S̄)2)1/2
(5.13)

with the image intensities stored in arrays E and S for the experimental and simu-
lated image, respectively. The xcf automatically matches the contrast and bright-
ness without noise removal. Because of noise present in the image, totally black or
white pixels might be present that influence the width of the histogram. This can be
circumvented either by first smoothing the experimental image or by matching the
brightness and contrast by fitting the histograms with a Gaussian distribution. The
simulated images have periodic boundaries, which means that the selected experi-
mental image also has to be selected as a periodic image. For interface simulation,
skipping the borders in the calculation of the image agreement can circumvent this
requirement. To optimize a simulated image the computer program first calculates
an image, compares it with the experimental images, and then adjusts the imag-
ing parameters accordingly. Three different optimization processes are available:
2D-grid scan; Powell’s method32; and simulated evolution.33,34 The 2D-grid scan
is suitable to do a simple optimization and can find the optimum parameters from
a 2D-grid of parameters, for example, thickness and defocus. It is not possible
to scan over more than two parameters and this method requires all images to be
calculated. This method is too time consuming for optimization of images when
more parameters are included to be optimized. For these more complex optimiza-
tions, Powell’s method is more suitable because more parameters can be optimized.
This multidimensional optimization algorithm does not require a gradient of the
function that is evaluated. With this method it is still possible to be trapped in a
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local maximum in the parameter space and the computational effort is still quite
substantial. Simulated evolution, based on the principles of biological evolution,
can be used here because it uses random “mutations” of the parameters to obtain
better images. One starts the simulation with a chosen set of parameters, and with
a random number generator changing the set of parameters λ children are formed.
From the children, a subset µ with the best agreement is selected, which consists
of the parents of the next generation and which also acquires some parameters
from the grandparents. This process is repeated until a fixed number of iterations
have taken place or until the required fit of the image is reached. The parameter
space has to be selected by hand.

In using HRTEM to study boundaries, in particular relevant in the field of
hard coatings, one is seeking to find coordinates of atoms near the interface. In
this case it is not just the point-to-point resolution that one is interested in, but
also the precision with which small displacements perpendicular to the beam can
be deduced from the images. In principle, lattice parameters and displacements
in HRTEM can be determined with far greater precision than from point-to-point
resolution. Rigid-body translations of grains near grain boundaries have been mea-
sured with an estimated error of 0.01 nm,35 or less in cases that allowed for noise
reduction by real space averaging.36 Rigid-body translations at coherent (parts of)
hetero-interfaces have also been measured, and errors of 0.02 nm,37,38 and even
0.01 nm, have been reported. Determining the position of a single atomic column
is less precise, but a general value cannot be given. First of all it should be kept
in mind that maxima or minima do not have to correspond with the positions of
columns, even for structures with spacings above the point-to-point resolution.
The apparent positions of columns at aperiodic features, such as interfaces, may
vary appreciably, by as much as 0.03 nm, in a defocus series.39 Usually what one is
really interested in is the smallest displacement that has a measurable effect on the
image. The sensitivity of the image to changes depends on the local structure sur-
rounding the defect. It also depends on the imaging parameters, such as thickness
and accelerating voltage, and defocus. Furthermore, the precision with which the
coordinates of an image characteristic can be determined depends on the possibili-
ties for noise reduction. In the presence of noise, caused by amorphous overlayers,
the position of a maximum on a perfect structure may be up to 0.02 nm away from
the position where it should be. It is therefore crucial that noise be removed, either
by preparation or by numerical filtering procedures. Spatial averaging is often im-
practical for metal–ceramic interfaces. They may, for example, be nonperiodic, or
show a large period, across which imaging parameters may change. For periodic
interfaces, clever Fourier filtering procedures are possible, but for aperiodic inter-
faces only a simple low-pass filter works. Although no single value of the smallest
displacement detectable can be given, an order of magnitude may be derived from
two recent publications.40,41 Here, among many other free parameters, column po-
sitions were adjusted so as to achieve a best fit between calculated and measured
intensities.
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2.3. TEM Sample Preparation

There are several techniques described in literature for the preparation of plan-view
and cross-sectional TEM specimens.42,43 In this work,44 specimen preparation for
plan-view TEM consisted of cutting out a disk from the region of interest with
3-mm diameter using the Nd:YAG laser, followed by grinding and polishing from
the substrate side to a thickness of 50 µm. The disk was further thinned to electron
transparency by dual gun Ar+ ion milling. The specimen was kept on rotation
while the Ar+ beam at 5 kV with an ion current of 0.5 mA was directed toward
the substrate side with an incident angle of 8◦ from the specimen surface. Final
etching was performed briefly from both sides, with the tilt angle reduced to 4◦ in
order to clean the coating surface, to reduce ion induced artifacts, and to remove
any amorphous redeposited surface layer.

For cross-sectional TEM specimen preparation of heterogeneous materials
however, only a few methods exist in literature, which minimizes the differential
thinning that occurs on either side of the interface of interest. The method used is
a refinement of the one developed by Barna,43 which is particularly advantageous
when low-angle thinning is required. The basic tool is a titanium disk (diameter
3 mm, thickness 0.3 mm) containing three slots made by an Nd:YAG laser. The
width of the central rectangular slot is 800 µm and should be chosen so as to
be slightly larger than the thickness of the two pieces being embedded. The steps
involved in preparation are illustrated in Fig. 5.2 and were as follows. After cutting,
the two small pieces were placed film to film in the central slot (Fig. 5.2a). The
walls of the slot were then bent using a small rounded screwdriver until the samples
touched each other (Fig. 5.2b). The edges of the side slots were cut using a small
chisel, causing a displacement at the ends of the walls of the central slot (Fig. 5.2c).
The walls, acting like small springs, fixed the two pieces. The sample was then
embedded in a two-component glue (Gatan glue). As a result of capillary force and
gravity, the bonding material penetrated all the slots and filled them, appearing at
the top of the Ti disk (Fig. 5.2d). The specimen was then placed in a temperature-
controlled oven to solidify the glue. To avoid bonding between the hotplate and
the specimen, a small piece of aluminum foil was placed underneath.

After solidification, the bonding material together with the aluminum foil
was cut away from the titanium disk along its perimeter, which was followed by
mechanical grinding and polishing (using a tripod polisher) on both sides to a
thickness of 50 µm. This technique obviously has an advantage in the preparation
of brittle materials due to the supporting titanium disk, without the disadvantage
of the occurrence of shadowing during low-angle ion beam thinning. Ion beam
milling was performed on the mechanically ground and polished specimen with
two guns in mirror-image position on both sides, using a Gatan PIPS, model 691.
The angle of incidence was 6◦ (ion energy 4 kV and ion current 40 µA) and the
specimen was rotated. Final thinning to electron transparency was accomplished
by rocking the specimen ±30◦ perpendicular to the coating–substrate interface
with an incoming ion beam at 4◦. This process continued until perforation took
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FIGURE 5.2. Steps involved in the preparation of a cross-sectional TEM specimen for
low-angle ion milling. The 3-mm diameter titanium disk is shown in black. The two gray
rectangles represent the sample: (a) Two slabs of coated material approximately 1300 ×
350 × 300 mm are placed edge-on, film-to-film in the large rectangular slot of the titanium
grid; (b) A small rounded tool is inserted into rectangular slots at each side and twisted to
deform the thin band of titanium between the central and side slots. This holds the two
pieces together with the coatings in the center of the sample; (c) A small chisel is pressed
into the titanium grid, at the positions shown, to bend further the thin bands, and thus
improve the grid support of the samples; (d) The grid containing the samples is immersed
in a drop of Gatan glue, and placed in an oven to cure the glue.

place and the hole reached the region of interest. Finally, the surface contaminants
(due to redeposited material) were reduced by using an ion energy of 2 kV and ion
current of 4 µA while rotating the specimen.

In order to investigate the coated system response beneath the trigonal im-
pression of a nanoindentation, cross-sectional TEM specimens from the contact
sites were prepared. The novel method makes use of the titanium disk described
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above. Two thin slabs (1300 × 50 × 350 µm) of coated material with the coating
on the 1300 × 50 µm surface were fitted in the 100-µm central slot. Then three
rows of indentations, distributed over the coated surface, were performed in each
sample with a load ranging from 50 to 400 mN. After performing the indentations,
the slabs were removed from the grid and fitted film to film in a 700-µm slot
of other grid, followed by embedding in a two-component glue. When the glue
was cured, which was accomplished by placing the specimen in a temperature-
controlled oven, it was polished (using a tripod polisher) to remove 10 µm of
material from each side. The following ion beam milling process was similar to
the one employed for preparation of cross-sectional TEM specimens. However, to
control the thinning process and to ensure that the electron transparent area was in
the contact sites, the ion milling was periodically stopped and the specimen was
examined with scanning electron microscopy (SEM).

3. MICROSTRUCTURE OF DIAMOND-LIKE
CARBON MULTILAYERS

3.1. DLC Coatings

DLC coatings are amorphous and consist of a mixture of sp3- and sp2 carbon
structures, where sp2-bonded graphite-like clusters are embedded in an amorphous
sp3-bonded carbon matrix.45 They have been subject to studies since the 1970s
and several different types of DLC coatings have emerged. They can be roughly
classified as hydrogenated (a-C:H) and hydrogen-free (a-C) amorphous carbon
coatings.46,47 Further, both can be metal doped (Me-DLC) or carbide doped (MeC-
DLC). In the case hydrogen atoms are present in the random network as bound
to C, they stabilize the sp3 hybridization, which is responsible for high hardness
and rigidity of the network. However, they decrease the interconnectivity of the
sp3-hybridized C sites, which has also a strong influence on the film’s mechanical
properties. From the mechanical point of view, the sp3 fraction and H content in
the films are very important, whereas the sp2-C clustering has influence on the
electronic properties of the films. DLC films with an sp3 fraction higher than 70%
are called tetragonally amorphous (ta-DLC); they have been synthesized in both
hydrogenated and hydrogen-free forms, and in the latter they could yield hardness
and Young’s modulus values near to that of diamond.

Me-DLC and MeC-DLC have received considerable attention in recent years,
owing to their low friction coefficient and high wear resistance in combination
with substrate temperatures of some 200–400◦C during deposition. Further, the
fact that adhesion between the coating and the substrate has been improved by
depositing an interlayer of chromium or molybdenum48 has helped to promote the
deposition of such coatings onto machine components subjected to a high shear
stress component. Tungsten carbide–carbon (WC–C) is an example of a multilayer
structure composed by carbide-doped hydrogen and hydrogenated DLC lamellae.
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This coating has been reported to have successful engineering applications where
low friction and high wear resistance are important requirements.5,49 However, if
the advantages are to be fully employed in improving the surface properties of
engineering components, it is necessary to understand more thoroughly the de-
tailed mechanisms by which surface properties are improved. Here we address the
chemical composition, microstructure, and interfaces of several WC–C coatings.
Moreover, the predominant features of and dissimilarities between the different
films, which can be crucial for their performance, will be pointed out throughout
the text. TEM—in conventional and high-resolution mode—was used as primary
technique. All images were acquired close to the minimum contrast defocus. The
difference observed between this defocus value and the optimum defocus con-
sisted only on the granularity (noise) of the amorphous material. Since it was
much coarser at the optimum defocus, the former value was adopted throughout.
By combining direct imaging and electron diffraction, it was possible to obtain
detailed information about phase composition, grain size and shape, and degree
of preferred orientation of the crystalline phases. Nevertheless, complementary
techniques such as analytical TEM, SEM, X-ray diffraction (XRD), and Auger
electron spectroscopy (AES) were also used, providing additional invaluable in-
formation concerning the morphology, phase composition, and microchemistry of
the coated systems.

3.2. Coated Systems

In this chapter three dissimilar WC–C coatings—denoted S1, S2, and T1—are
investigated in detail.50,51 Stainless steel (AISI 304) and tool steel (AISI D2)
are used as substrate materials, having both circular (60-mm external diameter,
13-mm thickness) and rectangular (90 × 10 × 1.5 mm) geometries. The tool steel
substrate has been heat treated and tempered at 520◦C to obtain a hardness of
60 HRC (6.8 GPa). The substrate surfaces have been finished by polishing to an
average roughness Ra of 0.03, 0.05, and 0.07 µm. The substrate properties of the
coated systems are summarized in Table 5.3.

From XRD analysis, it was found that all coatings investigated consist of a
cubic and an amorphous phase. In the case of coating systems S1 and T1, the
chromium (110) lattice plane provided the most intense peak, while in system
S2 both the (110) and (200) planes were most intense. Therefore, the chromium

TABLE 5.3. Substrate Properties of the Coated Systems

Sample Substrate hardness Substrate roughness
ID Substrate material Hv (GPa) Ra (µm)

S1 Stainless steel (AISI 304) 1.6 0.05
S2 Stainless steel (AISI 304) 1.6 0.03
T1 Tool steel (AISI D2) 6.8 0.07
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TABLE 5.4. Total Coating Thickness and
Surface Roughness

Sample Coating Coating roughnessRa

ID thickness (µm) (µm)

S1 3 0.05
S2 2.8 0.05
T1 2.7 0.06

interlayer of systems S1 and T1 has a (110) preferred orientation parallel to the sur-
face, whereas system S2 does show two possible orientations, (110) and (200). All
systems displayed a broad peak characteristic of an amorphous phase, suggesting
that both WC and carbon layers are amorphous. The only exception is in the system
T1 where a single diffraction peak indicates the presence of a WC crystalline phase.

The morphology of the WC–C is disclosed by plan-view and cross-sectional
scanning electron micrographs in Fig. 5.3. The coatings have a nodular surface
morphology with growth defects—droplets—typical for PVD.52 Their morpholog-
ical difference is mainly based on the density of small droplets originating from
the deposition process. It is thought that the increased droplets density observed in
coating S2 was caused by slight decrease in either the bias sputtering (bias voltage
applied during ion bombardment in planar sputtering apparatuses) or the working
gas pressure. Both parameters are reported53 to lower the ion energy of the atoms
impinging upon the growing surface. Consequently, the effectiveness of the ions in
suppressing the formation of droplets by sputter redistribution of coating material
during growth was reduced.

The surface grooves in the coating are due to irregularities on the underlying
substrate, as can be attested by the cross-sectional micrographs. The substrate ir-
regularities, grooves, and ridges were still present after the pretreatment because
the process was unidirectional. The polishing resulted in a smoother surface. How-
ever, it did not remove completely the deeper grooves or higher ridges. The coating
thickness and surface roughness are presented in Table 5.4. The cross-sectional
scanning electron micrographs were obtained with a backscattered electron (BSE)
detector. Since the number of BSEs are known to increases with increasing atomic
number, scanning electron micrographs in Fig. 5.3b, d, f revealed important insights
regarding the coatings composition. Apparently, the concentration and distribution
of tungsten, the element with higher atomic number, is different in the various coat-
ings. Systems S1 and T1 are alike with respect to the thickness of the band with a
higher tungsten concentration, whereas in system S2 the band is roughly twice as
thick. As can be promptly perceived, this difference may have a direct influence
on the elastic properties of the coating.

The tungsten enrichment of the brighter band observed in BSE micrographs
was cross-checked by an AES line profile. This technique was utilized on a cross-
sectional sample from system T1, prepared as described in Section 2. Figure 5.4
shows such AES line profile. It can be seen that both C and Cr Auger intensities
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(a) (b)

(c) (d)

(e) (f)

FIGURE 5.3. Scanning electron micrographs displaying the morphology of WC–C coat-
ings. (a, b) Plan-view and cross section of coated system S1, respectively; (c, d) Micro-
graphs of system S2; (e, f) Micrographs of system T1. The plan-view micrographs il-
lustrate the coating nodular surface morphology, typical of PVD process, and grooves
created by underlying substrate irregularities. The cross-sectional micrographs obtained
with backscattered electron detector show differences in tungsten concentration.



166 Jeff Th. M. De Hosson et al.

FIGURE 5.4. Line profile of CK LL , WMNN, CrL MM , and FeK LL Auger intensity plotted as
function of film thickness. The data are superimposed on a scanning electron micrograph
of the coated system T1. The zero intensity line corresponds to the position where the
data were taken. The arrow indicates the coating–steel interface.

are enhanced at the Cr layer. After that, the W intensity increases reaching a
maximum in the brighter band, while for C it is the opposite. The Cr drops to
zero, indicating that the Cr deposition ceased. EDS analysis performed on cross-
sectional TEM specimens, also confirm the W and C concentration gradient at the
WC layer. However, beyond this region their intensities are uniform through the
remaining multilayer until roughly half a micrometer from the top. From here on,
the friction properties of the film are enhanced by an increase of C and decrease
of W. The sharp C signal at the edge of the sample is related to a change in surface
orientation of the sample (edge of the cross section) rather than a sudden increase in
concentration.

The coating–substrate interface is shown by a HRTEM image in Fig. 5.5.
There is an amorphous interfacial region (approximately 5 nm thick) between the
crystalline steel substrate and the columnar chromium.

The interphase shows a relatively smooth top surface, whereas the interface
to the underlying steel presents a slight roughness due to diffusion of chromium
into steel. From a through-focal series of images it was learned that the interphase
showed no contrast reversal, i.e., the contrast did not change from bright to dark as
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FIGURE 5.5. Cross-sectional HRTEM image of the coating–substrate interface region of
coated system T1. The other systems’ interphases are similar to this one.

the focus condition was changed from under- to overfocus. This indicates that the
interfacial region is made up of a high-atomic-density phase.54 It is believed that
this high-density interfacial contact allows a robust adhesion of the chromium layer
to the substrate. Further, the interphase initially has a higher contrast, suggesting
that it is composed by a higher mass thickness. All these considerations allow
assuming that first chromium had diffused into the steel, to an extent of ∼2.5 nm,
and then an amorphous chromium region was formed. Within this amorphous layer
the columnar structure must have been nucleated.

Figure 5.6 shows plan-view TEM images, with corresponding selected-area
electron diffraction (SAED) patterns, from coatings S1, S2, and T1, respectively.
The images clearly demonstrate that the coatings, at least the upper part from
where the images were taken, are amorphous.

However, a medium-range order is present with an approximate average do-
main size of 3 nm in coatings S1 and S2, and 10 nm in T1. This type of microstruc-
ture has been described as a uniform 3D-network structure.55 Accordingly, these
coatings are composed of a mixture of sp3- and sp2-bonded carbon atoms. The
sp2 bonding, from energetic considerations and propensity to form planar ring and
sheet structures, tend to segregate in small graphitic clusters containing fused six-
fold rings, which are embedded within an sp3-bonded random network. Further, it
is reasoned that the granular structure seen in the images is related to strain, rather
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(a)

(b)

(c)

FIGURE 5.6. Plan-view TEM images exhibiting the planar microstructures of the coatings:
(a) system S1; (b) system S2; (c) system T1. The SAED patterns are identical and indicative
of an amorphous phase.
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than to the percolating patterns of sp2 and sp3 bonds. The strain in the structure
instead of being distributed randomly is relieved abruptly at the edges of the sp2

islands, creating the difference in contrast.56 Nevertheless, in coating T1 (Fig. 5.6),
due to the larger cluster size, most likely caused by a lower hydrogen content, the
strain relieve was more homogeneous.

The SAED patterns shown in the insets are identical and composed of diffuse
diffraction rings typical of amorphous materials. The two most intense diffraction
rings were observed to have an interplanar spacing of 0.245 and 0.140 nm, which is
consistent with previous reports.57 The measured interplanar spacing of these two
rings reinforces the idea of a diamond-like structure, considering that for crystalline
diamond the (111) and (220) strongest reflections correspond to d = 0.206 and
0.126 nm, respectively. The microstructure of the coating systems is presented
by overview cross-sectional TEM images in Fig. 5.7. Their structure, when going
from the interface with the substrate to the surface of the coating, is formed by a

(a) (b) (c)

FIGURE 5.7. Cross-sectional overview TEM images showing the microstructure of the
coatings: (a) system S1; (b) system S2; (c) system T1. The structure is constituted of a
chromium interlayer, an inter-multilayer, a WC layer for systems S1 and T1, and the
WC–C multilayers.
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chromium interlayer, inter-multilayers of WC and carbon, a WC layer, and finally
the WC–C multilayers.

The chromium interlayer has a dense columnar structure, typical of coat-
ings grown under low energetic ion bombardment and limited adatom mobility
conditions.58 Its average thickness is ∼205 nm, except in system S2 where thick-
ness is ∼120 nm. The average column diameter is 22, 18, and 24 nm for system
S1, S2, and T1, respectively. This indicates that the columns broaden with increas-
ing layer thickness. Therefore, the column diameter can be explained considering
the three stages of development of textures in PVD films: nucleation, competitive
growth, and steady growth. Once the (110) orientation achieved dominance in the
competitive growth at the expenses of the (200) orientation, which is thought to
occur after the first 100 nm, the interlayer grew steadily with this preferred orien-
tation. The inter-multilayers are fashioned by WC and carbon amorphous layers,
corresponding to darker and brighter bands, respectively. Their thickness in sys-
tems S1 and T1 is ∼93 nm with a periodic wavelength, Λ, of ∼15.5 nm. On the
other hand, in system S2 they are ∼50 nm thick. Further, their structure is different,
comprising three thicker carbon layers with thinner WC and carbon lamellae in
between. The chromium columnar structure seems to have grown into all the inter-
multilayers, distorting them by imposing a wavy structure with a period linked
to the column diameter. As a result, nano-polycrystalline particles of chromium
carbides were formed in the carbon layers. In between the inter-multilayer and the
WC–C multilayers, there is an amorphous WC layer with a thickness of ∼200 nm
in systems S1 and T1. In the former, the layer is truly amorphous while within the
latter the polycrystalline columnar particles were grown. In addition, this layer is
darker than the remaining coating, indicating that it has a higher mass thickness.
Altogether, these interfacial bond layers between the WC–C multilayers and the
substrate are employed to provide a good adherence in applications where a high
shear stress component is present.49

The WC–C multilayers have an interlaminar structure with the darker lamellae
being WC rich and the brighter lamellae carbon rich. Once again, the thicknesses
of the interlaminants in systems S1 and T1 are roughly the same, ∼6 nm for WC
and ∼2 nm for carbon. In the case of system S2, they were grown directly on
the inter-multilayers with a � of ∼15.5 nm, and a WC lamella thickness of ∼13
nm. From HRTEM, it was found that the multilayers have a different interlaminar
structure (see Fig. 5.8a,b). In systems S1 and T1, they consist of an amorphous
phase, whereas in S2 they are constituted of an amorphous matrix with clusters of
crystalline particles embedded in the WC lamellae. The carbon lamellae have ap-
proximately the same thickness in the three coatings. However, the C–WC interface
in the former systems is rather diffuse, whereas in S2 the interface is sharper. As
mentioned before, the possible lower bias sputtering employed during the deposi-
tion of coating S2 resulted in a weaker atomic mixing at the interface. This created
a sharper interface with a reduced bonding between the lamellae. An overview of
the constitution and dimensions of the coated systems is given in Table 5.5.



Electron Microscopy Characterization of Nanostructured Coatings 171

(a)

(b)

FIGURE 5.8. Cross-sectional HRTEM images of the interlaminar structures: (a) coated
system S1 displaying the diffuse C–WC interface (the one from system T1 is similar);
(b) coated system S2 with a sharp C–WC interface. In both images the brighter lamellae
correspond to carbon.
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TABLE 5.5. Structure and Dimensions of the Coated Systems.

System S1 System S2 System T1
Substrate material Stainless steel Stainless steel Tool steel

Chromium layer (nm) 205 120 205

Intermultilayers (nm) Thickness 93 50 93
Periodicity 15.5 — 15.5

Amorphous WC layer (nm) 200 — 200

WC/C multilayers (nm) Thickness 2750 2600 2360
WC layer 6 13 6
C layer 2 2.5 2

3.3. Particles Inside an Amorphous Structure

The structure of the inter-multilayers consists of WC and carbon layers, both being
amorphous. However, in the latter, nano-polycrystalline particles were found. An
example of such particles is shown in Fig. 5.9. As can be observed, the structure
of the layers depends on the interface roughness originating from the individual
chromium columnar structure. It is interesting to note that the shape of the poly-
crystalline particles follow the morphology of the carbon layers and are present
only in these layers. The formation of these particles can be attributed to some
residual chromium atoms that might still be present in the coating chamber after
the interlayer growth, and due to their high affinity for carbon, chromium carbide
nano-sized particles have been formed. This assumption is supported by electron-
energy-filtered images of the inter-multilayers, where chromium was mapped in
the carbon layers.

Another type of crystalline particles, embedded in the amorphous WC layer
of system T1, is disclosed in Fig. 5.10a. These particles prevailed throughout
the layer and have a structure similar to the ones formed by ballistic aggrega-
tion on a point seed.59 However, the void streaks often observed in the colum-
nar structure were replaced here by stacking faults. The growth direction of the
particles was parallel to the 〈200〉 direction and normal to the coating–substrate
interface.

From SAED pattern analysis, it was possible to identify the structure of these
particles as face-centered cubic β-WC1−x . This identification is also in agreement
with the XRD pattern, where one diffraction peak corresponds to the (200) plane
of the β-WC1−x phase. As can be seen in the HRTEM image of Fig. 5.10b, the
crystal has a high density of stacking faults in the {111} planes. This fact is related
to the cubic β-WC1−x phase being stable only for a carbon concentration of ∼40
at%, while for higher carbon content the hexagonal structure is more favorable.60

Nevertheless, microchemical analysis performed by EDS showed that the particles
present in the amorphous layer have an atomic concentration of carbon related to
their hexagonal structure. Therefore, the presence of intrinsic stacking faults in the
close-packed {111} planes allows local transformations of the cubic structure into
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FIGURE 5.9. Cross-sectional TEM image of the inter-multilayers of coated system T1. The
darker layers correspond to WC, whereas the brighter correspond to carbon. In the latter,
nano-polycrystalline chromium carbide particles are present due to growth of chromium
into the inter-multilayers (some are arrowed). Moreover, their morphology is related to the
diameter and top morphology of the chromium columns. Planar defects were created at
the interface of the columns whenever the columns presented a faceted top morphology.

hexagonal. The WC–C multilayers from coating system S2 are constituted by an
amorphous interlaminar structure with clusters of crystalline particles in the WC
lamellae. Figure 5.11 shows a HRTEM image of a WC lamella containing such
nanocrystalline particles. They are equally distributed throughout the multilayers,
having a relatively constant diameter of 4–10 nm. Their position in the lamella is
always shifted slightly toward the upper part. This observation allows assuming
that their nucleation did not occur at the first WC atomic layers, because the
interface with the previous carbon lamella was not sharp, owing to interdiffusion
of the latter. Therefore, as the particles’ nucleation started roughly in the middle
of the lamella and it was ceased by the growth of the next carbon lamella, they
have obviously a smaller size than the lamellae thickness. Given their relatively
small size, it was impossible to determine the crystal structure and hence the phase
either with XRD analysis or with SAED. Thus, to calculate the structure of the
clusters, Fourier transformation from the HRTEM images was applied to obtain
the diffraction pattern. Subsequently, the diffraction pattern was rotated to get rings
from the symmetrically distributed diffraction points, and the interplanar spaces
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(a) (b)

FIGURE 5.10. Cross-sectional TEM image of (a) a crystalline columnar particle embedded
in the amorphous WC layer from coated system T1. The particle is viewed along the <110>

zone axis and was identified as having a cubic β-WC1−x phase. (b) Detailed HRTEM image
from indicated area in part (a) showing the intrinsic stacking faults in the {111} planes
of the particle.

FIGURE 5.11. Cross-sectional HRTEM image of the interlaminar structure from coated
system S2, exhibiting the nanocrystalline clusters embedded in the WC-rich lamella. The
carbon-rich lamella is represented on top of the image by the brighter stripe. The arrow
marks the position of a nanocrystalline cluster identified as having the cubic β-WC1−x
phase.
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corresponding to the lattice points were measured. The same method was applied
to the crystals present in the WC layer from system T1, and both were compared.
The result allowed concluding that the clusters present in the WC lamellae of
system S2 have the same phase—cubic β-WC1−x —as the crystals present in the
WC layer of system T1. In the other coating systems, the WC lamellae have no
particles present, which is believed to be related to their reduced thickness of ∼6
nm, not enabling particle nucleation and growth.

3.4. Defect Structure

The coated systems exhibited two types of defects that are prone to jeopardize
their mechanical properties. They were induced either by substrate surface irreg-
ularities or simply by the top morphology of the chromium columns. The defects
produced by the substrate-ridged surface were transferred-through and magnified
by the coating. Their growth structure was a direct consequence of the geometric
shadowing because the high points on the growing surface received more coating
flux than did the valleys.61 Moreover, the application of low-energy ion bombard-
ment with a small fraction of resputtering did not allow the production of planar
surfaces. Thus, macroboundaries (defects) developed at the lower chromium sur-
face within a groove, and at either side of a ridge (cf. Fig. 5.3b,f). The degree of
openness is associated with the magnitude of the surface irregularity from where
it was originated. Figure 5.12a displays a cross-sectional TEM image of two mac-
roboundaries created by a substrate ridge. Although the macroboundaries in the
image are due to the existence of a ridge, they were enhanced by the convex-shaped
cusps formed by the two adjacent chromium columns at the rim of the ridge. These
cusps have been reproduced by each individual layer because the coating did not
loose the memory of the earlier steps in its growth (see Fig. 5.12b).

(a) (b)

FIGURE 5.12. (a) Cross-sectional TEM image of the macroboundaries created by a sub-
strate ridge. (b) HRTEM image revealing the defect morphology induced by the convex-
shaped cusps produced by two adjacent chromium columns at the rim of the ridge.
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(a)

(b)

FIGURE 5.13. (a) Cross-sectional TEM carbon mapping image of a defect from coated
system T1. (b) Compositional carbon profile across the defect for an integration width
of 100 pixels (214.3 nm). The dash lines delimit the defect width measured from the
zero-loss image.

Another type of defects, however, with a much smaller length scale, were
formed whenever the chromium columns had a strongly faceted top morphology,
resulting in deeper and sharper cusps between two adjacent columns. These planar
defects propagated from the cusp minimum, but often only through the inter-
multilayers. They were ceased by the growth of the WC layer. Others had a longer
path but never reached the interface with the WC–C multilayers structure (cf. Fig.
5.9). Chemical information on the defects was extracted from transmitted electron-
energy-filtering images recorded under high-resolution conditions. Figure 5.13a,b
shows a carbon image mapping recorded using the C K-edge and the corresponding
compositional profile taken perpendicular to the defect. The width of integration
perpendicular to the resulting profile is a trade-off between resolution and noise.
However, a good compromise was obtained by a 100-pixel width (100 pixel equals
214.5 nm). The carbon compositional profile demonstrates that there is enrichment
along the defect, which must be caused by carbon segregation during the deposition
process. Therefore, it is concluded that the lower mass thickness material present
in the coating composes the macroboundaries and planar defects. The reduced path
of the planar defects is related to the nonexistence of free carbon in the WC layer
to stabilize their propagation.

3.5. Mechanisms of Crack Propagation

Contact-induced fracture in coated systems is complex and controlled by the coat-
ing material itself, the substrate upon which the coating is deposited, and the inter-
face(s) that bond the system together. Ultralow load indentation (nanoindentation)
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experiments have become increasingly widespread to gauge the mechanical prop-
erties of coated systems. The appeal of this technique is that very low loads
and displacements are available, enabling characterization on a submicrometer
scale. The nanoindentation response of the three-coated systems have been stud-
ied previously.62,63 The loading curves of the systems with stainless steel as
substrate—S1 and S2—displayed a discrete change in slope, related to annu-
lar through-thickness cracking around the indentation periphery. The response of
coating system T1 did not show any change in the loading slope. Instead, the pres-
ence of nested cracks following the indentation profile was observed. The lower
part of the unloading curve of system S2 was of considerable interest, since it was
indicated that during the last stages of unloading the sample was relaxing elasti-
cally, and suddenly it tried to push the indenter out, as if the coating had popped-up
by propagation of an interfacial crack. Confocal microscopy of the indentations
revealed that the coating surface within the annular crack was displayed above
the residual position. As coated systems S1 and S2 share the same substrate and
chromium interlayer, the evidence of uplifting only on S2 suggested that the fail-
ure mechanism was decohesion within the coating rather than debonding from the
substrate.

Cross-sectioning the nanoindentations was aimed at confirming that the fail-
ure mechanism was indeed decohesion within the coating. Figure 5.14 shows a

FIGURE 5.14. Scanning electron micrograph displaying a cross section of a 400-mN
nanoindentation on system S2. The coating contrast is related to dissimilarity in tung-
sten concentration, where brighter band corresponds to a higher concentration. The right-
and left-hand-side cracks normal to the surface are from the annular crack formed around
the indentation periphery, while the central crack was created by the indenter apex. The
micrograph clearly establishes that the crack propagation occurred inside the coating.
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(a) (b)

FIGURE 5.15. (a, b) Cross-sectional TEM images of the crack path. The images unequiv-
ocally confirm that crack propagates in the carbon lamellae of the multilayer and glides
through carbon-enriched defects.

scanning electron micrograph of a cross-sectioned 400-mN nanoindentation. The
area where the micrograph was taken can be precisely determined from the diam-
eter of the annular crack and the orientation of the indenter tip. The presence of a
brighter band in the coating is due to a higher tungsten concentration (cf. Fig. 5.4).
The micrograph clearly establishes that the uplifting of the coating occurred not by
interfacial fracture but by crack propagation inside the coating. Further, the cracks
produced by tensile stresses, namely, the one related to the indentation apex and
those through thickness are also observed. It is noteworthy that the elastic strain
energy stored within the coating due to bending is not enough for, upon unloading,
debonding the chromium interlayer from the steel substrate. Instead, as shown in
Fig. 5.15, the energy was released by crack propagation in the carbon lamellae of
the WC–C multilayers, where crack arrest occurred when the system reached equi-
librium (see Fig. 5.15a). The crack propagated normal to the multilayers through
carbon-enriched defects present in the coating, as seen in Fig. 5.15b. These defects
were created either by substrate surface irregularities or simply by the top mor-
phology of the chromium columns. The explanation for crack propagation in the
carbon lamellae (ultimately leading to decohesion) of coated system S2, and not
of system S1, is related to their multilayer microstructure. System S2 has a sharper
interface between the lamellae (in contrast to the rather diffuse one of system S1).
This difference in atomic mixing at the interface (cf. Fig. 5.8) is thought to be
important for crack propagation. Moreover, the existence of an intermediate WC
layer in the coating system S1 proves to be effective in supporting a fraction of the
load and promoting the adhesion between the multilayers and the remaining coat-
ing. The sequence of deformation events occurring during indentation is illustrated
schematically in Fig. 5.16. Initially, only the coating deforms elastic-plastically (as
is confirmed by the initial linear portion of the P − δ2 curve). Hence, the coating is
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FIGURE 5.16. (a) Load–displacement data corresponding to the higher peak loads as
load–displacement squared for system S2. A transition between the different regimes is
observed. (b) Schematic diagram of the indentation-induced cracks in system S2.

deforming in response to the maximum hertz-like shear stress that lies well within
the coating depth. As the shear stress will decrease with depth,64 it is apparent that
the maximum value experienced by the substrate at this load is not high enough
to yield. Beyond A on the P − δ2 curve, the substrate commences to experience a
sufficiently high shear stress for plastic yielding. This requires the coating to flex
and bend to conform to the subsurface deformation. However, the shear stresses
in the coating are only large enough to cause plastic flow in an area immediately
around the axis of the contact and along the indenter edges. At the same time,
as the coating is forced to bent to follow the substrate deformation and pileup,
significant tensile stresses around the outer periphery of the contact zone in an
approximately circular pattern are being generated. This corresponds to the region
A–C on the P − δ2 curve. At a known but slightly variable load, corresponding to
the change in P − δ loading slope (point C), the tensile stress reaches a maximum
value, causing the coating to crack around the indentation periphery, resulting in
an annular crack.

Presumably at this critical load, the tensile stresses beneath the indenter apex
are sufficiently high to onset the crack propagation normal to the coating–substrate
interface (this assumption was confirmed experimentally by cross-sectioning a
200-mN nanoindentation). Increasing the load, the coating still plays some role in
the deformation mechanism until the third regime in the P − δ2 curve is reached.
Beyond that (point B) the coating confined by the annular crack retains only a
small portion of the membrane stresses and the substrate dominates the system
response to deformation. Increased loading causes further annular cracks to occur
as a larger proportion of the coating is bent into the substrate. When the load is
released, the slope of the initially unloading curve is constant due to the elastic
recovery within the indentation. However, during the last stages of unloading
very significant levels of elastic recovery occur, followed by a sudden increase
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of the load at the indenter apex, corresponding to crack propagation inside the
carbon lamellae parallel to the interface. The crack propagation is driven by the
elastic strain energy stored within the coating free from the annular crack, i.e., the
portion of the layer thickness beneath the through-thickness annular crack tip. The
annular crack tip is always deflected outwards from the indentation impression.
The cracks propagate until the system reaches equilibrium, which occurs further
than the position of the annular crack. The nonobservance of coating uplifting for
peak loads above ∼500 mN is thought to be related to the elastic strain energy
stored by bending of the small coating fraction beneath the annular crack tip. This
energy is not enough to overcome the carbon cohesive energy and the energy
necessary to push the coating volume (bounded by the annular crack) upwards.

Previous studies on the mechanical properties of these coated systems65 per-
mitted to conclude that the hardness of WC–C is ∼14 GPa and the effective
Young’s modulus is ∼220 GPa. The good performance of the WC–C multilayers
is attributed to low friction and stress levels offered by their ductility properties.
The carbon lamellae reduce the friction and most likely the surface temperature. On
sliding wear tests the WC–C is eventually consumed, even under mild conditions
and low wear rates, making it an unsuitable choice in tribological applications of
long-term use. Nevertheless, it is beneficial under emergency situations, giving a
low friction coefficient and a relative extensive lifetime.

In this section, the microstructure of WC–C coatings deposited on stainless
steel and tool steel has been revealed. The main characteristics are the following:

� The interfacial region between the crystalline steel substrate and the colum-
nar chromium consists of an amorphous high-atomic-density phase.

� The coating structure is constituted by a body-centered cubic chromium
columnar interlayer, amorphous intermultilayer of WC and carbon, an
amorphous WC layer, and finally the amorphous interlaminar WC–C struc-
ture.

� One of the differences between the coatings is the thickness of a ribbon with
a higher tungsten concentration after the inter-multilayers. This ribbon is
employed to improve the load capacity of the coating.

� Although the coatings are found to be primarily amorphous, crystalline
particles are present, namely, nano-polycrystalline chromium carbides in
the carbon layers of the inter-multilayers, cubic β-WC1−x in the WC in-
terlayer, and clusters of cubic β-WC1−x phase in the WC lamellae of the
interlaminar WC–C.

� Defect structures were generated by the presence of substrate surface ir-
regularities and by the top morphology of the chromium columns. Both
types of defects are mainly composed of carbon. There is evidence that the
presence of a WC interlayer is beneficial for defect truncation because of
the nonexistence of free carbon to stabilize the propagation of the defects.

� Whenever the load–displacement curve shows a discrete change in slope,
annular cracks around the indentation periphery are present.
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� The deformation mechanism of coated systems depends on the substrate
plastic properties. For stainless steel substrates, annular cracks are formed,
while for tool steel, nested cracks are created.

� The nanoindentation response gives accurate information whether or not
the coating has popped-up during unloading.

� The WC–C system responds to the release of the elastic strain energy by
crack propagation in the carbon layers, rather than by interfacial fracture.

� From the microstructural characterization and the mechanical perfor-
mances studied in this section, it can be concluded that the system T1
(cf. Fig. 5.7c) appears to be the most promising for industrial applications.

4. CHARACTERIZATION OF TiN AND TiN–(Ti,Al)N
MULTILAYERS

4.1. Transition Metal Nitrides

Transition metal nitrides have been studied intensively in the last decades due
to their properties and are today widely used. Titanium nitride belongs to the
group of so-called hard refractory metals. They are characterized as having a high
melting point (1500–3400◦C), hardness (20–30 GPa), brittleness, and metallic
conductivity.66 The bonding structure of these hard metals consists of a combi-
nation of localized metal-to-metal and metal-to-nonmetal interactions resembling
both covalent and metallic bonding.67 The metal-to-nonmetal bonding is favored
by the octahedral grouping of the metal atoms around a central carbon or nitrogen
atom; however, the presence of the nonmetal also tends to increase the strength
of metal-to-metal bonds. There also exists an electronic charge transfer from the
metal to the nonmetal atoms, being greater in the nitrides than in the carbides,
i.e., with increasing electronegativity of the nonmetal atom.68 Thus, the bonding
arises from simultaneous contributions of covalent, metallic, and ionic bonding
to the cohesive energy.69 The Ti–N equilibrium phase diagram shows three stable
solid phases. The cubic B1-NaCl crystal structure δ-TiN phase is stable over a
wide composition range (0.6 < N/Ti < 1.2) and the hexagonal α-Ti phase can
dissolve up to 15 at% nitrogen. The ε-Ti2N crystallizes in a tetragonal structure
and exists only at a composition range of 33 at%.66 However, it is the cubic δ-TiN
phase that is mostly used in technological applications. Stoichiometric, as well
as off-stoichiometric, polycrystalline films have been deposited by a variety of
techniques including reactive dc-,70 rf71 magnetron sputtering,72 activated reactive
evaporation,73 and triode ion plating (e-gun) with high plasma density.74 However,
the observed physical properties of these films are reported to vary over orders of
magnitude, depending on both the growth technique and the particular deposition
parameters.

During the last decade there has been an increasing interest in TiN because
of the successful use in a variety of thin film applications. For example, its high
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hardness gives a good resistance to abrasive wear, and the high chemical stability
results in a high resistance to solution wear. Therefore, it is particularly useful
for increasing the wear resistance of high-speed steel cutting tools, punches, and
metal forming components.75,76 In addition, due to the good corrosion and erosion
resistance, relative inertness, high sublimation temperature, and optical and elec-
tronic properties, TiN coatings also have been considered for applications such as
diffusion barriers in microelectronic devices,77 cosmetic gold-colored surfaces,78

and wavelength-selective transparent optical films.79

Even though titanium nitride coatings already have a dominant position, still
considerable efforts are invested in the research and development of multilayer
coatings to further enhance the wear resistance of coated components. By alter-
nately depositing two (or more) chemically and/or mechanically different mate-
rials, the stress concentration and the conditions for crack propagation can be
changed. The multilayer structure may act as a crack inhibitor, thereby increas-
ing the coating fracture resistance. This effect is suggested to result from crack
deflection due to weak interfaces,80 crack tip shielding by plastic deformation in
combination with strong interfaces,81 a favorable residual stress distribution,82 and
crack deflection due to large differences in stiffness between the individual layer
materials.83 Moreover, the properties of the surface can be improved by the depo-
sition of layers that separately have different kinds of effects on the surface, such
as corrosion protection, wear protection, thermal isolation, electrical conductivity,
diffusion barrier, and adhesion to the substrate. Coatings comprising many thin
layers of TiN and (Ti,Al)N) take advantage of the multilayer properties and the
properties of each component. The primary advantage of (Ti,Al)N is its higher ox-
idation resistance at elevated temperatures. TiN oxidizes rapidly at temperatures
above ∼600◦C to form TiO2. Because of the large difference in molar volumes
between the TiO2 and TiN, compressive stresses are developed in the oxide layer,
resulting in its spallation.84 On the other hand (Ti,Al)N forms a dense, highly ad-
hesive Al2O3 layer on top of the coating, protecting it from further oxidation. The
oxide layer has been demonstrated to be effective in decreasing the interdiffusion
of oxygen and aluminum in the coating.85 Accordingly, the diffusion wear, one of
the major wear mechanisms on cutting tools, is reduced. Moreover, its lower ther-
mal conductivity prompts more heat to be dissipated via chip removal, permitting
higher cutting speeds due to lower thermal loading on the substrate.86 Understand-
ing the physical properties, such as the mechanical response, of such complex
inhomogeneous materials requires a detailed knowledge of the microstructure.
This section presents the results of an investigation on TiN and TiN–(Ti,Al)N
multilayers deposited onto stainless steel and tool steel substrates.87,88 Two differ-
ent materials, one cold work tool steel (AISI D2) and the other stainless steel (AISI
304), with dimension 90 × 10 × 1.5 mm were used as substrates for both coatings.
The chemical compositions (other than iron) and hardness of the substrate materi-
als are as follows. For AISI D2 (wt%): 1.55 C, 0.3 Si, 0.4 Mn, 5.8 Cr, 0.8 Mo, 0.8
V, hardness 6.8 GPa; for AISI 304 (wt%): max 0.08 C, 1.0 Si, 19.0 Cr, 2.0 Mn, 10.0
Ni, hardness 1.6 GPa. The tool steel was heat treated and tempered at 520◦C to
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obtain the above-mentioned hardness. All substrates were polished to mirror fin-
ish, corresponding to Ra values of approximately 0.05 µm. Total coating thickness
determination was performed by direct measurements on polished or fractured
cross sections, using SEM. The thickness of the individual layers was measured
on cross-sectional (TEM) specimens. The coatings structure was determined by
XRD measurements in Bragg–Brentano geometry. Microchemical analyses were
performed by energy dispersive spectroscopy (EDS), using the focused electron
probe of a transmission electron microscope. The focused electron probe—having
a nominal probe diameter of 1.0 nm FWHM (full width at half maximum)—was
scanned over the surface of a cross-sectional specimen to obtain the elemental line
profile distribution. The microstructure of the as-deposited coatings was studied
by plan-view and cross-sectional TEM.

Typical XRD diffraction patterns from TiN and TiN–(Ti,Al)N deposited onto
stainless steel and bare substrate showed reflections of the substrate from the α-Fe
and γ -Fe phases. TiN coatings are polycrystalline, exhibiting diffraction peaks
related to cubic δ-TiN phase. However, apparently the peaks have shifted toward
lower diffracting angles with respect to their nominal ASTM positions. In fact, the
interplanar spacing dhkl for the reflecting planes parallel to the surface determined
from the XRD spectra shows, irrespective of the substrate material, higher values
than those for a randomly oriented strain-free standard sample, where d111 =
0.2449 nm. The value obtained for the (111) planes of TiN onto stainless steel
and TiN onto tool steel is 0.2464 and 0.2461 nm, respectively. This indicates
that the coating is in a state of compressive stresses, which is in agreement with
previous results on deposition of TiN. Textural analyses were performed with
I (hkl) values determined from the integrated intensity of each (hkl) reflection and
I0(hkl) values obtained from the JCPDS data of TiN. The outcome revealed that
the homogeneous coating displays a strong preferred (111) orientation parallel to
the substrate surface. The presence of this texture is not surprising, since the (111)
plane in the TiN is the one of lowest strain energy due to anisotropy in Young’s
modulus.89 Therefore, its alignment normal to the growing direction will minimize
the total energy under strain-energy-dominated growth.

The TiN and (Ti,Al)N layers from the multilayer coating also exhibited the
B1-NaCl crystal structure. The (Ti,Al)N peaks are shifted to lower interplanar
spacing values with respect to the TiN peaks. The smaller lattice parameter is due
to the titanium atoms of the TiN lattice being replaced by aluminum atoms. Since
the aluminum atomic radius is smaller than that of Ti, the TiN cell is increasingly
reduced with higher aluminum content until the ratio of Al to Ti exceeds the limit
of approximately 1.1.90 The small difference in interplanar spacing between TiN
and (Ti,Al)N layers makes it very difficult to perform accurate textural analyses
using the same method as for homogeneous TiN. Nevertheless, previous XRD
polar texture scan measurements have demonstrated that both layers are slightly
textured with a (311) preferred orientation.91 As the multilayers were deposited
onto two substrates, the difference in residual stresses made it possible to calculate
the Poisson’s ratio, the stress-free lattice parameter, and consequently, the residual
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TABLE 5.6. Poisson’s Ratio and Lattice
Parameter of TiN and (Ti,Al)N.

Coating � A0 (Å)

TiN 0.232 ± 0.002 4.243 ± 0.001

(Ti,Al)N 0.177 ± 0.003 4.170 ± 0.005

stresses of the individual layers. Tables 5.6 and 5.7 summarize the results on lattice
strain and macrostresses measurements.

4.2. Microstructural Features

Figure 5.17 shows representative scanning electron micrographs of the surface
of TiN and TiN–(Ti,Al)N multilayers. Their topography is typical of ion plating
and sputtering deposition processes.92 The former produces a smoother, shallow
rippled surface, being to a certain extent, independent of the substrate roughness.
The coating surface deposited from the latter process is flatter with fine grains.
However, it memorized the surface topography of the underlying substrate. As can
be seen in Fig. 5.17b the grooves and ridges are still present. Nevertheless, the
surface also displays pronounced macroparticles and pinholes. The macroparti-
cles are due to droplets that were incorporated during growth of the coating, and
pinholes are caused by their debonding. Figure 5.18 displays the TiN–(Ti,Al)N
multilayer tilted at approximately 20◦ to the plane of the surface to obtain infor-
mation from both the surface and the cross section of the macroparticle and the
pinhole. The macroparticles are uniformly distributed with an average diameter
〈d〉 ranging from tens of nanometer to a few micrometers. They are loosely bonded
to the multilayer, as demonstrated by the crack at the rim and the morphology of
the pinhole surface, which is similar to the coatings surface. Both coatings have
a total thickness close to 5.0 µm, and no difference between the ones deposited
on tool steel and stainless steel substrates could be discerned. Figure 5.19 shows a
polished cross-sectional scanning electron micrograph of the multilayer obtained
with a BSE detector, to emphasize the dissimilarity between TiN and (Ti,Al)N.
TiN produces more BSEs and is therefore displayed as layers with brighter con-
trast. Although the multilayer had been defined as a stacking of TiN and (Ti,Al)N

TABLE 5.7. Residual Stresses (Gpa), with E = 450 GPa.

Multilayer

Substrate TiN TiN (Ti,Al)N

Stainless steel –5.6 ± 0.1 –10.1 ± 0.3 –4.2 ± 0.2
Tool steel –4.2 ± 0.2 –8.0 ± 0.4 –2.7 ± 0.1
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(a) (b)

FIGURE 5.17. Plan-view scanning electron micrographs displaying the surface morphol-
ogy of (a) monolayer TiN and (b) multilayer TiN–(Ti,Al)N deposited onto tool steel
substrate.

layers, the polished micrograph and TEM studies (see below) displayed their real
structure, which consisted of a TiN interfacial layer and a periodical structure
with the following sequence: (Ti,Al)N–(TiN–(Ti,Al)N), i.e., the multilayer was
composed of (Ti,Al)N layers and a superlattice of TiN and (Ti,Al)N, and finally of
a thick (Ti,Al)N top layer. This design takes advantage of the superior properties

FIGURE 5.18. Scanning electron micrographs of the multilayer. Plan-view showing de-
tails from both the macroparticle and the pinhole. The sample is tilted at approximately
20◦.
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FIGURE 5.19. Cross-sectional backscattered scanning electron micrograph of the multi-
layers showing their structure and the distortion caused by droplets and substrate surface
irregularities.

of each constituent. TiN provides the enhanced adhesion between the coating and
the substrate, which can be jeopardized if aluminum is present, because of its high
oxygen affinity. (Ti,Al)N protects the system from oxidation, because it has an
improved resistance at a higher temperature than TiN.

The microstructure of the coatings was investigated using TEM.
Figure 5.20a,b are plan-view TEM images taken near the coating surface, and
Fig. 5.20c,d are the corresponding SAED patterns. Both samples are polycrys-
talline, with grain boundaries free of intergranular porosity and cracks. This feature
sometimes made the grain boundaries difficult to observe. Therefore, one had to
be careful in distinguishing large grains from clusters of extremely fine grains in
close crystallographic orientation. Moreover, as one column might have consisted
of several grains or subgrains, the grain size was often smaller than the column
width. A high density of defects (dislocations) within the individual grains was
also evident.

Moiré fringes from the monolayer TiN are clearly visible. Because they re-
sulted from destructive interference of diffracted waves due to overlapping grains,
it indicated that the TiN had a fibrous structure rather than columnar. The grain
size distribution is homogeneous with an average size 〈d〉 of 50 nm. This small
grain size is related to ion bombardment during film growth, which is known
to create many radiation-induced defects in the growing film.93 The defect den-
sity is sufficiently large to disrupt the columnar structure in such a way that new
columns were nucleated periodically causing the suppression of large grains. The
multilayer exhibited coarse moiré fringes. This effect is primarily due to the beam
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(a) (b)

(c) (d)

FIGURE 5.20. Plan-view TEM images near the coating surface. (a) and (b) are bright-field
images of the monolayer and the multilayer, respectively. The electron diffraction patterns
of the corresponding coatings are displayed in (c) and (d).

interference from the gratings of both layers—which have a lattice mismatch of
1.6%—when they are misoriented with respect to each other over a small angle.
Nevertheless, although to a lesser extent than the monolayer, there are also moiré
fringes produced from the overlap of columnar grains. In this case, the average
grain size 〈d〉 is approximately 100 nm.

The SAED patterns in Fig. 5.20c,d correspond to the B1-NaCl structure. The
diffraction rings from the multilayers are broader, resulting from the superposition
of reflections from TiN and (Ti,Al)N, where the latter has a slightly reduced lattice
parameter. Also, the more diffuse diffraction rings of the monolayer, in contrast
to the dotted rings of the multilayers, confirms the relatively finer grain sizes and
indicates a poorer crystalline perfection, i.e., the lattice distortion is retained.94

Cross-sectional TEM images provided a more detailed picture of the
microstructure and evolution of the layers from the interface to the outer surface,
as is shown in Fig. 5.21a,b. The monolayer has a dense fibrous structure typical
of the zone T according to the zone classification proposed by Thornton.95 This
structure results from the ion-induced defects, such as point defect clusters
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(a) (b)

FIGURE 5.21. Cross-sectional TEM images showing the near-interface microstructure of
(a) monolayer and (b) multilayer deposited onto stainless steel substrates. The coating–
substrate interface is indicated by the arrows.

and small dislocation loops being trapped in the film, hence leading to a
continuous renucleation of new grains during growth that disrupts the columnar
microstructure. Thus, only a very few columns (or grains) extend through the
whole coating thickness. The average column diameter is rather difficult to
calculate due to their twisted nature. However, it is estimated to be approximately
50 nm. The multilayer has a more pronounced columnar microstructure, with
an average column diameter increasing with film thickness from ∼80 nm at the
coating–substrate interface up to ∼150 nm at the top of the film. This indicates
a continuous competition for growth among evolving columns.

From HRTEM it is observed that the monolayer–substrate interface is formed
by an amorphous interfacial region of approximately 2 nm wherein the fibrous
structure was nucleated. The columns formed in the nucleation and coalescence
stages faced severe competition from the others for survival. However, above this
region (∼140 nm) of tangled columns and, in some cases oversized grains, the
fibrous microstructure became more uniform. This nucleation mode is commonly
observed for TiN grown on stainless steel substrate, due to its lack of carbides
and a large lattice mismatch between the TiN and steel substrate.96 On the other
hand, the multilayer has an abrupt interface between the TiN interlayer and the
substrate. Their deposition process resulted in larger initial nuclei with a more
homogeneous size, which led to the formation of wider, more uniformly sized
columns that extended throughout the entire coating. The dark contrast observed
on both samples below the film–substrate interface is due to strain fields. They
are associated with defects within the matrix of the substrate grains induced by
residual radiation damage as a result of intense ion irradiation during ion etching.
The multilayer composition was determined by an EDS line profile, using the
Kα lines for the measured intensity of titanium, aluminum, and nitrogen. The
sensitivity factors were calculated using the theoretical cross-section method of
Zaluzec, which gave the most reliable values. However, it should be emphasized
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FIGURE 5.22. EDS line profile across the (Ti,Al)N layer and the superlattice. Positions
where data are taken are indicated in the TEM image. The nominal probe diameter was
1 nm and the spot acquisition time 30 s.

that the concentrations presented in Fig. 5.22 are considered to be semiquantitative
because no standards were used for calibration. The positions where the data were
taken are indicated in the TEM image. The results of the analysis showed that
the layers were near-stoichiometric with respect to nitrogen (i.e., Ti–N ≈ 1:1 and
(Ti,Al)–N ≈ 1:1), and that the (Ti,Al)N layers of the superlattice have practically
the same composition as the thicker layer. Moreover, it is also possible to confirm
that when the Vegard’s rule is applied to thin films deposited under nonequilibrium
conditions, it might lead to inaccuracies in the estimation of the composition.
In this particular case, the Al concentration found was too low. The undulation
observed on the superlattice (cf. Fig. 5.21b) corresponds to the evolution of the
columnar growth surfaces, which remarkably remained continuous across the grain
boundaries. Their compositional modulation was measured to be Λ = 21 nm, and
found to be constant throughout the film.

The ratio between the TiN layer thickness and the periodicity of the superlat-
tice was found to be regular, with a value of approximately 0.46. Still, occasionally
the first layer of the superlattice was thicker than expected, which can be related
to instabilities in the activation of the superlattice deposition.

4.3. Formation and Microstructure of Macroparticles

The presence of macroparticles in the multilayer is considered as a drawback for
the type of applications these coatings are designed for. Their incorporation alters
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FIGURE 5.23. Cross-sectional scanning electron micrograph of the multilayers showing
the morphology of a typical macroparticle.

significantly the surface morphology and roughness, changing the real contact
area and thus the friction and wear. Additionally, the pinholes created by their
debonding have a deleterious effect on the erosion and corrosion resistance of the
coatings, by exposing the multilayer structure to the elements. Their morphology
is revealed by a fractured cross-sectional scanning electron micrograph containing
a typical macroparticle, shown in Fig. 5.23. The macroparticles originated from
the incorporation of droplets with 〈d〉 ≈ 1 µm during the film growth. The height
above the surrounding coating surface is similar to the droplet diameter, indicating
that the net deposition on top of the droplet did not differ significantly from the
flat surface. For droplets with a 〈d〉 smaller than 200 nm the subsequent coating
deposition covers and buries them, leading to an undistorted surface. However,
the columnar structure on top of the droplets is very pronounced with underdense
boundaries to the bulk coating and often displaying a diameter as large as the
droplet diameter.

All droplets analyzed are incorporated in the multilayer during the TiN growth
and are never directly deposited on the steel substrate. Therefore, possible forma-
tion during the cleaning and heating stages before coating deposition, as it happens
whenever cathodic-arc ion etching is used, was unlikely.97

From SAED patterns and EFTEM it is possible to identify the phase of the
droplets and hence their nature. Figure 5.24a is a typical plan-view TEM image
taken from a region inside of the coating showing a horizontal cross section of
a droplet. The droplet has a lower defect density compared to the bulk coating,
and consists of a core-shell structure with a few equiaxed grains and a rim with a
microstructure different from the central area. Further, it is surrounded by a voided
region attesting the weak bonding to the multilayer coating. The SAED patterns
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(a) (b) (c)

FIGURE 5.24. Plan-view TEM image of a droplet incorporated in the multilayer: (a) bright-
field image; (b) SAED pattern of the droplet core showing the diffraction spots from 	-Ti
phase along the [01 1̄0] zone axis; (c) energy-filtering transmission electron microscopy
(EFTEM) image constructed from the ratio of nitrogen and titanium elemental maps.

from the central area of the droplet are taken along different zone axis, permitting
the identification of the core as having the hcp structure of α-Ti. As an example,
Fig. 5.24b shows the SAED taken along the [011̄0] zone axis of α-Ti. The electron
energy loss spectroscopy (EELS) spectra of the core of the droplet displays only
the Ti L23-edge located at 456 eV, giving no indication on the presence of nitrogen,
whose detection limit is about 3 at%. In contrast, the spectra of the rim of the droplet
displays the Ti L23-edge and also the N K-edge located at 401 eV. Figure 5.24c
is a plan-view EFTEM image showing the droplet and the surrounding coating
obtained by computing the ratio of nitrogen and titanium elemental distribution
images and taking into account their partial ionization cross sections. The results
show that the droplet is formed by a Ti core encircled by a TiN layer, in which the
nitrogen had the same intensity as in the bulk coating.

To cross-check its nature, orientation imaging microscopy,98 a technique that
permits to obtain Kikuchi diffraction patterns from a sample, was utilized on
droplets viewed in cross section. The outcome was a Kikuchi pattern that agreed
with the SAED patterns obtained.

The near-spherical bottom shape and the voided boundary region formed
beneath the droplets (cf. Fig. 5.23) suggested that even if they have left the target
surface in the liquid state due to a local temperature higher than the melting point
of Ti (1668◦C),14,99 they had solidified en route to the film surface. The formation
of the thin TiN layer on the surface of the droplets occurred upon their emission
from the target and migration to the film by reacting with the ionized titanium
and nitrogen particles. Ljungcrantz et al.100 estimated the mean diffusion distance
of N into the α-Ti phase, and concluded that a diffusion of 30 nm at Ts for 1 h
during growth could be achieved. The voids observed beneath the droplets were
a result of the shadowing effect of the incoming atomic flux in combination with
the limited adatom mobility. This reduced adhesion of the droplets combined with
the developing compressive stresses of the multilayer during cooling from the
deposition temperature triggered the removal of the ones close to the surface.
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(a) (b)

(c) (d)

FIGURE 5.25. Nanoindentation load–displacement curves showing different characteris-
tic features observed in the response of substrates, TiN-, and TiN–(Ti,Al)N-coated systems:
(a) behavior of steel substrates for peak load of 500 mN; (b) overlapping curves of the TiN-
coated systems with two different tool steel substrates (50 HRC and 60 HRC) at peak load
of 200 mN; (c) load–displacement curves of the substrate and “interfacial” nanoinden-
tations at 50 mN peak load; (d) load–displacement curve of TiN–(Ti,Al)N-coated system
exhibiting a discrete displacement discontinuities produced by crack propagation in the
coating.

4.4. Nanoindentation Response

The load–displacement curves of steel substrates are shown in Fig. 5.25a. The
behavior is typical of a ductile, plastic material, i.e., like most metals. The loading
curves are approximately parabolic and the unloading segments are very abrupt.
This indicates that the elastic strains during indentation are small compared with
the plastic strains, resulting in a little elastic recovery of the indentation depth.
Plastic deformation is evident even at lower loads, being more pronounced on
AISI 304 stainless steel due to its higher ductility.

Evaluating the response of coated systems with respect to the substrate en-
ables one to highlight the properties of the coating itself. Figure 5.25b shows
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typical load–displacements curves of TiN deposited onto tool steel substrates. In
contrast to the substrates, the load–displacement curves of the coated systems
exhibit increased amounts of elastic recovery on unloading, establishing that a
higher proportion of the deformation is accommodated elastically. When these
coated systems are compared at higher peak loads (note that the overall indenter
displacement is still small compared with the coating thickness) the difference in
percentage of elastic recovery is more pronounced. Also, the fact that the system
with the softer substrate displays a smaller percentage of elastic recovery leads to
the conclusion that the relative contribution of the coating to the system response
is less. On the other hand, at low peak loads the influence of the substrate is very
reduced, as can be seen by the similar maximum displacement of both curves.
It indicates that at this contact load regime, the response of the system depends
primarily on the ability of the coating to support the load.

The influence of the interfacial region, and hence an indication of the interfa-
cial adhesion, is displayed in Fig. 5.25c. It shows the load–displacement curve of
a nanoindentation at the interface by cross-sectioning the TiN coated system, and
for comparison, the load–displacement curve of the substrate. The correspond-
ing indentation impressions are presented by scanning electron micrographs in
Fig. 5.26.

For the same peak load, the “interfacial” load–displacement curve exhibits a
smaller indenter penetration than the substrate. Also, at the final stages of unload-
ing, the interfacial curve becomes less steep, indicating a larger fraction of elastic
recovery. Thus, even when nanoindentation is performed only with one side of
the indenter penetrating the coating, it is possible to see the influence of the coat-
ing on the system. The load–displacement curve of TiN–(Ti,Al)N onto stainless
steel is shown in Fig. 5.25d. The loading curve displays several steps or pop-in

(a) (b)

FIGURE 5.26. Scanning electron micrographs showing the indentation impression on
the TiN-coated system: (a) 50-mN nanoindentation performed on cross-sectional sample
at the coating–substrate interface. Note that actually only one of the indenter vertices
penetrates the coating. (b) 200-mN nanoindentation performed on plan-view sample.
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(a)

(b)

(c)

FIGURE 5.27. (a) TEM bright-field image of a cross section of a 50-mN indent on TiN–
(Ti,Al)N deposited on tool steel; (b) Selected-area diffraction pattern showing the tilt of
crystallographic planes under the indenter tip; (c) Selected-area diffraction pattern away
from the indenter for comparison with (b).

events. Such sudden forward displacements without any increase in applied load
are correlated with nested cracks in the indentation profile, relaxing locally any
membrane or residual stresses.101,102 Their occurrence indicates that the multilayer
had stretched as the substrate yielded and plastically deformed to accommodate
the indenter displacements.

The deformation mechanisms of the multilayers have been explored by cross-
sectioning indents with different peak loads and observing the deformed regions
by TEM. Figure 5.27a–c shows TEM bright field image and diffraction patterns of
a 50-mN indent made on TiN–(Ti,Al)N multilayers grown on tool steel. From Fig.
5.27a, it can be seen that the columnar grains are bent at the edges of the indent, and
cracking at their boundaries has occurred. Nevertheless, the multilayer stacking
has not been disrupted, indicating that most of the deformation is accommodated
by the TiAlN top layer in the region immediately under the indent. The layer has
accommodated the surface displacement by rotation of the crystallographic planes
under the indent tip. This is confirmed with the diffraction pattern in Fig. 5.27b,
taken under the indent tip, which shows streaking of the diffraction spots due to
tilting of the crystallographic planes (compare with the diffraction pattern taken
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FIGURE 5.28. TEM bright-field image of a cross section of a 450-mN indent displaying
the indentation fracture modes of the multilayers.

away from the indent in Fig. 5.27c). The phenomenon of rotation of the crys-
tallographic planes can be interpreted as a means for plastic yield of the TiAlN
layer. At higher loads the dominant mode of deformation of the coatings on steels
substrate is by a membrane type of stretching induced by plastic deformation of
the substrate.103 Additional bending effects are also observed for the surface layer
at the edges of the impression. Both mechanisms produce cracking: the former
from the interface toward the free surface, and the latter on the free surface near
the periphery of the impression through the coating thickness.

The observations permitted to conclude that the indentation fracture of the
multilayers occurred by multiple cracking initiated at different sites and propagat-
ing in different directions, as seen in Fig. 5.28. Nevertheless, the cracking may
be divided roughly into four categories: shear steps, edge cracks, cracks from
interface, and lateral cracks.

The shear steps run parallel to the indenter edges. While they have the ap-
pearance of opening mode cracks from cross section, it is observed that there is
a major component of shear. The tangential traction on the surface opens up the
discontinuities as shear steps, where the scale of damage (i.e., crack spacing) is
similar to that of the columnar spacing (∼100 nm). The fact that these steps are in a
zone of high compressive (radial and hydrostatic) stress rules out any mode I open-
ing and extension below the surface. The edge cracks or circumferential cracks,
depending on pileup or sink-in deformation mode, do not run completely through
the coating thickness and have the tendency to deviate, when subsurface, away
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from the thickness direction. Cracking from the interface is the most important
fracture mode as far as crack length is concerned. They initiate at the interface dur-
ing loading and move toward the surface due to stretching of the multilayer as the
underlying substrate plastically deforms. The propagation occurs at the columnar
grain boundaries by shear sliding deformation and ceases as it approaches the zone
of compression, which exists near the top surface of the impression. This process
might be particularly effective for strain energy dissipation, hence avoiding prema-
ture failure by tensile cracks. Their occurrence has been associated with the steps
observed in the load–displacement curve (cf. Fig. 5.26d). Therefore, it appears that
the first pop-in event is caused by the onset of plastic flow in the stainless steel
substrate. This reasoning is in line with the commonly used rule of thumb, where
the properties of the “film-only” are measured for indentation depths less than 10%
of film thickness, since the first pop-in event is at a depth at which the substrate
plays a considerable role in the system deformation behavior. The lateral cracks
are located below the indentation impression. They are thought to originate on
unloading of the indentation cycle, and tend to propagate approximately parallel
to the layers releasing the elastic strain energy stored during bending. The ineffi-
ciency of the interfaces of the multilayer in obstructing or deflecting the cracking
during unload of the indenter is suggested to be related to the reduced lattice mis-
match between the layers and the small variation of the chemical composition
across the interface. Thus, it is not surprising to observe transgranular cracking
across several columnar grains, being deflected only when intersecting an existing
columnar shear crack. The deleterious effect of the droplets incorporated in the
multilayer could be observed when they were present underneath an indentation
impression. The weak columnar boundaries of the macroparticle and the voided
region beneath the droplet acted as preferential sites for crack nucleation and prop-
agation during the unloading of the indent. Remarkably, interfacial delamination,
a common mode of failure for many coating–substrate combinations, was not ob-
served, attesting the strong bonding between the interfacial layer and the steel
substrate.

The systems are plotted in Fig. 5.29 as a function of the displacement nor-
malized to the coating thickness. The increase in hardness observed for shallow
displacements is thought to result from uncertainties in the tip end-shape calibra-
tion, whereas the larger scatter is primarily due to the surface roughness of the as-
deposited coatings. For penetration depths in the order of few hundred nanometers
the influence of the substrate on the composite hardness values is much reduced.
The hardness of the multilayers at low displacements is slightly higher than for
the monolayer. This effect might be related to a hardening effect caused by the
large number of interfaces parallel to the substrate surface. By assuming that at
an indenter penetration of 200 nm the influence of both tip-shape irregularities
(the tip radius is 40–50 nm) and substrate (penetration depth less than one tenth
of coating thickness) are negligible, it is possible to estimate the coating hardness.
Thus, the TiN and the TiN–(Ti,Al)N multilayers have a hardness of the order of
31 and 34 GPa, respectively.
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FIGURE 5.29. Mean hardness values as a function of the normalized indentation depth
of the homogeneous TiN and the TiN–(Ti,Al)N multilayers onto steel substrates. The data
were derived utilizing the continuous stiffness option.

When the hardness values obtained with the nanoindenter and Vickers104are
correlated, it is possible to draw the following conclusions: At displacements cor-
responding to the coating thickness, the coating basically behaves as a cap on the
tip of the indenter transmitting the applied load to the substrate; for lower displace-
ments the coating properties commence to come into sight; and at displacements of
the order of one tenth of the coating thickness the influence of substrate hardness
is barely detectable. Figure 5.30 shows the mean effective Young’s modulus as a
function of normalized indenter displacement for TiN and TiN–(Ti,Al)N multi-
layer coated systems. The values were also derived from the continuous stiffness
measurements. The effective modulus values decrease markedly with the increas-
ing displacement into the coated system. The substrate influence is observed at
smaller penetration depths because the long-range component of the elastic field
starts extending rather earlier into the less compliant substrate.

Bare substrates were submitted to rolling contact fatigue tests under the same
applied load as the coated ones, and no pitting or spalling of the bulk materials
had occurred.105 Therefore, this experimental method seems to be reliable for the
determination of the cyclic bond strength of coated systems. Considerable dispar-
ity in fatigue durability is found among systems with different substrate surface
finishing and roughness.106 Therefore, the dependence of rolling contact fatigue on
the pretreatment and surface roughness has been revealed. A finer polished surface
is associated with longer lifetime. The major failure mode of coated systems under
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FIGURE 5.30. Mean effective Young’s modulus values as a function of the normalized
indentation depth of the homogeneous TiN and the TiN–(Ti,Al)N multilayers onto steel
substrates. The data were derived utilizing the continuous stiffness option.

the present testing conditions is initiated at the interface region, indicating that the
fatigue lifetime is very sensitive to the interfacial bonding strength. In the present
study the lifetime of coated system with 60 HRC is longer than with the 50 HRC
substrate. The coated system can improve the lifetime in rolling contact only if
the substrate is hard enough to carry the load. Otherwise, plastic or elastic defor-
mation will take place in the substrate under the contact and failure of the coated
system occurs by fracture both in the coating and in the substrate. The failure
mechanism of the TiN–(Ti,Al)N multilayers is similar to that of the homogeneous
TiN.

In this section the mechanical properties of homogeneous TiN and TiN–
(Ti,Al)N multilayers have been evaluated. The main conclusions are the following:
The TiN and TiN–(Ti,Al)N multilayers investigated have a fibrous and columnar
microstructure, respectively. The former is highly (111) textured with compressive
stresses in the order of 4–5 GPa. The latter is slightly (311) textured each component
having different compressive stresses, being 3–4 GPa for the (Ti,Al)N layer and
8–10 GPa for the TiN layer. There is also a compressive stress dependency on
the type of substrate material, due to the thermal mismatch. The TiN–(Ti,Al)N
multilayers are composed of (Ti,Al)N layers and a superlattice of TiN and (Ti,Al)N
with a periodicity of 200 nm. The compositional modulation within the superlattice
itself is 21 nm. Both materials have crystallized in a face-centered cubic B1-NaCl
structure. The lattice parameter of (Ti,Al)N was slightly reduced with respect to
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TiN due to the smaller atomic radius of aluminum atoms. The microstructure and
composition of micrometer-sized droplets incorporated in the multilayers during
deposition of TiN material were examined. It was demonstrated that they were
incorporated in the solid state during deposition of the TiN material, and that they
were weakly bonded to the bulk coating. The droplets were formed by a core
structure with few equiaxed grains having the α-Ti phase and a rim of a thin TiN
layer exhibiting a gradient in defect density. This could be explained as the effect
of nitrogen diffusion into the core of the droplet both during the route to the film
and at the growing film surface. Voided regions were always observed beneath
the droplets as a consequence of shadowing of the atomic flux. Their reduced
adhesion prompted the removal of the ones close to the surface, leaving craters
behind with exposed multilayer. Two regimes of crack propagation were found
in the microindentation experiments. The transition depends on the indentation
depth rather than on the load applied. The hardness and Young’s modulus of
TiN and TiN–(Ti,Al)N multilayers are estimated using the continuous stiffness
option provided with the nanoindenter. The hardness and Young’s modulus of the
former is 31 and 570 GPa, respectively, whereas for the latter is 34 and 640 GPa,
respectively.

5. OUTLOOK

The main emphasis of microscopy lies in determining the structure–property re-
lationship, so as to bridge the length-scale gap between atomic structures and
macroscopic properties involved in the study of the stability of coatings. The basic
philosophy should be that depending on the coating property one wishes to inves-
tigate, it is necessary to consider the appropriate length scale where the relevant
processes take place. The challenging part of this rather mesoscopic approach is
of course to define the physical basis at the various length scales and the corre-
sponding transitions involved. Besides the fundamental reason mentioned in the
introduction, one should realize that a quantitative electron microscopy evalua-
tion of the structure–property relationship is also hampered by practical reasons,
namely, because of statistics. This is not specific, of course, to coating systems.
The metrological considerations of quantitative electron microscopy from crys-
talline materials have been summarized in Refs. 107–109, one of which is the
statistical significance of the electron microscopy observations. In particular, in
situations where there is only a small volume fraction of defects present, or a very
inhomogeneous distribution, statistical sampling may be a problem. Hence, in the
case of nano-sized particulates of the order of 10 nm and a volume fraction of
the order of 1%, it is necessary to view a volume of 10−20 m3. At smaller sizes
and 50% volume fraction, a volume of 10−21 m3 has to be investigated. In the
case of interfaces, one should be aware of these aspects of quantitative metrology
with electron microscopy. For example, to support or reject various models on
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the structure–property relationship, for example, to determine the relationship
between impurity segregation and interface structure, it is necessary to measure
the boundary misorientation at very high precision, and they should be all aligned
parallel to the electron beam for an effective quantitative analysis with electron mi-
croscopy. This is almost virtually impossible and only qualitative conclusions can
be drawn. All these points are, in particular, relevant in the field of wear-resistant
coatings. One recent breakthrough is superhard materials, where hardness is dra-
matically increased by using superlattice and amorphous/crystalline composite
structures.110−112 These structures were designed on a nanometer level to pre-
vent operation of dislocation sources, restrain existing dislocations in adjusted
nanolayers (or phases) with different elastic constants, and build-up material vol-
ume energy from grain boundary incoherence strains. While superhard coatings
are very important for protection of cutting tools, most tribological applications
require tough and low-friction coatings. A material is generally considered tough
if it withstands high levels of loading (tensile, compressive, shear, etc.) and can dis-
sipate strain energy without brittle fracture. A supertough coating must have high
elastic modulus and high hardness, as well as permit strain relaxation and crack
termination. For materials used to prevent wear, there are additional requirements
due to the nature of loading. A wear-resistant coating must support high loads
in sliding or rolling contact without failure by wear, cohesive fracture, or loss of
adhesion at the substrate interface. Most frequently, a low friction coefficient is re-
quired, which helps to reduce friction losses and increases load-support capability.
The later is clear from the fact that typical coating failures (deformations, cracks,
delaminations, etc.) are caused by the tangential stress, which is proportional to
the contact load through the friction coefficient. Finally, chemical and thermal
stability are required to limit tribochemical reactions with the counterpart and the
environment.

The development of tough wear-resistant coatings is quite a challenging task,
requiring considerations of substrate materials, loading schemes, operational en-
vironment, tribochemical reactions, etc. Consequently, coatings must be tailored
to more or less defined applications; so, currently there is no “universal” coat-
ing. Progress toward a “universal” coating can be made by developing materials
that adapt their chemistry, mechanical characteristics, and tribological properties
to the operating environment, temperature, and magnitude of loading. Recently,
novel wear-resistant materials were developed, which combine nanocrystalline
carbides (TiC, WC), dichalcogenides (MoS2, WS2), and amorphous DLC into
nanocomposite structures. The surface chemistry, structure, and mechanical be-
havior of these nanocomposite materials can change reversibly in the tribological
contact as a function of applied loads and operational environment, to maintain
good friction and avoid wear. Such adaptive behavior has drawn an analogy to
“chameleons” that change their color to match the environment. The following
concepts were suggested for supertough nanocomposite structures113 (see also
discussion in Chapter 1):
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(i) Combine crystalline carbide and amorphous DLC with high elastic mod-
ulus to achieve correspondingly high hardness.

(ii) Maintain nanocrystalline grain sizes at the 10–20-nm level to restrict
initial crack size and create a large volume fraction of grain boundaries.

(iii) Separate the nanograins within an amorphous matrix of thickness above
2 nm to prevent interaction of atomic planes in the adjusted nanocrys-
talline grains and facilitate grain boundary sliding, but less than 10 nm to
restrict the path of a straight crack.

(iv) Produce nanocrystalline grains with random orientation (high-angle grain
boundaries) to minimize grain incoherence strain and facilitate grain
boundary sliding.

(v) Release “overlimit” strain by grain boundary sliding at loads exceeding
the composite elastic strength, providing hard or ductile behavior depend-
ing on the load.

(vi) Terminate nanocracks by deflection at grain boundaries and by energy
loss within the amorphous matrix.

Such nanocomposite coatings with supertoughness, exceptional wear resis-
tance, environmental stability, and low friction characteristics have been explored
on the systems consisting of hard nanocrystalline carbide and amorphous DLC
phases.114 Hydrogen-free DLC is selected as a matrix material because it is amor-
phous, has very high hardness, high elastic modulus, low friction in humid ambient
environments, and low wear.115 Supertoughness is expected to be achieved by strain
release via nanograined carbides sliding in the DLC matrix. Figure 5.31 shows an
example of nc-TiC/a-C nanocomposite coatings where TiC nanocrystallites of
5-nm size are well separated by the matrix of amorphous carbon.

By changing deposition parameters, for instance using different levels of ion
bombardment, it is possible to precisely control not only the chemistry but also the
structure of both the amorphous DLC phase and the nanocrystalline TiC phase.
Figure 5.32 demonstrates another nc-TiC/a-C coating where TiC nanoparticles and
clusters of 10–20-nm size are embedded in an a-C matrix, with grain boundary sep-
aration of about 5 nm. Energy-filtered TEM observations, as seen in Fig. 5.33, more
clearly reveal the distribution of the a-C matrix as well as the TiC nanoparticles.

Although direct structural observations in interface structures have become
possible with the advent of HRTEM, the necessary chemical information at an
atomic level is still missing. A field ion microscopy-imaging atom probe may
be the answer to acquiring this information116−118 but recent developments also
point toward the exploration of an ultrahigh-resolution FEG transmission elec-
tron microscope with an EDS (energy-dispersive spectrometry; analysis probe of
less than 0.5-nm diameter). In contrast to UHV-SAM (ultrahigh vacuum-scanning
Auger microscopy), the FEG-HRTEM is capable of measuring segregation to
boundaries without the necessity of the boundary first undergoing an intergranular
fracture; therefore, segregation measurements can be made in samples that are
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(a) (b)

(c) (d)

FIGURE 5.31. (a) Fractured cross section (SEM) of an nc-TiC/a-C nanocomposite coating
(hardness = 28 GPa, E = 263 GPa) deposited on Si-wafer; (b) TEM image of the overall
distribution of dark TiC nanocrystallites; (c) HRTEM image showing TiC nanocrystallites
of 5-nm size embedded in a-C matrix; and (d) electron diffraction pattern of the coating—
TiC crystals are detected.

not susceptible to such fracture. Furthermore, even if a sample is susceptible
to intergranular fracture, the FEG-HRTEM can measure segregation to various
boundaries, not just to those which fracture, which might not be representative of
all boundaries in the metal. In particular for oxides, semiconductors, and metals
on ceramic supports, high-resolution STEM is available with an annular detector
allowing incoherent imaging at atomic resolution, the contrast of which strongly
depends on the atomic number (Z-contrast).119−121 As incoherent imaging has
no phase problem, these Z-contrast images may be directly inverted to yield the
projected atomic positions. As in transmission electron microscopes, the more re-
cently commercially available scanning electron microscopes are also equipped
with a field emission gun. Equally, the high brightness and spatial coherence make
these sources excellent for use in high-resolution scanning electron microscopes.
The penetration depth of the high-energy electrons will cause the electrons to be
trapped in the material. When studying conducting materials, the electrons will be
transported away from the point of incidence. However, if the specimen is a non-
conducting material (ceramic coatings), the excess electrons will cause charging
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FIGURE 5.32. (a) HRTEM image of the nanostructure of another nc-TiC/a-C nanocompos-
ite coating (hardness = 32.5 GPa, E = 301 GPa). TiC particles/clusters of size 10–20 nm are
present. Magnified image to show a (b) large TiC particle and (c) cluster of TiC particles
(d) surrounded by a-C.

of the surface. The electrostatic charge on the surface deflects the incoming elec-
trons, giving rise to a distortion of the image. In order to reduce surface-charging
effects, it is common practice to sputter a conducting layer of metal, with typical
thickness of 10 nm, onto the surface. This layer will transport the excess electrons,
reducing the negative charging effects. However, a negative effect of the sputtered
layers is that it may diminish the resolving power of the microscope, because to-
pographical information is no longer gained from the surface of the material, but
from the sputtered layer. A more recent approach to minimize charging effects is
to balance the incoming and emitted electron current, in which the energy of the
primary beam is usually chosen to be 2–3 kV. A conducting layer is no longer re-
quired, and the balancing of the electron yield prevents the surface from charging.
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FIGURE 5.33. (a) Zero-loss image of the coating in Fig. 5.32; TiC particles are visible as
dark spots for diffraction contrast. (b) Ti jump ratio image from the same area, showing
that large TiC particles and clusters are formed. (c) C jump ratio image showing that 	-C
surrounds the TiC clusters.

However, charging of the surface is not the only factor determining the resolution
of a scanning electron microscope. The width of the electron beam is also an im-
portant factor for the lateral resolution. A narrow electron beam results in a high
resolution. The spot size, however, is a function of the accelerating voltage. The
broadening of the spot size is the sum of broadening due to several processes. The
first contributor is the beam itself, the brightness of the source, the beam current,
and its divergence angle; the second is the contribution due to diffraction of the
electrons of a particular wavelength by the size of the final aperture; and finally,
broadening is caused by chromatic and spherical aberrations. In order to achieve
the smallest spot size, all contributions should be as small as possible. Decreasing
the accelerating voltage will not only cause the wavelength of the electrons to
increase, but the chromatic aberration Cc also increases, resulting in an increase
in the spot size and, as a consequence, a decrease in resolving power of the micro-
scope. A field emission gun has a very high brightness, reducing the contribution
in broadening due to the beam itself. The energy spread in the electron energies is
also small. This, together with the fact that the coefficient of spherical aberration
and Cc can be reduced by optimizing the lenses for low-energy electrons, pro-
vides the FEG low-voltage scanning electron microscope with very high resolving
power. Recently, a resolution of 1.5 nm at l–3 kV can be attained in an FEG-SEM
equipped with a backscattering Kikuchi diffraction detector.122Although conven-
tional scanning electron microscopes (CSEMs) have superior resolution, depth of
field, and microanalytic capabilities, they also possess a number of limitations
because a high vacuum must be maintained in the sample chamber. The column
requires a high vacuum in order to generate and focus the electron beam. The sam-
ple chamber also requires a high vacuum to permit the use of available secondary
electron detectors. The latter, used in most conventional SEMs is known as the
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Everhart–Thornley (ET) detector (named after its inventors). Like other secondary
electron detectors, it uses a positive bias of a few hundred volts to attract the low-
energy secondary electrons and to increase its collection efficiency. Because of its
exposed high-voltage elements, an ET detector can only function in a high-vacuum
environment. In a gas environment, it too will arc, often damaging or destroying
itself in the process. There are two key technologies that differentiate the so-called
environmental scanning electron microscope (ESEM) from all other SEMs.123,124

The first is its multiple aperture, graduated vacuum system. This system maintains
a very high vacuum in the electron column while permitting relatively high pres-
sures in the sample chamber. The second key technology is the environmental/
gaseous secondary electron detector, which uses gas ionization to detect and am-
plify the secondary electron signal. Gas ionization also suppresses charging arti-
facts on more insulating samples: the detectors are insensitive to light and heat. In
the future, FEG-ESEMs may contribute considerably to in situ thermomechanical
studies of metals and alloys, because both high-temperature and deformation stages
are commercially available. It is anticipated that in the near future the emphasis in
the field of advanced techniques of microscopy will lie rather on the combination
of both structural and chemical information. In particular, EELS will be further in-
tegrated because it provides information about the density of (un)occupied states,
which are relevant for the bonding behavior along boundaries and interfaces.125,126

However, although EELS spectra can be obtained from very small regions, only
subnanometers across these boundaries, these new methods may still be very dis-
ruptive. The electron beam focused on interfaces may cause beam-induced motion
of the chemical constituents.127 Electron beam-induced phenomena are apparent
in TEM studies not only in small particles128but also in interfaces. In addition,
from a theoretical point of view the precise nature of “charge transfer” at bound-
aries and interfaces is still rather controversial, although the common opinion is
that the number of d-band electrons of transition metals will change if the atom
is placed at the boundary. Therefore, the bonding behavior is altered, which may
be estimated from the changed occupancy of the electronic states by EELS. It is
quite clear that much more experimental and theoretical work is needed on the
full characterization, that is, structural and chemical, of special (Z) and general
boundaries, before firm conclusions can be drawn about the correlation between
electronic charge transfer, bonding behavior, and properties.129

An interesting example of how quantitative analytical TEM may contribute to
the chemical analysis of DLC-based nanocomposite coatings is that EELS is being
performed with the final objective of estimating the sp3–sp2 hybridization ratio of
the carbon atoms in the nanocomposite matrix. Several methodologies have been
developed for the estimation of the sp3–sp2 parameter with the use of EELS that
can be applied to hydrogen-free130−132 and hydrogenated133pure a-C(:H) films,
based on the analysis of the C K-edge structure. An example of a procedure valid
for hydrogen-free a-C coatings is given below.

The carbon K-edge portion of the spectrum must be decomposed to compare
the intensities of the σ ∗ and π∗ features. The decomposition procedure is shown
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FIGURE 5.34. (a) Decomposition of the C K-edge spectrum into 
* and �* features. The
areas used for peak and edge integration are indicated. (b) C K-edge prior and after decon-
volution. The edge shape changes considerably after deconvolution.

in Fig. 5.34a. The π∗ feature is fitted with a Gaussian peak. The procedure gives
good fits with very low residuals (dotted line in Fig. 5.34a). The σ ∗ feature is
integrated within an energy window that starts after the previously fitted Gaussian
peak and terminates at a selectable value of the energy loss (320 eV in Fig. 5.34a).
The fine-structure features of the EELS spectrum for the analyzed samples must be
compared to the ones of a standard specimen that exhibits 100% sp2 hybridization.
The choice of a proper standard is crucial to obtain accurate results. The standard
chosen here is a glassy carbon foil, which is known to exhibit 100% sp2 hybridiza-
tion, high purity, and lack of long-range crystallinity. Spectra should be acquired
for the standard specimen and the coating of interest. By comparison of the values
of the π∗/σ ∗ parameter, the sp2 fraction in the coating (x) can be estimated using
(from Refs. 130 and 131)

(π∗/σ ∗)DLC

(π∗/σ ∗)std
= 3x

4 − x
(5.14)

It is crucial to perform a proper correction of the spectra for plural scattering
and spectrometer point-spread function before using Eq. (5.14), as this effect can
alter the intensities of the π∗ and σ ∗ features and hinder the comparison between
spectra collected at different foil thickness. EELS spectra have been recorded
in spectrometer image mode and with a narrow microscope objective aperture
to improve the signal to background ratio. The spectra analysis consists in the
subtraction of the spectrum background, after which a deconvolution procedure is
performed. The deconvolution consists in two steps: a Fourier-ratio deconvolution
procedure is performed first, which removes plural scattering effects, estimated
from the low loss portion of the spectrum; consequently, the spectra are sharpened
to correct for the point-spread function of the spectrometer, estimated from the
shape of the zero-loss peak. The appearance of a sample spectrum before and after
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FIGURE 5.35. Portions of the EELS spectrum for the glassy carbon standard recorded on
areas of varying thickness (indicated). (a) The plasmon peaks’ position is constant for all
the values of thickness investigated, but the intensity of the second plasmon peak tail
varies as a function of sample thickness. (b) The C K-edge is reported for different sample
thicknesses; its shape changes as a function of sample thickness.

deconvolution is shown in Fig. 5.34b. After deconvolution, the intensity of the
spectrum on the edge tail is reduced whereas the edge peaks are enhanced. The
extent of the intensity variation is a function of the thickness of the area investigated
in terms of t /λ, a parameter determined from the analysis of the low-loss portion
of the spectrum.

Spectra were recorded on different areas of the glassy carbon sample, which
had different thickness, measured as t /λs as indicated in Fig. 5.35. The plasmon
peaks are present at the same energy values for the areas investigated, and this
indicates a constant density of the material. The intensity variation on the left of
the second plasmon peak is proportional to the foil thickness. The carbon K-edge
spectra differ in shape and intensity of the edge tail, which increases as the foils
become thicker. After deconvolution, the spectra shapes become more uniform.
The variation of theπ∗/σ ∗ parameter after deconvolution, as a function ofσ ∗ energy
window width, is reported in Fig. 5.36a. The error in the determination of π∗/σ ∗

for different window sizes is estimated from the standard deviation and reported in
Fig. 5.36b as percentage of the average value for each σ ∗ window width. Values are
reported as calculated after background subtraction, Fourier-ratio deconvolution,
and point-spread correction. The deconvolution procedure reduces the error to
2–4%, and allows the use of large window widths. The procedure described above
can be readily implemented to the quantification of the sp3–sp2 parameter in pure
hydrogen-free a-C films.

In the case of carbide-containing DLC-based nanocomposite coatings the
problem is more complex, as the carbide C adds a contribution to the spec-
trum in correspondence to the π∗ and σ ∗ features of the C K-edge, hindering
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FIGURE 5.36. (a) Values of the 
∗/�∗ parameter as a function of integration window
width, after deconvolution, for the spectra shown above. The values are roughly constant
for each �∗ integration window width. (b) Standard deviation of the 
∗/�∗ values among
the different thickness investigated, given as percentage of the average value for each
�∗ integration window. The Fourier ratio deconvolution and point-spread sharpening
procedures reduce the error considerably, as a result the final 
∗/�∗ values are almost
constant at each window width for different foil thickness.

quantification. In this case, a standard can be used to subtract the carbide contribu-
tion from the spectrum, but attention should be paid to the following complications:

� A considerable fraction of material in these coatings lies in the particles
boundaries, and so the EELS spectrum from this portion of the material is
not necessarily analogous to the one measured with the carbide standard,
as electronic surface states are present here.

� If impurities or metal atoms are bound to a C site within the amorphous
network, they will modify the EELS spectrum contribution from this C.

� The normal TEM sample preparation technique implies ion milling with
high-energy (2–4 keV) Ar ions. Such energetic ion bombardment is known
to cause C phase transformations.134

A sample EELS spectrum of an nc-TiC–a-C coating is shown in Fig. 5.37.
In particular for the mechanical properties of coatings the intricate interplay

between mobile interface structures, crack propagation, and plasticity becomes
an important aspect. For this reason, dynamic in situ studies are of crucial im-
portance. Based on these fundamental and practical complexities of correlating
quantitative microstructural electron microscopy information to coating proper-
ties, it is concluded that microscopy characterization, accompanied with compli-
mentary techniques, may serve as a crucial input for a deeper understanding of
the structure–property relationship. Nevertheless, the principal point of this out-
look is that one should also refocus more on the generic features of defects, using
a mesoscopic approach including various length-scale transitions, and on in situ
rather than on postmortem observations of solely atomic structures.
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FIGURE 5.37. Typical EELS spectrum obtained from an nc-TiC–a-C nanocomposite
coating.

For the progress in HREMs of nanocomposite coatings, references are made
to our recent work.135−138
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Measurement of Hardness and
Young’s Modulus by Nanoindentation

Thomas Chudoba
ASMEC Advanced Surface Mechanics GmbH, Rossendorf, Germany

1. INTRODUCTION

Hard nanostructured coatings make high demands on the measurement of their
mechanical properties because they are mostly thin (in the thickness range be-
low 5 µm) and very stiff. One of the most popular methods for the determina-
tion of their mechanical properties is nanoindentation. Modern instruments reach
a depth resolution below 0.1 nm and a load resolution below 1 µN and allow,
therefore, very accurate measurements of the penetration of diamond tips into the
surface. Indentation modulus as well as indentation hardness can be derived from
the load–displacement curve, in addition to some other mechanical properties. The
indentation modulus can be slightly different from the Young’s modulus because
it is a weighted average of the elastic properties in a certain sample volume and
the Young’s modulus is directional. For isotropic materials, however, both values
should be equal. In engineering sciences the Young’s modulus is used as a measure
of the elastic properties of larger samples, which contain mostly a lot of differently
oriented grains. Therefore, it is also a weighted average of single crystalline elas-
tic constants, which are valid in every single grain. This is the reason why both
quantities are often not distinguished. In this chapter the term Young’s modulus is
used as long as isotropy is taken for granted, and indentation modulus is preferred
if the direction dependency plays a role.

After a longer discussion in the scientific community, in 2002 the instrumented
indentation test of hardness and materials parameters has been standardized in
the international standard ISO 14577 part 1–3.1 This standard is not particularly
focused on the measurement of film properties. During the successful European
project Indentation into Coatings (INDICOAT)2 it became clear that accurate hard-
ness and modulus measurements of coatings require particular care and additional
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instructions. For this reason an extension of ISO 14577 for coatings is in prepara-
tion as part 4.3

In the following discussion, the theory of nanoindentation is explained in
more detail in order to identify the critical issues for such measurements and to
give an understanding of the present limits. Special care is given to the problem
of comparability of results. Therefore, the consideration of instrument compli-
ance and determination of the area function are discussed. The high demands on
the measurements of thin films require specific necessary correction methods to
reach the required accuracy. This also will be discussed. Finally, a method for the
measurement of Young’s modulus using spherical indenters is described.

2. THEORY OF INDENTATION MEASUREMENTS

Hardness is a very old measure familiar to engineers and geologists by whom it
was first utilized to establish an order for the mechanical properties of minerals.
According to the book of O’Neil4 Barba produced a definition as early as 1640:

. . . hardness is such a property of precious stones that those which file can scratch
are not so classed.

This represents hardness as a measure of plastic properties that are responsible for
the durability or failure of machines and tools. Consequently, the scratch hardness
of Mohs5 (1822) was the first hardness unit that allowed a ranking of minerals
between 10 reference materials. Since that time, dozens of hardness definitions
and units have been introduced. The most important change was the restriction
from applying normal plus lateral forces in a scratch test to the purely normal
loading in a hardness test. Such a limitation allowed a well-defined application
of force and resulted in a better reproducibility and comparability. However, the
diversity in hardness definitions continues to make it complicated to compare
hardness values. The ASM Metals Handbook, Vol. 8: Mechanical Testing makes
the following note:

The definition of hardness varies depending on the experience or background of
the person conducting the test or interpreting the test data. To the metallurgist,
hardness is the resistance to indentation; to the design engineer, a measure of flow
stress; to the lubrication engineer, the resistance to wear; to the mineralogist, the
resistance to scratching; and to the machinist, the resistance to cutting.

A clear description of the conditions under which a hardness value was obtained
is therefore absolutely necessary. The different hardness standards prescribe clear
rules, which are not always communicated in publications.

The most important hardness definitions for engineers are by Vickers, Knoop,
Brinell, and Rockwell. Apart from the last one, all of them define hardness as the
quotient of applied load F and remaining area A of indentation, i.e., F /A. Vickers
and Knoop use pyramids as indenter, Brinell a sphere, and Rockwell a sphere or a
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cone with a spherical cap of 200-µm radius (with some exceptions). According to
this definition, hardness cannot be measured if there is no remaining impression,
i.e., when only elastic deformation took place. The area of the impression is nor-
mally measured by optical microscopy. In the case of Vickers hardness, the av-
erage length of both diagonals, d , is determined and the hardness is given by the
formula

HV = 0.1891
F

d2
(6.1)

with F as force in kilogram-force and d in millimeters. While the force can be
measured with good accuracy, the error in indentation area measurements can
reach unsatisfactorily high values if the area is small and the end of the diagonals
cannot be well resolved. By the early 1980s the desire to measure the mechanical
properties of thin hard films and small depth ranges was rapidly increasing. Such
measurements could be carried out only with smaller forces, and it became more
and more difficult to get the accurate size of the indentation area.

This was the main reason for the development of a new measurement tech-
nique of hardness called depth sensing indentation or “instrumented indentation
testing” . In this technique, depth and force are recorded simultaneously over the
whole indentation cycle (loading and unloading). There is no need to measure
the indentation area directly if it can be derived from the known shape of the
indenter at any depth. The depth can be measured automatically with good ac-
curacy and is independent of the operator. The first measurement technique with
nanometer resolution can be dated back to about 1981.6 When it became clear that
depth changes of some nanometers could be resolved, it was not a big step to call
this technique “nanoindentation.” Four-sided Vickers pyramids were used as tips
to enable a direct connection to the well-established Vickers hardness. However,
Vickers diamonds have the common feature that the four faces do not meet each
other in one point. The so-called “chisel edge” is often observed with a length
between 300 nm and several micrometers. Therefore the nanoindenter community
prefers three-sided Berkovich pyramids. They can be produced with sharper tips
than Vickers pyramids and, therefore, allow a better depth resolution. Berkovich
and Vickers pyramids have the same area to depth ratio, which enables, in principle,
a direct comparison of the hardness results.

The advantage of not directly measuring the area soon turned out to generate
new problems. The easiest way to determine the area is to assume that the tip has an
ideal shape and to calculate the surface area from the maximum penetration depth,
using the known (ideal) geometry. Again hardness is defined as force divided by
area but, in this case, only a virtual area was used without knowledge about the
true contact area or the area of the residual imprint. This simple approach was
the basis for a new hardness definition, the Martens hardness (formerly “universal
hardness”). The development of this hardness definition was closely connected
with the development of a German hardness tester by the Helmut Fischer GmbH—
the Fischerscope. For this reason it was first standardized in Germany as DIN
503597 and became later a part of the international standard ISO 14577. In the
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course of the use of the Martens hardness definition, it became clear that it gave
similar results to the conventional Vickers hardness for soft metals but the com-
parability failed for materials with high elasticity. The reason is that the measured
depth is a result of both plastic and elastic surface deformations, which are not
separated from each other. In contrast to previous hardness definitions, Martens
hardness is a measure of elastic and plastic properties. As a second problem for
small indentation depths below about 2 µm, it turned out that the tip does not
have an ideal geometry and one gets increasing deviations from the real area with
decreasing indentation depth.

Others worked to calculate the projected contact area from the measured
depth and to retain the connection to the earlier hardness definitions. A solution
for this problem was first derived by Doerner and Nix8 and later improved by Oliver
and Pharr.9 The method, proposed by Oliver and Pharr, has been established as
a de facto standard for nanoindentation since 1992 and was included in the new
standard ISO 14577 in 2002. It is explained in the following paragraphs in more
detail.

Figure 6.1 shows an indentation with a conical or pyramidal indenter at the
time of maximum load and again after unloading. The maximum deformation of
the sample surface, hmax, can only be measured together with the deformation of
the indenter itself, which is not considered here in the first part of the derivation.
Let us first assume a rigid indenter for which only the displacement in the sample
has to be considered. The absolute displacement consists of the elastic part he and
plastic part hp with

hmax = he + hp (6.2)

h

h
h

h h

a

F

A

a

FIGURE 6.1. Geometry of an elastoplastic deformation with a conical indenter under load
and after unloading.
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We do not know the relation between them and actually we do not need to know
it. What we want to know is the area of the impression after unloading, to reestablish
the connection to the conventional hardness definition as a measure of plastic
properties alone. This is the point where some assumptions and simplifications are
required.

The main assumptions of the model are the following:

1. The projected contact area under load and the projected area of the impres-
sion after unloading are equal. In a first approximation there is no elastic
recovery within the contact plane and the diameter of the indentation does
not change when the load is removed (this approximation will be later
corrected).

2. Plastic and elastic deformations do not influence each other. The Young’s
modulus of the plastically deformed material is the same as that for the
undeformed material. The elastic deformation above the contact area is the
same with and without plastic deformation, compared for equal contact
areas.

3. Surface roughness as well as pileup and sink-in effects can be neglected.

None of these assumptions is absolutely true but they enable a great simplification
of the contact problem.

If we know the true shape of the tip (as we will assume here), then the
contact area and, with assumption (1), the remaining area of the impression can be
derived from the contact depth hc, provided we are able to determine the elastic
deformation above the contact area, hs. The elastic deformation below the contact
(hc − h0) (h0 = final depth after unloading), which is responsible for the change of
the impression shape during unloading, does not need to be known. The absolute
elastic deformation is

he = hs + (hc − h0) (6.3)

and the real plastic deformation in the center of the contact is h0. Often, the plastic
deformation depth is set equal to the contact depth hc but this is not correct.

The question now is how to get the elastic deformation above the contact area,
hs. Let us go back to wholly elastic deformations. In this case, we know from the
theory of elasticity the force–displacement relationship for a cone:

F = 2

π

E

tan α
h2 (6.4)

and for a sphere:

F = 4

3
E

√
R h3/2 (6.5)

where Ris the radius of the sphere and α the opening angle between surface and
indenter side (see Fig. 6.1). The first derivative dF /dh at hmax is called contact
stiffness S. This can be determined from a fit to the unloading curve and is shown
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h h

h hh
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s F

FIGURE 6.2. Force–displacement curve from a plastic indentation into fused silica with
a maximum force of 50 mN.

in Fig. 6.2 as the tangent. If we divide force by contact stiffness, we get h/2
for the cone and h/1.5 for the sphere. The divisor is the exponent m of h in the
force–displacement formulas (6.4) and (6.5). Now we need the ratio between the
elastic deformation above the contact area and the absolute elastic deformation.
This is also known from the theory of elastic solids. For a cone, for instance, the
deformation at any position of the surface is given by Sneddon10 as

w(r ) =
(π

2
− r

a

)
a tan α r ≤ a (6.6a)

w(x) = −2h

πa

(
a sin−1

(a

r

)
− r +

√
r2 − a2

)
r > a (6.6b)

with r being the radial surface position and a the contact radius. Using r = a at
the contact edge and r = 0 in the center we get the ratio hs/hmax = 1 − 2/π . The
corresponding ratio for a spherical indenter is 1/2. The product of this ratio and
the exponent m is the so-called epsilon factor ε. It is given in Table 6.1 for some
indenter geometries. Finally we get the contact depth

hc = hmax − ε
F

S
(6.7)

with

ε = m
hs

hmax − h0
(6.8)

and the contact area can be calculated.
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TABLE 6.1. Comparison of Elastic Constants for Different
Indenter Geometries

Indenter/pressure hs/hmax m

Flat punch 1 1 1
Sphere, paraboloid of revolution 0.5 3/2 0.75
Cone 1−2/
 = 0.3634 2 0.7268
Constant pressure, circular boundary 2/
 = 0.6366 1 0.6366

In a real measurement, the indenter itself is also elastically deformed. This
can be easily considered in the formulas, by introducing instead of the sample
modulus E a reduced modulus Er, which is defined as

1

Er
= 1 − ν2

i

Ei
+ 1 − ν2

s

Es
(6.9)

where ν is the Poisson’s ratio and the subscripts i and s stand for indenter and
sample, respectively. The consideration of the indenter displacement in this way
is possible because there is a general relation for the displacement w in normal
direction of the two bodies in contact

wi

ws
=

(
1 − ν2

i

)
Es(

1 − ν2
s

)
Ei

(6.10)

which is valid for any arbitrary-shaped body (see Ref. 11). The contact area in-
creases for a deformable indenter in comparison to a rigid one and the contact
stiffness decreases for equal load.

Up to now the derivation was done for wholly elastic deformation. The ques-
tion arises whether this can also be applied when there is an additional plastic
deformation. To give an answer, a look at the contact pressure for the different
indenter geometries is useful (Fig. 6.3).

For a conical indenter the pressure becomes infinite in the center of the con-
tact. The same is the case at the edge for a flat punch. No material can resist such
a pressure and plastic flow immediately arises, which reduces the stresses sig-
nificantly. The resulting pressure after plastic deformation is not known and can
be estimated only by finite element (FE) calculations. However, an indication of
the pressure profile can be obtained from an analysis of the unloading curve—the
unloading exponent m. Oliver and Pharr9 have shown that the unloading curve
from elastoplastic deformations with a Berkovich indenter can be described by a
power function

F = K (h − h0)m (6.11)

and they got values for m between 1.2 and 1.6. They found that the best inter-
pretation of experimental data was possible for an epsilon value of 0.75, which
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r a
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FIGURE 6.3. Comparison of pressure profiles below the contact area for different indenter
geometries. The calculation was done for equal contact radius.

corresponds to an unloading exponent of 1.5 for a spherical indentation and not to
that expected for a conical or pyramidal indenter of 2.

The reason is the change in the pressure profile due to plastic deformation.
Although a pyramid was used as indenter, the profile is much closer to the hertzian
pressure profile of a sphere. This has also been confirmed by FE calculations (see
Ref. 12). Therefore, an epsilon value of 0.75 is required in the standard ISO 14577
for indentations with Vickers and Berkovich indenters. However, one should keep
in mind that this is only an approximation and there may be materials with a bigger
deviation from this value.

The final formula for the calculation of the indentation hardness HIT is now

H = F

C(h)
(
h − ε F

S

)2 (6.12)

The geometrical factor C(h) depends on the indenter shape and is 24.5 for
ideal Vickers and Berkovich indenters. Real indenters deviate more or less from
the ideal shape and practically in all cases an area function has to be determined
instead (see Section 3).

In contrast to the Martens hardness, the indentation hardness is a measure of
the resistance to permanent deformation or damage. For ideal conditions it should
give the same hardness value as conventional Berkovich (or Vickers) hardness
methods (which are based on the measurement of the permanent impression after
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the indentation). However, a different name was chosen because the derivation of
the contact area from the measured depth is still accompanied by some uncertainties
and for most materials the results will be slightly different.

For comparison with Vickers hardness it has to be considered that the Vickers
hardness is calculated with the surface area of an ideal pyramid (like Martens hard-
ness) and not with the projected contact area. This results in a geometrical scaling
factor of 0.927. Furthermore, Vickers numbers are quoted in the unit kgf/mm2

instead of MPa for the indentation hardness, and so the final relation is

HV = 0.094545HIT (6.13)

In scientific publications the unit GPa is used instead of MPa for a better
comparison with the modulus, which has also GPa as the unit.

The indentation modulus (or Young’s modulus for isotropic materials) is
another parameter that can be measured by nanoindentation. If one compares the
first derivative of Eqs. (6.4) and (6.5) and replaces the depth by the contact area,
one can see that there is a shape-independent relation between contact stiffness
and contact area:

S = 2√
π

Er

√
Ac (6.14a)

The reduced modulus Er is the proportionality factor. Pharr et al.13 have shown
that this universal relation is valid for any axisymmetric indenter and can be used
even for a predeformed surface with a plastic impression in it. However, Berkovich
and Vickers indenters are not rotationally symmetric and the sharp edges should
result in slight deviations from this formula. Therefore a β factor was introduced
in Eq. (6.14):

S = β
2√
π

Er

√
Ac (6.14b)

Gao and Wu proved, by a perturbation method, that the contact stiffness of a
layered medium is insensitive to the cross-section shape of a punch as long as the
shape does not differ too much from a circle.14 Several purely elastic calculations
exist for the determination of β. The most known is that of King15 for flat-ended
punches of triangular and quadrilateral cross sections. Bilodeau has done a sim-
ilar calculation with an approximate solution for pyramids.16 Giannakopoulos
et al.17 used a very accurate FE calculation for the same pyramidal geometries and
Hendrix18 has done the calculation for a constant pressure profile with triangular
or quadrilateral shape. Table 6.2 shows the results for β.

It is interesting to note that the constant pressure necessitates the smallest
corrections. However, this is just the most probable pressure distribution after
plastic deformation because the infinite stresses at any edges and the tip (punch
and pyramid) will be reduced by the plastic displacement of material. Additionally,
it is well known that the plastic zone of Vickers indentations is approximately
rotationally symmetric (see, for instance, Ref. 19) because the high stresses at the
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TABLE 6.2. Correction Factor for the Stiffness–Area Function with
Respect to the Conical Indenter in Dependence on the Indenter Shape

Indenter/pressure � (Triangular shape) � (Quadrilateral shape)

Flat punch15 1.034 1.012
Pyramid16 1.141 1.051
Pyramid, FE calculation17 1.138 1.090
Constant pressure18 1.0226 1.0055

edges, which were predicted by purely elastic calculations, are especially reduced
by plastic deformation. For these reasons, no value is given or recommended for β

in the standard ISO 14577 and it is indeed better to use β = 1 for pyramidal tips.
In fact there may be a slight deviation from 1 for highly elastic materials with a
small plastic zone but one can expect that the error, introduced by the unknown
value, is smaller than 5% in the worst case.

The indentation modulus according to ISO 14577 is calculated with the
formula

EIT = 1 − ν2
s

1

Er
− 1 − ν2

i

Ei

and Er =
√

π

2

S√
Ac

(6.15)

Only one elastic constant can be determined by one measurement. Therefore,
an assumption has to be made for the Poisson’s ratio of the sample if it is not known.
The dependence of EIT on Poisson’s ratio is very small and a rough estimation is
usually sufficient. Again the new name indentation modulus is used because there
might be slight deviations from the Young’s modulus determined by ultrasonic or
other methods. For approximately isotropic materials there is no physical reason,
however, for this differentiation, and both values should agree if the contact area can
be correctly determined. Only for single crystals or composite materials canlarger
deviations be expected.

A more detailed analysis of the conditions during an indentation shows that
the main assumption (1) is a good approximation only for highly plastic materials
such as most of the metals. All solutions for an elastic contact deliver not only a
normal deformation but also a radial deformation u, which is zero in the center
and reaches a maximum close to the contact edge. The radial deformation outside
the contact radius a is given by

ur = −(1 − 2ν)(1 + ν)

2E
pm

a2

r
(6.16)

with ν being the Poisson’s ratio, E the Young’s modulus, pm the mean contact
pressure, and r the radius coordinate (see for instance Refs. 20 and 21). This
formula is valid for all kinds of rotational symmetric indenters. The minus sign
means that ur is directed toward the center of the contact.
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This formula has now to be applied to the conditions of a plastic deformation.
In this case, the contact pressure can be replaced by the hardness H . We want to
know the relative change of the contact radius under pressure due to elastic radial
displacement at the contact edge, which leads us to the formula

ur

a
= (1 − 2ν)(1 + ν)

2

H

E
(6.17)

As an additional correction we have to consider that the surface after plas-
tic deformation is no longer flat and the elastic radial displacement has now to
be estimated along the new deformed surface within the impression. This can
be considered by the projection of ur onto the original surface position. We get the
correction term cos(αr)—where αr is the residual angle between the face of the
impression and the surface—and slightly smaller than α in Fig. 6.1. αr is given
by

αr ≈ tan
h0

a
(6.18)

with h0 as residual depth. αr is normally below 20◦ for Berkovich or Vickers
indenters and the correction is smaller than 6%. The final formula is then

ur

a
= (1 − 2ν)(1 + ν)

2

H

E
cos(αr) (6.19)

The radial displacement correction depends on the H/E ratio. It is therefore
very small for most of the metals (<0.5%) and reaches larger values for highly
elastic materials like fused silica. Since ur is directed inwards under pressure, the
contact radius increases by ur during unloading. The size of the residual indent
is therefore underestimated due to the calculation of Ac from the contact depth.
The area increase for fused silica with H/E = 0.13 is about 9% and should be
considered for a more accurate result. This is especially meaningful because fused
silica is often used as reference material for the calibration of the indenter area
function.

3. INFLUENCE AND DETERMINATION
OF INSTRUMENT COMPLIANCE

Hard nanostructured coatings are often used for wear protection for cutting tools
and these are often made of cemented carbide. Cemented carbide has the highest
modulus of any material that is available in large amounts. Depending on the cobalt
content, the Young’s modulus is between 580 and 655 GPa. Among bulk materials,
only diamond, cubic boron nitride, and pure tungsten carbide have a higher Young’s
modulus. Hard nanostructured coatings may also have a Young’s modulus in this
range. A high Young’s modulus is accompanied by a high stiffness in indentation
experiments. For high loads the contact stiffness is similar or even larger than the
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FIGURE 6.4. Influence of the assumed instrument stiffness on the shape of the load–
displacement curve of sapphire.

instrument stiffness. The correct sample or film modulus can therefore be measured
only if the instrument stiffness is well known and the measured displacements can
be corrected.

Unfortunately, the determination of the instrument stiffness is one of the most
difficult tasks in nanoindentation. Nearly all manufacturers of nanoindentation
devices assume that their instrument stiffness is a constant, independent of the
applied force. In reality this is not necessarily the case and a constant value is used
as a first estimate only when no reliable method is available for the determination
of a force-dependent stiffness.

The stiffness influence on load–displacement curves is shown in Figs. 6.4
and 6.5.

The contact stiffness of sapphire measured at 50 mN with a Berkovich tip was
540 mN/µm. At 500 mN it was already 1780 mN/µm. Remember that the measured
contact stiffness depends on the bluntness of the tip; thus, slight differences may
occur if one tries to repeat these measurements. In contrast to the contact stiffness,
the instrument stiffness of the ultra-microindentation system (UMIS)-2000, which
was used for the measurement, was about 5000 mN/µm. Typically, the instrument
stiffness differs from instrument to instrument and is mostly in the range between
300 mN/µm and about 8000 mN/µm, depending on the instrument type. The
stiffness correction reduces the measured indentation depth to a lower value. In
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FIGURE 6.5. Influence of the assumed instrument stiffness on the shape of the load–
displacement curve of fused silica.

the example of Figs. 6.4 and 6.5 the correct reduction is only 10 nm but it changes
the curve shape, for the stiffer sapphire much more than for fused silica. The
relative depth change is 3.5% for sapphire and only 1.7% for fused silica. The
influence on the unloading stiffness and modulus, however, is larger depending on
the unloading depth h0. In the example of the 50-mN measurement on sapphire
it is 10% and for fused silica 3.6%. In the case of the very steep unloading curve
of an aluminum single crystal it is as much as 25%, although the maximum depth
at 50 mN is 2.6 µm and therefore much bigger than for sapphire. These examples
show that the measurement error may be considerable even at moderate loads if
the instrument stiffness is not considered.

For the calculation of the instrument stiffness it is easier to work in terms
of compliance C (being the inverse of stiffness) because sample compliance Cs

and instrument or frame compliance Cf can be simply added. The total measured
compliance Ct is then

Ct = Cs + Cf with Cs =
√

π

2Er

1√
Ac

(6.20)

Thus

Ct =
√

π

2 Er

1√
Ac

+ Cf (6.21)
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If the reduced modulus is constant and depth independent, a plot of Ct (un-
corrected for frame stiffness) versus 1/

√
Ac is linear and intersects the stiffness

axis at the frame compliance Cf. This method requires the knowledge of the con-
tact area Ac, which is also not known ab initio. The determination of instrument
compliance and of indenter area function depend upon each other and can be
solved by iterative procedures only if there is no external measurement of the area
function available. Doerner and Nix8 proposed to make replicate indentations in
elastically isotropic, homogeneous, and highly plastic materials and to measure
the indents by independent means, for example, by atomic force microscopy or
scanning electron microscopy. Such direct measurements are cumbersome and
difficult, and in any case they do not have the required accuracy for small indents.
A better method is the direct measurement of the diamond tip by an atomic force
microscope (AFM)2,22 and the derivation of the area function from the image (see
below). Such measurements require a well-calibrated AFM and good expertise.
Therefore, a method is preferred which is based on nanoindentation measurements
alone.

Such a method was first proposed by Oliver and Pharr9 in their early paper
of 1992 and uses two different reference materials. Aluminum with low hardness
and relatively good isotropy was used because it formed large indentations, where
the area function of a perfect indenter can be used as first estimate. Fused silica
was used as the second material to extend the area function into the small depth
range. The contact areas for a series of indentations with different loads can be
obtained by iteration according to the equation

Ac = π

4

1

E2
r

1

(Ct − Cf)2 (6.22)

and assuming that the instrument compliance is constant. The reduced modulus
of the reference materials is known and can be used as an input parameter. This
is not necessary but it results in quicker convergence. The contact area has to be
calculated for at least five or six different loads. The result should give a straight
line in the presentation of Ct as function of A−1/2

c which intersects the ordinate
axis at Cf. The experience with this method shows that the resulting instrument
compliance has quite a big uncertainty, and sometimes even a negative value is
obtained, which has no physical meaning. A similar method with tungsten and
fused silica as reference materials was proposed by Meneve et al.23

In a more recent work,24 Oliver and Pharr proposed another method for the
determination of instrument compliance. It works with only one reference material
and the area function does not need to be known. With Eq. (6.14) and H = F /Ac

the ratio

F

S2
= π

4

H

E2
(6.23)

should be constant if hardness and modulus of the material are constant. This can
be assumed for isotropic and homogeneous materials that do not pileup or sink-in
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and that show a low tendency for cracking. In their work they preferred fused silica.
The load over sample stiffness squared as function of depth should be a straight
line parallel to the depth axis at larger depths where the tip rounding does not play
a significant role. The instrument stiffness has to be varied in order to obtain this
parallel position. However, this method has also a big disadvantage. Hardness is
not a physical parameter and—in contrast to the case of the modulus—there exists
no other method than indentation that could confirm a constant, depth-independent
hardness.

A third method was proposed by Chudoba et al.,25 which uses wholly elastic
indentations with a spherical indenter and two or three reference materials with
different moduli. Measurements with equal maximum force F and well-known
elastic constants are required. The effective sphere radius R (which may be depth
dependent for real indenters) and the instrument stiffness Sf can then be determined
according to

R =
(

3

4

)2 F2

(h1 − h2)3

(
1

E2/3
r1

− 1

E2/3
r2

)3

(6.24)

Sf = F

h1 −
(

3
4

F
Er1

)2/3 (
1
R

)1/3
(6.25)

under the assumption that both values (R, Sf) are constant in the investigated depth
and load range. Good results can therefore be obtained only if the sphere radius
does not change much in the range between h1 and h2. This has to be confirmed by
independent investigations. The accuracy of the method can be improved if three
substrate materials are used in pairs. Equations (6.24) and (6.25) then deliver three
independent results for R and Sf and their arithmetic average is the final value.

In the opinion of the author, the best method for the determination of instru-
ment compliance is a direct comparison of indenter area functions, obtained with
two different reference materials with large Young’s modulus difference. The area
function should not depend on the material. A possible difference can be caused
by measurement uncertainty, inaccurate determination of the contact area from the
contact stiffness due to pileup or sink-in effects, or by an incorrect value of the
instrument compliance. Good experiences have been gained with single crystal
sapphire (E = 420 GPa, ν = 0.234) and fused silica (E = 72 GPa, ν = 0.17).
Both materials do not show pileup and only a very small sink-in (silica) and cracks
occur only at somewhat higher forces (mostly >100 mN) or do not influence the
results. The contact depth is calculated according to

hc = hmax − F Cf − ε F (Ct − Cf) (6.26)

and the square root of the contact area Ac is

√
Ac =

√
π

2

1

Er

1

Ct − Cf
(6.27)
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FIGURE 6.6. Calculated area functions obtained with fused silica (red points) and sap-
phire (green points), assuming zero instrument compliance. The straight line illustrates
the ideal area for a Berkovich tip.

The reduced modulus Er is given by Eq. (6.9). The ideal area function of a
Berkovich tip in the presentation

√
Ac(hc) is a straight line with a slope of 4.95. In

a first approach, Cf is set to zero. The result for fused silica and sapphire is shown
in Fig. 6.6.

It can clearly be seen that the zero compliance results in too small a calculated
area at higher depths, and this is worse for the stiffer sapphire. Now the instrument
compliance value can be increased in Eqs. (6.26) and (6.27) for each data point
of sapphire but keeping the fused silica area function unchanged. This increases
the area for sapphire until the sapphire curve reaches the fused silica curve. In the
next step, the new instrument compliance is used for both materials and this now
increases the area for the fused silica curve. Both steps have to be repeated several
times in an iterative procedure until convergence is achieved. The result is shown
in Fig. 6.7.

The area functions of both materials agree very well over the whole over-
lapping depth range. The measurements in this example were carried out with a
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FIGURE 6.7. Area functions obtained with fused silica (red points) and sapphire (green
points) after calculation of the correct instrument compliance. The straight line illustrates
the ideal shape of a Berkovich tip.

Nanoindenter XP at about 10 different loads up to the maximum of 500 mN. The
obtained stiffness function is given in Fig. 6.8. It shows an often-observed effect
with this method: the stiffness is nearly constant at high loads but decreases at
small loads. The effect is also visible for other instruments like the UMIS-2000.
The reasons for this behavior are not completely clear. It is assumed that thin oil
films in the positioning stages or the z-height gear as well as in the sample mount
are responsible for this effect. Such a force dependence of the instrument com-
pliance can be observed with this method only because all other methods deliver
only a single constant as the compliance value.

The instrument stiffness in this example is high at more than 7000 mN/µm.
The instrument compliance increases the measured depth at 100 mN by only
14 nm; however, this is still big enough for an adulteration of the modulus for
stiffer materials. Other instruments show a bigger compliance and so require a
good correction at lower forces. It should also be noted that there is no instrument
with zero compliance, even if the depth measurement works with a reference tube
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FIGURE 6.8. Instrument stiffness function obtained by a comparison of indenter area
functions from two different reference materials.

or ring on the sample surface, e.g., the Fischerscope. This was discovered in the
European projects INDICOAT2 and DESIRED.26 Inaccurate modulus results may
be caused in particular for stiffer materials, if the instrument compliance is not
appropriately considered in the analysis software of the instruments.

4. INFLUENCE AND DETERMINATION OF INDENTER
AREA FUNCTION

No Berkovich or Vickers pyramid can be manufactured with an ideally sharp tip.
Real tips have a tip rounding corresponding to a radius between about 50 nm and
several hundred nanometers. The ISO 14577 part 2 standard prescribes a maximum
tip radius of 200 nm for the nano range. Sharper tips than those with R ≈ 100 nm
can be prepared only by special methods and are available on the market as the
so-called AccuTipTM(MTS Systems Corporation, Nano Instruments Innovation
Center). The tip rounding increases during the use of the diamond tips because
even diamond wears.

The tip rounding becomes significant only if the indentation depth is small.
The standard ISO 14577 recommends the use of an indenter area function if the
indentation depth is less than 6 µm. For larger depth the ideal shape can be used
with Ac = 24.5 h2

c . Significant hardness or modulus errors above 1% arise normally
only in the depth range below about 2 µm. However, this is just the depth range that
is used for measurements of hard nanostructured coatings. A correct area function
has therefore to be determined and applied.
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FIGURE 6.9. Comparison of force–displacement curves on the same sample and with the
same Berkovich indenter at different times. Increasing tip rounding results in a decrease
of the indentation depth.

An example for the effect of tip rounding is given in the following fused silica
measurements. During the European INDICOAT project,2 the area function of a
new Berkovich indenter with a tip radius of 200 nm was determined with reference
measurements on a fused silica sample. The validity of the area function was
checked from time to time with the same reference sample. After several hundred
measurements on different materials, a marked tip rounding was observed and the
indentation depth at equal load had decreased (Fig. 6.9). More than 2 years later
at the end of the project and after more than 10&thinsp;000 measurements, the
tip rounding had advanced further and was visible as a reduced displacement at
equal load. The maximum indentation depth at 1 mN had reduced from 74 nm
to only 57 nm. However, the change of the tip shape in the second half of the
measurement period was smaller than in the first half. The experience shows that
sharp tips wear faster than blunt tips and that the tip radius remains nearly constant
over a long period of time if it has reached more than 500 nm. The final tip rounding
in the given example amounts to 700 nm. A change in the tip shape can best be
recognized at very small load where the relative depth change is the largest. A load
between 500 µN and 3 mN is recommended, depending on the resolution of the
instrument.

In ISO 14577 the area function can be determined by three methods:

� A direct measurement method using a traceable AFM.
� Indirectly by utilizing indentations into a homogeneous material of well-

known Young’s modulus.
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� Indirectly by observing the departure from the indentation-depth-
independent hardness.

The last method is difficult to apply because depth-independent hardness
cannot be certified by another test method and hardness depends on definition,
creep, loading, and unloading rate and other parameters (see Section 1). There-
fore, it should be applied only in connection with Martens hardness, which is not
addressed in this chapter (see Ref. 1 instead).

The first method requires another well-calibrated instrument (AFM). This is
not always accessible and gives rise to higher costs. An example for the calibration
by AFM is given in Ref. 27. A comparison between direct and indirect methods
can be found in Ref. 22. It is shown that an agreement between both methods of
more than 6% (2% for hc > 300 nm) can be achieved if additional corrections like
the radial displacement correction (see end of Section 1) are applied.

Mostly, the indirect method is favored using a sample of a well-known mod-
ulus. In this case the Eqs. (6.26) and (6.27) can be used for the calculation. Fused
silica is very often used as reference material; however, other glasses or single
crystals like sapphire are also well suited. As in the case of the determination of
instrument compliance, care has to be taken in relation to pileup or sink-in effects
or to cracking. Nearly all metals are unsuitable for the area function calibration
in the nano range due to pileup, the influence of work hardening in a thin surface
layer, caused by the preparation process, and the influence of oxide layers. Good
results were obtained with tungsten for contact depths above 200 nm.26 The search
for applicable reference materials for the micro- and nano range is still in progress,
for instance in the European project DESIRED: “Certified Reference Materials for
Depth Sensing Indentation Instrumentation.”26

The procedure for the indirect determination of the area function requires
highly accurate measurements of the reference material of at least 8–10 different
loads, preferably more. The load range should span between the smallest possible
load of the instrument (typically 0.1–0.3 mN) and the maximum load. To improve
the accuracy of the analysis, 10 or more measurements at each load should be
carried out and averaged. The number can be reduced for the highest loads. Once
corrected for thermal drift, the measurements deliver force, maximum depth, and
contact stiffness, which are input in Eqs. (6.26) and (6.27), provided that the instru-
ment compliance is known. Alternatively the “continuous stiffness” measurement
method can be used for instruments with this option. In this case, measurements
at only the maximum possible load are required. However, such measurements
are not very accurate in the low load range due to problems with the zero point
determination and point density. Therefore, some additional small load measure-
ments are recommended.

If the area function determination is correct, the Young’s modulus results for
the reference materials should no longer depend on depth. This is shown in Fig. 6.10
(triangles). Every point belongs to measurements at different loads. However, if
one omits to monitor the validity of the area function over time and applies it to
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FIGURE 6.10. Modulus results as function of depth for fused silica after utilization of the
area function of a new tip.

measurements at a later date, one can introduce considerable errors in the results if
that tip has changed. In Fig. 6.10 the area function of the new tip was applied to the
measurement series over time, given in Fig. 6.9. The apparent modulus of fused
silica increases significantly for contact depths below 600 nm and the modulus
error reaches more than 50% for contact depths below 100 nm.

This effect can also be observed for the indentation hardness (Fig. 6.11).
The uniformity of the hardness when using the correct area function (triangles) is

FIGURE 6.11. Hardness results as function of depth for fused silica after utilization of
the area function of a new tip.
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not as good as that of the Young’s modulus. In particular, at low depth, a hard-
ness decrease can be observed. This is due to the transition from wholly elastic
deformation to a fully developed plastic zone and is explained in Section 6. In
contrast to the hardness decrease for measurement series 1, the hardness increases
markedly toward the surface due to the tip rounding if the correct area function is not
applied.

The above example illustrates that an inaccurate or even incorrect area func-
tion not only prevents a comparison of results from different instruments, but
also complicates the comparison of results from one and the same tip but mea-
sured at different times. The error increases with decreasing indentation depth
and becomes significant for depths below 1 µm. Such a tip blunting does not
necessitate a replacement of the tip—a recalibration of the area function en-
ables an extension of the tip’s working life. However, large tip rounding requires
special care when interpreting hardness results in the elastic–plastic transition
range.

The indenter area function is normally determined for 8–20 points (see in
Fig. 6.7). ISO14577:2002 part 2 requires at least 10 points to be measured and that
these points span the ranges of force and contact depth to be used. A description
with a suitable function is therefore necessary. Oliver and Pharr9 proposed the
following fit function:

A(hc) = C0h2
c + C1hc + C2h1/2

c + C3h1/4
c + C4h1/8

c + C5h1/16
c

+ C6h1/32
c + C7h1/64

c + C8h1/128
c (6.28)

Such a function with nine coefficients allows an accurate description of the
area function, even for small depth, if at least 10 different data points are available.
Generally the number of data points for the fit has to be bigger than the number of
coefficients. The coefficient C0 is sometimes set to the constant value of 24.5 for
an ideal Berkovich tip but it is better to include this term in the fit. In contrast to
function (6.28), a fit with a polynom of third order or another function with only
three terms is not accurate enough. This is shown in Fig. 6.12 for the first 300
nm of the area function of the blunt tip of measurement series 3 of our example.
Some instruments provide a function with only three coefficients in their analysis
software and therefore have problems to describe the tip shape in the low depth
range where the biggest change takes place. It is mostly difficult to distinguish
between a real hardness change in this depth range and an apparent hardness
change introduced by an inappropriate fit function. Special care has to be taken for
hard (nanostructured) coatings where an accurate area function in the low depth
range is essential for correct results.

Another way to describe the indenter area by a function is to fit the square
root of the area (as in Fig. 6.7). This has the advantage that in such a presentation
the ideal indenter shape is given by a straight line and deviations in the low depth
range can be better recognized.
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FIGURE 6.12. Low-depth detail of an area function for a depth range of 900 nm. A fit
formula with seven coefficients describes the data much better than a polynom of third
order.

Generally, an area function should be used only in the depth range over
which it was measured; otherwise considerable errors can be produced, because
the behavior of the function outside the fit range cannot be estimated. There are
several possibilities to get an estimation of the indenter area outside the fit range if
it is necessary to realize a big indentation depth. First, one can extrapolate the last
part of the area function (the upper end of the depth range) and check if there is
no strong deviation from the previous course. However, the extrapolation method
should be used to extend the depth range only by 20–30%. For larger depth, one
can assume the ideal tip shape and add an offset that is obtained from the difference
between the ideal area and the area value obtained for the last valid depth value of
the fit function. The best way would be to choose a softer reference material, which
allows measurements at large-enough depths and to make a new area function valid
for large depths.

Finally, it should be mentioned that the sum of the residuals of a least squares
fit is the minimum achieved for only that particular fit function. It is also important
how the function behaves between the measured data points, which were used for
the calculation. The sum of the residuals (or their squares) can be used as a guide
when comparing the relative suitability of different fit functions.
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5. ADDITIONAL CORRECTIONS FOR HIGH-ACCURACY
DATA ANALYSIS

For the measurement of hard coatings, the indentation depth rarely exceeds 1 µm
and measurements with only 100-nm depth are not unusual. Therefore, all available
correction procedures must be applied to achieve sufficient accuracy. Two of them
shall be briefly explained.

5.1. Thermal Drift Correction

It is well known that length measurements are sensitive to thermal expansion
of the measuring instrument and the sample during the measurement process. A
thermal drift correction is therefore necessary. The typical measurement time of
an indentation measurement with loading/unloading segment and holding time
at maximum load is between 30 and 300 s. In this time the depth should not
change more than 1 nm due to thermal effects. For the UMIS-2000 a thermal drift
constant of 1.22 µm/K was determined.2 A 1-nm accuracy of the depth measuring
system would require a temperature stability of about 1 mK in the time interval
of the measurement. This cannot be reached by an active environmental chamber
or other temperature control systems. Therefore, the measuring unit itself is used
to determine the thermal drift rate being experienced during each test. A second
hold period of at least 40 s or preferably more is inserted, for example, in the
unloading segment at a value between 5 and 30% of the maximum force. The
complete measuring cycle is shown in Fig. 6.13 for a fused silica measurement
with the UMIS-2000.

It is assumed that material influences can be neglected if the force and there-
fore the contact pressure are markedly reduced. This is a good assumption for
most materials but it is definitely wrong for materials with viscoelastic properties,
such as polymers. Fortunately, the indentation depth of polymers is so big that it is
possible to neglect the thermal drift correction. For hard nanostructured coatings
a thermal drift correction should always be applied. As a first approximation it
can be assumed that the thermal drift is linear over short time periods. This can be
tested, if necessary, by taking data over a longer hold period (for instance some
minutes) and plotting the drift rate as a function of time. Such a longer hold pe-
riod can also give valuable information about the influence of vibrations and the
effect of active temperature control systems, if installed. A linear fit is applied to
the depth–time data of the second hold period to deduce the drift rate. To further
improve the accuracy, the first 15–20 s of the second hold period should not be
included in the fit, because they may still be influenced by relaxation processes in
the material. An example is given in Fig. 6.14 for fused silica.

The upper curve shows the nonlinear depth change during the first hold period
at maximum force that is mainly determined by creep. The lower curve indicates
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FIGURE 6.13. Typical measurement cycle of an indentation experiment with loading
segment, hold period at maximum force, unloading segment, and second hold period at
10% of maximum force.

that the thermal drift is linear during the second hold period apart from the first 15 s
which are still influenced by material effects. The start of the second curve was
intentionally set to the depth value of the first one to enable a better comparison.
Observe the high accuracy of the depth measurement. The depth change is only
0.8 nm in 45 s. Nevertheless, the drift rate is 0.0173 nm/s, which would result
in a displacement error of 3.5 nm during a 200-s measurement time. This is less
than a 1% error for this 30-mN measurement but it would reach 6% for a 1-mN
measurement. The thermal drift correction can have a significant influence on the
measurement uncertainty, especially if the data points, used for the fit, are disturbed
by vibrations or other sources of scatter. A visual inspection of the fit accuracy
is therefore recommended. The accuracy can be improved by increasing the data
rate and the length of the hold period.

A thermal drift correction is still required even if the instrument measures the
displacement against a ring or tube, sitting on the sample surface (for instance, in
the case of the Fischerscope or the Nano-Hardness Tester (NHT) from CSM). An
example is given in Fig. 6.15 for a 100-mN measurement of fused silica with a
Fischerscope. The drift rate is –0.154 nm/s and therefore nine times higher than in
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FIGURE 6.14. Depth change over time due to thermal drift (lower curve) and creep +
thermal drift (upper curve). The straight lines represent a linear fit of the last 50% of the
data (upper curve) and last 75% of the data (lower curve).

FIGURE 6.15. Depth change over time during the second hold period after unloading
(lower curve) and at maximum force (upper curve) for a fused silica measurement with
a Fischerscope. The straight lines represent a linear fit of the last 50% of the data (upper
curve) and last 75% of the data (lower curve).
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the example before. The measurement was done in standard laboratory conditions
and is not an especially bad example. The somewhat coarser shape of the curve
is due to the 1-nm digital resolution of this instrument. In contrast to the UMIS-
2000, the Fischerscope is not positioned in an isolating chamber. Short thermal
fluctuations have therefore a larger effect.

5.2. Zero Point Correction

Displacement measurements start from the point of first contact between in-
denter and sample. The determination of this point influences the whole load–
displacement curve and should be carried out with care. The correct detection of
the surface position is not an easy task, particularly in the nano range. Two differ-
ent methods are generally used. For the first one, load and depth data are recorded
already during the approach, and the touch point is determined by the first increase
of test force or contact stiffness. The step size around this point shall be small
enough so that the zero point uncertainty is less than the required limit. Otherwise
a back-extrapolation method can be used as a correction method to improve the
zero point accuracy.

The other method detects the surface at the depth at which the minimum
possible contact force of the instrument is exceeded. Data before that point are not
available. Typically this is in the range between 1 and 10 µN. The minimum contact
force is an important parameter that distinguishes a nanoindentation instrument
from a microindentation instrument. If the initial contact force is too large, then
information about thin oxide or other layers is lost and the uncertainty of the zero
point rises. However, no matter how small the contact force can be made, there
is always already a small elastic penetration of the indenter beneath the surface.
For instance, the elastic deformation of a fused silica surface by a sharp indenter
with 200-nm radius is 2.4 nm at 5 µN and 1.3 nm at 2 µN. The first data points
after contact are used for the back extrapolation to zero force with an appropriate
fit function. The standard ISO 14577 proposes a polynomial of second degree.
However, one can usually assume that the first contact at such small forces is
purely elastic and the hertzian equations for the contact of spheres can be used. A
good fit function is therefore given by the equation

F = C(h − h0)3/2 (6.29)

with h0 as zero point correction. Even if the deformation is already in the plastic
range, the deviation from the F ∼ h3/2 relation is small when the displacement
is smaller than 20% of the tip radius. Figure 6.16 shows the first data points of a
3-mN measurement of fused silica with the UMIS-2000. The contact force was
4.5 µN. The best fit of the data (black points) with the hertzian equation (full line)
was obtained for a zero shift of 1.55 nm. This is close to the theoretical value of
1.50 nm for elastic deformation obtained for a tip radius of 700 nm.

Sometimes, also a shift to the left is required for the best fit (h0 is negative).
Such behavior is observed when the surface is detected too early due to the influence
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FIGURE 6.16. First data points (circles) of a fused silica measurement with 3 mN after
zero point correction in comparison to the fit curve, obtained with Eq. (6.29).

of surface roughness and vibrations. The back-extrapolation method can therefore
also, to a certain degree, reduce the disturbing influence of such factors. An example
is given in Figs. 6.17 and 6.18 where 10 sapphire measurements at equal load were
compared with and without zero point correction. The surface roughness of this
sample was not as good as usual and the scatter of the curves could be markedly
reduced by the back-extrapolation method of zero point correction.

6. SPECIFIC PROBLEMS WITH THE MEASUREMENT
OF THIN HARD COATINGS

6.1. Consideration of Substrate Influence

Measurement of the mechanical properties of thin films is often not an easy task,
especially if the film thickness is of the order of 1 µm or less. The situation
becomes even more complicated if there is more than one layer, a multilayer
system or a nanostructured coating. In the following, we assume that the indenter
area function and instrument compliance are correctly determined and that the
required corrections are applied.
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FIGURE 6.17. Comparison of 10 sapphire measurements without zero point correction.

It is often stated that the true hardness of coatings can be measured if the so-
called 10% rule, or Bückle rule,28,29 is kept. This rule requires the indentation depth
to be less than 10% of the film thickness, otherwise the substrate influences the
results. This rule is only a rule of thumb and is not derived from any physical laws;

FIGURE 6.18. Comparison of 10 sapphire measurements after zero point correction.
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however, the experience shows that it can be applied as upper limit to most of the
film–substrate combinations with a hardness ratio lower than about 4:1. It should be
used only if one has no possibility of proving the actual range of constant hardness
in the films. If both the hardness and Young’s modulus difference of coating and
substrate are not too big, one will find that up to 20% is often allowable. The rule
can generally be relaxed for the case of soft films on hard substrates.

It shall be pointed out here that even a very small depth to film thickness ratio
is no guarantee for a correct film hardness measurement, because very shallow
indentation depth results in another source of error (see below). Therefore, it is
recommended to measure always at different loads and to check if there is a window
in the depth range where a depth-independent film hardness can be observed.

The reason for the Bückle rule is that the plastic zone below the indenter
(in plastically deforming materials) extends much deeper than the indentation
depth (see for instance Weiler19) and that hard coatings may crack if the substrate
undergoes plastic deformation.

Figure 6.19 shows the result of hardness measurements on a 477-nm-thin
Si3N4 film on fused silica. The hardness increases at very small depth due to
the transition from purely elastic to plastic deformation (the tip radius for these
measurements was about 400 nm). It reaches a small plateau of 17.5 GPa and
decreases for depths above about 70 nm due to the substrate influence. The substrate
hardness is 9.3 GPa and approximately constant over depth. The depth to film
thickness ratio for constant hardness here was 15% and therefore bigger than that
given by the 10% rule. However, the general problem becomes clear. There is
only a small depth range where the true film hardness can be measured if the film
thickness is below about 500 nm and very small depths with blunt indenters may
not initiate plastic flow.

FIGURE 6.19. Indentation hardness versus contact depth for 477-nm Si3N4 on fused silica
and an uncoated substrate. The interface position is indicated.
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FIGURE 6.20. Indentation hardness versus normalized coating thickness DLC on steel;
selected data showing the effect of substrate yield for the thinnest film. [Data are given
from Berkovich and Vickers indenter geometries (from Ref. 1).]

Another example is given in Fig. 6.20. The results are taken form the
INDICOAT project.1 Three diamond-like carbon (DLC) films of different thick-
ness but equal mechanical properties were measured with Berkovich and Vickers
indenters. The indentation hardness is given as function of the contact depth, nor-
malized by film thickness. The hardness of the thicker films agrees for depths
between 5% and about 15% of the film thickness and decreases for larger depth.
In contrast to that, the determined maximum hardness of the 460-nm-thin film is
smaller. The only reason for this difference is that the true film hardness can no
longer be measured at any depth due to the substrate influence and the radius of the
tip being too large. The M2 steel substrate hardness is given in Fig. 6.20 as a straight
line.

There are a lot of different models that are used for the calculation of the
film hardness from the measured effective or composite hardness; however, none
of them has been proven as generally applicable. They are valid only for special
conditions like depth to film thickness ratio, failure mechanism (cracking or plastic
deformation), hardness and/or modulus ratio, and so on. An overview of such
models can be found in Refs. 30–32. Before a model is used for the calculation of
the true film hardness it should be checked to ensure that it can be applied to the
particular film–substrate combination to be tested. Otherwise a considerable error
can arise.
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FIGURE 6.21. Depth-dependent effective modulus of 1.06-µm-thick Si3N4 coatings on
BK7 glass and Si, measured with a Berkovich indenter.

A “10% rule” as in the case of indentation hardness does not exist for modulus
measurements, because the extension of the elastic field is in principle infinite. This
is demonstrated in Fig. 6.21. Si3N4 films 1060 nm thick were deposited with the
same plasma-assisted chemical vapor deposition process both on silicon single
crystal and on BK7 borosilicate glass substrates. For such conditions the film
modulus should not depend on the substrate material. Details of the preparation
process and the thickness measurement by means of spectroscopic ellipsometry
can be found in Ref. 33. The modulus measurements were made with a Berkovich
indenter and the UMIS-2000 instrument. Equal modulus for both samples could
be observed only at very shallow contact depth of 12 nm. The maximum force
corresponding to this measurement was 300 µN. Accurate measurements in this
depth range require a very precise instrument and an excellent area function,
which is difficult to obtain. The modulus result for Si3N4 was 137 GPa. The
10% film thickness depth is indicated in Fig. 6.21. The modulus change at this
depth is already larger than 11% although the modulus ratio between film and
substrate is relatively low (1.67 for BK7 and 0.84 for Si). For many film–substrate
combinations the modulus ratio is larger than 2 and would give rise to a much
steeper depth-dependent modulus change. The Young’s modulus of BK7 glass is
82 GPa and was proven to be depth independent (see Fig. 6.21).

Another example is given in Fig. 6.22 for the same DLC coating on steel
system as in Fig. 6.20.2 Experimental results from spherical, Berkovich, and Vick-
ers indenter geometries are compared with elastic–plastic finite element analysis
(FEA) results. In contrast to Fig. 6.20 the reduced modulus is used as the ordi-
nate. The modeled data are for a spherical indenter on DLC coatings with varying
thickness and a reduced modulus of Er = 142.7 GPa. The solid line is obtained
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FIGURE 6.22. Indentation elastic plain strain modulus versus normalized coating thick-
ness for DLC on steel; selected data plotted with values calculated from FEA simulation.
The solid line is a nonlinear fit to the FEA data. (From Ref. 1.)

from a nonlinear fit to the FEA data. There is excellent agreement between the
model and the experimental data, which confirms the nonlinear relation. However,
the precise nature of the nonlinear relation cannot be derived from simple rules,
since it depends on the combination of elastic constants in the system and their
combined contributions as a function of relative coating thickness. The reduced
moduli of steel substrate and film, which were used for modeling, are shown as
straight lines. The results make it clear that the modulus change is the strongest in
the low depth range and decreases with increasing depth. No limit can be given for
the depth to film thickness ratio to derive the correct film modulus. The modulus
error due to substrate influence is below 5% only when the contact depth is smaller
than 2–3% of the film thickness and the modulus ratio between film and substrate
is smaller than about 3. However, if the film is more than five times stiffer than the
substrate, even 2% of the film thickness can be too much for an accurate modulus
measurement. This can be shown for the case of a 1.8-µm-thick c-BN film on
silicon. It was measured with a Berkovich indenter with a tip radius of 380 nm.
The depth-dependent modulus results are given in Fig. 6.23. The Young’s modulus
is steadily increasing toward the surface with the largest measured value of 776
GPa at 3 mN. This is still below the true film modulus, which is between 800 and
850 GPa, although the contact depth was only 21 nm and the contact depth to film
thickness ratio was 1%. The measurements on c-BN were purely elastic up to 5
mN and plastic effects could not influence the accuracy of the first two data points
in Fig. 6.23.

There are three possibilities to derive the true film modulus from the measure-
ment data. The easiest one is the extrapolation of the depth-dependent modulus
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FIGURE 6.23. Modulus result as a function of contact depth for a 1800-nm-thick c-BN
coating on silicon, measured with a Berkovich indenter with 380-nm tip radius. The true
film modulus is 800–850 GPa.

data to zero depth. Data only from the smallest depth should be used with a linear
fit. The second possibility is elastic measurements with an appropriate spherical
indenter in combination with modeling of the elastic displacement (see Section 7).
Finally, there is also the possibility to calculate the film modulus from the mea-
sured effective modulus and the known substrate modulus. Several authors have
tried to derive formulas for the effective modulus or effective compliance of coated
systems as a function of the elastic properties of both materials, and the ratio of
contact radius or indentation depth to film thickness. Best known is the solution of
King,15 who used an integral equation technique to perform an elastic analysis of
flat-ended punches of different shapes. Bhattacharya and Nix34 compared King’s
results with their own FE results. King’s calculations were seen to be in reason-
able agreement with the FE results. However, for decreasing depth of indentation,
it appears that the values predicted by King approach the modulus of the film
too slowly. Gao et al.35 adopted a perturbation method to construct a first-order-
accurate solution for the contact compliance of a coated medium. Further, they
have shown that interface cracks and debonding have a significant influence on the
contact compliance in indentation experiments. Such effects reduce the reliability
of Young’s modulus determination in the presence of plastic deformation. Hence,
wholly elastic measurements would be preferable. Menčik et al.36 compared five
different regression functions for the extraction of the film modulus from measure-
ments with various indentation depths. They concluded that the Gao function35

was the best of all and describes the indentation behavior of thin films reasonably
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well. Sometimes, however, differences for the modulus results of the same coating
material with various thicknesses on various substrates were larger despite the fits
being relatively good. They recommended using the minimum possible load or
indentation depth to obtain the best modulus results.

The method of choice should depend on the availability and accuracy of the
data and on the possibility of carrying out purely elastic measurements.

6.2. Sink-In and Pileup Effects

“Pileup” is upward flow of material around the indentation that remains located
above the original surface plane after unloading the indentation. The effect occurs
mostly for work-hardened metallic materials and is often seen as causing convex
(barrel-shaped) boundaries of the impression in plan view. The opposite sink-
in effect results in concave (pincushion-shaped) boundaries and may occur with
annealed metals or materials that densify. Both effects are intensified in coatings
if the depth to film thickness ratio exceeds a certain limit. The disadvantage of the
effects is that they cause an under- or overestimation of the contact area derived
from the indentation depth. They violate the conditions for the analysis model
given in Section 1. Bolshakov and Pharr37 have shown for homogeneous materials
that failure to account for pileup in the area determination can lead to a hardness
overestimation of as much as 60%. At the moment, there is no method available
(except for the direct measurement of the surface topography), which allows an
area correction, unless the modulus of the material is known and is constant. For
every film–substrate combination one should therefore try to analyze how much
such effects could influence the results.

Figure 6.24 shows AFM images of 100-mN Berkovich indents in alumina
films on nickel. A pronounced sink-in effect can be seen in the thicker 2-µm coating
on the left. The depth here was 35% of the film thickness. The hard coating was
pressed into the plastically deformed substrate but it is still intact. The right-hand
image shows that the film breaks if the depth to film thickness ratio is greater. In
this case there is no longer a sink-in observable as the line scan in the lower part
of the image shows.

The pileup effect is shown in Fig. 6.25. A 1.1-µm thick aluminum film on
BK7 glass was measured with 10 mN (left side) and 50 mN (right side) forces.
The lower force results in a 0.4 µm deep impression with nearly no pileup. In
contrast to this, the 0.9-µm-deep indent is accompanied by a 0.4-µm high wall in
the middle of the side. This can be seen in the line scan along the line, indicated
in the upper part of the image.

Hard nanostructured coatings in combination with softer substrates should
show the sink-in effect only if the indentation depth is too big. The critical limit
depends on the hardness ratio of both materials. Normally, a sink-in should not
occur if the depth is below 10% of the film thickness. However, if the hardness ratio
(film to substrate) is greater than about 10 this limit may no longer be sufficient
for accurate measurements.
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FIGURE 6.24. AFM images of Berkovich indents in alumina films on nickel. The left
image shows a 0.7-µm-deep indent into a 2-µm coating and the right one a 1.2-µm-deep
indent into a 0.7-µm coating. The maximum load was 100 mN in both cases.

7. LIMITS FOR COMPARABLE HARDNESS
MEASUREMENTS

It was already mentioned in the last chapter that the hardness appears to decrease
for very shallow indentation depths due to the tip rounding of the indenter. This can
be observed most easily for hard materials because initially they behave purely
elastically at very low loads, even if the tip is relatively sharp. In this case the
calculated hardness value is just the contact pressure, which increases until plastic
deformation starts. For fused silica for instance, the elastic–plastic transition is
at 50 µN for a 200-nm radius tip and at 300 µN for a 500-nm radius. Plastic
deformation starts at a depth of about half the contact radius below the indentation.
This is 58 nm for fused silica and a 500-nm radius indenter. The plastic zone extends
for higher loads until it eventually reaches the surface. For conical or pyramidal
indenters with a spherical cap, it finally reaches a state where the shape no longer
depends on force and indentation depth. The dimension of the plastic zone scales
with the depth. It is growing but the width to depth ratio and the general form is
kept constant. This is the condition of self-similarity, which is necessary for the
measurement of a constant hardness for homogeneous materials.
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FIGURE 6.25. AFM images of Berkovich indents in aluminum films on BK7 glass. The
left indent was made at 10 mN and the other at 50 mN. The lower part shows line scans
along the lines, given in the upper images.

The question is now what is the minimum depth (in relation to the tip radius)
where constant hardness can be expected. There are two limits that can be defined.
Both are shown in Fig. 6.26 for a cone with a spherical cap.

The first limit (limit 1) is given by the point at which the spherical cap has the
same slope as the ideal cone (19.7◦ is equivalent to a Vickers pyramid) and results
in a smooth transition between both bodies. The corresponding depth is given in

FIGURE 6.26. Representation of the two possible depth limits for comparable hardness
measurements for a conical indenter with spherical cap. The local or the effective slope
corresponds to that of an ideal cone with the same depth to area ratio as a Vickers
indenter.
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TABLE 6.3. Limits for Comparable Hardness Measurements

Contact depth limit (nm) Film thickness limit (nm)

Tip radius(µm) Limit 1 Limit 2 Limit 1 Limit 2

0,1 6 12 60 120
0,2 12 24 120 240
0,3 18 36 180 360
0,5 29 60 290 600
1,0 59 121 590 1210

Fig. 6.26 by h1 and the segment radius by a1. The other limit (limit 2) is at the point
where a straight line, drawn from the outermost tip to the sphere surface, has the
same angle as the side of the cone. This is depicted by a2 and h2 in Fig. 6.26. The
depth to radius ratio of the first limit is h1/R = 1 − cos(19.7◦) = 0.0585 and that
of the other is h2/R = 0.121. Experience shows that the observable depth limit for
constant hardness measurements is closer to limit 2 by about 10% of the radius and
therefore closer to the larger number in the table. This corresponds to experiences
with the comparison between Vickers and Brinell hardness. The minimum contact
depth for comparable hardness measurements and the minimum film thickness
that can be measured according to Bückles 10% rule are summarized for typical
tip radii in Table 6.3. To get comparable hardness results the realized contact depth
has to lie in between the contact depth limits of Table 6.3 or has to be larger. The
thickness limits in Table 6.3 are the minimum film thicknesses where a substrate-
independent film hardness can be measured if just a contact depth of limits 1 or 2
is realized. One will get inaccurate results due to the tip rounding if the depth is
smaller, and one will also get inaccurate results due to the substrate influence if the
depth is bigger. The contact depth range for comparable hardness measurements
increases with increasing film thickness. The validity of the 10% rule has also to
be considered (see discussion in Section 5.1).

It must be emphasized here again that exceeding the limits of Table 6.3 is
no guarantee of a depth-independent hardness, because this also depends on the
material itself.

The other limiting factor for comparable hardness measurements is the ratio
between film and substrate hardness for coatings with a thickness smaller than the
tip radius. To understand this we have to look at the von Mises comparison stress
along the depth axis. The von Mises stress is defined by the equation

σM =
√

1

2

(
(σxx − σyy)2 + (σzz − σyy)2 + (σxx − σzz)2 + 6

(
τ 2

xy + τ 2
xz + τ 2

zy

))
(6.30)

with σi i as normal stresses parallel to the Cartesian coordinate axis and τ i j as the
corresponding shear stresses. By means of the von Mises stress, a complicated
multiaxial stress state can be related to the yield strength of a material. Yield starts
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FIGURE 6.27. von Mises stress along the depth axis for different tip radii and film to
substrate modulus ratio. The calculation was done for forces such that the maximum
stress in the substrate is 3 GPa.

at the position of the maximum von Mises stress. An example is given in Fig. 6.27.
Here, the case of 100-nm-thin coatings deposited on a hard steel substrate with a
yield strength under compression of 3 GPa is considered. A Poisson’s ratio of 0.3
is used for film and substrate. The Young’s modulus of the steel is 200 GPa and the
coatings have a two or three times higher modulus. A purely elastic calculation was
performed for contacts with spherical tips of 200 nm (sharp Berkovich indenter)
and 500 nm (blunt Berkovich indenter). The contact force was chosen so that the
von Mises stress of the substrate just reaches the yield strength. Plastic deformation
in the coating can be produced only if the yield strength of the film material is
smaller than the calculated maximum of the von Mises stress. Otherwise, the
plastic deformation starts in the substrate at the interface. This gives rise to high
bending forces in the film, and cracks through the coating occur. The broken parts
of the film will then be pressed into the substrate and increase the effective area
of the indenter. A comparable hardness measurement of the coating is impossible
under such circumstances. The critical stress limits for the 200-nm indenter were
calculated to be 22.6 GPa for a modulus ratio of 3 and 18.1 GPa for a modulus ratio
of 2. The critical limits for the 500-nm indenter are only 12.1 GPa for a modulus
ratio of 3 and 9.9 GPa for a modulus ratio of 2. The yield strength of TiN with
E = 400 GPa, for instance, is about 12 GPa and it will be impossible to measure
the hardness of a 100-nm TiN film with a 500-nm radius indenter. The situation
gets worse if the yield strength of the substrate is even smaller. A hard thin coating
on a soft substrate like magnesium is therefore very difficult to measure. This
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requires very sharp tips and thick-enough coatings. Hardness results for coatings
below 500-nm thickness should therefore be critically examined, and it should be
questioned whether the measurement conditions really allow a measurement of
coating hardness. Beside that, the forces for the onset of yield in the substrate were
very small in the given example of TiN on steel. The maximum force was between
50 and 64 µN. Hardness measurements of coatings below 200–300-nm thickness
therefore require an instrument with resolution and noise floor in the µN range
and very sharp tips.

8. YOUNG’S MODULUS MEASUREMENTS WITH
SPHERICAL INDENTERS

Hard smooth coatings are ideally suited for measurements with spherical indenters
in the purely elastic deformation regime. Depending on the indenter radius, the
maximum force for purely elastic deformation is in the range of several mN, which
can be easily resolved with modern instruments.

Nanoindentation experiments with spherical indenters were pioneered by
Field and Swain.38,39 They developed a method using multiple partial unload-
ing experiments which allows the calculation of a depth-dependent modulus or
contact pressure. However, this method is suited only for thicker coatings because
it does not allow to exclude the substrate influence.

The situation can be improved by applying purely elastic measurements with
spherical indenters. This was used in a new method, developed by Chudoba
et al.25 and Schwarzer et al.40 It combines, for the first time, high accuracy
indentation measurements with an analytical calculation of the elastic load–
displacement curves for coated systems. The model of Schwarzer allows a
quick calculation of the complete stress or deformation field for hertzian con-
tact on a coated half-space. The theoretical load–displacement curve is fitted
to the measurement data and the Young’s modulus of thin coatings can be ex-
tracted with high precision. The substrate properties are considered in the cal-
culation and therefore there is no limit for the indentation depth in relation
to film thickness, which could prevent an accurate determination of the film
modulus.

The required condition for elastic measurements is a sufficiently smooth sur-
face, at least over a surface area with the dimension of the final indentation. A
general roughness limit cannot be given but a mean roughness below 10 nm is
desirable. Furthermore, accurate corrections of thermal drift, zero point, and in-
strument compliance are required as described in the preceding sections. In contrast
to elastoplastic deformations, only one hold period at maximum force is required
for the detection of the thermal drift, since there are no creep effects. More in-
formation can be found in Ref. 25. Under such conditions it is possible to reach
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a displacement separation (between the loading and unloading segments) of less
than 1 nm and both curves cannot be distinguished by eye in a graph.

In the following example, the 1.06-µm Si3N4 coating on BK7 glass (Fig.
6.21) is measured with a spherical indenter of about 50-µm radius. First, the
modulus of the substrate has to be determined. This can also be done by elastic
measurements if the substrate is hard and smooth enough. If the modulus and
Poisson’s ratio of the substrate are well known from the supplier or the literature,
the substrate can be used for the calibration of the indenter radius. An effective
radius can be calculated with Eq. (6.5) for every point of the force–displacement
curve when depth h, force F , and reduced modulus Er are known. The indenter
radius is normally not depth independent due to unavoidable deviations from the
ideal spherical shape. The determination and use of a radius function instead of
using a constant radius value can therefore improve the accuracy of the modulus
calculation. The word “effective” is used because the real shape is described by
the radius of an ideal sphere which produces the same indentation depth at equal
load.

Figure 6.28 compares the elastic measurements of the pure substrate and
the coated sample to the modeled load–displacement curves. The modulus was
calculated by a least squares fit between measurement data and theoretical
load–displacement curve. This is done in an iterative procedure by varying the
film modulus (or the bulk modulus for the substrate only). Although only one
parameter is varied, the agreement between both curves is excellent over the
whole depth range. The mean difference is less than 0.5 nm. This indicates that

FIGURE 6.28. Comparison of measured and calculated force–displacement curves for a
BK7 glass substrate and a 1.06-µm-thick Si3N4 coating on BK7. The difference is less than
1 nm.
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the theoretical model used for the calculation is well suited for describing the
contact conditions. The result for Si3N4 was a modulus of 137 GPa, exactly the
value at which both curves in Fig. 6.21 meet each other and represent the film
properties.

The mathematical model behind the calculation is quite complicated and
described in more detail in Ref. 41. It uses recent results of potential theory42,43

and a new theoretical method of image loads that gives a complete analytical
three-dimensional solution for stress and strain fields caused by a hertzian pressure
distribution on a substrate with several layers. This method is similar to the known
method of image charges in electrostatics. Results are calculated completely in an
analytical form; therefore, the calculation is much faster than FE treatments and
small details of the elastic fields are usually better resolved. A software package
ELASTICA (ASMEC GmbH, Germany) has been developed, which allows easy
utilization of the results. Beside other things, the load–displacement curve can be
calculated and fitted to experimental data to derive the Young’s modulus of thin
films independent of the substrate influence. This is a big advantage in relation to
the conventional method because the indentation depth can be much bigger than
2–3% of the film thickness. In Ref. 44 a comparison with a surface acoustic wave
method showed that the modulus of DLC coatings on silicon could be correctly
measured with spherical indenters down to 4.3-nm-thick films. This was achieved
with a 3-µm radius indenter and a maximum force of 7 mN. About 20 single
measurements were carried out at different positions and averaged. The load–
displacement curve of a 25-nm-thin DLC film is shown in Fig. 6.29. Differences

FIGURE 6.29. Comparison of measured and calculated elastic force–displacement curves
for a 25-nm DLC coating on Si. Differences are smaller than 0.2 nm and cannot be resolved
(see Ref. 44).
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between measurement data and the fitted curve were only 0.2 nm at the most. The
modulus result calculated for the DLC coating was 359 ± 28 GPa.

The optimum radius for elastic measurements has to be chosen to match
the film thickness and material combination. The surface sensitivity is improved
when a smaller radius is chosen. However this results in a smaller maximum
load to stay in the elastic regime. This may result in unacceptably small forces
for softer materials. A large radius enables the measurement of softer materials
but it touches a larger area, and surface roughness has a greater influence. Our
experience shows that the method cannot be applied with high accuracy to soft
metals. For hard nanostructured coatings, however, it is an attractive alternative
for the determination of the film modulus.
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1. INTRODUCTION

Transition metal (TM) carbides and nitrides have been the most studied and inves-
tigated compounds since the beginning of the use of hard coatings to improve the
performance of mechanical components. Since the pioneering study on the depo-
sition and characterization of TiC and TiN, many different approaches have been
followed in order to make these coatings perform better and better. In fact, the
enthusiasm among researchers grew quite rapidly because the final results reached
with coated components were so much better than with uncoated bulk materials.
As a result, the application of hard coatings as a universal panacea for all the
wear problems occurring in the mechanical industry was immediately installed.
Nonetheless, it is obvious that whenever new situations were envisaged for the
application of a hard coating, there were new demands that could not be satisfied
with the existing Ti-based compounds.

In most of the studies performed to develop “new” hard coatings, the sup-
porting ideas were naturally based on the acquired knowledge of researchers
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on materials science and engineering. First, the study of other TM carbides or
nitrides deposition arose due to some of their specific advantages over TiC
or TiN, such as higher oxidation resistance at high temperatures, higher frac-
ture toughness, or better mechanical behavior at high temperatures. Second,
the alloying of existing TM nitrides or carbides with other elements is a com-
mon procedure used for the improvement in a particular property of a mate-
rial, and a good example is the development of the steel through the course of
time.

The original scope of the alloying of existing carbide and nitride thin films
was based on the principle that supports the idea behind the existence of composite
materials, i.e., the association of two dissimilar materials in order to build a “new”
material that brings together the best properties of each individual material, thus
avoiding their drawbacks. This was used with the Ti(C,N) system right from the
very beginning. TiC was known as a very hard material but also very brittle,
whereas, TiN, which was known to be softer, had superior fracture toughness
and an improved adhesion to steel substrates. The motivation was the same for
the first alloying studies on Ti nitride with Al and/or Zr.1–12 TiN had a very low
oxidation resistance, a drawback that made it less suitable for applications where
the service temperature could reach several hundreds of degrees Celsius, as it is
the case in the tip of cutting tools working at very high cutting speed. Both Al and
Zr could increase the temperature for initiating oxidation of the coatings by more
than 200◦C, in comparison to TiN.

Nevertheless, researchers soon realized that the alloying procedure also had a
beneficial effect on the coating’s mechanical properties, with significant improve-
ments in hardness, maintaining high values of fracture toughness and coating
adhesion. Several explanations were given based on well-known hardening mech-
anisms such as those based on lattice distortion (solid solution, precipitation),
decrease in grain size (grain boundaries), or electronic structure (valence electron
concentration).

Since the beginning of the 1980s, when the first studies of coating modifica-
tion with alloying were performed, thousands of papers were published on different
systems and/or different deposition techniques used for film formation. The pur-
pose of this chapter is not to conduct a complete and extended review of all these
studies. This chapter will concentrate solely on the cases where the third element
influenced the main phase of the binary system. The cases where nanocomposite
structures were formed as a result of the alloying process will be dealt with sep-
arately in other chapters of this book. This chapter will review, for a large range
of carbides and nitrides, the influence of the addition of a third element on the
properties of the original materials deposited in the form of thin coatings. Many
of the relationships presented, and more specifically the case concerning W-based
systems deposited by sputtering technique, will be analyzed later, in more detail.
There will be two parts to this contribution: the first one on TM nitrides and the
second one on TM carbides.
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2. THE ADDITION OF ALUMINUM TO TM NITRIDES

The first system presented is the TM-Al-N, and more specifically the Ti-Al-N case,
because of its importance in the industry where it is extensively used. Figure 7.1a,b
presents the hardness of Ti-Al-N and Cr-Al-N films, respectively, expressed as a

(a)

(b)

Cr2N

fcc NaCl

fcc NaCl

FIGURE 7.1. Hardness of TM-Al-N films in relation to TM nitrides as a function of the
AlN content: (a) TM = Ti (1 – Ref. 13; 2 – Ref. 14; 3 – Ref. 15; 4 –Ref. 16). (b) TM = Cr.
(1 – Ref. 14, 2 – Ref. 17)
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function of the Al content.13−17 Similar trends were found in most cases, i.e.,
the hardness increased up to a threshold value of the AlN molecular content and
decreased thereafter. The decrease in the hardness coincided with the change in
the phase composition of the coatings, forming the hexagonal wurtzite AlN to the
detriment of the fcc NaCl-type phase characteristic of TiN. Makino and Miyake14

concentrated their studies on the analysis of TM-Al-N films deposited with different
techniques. The specific deposition conditions used in the different techniques
allowed for the achievement of cubic/hexagonal transformation at different Al
contents. According to the authors’ plotted results, the inflection on hardness did
not depend on the AlN content, but the decrease always coincided with the rock
salt cubic/wurtzite phase transformation.

A progressive decrease in the lattice parameter with the increase in the Al con-
tent was observed in the TM-Al-N systems, suggesting the formation of a solid so-
lution where the smaller Al atoms substitute the TM positions (Fig. 7.2a,b).15,17−25

However, as can be observed in the figure, the trend in the lattice parameter val-
ues, found by different authors, can diverge, showing a nonlinear behavior in
some cases. To distinguish and exemplify these trends, two sets of points (the data
points related to Refs. 19 and 21) in Fig. 7.2 are connected by straight lines, full and
hatched, respectively. In the first case, a linear trend up to 70% AlN was observed,
which suggested that only the fcc phase was being formed, with all the Al atoms
replacing Ti in the TiN phase. In the second case, there was a clear change in the
trend for AlN contents of ∼20%. This result demonstrates that the formation of
the wurtzite phase could also occur during the film’s deposition before the marked
threshold value of AlN contents of ∼70% is reached. By using a partial structure
map and the concept of two band parameters, Makino26 predicted the maximum
solubility of B4-type nitrides into B1-type TM nitrides and found a value of 65.3%
solubility for AlN into TiN. However, other experiments have also shown that this
threshold depended on the deposition technique and the conditions used for the
film formation.14

Matsui et al.24 did not find variation in the lattice parameters of TM-Al-
N films deposited by reactive sputtering, for AlN contents of 20 and 40% (see
Fig. 7.2). Taking into account the general trend shown in the figure for all the
other results, these values were much higher than those expected. The authors
justified this result by stating that there was insufficient mixing and substitution of
the cations. The predicted values from the trend in Fig. 7.2 could be reached only
after an annealing of the films at 700◦C. These results were in accordance with
the established description of the metastable (Ti1−x Alx )N system where two solid
solutions should be expected, one with the fcc phase of TiN for the low Al contents
and the other with the AlN wurtzite-type phase for the highest Al contents. An
immiscibility gap can exist between them, with the extension depending on the
deposition conditions.19,24,27,28

Hirai et al.17 performed a detailed characterization of TM-Al-N coatings,
including the measuring of residual stresses and grain sizes. They could not justify
the hardness variations with the changes in these characteristics. In fact, there was
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(a)

(b)

a a
c c

FIGURE 7.2. Lattice parameter of TM-Al-N films in relation to (a) TMN (fcc NaCl-type
phase) as a function of the AlN content (1 – Ref. 15; 2 – Ref. 17; 3 – Ref. 18; 4 — Ref. 19; 5
— Ref. 20; 6 — Ref. 21; 7 — Ref. 22; 8 — Ref. 23; 9 — Ref. 24; 10 — Ref. 25) and (b) AlN
(hexagonal phase) as a function of the TMN content.17

no particular trend in the stress values as a function of the Al content and the
stresses were quite low (the highest value was 0.5 GPa compressive stress) and
insufficient to explain the hardness variation. With regards to the grain size they
also found larger grains in the film doped with Al in comparison to single Cr-N
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film (300 nm against 150 nm), results that contradict the well-known Hall–Petch
relationship. According to this relationship, the lower the grain size, the higher
the mechanical strength of a material should be. They attributed the hardening to
the strain induced by the solid solution, similarly to what is common in metallic
materials,29 and they supported this conclusion with results in literature where
similar hardening was detected in ceramic-based materials.30,31

Besides the influence of the lattice strain, Zhou et al.32 suggested that the
increase in the hardness could be due to an increase of the covalent energy of
the bonding, since the decrease in the interatomic distance was related to the
covalent band gap in an inversely proportional way.33 The higher energy of the
covalent bonding led to stronger interatomic forces and the improvement in film
hardness.

When the situation is analyzed from the AlN perspective, it is also possible
to state the hardening effect by solid solution. Figure 7.2b shows the evolution of
a and c lattice parameters of the hexagonal AlN phase as a function of the TiN
content. As can be observed, there was an expansion of a and a shrinkage of c
parameters with the increase of the TiN content. This was due to the substitution of
the Al atoms by the larger Ti atoms. The increase in the lattice strain originated by
Ti alloying gave rise to an increase in the hardness of Ti-Al-N films in comparison
to the pure AlN sample, as shown in Fig. 7.1.

Although the hardness values presented in Fig. 7.1 by Rauch et al.15 followed
the same trend as followed by values given by the other authors, the interpretation
of their evolution with the AlN content could not be explained in the same way.
In fact, the change in the structure from the fcc TiN to the hexagonal AlN phase
did not give rise to a decrease in hardness. The authors justified the hardness
values as the formation of a nanocomposite structure where, for low AlN contents,
this phase was present in the amorphous state in the grain boundaries of TiN
nanocrystallites, whereas, for the highest AlN contents, the opposite situation
occurred, i.e., nanocrystalline grains of AlN were surrounded by an amorphous
TiN layer. The presence of the amorphous phase in the grain boundaries prevented
grain boundary sliding, leading to the hardening of the material, thus following
the concept introduced by Veprek et al.34 (this subject is addressed in Chapter 9
of this book).

It is not clear from the literature results that the addition of Al to Cr-N and
to the Ti-N systems had a marked influence on the film grain size. Only a few
authors15,17,23,25 made reference to this structural parameter, and they did not
mention any important changes in the grain size value for the fcc coating phase.
However, they observed a strong decrease of approximately one order of magni-
tude in the grain size, when changing from the fcc nitride to the wurtzite phase.
Generally, this trend was accompanied by an improvement in the density of the
morphology with a marked transition from a columnar to a small fibrous mor-
phology. Recently, Banakh et al.35 found that the alloying of TM nitride with Al
could lead to a decrease in the grain size, a fact that they stated for the Cr-Al-N
system.
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FIGURE 7.3. Lattice parameter of ternary TM nitrides as a function of the increasing
addition of the second TM element. For the unspecified cases the TM parent nitride is
CrN. (1 – Ref. 36; 2 – Ref. 37; 3 – Ref. 36; 4 – Ref. 38; 5 – Ref. 36; 6 – Ref. 39; 7 – Ref. 39; 8
– Ref. 40)

3. TERNARY NITRIDES WITH TM ELEMENTS FROM THE IV,
V, AND VI GROUPS

In most cases, the mixing of TM nitrides from the IV, V, and VI groups during the
deposition of thin films gave rise to a close linear variation of the lattice parameter
of the fcc nitride phase of the parent TM element. Figure 7.3 exemplifies this
trend for different elements added to CrN36−39 and also for the influence of Zr in
TiN.39,40 This result indicated that a solid solution was expected, with the added
atoms substituting the metal atoms in the nitride phase. Besides the experimental
uncertainty in the lattice parameter calculation, the small changes to the linear
trend that were detected could be due to either small variations in other coating
characteristics, such as the residual stress values, or the N contents in the films.
The deposition of these systems was carried out by reactive sputtering. Due to the
different affinities of the TM for nitrogen, the content of this element incorporated
in the films can vary significantly, depending on the TM element being added.
Therefore, if a TM with low N affinity is added to a nitride (e.g., W to TiN), a
decrease in the N content of the film could be expected if adjustments are not made
in the partial pressure ratio of N2 during the deposition. For example, Moser et al.41

found a decrease in the N content (N/(Ti + W) from 1.1 to 0.9) in Ti-W-N films
when the W/Ti ratio increased in the films from 0 to 0.67. Moreover, these authors
also found higher tensile stress values with the W increase, which was explained by
an improvement in the coating density. The low adatom mobility conditions used by
these authors for the film’s deposition originated under dense structures. However,
with the W addition, there was an improvement in density. The porous column
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boundaries, which for low W contents could not sustain macrostress, improved
the proximity and attractive forces among the columns, leading to an increase in
tensile stress.

In conclusion, changes in both the stress state and the N content of the films,
caused by the substitution of one metallic element by the other in the nitride phase,
have effects on the lattice parameter and can therefore interfere in the trend, as can
be observed in Fig. 7.3. Although the experimental values for the atomic radius
are quite different, depending on the selected literature source, using the data for
the atomic radius calculated according to Clementi et al.,42 good congruity was
obtained between the degree of the lattice dilatation shown in Fig. 7.3 and the
atomic radius of the alloying element. The ascending series of the atomic radius
of the elements shown in Fig. 7.3, beginning with Cr, is Cr, Ti, Mo, W, Nb, Ta, and
Zr (0.166, 0.176, 0.190, 0.193, 0.198, 0.200, and 0.206 nm, respectively). As can
be observed, the increase in the lattice dilatation with the content of the alloying
element was as steep as the difference in the atomic radius values between the host
TM (Cr or Ti) element and the alloying element increased.

In the light of the effect introduced by solid solution hardening, the analysis
of Fig. 7.4, where the influence of the addition of different TMs to TiN on the
hardness is presented, allows for the conclusion that the lattice changes induced by
the substitution of one element for another with a different radius could effectively
lead to the improvement in hardness.39,40,43,44 In fact, regardless of the side from
which the analysis was performed, for the Ti-containing system, the ternary nitrides
presented higher hardness than binary nitrides. This effect could not be attributed to
grain size influence. Although there were no extensive references to the influence
of the TM addition on the grain size of TiN phase, for both Nb and Zr additions,

FIGURE 7.4. Hardness of Ti-TM-N films in relation to TiN as a function of the TM content.
(1 – Ref. 39; 2 – Ref. 39; 3 – Ref. 40; 4 – Ref. 43; 5 – Ref. 44; 6 – Ref. 44)
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FIGURE 7.5. Hardness of Cr-TM-N films in relation to CrN as a function of the TM content.
(1 – Ref. 36; 2 – Ref. 36; 3 – Ref. 37; 4 – Ref. 38; 5 – Ref. 45; 6 – Ref. 46; 7 – Ref. 47;
8 – Ref. 48).

Boxman et al.44 did not find any significant variations in the grain size with the
increasing alloy content.

In the case of Cr-TM-N system, the trend in the hardness evolution with
increasing TM content changed from element to element, although the evolution of
the lattice parameter was similar in all of them (see Fig. 7.3). Figure 7.5 shows that
different trends were achieved36−38,45−48: (1) the hardness increased monotonously
from single Cr-N up to single TM-N (W, Ta); (2) there was an improvement in
hardness when mixing occurred (Ti); (3) there was a decrease in the hardness
values for ternary films in comparison to binary ones (Mo, Nb, Ti). For each case,
the explanations suggested by the authors were quite diverse because it was not
possible to use any particular set of hardening mechanisms to interpret all the
results:

1. The addition of Ta to CrN led to broader X-ray diffraction (XRD) peaks,
suggesting a decrease in the grain size that could have contributed to
the small increase observed in the hardness for the ternary coatings.38 In
the case of Cr-W-N system,47 several factors were considered to justify
the increase in the hardness with the W content. The first factor that was
considered was the structural parameters. When alloying the films with
W, there was a decrease in the grain size, an increase in the compressive
stress level, and an improvement in coating density from a columnar to
a fine-grained morphology, all of which are factors known to contribute
to the hardening of materials. Moreover, and more specifically for Cr-rich
films, the authors suggested that the strong increase in hardness observed
with the addition of a small percentage of W could be attributed to a change
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in the bonding character. The presence of W species increased the covalent
level of bonding with the consequent increase in hardness.

2. For the Cr-Ti-N system the interpretation is the reverse of the one previ-
ously suggested for the Ti-TM-N systems.

3. For the other Cr-based systems, the previous suggestion based on the cova-
lent bonding character seemed quite plausible for interpreting the trend in
the hardness variation with the chemical composition in TM element.36,37

In the Cr-Mo-N, Cr-Ti-N, and Cr-Nb-N systems an excellent correlation
between the hardness values and the difference in binding energy of the
orbitals d of the metal and s of the nitrogen was found. This difference
was also correlated to the charge transfer from the metal element to the
nitrogen, which, in B1-type structures, led to a more important ionic char-
acter. Since the properties of nitrides are closely related to the strong
covalent character of the bonding, the increase in the ionic contribution
led to lower cohesive forces between the atoms and to a reduction of the
mechanical strength of the material.49 This fact explained the lower hard-
ness of the ternary nitrides in comparison to the binary nitrides as shown
in Fig. 7.5. It is important to note that in those studies other factors, such
as, the residual stress, the morphology, the phase composition, and the
grain size, which are usually taken into account as hardening mechanisms,
were considered, but it was not possible to find significant changes be-
tween ternary and binary films that could explain the observed trend in the
hardness.

4. THE SPECIFIC CASE OF THE ADDITION OF Si
TO TM NITRIDES

One of the most studied elements with which TM nitrides have been alloyed is Si.
There is still a great controversy concerning the interpretation of the mechanical
property values of films deposited from the TM-Si-N system. Therefore, these
coatings will be analyzed in great detail in other chapters of this book. Only some
general results will be presented in this chapter.

Si has a high affinity for nitrogen and has a much smaller atomic radius than
the TM. In the TM-Si-N system the trend in the evolution of the hardness as a func-
tion of the Si content also included, for most cases, an improvement in the hardness
in ternary films in comparison to binary TM-N film (see Fig. 7.6).50−62 There were
many explanations given for this trend, but the most widely accepted was the one
that refers to the formation of a nanocomposite structure (see Chapter 9). Accord-
ing to this theory, the maximum hardness occurred for a Si content that would be
in the range of 6–10 at% (see, e.g., Refs. 63 and 64.) However, in many cases,
empirical relationships were also established between the hardness values and
structural parameters or residual stresses (Fig. 7.7).53,56,59,60 Figure 7.7 shows that
for two different TM, the higher the compressive residual stress, the higher was
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(a)

(b)

FIGURE 7.6. Hardness of TM-Si-N films as a function of the Si content: (a) TM = Ti, (b)
TM = Ti, Cr, Zr. (1 – Refs. 50 and 51; 2 – Ref. 52; 3 – Ref. 53; 4 – Ref. 56; 5 – Ref. 57; 6 –
Ref. 60; 7 – Ref. 54; 8 – Ref. 55; 9 – Ref. 58; 10 – Ref. 59; 11 – Ref. 61; 12 – Ref. 62)

the hardness evaluated in the films. In the field of hard coatings, there are many
references found in literature,65−67 showing the importance of residual stress on
the hardness of materials. In bulk materials, experimental and numerical research
works allowed studying the influence of the residual stress on the mechanical
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FIGURE 7.7. Empirical relationships between the hardness and residual stress and the
grain size of TM-Si-N films. (1 – Ref. 53; 2 – Ref. 56; 3 – Ref. 59; 4 – Ref. 60)

properties, using nanoindentation.68,69 Experimental work carried out on a coated
strip submitted to increasing deflections, so that different stress fields could be
applied to the film, showed that they significantly changed the measured hard-
ness values70: the higher the applied tensile stress value, the lower the measured
hardness.

On the other hand, in Fig. 7.7, an example is also given showing good con-
gruity between the decrease in grain size and the increase in hardness of Ti-Si-
N films. Veprek and Reiprich50 were the first researchers who found that the
hardness of plasma-assisted chemical vapor deposition W-Si-N coatings followed
the well-known Hall–Petch equation relating the hardness to the grain size, even
for dimensions (<10 nm), which were known71,72 to lead to the opposite trend.
Such a behavior will be addressed in chapter 9 of this book. However, it is im-
portant to note that results from the same authors50 showing the lattice strain
for the same coatings also seemed to lead to a good empirical correlation be-
tween the hardness values and this structural parameter, as shown in Fig. 7.8.50,51

Moreover, it was later demonstrated that superhardness could also be reached in
Ti-Si-N films with much higher grain sizes (over 20 nm) in unstressed films—
results that eliminated the direct importance of the grain size for the hardness
values.73,74

Although the lattice strain could be justified by different factors (residual
stresses, low grain size, etc.), the incorporation of a third element in a solid solution
is obviously one of the factors that can induce significant lattice distortion in
materials, as was presented before. In the case concerning the TM-Si-N system,
experimental evidence was found by extended X-ray absorption fine structure
(EXAFS) and complemented by XRD analysis. This evidence suggested that Si
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FIGURE 7.8. Empirical relationships between the hardness, the lattice distortion, and the
grain size of TM-Si-N films.50,51

atoms could also be incorporated in the lattice of the TM nitride in substitutional
positions.75 Such a behavior was favored in deposition conditions of low adatom
mobility. When studying the influence of the substrate bias on their Ti-Si-N films,
these authors75 observed the duplication of the main diffraction peaks of the fcc
TiN phase with decreasing negative substrate bias. For very low values of this
deposition parameter, only one peak that shifted to very high diffraction angles
was detected. Thus, they proposed that two TiN-based phases could be deposited.
For high adatom mobility, segregation of a Si-N phase occurred and the TiN phase
presented a lattice parameter close to the standard value. For low adatom mobility,
only partial or no segregation took place, in such a way that Si replaced Ti atoms
in the TiN phase, giving rise to a decrease in the lattice parameter due to the lower
atomic radius of Si in comparison to Ti. This suggestion was confirmed by EXAFS
with which the authors confirmed the presence of Ti Si bonds in the films.

Martinez et al.58 also suggested that the improvement in hardness, at low
Si contents, in Cr-Si-N films, could be due to the distortion introduced in the
TiN lattice by the incorporation of Si atoms in interstitial positions. It is com-
mon knowledge76 that TM nitrides can admit a limited number of metal atoms in
interstitial positions.

The distortion induced by the incorporation of Si atoms in the lattice of TM

nitride could also be probably related to the fact that TM-Si-N films, with a Si
content higher than a threshold value, became amorphous. The distortion induced
by the presence of Si atoms could mechanically destabilize the lattice, leading
to a progressive decrease in the degree of crystallinity and the formation of an
amorphous structure. This fact was observed by several authors in TM-Si-N films
with different TM elements (Ta, Ti, W, and Re).54,59,62,77−84
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FIGURE 7.9. Evolution of the hardness with the alloying element content (Cu and Ag) in
TM-N films. (1 – Ref. 85; 2 – Ref. 86; 3 – Ref. 87; 4 – Ref. 89)

5. ADDITION OF LOW N-AFFINITY ELEMENTS
TO TM NITRIDES

There are few references in literature concerning the influence of increasing the
addition of a third element, with very low affinity for nitrogen, to TM nitrides.85−89

Figure 7.9 presents the evolution of the hardness for these cases. The first conclu-
sion from the analysis of this figure is that, similar to many other systems presented
before, the hardness rose to a maximum and then significantly decreased thereafter,
for the highest alloying contents. However, maximum hardness occurred for much
lower alloying contents (<2 at%) in comparison to the cases analyzed before. The
interpretation of the hardness increase was not consensual in all studies. He et al.87

suggested that this could be due to the lattice distortion induced by the presence
of Cu atoms in the TM nitride phase. They supported their idea with the strong
shift observed in the XRD peaks positions with small Cu additions, which was no
more observed for higher Cu contents. The transition point on the lattice dilatation
coincided with the change from an increase to a decrease in the hardness, with Cu
addition. It should be noted that there were no changes in the grain size for low Cu
contents, although a strong decrease in this parameter occurred thereafter. In other
studies85,86,89 the explanation for the hardness increase was based on the forma-
tion of a nanocomposite structure. In spite of the irrefutable evidence, particularly
for contents higher than 2 at%, that showed the presence of individual Cu and
Ag phases,85,88 Han et al.89 showed that there was a close relationship between
the hardness and the shift in the XRD peaks position. They interpreted the shift
as the presence of compressive residual stresses, but the distortion could also be
due to the presence of Cu in solid solution form. Finally, contrary to what could
be expected in view of the Hall–Petch relationship, Zeman et al.86 found that the
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highest hardness was reached for the highest grain size when the films showed a
very strong (111) orientation for the ZrN phase.

6. W-BASED COATINGS

6.1. The Binary System W-X

6.1.1. Chemical Composition and Structural Features

The incorporation of a third element in W-based coatings can be better understood
if the binary system without N is analyzed first. Single W films deposited by sput-
tering presented the bcc α-W phase preferentially oriented following the (110)
planes. Figure 7.10 shows that generally, there was an increase in the lattice pa-
rameter of the bcc α-W phase with the increasing addition of the alloying element
to W sputtered films.90−93 Taking into account that all the films were deposited
in similar conditions, it seemed reasonable that the addition of the element was
done in solid solution form in the W lattice. Although the result was not surprising
for the Ti element, i.e., since the atomic radius of Ti is higher than that of W
and the substitution of W by Ti could increase the probability of dilatation of the
lattice, the same could not be said for the other elements. In fact, both Ni and Si,
particularly the latter, had an atomic radius significantly lower than tungsten, thus
suggesting that a decrease in the lattice parameter could occur if W was replaced
by Ni or Si atoms. Such a behavior was confirmed for the very low Si contents (see
insert in Fig. 7.10) where a small decrease in the lattice parameter was observed
in relation to the single W film. By taking the phase diagrams of W-Si and W-Ni94

into account, it was concluded that the solid solubility of these elements in W was

FIGURE 7.10. Relative lattice parameter of W-X films (X = Ti, Si, Ni) as a function of the
X content.90−93
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almost nil at room temperature. However, it is generally known that sputtering
can significantly extend the solubility of an element in a given phase, creating
metastable structures. Moreover, as suggested by several authors,76,95 it was pos-
sible to place atoms of large dimensions in interstitial positions in the lattice of the
main phase during the deposition of films by sputtering. Thus, the increase in the
lattice parameter observed in Fig. 7.10 should be related to the incorporation of
Si and Ni atoms in the interstitial positions of α-W phase. The trend observed for
W-Si films suggested that after the first zone where the Si atoms were replacing
the W atoms, for higher Si contents, their positioning in interstitial positions led
to an increase in the lattice parameter.

With the increase in the alloying element content, there was an inversion
in the above-described trend (Fig. 7.10). On the one hand, when the Ti content
reached approximately 35 at%, the corresponding increase in the lattice parameter
was not detected. In the W–Ti phase diagram,94 a miscibility gap existed at high
temperature in the domain of the total mutual solubility between both elements. The
use of XRD showed that the hexagonal Ti phase was formed in this film.93 Thus,
the precipitation of this phase led to the depletion of Ti from the W lattice and
the decrease in parameter in relation to the film with lower Ti content. However,
for higher Ti contents, there was an increase in the lattice parameter once again,
suggesting the incorporation of Ti in the W lattice.

On the other hand, for Si contents higher than 5 at%, a decrease in the lattice
parameter was also observed (Fig. 7.10). In this case, the formation of the β-W
form of tungsten occurred (Fig. 7.11). β-W was a metastable phase that could be
stabilized with the presence of oxygen96; however, a long time ago, Goldschmidt97

predicted the existence of a silicide (W3Si) with this structure. Therefore, it is

FIGURE 7.11. XRD patterns of W-Si sputtered films with increasing Si contents.90,92
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possible that if a W phase rich in Si were formed, it would lead to lower Si content
in the α-W phase with the consequent decrease in its lattice parameter.

The addition of Ti did not have significant influence on the grain size of the
deposited films.93 However, in the Ni and Si case, even for low contents, the grain
size decreased to values lower than 10 nm.91,92 For Si-containing films, an amor-
phous phase was detected for contents higher than 10 at% Si (see Fig. 7.11).90,92

This phase acquired an increasing importance with the increase in the Si content;
the film became completely amorphous for Si content higher than 50 at%. Many
other authors77,98−104 found amorphous coatings when depositing the W-Si sys-
tem from either cosputtering individual W and Si targets or sputtering compound
targets. The presence of Si in interstitial positions could destabilize mechanically
the lattice cells, and/or the presence of another phase rich in Si could impede the
growth of the α-W crystallites, factors that lead to a decrease in the crystallinity
and that could give rise to amorphous phases.

6.1.2. Hardness

The evolution of the relative hardness of W-X films with increasing alloying content
is shown in Fig. 7.12.90–93 The absolute value for W films was about 20 GPa, which
was a remarkably high value for a metallic coating. With the addition of Si, it was
possible to reach values as high as 30 GPa.90 In comparison to other W coatings
referred to in the literature, these values were very high (3–15 GPa105–108) and the
difference was also enhanced in relation to other single metallic films (e.g., Mo =
3–9 GPa,109 Ti = 6.6–8 GPa110). The high hardness values in relation to the bulk
material (∼3 GPa) could be related to the synergetic action of several factors such

FIGURE 7.12. Evolution of the relative hardness (X = Ti, Si, Ni) and of the grain size
(X = Si) of W-X films as a function of the X content.90−93
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FIGURE 7.13. Cross-section scanning electron micrographs of W-Si films deposited with
increasing Si contents.111

as the nanocrystalline dimension of the grains (∼20 nm), the high lattice distortion
(0.5–1%, depending on the deposition conditions), and/or the compressive residual
stresses (2–4 GPa, depending on the substrate used for the deposition).90−93,111,112

There was a close relationship between the hardness values and the distortion
on the lattice parameter for W-Si films with low Si contents. In fact, the distortion of
the lattice induced by the alloying in substitutional or interstitial positions led to an
increase in the hardness for all cases.90,111 However, other factors such as grain size
could also contribute to the trend observed and shown in Fig. 7.12, which represents
the case of Si as an alloying element. The decrease in the grain size was usually
associated to an increase in hardness. Moreover, coating densification could also
be invoked as a hardening effect. Figure 7.13 shows cross-section morphologies of
W-Si films that became progressively denser with the increase in the Si content.111

The decrease in hardness after reaching a threshold alloying content could be
interpreted after considering the formation of another phase. In the Ti case, as was
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previously mentioned, the hexagonal Ti phase, which was much softer than the bcc
W phase (single Ti sputtered films deposited in the same equipment had hardness
of 7 GPa),113 was formed.93 The formation of an amorphous phase occurred for
Si contents higher than 5 at%.90,111 Although there were some references in the
literature114–116 in which amorphous materials were referred to as harder than
crystalline ones of the same type, it was often observed that for W-based coatings
the opposite occurred; this will be presented later on. Therefore, the growing
importance of the amorphous phase with increasing Si content could justify the
decrease in the hardness detected for Si contents higher than 5 at%, in spite of
the beneficial effects arising from the decrease in the grain size of the crystalline
phase and the improvement in the density of the cross-section morphology.

6.2. The Ternary System W–X–N

6.2.1. Coatings with the bcc α-W Phase

When the influence of the alloying element was considered on N-containing coat-
ings, the hardness analysis was more complicated because both the N and the
alloying element could influence the mechanical behavior. Generally, in coatings
where only the bcc α-W phase was detected and analyzed, it seemed that the main
factors needed to interpret the hardness variation were, once again, the distortion
in the lattice parameter and the decrease in the grain size (Fig. 7.14a,b).90–93,111

However, as shown in Fig. 7.14a, the evolution of the hardness for Ti- and Si-doped
films followed different trends. In the first case, it was clear that the distortion de-
gree depended on the Ti content in the film, whereas for Si-doped coatings the
change in the distortion was dependent only on the nitrogen content (for each al-
loying element content, the plotted points correspond to different at% N). In fact,
regardless of what the Si content was, all the points were very close to the same
trend line that was plotted to represent the evolution, whereas, for Ti-doped films,
a separate trend line was necessary for each Ti content. Such a result suggested
that Ti could replace W in the α-W lattice, with a strong distortion being induced
by the synergetic action of the higher atomic radius of Ti in substitutional solid
solution and N in interstitial positions.93 Besides, Si atoms could not be inserted
in the lattice of N-containing films, especially when the N content was higher than
Si content, and were, therefore, precipitated in the form of silicon nitride. Exper-
imental results obtained by several techniques helped to support this suggestion,
as follows:

� Figure 7.15 shows the evolution of the lattice parameter as a function
of the increase of the alloying content.111,117 Three cases are presented,
two corresponding to the binary systems W-Si and W-N, and in the third
case the plotted values are from coatings containing 2 at% of Si but
with different N contents. If both elements were inserted in the bcc α-W
phase, the value of the lattice parameter would be a function of the addi-
tion of the distortions caused by both elements. This was not the case as
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(a)

(b)

Å

Å

FIGURE 7.14. Evolution of the hardness of W-X-N sputtered films (X = Ti, Si, Ni)90−93,111

as a function of (a) the lattice distortion and (b) the grain size, of the bcc 	-W phase.

shown in Fig. 7.15; in spite of having 2 at% of Si, the films W93Si2N5 and
W87Si2N11 had approximately the same lattice parameter as W95N5 and
W89N11, respectively.

� X-ray photoelectron spectroscopy (XPS) analysis showed that in films of
the ternary system W-Si-N,111,117–119 it was possible to detect the Si W
bond only when the Si content was higher than three fourth of the N content;
otherwise, only the Si N bond was observed in the Si2p peak. On the
other hand, the W N bond in the W4f peak occurred only when the N
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FIGURE 7.15. Evolution of the lattice parameter of the bcc 	-W phase of W-Si-N sputtered
films with increasing content of N and Si.111,117

content was high enough to completely consume the Si and form Si-N
phases; the remaining N could then be bonded to W. Figure 7.16 shows
the W4f and Si2p XPS spectra of W54Si24N22 and W34Si12N54 films and
permits the exemplification of the type of bonding established between the
elements of W-Si-N films.111,117–119 As can be observed in Fig. 7.16b for
the Si2p spectra of the two films, the Si W bond was detected only when
the at% Si/W ratio was higher than 0.75 (W54Si24N22 sample). For lower
values of this ratio (W34Si12N54 film), besides the contribution attributed
to the surface oxidation of the samples [Si-O, for Eb in the range (103.2–
103.8 eV)], only the Si N bond was detected. In the W4f peak, aside from
the W-O contribution, the W54Si24N22 sample showed only the W W/S
bond meaning that none of the nitrogen established bonds with the tungsten.
The formation of W N bonds was possible in this case only when the N
content was high enough to completely consume the Si content available.
For W34Si12N54 film, W4f spectrum did not show any contribution to the
W-W/Si; this was due to the fact that the N content was sufficiently high
so as not to leave any free W in the film.

� Although no diffraction peaks corresponding to any known Si-based com-
pounds were detected, in the XRD patterns it was possible to observe a
broad feature superimposed on the crystalline peaks. This was attributed
to the amorphous Si-N phase. Figure 7.17 shows the XRD patterns of two
films having similar N contents, one without and the other with 9 at% of
Si.111 In this figure, it is possible to observe the difference in the background
close to the crystalline diffraction peak. The film with Si showed a broader
zone on the background, which corresponded with an amorphous phase.
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FIGURE 7.17. XRD diffraction pattern of two W-Si-N films (with and without Si) with
similar N contents.111

The presence of this noncrystalline Si-N phase was not surprising, since
it was common knowledge that Si-N films deposited by sputtering were
amorphous even after annealing at temperatures higher than 1000◦C.120–122

The above considerations allow for the conclusion that in W-Si-N films, due
to the much higher affinity of Si for N than for W (�H W2N

f = −17 kcal/mol,
�H Si3N4

f = −178 kcal/mol,123 Si will bond preferentially to N, forming an amor-
phous phase; only the remaining Si that is not bonded will combine with W. With
nitrogen, Si N bonding is expected and W N bonds will be formed, but only after
the Si content is completely consumed.

6.2.2. Coatings with the fcc Nitride Phase

The W-nitride phase was detected for coatings with N contents higher than 20 at%
(Fig. 7.18).90,93,111 Regardless of the N content, the nitride could always be indexed
as an fcc NaCl-type phase. In the case concerning the Si-containing coatings, this
phase could be exclusively attributed to W2N; Si formed an amorphous Si-N
phase due to the preferential bonding of Si to N. Figure 7.18 clearly shows the
simultaneous existence of the α-W and the W2N phases in the range 20–36 at%
N. For higher N values, only the W2N phase was detected; this was true even for
N contents as high as 55 at%.90,111

Figure 7.19a,b represents for different Si contents the evolution of the lattice
parameter and the grain size (calculated by applying the Scherrer formula to the
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FIGURE 7.18. XRD diffraction patterns of W-X-N (X = Ti, Si) sputtered films deposited
with increasing N content.90,93,111

integral width of the diffraction peaks)124 of the W2N phase detected in W-Si-N
films that were deposited with increasing N contents90,111 A strong heterogeneity
was detected for both structural parameters, particularly for the highest N content
films. This behavior has been observed by different researchers65,109,125–128 on
deposited films and has been attributed to the high residual stress level and the
high number of crystalline defects. As can be seen in the figure, a(200) did not show
significant changes with the increasing N content, suggesting that the incorporation
of the increasing excess of nitrogen in relation to the stoichiometric W2N occurred
in the interstitial sites that favor distortion toward other directions (e.g., [111],
[220]). For N contents up to 35 at% the presence of both W and W2N phases allows
the W2N phase to always precipitate with approximately the same N content (the
excess in W in relation to the W2N stoichiometry forms the α-W phase); therefore,
small changes in the interplanar distances of all the planes were expected. For
N contents higher than 35 at%, the W phase disappeared and the exceeding N,
in relation to stoichiometry, could be placed in the lattice of the W2N nitride
to promote distortion. However, the distribution of N atoms in the interstitial
positions (in the fcc NaCl-type W2N phase only half of the octahedral interstitial
positions were occupied) was not homogeneous. Therefore, for low N contents
the occupied octahedral positions induced a distortion toward [100] direction and,
with increasing N contents, the filling in of the interstitial positions led to the
increase of the other interplanar distances.111 The analysis of the ICDD diffraction
lines registered for the standard W2N phase (International Center for Diffraction
Data, Pennsylvania, Card 25–1257) allowed for the conclusion that even in this
standard phase a strong heterogeneous distortion was detected [e.g., the a value
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FIGURE 7.19. Evolution of (a) the lattice parameter and (b) the grain size of W-Si-N sput-
tered films deposited with increasing N contents, for Si contents lower than 12 at%.90,111

indicated is 0.4126 nm and the values calculated from the (111) and (200) planes
are 0.412 and 0.41316 nm, respectively].

In regards to the grain size, there is also a clear anisotropy in the grain size
when different diffraction peaks are used for its calculation.90,111 The grains with
(111) planes parallel to the substrate were larger than the other ones, according
to the narrower peaks detected in the XRD patterns. It should be noted that no
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relationship was found between the anisotropy in the grain size and the preferential
orientation of the films. Even if the films showed a (200) or (311) preferential
orientation, the size of the grains with (111) planes parallel to the substrate were
always bigger than for the other orientations.111

For Ti-containing films the first detection and evolution of the fcc NaCl-type
nitride in the XRD patterns was not so evident (e.g., three upper XRD patterns in
Fig. 7.18). As for the other W-based coatings, the increase in N content between 0
and 20 at% gave rise only to a progressive shift of the diffraction peaks for lower
angles.93,112 Based on this experimental result, Cavaleiro et al.93 suggested that this
increasing distortion was due to N atoms progressively occupying the interstitial
sites of the α-W(Ti) lattice. This statement did not agree with the suggestion made
by Shaginyan et al.129 about the possible precipitation of a nitride phase from the
lowest N contents. A duplication of the (110) peak of the α-W phase with a second
contribution placed at higher diffraction angles was clearly detected but only for
N contents higher than 20 at%. With the increase of N content, this second peak
assumed an increasing importance with a simultaneous progressive shift for higher
angles until reaching the probable position of the (200) line of the nitride phase.
This was observed only for ∼50 at% N.93,112 For higher N contents, an inversion
in the preferential orientation occurred, with the strongest diffraction line now
indexed as the (111) plane. The simultaneous detection of these two (200) and (111)
diffraction lines allowed for the confirmation of the deposition of the fcc NaCl-type
nitride. Taking into account the much higher affinity of Ti for N in comparison
to W49 it was quite probable that TiN would be the first phase to precipitate from
the N-supersaturated α-W(Ti) solid solution. With the increasing N content, W
would be integrated in the TiN phase in solid solution, as was demonstrated by the
vanishing of the α-W signal. TiN and W2N nitrides are isomorphous phases with
similar lattice parameters, which could present extensive miscibility.49,123

Figure 7.20 shows the distortion of the Ti(W)N lattice parameter, calculated
from (111) and (200) diffraction peak positions, as a function of the N content in the
W-Ti-N films deposited from targets with different Ti contents.93,112 A very strong
heterogeneity was found in the specific case of the films deposited from the target
with 20 wt% Ti with low N contents. Furthermore, contrary to what was observed
for W-Si-N coatings, the highest value calculated for the lattice parameter was
that corresponding to the (200) plane. This was always observed for Ti-containing
films with low N contents, contrary to what was observed for single W-N films
(see Fig. 7.20). However, for N contents >45 at%, the a value calculated for the
(111) plane was higher than that for the (200) plane. For these high-N-content
films, where the only phase observed was the nitride phase, the coatings deposited
from the targets with increasing Ti contents had higher a values. This seemed to
confirm the formation of a mixed nitride where the W atoms substituted the Ti
atoms in the TiN lattice or vice versa, i.e., the Ti atoms substituted the W atoms
in the W2N lattice.

For W-based films where the nitride phase was detected, finding correlations
between the structural parameters and the hardness was not as easy. In the case
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FIGURE 7.20. Evolution of the lattice parameter of W-Ti-N films sputtered from W targets
with different Ti contents and deposited with increasing N contents.93

concerning Ti-containing films, with the exception of a few values, it seemed that
the highest hardness values were measured in the films showing N contents close
to the stoichiometric value.93,112 Figure 7.21 shows the evolution of hardness as a
function of a N parameter, which was calculated taking the stoichiometry of TiN

FIGURE 7.21. Evolution of the hardness of W-Ti-N films sputtered from W targets with
different Ti contents as a function of a N parameter defined as N = at% N/[(at%W/2) +
at%Ti].93
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and W2N compounds into account, i.e., N = at% N/[(at% W/2) + at% Ti].93,112

When N was approaching unity, both phases were close to the equilibrium stoichio-
metric composition. The importance of the compositions close to the stoichiometry
for the properties of PVD-deposited TiN films127,130–132 has been known for quite
some time. The presence of vacancies in both sublattices of the TiN phase (sub-
or overstoichiometric films) was indicated as being responsible for the significant
changes in the film properties, particularly for their hardness, when the chemical
composition was deviated from the stoichiometry.

In the case concerning W-Si-N films there were insufficient results in the
literature to come to any global correlation between the structural parameters
and the hardness of the films. In some cases, it seemed there was an effect of
decreasing grain size on the hardness increase, but this trend was not maintained
in other films.92 The films with [111] preferential orientation were also indicated in
the same reference as being very hard; this was interpreted from the higher critical
shear stresses needed for plastic deformation, as indicated by the calculation of the
Schmid factors for the particular case of the fcc NaCl-type structure.130,132 One
of the main reasons why there were only scarce results available in the literature
concerning TM-Si-N films with the W2N phase was that, in many cases, these films
were deposited with an amorphous structure.

6.2.3. As-Deposited Amorphous Coatings

There is a huge amount of references in the literature about the deposition and struc-
tural characterization of amorphous TM-Si-N films.77,78,81,82,90,92,118,119,133–142 As
previously mentioned, the incorporation of Si atoms in W could lead to the mechan-
ical destabilization of the lattice and to the formation of an amorphous structure.
When nitrogen was added to the system, it led to the formation of either two mutu-
ally insoluble nitrides or, in the low-affinity case of TM for N (as for W), a metallic
phase mixed with a Si-N amorphous phase. During the deposition, if the adatom
mobility was very low, the formation of those phases in a separate mode was sup-
pressed. Consequently, a network of dissimilar atoms that were randomly bonded
in a nonperiodic way made the atomic diffusion and the consequent nucleation and
grain growth processes difficult.84 As a consequence, the amorphous phase could
be obtained. However, there was experimental evidence that denoted the existence
of a short-range structural order in the amorphous phase, as will be presented in
the next paragraphs.

Figure 7.22 shows the XRD patterns of W-Si-N films deposited with increas-
ing N contents, with a Si/W ratio close to 1.111,143 A progressive shift of the X-ray
amorphous diffraction peak for lower angles could be observed with increasing
N. Similarly to well-crystallized structures, the position of this broad diffraction
peak could be considered for the calculation of an interplanar distance value. By
plotting the calculated avalues as a function of the N content, it was also possible
to find similar trends for films with different Si/W ratios (Fig. 7.23).111,118,119,143
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FIGURE 7.22. XRD patterns of sputtered W-Si-N films with similar Si/W ratio, deposited
with increasing N contents.111,143

FIGURE 7.23. Evolution of the interplanar distance of amorphous sputtered W-Si-N films
(different ranges of Si/W at% ratios), calculated from the position of the broad diffraction
peak, as a function of the N content.111,118,119,143
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FIGURE 7.24. Re-plot of the data of Fig. 6.23 as a function of the N/W ratio, considering
the N content as the one which was not bonded preferentially to Si (see text).111,118,119,143

Now, supposing that the assumption made before about the preferential bonding
of Si with N atoms is true, the data in Fig. 7.23 can be re-plotted as a function
of the N/W ratio, taking N as the remaining content of nitrogen not bonded to Si
(Fig. 7.24). A remarkable linear correlation was found between these quantities,
suggesting that a seed of a W-N phase was being formed in the so-called amor-
phous structure. Furthermore, the results of the calculated interplanar distances
agreed with the values calculated from the position of crystalline peaks of W-N
sputtered films.92,93,111 For the Si contents 0, 20, and 55 at%, the values found in
those studies/experiments for the interplanar distances were 2.25, 2.28, and 2.48 Å,
respectively, which were very close to the values shown in Fig. 7.24 for similar N
contents. These results allowed for the conclusion that in the amorphous films two
different amorphous phases could exist, one with an atomic arrangement close to
crystalline W-N-based films and the other of the Si-N type.

6.2.4. Achievement of Nanocrystalline Structures from the
Crystallization of Amorphous Films of the TM-Si-N System

The heat treatment of amorphous TM-Si-N films induced the crystallization in the
form of nanocrystalline structures. This was one of the procedures used recently
for the development of magnetic materials with improved properties (see, e.g.,
Ref. 144), which claimed that both the precise control of the grain size of the
crystalline phase being formed and the fraction of the crystallized material could
be easily achieved. Figure 7.25 shows the crystallization temperature of several
TM-Si-N amorphous films.70,77,81,84,111,118,133,134 From the analysis of this figure
it is clear that the N-containing coatings have higher crystallization temperature
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FIGURE 7.25. Crystallization temperature of amorphous TM-Si-N sputtered films as a
function of the N content. (1 – Ref. 70,111, and 118; 2 – Ref. 77, 81, 133, and 134; 3 – Ref.
77; 4 – Ref. 77; 5 – Ref. 84.)

than TM-Si ones. Furthermore, in the case of a set of films with TM = W studied
by the same research group70,111,118 the higher the N content, the higher was the
crystallization temperature. It was also recently demonstrated that the effect of N
in stabilizing the amorphous phase was enhanced for higher Si contents, i.e., for
the same N content, the coatings with higher Si/W ratios had higher crystalliza-
tion temperatures.118 Nevertheless, it should be noted that for amorphous W-Si
films (without N) the opposite happened.81 The main factors indicated in liter-
ature that influence thermal stability of metal–metalloid amorphous compounds
were145 (1) the difference in the atomic radius of the elements; (2) the ability of
the metalloid to form strong bonds with the metal; and (3) the ability of form-
ing intermetallic compounds with different structures. A broad analysis of these
factors allowed for the understanding of the different thermal stabilities of the
amorphous TM-Si-N films shown in Fig. 7.25. For W-Si films, the probability of
forming silicides increased with Si content, which explained the observed decrease
in their crystallization temperature. When N was added to this system, the forma-
tion of strong Si N bonding in conjunction with the great difference between
the atomic radius of W, Si, and N led to an increasing stability of the deposited
amorphous phase. Nicolet and Giauque84 gave another explanation for the high
thermal stability of the TM-Si-N films. They considered that the two nitrides (TM

and Si nitrides) differed in their crystallographic structure and had limited mutual
stability. Since there were no stable intermediate ternary compounds in the fully
nitrided alloy, the two nitrides formed a quasi-binary system. As a consequence,
the TM-Si-N amorphous phase could not crystallize polymorphically; it could only
originate the primary nucleation of one or the other phase. For this, a long-range
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FIGURE 7.26. XRD patterns of W-Si-N films (a) and (c) before and (b) and (d) after an-
nealing in vacuum and N2 + H2 atmospheres, respectively.111,136

diffusion process would be necessary, involving the transport of more than one
species. Thus, the thermal stability of the amorphous phase would be enhanced in
the ternary system.

The phases detected after crystallization generally depended on two factors:
the Si/N ratio and the affinity of TM for N. Thus, for TM elements forming very
stable nitrides, such as Ti or Ta,49 the formation of Ti or Ta nitrides was detected
after crystallization.80,84,146 When dealing with elements such as W, which are
characterized by their W N bonds with very low affinity,49 no TM nitrides were
detected after the annealing process.70,77,111,118,144,147 For these TM elements, the
detection of a metallic phase of TM element was achieved after crystallization.
The example in Fig. 7.26 shows that the bcc α-W phase was the only crystalline
phase presented in the XRD patterns immediately after crystallization and up to
annealing temperatures of 1000◦C.111,136 The formation of tungsten nitride phases
was possible only if the crystallization annealing was performed in an N-rich
atmosphere136; this is confirmed in Fig. 7.26 for the case of W27Si20N53 film after
annealing at 1100◦C.

The Si/N ratio determined the presence in the XRD patterns of other crys-
talline peaks besides those corresponding to TM or TM nitride. If the Si/N (at%)
ratio was low (Si/N < 0.75), as was previously referred, stable TM nitrides were
formed simultaneously with a Si-N phase (e.g., Ti or Ta), or the Si-N phase
was present with a crystallized phase of the metallic element (e.g., Mo and
W).70,77,80,84,111,118,144,146,147 The Si-N phase was present in the amorphous state,
since no crystalline peaks were found in the XRD patterns. This was not an unex-
pected result, since either the deposition of Si-N by sputtering gave rise to amor-
phous films122,148,149 or the crystallization of the amorphous Si-N phase occurred
only for temperatures higher than 1000◦C.122,150,151
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FIGURE 7.27. XRD patterns of W-Si-N films, having different atomic Si/W ratios (Si = Si
content not bonded to N), after crystallization.111,118,119

If the Si/N atomic ratio was higher than 0.75 the probability of finding silicide
phases increased, particularly for TM elements with low affinity for N. For TM =
W, due to the preferential bonding between Si and N, a part of the Si content was
available for bonding with W and formed W silicides.111,118,119 Depending on the
Si content available after bonding with N, different types of silicides could be
detected. With the increasing available Si content (from 0 up to very high values)
the phase formation sequence after crystallization was119

α-W → α-W + β-W(W3Si97) → α-W + W5Si3 → W5Si3 → W5Si3 + WSi2

Figure 7.27 shows typical XRD patterns of crystallized W-Si-N films de-
posited with different chemical compositions.111,118,119 If Si and N contents were
preferentially combined, for each film the remaining W and Si contents could be
arranged in different phases as shown in the XRD patterns. For example, for the
W41Si41N18 film and the stoichiometry of Si3N4, the 18 at% N consumed approx-
imately 14 at% of Si. The remaining Si content (∼27 at%) was in proportion in
relation to W (41 at%), which was very close to W5Si3; this was the only phase
detected after the film crystallization (Fig. 7.27). When the available Si content
was high enough to overcome the ratio Si/W > 3/5 (W5Si3 stoichiometry), other
Si-richer silicides were indexed, such as the WSi2 (film W50Si50). In both these
cases, silicides were the unique phases present in the XRD pattern; the W-metallic
phase was detected only when the atomic Si/W ratio (Si = remaining Si content
not bonded to N) was lower than 3/5 (W30Si36N34 and W24Si39N37 films). In these
cases, a mixture of α-W and W3Si or W5Si3 phases were achieved.
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Finally, in Fig. 7.27, the XRD pattern of the W34Si32N34 film deposited on
refractory steel (310 AISI) and annealed at 1000◦C showed a set of diffraction
peaks that could be indexed as a phase containing elements from the film and the
substrate.118,119 The peak positions matched well with different compounds such
as NiWSi, NiW, and Fe2W (International Center for Diffraction Data, Swarthmore,
PA, Cards 15-0602, 47-1172, 03-0920). It was recently shown that for very high
annealing temperatures (>800◦C, depending on the chemical composition), par-
ticularly for Ni-containing Fe-based alloys with austenitic structure, interdiffusion
between the film and the substrate occurred, giving rise to important changes in
the chemical composition of the films and the possibility of formation of phases
containing elements from the film and the substrate.118

6.2.5. Evolution of the Chemical Composition of TM-Si-N Films
During Thermal Annealing

In regards to the chemical composition of TM-Si-N films (TM elements with
low affinity to N), after being annealed with increasing temperatures, these
films showed no significant changes when Si/N > 0.75, whereas a loss of N,
approximated to the excess in relation to the Si3N4 stoichiometry, was detected in
films with the Si/N atomic ratio lower than 0.75 (see examples in Fig. 7.28).118,119

As can be observed, the W22Si39N39 film did not suffer any chemical composition
change with annealing temperatures of up to 1000◦C; this was due to its Si/N ratio
being higher than 0.75. Due to the higher affinity of Si than W for N, all the N con-
tent was bonded to Si. At the beginning of crystallization, this bond was kept stable
and, therefore, did not lead to any significant changes in the chemical composition.

FIGURE 7.28. Evolution of the chemical composition of W22Si39N39 and W63Si8N29 films
after annealing at increasing temperatures.118,119
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On the other hand, when the Si/N content was lower than 0.75 (W62Si8N30 film),
and after the preferential bonding of N to Si, there was a remaining part of the N
content available for forming W N bonds. The low stability of this bond at high
temperatures promoted the liberation of N and a consequent final overall decrease
of its content during the thermal annealing process. The changes of the elemental
composition shown in Fig. 7.28 at 950◦C for the W22Si39N39 film were attributed
to the influence of the substrate during the annealing process.118,119 In fact, as
previously referred to, interdiffusion between the film and the substrate could take
place, leading to different values of the chemical composition of the films. Figure
7.29 shows the element distribution across the thickness of the W29Si45N26 film,
after having been submitted to an annealing at 1000◦C.118,119 The measurements
were performed in consecutive points, following a line in a crater made on the
sample surface that went through the film thickness until reaching the substrate
(Fig. 7.29a). The outwards diffusion of Fe, Ni, and Cr was clearly observed; Ni
and Cr were preferentially accumulated in the interface zone, whereas, Fe diffused
up to the surface. By their side, Si diffused inwards while N diffused both inwards
and outwards. A depleted nitrogen zone was observed in the middle zone of the
film thickness (Fig. 7.29c).

6.2.6. Mechanical Properties of TM-Si-N Coatings after
Thermal Annealing

6.2.6a. As-Deposited Amorphous Films. There are few references in
the literature on the mechanical properties of amorphous Si-containing TM-
N films, before and after thermal annealing, with the exception of W-Si-N
system.70,90,92,111,118,137–139,152 As a general trend, the hardness of amorphous
films was significantly lower than that of the crystalline as-deposited W-Si-N
films. Figure 7.30 presents the hardness values measured in W-Si-N films af-
ter deposition.70,90,92,111,118,137–139,152 With the exception of the films deposited
without N, crystalline films had a higher hardness (in the range from 35 to 45
GPa) than amorphous ones (from 19 to 32 GPa). The white bar at the top of the
columns shown in Fig. 7.30 was related to the values measured on the same film
when deposited onto different types of Fe-based substrates. These substrates had
thermal expansion coefficients (αs) between 4 × 10−6 and 18 × 10−6/K. Since
the films were deposited at temperatures close to 450◦C, a cooling period was
required to lower the temperature to room temperature. During this cooling pro-
cess, compressive stresses were created with a magnitude as high as the differ-
ence between the thermal expansion coefficients of the film and those of the
substrate. The highest hardness values were generally evaluated in the films de-
posited on the substrates with the highest αs values. Figure 7.31 presents the resid-
ual stresses of two as-deposited films: one crystalline and the other amorphous
(W85Si7N8 and W51Si22N27, respectively).152 In both cases the compressive resid-
ual stresses were lower when the films were deposited onto INVAR R© substrates
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FIGURE 7.29. Evolution of the chemical composition across the thickness of W29Si45N26
film deposited onto 310 (AISI) steel, after annealing at 1000◦C. (a) micrograph of the crater
where the EPMA measurements were performed; (b) elements from the film (W, Si, N); (c)
elements from the substrate (Fe, Cr, Ni).118,119
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FIGURE 7.30. Comparison of the hardness of amorphous and crystalline W-Si-N sput-
tered films deposited onto different type of substrates.70,90,92,111,118,137−−139,152

FIGURE 7.31. Hardness and residual stress of W85Si7N8 and W51Si22N27 films when
deposited onto three Fe-based high-temperature alloys with different thermal expansion
coefficients.152
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(αs = 4.5 × 10−6/K, than when they were deposited onto other materials with
higher αs values. Although the same tendency was observed for Fecralloy R© and
310 (AISI) steel (αs = 12 × 10−6/K and 18 × 10−6/K, respectively) substrates
coated with the amorphous film, the opposite trend occurred for the crystalline
sample.152 The analysis of Fig. 7.31 could also demonstrate good correlation be-
tween the hardness values and the residual stresses in these types of films and,
simultaneously, gave an indication of one of the possible factors permitting the
explanation of the lower hardness of the amorphous state in relation to crystalline
films. In fact, on one hand, in all cases the variation of the hardness values was
accompanied by a similar trend in the compressive residual stresses: the higher
the stress, the higher is the hardness. On the other hand, it was clear that amor-
phous films, which presented lower hardness, had significantly lower compressive
stresses than crystalline coatings, which, once again, confirmed the correlation
between hardness and stress.

The hardness of amorphous films and their lower values in comparison
to crystalline films was congruent with other systems deposited by sputter-
ing. Amorphous Si-N coatings deposited by sputtering116,148,153 had hardness
values in the range 22–31 GPa, which were similar to those reached for the
W-Si-N films. Moreover, in other W-based systems deposited by sputtering154

the hardness of amorphous films was also in the range of 23–31 GPa, and globally
these values were lower than those reached in crystalline films. Finally, in other
TM-Si-N films, researchers54,62 have deposited amorphous coatings for highest
Si content and have also found lower hardness values in relation to crystalline
films.

6.2.6b. After Thermal Annealing. After crystallization, there was a signif-
icant increase in film hardness in comparison to the as-deposited amorphous state.
Figure 7.32 shows the hardness values of W-Si-N as-deposited coatings and after
thermal annealing. The plotted values are the highest found among all evaluated
at the studied annealing temperatures.70,111,118,119 There seemed to be congruity
between the hardness and the type of phase resulting from the crystallization pro-
cess. The only crystalline phase in the hardest films was the bcc α-W. It should
be noted that in spite of being a metallic phase where no nitrogen was expected,
the hardness values were very high (over 40 GPa) and similar to those reached in
many TM nitrides or carbides. The deposition by sputtering of W films with the
bcc α-W phase gave rise to a hardness value close to 20 GPa, clearly below the
previously mentioned value.90–93,111 When only some nitrogen (5 at%) was added
to as-deposited crystalline α-W films, the hardness improved up to 42 GPa.92 Gen-
erally, the lattice parameter of bcc α-W phase in the annealed films was lower than
that the one of as-deposited crystalline films (including W film),118,119 in the ranges
of 3.172–3.193 Å and 3.196–3.251 Å, respectively, values which were close to the
standard ICDD value for this phase (3.168 Å [International Center for Diffraction
Data, Swarthmore, PA, Cards 04-0806]). This result suggested that annealed films
should contain very small contents of N and Si in the W lattice.
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FIGURE 7.32. Hardness of amorphous W-Si-N sputtered films before and after crystal-
lization during thermal annealing.70,111,118,119

When the Si content was high enough to consume the entire N available in
the film, the formation of W silicide phases occurred. For low Si contents, W3Si
or W5Si3 were found with the bcc α-W, but, with increasing availability of Si,
α-W progressively lost its importance until only silicides were detected: first only
W5Si3, and finally, a mixture of this phase with WSi2.118,119 In this evolution, as
can be observed in Fig. 7.32, the trend in the film hardness after crystallization
shows decrease, with only a few exceptions as follows:

� First, the two cases of the α-W + silicide zone that have lower hardness
than films of the silicides zone which correspond to either a film deposited
without N or a film where interdiffusion between the film and the substrate
took place.

� Second, the softer films in the silicides zone were deposited exclusively
with the W5Si3 phase. This phase had lower hardness than WSi2,155 which
explained the harder film with a structure of a mixture of silicides.

The trend in the evolution of the hardness of amorphous W-Si-N films with
increasing temperatures was quite different among the studied films, depending
on the chemical composition of the films and the substrates on which they were
deposited (Fig. 7.33).70,111,118,119 There were coatings that showed a steady in-
crease in the hardness after annealing at increasing temperatures, even when the
crystallization occurred (W41Si41N18). Others presented a significant increase in
the hardness either when crystallization took place (W25Si40N35 and W68Si14N18)
or at the beginning of thermal annealing when the coating still had the amorphous
structure (W68Si14N18). Finally, there were coatings that after a smooth increase in
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FIGURE 7.33. Evolution of the hardness of sputtered amorphous W-Si-N films as a func-
tion of the annealing temperature.70,111,118,119

the hardness with the thermal annealing showed a sudden decrease in this property
after crystallization (W22Si39N39). A decrease in the hardness was registered for
the highest annealing temperatures for most coatings.

The steady increase in hardness with increasing annealing temperatures could
be attributed either to small structural transformations in the amorphous state,
which were not detected with the XRD technique, or to residual stresses, as follows:

� Quite some time ago, researchers156,157 found an improvement in the me-
chanical strength of amorphous alloys, when these alloys were annealed.
They attributed the hardness enhancement to structural relaxation including
the precipitation of incipient crystallites of very low grain size.

� After the heating during the annealing process, stress relaxation occurred
in the materials, leading to a decrease in stress the magnitude of which
depended on the material characteristics.118,152 Due to the difference in
thermal expansion coefficients between the films (αf) and the substrate
(αs), a “new” stress state can be created in the films while cooling from
the annealing temperature. Generally, for W-based films and the utilized
substrates, αs > αf; hence, compressive stresses were developed, which
consequently led to hardness improvement.

In many cases, crystallization induced a further increase in the hardness val-
ues. As previously mentioned, crystalline films are harder than amorphous films
with similar chemical compositions. In samples where a decrease in the hardness
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was observed after crystallization, interdiffusion between the film and the substrate
was detected after thermal annealing.118,119,152 The formation of softer phases con-
taining elements from the film and the substrate could explain the sudden inversion
observed in hardness values after crystallization in Fig. 7.33.

For the highest annealing temperatures, almost all the coatings in Fig. 7.33
showed a decrease in the hardness, particularly when the films were already crys-
tallized. Such a trend could be related to the recovery of the crystalline structure
involving annihilation of dislocations, elimination of lattice defects, liberation of
entrapped processing gases, and, finally, grain growth.118,119,152 However, the fact
that some coatings showed a remarkable thermal stability with no changes in the
XRD patterns even at very high annealing temperatures (close to 1000◦C) should
be noted.118 In other research studies63 on TM-Si-N crystalline coatings, the ther-
mal stability was explained by the presence of the Si-N amorphous phase which
inhibited the growth of the nanograins in the TM-N phase, contributing to the low
grain size presented by the films after having been annealed at temperatures as
high as 1100◦C.

6.2.6c. Hardening Mechanisms Involved in the Interpretation of
Hardness Values. Regardless of the factors that could explain the increase
in the hardness after thermal annealing, the residual stress influence could not
be excluded. Figure 7.34 shows the evolution of both the residual stresses and the
hardness of an amorphous and a crystalline W-Si-N film with the increase in the

FIGURE 7.34. Evolution of the hardness and residual stress of W85Si7N8 and W51Si22N27
films after having been submitted to thermal annealing at increasing temperatures.152
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FIGURE 7.35. Evolution of the hardness and of the variation in the lattice parameter
of the bcc 	-W phase, calculated at the annealing temperature and at room tempera-
ture, as a function of the annealing temperature, after amorphous W-Si-N sputtered films
crystallized.111,118

annealing temperature.152 Congruity between the variations in the hardness and
in the residual stress can be found in this figure. The residual stress could have
been originated by different factors but, in the present case, a significant contribu-
tion came from the thermal component. For other W-Si-N coatings, XRD patterns
were obtained in situ at the annealing temperature and after cooling down to room
temperature.111,118 Figure 7.35 presents the results comparing the hardness val-
ues and the differences in the lattice parameters111,118 calculated from the peaks
position on the XRD spectra obtained at both annealing temperature and room
temperatures. The difference in lattice parameter values (�a) must then be related
exclusively to the thermal stresses created during the cooling down process. As
can be observed, the correlation between the hardness and �a was very good,
indicating that the residual stress had an important contribution to the mechanical
strength of the films.

Furthermore, the influence of the residual stress was also demonstrated by
the hardness variation when the same film was deposited on substrates with dif-
ferent thermal expansion coefficients. During thermal annealing, if the structural
evolution of amorphous films deposited on substrates with different thermal ex-
pansion coefficients (αs) was similar, the films deposited on the substrates with
lower αs values were softer. This was attributed to their lower compressive stress
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FIGURE 7.36. Hardness and lattice distortion, calculated in relation to the standard value
of the bcc 	-W phase, of sputtered W-Si-N coatings deposited onto 310 (AISI) steel and
Mo alloy, after having been submitted to a 1000◦C annealing.119,158

values.119,158 Figure 7.36 shows the hardness of a series of amorphous W-Si-N
sputtered films deposited with different N contents, which crystallized during
annealing at 1000◦C.119,158 The films were deposited onto two substrates with
significant differences in the αs values, 310 (AISI) refractory steel and Mo alloy
with αs values of 18 and 5 × 10−6/K, respectively. In all cases, the bcc α-W phase
was the dominant phase after crystallization. In this figure, the lattice distortion
calculated in relation to the standard value of the bcc α-W phase is also shown.
As can be observed, the films deposited on the 310 steel were always harder than
the same films deposited on the Mo alloy, and this was true for all cases. The
films on the 310 steel always had positive distortions of the lattice, whereas, when
deposited on the Mo alloy the distortion was much lower and, in some cases, it
was negative. The positive distortion indicated an increase in the lattice parameter
related to compressive residual stresses, whereas tensile stress was expected when
the distortion was negative. Thus, as was expected, higher hardness values were
reached in the films deposited onto the 310 steels.

Besides residual stresses, other structural parameters also influenced the coat-
ing hardness during thermal annealing. In some cases, the structural evolution
showed that at the beginning of the crystallization a mixture of crystalline phases
and the remaining amorphous material was observed. By deconvoluting the zone
where the main diffraction peak occurred, it was possible to establish a relationship
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FIGURE 7.37. XRD patterns obtained on the sputtered amorphous W52Si23N25 film be-
fore and after annealing at increasing temperatures. The ratio between amorphous and
crystalline areas of the main diffraction peak as well as the measured hardness values are
indicated in the figure.111,138

between the content in the crystalline phase and the film hardness.111,138 Figure 7.37
shows the typical XRD spectra obtained after annealing at increasing temperatures,
as well as the measured hardness values and the content in the crystalline phase
for the W52Si23N25 sample.111,138 It was clear that the increase in the amount of
the crystalline phase gave rise to an improvement in the coating hardness.

Another factor that has been indicated in the literature as a possibility for
determining the hardness of thin films for a selected system is the degree of homo-
geneity in the lattice distortion.108,159 For W compounds, the fact that the lattice
distortion had a significant influence on hardness only if it occurred with the same
value in all the crystalline directions was confirmed. If the values of the lattice
distortion calculated from the position of different XRD peaks differed from each
other, they did not promote the improvement in hardness that was expected from
the magnitude of the distortion. For W–C system, it was shown that the intro-
duction of C led to an increased distortion of the lattice parameter, a factor that
resulted in an increase in hardness for the low C contents.108,159 However, from
a C threshold content, although the distortion continued to increase in some di-
rections, in other directions the same trend was not observed, and this resulted in
a decrease in hardness. Similar behavior was later observed by other researchers
for W-N films.92,111 Figure 7.38 shows the lattice distortion, calculated from the
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FIGURE 7.38. Influence of the degree of homogeneity of distortion of the lattice parameter,
calculated in relation to the standard value of the bcc 	-W phase, on the hardness of
sputtered W-Si-N coatings after annealing at increasing temperatures.111

XRD peaks position, of different W-Si-N sputtered coatings crystallized with the
bcc α-W phase.92,111 As can be noted for each type of film, the highest hardness
values coincided with the cases where the lattice distortion was similar for all
the planes used in the calculation. It is also interesting to note that two coatings
with approximated chemical composition (W68Si14N18 and W76Si12N12), present-
ing the same crystalline structure (bcc α-W phase), one of which originated from
crystallization from the amorphous state and the other which originated in the as-
deposited conditions, had different hardness values. In spite of the higher values of
the lattice distortion in the as-deposited crystalline sample, it was less hard than the
crystallized coating; the latter had a homogeneous distortion of the lattice whereas
W76Si12N12 showed a large range of values for the lattice parameter as a function
of the diffraction line used for its calculation.

Finally, although the grains of the crystallized phases were, in all cases,
of nanometric size (in the range from 3 to 20 nm) it was not possible to find
any correlation between the grain size and the hardness of W-Si-N films after
crystallization,111,118,119,152 particularly for films presenting the bcc α-W phase.
There were films with grain size lower than 5 nm (e.g., W26Si30N44) showing hard-
ness values over 40 GPa, a value clearly above those measured in the W69Si23N8

film (in the range from 25 to 30 GPa) that presented grains with dimensions over
10 nm. Nevertheless, there were also films with “high” grain sizes (>15 nm) with
hardness as high as 49 GPa (e.g., W68Si14N18).
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7. CONCLUSIONS

This chapter was dedicated to the role of the addition of a third element on the
properties, in particularly on the hardness, of TM nitrides.

The study, initially devoted to the addition of Al to TM nitrides, included the
most used ternary coatings in industrial applications, i.e., the Ti–Al–N system.
With a few exceptions, the observed trend in the hardness was similar among
the different studies presented in the literature. There is an improvement in the
values of this parameter when both binary nitrides (TM-N or AlN) are alloyed with
increasing contents of the other nitride. The maximum hardness value is attained
for an AlN content, depending on the deposition conditions, in the range from 50
to 70%. Within this composition range the structure changes from the fcc NaCl-
type phase characteristic of TM-N (TM = Ti, Cr) to the wurtzite phase of AlN.
None of the works presented clear evidence of a correlation between the hardness
values, the grain size, and/or the residual stresses of the coatings. The evolution
in the hardness values as a function of increasing addition of AlN to TiN or CrN
was attributed to either the hardening by the strain induced by the solid solution
or the increase of the covalent energy of the bonding due to the decrease in the
interatomic distance with Ti substitution by smaller Al atoms.

In the second part of the chapter the mixing of TM elements from IV, V, and
VI groups when deposited as TM nitrides was analyzed. It was concluded from
the monotonous evolution of the lattice parameter that the alloying element was
placed in solid solution substituting the TM element in the nitride lattice. In many
cases, the hardness presented a maximum for the ternary nitrides, suggesting that
the hardening mechanism involved was again the strain induced by solid solution.
However, the study of the Cr–TM–N system showed a different behavior, where
both a monotonous increase and an evolution that passes through a minimum value
for a ternary composition could be found. The interpretation of these trends was
based on a set of factors that include (1) the variation in the residual stresses; (2)
the strain induced by solid solution; and (3) the change in the bonding character,
with increasing TM content.

For the TM–Si–N system, the discussion was focused on the necessity of other
hardening mechanisms, in addition to that based on the formation of a nanocompos-
ite structure, which can complement the theory generally accepted for explaining
the mechanical behavior of these coatings. For selected cases it was possible to
establish a good correlation between the hardness measurements and other experi-
mental parameters such as, the lattice strain, the grain size, and the residual stresses.

The addition of low contents (<2 at%) of low N-affinity elements (e.g., Cu
and Ag) to TM nitrides could lead to important hardness improvement. Even though
some authors suggested that the increase observed in the hardness could be due
to the formation of a nanocomposite structure, other researchers found a good
correlation between the hardness and the lattice dilatation, which can be interpreted
as either the increase in the compressive residual stresses or the incorporation of
Cu/Ag atoms in solid solution in the TM nitride lattice.
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An important part of the chapter was dedicated to W-based coatings, since
this subject falls in with the personal concerns of the authors on TM nitrides and
carbides. It was concluded that the much lower affinity of W for N in comparison
to other TM elements, such as Ti or Zr, makes this system very particular regarding
the distribution of N between the alloying element and the tungsten. However,
the final mechanical properties of the coatings are very similar, with the hardness
reaching values as high as 50 GPa. Besides the hardening mechanisms already
presented, such as the lattice strain, the residual stresses, and the grain size, which
served for interpreting the observed variation in the hardness values, the degree of
heterogeneity in the lattice distortion was presented as a determinant factor in the
mechanical strength of the coatings. The highest hardness values were observed
for films with similar strained lattice in all the crystallographic directions.

In this chapter the possibility of reaching nanocrystalline structures from the
crystallization of amorphous coatings was also analyzed. Particular attention was
given to the W-based system, where the addition of Si to the TM nitrides is deter-
minant for the amorphization. The crystallization temperature varied in the range
from 600 to 1000◦C, depending on the TM element and the N content in the films. It
was shown that the presence of N could stabilize the amorphous phase. In the case
of TM = W, important changes in the chemical composition were observed during
the thermal annealing due to either the loss of nitrogen originally bonded to tung-
sten in the amorphous film or the interdiffusion between the film and the substrate.

One of the most important conclusions of the last part of the chapter was re-
lated to the excellent hardness shown by the nanocrystalline films obtained directly
from the crystallization of amorphous structures. This fact opens a new direction for
the production of nanocomposite structures, since the thermodynamic conditions
at high temperatures makes easier the necessary segregation for the production of
nanocomposite coatings.
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1. INTRODUCTION

In the last few decades, the research undertaken in the area of materials engineer-
ing has always aimed at conceptualizing and developing “new materials” with
properties required for specific technologies. The technological evolution in the
area of thin film deposition allowed obtaining materials with metastable structures
(nanocrystalline or amorphous) with unique physical–chemical properties suitable
for industrial applications in high-speed machining, tooling, and wear applications.
An example of this is the development of transition metal–metalloid-based mate-
rials for applications requiring high hardness and good wear resistance.

The designing of advanced hard coatings, such as nanostructured or amor-
phous coatings, nanocomposite coatings, or nanoscale multilayer coatings, must
take into account several factors, depending on the chemical composition of the
coating, the substrate material, the deposition technique, and the processing param-
eters. In terms of chemical composition, three main approaches have been adopted
for the synthesis of hard coatings for mechanical applications: (i) deposition of
metastable transition metal carbide or nitride (hereafter TM-C or TM-N, respec-
tively) coatings, with or without substitutional or interstitial alloying elements;
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FIGURE 8.1. Hardness of a material as a function of the grain size.1

(ii) production of multilayer coatings based on the same materials with layers of
nanometric size; and (iii) nanocomposite coatings formed by nanocrystalline and
amorphous phases in which the nanocrystalline phase (usually a transition metal
carbide or nitride) is embedded in an amorphous phase as diamond-like carbon
(DLC), carbon nitride, or other material with high hardness and Young’s modulus.
Depending on their hardness, these coatings are classified as hard materials (20–40
GPa), superhard materials (40–80 GPa), and ultrahard materials (>80 GPa).

The addition of a transition metal to a metal–carbon binary system can play
an important role in modifying its degree of structural order and consequently its
mechanical properties, e.g., hardness (Fig. 8.1). With a decrease in grain size down
to ≈10 nm, the multiplication and mobility of the dislocations are hindered and
the hardness of materials increases according to the “Hall–Petch” relationship. For
lower values, a reduction in grain size implies a decrease in strength due to the
existence of a huge amount of defects in the grain boundaries, which allow the fast
diffusion of atoms and vacancies under stress (grain boundary sliding).2,3 There-
fore, in order to obtain superhard materials, these phenomena must be avoided, i.e.,
dislocation movement and grain boundary sliding, as well as plastic deformation,
must not occur. This is the case of recently obtained nitride-based films by Veprek
et al.4,5 in which the authors claimed the production of superhard nanocompos-
ites (H = 50–80 GPa) formed by nanograins of titanium nitride involved with
amorphous Si-N and Ti-N phases in grain boundaries.

To obtain enhanced hardness, the nanocrystalline phase must be below 10 nm,
while the amorphous phase involving the nanocrystals must be maintained at only
a few atomic bond lengths.6 Apparently, the more complex the system is, in terms
of number of different phases, the higher is the hardness of the system. Veprek et al.
claimed the production of an ultrahard nanocomposite formed mainly by nc-TiN/
a-Si3N4, with hardness of 105 GPa.7 Other nanocomposite hard coatings include
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TiN–TiB2,8 (Ti,Si,Al)N,9 WC–TiAlN,10 nc-TiC/a-C (with or without hydrogen),11

as well as other metal nitride and carbide/boride systems. These last two papers
concern the production of nanocomposites based on hard transition metal carbides.
Voevodin et al.11 embedded a TiC nanocrystalline phase in a DLC matrix and
obtained a nanocomposite material with hardness of 32 GPa. The same matrix was
used by Zhang et al.12 to synthesize superhard nanocomposites (H = 40 GPa),
with 8–15 nm TiCrCN crystals as main phase.

The segregation of a hard phase to grain boundaries gives rise to a strengthen-
ing effect and stops grain growth, which means a significant increase of hardness
and other mechanical properties such as tensile strength or elastic modulus. How-
ever, the same is not true for toughness, and most of the researchers realized that
the increase of hardness of these superhard materials occurred to the detriment
of their toughness. In fact, it is necessary to have a certain degree of dislocation
movement and grain boundary sliding to obtain relatively tough materials. One of
the possibilities for overcoming this problem is to design a nanocomposite mate-
rial that has multiphase structures with interfaces with high cohesive strength, i.e.,
the combination of two or more nanocrystalline/amorphous phases with complex
boundaries to accommodate coherent strain. This can be achieved by the codepo-
sition of a high-strength amorphous phase as matrix and a hard transition metal
nitride/carbide (see, e.g., Refs. 7, 11, and 13), or by the codeposition process of
two metals and a metalloid element (N or C) in which one of the metals is con-
verted in nitride/carbide (superhard phase) and the other forms a ductile phase,14

thus improving toughness. Transition metal carbides such as Ti-C, W-C, and Zr-C
are probably the most extensively studied with high hardness values, making them
attractive materials for wear-resistant coatings. TiC has the highest hardness of the
transition metal carbides at room temperature (28–30 GPa),15 although this is not
true at elevated temperatures, where WC maintains a higher hardness.15,16 These
carbides have been obtained by sputter deposition doped with a third element, with
two objectives in mind: (i) to increase toughness—in this case a group VIII metal,
such as cobalt,14,16−21 iron,14,22,23 both iron and cobalt,14,24,25 or nickel,14,26,27 has
been used as the addition element; and (ii) to increase hardness and structural sta-
bility with temperature—systems W-Ti-C28−32 and Ti-Mo-C28 have been obtained
by either multilayer deposition of the constituent carbides or codeposition with two
targets in a reactive or nonreactive atmosphere. In a recent paper on the influence
of titanium on the properties of W-Ti-C/N sputtered films, Cavaleiro et al.29 de-
posited various thin films by dc reactive magnetron sputtering from W-Ti targets
with 0, 10, 20, and 30 wt% Ti. The results showed different compositional depen-
dencies of the structure and grain size of the films. The binary W-Ti and the ternary
W-Ti-C/N films with low and medium C/N contents were formed by a metastable
solid solution of Ti in the α-W phase. W-Ti-C films with high carbon contents
were formed by a metastable fcc (Ti,W)C1−x phase. No amorphous phases were
detected in this ternary system. The phase formation in sputter-deposited TiMo-C
and Ti-W-C thin films obtained by dual carbide targets (TiC/Mo2C and TiC/WC)
was studied by Koutzaki et al.28 The authors concluded that the ternary Ti-Mo-C
films with their compositions having 20.4–80.8% Mo were formed by a solid
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solution of Mo in TiC with a B1 crystal structure and a (111) preferred orientation.
Films with 86 and 91 at% Mo had multiphase structures of (Ti,Mo)C, Mo3C2, and
Mo2C. In relation to the Ti-W-C system, a single phase was obtained for all the
films consisting of a (Ti,W)C solid solution. No amorphous phases were detected
in these systems.

2. AMORPHOUS CARBIDE THIN FILMS
DEPOSITED BY SPUTTERING

During sputtering, the atoms condensing in an intermixed state try to find a stable
configuration with a low free energy of formation. Structural order in a thin film
results largely from the mobility of the adatoms. The very high cooling rates
attained during sputtering (≈108◦C/s)33 do not give the adatoms time to organize
themselves in stable structures, giving rise to structures with a reduced structural
order (nanocrystalline or amorphous) and with higher solubility domains than those
indicated in the literature. They also have chemical compositions and physical,
chemical, and mechanical properties that are impossible to reach by conventional
techniques.

The first authors to claim the formation of amorphous structures in sputtered
carbide-based thin films were Wickersham et al.34 in 1981. These authors syn-
thesized some W-Co-C coatings by reactive sputtering for satellite thermoelectric
generator walls and found that their structure was dependent on the partial pres-
sure of the C2H2 reactive gas, and became amorphous at high pressures. Since that
work, a considerable number of scientific papers have been published concerning
the production of amorphous TM-C-based hard coatings (see, e.g., Refs. 16, 20–27,
and 35–39) by means of different sputtering routes (e.g., reactive/nonreactive at-
mosphere, balance/unbalance, rf/dc, diode/magnetron, etc.) and deposition param-
eters (e.g., substrate bias, deposition pressure, specific power target, etc.). These
carbides are of great scientific and technological interest and have been used in
applications requiring high hardness and good wear resistance. There are mainly
three ways to improve the performance of a hard material: (i) to vary the concen-
tration of the nonmetallic element in the carbide (e.g., MC1−x ); (ii) to introduce a
second substitutional element in the metal lattice of the compound phase; and (iii)
to add another metal with great affinity for carbon. This may introduce variations in
the structure of the thin films, with the formation of amorphous or nanocrystalline
phases.

3. STRUCTURAL MODELS FOR PREDICTION OF
AMORPHOUS PHASE FORMATION

Distinguishing the transition between the amorphous and nanocrystalline struc-
tural states is complex, because there is some kind of structural range order in
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the amorphous materials, which extends over a maximum length scale of 2 nm,
intermediate between the short-range order of liquids and the long-range order of
crystals. The determination of intermediate-range order in amorphous materials
remains fundamental, yet is still an unresolved issue.40 Most of the researchers
that deal with these kinds of materials consider that the structural range order of
an amorphous material is lower than 2 nm. Below this value the material may be
present in low-range order (LRO) or medium-range order (MRO). The value of
0.5 nm has been claimed as the frontier for these two states. More recently, dif-
ferent definitions can be found in literature. Inoue41 claims that a material formed
by particles/grains with sizes ranging from 1 to 100 nm, with common boundaries
or embedded in an amorphous matrix-forming nanocomposite, is nanocrystalline.
This means that there is some controversy surrounding the definition range order
between 1 and 2 nm. In this chapter, a material formed by crystallites of about
2 nm will be called amorphous.

Various models have been proposed to predict the range of composition of
amorphous transition metal alloys, based on information extracted from phase di-
agrams, thermodynamic information for equilibrium states, differences in sizes of
the constituent elements, or the enthalpy of mixing. In 1979, Gaskell42 proposed
the first model for amorphous transition metal–metalloid systems in which groups
of atoms—coordination polyhedra with defined local geometry—are packed ran-
domly in a dense, three-dimensional array. Diffraction results showed that the
average coordination number of the metalloid element was lower than that of
the metal, with no interstitial–interstitial first neighbors. Based on these results,
Gaskell suggested that the local order around the metalloid element could be de-
scribed by trigonal prismatic polyhedra. The validity of this model was checked
with the data available for the Pd-Si alloys and according to the author provides a
good description of the structural properties of the amorphous alloys. Three years
later, Giessen43 proposed an amorphization criterion based on the heat of forma-
tion and atomic size ratio, where two elements will form an amorphous structure
if they have small size ratios (i.e., large size differences) and high negative heat
of formation. At about the same time, Massalski44 and Whang45,46 proposed other
models derived from information extracted from phase diagrams, where the ap-
proach was based on thermodynamic information for equilibrium states. Between
1984 and 1987, some authors (see, e.g., Refs. 47 and 48) claimed that amorphiza-
tion is related to the differences in size of the constituent elements. Egami and
Waseda47 proposed a correlation between the glass formability and the extent of
the atomic size mismatch of the constituent atoms in several binary alloys given
by

Cmin = 0.1/|(RB/RA)3 − 1| (8.1)

where Cmin is the minimum concentration of a solute element needed to amor-
phize the matrix, and RA and RB are the radii of a host atom A and a solute atom
B, respectively. This equation was derived on the assumption that the alloying
elements substitute for the matrix atoms at a regular lattice site. In this case, the



320 Bruno Trindade et al.

concentration of the solute required to destabilize the crystal lattice decreased as
the difference in atomic size between the two elements increased. This is because
a larger strain is introduced per atom for smaller substitutional atoms. In 1988,
Van der Kolk et al.49 reviewed the various methods for prediction of amorphous-
forming ability and concluded that the effect of atomic size alone was not sufficient
to describe the formation of amorphous structures and that the crystal structure of
the constituent elements should also be taken into account. Moreover, they referred
to the existence of several examples of amorphous phases constituted by elements
with either positive heat of formation or atomic ratios close to unity. According
to these authors,49 the range of relatively stable amorphous phases is determined
by three factors. One is the elastic mismatch energy, whose contribution in the
case of systems with large size mismatches is important; another factor, which
may favor the formation of an amorphous phase, is the structural contribution. A
large positive structural contribution to the enthalpy is expected for systems that
consist of two elements, one with a number of valence electrons per atom Z = 5
or 6 and the other with Z = 8 or 9. For alloys in which one of the constituents
has five or six valence electrons and the other has eight or nine, the structural
term tends to raise the enthalpy of the solid solution relative to the enthalpy of
the amorphous phase. Consequently, a wide composition range is observed where
amorphous phases are found, even when the size mismatch is insignificant. The
third factor defines the difference in enthalpy between solid solution and the amor-
phous phase, i.e., the enthalpy of fusion minus the decrease in enthalpy caused by
structural relaxation of the amorphous phase. Structural relaxation strongly favors
the formation of amorphous phases. At the same time, Loeff et al.50 developed
a method for amorphous alloys, and their approach was based on the difference
of atomic size and the average number of valence electrons. In 1990, Clements
and Sinclair51 introduced a classification of the metal–carbon systems according
to the thermodynamic driving force for solid-state amorphization reactions, which
was corrected for alloying effects. According to this criterion, various transition
metal–carbon systems lie in a region associated with solid-state amorphization.
In the 1990s, Zhang andYu52 proposed the rhomb unit structural model for amor-
phous structures. Recently, Inoue41 proposed three empirical rules for achieving
glass-forming ability (GFA) for metallic alloys, based on the multicomponents of
the amorphous alloys with high GFA: (i) multicomponent systems containing more
than three elements, (ii) significant difference in atomic ratios above about 12%
among the main constituent elements, and (iii) negative heats of mixing among
their elements. These authors summarized the reasons for achieving a high GFA
for ternary systems in a schema (Fig. 8.2).

According to Inoue41 the combination of these two factors (large atomic ratios
and negative heats of mixing) leads to a high liquid–solid interfacial energy as well
as the difficulty of atomic rearrangements giving rise to low atomic diffusivity and
high viscosity.

All the referred models have some limitations and in some systems do
not agree with the experimental observations. Besides this, there is a difference
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FIGURE 8.2. Reasons for achieving a high GFA in ternary alloy systems.41

between the predicted results and the experimental ones: they are smaller in the
case of systems obtained by rapid quenching than in the case of systems obtained
by vapor deposition (i.e., sputtering). One reason for this might be the different
cooling rates induced by the various far-from-equilibrium processes (Table 8.1).

Recently, Senkov and Miracle58 developed a topological approach based on
analysis of atomic size distributions and applied it to multicomponent amorphous
alloys with different GFAs. In this model, each alloying element in a specific alloy
provides a data point where the atomic size is plotted versus elemental concen-
tration. The curve obtained for all the elements of an alloy is called the atomic
size distribution. According to the authors, the shapes of the curves distinguish
between ordinary amorphous alloys with marginal GFA, i.e., alloys with a critical

TABLE 8.1. Departure from Equilibrium Achieved in Different
Nonequilibrium Processing Techniques53

Departure from equilibrium (kJ/mol)
Quenching rate (◦C/s)

Ref. 54 Ref. 55 Refs. 56 and 57

Quenching 103 — 16
Rapid solidification 105–108 2–3 24
Mechanical alloying — 30 30
Ion implantation 1012 — 30
Vapor condensation 1012 — 160
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FIGURE 8.3. Atomic size distributions in Al-based ordinary amorphous alloys.58 Critical
cooling rates of 104–106◦C/s.

cooling rate greater than 103◦C/s, and bulk metallic glasses, i.e., materials with
critical cooling rates lower than 103◦C/s. Amorphous materials of the former case
are typically ternary or high-order alloys with 60–90% of the base metal and a
concentration of each alloying element higher than 5%. According to the author,
at least one element is smaller and at least one is larger than the base element. This
gives rise to atomic size distribution curves concaving downward (Fig. 8.3), which
is the case of the Fe-, Ni-, and Al-based systems.

However, according to the same author, atomic size distributions of many
bulk metallic glasses have completely different shape (concave upward) with a
minimum at the intermediate atomic size (Fig. 8.4). In this case, the base ele-
ment has the largest atomic size and the smallest atom often has the next-highest
concentration (Pd-, La-, Nd-, Y-, and Sm-based systems).

Senkov and Miracle proposed a model to explain the concave upward shape
of the atomic size distributions of these systems.58 This model takes into account
that all alloying elements in bulk amorphous are smaller than the matrix element,
and that some of them are located in interstitial sites while others substitute for
matrix atoms in a reference crystalline solid solution.

The interstitial and substitutional atoms attract each other and produce short-
range-ordered atomic configurations that stabilize the amorphous state. If the alloy-
ing atom is much smaller than the base atom it tends to occupy interstitial positions
in the lattice. Otherwise, it occupies substitutional positions. A critical feature is
expected for alloy elements with a radius between about 0.6RA and 0.85RA. It is
likely that atoms in this size range partition between interstitial and substitutional
sites. The distortions decrease if the size difference between the matrix and inter-
stitial atoms increases, which is opposite to the case of substitutional atoms. The
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FIGURE 8.4. Atomic size distributions in Zr-based bulk amorphous alloys.58 Critical cool-
ing rates of ≈1–500◦C/s.

authors concluded that a higher concentration of an interstitial atom is required
in order to reach a critical internal stress for destabilization of the crystal lattice
when the atomic size of the atom decreases relative to the size of the matrix atom,
which is the opposite for the situation with substitutional atoms. Moreover, the
interstitial atoms produce tensile strains, attract the substitutional atoms smaller
than the matrix atoms, and repulse the substitutional atoms larger than those of the
matrix. In the former case, dense and stable short-range-order atomic configura-
tions may be produced, and these may stabilize the amorphous state. This can also
explain why bulk metallic glasses containing large amount of interstitial elements
do not generally contain solute elements with atomic sizes larger than the atomic
size of the base element. This is the case with transition metal carbides, such as
the well-known W-C, doped with group VIII metals, e.g., Co, Fe, or Ni in the form
of bulk materials or as thin films for tribological applications.

4. AMORPHOUS PHASE FORMATION IN TM-TM1-C (TM AND
TM1 = TRANSITION METALS) SPUTTERED FILMS

4.1. TM-Fe-C (TM = Ti, V, W, Mo, Cr) Thin Films

Trindade and Vieira59 have synthesized carbides of different groups of the periodic
table (Ti-C, V-C, W-C, Mo-C, and Cr-C) by nonreactive sputtering from sintered
targets with and without other TM alloying elements (Fig. 8.5) in order to determine
a general amorphization criterion for these very interesting technological materials.

The structure of the thin films was evaluated mainly by means of X-ray
diffraction (XRD), scanning electron microscopy (SEM), transmission electron
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FIGURE 8.5. Cross-section morphology of a sputtered Mo-Fe-C thin film with 5 at% Fe,
as a typical example of all the other TM-TM1-C films.

microscopy (TEM), extended X-ray absorption fine structure (EXAFS) and Moss-
bauer spectroscopy. The results were discussed as a function of the chemical
composition of the films, atomic radii of the constituent elements, and the affinity
of the TM for carbon. The results showed that all but the Cr-C binary thin films are
nanocrystalline (grain size <50 nm), formed by a NaCl-type face-centered cubic
(fcc) structure (Figs. 8.6 and 8.7). The amorphous thin films are characterized by
an XRD pattern with two very wide peaks (a stronger broad peak and a weaker

FIGURE 8.6. Typical XRD patterns of the binary sputtered TM-C thin films.
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FIGURE 8.7. Typical TEM and SADP images of W-C-Co (a) nanocrystalline and (b) amor-
phous thin films.

subpeak) and low-contrast TEM images associated with diffuse and large electron
diffraction rings. According to Sherrer’s equation, the values of the full width at
half-maximum intensity of the main XRD peak of the amorphous samples corre-
spond to crystallites of about 2 nm. With a codeposition process of two metals and
a metalloid element (carbon), the authors concluded that it was possible to signifi-
cantly decrease the structural range order of these carbide base thin films with the
introduction of a third element from group VIII, such as iron, cobalt, nickel, or
even palladium. In their work concerning the modification of the structural order of
transition metal–carbon systems by addition of a group VIII element, they demon-
strated that iron influences the range of structural order of the thin films and forms
amorphous structures as the iron content increases (Fig. 8.8). The iron content
required for occurrence of this structure depends on the transition metal forming
the carbide, and the percentage of iron increases as the affinity of the transition
metal for carbon increases. The authors discussed the formation of amorphous
structures in sputtered W-M1-C thin films in terms of the three parameters: (i) dis-
tortion of the MC1−x (M = W, metal M1) lattice due to the difference between the
atomic radii of the two metals; (ii) stability of the metal–carbon systems, which
decreases from group IVA to group VIA of the periodic table; and (iii) the tendency
of the systems to crystallize or not, in structures of the NaCl type. This structure
has a high compactness, a high number of interstitial positions (which permits
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FIGURE 8.8. Influence of iron on the structure of the thin T M-Fe-C films.

structurally identical films, with very different chemical compositions, i.e., with
extensive solubility domains), and strong cohesion of the metal–carbon covalent
bonds. According to Cottrell,60 the strong cohesion of the NaCl-type carbides of
groups IVA–VIA is essentially due to strong covalent bonds between the p elec-
trons of nonmetal atom and the d electrons of the transition metal (one in the s band,
two in pdσ bonding orbitals, and one in pdπ bonding orbitals). Metals from groups
IVA and VA have a strong affinity for carbon; i.e., in presence of this element they
form carbides MC1−x , with x → 1. These include the face-centered cubic- and
hexagonal close-packed (hcp) metal sublattices, each of which provides one octa-
hedral site per M atom. These two structures have similar cohesive energies, same
octahedral sites for C, and same M–M nearest neighbor coordination. However,
for the M–M nearest neighbor spacing R, the distance between some C–C nearest
neighbors is smaller in the hcp structure, which gives rises to an enhanced C–C
repulsion in this structure and is disadvantageous relative to fcc-based one for
higher carbon contents.

In the binary stoichiometric WC fcc carbide (metal of group VIA), not all the
six valence electrons of tungsten ([Xe] 4f145d46s2) are used in the W–C bonds. In
other words, there is a certain degree of W–W bonding in WC, and its contribution
toward the cohesion of the carbide is minor when compared to the W–C bonding.
For nonstoichiometric WC1−x , there is more W–W bonding amongst the nearest
neighbors and the density of states is reduced in proportion to the smaller fraction
of carbon atoms. Moreover, the existence of vacant carbon sites gives rise to
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weak bonds, with the second nearest W–W neighbors across the vacancies. This
might be the reason why the fcc structure is the predominant structure of sputtered
M-C thin films with carbon contents close to 50 at %. Thus, it is natural that
the systems that have this type of structure have better conditions for becoming
crystalline, even in a metastable state. With the exception of Cr-C system, the fcc
NaCl-type phase exists in all the phase diagrams of the M-C systems studied by
Trindade and Vieira,59 at room temperature (TiC, V4C3, and Mo2C). This could
be the reason why the Cr-C system is amorphous while the others are crystalline.
This hypothesis is consistent with other results on the sputter deposition of carbides
from groups VIIA and VIII. This is the case of Mn-C61 and Fe-C62 systems, which
are claimed to be amorphous when obtained by sputtering.

The carbon content in the thin films might be an additional factor favoring
amorphization due to the formation of metastable structures with a lower range
of structural order. On comparing the results obtained for the Ti-Fe-C systems
deposited with different sputtering targets, with and without constant Ti/C atomic
ratios, the authors claimed that the higher the carbon content, the lower the iron
percentage required for amorphization. This observation has been reported in other
studies.12,63 Moreover, the higher values of d(111) obtained from the Ti-Fe-C thin
films with Ti/C ratios function of the iron content (Ti/C < 1) can be explained by
the presence of higher percentage of carbon in interstitial positions.

4.2. W-TM-C (TM = Ti, Cr, Fe, Co, Ni , Pd, and Au) Thin Films

The possibility to significantly decrease the degree of structural order of tungsten
carbide by introducing a group VIII element of the periodic table, like Ni, Fe, Co,
or Pd, is well known; however, the same cannot be said for the addition of transition
metal elements of other groups of the periodic table. Trindade et al.23 studied the
amorphous-phase-forming ability in W-TM-C (TM = Ti, Cr, Fe, Ni, Pd, and Au)
sputtered films and found that those with Ti, Cr, or Au were crystalline (Fig. 8.9)
with a metastable fcc β-(W,TM)C1−x structure, with 1−x extending from near unity
down to about 0.6. In opposition to these, films with TM = group VIII transition
metal show crystalline to amorphous state transitions for TM percentages in the
range of 5–10 at%. Based on these results, the authors claimed that the amorphous-
phase-forming ability in tungsten–carbon sputtered thin films is exclusive to group
VIII metals, such as iron or palladium. The explanation for this was related to a
set of factors connected to the electronic configuration of these elements, and
was related not only to the atomic size of the element added, but also to the
crystalline structure and its affinity for carbon. This is in agreement with the Van
der Kolk et al. criteria.49 However, it should be noted that in contrast to Van
der Kolk’s study, Trindade et al.’s study concerned carbides with a mixture of
covalent/metallic bonding between the metallic element and carbon. The addition
of iron decreased the covalent character of the chemical bonding and induced
distortion of the crystallographic lattice, leaning toward amorphization. Finally
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FIGURE 8.9. Compilation of XRD and TEM structural results of W-TM-C (TM = transition
metal) thin films. (C, crystalline; T, transition; A, amorphous)29

the authors stated that it was possible to amorphize all the carbides studied, by
adding iron, and the percentage of this element required for the amorphization of
the various systems depended on the specific transition metal forming the carbide.
Among these systems, the W-Fe-C system was one of the most extensively study by
Trindade et al.22−25 On the basis of EXAFS (Fig. 8.10 and Table 8.2), Mossbauer
spectroscopy (Fig. 8.11 and Table 8.3), and XRD results obtained for W-Fe-C
coatings with different iron contents, the authors assumed that the structure of these
films consisted of small β-(W,Fe)C1−x crystallites with a size of a few unity cells,
surrounded by a disordered phase rich in Fe. Therefore, the atomic arrangement of
these materials was not completely random, but maintained a degree of structural
order (less than 2 nm).

Figure 8.10 shows the radial distribution functions (RDFs) of the EXAFS
spectra (Fig. 8.10) recorded from samples W56C44, W52Fe4C44, and W42Fe20C38

at tungsten L- and iron K-edges (W L and Fe K, respectively). Note that data are
not corrected for phase shift, and thus radial distances R (Å) do not reflect true
bond lengths. The W56C44 thin film had a typically crystalline tungsten L-edge
spectrum with some well-defined shells of neighbors. The oscillations in the lower
side of the first peak were due to determination errors of the Fourier transform
and were not of structural origin. The differences between the W L spectra of
films with and without iron essentially concerned the second coordination shell,
the RDF intensity of which was lower for the films with iron. Both W-Fe-C films
had W L EXAFS spectra typical of ordered materials with well-defined RDF
peaks. However, the Fe K spectra of the W-Fe-C films were quite different. The
Fourier transform of the film with 4 at% Fe shows well shells of neighbors with an
overlapping of the first two RDF peaks. On the other hand, the Fourier transform
pattern of the film with 20 at% Fe was characteristic of disordered structures, i.e.,
amorphous.
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FIGURE 8.10. Fourier transforms of the EXAFS spectra recorded at (a) W L- and (b) Fe
K-edges for films W56C44, W52Fe4C44 and W42Fe20C38.23

Table 8.2 presents the W C, W W, and W Fe bond lengths obtained from
the least squares fittings of the normalized W L EXAFS spectra. Due to the peak
amplitude reduction and broadening, analysis was performed only for the first
three shells of neighbors. These distances are consistent to an fcc structure with a
lattice parameter of 4.34 Å. This value is slightly higher than the one given by the
ICCD card for the β-MC1−x carbide (4.25 Å). The addition of 4 at% Fe to W-C

TABLE 8.2. Structural Results of W-C-Fe Films (W L EXAFS) for the
First Three Shells of Neighbors23

W56C44 W56Fe4C40 W42Fe20C38

W–C bond length (1st neighbors) 2.17 2.17 2.13
W–W bond length (1st neighbors) 2.92 2.92 2.97
W–Fe bond length (1st neighbors) — 2.92 2.67
W–C bond length (2nd neighbors) 3.62 3.62 3.67
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FIGURE 8.11. Mossbauer spectra of film (a) W52Fe4C44 and (b) W42Fe20C38.23

films did not alter these distances considerably. Moreover the W–W distance is
similar to the W–Fe distance. The W L and Fe K EXAFS curves recorded from the
iron richer W-Fe-C film (W42Fe20C38) allowed for the conclusion of the structural
order of the amorphous state. The W L curve of this film did not differ from those
of W-C and W52Fe4C44 films. However, the Fe K curve significantly decreases
in intensity even for low interatomic distances. This is a clear indication that
iron atoms form a short-range-ordered structure probably involving the W-C base
crystallites.

The experimental Mossbauer spectra of several W-Fe-C thin films (Fig. 8.11)
were fitted by a least squares method developed by LeCaer64 in order to examine
the local environmental effect. Taking the X-ray results obtained for these thin films
into account, the spectra of samples with iron contents up to 6 at% (with an fcc
structure) were fitted by two symmetric doublets, while spectra from samples richer
in iron were fitted by two independent Lorentzian line shapes. The results show that
the linewidths of the peaks depended on the iron content. For samples with an fcc
structure the linewidth of the doublet I increased with the increasing iron content

TABLE 8.3. Mossbauer Hyperfine Parameters of the W-Fe-C
Thin Films23

Sample (at%Fe) IS (mm/s) QS (mm/s)

4.0 0.29 (0.42a/0.16b 0.53 (0.40a/0.65b

5.8 0.28 (0.40a/0.16b 0.52 (0.39a/0.63b

12.7 0.11 0.65
20.0 0.10 0.61
33.3 0.08 0.58

aSite I.
bSite II.
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while the corresponding value of doublet II remained constant. The samples richer
in iron (with a decreased structure order) showed no significant differences in the
linewidths of the quadrupole doublet. The value of 0.5 mm/s obtained for these
samples was larger than the one expected for a single-site absorption line, implying
a distribution of both the isomer shift (IS) and the quadrupole spitting. The values
of the average hyperfine parameters of the W-Fe-C films are listed in Table 8.3. As
can been seen, there was a systematic decrease in the IS with the increasing iron
content in the films, meaning that there was an increase in charge density in the
iron nucleus. This indication reveals that a certain amount of iron must be bonded
to W and/or C.

In agreement with the XRD results, the values of the quadrupole splitting
obtained for the W-Fe-C sputtered films pointed toward the existence of a struc-
tural transition from a crystalline to an amorphous state, for an iron content close
to 6 at%. This conclusion was also supported by quadrupole splitting probability
curves, P(QS), extracted from Mossbauer experimental data with the LeCaer’s
method.64 In fact, very broad P(QS) curves were obtained for amorphous sam-
ples, in contrast to the samples with lower iron contents, which presented sharp
distributions. On the basis of these Mossbauer results the authors stated that the
hyperfine parameters obtained from samples with low iron contents correspond
to an fcc structure, which was consistent with presence of the metastable MC1−x

(M = W, Fe) phase, indexed by XRD analysis.
The results obtained from the TM-TM1-C (TM = Ti, V, Cr, Mo, W and TM1 =

Ti, Cr, Fe, Co, Ni, Pd, and Au)23,58 are not consistent with Senkov and Miracle’s
model.58 Figures 8.12 and 8.13 show the atomic size distributions for the sputtered

FIGURE 8.12. Atomic size distributions of W-TM-C crystalline thin films, calculated on
the basis of the work of Trindade et al.23
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FIGURE 8.13. Atomic size distributions of W-TM-C amorphous thin films, calculated on
the basis of the work of Trindade et al.23

W-TM-C thin films synthesized by Trindade et al.23,59 Figure 8.12 corresponds to
the crystalline films (TM = Cr, Au, Ti) and Fig. 8.13 to amorphous films (TM =
Cr, Fe, Co, Ni, Pd). Two different atomic distribution curves can be observed in
these systems. W-TM-C with TM = Cr, Fe, Co, and Ni have a concave upward
distribution, which according to Senkov and Miracle58 should lead to a consid-
erable decrease in atomic diffusion, nucleation, and growth of crystalline phases
and consequently to bulk glass formation. If this is true for group VIII alloying
elements, the same cannot be said for the W-Cr-C system, probably because of
the small difference in the tungsten and chromium atomic radii, which might not
introduce important strain of the lattice. It is likely that higher concentrations of
Cr would lead to amorphous materials. For the W-TM-C systems with TM = Pd,
Au, and Ti, atomic size distributions with asymmetric concave downward shape,
which resulted from the higher atomic radii of Ti, Au, and Pd compared to W,
were obtained; nevertheless no amorphous structures were formed in the W-Ti-C
and W-Au-C systems.

5. HARDNESS AND YOUNG’S MODULUS OF
SPUTTERED TM-TM1-C THIN FILMS

5.1. Ternary TM-C/TM1-C Systems (TM = Group VA Metal;
TM1 = Group VIA Metal)

In the last two decades, ternary transition metal carbide films have been deposited
on, e.g., cemented carbides or high-speed steels for wear applications. Most of
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these carbides, especially those presenting an fcc structure, exhibit large solubility
domains, i.e., large variations in composition. This is the case for the group IVA
metal carbides (e.g., TiC/HfC) or group IV and VA metal carbides, such as TiC–
NbC, ZrC–TaC, or TiC–VC just to mention a few. As an example, Krzanowski
et al.65 deposited single fcc phase TiC-50% HfC thin films with different grain sizes
(from 35 to 11 nm) and hardness values (7.5–35 GPa, respectively). Contrarily,
association of carbides of different groups located some distance from each other
(e.g., IVA and VIA) in the periodic table may have a limited mutual solubility and
may give rise to multiphase structures for some chemical compositions. This is the
case of the ternary W-Ti-C and Ti-Mo-C systems.66 Many studies have been done
on the development of coatings based on the W-Ti system. Originally, the driving
force for these studies was the good thermal behavior of this system, which made
it suitable as a diffusion barrier in integrated circuits. Nowadays, ternary W-Ti-C
sputtered thin films are used for wear applications.67−69 The TiC and W2C car-
bides are isomorphous and they have a similar lattice parameter, which means that
they are extensively miscible.70 In this case, the substitution of one of the metals
by the other shall induce lattice distortion with consequent increase in hardness.
Another possibility is the formation of heterogeneous multiphase carbides coat-
ings being formed by other phases of the W-Ti-C system. This is the case of the
TiC–WC and TiC–W2C phases which can be formed, depending on the carbon
stoichiometry. Yoon et al.67 synthesized WC–TiN superhard multilayered coatings
formed by a superlattice of TiN and β-WC1−x phases. The microhardness of the
film on cemented carbide was found to be 40 GPa. Koutzaki et al.68 synthesized
Ti-Mo-C and Ti-W-C films by cosputtering from carbide targets in order to exam-
ine the phase formation, the microstructure, and the mechanical properties. The
results showed that multiphase Ti-Mo-C films, containing the (Ti,Mo)C, Mo2C,
and Mo3C2 phases, were obtained only in highly Mo-rich films. The other Ti-Mo-C
films were formed by solid solutions of Mo in the TiC structure. The hardness of
most Ti-Mo-C films was in the range of 8–10 GPa. The multiphase films had even
lower hardness values.

Concerning the Ti-W-C films, they were observed to be formed by a (Ti,W)C
solid solution with hardness values in the range of 15–17 GPa; however, a sample
with 40 at% W had a hardness of 29 GPa. The high hardness of this specimen was
attributed to Hall–Petch strengthening on the basis of TEM observations, which
revealed an extremely small grain size and a higher film density. In a recent work,
Cavaleiro et al.69 presented results on the structure and mechanical properties of
sputtered W-Ti-C/N thin films with different titanium and carbon contents. These
films were deposited by dc reactive magnetron sputtering from targets of W-xTi
alloys with x = 0, 10, 20, and 30 wt% in a mixed Ar + CH4 atmosphere with a
CH4/Ar partial pressure ratio in the range 0–1. The results were compared to those
available in the literature for these systems. The influence of the carbon content
on the hardness, Young’s modulus, and grain size of W-Ti-C films is illustrated in
Fig. 8.14a–d. The increase in C content gave rise to increasing hardness values in all
but the W-C films. The hardness of the binary W-C system reached a maximum for
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FIGURE 8.14. The effect of carbon content on the hardness, Young’s modulus, and grain
size of W-Ti-C films.

≈10 at% C and decreased thereafter. This result is in accordance with other studies
on this system.71−77 The highest value of hardness referred to in the literature for
carbon-poor W-C coatings was obtained by Pauleau and Gouy-Pailler73 and is
slightly higher than the value obtained by Cavaleiro et al.69 (35 GPa against 30
GPa, respectively). The lattice distortion induced by the presence of increasing
amounts of C in the interstitial positions of the bcc α-W phase is responsible
for the reduction of the structural range order in the films and for their hardness
decrease. However, it should be pointed out that hardness values of 40 GPa are
reported in the literature72−76 for carbon-richer coatings in which the carbide phase
is formed. The Young’s modulus of the W-C films remained almost constant with
carbon content increasing.

For the W-Ti-C coatings the hardness increased for low carbon contents and
then stayed almost invariable for high carbon contents (Fig. 8.14a). The thin films
were formed by an interstitial bcc W solid solution with a progressive shift of their
diffraction peaks to lower angles with the increase in carbon content. The hardness
values measured by Cavaleiro et al.69 in these films were higher than the majority
of the values (≈15 GPa) reported in the literature by Koutzaki et al.68 These
authors explained that the relatively low values of hardness obtained were due to
the extremely small grain size of the (W,Ti)-C solid solution. Figure 8.14b shows
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that like the binary W-C system, the Young’s modulus of the (W-10wt% Ti)-C
thin films remained approximately constant with the increase in carbon content.
On the other hand, the grain size of the coatings decreased with the increase
in carbon content, i.e., there was a decrease in their structural range order. In
regards to the (W-20wt% Ti)-C and (W-30wt% Ti)-C thin films both the hardness
and the Young’s modulus increased with increasing carbon content. There was
good congruity between the increase in hardness and the decrease in grain size,
as can be confirmed by the simultaneous analysis of Fig. 8.14a,c. In light of the
influence of structural parameters on the hardness of hard coatings, both the grain
size and the lattice distortion have been the most utilized parameters to establish
empirical correlations. The referred to lattice distortion induced by the presence
of the increasing amounts of C in the interstitial positions of the bcc α-W phase
is, according to Cavaleiro et al.,69 responsible for the reduction of the structural
range order of the films and for the increase in hardness. Figure 8.14d shows the
relationship between E and H . As can be seen, the higher the hardness, the higher
is the Young’s modulus.

5.2. Other Ternary TM-TM1-C Systems

The (W-C)-based system has been extensively studied mainly due to its impor-
tance for cemented carbide applications. It was shown in Section 5.2 that the
structural range order of coatings from this system can be altered by the addi-
tion of a group VIII metal. This section deals with the relationship between the
chemical composition, the structure, and the hardness of W-TM-C sputtered coat-
ings. The results concern W-C thin films with and without alloying elements from
groups IVA (Ti) and VIII (Co and Ni). As previously mentioned, these elements
have a different influence on the structural range order of the W-C base coatings.
In contrast to Ti, elements Co and Ni reduce the range of structural order of the
fcc structure of the binary WC1−x coatings, thus giving rise to amorphous struc-
tures for contents close to 6 at%. It should be noted that the hardness values of
the W-Ti-C presented in this section are the same as those shown in Fig. 8.14a.
Figure 8.15a,b illustrates the relationship between hardness and structure of W-
TM-C (TM = Ti, Co, Ni) thin films. The hardness values were splitted into three
groups: <25 GPa, 25–35 Gpa, and >35 GPa, which define three different domains:
(i), (ii), and (iii) in Fig. 8.15. As can be seen, the higher hardness values of the
ternary coatings are obtained for low TM contents and carbon contents up to 50
at%. These films are formed by a single nanocrystalline solid solution of bcc W,
for low carbon contents, or β-WC1−x carbide, for carbon contents close to 50 at%
(x = 0). The high hardness values were the result of a lattice distortion provoked
by interstitial and substitutional elements, which lead to compressive or tensile
stresses, depending on their size. In contrast, the softer coatings were located in
two different zones of the W-TM-C ternary diagram; one starting from the W-C
axis and the other from the TM-W axis. The first domain includes thin films with
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FIGURE 8.15. (a) Hardness and (b) structure of W-TM-C (TM = Ti, Co, Ni) thin films.
(Ncryst.-ss, nanocrystalline solid solution)

low range order, i.e., amorphous (Fig. 8.15b), with chemical compositions char-
acterized by TM contents higher than 5 at% or carbon contents higher than 50
at%. The second domain includes nanocrystalline single-phase W-Ti-C coatings
(Fig. 8.15b) with W/Ti atomic ratios close to 1 and with low carbon contents.
Finally, the films with intermediate hardness values are formed either by a W base
nanocrystalline single phase (on the center top of the Fig. 8.15b) or by a mixture
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of two nanocrystalline phases (films with equiatomic chemical compositions in
the center of the diagram). These results show that, as expected, the formation
of amorphous structures in sputtered M1-M2-C thin films does not give rise to
materials with improved hardness. In these ternary carbides the higher hardness
values correspond to single-phase materials alloyed with interstitial (carbon) and
substitutional (transition metal) elements in a relatively low percentage, in order to
avoid the formation of a second phase. Nevertheless, according to the literature, a
material with equiaxed or isotropic crystallites with a grain size <10 nm separated
from each other by a second phase should suppress the dislocation movement,
and, therefore increase hardness. This is not the case of the so-called amorphous
TM-TM1-C thin films, which present the lowest hardness values. As referred to in
Section 5.2, these amorphous materials are formed by small crystallites with a size
of a few unity cells, surrounded by a disordered phase rich in element M2 (element
from group VIII). The occurrence of these disordered phases, of relatively ductile
elements, with a huge amount of defects that allow fast diffusion of atoms and
vacancies under stress (grain boundary sliding) must be responsible for the de-
cline in hardness. Moreover, the higher the content of element M2 in the thin film
the lower is the hardness. This is also true for the elastic properties, e.g., Young’s
modulus.

Figure 8.16 shows the hardness and Young’s modulus of sputtered TM-Fe-
C (TM = W, Mo, Cr) thin films.78 In this figure the hardness (H ) and Young’s
modulus (E) were normalized to the W-C system. As can be seen, both hardness
and Young’s modulus of the binary films decreased from the first to the third long
period, i.e., toward a greater metal–carbon bonding stability. This was also true

FIGURE 8.16. Hardness and Young’s modulus of sputtered TM-Fe-C (TM = W, Mo, Cr)
thin films.78
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for bulk carbides. The increasing iron content leads to a progressive decrease in
the elastic modulus of the films and an increase in their hardness for iron con-
tents of about 5 at%, followed by a decline for higher percentages. According to
the authors,78 this can be explained by the type of chemical bonding between the
different elements within the carbide and by the range of structural range order
of the films. Iron reduces the number of covalent bonds, leading to a reduction
in Young’s modulus. However, in opposition, there was an increase in hardness
in W-Fe-C and Mo-Fe-C films for medium iron contents, which is attributed to
a distortion of the nanocrystalline fcc phase with a consequent decrease in grain
size. For higher iron contents, these films became amorphous and the hardness
dropped. Cavaleiro et al.24 observed the same trend on reactive deposition of
W-Ni-C ternary films with increasing partial pressures of methane and substrate
bias. In conclusion, the authors stated that the structural range order of the films
decreased with increasing nickel and carbon contents. The higher hardness and
Young’s modulus values were obtained for nanocrystalline single-phase films (α-
W) with carbon and nickel contents of 8 and 7 at%, respectively. For higher con-
tents of these elements the films became amorphous with decreased mechanical
properties.

In many mechanical applications the use of protective coatings must take
into account not only hardness, oxidation resistance, and wear behavior but also
fracture toughness. Usually, a significant increase in hardness and other mechan-
ical properties such as tensile strength or elastic modulus occurs to the detriment
of toughness. These TM-TM1-C coatings, with TM1 = metal from group VIII,
present a certain degree of dislocation movement and grain boundary sliding,
which is responsible for their relatively high fracture toughness. Consequently,
the design of a hard coating for mechanical applications depends on the required
properties.

The new generation of nanocomposite hard coatings for wear protection (e.g.,
nc-TiN/a-Si3N4), formed by nanocrystalline crystals lower than 10 nm surrounded
by an amorphous layer with a few atomic bond lengths, presents very high hard-
ness and low friction coefficients. However, it is not yet known if these materials
can support high contact pressures without cracking. M1-M2-C sputtered coat-
ings, however, are reported to be less hard than the nanocomposite nc-/a-coatings,
and their structure can be altered by thermal annealing at adequate temperatures.
This is the case for the as-deposited amorphous M1-M2-C films whose mechan-
ical properties could be improved by controlling the crystallization process and
grain growth. The phases formed during annealing at increasing temperatures
should have a grain size of a few nanometers, in order to improve hardness;
otherwise, a decrease in hardness will occur for the nc-TiN/a-7 at% Si3N4 sys-
tem during annealing.6 This author mentioned that for temperatures higher than
500◦C, there was a grain growth of the nanocrystalline TiN phase with a conse-
quent hardness loss upon annealing (33 to 27 GPa for a grain size of 12 to 25 nm,
respectively).
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6. THERMAL STABILITY OF SPUTTERED
AMORPHOUS M1-M2-C THIN FILMS

The structural stability of the amorphous W-TM-C (TM = Fe, Co, Ni) thin films
at elevated temperatures was studied by Trindade et al.25,26,79,80 by means of
in situ TEM and thermal analysis during continuous heating up to 1000◦C. XRD
was used as complementary technique for phase identification after each differ-
ential scanning calorimetry (DSC) run, at room temperature. The knowledge of
the crystallization temperatures of these systems is crucial for two main reasons.
On one hand it may extend experimental information to the mechanism of crys-
tal nucleation and growth from the amorphous phase, thus contributing toward
obtaining nanocrystalline phases with phase distribution suitable for mechanical
applications. On the other hand it is crucial for an adequate technological appli-
cation, since the operating temperature range will be determined by the structural
changes (crystallization) occurring with increasing temperature.

Figure 8.17 shows the crystallization temperatures of amorphous W-TM-C
thin films as a function of the TM atomic content. These temperatures were deter-
mined on the basis of DSC curves (see Fig. 8.18) recorded from the amorphous
as-deposited films at temperatures up to 1150◦C.80

As can be observed in Fig. 8.17, the thermal behavior of the as-deposited
amorphous phase is strongly dependent on the chemical composition. The higher
the TM content the lower the structural stability of the amorphous phase is. This
is particularly true for low TM atomic contents. Moreover, films with Ni are less
stable than films with iron or cobalt, which agrees with the results available in the
literature for bulk materials. Figures 8.19 and 8.20 show some TEM bright-field

FIGURE 8.17. Crystallization temperatures of amorphous W-TM-C (TM = Fe, Co, Ni) thin
films.
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FIGURE 8.18. DSC curves recorded from an amorphous W-Co-C thin film, as a typical
example of all the other amorphous systems. Phase transformations were determined by
XRD analysis after various DSC runs up to different maximal temperatures.

micrographs and selected area electron diffraction patterns (SAEDPs) of W-TM-C,
corresponding to the crystallization of amorphous as-deposited films obtained by
Trindade et al. Figure 8.19a–c corresponds to a W53Ni10C37 thin film and Fig. 8.19d
concerns a W46Fe13C41 thin film. Figure 8.20 shows TEM bright-field micrograph
and corresponding SAEDP of a crystallized W45Ni15C40 thin film at 750 and
800◦C. The crystallization of the W-Ni-C coatings occurred with the formation of
M2C for films with at% Ni < 10 (Fig. 8.19a–c) and α-Ni + MC for films with at%
Ni ≥ 10 (Fig. 8.20a,b). Once the crystallization products were formed from the
amorphous phase, they tend to grow rapidly with further increase in temperature.

The crystallization of the W-TM-C (TM = Fe, Co) thin films leads to the for-
mation of M2C, MC, M6C, and α-W. The authors explained that the two different
crystallization processes observed in the W-Ni-C and W-(Fe,Co)-C coatings were
due to the higher solubility of tungsten in nickel than in iron or cobalt.

Overall, the massive crystallization of the films occurred for temperatures
between 680 and 800◦C. The first crystals formed from the amorphous phase were
more or less globular (Fig. 8.19a). The corresponding SAEDP showed some rather
well-defined rings ascribed to the M2C carbide (for Ni-rich films, the α-Ni + MC
phases are formed instead of M2C), as well as large electron diffraction (ED) rings
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FIGURE 8.19. TEM bright-field micrographs and corresponding SAEDP showing the crys-
tallization of W-TM-C amorphous as-deposited films. (a), (b), and (c) correspond to a
W53Ni10C37 thin film and (d) concerns a W46Fe13C41 thin film.

from the amorphous phase. This transformation was classified as a primary-type
crystallization in which one phase precipitates, resulting in an enrichment of the
remaining elements in the amorphous phase. Taking into account that M2C is
a tungsten-rich carbide and that it may dissolve only small amounts of a group
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FIGURE 8.20. TEM bright-field micrograph and corresponding SAEDP of a crystallized
W45Ni15C40 thin film at (a) 750◦C and (b) 800◦C.

VIII element, a gradual enrichment of the matrix in iron during crystallization
is conceivable. Continued heating resulted in an intensive crystallization with
formation of further M2C (Fig. 8.19b) and subsequently grain growth of this phase
(Fig. 8.19c). Isothermal in situ annealing of W-(Fe,Co)-C films at temperatures
close to 900◦C led to the appearance of big crystals, indexed as MC, with essentially
two morphology types: prismatic shape and rod shape (Fig. 19d).

7. CONCLUSIONS

This chapter reviewed the present status of the research on the design of hard
coatings based on transition metal carbides for mechanical applications. As stated,
these coatings consist of metastable transition metal carbides, as monolithic or
multilayer coatings, or nanocomposite materials of a nanocrystalline phase(s) em-
bedded in an amorphous phase.

The addition of a transition metal to a metal–carbon binary system modi-
fies its range of structural order and consequently its mechanical properties, e.g.,
hardness. The amorphous-phase-forming ability in sputtered thin films of transi-
tion metal carbides is characteristic of elements with no great affinity for carbon,
e.g., elements of group VIII of the periodic table. In binary TM-C systems, it is
easy to synthesize amorphous carbides from groups VIA to VIII with chemical
compositions similar to those of the equilibrium crystalline phases. The atomic
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size of the elements does not seem to play a vital role in the amorphization of
the TM-C carbides. The systems in which the NaCl-type structure MC1−x is an
equilibrium structure, be it at room temperature or at elevated temperature, have a
propensity to give rise to crystalline thin films. This is the case of groups IVA and
VA metals, which form a single fcc MC1−x carbide with the lowest enthalpy of
formation when bounded to carbon. For the VIA group, the situation is somewhat
different: contrarily to tungsten and molybdenum, chromium (the element from
group VI with the lowest affinity for carbon) forms an amorphous structure with
carbon. The same is true for Mn (group VIIA) and for iron (group VIII). Neverthe-
less, it is possible to significantly decrease the structural range order for carbides
of IVA–VIA metals with the addition of a group VIII element, such as Fe, Co, Ni,
or Pd. The percentage of these elements required for the appearance of amorphous
structures is a function of the constituent transition metal of the carbide, and is
higher for stronger carbide formers. This knowledge can be of great importance in
the development of carbide base thin films with enhanced properties so they can
be used in extreme conditions. Moreover, by subsequent annealing, it is possible
to modify the microstructure of the as-deposited coatings and to control their grain
size by choosing adequate thermal cycles function of the chemical composition
and structure of the sputter-deposited coatings.
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39. G. Tomé, B. Trindade, and M. T. Vieira, Synthesis and characterisation of new sputtered metastable
carbides, Vacuum 64, 205–210 (2002).
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1. INTRODUCTION

This chapter will focus on superhard nanocomposites prepared according to our
generic design principle.1 These coatings, when correctly prepared, possess an
unusual combination of mechanical properties, such as a high hardness of 40–
100 GPa, high elastic recovery of 80–94%, elastic strain limit of >10%, and high
tensile strength of 10 to ≥40 GPa which is approaching the ideal strength of flaw-
free materials.2,3 Moreover, the nanostructure and the concomitant superhardness
(measured at room temperature after each annealing step) remain stable up to
≥1100◦C.4

Because these nanocomposites were in the past often confused with ordi-
nary hard coatings in which the superhardness is achieved by energetic ion bom-
bardment during their deposition, we shall briefly summarize the advantages and
drawbacks of these different techniques for the preparation of superhard coatings.
The emphasis will be on their thermal stability and oxidation resistance. It will
be shown that the hardening by energetic ion bombardment yields coatings with
a too low thermal stability. Therefore we expect that such superhard coatings will
be only of a limited industrial use.

Recently, some researchers doubted our published data on the high hardness
and suggested that our hardness measurements were incorrect (see, e.g., Ref. 5and
reply in Ref. 6). Therefore, we shall also briefly summarize the recent results on
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the possible artifacts during the hardness measurements on superhard coatings and
how to avoid them in order to obtain correct data.

In Section 2 we shall outline our design concept1 and describe the proper-
ties of selected classes of the nanocomposite coatings. It will be also shown that,
as outlined in our earlier review,7 several researchers had already prepared such
nanocomposites earlier, without having realized their very special nature and gen-
erality of the preparation principle. Afterwards, we shall analyze examples of the
published papers with respect to the deposition conditions and impurity content
as far as available in these papers. It will be shown that the lack of success of
some researchers to reproduce our results is due to either an incorrect choice of the
deposition conditions (too low nitrogen pressure and/or deposition temperature),
or impurities, or a combination of these.

The recent progress in the development of the coating technology and in-
dustrialization of the nc-(Al1−x Tix )N/a-Si3N4 coatings is briefly summarized in
the last section. The new lateral rotating arc cathode, LARC R©, that uses Virtual
Shutter R© for precleaning of the cathodes is presented, together with an example
of the excellent cutting performance of these new coatings.

1.1. Possible Artifacts During Hardness Measurement on
Superhard Coatings

Static indentation hardness is the pressure under the indenter which causes the
material to flow, i.e., deform plastically.8,9 Thus, upon indentation at a low load
the response is purely elastic, and only when the pressure L/AC reaches the yield
stress σY, plastic deformation commences (L is the applied load and AC is the
contact area between the indenter and the material being tested). Considering, for
simplicity, an ideal elastic–plastic behavior of the material, it becomes clear that
when the pressure under the indenter reaches the yield stress, the static indentation
hardness H = L/AC is independent of the applied load (for more details see Refs.
7–9). This is an important criterion of the correctness of the measured values.

With the modern automated load-depth sensing techniques, very often the
“size indentation effect” (SIE) is observed. SIE means that the measured value
of the hardness of a materials decreases (or, in the case of soft thin film on hard
substrates increases) with applied load. The SIE may have a number of different
reasons, such as finite radius of the indenter tip that has not been fully corrected for
(see Refs. 10 and 11 and references therein), finite distance between the deforma-
tion bands,12 dislocation pinning within a surface layer of an oxide, carbide, etc.,
strain hardening, and others (see e.g., Refs. 2 and 13, p. 74, and references therein).
In the case of a very small load in the range of tens of micronewtons, the SIE may
also be due to the low probability of the appearance of the critical flaw in the small
volume being tested by the nanoindentation. This phenomenon is well known in
the fracture physics and mechanics since the pioneering work of Leonardo da Vinci
500 years ago (e.g., Ref. 14, p. 241), and it has been recently convincingly illus-
trated by the excellent work of the Suresh’s group. These researchers have shown
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that with a load and indentation depth of 10–20 µN and 10–20 nm, respectively,
soft single crystals of Al, Au, Cu, etc., show an ideal behavior.15,16 With indenta-
tion depth of about ≤10 nm, it was impossible to initiate plastic deformation in
these soft metals because such deformation requires a finite activation volume.17

When measuring the hardness of soft materials with such a low load, one can easily
obtain values that are factor of 5–20 higher than the correct bulk hardness, because
the flow limit is not fully achieved due to the low pressure under the indenter. Also
the frequently quoted use of “sharp diamond indenter” has its limitation because
of the difficulties to fabricate very sharp tips of a regular shape (e.g., Ref. 13,
p. 77). Even the sharpest tip becomes dull (radius of about 0.5 µm) when used
for measurements on superhard materials. For these reasons the only reliable way
of determining the hardness of superhard coatings is to measure it as a function
of the maximum applied load, and to take the load-independent value, which is
achieved typically for loads between 50 and 150 mN. This has been emphasized
already in our first paper1 and used consequently through the whole subsequent
work.

Moreover, it is advisable to check the value of the hardness obtained from the
indentometer with that calculated from the contact area that is measured by means
of calibrated scanning electron microscope (SEM; of course, the projected area
that is measured by SEM has to be converted into the contact one, according to
the geometry of the indenter used). These problems together with other possible
artifacts that may occur and the possibilities how to solve them were discussed
in our recent papers to which we refer for further details.2,18,19 Here we limit
ourselves to two illustrative examples.

Figure 9.1 shows an example of SIE that occurs in the superhard nanocom-
posites (Fig. 9.1a) even when the tip correction was done very carefully (Fig. 9.1b).
Because the indentation depth at the low load where the SIE appears is <0.3 µm
(Fig. 9.1a, right-hand-side scale), one might believe that it is due to the tip rounding,
as discussed by others.10,11,20,21 However, the load independence of the hardness
of silicon and sapphire as shown in Fig. 9.1b makes this explanation unlikely, and
the fact that the SIE as shown in Fig. 9.1a is not observed on all superhard coatings
(particularly on the nc-TiN/a-Si3N4, see Refs. 1 and 22) excludes such possible
explanation. The SIE shown in Fig. 9.1a may be due to elastic deformation of the
diamond indenter (see Fig. 3 in Ref. 2), or it can be associated with a particular
mechanism of plastic deformation of the material of that coating. Although this
question needs further studies to be unambiguously answered, the example in Fig.
9.1 shows clearly that hardness values reported from indentation at low load are
likely to be subjected to SIE and, therefore, cannot be considered as reliable. This
fact has to be kept in mind when considering the relevance of published data on
hardness that were measured with a very low load of a few tens of micronewtons
(e.g., Ref. 23).

Figure 9.2 shows a comparison of the load-independent values of hardness
measured by the indentometer at maximum applied load between about 30 and 150
mN with those calculated from the contact area determined by means of calibrated
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FIGURE 9.1. (a) Hardness of 6-µm-thick superhard nc-TiN/a-BN coating deposited on
stainless steel substrate versus the maximum applied load as obtained from the inden-
tometer with careful correction for the tip rounding (full symbols) and calculated from
the contact area of the remaining plastic deformation measured by calibrated SEM (the
projected area as recalculated to the contact one). (b) Hardness and maximum indentation
depth of Si and sapphire versus maximum applied load. (From Ref. 2.)
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FIGURE 9.2. Load-independent hardness from the indentometer Fischerscope 100 in
comparison with that calculated from the contact area of the remaining indentation, using
calibrated SEM. (See text and Ref. 2.)

SEM. There is no doubt that such data are correct even for the highest values of
100 GPa, i.e., in the range of diamond.

1.2. Requirements on the Thickness of the Coatings

It has been noticed by several researchers in the past that in order to measure the
hardness of hard coatings on softer substrate correctly, the maximum indentation
depth must not exceed 10% of the thickness of the coating, because above this
value plastic deformation occurs in the softer substrate, such as steel. For example,
Lichinchi et al.,24 who carried out modeling by means of finite element method
(FEM), have shown that the indentation into TiN on high strength steel (HSS)
causes plastic deformation in the substrate when the indentation depth reaches 15%.
Similar results were reported by other researchers as well. Our FEM simulation
of the indentation into the superhard coatings revealed that because of the higher
strength of these materials, the maximum indentation depth should not exceed
about 5% of the coating’s thickness in order to avoid the plastic deformation in the
substrate.25

In summary, the maximum indentation depth should be larger than about 0.3
µm in order to avoid SIE and simultaneously not exceed 5% of the thickness of the
superhard coatings to avoid the effect of the substrate; reliable measurements are
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possible only when the thickness of the coatings is ≥6–8 µm. This rule was met
in the majority of our reported measurements with exception of only some of the
earlier ones, where we used about 4-µm-thick coatings before realizing that the
“rule of 10%” is not sufficient for superhard coatings. The limited space available
here does not allow us to analyze all the published values of hardness in the range
of ≥40 GPa that were measured on much thinner coatings (e.g., less than 0.5 µm)23

using small loads in the range of tens of µN. Therefore we leave this question to
the judgment of the reader.

2. THE EARLIER WORK

Nowadays, there are many superhard nanocomposites of different chemical com-
position reported in the literature. However, because “Ti-Si-N” is the most fre-
quently studied system so far, we shall first focus on this as a model one. Many
researchers studied the thermodynamic phase diagrams of the Ti-Si-N system (for
a summary see Ref. 26) and the deposition of such films by means of thermal
chemical vapor deposition (CVD) (e.g., Ref. 27). Because of thermodynamic and
kinetic reasons, high temperatures are needed for the thermal CVD in this system.
Therefore no hardness enhancement was reported.(For lack of space we cannot
include a more detailed discussion and all references here.)

Li et al. were the first authors who reported on the deposition of superhard
“Ti-Si-N” coatings by means of plasma chemical vapor deposition (PCVD) using
chlorides as a source for Ti and Si.28 Li et al. attributed the hardness enhancement
to the precipitation of small Si3N4 particles within TiN nanocrystals. A hardness
of 60 GPa reported by Li et al. was probably due to the ternary nc-TiN/a-Si3N4/a-
TiSi2 nature of these coatings, as found in subsequent joint work.29−33 (Notice
that in the binary systems nc-MenN/a-Si3N4, a maximum hardness of only 50–60
GPa has been achieved; see below.) Together with Li we also found that, after a
period of few months, the hardness of these coatings decreased, and we attributed
this degradation to the relatively large chlorine content in these coatings.33 Recent
studies revealed that this degradation is an intrinsic property of these systems due
to chemical degradation of the TiSi2 phase by water from air in a similar way as it is
known for silica fibers.34 Furthermore, when we found later that the crystallite size
is only 3–4 nm it became clear that the original explanation based on a dispersion
hardening28 could not be correct. This led us to the development of the generic
design concept.1,3

Many researchers (Knotek et al., Andrievski et al., Gissler et al., Hammer
et al., Mitterer et al., etc.) have published papers on the deposition and properties
of “Ti-B-N” coatings (for a review of the earlier work, see Ref. 7). In the recent
review7 it was pointed out that based on the immiscibility of the stoichiometric
TiN and TiB2 phases and on the development of the morphology of these coatings
as a function of their composition and hardness, these were also nanocomposites.
This is seen on the development of the morphology of the Ti-B-N coatings as
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a function of their composition and hardness reported by Andrievski (Fig. 1 of
Ref. 35). The columnar structure of the coatings deposited by magnetron reactive
sputtering almost vanished at the composition where the maximum hardness of
≥50 GPa was found.

In the majority of coatings deposited by physical vapor deposition (PVD)
techniques at low pressure of the order of <10−3 mbar and negative substrate bias,
there is a large biaxial compressive stress of 5–8 GPa due to the energetic ion
bombardment during their deposition. Therefore, one has to carefully check if the
measured hardness is not enhanced by that bombardment, as it will be discussed
below.

Figure 9.3 shows an example from the works of Hammer et al.36 and more
recent results of Mitterer et al.37 We discussed these combined results38 in order
to emphasize the difference between these two mechanisms of hardness enhance-
ment, i.e., by energetic ion bombardment and by the formation of stable nanocom-
posite structure due to self-organization upon the spinodal phase segregation. When
the coatings deposited by Hammer et al. at room temperature were annealed to
600–800◦C, the hardness increased to about 40 GPa (see Fig. 9.3a) and the orig-
inally amorphous films showed nanocrystalline X-ray diffraction (XRD) pattern.
Thus, although the TiB2.2 and TiN coatings deposited by Mitterer et al. have a high
hardness enhanced by energetic ion bombardment during their deposition (see Fig.
9.3b), the hardness of the “Ti-B-N” coatings from the middle of the nitrogen range
in Fig. 9.3b is due predominantly to the formation of the nanocomposite structure
as obvious by comparison of the values from Fig. 9.3b with those in Fig. 9.3a. The
hardness maximum at about 27% of nitrogen is less pronounced than that usually
found in our nanocomposites deposited by PCVD (see below), probably because
of some additional enhancement due to the energetic ion bombardment. Would
this enhancement be absent, the maximum were probably much more pronounced
as indicated by the broken lines which are approaching the bulk hardness of TiB2

on the left and TiN on the right-hand side of Fig. 9.3b. We shall see later that this
is a typical behavior of systems that forms stable nanocomposites according to our
design principle. Mayrhofer et al.39,40 presented recently a detailed, convincing
evidence for the nanocomposite nature of these coatings, as suggested in our earlier
review7 and discussed here.

To the best of our knowledge, Knotek was also the first author who reported the
hardness enhancement in the “superstoichiometric TiC1+x ” or “TiC/a-C”41,42 sim-
ilar to that found in our nc-TiN/a-Si3N4, when the excess carbon content reached
about 20 at%. This and many similar systems were studied later by other authors
(e.g., Refs. 43 and 44). Further systems having some analogy with the TiC/a-C
were reported by Sproulet al. These researchers deposited multilayers consisting
of TiN and CN45–47

x (or ZrN and CNx )48 at a relative low temperature of ≤200◦C.
When the thickness of the double layers (“the period”) decreased to about 4 nm
the hardness increased to about 40 GPa as well known from the “heterostructures.”
However, when the period was further decreased to about 2 nm, a nanocomposite
structure was formed spontaneously and the layered structure vanished, as shown
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(a)
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FIGURE 9.3. (a) Increase of hardness of Ti-B-N coatings upon annealing when a nanocom-
posite structure is formed by self-organization.38 (b) Dependence of the hardness of Ti-B-N
coatings deposited by magnetron sputtering and energetic ion bombardment during the
deposition.36,37
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by XRD and high-resolution transmission electron microscopy (HRTEM) in these
papers. There are many further, more recent examples in the literature. Because
the “Ti-B-N,” “TiC1+x ,” and other related systems are discussed in other chap-
ters of this book, we shall concentrate mainly on the “Ti-Si-N” and related ones
that consist of a hard, nanocrystalline transition metal nitride and an amorphous,
covalent nitride, such as Si3N4 or BN.

3. SUPERHARD NANOCOMPOSITES IN COMPARISON
WITH HARDENING BY ION BOMBARDMENT

The easiest way to prepare superhard coatings is to apply energetic ion bom-
bardment during the deposition of hard materials, such as stoichiometric TiN,
(TiAlV)N, HfB2, as well as so-called “nanocomposites” consisting of a hard tran-
sition metal nitride and a soft metal which does not form a stable nitride (ZrN/Ni,
ZrN/Cu, Cr2N/Ni, etc.).49 Because the latter coatings are frequently confused with
superhard nanocomposites prepared according to our generic principle (see be-
low), we shall briefly discuss, in this section, how to experimentally distinguish
these two mechanisms of hardness enhancement.

One possibility is to study the behavior of the hardness (measured after each
annealing step at room temperature) upon annealing to high temperatures, as shown
in Fig. 9.4. The hardness that has been enhanced by energetic ion bombardment
strongly decreases with annealing temperature to the ordinary bulk value upon

FIGURE 9.4. Dependence of the hardness of HfB2,50 Cr2N/Ni, and ZrN/Ni51 coat-
ings hardened by energetic ion bombardment and the stable superhard nc-TiN/a-Si3N4
nanocomposites on the temperature of isochronal annealing in pure nitrogen.4,7 (The
hardness was measured at room temperature after each annealing step.)
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annealing to 400–600◦C whereas that of the superhard nanocomposites remains
unchanged upon annealing up to 1100◦C (see Fig. 9.4; for further examples, see
Refs. 4, 51, and 52). This softening upon annealing of superhard coatings hard-
ened by energetic ion bombardment is a general phenomenon associated with the
relaxation of ion-induced defects in the films.53 The hardness of these coatings de-
creases also with increasing deposition temperature in a similar manner as shown
in Fig. 9.4 for the annealing (see Fig. 2 in Ref. 54.) The reason for that is the
thermal relaxation of the ion-induced defects within the growing film in a depth
larger than the projected range of the ions.

Another possibility how to distinguish between the stable, superhard
nanocomposites, and the ordinary coatings is the dependence of hardness on their
composition, shown in Fig. 9.5. It is important to notice that superhard nanocom-
posites prepared according to our design principle1–3,7 show a maximum hardness
at a composition corresponding to the percolation threshold when the surface of
the polar transition metal nitrides is covered with about one monolayer of Si3N30

4 or
BN.52

Figure 9.5 illustrates the excellent reproducibility of the hardness enhance-
ment obtained in our laboratory when the superhard nanocomposites are deposited
under conditions of high activity (partial pressure) of nitrogen and high temperature
of ≥500◦C, as explained in our earlier papers.1,3,55 The TiN1−x Cx system displays
solubility within the whole composition range and, therefore, the hardness follows

FIGURE 9.5. Dependence of hardness of various coatings on their composition. TiN1−xCx
forms a solid solution and therefore the hardness follows the rule of mixtures.55 In the
case of the so-called “nanocomposites” consisting of a hard transition metal nitride and
ductile metal, the maximum hardness is achieved with the pure nitride without that metal.
(Adapted from Ref. 54.) The superhard nanocomposites prepared according to our design
principle show a maximum hardness at a percolation threshold.1,7,30
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the rule of mixtures (Ref. 14, p. 391) increasing, with increasing carbon content,
monotonously from the value of pure TiN to that of TiC.55 The so-called “super-
hard nanocomposites” Me(1)N/Me(2) consisting of hard transition metal nitride
and a ductile metal49 reach the highest hardness enhancement (caused by the en-
ergetic ion bombardment during their deposition) for a very low content of the
ductile metal or when this is absent, as seen in Fig. 9.5. This behavior was found
for many other Me(1)N/Me(2) systems as well.(J. Musil, private communication,
2003.) It resembles the behavior of cemented carbide in which the hardness also
decreases with increasing content of cobalt.

The effect of energetic ion bombardment applied during the deposition of thin
films (also called “ion plating” and “activated reactive evaporation”) as pioneered
by D. Mattox and R. F. Bunshah, respectively,56 on their microstructure, poros-
ity, surface roughness, and hardness was investigated in many papers. Hoffman
and Gaerttner were probably the first researchers who reported on the decrease of
surface roughness and change of the biaxial stress from tensile, which is typical
for thermally evaporated films, to compressive one.57 Veprek et al. have reported
the complex, synergistic effect of energetic ion bombardment on the properties
of nanocrystalline silicon58,59 and compared the measured data with theoretical
Transport of ions in matter (TRIM) calculations.60 They have shown that besides
the smoother surface and the built-up of biaxial compressive stress, the ion bom-
bardment also results in a decrease of the average crystallite size, build-up of
displacement damage (i.e., the formation of Frenkel pairs), and, above a certain
threshold, to the amorphization of the deposited film.

It is the complex, synergistic effect of all these processes that results in the high
hardness enhancement frequently found in hard coatings deposited at relatively low
temperature of ≤300◦C (e.g., Refs. 50 and 61–64). The highest hardness enhance-
ment of 100 GPa due to this effect was reported by Musil et al. for (TiAlV)N and
80 GPa for TiN coatings.62 The compressive stress of 5–8 GPa (at a higher stress,
delamination of the coatings occurs) alone cannot explain the observed hardness
enhancement shown in Fig. 9.4 for these coatings. The reason is only that the
biaxial compressive stress σ c acts against the shear stress under the indenter in di-
rection parallel to the substrate, and, therefore, the resulting hardness enhancement
is only equal to the value of that compressive stress H (σ c) = H0 − σ c (notice that
compressive stress σc < 0). This has been studied and confirmed in many papers
and recently summarized by Pharr et al.65–67 Nevertheless, because the stress is
relatively easy to measure, one finds and reports often a correlation between the
hardness and the compressive biaxial coatings as shown in Fig. 9.6.

The TiNx (see Fig. 9.6a) coatings deposited by magnetron sputtering at low
temperature63 in a similar way as the (TiAlV)N with hardness of 100 Gpa,62 as well
as the “Ti-Si-N” nanocomposites of Vaz68 show a clear correlation between the
hardness and compressive biaxial stress. Thus, one may ask the question as to what
extent is the hardness in the coatings of Vaz due to the energetic ion bombardment
and/or to the formation of nanocomposite structure. Again, the answer is provided
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FIGURE 9.6. (a) Hardness and compressive stress of TiNx coatings deposited by mag-
netron sputtering.62,63 (b) Hardness and compressive stress of Ti-Si-N coatings deposited
by magnetron sputtering at ≤300◦C.68

by the annealing experiment: Whereas the hardness of the TiN coatings decreases
upon annealing in a similar way as shown in Fig. 9.4, the hardness of the Ti-
Si-N coatings of Vaz remains nearly constant as shown in Fig. 9.7.69 This is not
necessarily valid for all coatings deposited by magnetron sputtering. Very often,
these coatings show self-hardening upon annealing (e.g., Ref. 70), which is a
clear evidence that they were deposited under inappropriate conditions that do not
assure the formation of stable nanostructure during the deposition (see below).
Interestingly, only one coating reported in the recent review70 showed some self-
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FIGURE 9.7. Annealing behavior of the “Ti-Si-N” coatings deposited by Vaz at higher
temperatures than those shown in Fig. 9.6b. (From Ref. 69.)

hardening, whereas the other softened upon annealing already to ≥500◦C. This
leaves the question regarding the origin of the hardness enhancement in the coatings
of Patscheideropen.

4. SUPERHARD NANOCOMPOSITES WITH
HIGH THERMAL STABILITY

4.1. The Design Concept for the Deposition
of Stable Superhard Nanocomposites

As already mentioned, the original explanation of Li et al. for the strong hardness
enhancement found in their coatings was based on the assumed precipitation of
small Si3N4 particles dispersed within the TiN crystals.28 However, when we
later analyzed our coatings in more details and determined the crystallite size,
we realized that this explanation could not be correct because such precipitates
cannot be formed within a few nanometers of small crystallites. [This is not any
criticism of Li et al. In fact, because the XRD measurements of their coatings was
done at our laboratory (see acknowledgment in Ref. 28), we should have realized
this already in 1992.] This led us to the development of a design concept for the
superhard nanocomposites1 that has proven to be of generic nature.3
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This concept is based on a strong, thermodynamically driven and diffusion
rate controlled (spinodal) phase segregation that leads to the formation of a sta-
ble nanostructure by self-organization.1,3,7 In our first paper on this subject1 we
originally included the concept of the spinodal decomposition following the in-
spiring paper of Cahn in which he described the hardening upon formation of
long-range coherent composition fluctuations by spinodal phase separation,71 and
because it was suggested to be responsible for the self-hardening of (TiZr)N coat-
ings upon annealing, as observed by Knotek72 and later repeated by Andrievski et
al.73 However, when checking carefully the latter two papers we realized that the
very small increase of the hardness was found only for one coating with the com-
position (Ti0.3Zr0.7)N but not for (Tix Zr1−x )N with x = 0.5 and 0.7 in the paper
of Knotek and Barimani. In the paper of Andrievski et al., the composition was
unknown.73(R. A. Andrievski, private communication, 2003.) Because the hard-
ening was not observed for any other composition and there was no evidence for it
in the references quoted in Ref. 72, we dropped the term “spinodal” at that time but
kept the term “thermodynamically driven compositional modulation” (see Ref. 1,
p. 66, line 13) in order to bring this concept into discussion. In course of the more
recent work there is growing experimental evidence that the stable nanostructure
is indeed formed by spinodal decomposition (see below). However, the final evi-
dence in terms of the dependence of the Gibbs free energy of the formation of the
mixed phase on the composition, which has to show negative second derivative,
is still lacking. With this limitation in mind we shall describe how the forma-
tion of the nanostructure by self-organization upon spinodal phase segregation
operates.

In the nc-TiN/a-Si3N4 and analogous systems, such as nc-W2N/a-Si3N4,74 nc-
VN/a-Si3N4,55 and others, the spinodal phase segregation is thermodynamically
driven by a high activity (partial pressure) of nitrogen, and rate controlled by the
diffusion that requires a sufficiently high temperature. (For further details about
the spinodal decomposition see Refs. 75 and 76.) Under these conditions, the
spinodal phase segregation occurs when the second derivative of the Gibbs free
energy is negative, because the mixed system is inherently unstable against any
infinitesimally small, local fluctuation.3,75,76 This is illustrated in Fig. 9.8a for the
lower curve within the whole range of the composition and for the upper one for the
range between the compositions x1 and x2. The latter curve corresponds to the case
of a lower activity (partial pressure) of nitrogen of less than about 10−3 mbar for
Tdep of about 500–700◦C, and/or a too high temperature where the decomposition
of the stoichiometric nitrides commences (for TiN and Si3N4) above about 1000◦C
in vacuum.

For illustration, we show in Fig. 9.8b, a simplified phase diagram of the
Ti-S-N system at about 900–1100◦C.77 One can see that at a sufficiently high
activity of nitrogen (partial pressure of >10−5 bar = 10−2 mbar) the fully segre-
gated, stoichiometric TiN and Si3N4 phases are formed. Under such conditions, the
spinodal decomposition occurs during the deposition, resulting in the formation
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FIGURE 9.8. (a) Schematic dependence of the free energy of formation of a binary solution
A1−xBx on the composition, which shows immiscibility between the composition x′ and
x′′ for a low pressure of nitrogen and a too high temperature T2 and within the whole
range at a sufficiently high pressure of nitrogen and a lower temperature T1 of about
550◦C. (b) A simplified phase diagram of the Ti-Si-N system at a temperature of about
900–1100◦C.
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of an nc-TiN/a-Si3N4 nanocomposite (“thermodynamically driven compositional
modulation”)1 with a small and regular crystallite size, as confirmed by HRTEM, in
Fig. 9.9.78 The medium-resolution transmission electron micrographs show a regu-
lar nanostructure that is typical of spinodally segregated binary system. Would the
segregation and nanostructure formation have occurred by nucleation and growth,
one would have to see a much larger size distribution of the compositional modu-
lation, i.e., of the crystallite sizes. (For an example of such micrographs, the reader
should consult Fig. 6.14 on p. 166 in Ref. 79.) Fig. 9.9b shows a high-resolution
micrograph with a few nanocrystals where resolved crystal lattice planes are seen.
Because the random orientation of the crystallites is reached at the silicon content
of about ≥8 at%, only few crystallites whose lattice plains are oriented parallel
to the electron beam appear in the lattice resolution. A small tilting of the sample
in the microscope results in vanishing of these lattice images and appearance of
others in areas where the micrograph in Fig. 9.9b appears structure-less. For each
sample under study several tens of micrographs were taken and evaluated.78

The size of these nanocrystals of 3–4 nm agrees very well with that determined
from XRD using Warren–Averbach Fourrier transform method (see Fig. 4 in Ref.
78). The selected area electron diffraction pattern shown in Fig. 9.9c confirms, in
agreement with XRD studies on a large number of our films, that TiN is the only
crystalline phase. Because the Si 2p line in X-ray photoelectron spectra shows a
chemical shift typical of Si fourfold coordinated to nitrogen, as in Si3N4 (see Fig. 4
in Ref. 1), there is no doubt left regarding the nanostructure of the nc-TiN/a-Si3N4

nanocomposites. Let us emphasize that in course of these studies78 we investigated
10 coatings with different composition and found the same results regarding the
TiN and Si3N4 segregation (of course, the crystalline size changed as shown in
Fig. 9.10a and in Fig. 4 in Ref. 78).

When, however, the nitrogen activity is too low (partial pressure of <106

atm) the stoichiometric and fully segregated TiN and Si3N4 phases are not stable.
Instead, mixed phases and TiSi2 are formed (see the phase diagram in Fig. 9.8b),
and the interfaces are not sharp, which results in a decrease of the hardness due to
an easier grain boundary sliding. These conditions have been already emphasized
in our first paper together with a simple thermodynamic calculation (see Fig. 1
in Ref. 1) in order to illustrate the necessity of using a sufficiently high nitrogen
pressure.

As pointed out already, a sufficiently high nitrogen pressure assures only
the thermodynamically driven force for the segregation. Because the rate of that
segregation is diffusion controlled, a sufficiently high temperature is needed. We
reported1 that a temperature of 500–550◦C is sufficient and still low enough to be
compatible with the majority of substrates used, e.g., for cutting tools [notice that
even high speed steel (HSS) is stable up to about 540◦C]. Let us also emphasize that
if significantly higher temperatures are used during the deposition or annealing, the
nitrogen activity has to be increased correspondingly in order to bring the system
into the fully segregated stoichiometric TiN and Si3N4.
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FIGURE 9.9. (a) Medium- and (b) high-resolution transmission electron micrograph of
nc-TiN/a-Si3N4 nanocmposites. (c) Selected area (ca. 50 × 50 nm2) electron diffraction
pattern. (From Ref. 78.)
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(a)

(b)

Percolation threshold

FIGURE 9.10. (a) Dependence of the crystallite size and hardness on the total silicon con-
tent (bonded as Si3N4) in nc-TiN/a-Si3N4 for coatings deposited by PCVD upon low-energy
ion bombardment.1 The hardness reaches maximum and the crystallite size minimum at
the percolation threshold of the Si3N4 phase. (b) Dependence of the crystallite size on Si
content for nc-TiN/a-Si3N4 nanocomposites deposited under energetic ion bombardment
at the cathode of an abnormal glow discharge at current density of 2.5 mA/cm2.30 (c) The
maximum hardness is achieved when the TiN nanocrystals are covered by about one
monolayer of Si3N4.30 (d) Also in the systems nc-TiN/a-BN and nc-TiN/a-BN/a-TiB2 the
maximum hardness corresponds to the situation when the TiN nanocrystals are covered
with about one monolayer of the nonpolar, covalent BN.52
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FIGURE 9.10. (Continued )

Although these conditions were described and explained in Ref. 1 and sub-
sequent papers from our group (see, e.g., Refs. 3, 55, and 74), there are still many
papers being published at the present time where the authors use a too low nitrogen
pressure and/or low temperature and, consequently, are unable to reproduce our
results. This issue will be discussed in more detail in Section 5.

When the deposition conditions are properly chosen as to provide the high
thermodynamic driving force and sufficiently high deposition temperature, and
the energy of ions reaching the surface of the growing film is low as in a high-
frequency (HF)discharge at high pressure,1,74 the hardness reaches a maximum of
50–60 GPa at a silicon content of about 8–10 at% as shown in Fig. 9.10a when the
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nanocrystals of the transition metal nitrides (or carbides) are covered with about
one monolayer of silicon1,30 (Fig. 9.10c), or of boron nitride in the case of the
nc-TiN/a-BN system (see Fig. 9.10d.)52

When, however, the surface of the growing film is bombarded by energetic
ions as on the cathode of an intense (2.5 mA/cm2) abnormal direct current glow
discharge, the crystallite size is largely controlled by that ion bombardment58,59

and shows only a slight decrease from TiN to nc-TiN/a-Si3N4 as shown in Fig.
9.10b. However, as seen in Fig. 9.10c, in both cases, i.e., low and high energetic
ion bombardment, the maximum hardness is achieved when there is about one
monolayer of Si3N4 between the TiN nanocrystals.

Thus, it is not the volume content of the Si3N4 or BN tissue alone that corre-
sponds to the maximum hardness but its ratio to the specific interface area of the
nanocrystalline phase, which depends on the crystallite size and shape.30,52 When
prepared under conditions that enable the formation of the stable nanostructure
during the deposition, the crystallite size and the hardness behaved in the same
way as shown in Fig. 9.10a for nc-TiN/a-Si3N4. When the maximum hardness was
achieved, the crystallites were of regular shape with a size of about 3–4 nm for all
the nc-MenN/a-Si3N4 [Me = Ti, W, V, (Al1−x Tix )] systems that were studied so
far.30,55,74 We have further shown that under the conditions where the crystallite
size reaches minimum and the hardness maximum (Fig. 9.10), the thickness of the
amorphous tissue is about 0.3–0.5 nm, i.e., about one monolayer of Si3N4 (see last
line on p. 70 in Ref. 1). This was later confirmed by a more detailed analyses for
all systems studied in detail so far.30,55,74

As predicted1,74 the universality of our design principle was verified by a
successful preparation of a variety of superhard nanocomposites based on transi-
tion metal nitrides in a combination with covalent, nonmetallic silicon or boron
nitride, such as nc-W2N/a-Si3N4, nc-VN/a-Si3N4, nc-TiN/a-Si3N4/a- & nc-TiSi2,
nc-TiN/a-BN, and nc-TiN/a-BN/a-TiB2 (see Refs. 1, 30, 74, 80, and references
therein). Based on the generality of the thermodynamical design principle, we also
predicted that it should work in a variety of systems including carbides, borides,
and others that meet the conditions specified in our earlier papers.1,7,74

As already mentioned,7 several researchers indeed prepared such nanocom-
posites earlier without having realized the generality of the design concept.

Interestingly, the crystallite size of the nc-TiN/a-BN nanocomposites with
the optimum composition and maximum hardness is larger than in the case of nc-
TiN/a-Si3N4. The numbers in Fig. 9.10d indicate the respective crystallite size for a
given sample. For nc-TiN/a-BN with a negligible fraction of a-TiSi2 the crystallite
size is larger than about 12 nm and it decreases when a larger fraction of TiB2 is
present (points with numbers ≤10 nm in Fig. 9.10d). As one can see, the optimum
coverage of the TiN nanocrystals is decisive in achieving the maximum hardness
in both these systems.

The higher value of the crystallite size in the binary nc-TiN/a-BN system as
compared with the nc-TiN/a-Si3N4 can be understood in terms of the theory of
the spinodal segregation.75,76 The “period” of the spinodally segregated system
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FIGURE 9.11. Left: Nitrogen-terminated [111] surface of TiN with Si atoms on top of the
N ones shown in the middle part of that figure. Right: Nitrogen-terminated [111] surface
of TiN covered with B atoms (see text). (From Ref. 80.)

is determined by a balance between the decrease of the Gibbs free energy of the
mixed system when the segregation is completed and the opposing, destabiliz-
ing effect of structural mismatch between the phases. With increasing mismatch
the period increases.75,76 As shown in Fig. 9.11, the Si atoms are matching fairly
well with the nitrogen-terminated [111] TiN surface (lowest energy one) whereas
the B atoms are too small. When the B atoms are coordinated to the terminal
nitrogen on that surface (further called “BN”), the nitrogen atoms must slightly
move, thus opening a space for other B atoms that are coordinated to Ti (further
called “Ti-B-N”; see Fig. 9.11, right-hand side). Although this model may appear
to be too simplified, it provides a surprisingly good agreement with the experi-
ment. From a variety of such models one can estimate the ratio of the “BN” to
“Ti-B-N” atoms to be about 2:1, which agrees very well with the intensity ratio
shown in the X-ray photoelectron spectroscopy (XPS) signal of the B 1s region
in Fig. 9.12b. When the TiB2 fraction increases but the coverage is still close
to the maximum in Fig. 9.10c, this ratio remains nearly constant. In the case of
nc-TiN/a-Si3N4 where the Si atoms are matching the TiN surface much better,
only the Si 2p signal corresponding to Si fourfold coordinated to nitrogen is seen
(see Fig. 12a and Fig. 4 in Ref. 1). Because of the larger mismatch in the nc-
TiN/a-BN system, one has to expect a larger crystallite size in agreement with
the theory of the spinodal segregation. This result further supports the concept
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FIGURE 9.12. (a) Si 2p XPS signal from nc-TiN/a-Si3N4 nanocomposites deposited by
PCVD in an intense discharge at nitrogen pressure of ≥0.3 mbar. (b) B 1s XPS signal from
nc-TiN/a-BN coatings corresponding to the maximum of the hardness in Fig. 9.10c. (From
Ref. 52.)

of spinodal phase segregation, in these systems in agreement with our generic
concept.

A critical reader would surely wish to see a direct experimental evidence
that would show that indeed Si3N4 and BN are covering the surface of the TiN
nanocrystals. Unfortunately, the spatial resolution of HRTEM with electron energy
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loss spectrometry of ≥0.8 nm is not sufficient. Therefore we have tried, in collab-
oration with another laboratory, to use the pulsed field desorption time-of-flight
mass spectrometry (also called “three-dimensional-atom-probe,” e.g., Ref. 81).
However, in spite of a large effort and invested time, we could not obtain sufficient
signals because of mechanical instability of the specimen that has to be fabricated
in the form of a very sharp tip in order to obtain a controllable field desorption
of the ions. Thus, the direct experimental verification remains a challenge. Never-
theless, all the data presented so far strongly support the concept because Si or B
atoms dissolved within a substoichiometric TiN1−x would have to show different
chemical shift than experimentally observed (notice that Si and B atoms are not
soluble within stoichiometric TiN). Furthermore, the correlation of the hardness
maximum with the calculated surface coverage close to 1 in all the systems that
we investigated can hardly be a coincidence with no functional relationship.

This statement does not mean that workers who reported Si dissolved in, e.g.,
“Al-Ti-Si-N” were wrong (e.g., Ref. 82). When the conditions for the spinodal
phase segregation are not met (low nitrogen pressure and temperature and low
plasma density) the mixed phases may form. However, in such a case the hardness
enhancement of these coatings of ≤35 GPa (see Fig. 6 in Ref. 82) does not reach the
high values as reported for the fully segregated stoichiometric TiN [or (Al1−x Tix )N]
and Si3N4 phases.

4.2. Properties of the Fully Segregated Superhard
Nanocomposites

4.2.1. Thermal Stability, “Self-Hardening,” and Stabilization of
(Al1−xTix)N

High thermal stability and oxidation resistance of coatings is important for a vari-
ety of applications including fast, dry machining of difficult-to-cut materials, such
as hard steels, titanium and nickel alloys, and others. The thermal stability of ni-
tride thin films (mainly deposited by PVD) was recently discussed in an excellent
review by Hultman.53 Here we focus on the thermal stability of the nanocom-
posites because fine grain polycrystalline materials recrystallize when annealed
to about ≥0.4·Tm (Tm, melting point; this recrystallization is called “Ostwald
ripening”).75,76 Thus, one may be surprised by observing such a high thermal
stability, as shown for nc-TiN/a-Si3N4 nanocomposites in Fig. 9.4, because the
Ostwald ripening is thermodynamically driven by the excess (destabilizing) con-
tribution of the surface (or grain boundary) energy to the total Gibbs free energy of
the formation, i.e., the larger crystallites are growing on the expense of the smaller
ones. The large thermal stability and oxidation resistance was reported already
in our first paper1 and studied in more detail later. Selected examples from the
published papers are shown in Fig. 9.13 for different coatings. Figure 9.13a shows
one of many nc-TiN/a-Si3N4 coatings deposited by PCVD in intense discharge at
high nitrogen pressure of ≥0.3 mbar and temperature of 550◦C1,4,83 (notice that the
coating shown here was annealed in 10 mbar of “forming gas,” 90% N2 + 10% H2,
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FIGURE 9.13. Thermal stability (isochronal annealing in pure N2 for 30 min at each tem-
perature) of (a) nc-TiN/a-Si3N4 deposited by PCVD on Si substrate with a TiN interfacial
layer1,4,83; (b) nc-TiN/a-Si3N4 deposited by magnetron sputtering close to the optimum
deposition conditions77; and (c) nc-TiN/a-BN coatings deposited by PCVD.52,80 All coat-
ings were deposited on Si substrates.



Concept for Design of Superhard Nanocomposites 371

whereas all the others in 1 atm N2). Figure 9.13b shows nc-TiN/a-Si3N4 deposited
by reactive magnetron sputtering under conditions close but still not exactly in
the optimum [P(N2)/P(Ar ) = 1, P(total) = 2 × 10−3 mbar, Tsubstr = 550◦C,
deposition rate rdep = 1.8 nm/s80] (notice that under the optimum conditions the
hardness of our PVD coatings exceed 50 GPa; see below). Figure 9.13c shows nc-
TiN/a-BN deposited by PCVD under similar condition as those for the nc-TiN/a-
Si3N4 coatings in Fig. 9.13a using BCl3 instead of SiH4.80 All these coatings were
deposited on silicon substrates in order to avoid the diffusion of metals from steel,
Mo, and other metallic substrates, which commences above about 800◦C, enhances
the recrystallization, and, therefore, decreases the apparent thermal stability of
the coatings84–86; somewhat lower stability of the nc-TiN/a-BN coatings is due to
partial oxidation of the BN by residual oxygen in the N2 used (purity 99.999%) and
loss of boron by the sublimation of BOx as shown in our recent publications.84,87

Considering the stability limit of 1100◦C for the nc-TiN/a-Si3N4 coatings, one
realizes that this is 63% of the decomposition temperature of Si3N4 (defined as that
where the saturation pressure of nitrogen reaches 1 atm),88 i.e., significantly higher
than the temperature of about 0.4Tm where the Ostwald ripening usually occurs.

The absence of Ostwald ripening can be due either to the absence of diffusion
or to the absence of a reaction at the interface, i.e., immiscibility of the two phases.75

In our earlier paper we estimated the lower limit of the diffusion coefficient, which
would be needed if the absence of the Ostwald ripening observed at 1000◦C were
due to a too slow diffusion, to be of D ≤ 10−20 cm2/s (see p. 145 in Ref. 83.)
In that paper we have also shown by comparison with published data that this is
orders of magnitude lower than any reasonably expected value (see for comparison
also Ref. 53). Therefore, the high thermal stability of these nanocomposites cannot
be due to slow diffusion. Obviously, it is due to the “absence of reaction at the
interface,”75 i.e., due to the strong immiscibility of stoichiometric TiN and Si3N4

phases. The strong immiscibility is a consequence of the spinodal nature of the
phase segregation as seen from Fig. 9.8.

“Self-hardening,” i.e., an increase of the hardness upon annealing was reported
by Holubar et al. for nc-(Al1−x Tix )N/a-Si3N4 coatings deposited in an industrial
production unit by vacuum arc evaporation under nitrogen pressure of 2 × 10−3

mbar and deposition temperature of 550◦C (see Table II in Ref. 89). Figure 9.14
shows an example of such behavior from our collaborative work with Holubar et
al. of nc-(Al1−x Tix )N/a-Si3N4 nanocomposites deposited in their industrial unit
under different temperature and substrate bias.90,91 One notices that, regardless of
the initial crystallite size after the deposition, it approaches the “optimum” value
of about 3–4 nm as we found for all the nc-MenN/a-Si3N4 coatings deposited by
PCVD in an intense discharge under conditions that enabled the formation of the
stable nanostructure to be completed during the deposition.

Therefore, the self-hardening is typical of an incomplete phase segregation
upon the deposition, and it results from the completion of the spinodal phase
segregation upon annealing as outlined by Cahn already some time ago.71 Recently,
Mayrhofer et al.92 have reported a similar but only temporary self-hardening upon
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FIGURE 9.14. Self-hardening and the concomitant change of the crystallite size to about
3–4 nm upon annealing of nc-(Al1−xTix)N/a-Si3N4 nanocomposites that were deposited
under conditions remote from the optimum, resulting in (a) a too large crystallite size (high
temperature and low ion bombardment) or (b) a too small crystallite size (low temperature
and energetic ion bombardment).90,91
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the initial stage of the decomposition of (Ti1−x Alx )N, which proceeds via the
formation of an intermediate, metastable cubic c-AlN phase, at a temperature of
about 800–900◦C. This c-AlN phase is formed by spinodal decomposition of the
supersaturated (Ti1−x Alx )N solid solution and, upon further annealing to >900◦C,
it decomposes to h-AlN and the coating softens. Our nanocomposites possess
such a high thermal stability because the final, fully segregated nc-TiN/a-Si3N4

nanostructure corresponds to the final stage of the spinodal segregation of the
stoichiometric phases. A simple thermodynamic consideration (see, e.g., Refs. 26,
74, and 88) shows that the same conclusion is valid for a number of nc-MenN/a-
Si3N4 and nc-MenN/a-BN and other systems. Therefore, our design concept is of
a general validity.

4.2.1a. Avoiding Decomposition and Softening of (Al1−xTix)N. As seen
in Fig. 9.11, the Si3N4 grows almost hetero-epitaxially on the [111] TiN surface.
Thus, this configuration is expected to possess high stability, and this makes it more
difficult for the c-AlN phase, which is an intermediate of the final stage of the de-
composition and softening c-(Al1−x Ti)N → c-TiN + h-AlN, to nucleate on the
surface of the (Al1−x Tix )N crystals (for further details see Ref. 92 and references
therein). This is the most probable reason of the extremely high thermal stability
of the nc-(Al1−x Tix )N/a-Si3N4 coatings shown in Fig. 9.15.91 The temperature of
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FIGURE 9.15. The complex behavior of the nc-(Al1−xTix)N/a-Si3N4 nanocomposites
upon isochronal annealing (30 min in 1 atm N2) with a self-hardening up to 50 GPa shows
that these coatings prepared in an industrial prototype unit were still not in the state of
a stable, fully segregated nanostructure. In spite of that, the decomposition and softening
due to the reaction c-(Al1−xTix)N → c-TiN + h-AlN is absent (for XRD and further detail
see Ref. 91).



374 Stan Veprek and Maritza G. J. Veprek-Heijman

FIGURE 9.16. Annealing behavior of the “Ti-Si-N” coatings deposited by Patscheider
by means of reactive sputtering. The crystallite size and Si content are indicated by the
corresponding lines denoting the hardness (From Ref. 70.). The terminology “at%” of
Si3N4 was taken from that review; probably it should read “mol%”).

1200◦C, where the recrystallization and softening commences, is not necessarily
the stability limit of the nanocomposites because a strong diffusion of cobalt from
the substrate made of cemented carbide was found after annealing at that temper-
ature (see Fig. 3 in Ref. 91). Thus, the thermal stability of tools coated with these
coatings is limited by the thermal stability of the cemented carbide.

The investigation into the thermal stability of the nanocomposites was pub-
lished later, by several groups. Regarding the “Ti-B-N” system we refer to Fig.
9.3a and to a recent work of Mayrhofer et al.39,40 and references therein. As a
typical example for the “Ti-S-N” coatings that were deposited under inappropriate
conditions we reproduce in Fig. 9.16 the results of Patscheider from his recent
review.70 As one can see, the coating with “7 at% of Si3N4” (should probably read
“mol% of Si3N4” or “at% of Si”) shows a strong decrease of the hardness and
of the compressive stress already upon annealing to ≥500◦C. The simultaneous
decrease of the hardness and of the compressive stress (from ≥ −7 Gpa to about
−2 GPa) and a comparison with the behavior of coatings hardened by ion bom-
bardment (see Figs. 9.4 and 9.6) suggest that the modest hardness enhancement of
34 GPa in the coatings shown in Fig. 9.16 is due predominantly to the energetic
ion bombardment. Let us mention that we have never observed such a low ther-
mal stability in any of our nc-TiN/a-Si3N4 nanocomposites deposited under the
conditions that assured the formation of stable nanostructure during the deposition
(see above).
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The deposition conditions of the “Ti-Si-N” coatings are not specified in Ref.
70 and the Ph.D. Thesis of M. Diserens to which reference is made (see Ref. 29
in the review in Ref. 70) is difficult to access. Thus, we can only assume that
the conditions were similar as specified in an earlier paper of these workers, i.e.,
the temperature “never exceeded 350◦C,” the surface bias was between −100 and
−125 V, and the “variation of silicon content (in the coatings) was achieved by
using different nitrogen partial pressures, which were varied between 8 × 10−2 and
1.2 × 10−1 Pa” (0.0008–0.0012 mbar) with a “base pressure in the reactor lower
than 2 × 10−4 Pa” (2 × 10−6 mbar; see Ref. 93). Similar information regarding
the deposition conditions in the work of Patscheider et al. can also be found in
other papers of this group.44,94–96

When comparing the deposition conditions in many papers where the hardness
enhancement due to ion bombardment was found (see, e.g., references quoted in
Figs. 9.4 and 9.6), one finds that the conditions used by Patscheider et al. are
typical for the hardening by energetic ion bombardment. In such a way, one can
understand why the “Ti-Si-N” coatings of these researchers behave completely
differently than ours although they have the same Si content. The small self-
hardening observed for the coating with a high content of “20 at% of Si3N4”
(see Fig. 9.16) might be due to the phase segregation as described above. This
content of Si3N4 is close to that where the maximum hardness was found in all
the nc-MenN/a-Si3N4 coatings reported by us (see Fig. 9.5) and that remain stable
upon annealing up to 1100◦C (see Fig. 9.13a,b). This comparison shows again
that the deposition conditions and the resulting nanostructure of the “Ti-Si-N”
coatings reported by these workers were far from the optimum (see also below).
Unfortunately, we cannot discuss the possible reasons in more details because of
incomplete data regarding the deposition conditions, impurity content, etc., in the
papers of Patscheider, who does not refer, even in his reviews,44,70 to similar and
more precise studies reported by us and others much earlier.

4.2.2. Oxidation Resistance

Already in 1995 we reported that the oxidation resistance of the nc-TiN/a-Si3N4

coatings with the optimum composition and hardness of about 50 GPa is compa-
rable to the best state-of-the-art (Ti1−x Alx )N coatings (see Fig. 7 in Ref. 1). Figure
9.17a from Ref. 55 compares the thermal stability of our nc-TiN/a-Si3N4 nanocom-
posites deposited by PCVD1 with a variety of hard industrial coatings as reported
by Münz already in 198697 and later extended to the (Ti1−x Alx )N coatings stabi-
lized with yttrium.98–100 Figure 9.17b shows the oxidation stability of nc-TiN/a-BN
superhard nanocomposites deposited by PCVD84,87 and nc-TiN/a-Si3N4 superhard
nanocomposites deposited by magnetron sputtering under conditions that assured
the formation of stable nanostructure during the deposition (cf. Fig. 9.15b).77,85

As one can see, the oxidation resistance of the stable and superhard nc-
TiN/a-Si3N4 nanocomposite (with the highest hardness 50 GPa)1 compares with
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FIGURE 9.17. (a) Oxidation resistance of nc-TiN/a-Si3N4 nanocomposites deposited by
PCVD1 in comparison with other industrial hard coatings (From Ref. 55.) The oxida-
tion resistance of TiC, TiN, and (Ti1−xAlx)N coatings was taken from Ref. 97 and that
of “TiAlCrYN” from Refs. 98–100. (b) Oxidation resistance of nc-TiN/a-BN superhard
nanocomposites deposited by PCVD84,97 and of nc-TiN/a-Si3N4 superhard nanocompos-
ites deposited by magnetron sputtering under conditions that assured the formation of
stable nanostructure (cf. Fig. 9.15b) during the deposition.77,85
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that of the yttrium-stabilized (Al1−x−yTix Yy)N ones. The oxidation stability of
the nc-TiN/a-BN superhard nanocomposites is slightly better than that of TiN
but much lower than that of nc-TiN/a-Si3N4. The high oxidation resistance of
the latter coatings is due to the strong and dense Si3N4 interface that hinders the
oxygen diffusion along the grain boundaries. (Notice that the role of yttrium in the
(Al1−x−yTix Yy)N coatings is also the hindrance of the oxygen diffusion along the
grain boundaries.) The lower stability of the nc-TiN/a-BN nanocomposites is due
to a lower oxidation resistance of the BN phase. This was shown in our recent paper
where, upon the oxidation, boron was lost due to the oxidation and sublimation of
BOx suboxides.80,87

In our earlier papers1,55 as well as here, we limited these studies to the
nanocomposites with the optimum composition and maximum hardness of about
50 GPa because the lower oxidation resistance of TiN was known from the work
of Münz and the much higher oxidation resistance of Si3N4 is well documented
in the textbooks. Like SiC, Si3N4 forms, upon oxidation, a dense SiO2 layer that
hinders diffusion of oxygen up to high temperatures below the glass transition of
SiO2 of close to 1600◦C. On the other hand, because of the low melting point
of B2O3 of 450◦C,88 the oxidation stability of the BN phase is lower. Therefore,
the oxidation resistance of the nc-TiN/a-Si3N4 coatings increases with increas-
ing content of Si3N4 (but notice that above about 20 vol% of Si3N4 the hardness
decreases),1,55 whereas in the case of the nc-TiN/a-BN only the coatings with the
optimum composition [about one monolayer of BN covering the TiN nanocrystals
(see Fig. 9.10d)] and maximum hardness have the maximum oxidation resistance.
With BN content either decreasing or increasing from this optimum, the oxidation
resistance decreases (for details see Ref. 80).

The improved oxidation resistance of “Ti-Si-N” coatings as compared with
the TiN ones was later reported by several research groups (e.g., Ref. 93, and in the
recent review of Patscheider),70 however without any new, more advanced results
and/or comparison and without any reference to the earlier results summarized
here. Therefore it makes little sense to discuss these papers here.

The formation of the nc-(Al1−x Tix )N/a-Si3N4 nanocomposites also improves
their oxidation resistance as compared with (Al1−x Tix )139 This is not surprising
because when the Si3N4 phase stabilizes the (Al1−x Tix )N against the decomposi-
tion and softening (see Fig. 9.15), the Si3N4 interfacial phase remains still stable
and dense.

Interesting is the result of Tanaka et al.82 who have reported a significantly
improved oxidation resistance of “Ti-Al-Si-N” coatings as compared with the
“(AlTi)N” ones, although, according to their analysis, their coatings were not
nanocomposites as discussed here but rather a solid solution of Si in the (AlTi)N
phase (see Ref. 82 for further details). As mentioned above, these coatings also
have a lower hardness than the superhard nanocomposites. In spite of that their
oxidation resistance was significantly improved as compared with (Al1−x Tix )N
alone.82
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4.2.3. Morphology and Microstructure

It is well known that hard (and many other) coatings deposited by plasma PVD and
CVD at relatively low temperatures of 300–600◦C have a columnar morphology.
There are many papers dealing with this problem experimentally, theoretically,
and by computer simulations (see, e.g., Ref. 55). The development of the mor-
phology in PVD coatings as a function of the deposition temperature and ion
bombardment is described by the Thornton structure-zone diagram (e.g., Ref. 55,
p. 712), which is an extended structure-zone diagram originally introduced by
Movchan and Demchisin for thermally evaporated films (see Ref. 55, p. 711). By
an appropriate combination of the “homologous temperature” Th = T/Tm (T is
the deposition temperature and Tm is the melting point of the given material) and
the energy deposited into the surface of the growing film by ions per deposited
atom, one can prepare coatings within the so-called “zone T ,” which correspond
to a still columnar but fairly dense microstructure.

Already in 1992, Li et al. have shown that the columnar morphology of their
“Ti-Si-N” films deposited by PCVD (as mentioned above, these were the ternary
nc-TiN/a-Si3N4/a-TiSi2 coatings) vanished when about 10 at% of Si was added
(see Fig. 3 in Ref. 28). With a further increase of the Si content the morphology
remained isotropic but the hardness decreased as in our coatings (Fig. 9.10). We
do not show their scanning electron micrographs here because of their poor quality
when we tried to scan them from the original paper, but we emphasize that Li et al.
were the first authors who reported these very encouraging results.

As reported in 1996, the columnar morphology of the transition metal nitrides
(TiN, W2N, and others) completely vanishes when the stable nc-Men/a-Si3N4

nanocomposites are deposited by means of PCVD in an intense discharge.74 Fig-
ure 9.18 reproduces an example of the development of the morphology upon the
addition of the Si3N4 [notice that in all these coatings, silicon is bonded as in
Si3N4 only without any noticeable contribution of TiSi2 phase (see Fig. 9.12a)].
With increasing content of Si3N4 the columnar structure of TiN (see Fig. 9.18a)
vanishes (Fig. 9.18b) and a perfectly isotropic morphology is found for the opti-
mal composition and maximum hardness (Fig. 9.18c). (Notice that the coatings
deposited on Si substrates were broken and the micrographs were taken without
any polishing of the surfaces.) Upon a further increase of the Si3N4 content, the
isotropic morphology remains but the hardness decreases again (Fig. 9.18d). The
same behavior was reported by us for nc-W2N/a-Si3N4 nanocomposites (see Fig.
5 in Ref. 74) and all others (nc-VN/a-Si3N4, nc-TiN/a-Si3N4/a- & nc-TiSi2, as well
as nc-(Al1−x Tix )/a-Si3N4) that we have investigated but not published because of
lack of novelty.

This is an important result because the columnar morphology, even if within
the dense “T-zone,” still suffers in terms of mechanical properties due to weaker
bonding between the columns. Therefore, the complete vanishing of the columnar
morphology is important for the excellent mechanical properties of the stable su-
perhard nanocomposites. In order to underline the universality of this dependence
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(a) (b)

(c) (d)

FIGURE 9.18. (a) Cross-sectional view of the columnar morphology of TiN coatings de-
posited by means of PCVD from TiCl4, SiH4, and large excess of N2 and H2 at 550◦C; (b)
nc-TiN/a-Si3N4 nanocomposites with about 5 at% of Si and hardness of about 35 GPa (cf.
Fig. 9.10a); (c) nc-TiN/a-Si3N4 nanocomposites with the optimum composition of about
7–8 at% of Si and stable nanostructure with hardness of about 50 GPa; (d) nc-TiN/a-Si3N4
nanocomposites with a too high Si content of about 9 at% of Si and hardness of about 30
GPa. (From Ref. 74.)

of the morphology upon the formation of stable superhard nanocomposites, let us
mention that recently we found the same isotropic structure also in the nc-TiN/a-
BN coatings. Owing to space limitation we do not show the scanning electron
micrographs here, but the reader may refer to Fig. 8 in Ref. 80 for this convincing
evidence.

Several groups repeated these results and confirmed them to some extent (e.g.,
H.-D. Männling, M. Jilek, P. Holubar, and S. Veprek, 2004, manuscript in prepa-
ration and Ref. 101). However, in the majority of these papers (e.g., Refs. 72 and
103–105) the morphology still remains columnar upon addition of Si, although
less pronounced than in the pure nitride coating, and there is an ongoing discussion
about the mechanism that governs these morphology changes, completely ignor-
ing the concept of the spinodal phase segregation formulated years ago.1,74 For
example, in his recent review Patscheider suggests some kind of an unspecified
“renucleation” of TiN grains due to a “partial covering of the TiN by Si3N4,” again
with references to his papers only. The meaning of the uncommon term “renucle-
ation” is not explained in that paper. The scanning electron micrographs published
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in the papers of this group show however that their coating with 12 at% of Si, where
maximum hardness of about 40 GPa was achieved,44,70,93–95 still has a pronounced
columnar morphology (see Fig. 3b in Ref. 94). Also Hu et al.104 found a similar
trend when the Si content increased from 0 at% (pure TiN) to about 5 at%, but the
morphology still remained columnar and, upon a further increase of the Si content,
the crystallite size did not decrease as in our earlier work1,74 for nc-MenN/a-Si3N4

coatings deposited in intense HF discharge under conditions of low energy ion
bombardment. Hu et al. suggest a speculative explanation104 of their results, fully
ignoring the thermodynamics and kinetics explained much earlier elsewhere.1,74

As reported earlier, the increase of the crystallite size with Si content increas-
ing above the optimum (where the maximum hardness is achieved) is observed
only when energetic ion bombardment is absent. Even in coatings deposited by
means of PCVD but under energetic ion bombardment, as, e.g., at the cathode of
an abnormal direct current discharge, the crystallite size decreases to about 3–4
nm when the Si content increases from 0 at% to about 7 at% and remains almost
constant upon a further increase of the Si content (see Fig. 10b and Ref. 30).

The different findings of Hu et al. can be easily understood by considering
their values of hardness (see Fig. 6 in Ref. 104). The maximum hardness of about
36 GPa was obtained at Si content of about 4 at% only for coatings deposited at
room temperature, whereas at Tdep of 400◦C the maximum hardness decreased to
28 GPa. From these results it is clear that the hardness enhancement in coatings
deposited at room temperature is largely due to energetic ion bombardment that
is always present in magnetron sputtering at a low gas pressure because of the
primary ions reflected from the target. Notice that the base pressure in the system
of Hu et al. was 10−6 mbar and the partial pressure of nitrogen 2 × 10−4 mbar
only. Therefore, as stated by the workers, silicon was present not only as Si3N4

but also as Si. (However, a critical reader will notice that the Si 2p XPS signal
attributed by these workers to elemental Si might also be due to TiSi2.) From
these results it is obvious that the coatings of Hu et al. and of Patscheider et al.
were deposited under inappropriate conditions that did not allow the formation of
a stable, fully segregated nanostructure during the film growth and, therefore, the
columnar morphology persisted although somewhat less pronounced.

There are many other papers where the researchers report somewhat different
behavior of the hardness, morphology, etc., and suggest different explanations.
Because of lack of complete characterization of the deposition conditions and/or
of the samples, it is difficult to review all these papers in a rational and analytical
manner and to exclude detrimental effects of impurities (see below). For example,
Jiang et al.105 deposited a series of “Ti-Si-N” coatings at room temperature using
unbalanced magnetron reactive sputtering at a total Ar + N2 pressure of 2.6 ×
10−3 mbar but unspecified partial pressure of nitrogen. Thus, it is not surprising
that at a higher total Si content, only a part of Si incorporated in the coatings was
bonded as in Si3N4, the rest remaining “unreacted,” and the morphology remained
columnar (see Fig. 5 in Ref. 105). Because of the small thickness of about 1 µm
(see Table I in Ref. 105) the hardness measurements were done at low load and
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maximum indentation depth of ≤80 nm where the obtained values should have
been carefully checked for the possible presence of SIE that may falsify them
(see Sections 1.1. and 1.2.). The authors report a hardness enhancement up to
about 35 GPa for Si content of about 8–10 at%. However, the presence of 5–8 at%
of oxygen impurities in their coatings (see p. 169, right-hand-side column, Ref.
105) makes such paper of little interest for improving our understanding of these
systems. The same applies to many other papers where, the deposition was done

. . . without bias application or substrate heating in order to examine only the effect
of silicon addition. . . 106

and, later, the deposition temperature was increased to 300◦C and substrate bias
of −100 V applied during the deposition,103where the hardness enhancement due
to energetic ion bombardment is still found as obvious from the correlation of the
hardness and compressive stress (see Figs. 2 and 3 in Ref. 103.)

In order to show that our generic design principle applies also to the depo-
sition of the nanocomposites by reactive magnetron sputtering, we reproduce in
Fig. 9.18b the development of the morphology and in Fig. 9.19 the dependence
of the hardness on Si content (all Si bonded as in Si3N4 as verified by XPS)
for nc-TiN/a-Si3N4 superhard nanocomposite deposited by reactive magnetron
sputtering in ultrahigh vacuum compatible apparatus and high deposition rates of
1.6–1.8 nm/s.77,85 As one can see, both the morphology and the hardness show
the same dependence on the Si content as found for nc-MenN/a-Si3N4 (Me = Ti.
W, V) deposited by PCVD. A more detailed observation, in particular HRTEM
investigations (work in progress), reveal that even the hardest coatings deposited
by magnetron sputtering still have a slightly columnar morphology, which is due
to the fact that the nitrogen pressure of 2 × 10−3 mbar used here is still relatively
low (notice that only nitrogen was used as both the sputtering and reactive gas in
our work) and, therefore, the thermodynamic driving force for the spinodal phase
segregation is not quite sufficient. The maximum hardness of about 45 GPa that
was measured with maximum applied load between 30 and 100 mN on ≥ 8-µm-
thick coatings is limited by about 0.2 at% of oxygen impurities present in these
coatings77,85 (see below). The detrimental effect of oxygen impurities will be dis-
cussed in the next section.

5. REPRODUCIBILITY OF THE PREPARATION OF
SUPERHARD, STABLE NANOCOMPOSITES

5.1. The Role of Impurities

Already some time ago we reported on the detrimental role of impurities that when
incorporated into the coatings during the growth made it impossible to achieve the
superhardness.83,107 Recent studies108 confirmed these finding in a more quantita-
tive manner. In the earlier papers it was shown that the hardness decreases when
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(a)

(b)

7.9% Si, TiN-coverage 1.79 ML 

0% Si, TiN-coverage 0 ML 2.9% Si, TiN-coverage 0.99 ML 

15.9% Si, TiN-coverage 2.71 ML 

(at%)

FIGURE 9.19. Development of (a) the morphology and (b) the hardness of nc-TiN/a-Si3N4
nanocomposites, deposited by reactive magnetron sputtering in pure N2 at a total pressure
of 0.002 mbar, substrate temperature of 630◦C, and high deposition rate of 1.6–1.8 nm/s,
with increasing Si content.77,85
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FIGURE 9.20. Dependence of the maximum achievable hardness (i.e., for an optimum
composition as in Fig. 9.10) on the oxygen impurity content for nc-TiN/a-Si3N4 coatings
deposited by PCVD using TiCl4 and SiH4 and by reactive sputtering (symbols +).77,85

Hardness of ≥40 GPa can be achieved only when the oxygen impurity content is ≤0.2
at%. When the oxygen content is above 0.6 at%, the hardness remains below 35 GPa.

few atomic percent of chlorine and other impurities were incorporated. The most
dramatic effect is provided by oxygen, as illustrated in Fig. 9.20. Interesting is the
finding that the data available so far from three different PCVD deposition and
two different sputtering units agree very well. Obviously, oxygen impurity content
of less than 0.2 at% is required if a load-independent hardness of thermally stable
nanocomposites of ≥40 GPa should be achieved. The effect of chlorine on the
hardness is somewhat less dramatic, but chlorine impurity of more than about 0.5
at% causes degradation of the coatings when they are stored in air for a longer
period of time.108

The reason for the strong effect of minor oxygen impurities on the hardness
is presently under investigation. Because the maximum hardness is achieved when
there is about one monolayer of Si3N4 acting as a “glue” tissue between the TiN
nanocrystals, it is easily understandable why a polar Ti O and Si O bonds within
this tissue may have such a strong effect.

Figure 9.21 shows that when the impurity content is further decreased by a
more extensive and prolonged outgassing of the apparatus so that the background
gas pressure prior to the deposition with the substrate at 660◦C decreases to less
than 1 × 10−6 mbar, the high, load-independent hardness (measured on ≥8 µm
thick coatings) of more than 50 GPa is obtained by reactive sputtering at a similar
Si content as in the nc-TiN/a-Si3N4 nanocomposites deposited by PCVD.77 This
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FIGURE 9.21. Examples of nc-TiN/a-Si3N4 coatings with hardness approaching or even
exceeding 50 GPa deposited by reactive sputtering with nitrogen only at high deposition
rates of 1.6–1.8 nm/s and with a prolonged outgassing of the apparatus as compared with
the results in Fig. 9.19.77

work is presently in progress in our laboratory and the results shown in Fig. 9.21
are reproducible.

As already mentioned, reactive sputtering that operates at a relatively low
pressure and low deposition rates as seen from the small thickness of the coatings
has been used in the majority of papers (e.g., Refs. 23, 70, 93, 94, 109, and 110). Let
us consider, as an example, a deposition rate of about one monolayer (ca. 0.25–0.3
nm) per second that yields about 1-µm-thick coating deposited within about 1 h.
The background pressure reported by the workers is typically between 2 × 10−6

and 7 × 10−6 mbar94,109,111,112 (but it is not clearly stated in these papers if that
pressure was measured with the substrate at room temperature or at the deposition
temperature). The number of impurity atoms adsorbed at 1 cm2 of the surface of
the growing film per second is

Φ = 0.25 snvth, (9.1)

where s is the sticking coefficient, n the number density of the given residual gas,
and vth the mean thermal velocity. Assuming that the background gas composition
corresponds to that of air (usually in this pressure range the background pressure of
a tight chamber is dominated by the more reactive water), i.e., the partial pressure
of O2 is (0.4–1.4) × 10−6 mbar, which corresponds to a density of n ≈ (1.1–3.8)
× 1010 cm3. With vth ≈3 × 104 cm/s and sticking coefficient of oxygen on clean
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Ti surface of s > 0.1 the adsorbed flux of oxygen is ΦO ≈ (3.3–11) × 1013 O
atoms/(cm2s). For comparison, a deposition rate of one monolayer per second
corresponds to about (0.7–2) × 1015 atoms/(cm2s). This simple estimate shows
that oxygen impurity content in the range of several atomic percent is expected in
such coatings.

This is in agreement with the data reported, e.g., by Jiang et al.,105 Shtansky
et al.,113 and Zhang et al.114 Only much higher deposition rates and long-term
outgassing of the apparatus with the substrate at the high temperature allowed us
to decrease the oxygen impurity down to 0.2 at% and reach the load-independent,
stable hardness of ≈52 GPa for several coatings prepared by reactive magnetron
sputtering at high deposition rates of 1.6–1.8 nm/s.77 Let us emphasize that the
standard nc-TiN/a-Si3N4 nanocomposites deposited in our laboratory by means of
PCVD have oxygen impurity content between about 0.01 and 0.05 at% (see the
hatched field in Fig. 9.20).

In order to be able to determine quantitatively such a small oxygen impurity
level, one has to use an appropriate analytical technique. The frequently used
X-ray photoelectron spectroscopy and Rutherford back scattering have a too low
dynamic range for this purpose. The most appropriate technique is the elastic recoil
detection (ERD) spectroscopy where the sample is bombarded with high-energy
(10–30 MeV) heavy ions (e.g., Cl+) and the secondary ions ejected from the sample
are analyzed with respect to their mass and kinetic energy. ERD spectroscopy
provides both a high sensitivity and dynamic range (see Ref. 32 and references
quoted there).

5.2. Conditions Needed to Obtain Complete Phase
Segregation During the Deposition

The decisive fact that should to be kept in mind is that the formation of a nanos-
tructure with a high thermal stability (see Fig. 9.13) requires a sufficiently high
chemical activity of the system to provide a thermodynamic driving force for
phase segregation, and a sufficiently high temperature of 500–600◦C to provide
the fast diffusion that is necessary to complete the segregation during the growth
(see above). When these conditions are not met, the high hardness of 50–60 GPa
is difficult to reach in the binary systems, the morphology remains columnar, the
coatings may show self-hardening upon subsequent annealing, and the maximum
hardness appears at different total content of silicon because of a different crystal-
lite size and shape in different papers of different groups. Furthermore, impurities,
such as oxygen and chlorine strongly degrade the hardness as reported by us already
in 1997/199883,107 and discussed in more detail in the foregoing section.

Unfortunately, the majority of published papers on the “Ti-Si-N” and similar
coatings do not report these decisive parameters and conditions. Therefore, it is
difficult to find out what could be the possible reasons for the lack of reproducibility
of our data in all these works. (In course of preparation of this review we have
accumulated and studied more than 50 recent papers on the “Ti-Si-N” and similar
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coatings. But because of the lack of the relevant data regarding the deposition
conditions we cannot discuss why the hardness that the authors reported was low,
the morphology columnar, etc.) In order to provide at least some guidelines for
the reader where the possible reasons should be searched for, we shall limit our
discussion to a few typical examples. Figure 9.22 shows the hardness versus the
Si content for “Ti-Si-N” coatings deposited by PCVD (Fig. 9.22a) and by reactive
sputtering (Fig. 9.22b) as reported in the quoted papers. As it was shown in our
later work,33 the coatings of Li et al.28 were the ternary nc-TiN/a-Si3N4/a-TiSi2
nanocomposites, in which hardness of 80 to ≥100 GPa was achieved.31,32 As one
can see from Fig. 9.22, the hardness of other coatings just approaches 40 GPa
and its maximum appears at different Si content. Moreover, there is no hardness
enhancement found in coatings reported by Meng et al.110 Instead, the hardness
of their coatings decreases from about 32 GPa for pure TiN (correct value for TiN
is about 21 Gpa)116 to about 21 GPa for Si3N4 (correct value is about 17 Gpa).116

On the other hand, the reproducibility of our nc-MeN/a-Si3N4 (Me = Ti, W, V)
coatings is very good (see Figs. 9.5, 9.19, and 9.22a).

The limited space available here does not allow us to discuss the possible
reasons of these discrepancies between different papers in more details. We just
emphasize that our coatings prepared by means of PCVD were deposited in an
intense glow discharge with a sufficiently high pressure of nitrogen of ≥0.5 mbar
and high deposition temperature of 550◦C, which are the conditions required for the
reproducible deposition of superhard and stable nanocomposites as explained in
Ref. 1 but ignored in the majority of the papers from different groups. Furthermore,
the impurity content was below 0.5 at% for chlorine and hydrogen and less than 0.05
at% for oxygen. The coatings of Li et al. were deposited in a much weaker discharge
and, therefore, the TiSi2 phase was formed. Lee et al. used an “inductively coupled”
discharge that according to the specification in their paper and our experience with
glow discharges provided probably the weakest plasma of the three examples in
Fig. 9.22a.

The poor reproducibility found in many papers, where either reactive sput-
tering or vacuum arc evaporation or a combination of them were used (only few
examples are shown in Fig. 9.22b) is due to a choice of either a too low nitrogen
pressure, or too low temperature, or impurities or a combination of these effects.
For example, Meng et al.110 used a very low partial pressure of nitrogen of 0.198
mTorr (0.00015 mbar = 1.5 × 10−7 atm) and a too low deposition temperature of
about 250◦C. After we have turned their attention to the necessity of using a higher
temperature and nitrogen pressure, they recently succeeded to somewhat improve
the nanohardness of their coatings up to about 38 Gpa.23 The main results of the
last paper is the finding that

. . . increasing the deposition temperature from 250◦C to ∼700◦C decreases the
Ti dissolution . . . within the a-Si:N matrix.23

Thus, these workers discovered 8 years after the first publication on that
subject what has been reported there1 and in many papers later. There are still
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(a)

(b)
c

FIGURE 9.22. Hardness of (a) nc-TiN/a-Si3N4 nanocomposites deposited by PCVD (From
Refs. 28 and 115. For our data see Fig. 9.5.) (b) Hardness of “Ti-Si-N” coatings deposited
by reactive sputtering references.70,93,109,110,112

many open questions left in the paper of Meng et al.: How does the hardness
change with Si content between TiN (Si content 0) and about 10 %? which is not
reported in Fig. 6b of Ref. 23? Why do these workers need such a high temperature
of 700◦C when we and others (see e.g., Fig. 9.3 in Ref. 115 and Fig. 5a in Ref. 112)
found an optimum temperature to be about of 500–600◦C? How reliable are the
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hardness measurements when the maximum indentation depth is ≤65 nm, i.e., in
the range where serious indentation size effects are expected?12,15,20,21 Why was
the thickness of the coatings only “. . . in the range of 160–410 nm?” How large
was the impurity content, mainly of oxygen, particularly if one considers the very
small thickness of ≤0.41 µm,23 which is a strong indication of a low deposition
rate?

The values of the hardness reported by Vaz et al. are comparable with our
nc-MenN/a-Si3N4 nanocomposites deposited by PCVD (Figs. 9.5 and 9.22a) and
by reactive sputtering (Figs. 9.19 and 9.22b). The somewhat broader maximum
and a slightly lower hardness are due probably to the relatively low deposition
temperature of 300◦C used in this series. The hardness clearly showed dependence
on the substrate bias (the data reproduced in Fig. 9.10b are for the optimum bias of
−50 V, see Fig. 4b in Ref. 112) and on the deposition temperature. The researchers
found the maximum hardness for a deposition temperature of about 500◦C in
agreement with our earlier data.1 Because of the relatively low pressure of nitrogen,
the coatings were probably not quite in the stable state as indicated also by the
appearance of a new “phase 2” in the XRD pattern111 that, however, vanished upon
annealing. Because the thickness of the coatings was up to 3.3 µm the reported
values of the hardness can be considered as more reliable than those of Meng
et al.

In the majority of papers, oxygen impurities are not reported but they may
likely be the reason for the low hardness. As outlined in the foregoing section, at
typical deposition rates of 0.1–0.5 nm/s and a residual gas pressure of (1–7) × 10−6

mbar reported in these papers (or estimated by us when these data are lacking),
the oxygen impurity in the range of up to several atomic percent are incorporated
into the coatings during their growth, as shown in Section 5.1.

5.3. Conditions Needed to Achieve Hardness of
80 to ≥ 100 GPa

As outlined in our earlier paper,30 the ultrahardness was achieved so far only
in ternary and quaternary nanocomposites nc-TiN/a-Si3N4/a- & nc-TiSi2 when
the surface of all nanocrystals was covered with about one monolayer of Si3N4

(see Fig. 9.23a) and the oxygen impurity content was 0.01–0.05 at%. There is
a very narrow compositional range for the coexistence of all three phases, i.e.,
TiN, Si3N4, and TiSi2, and it is not an easy task to meet all these requirements
simultaneously. Therefore, the reproducibility of obtaining the high hardness was
somewhat lower than in the case of the binary nc-TiN/a-Si3N4 nanocomposites.
The process variable during this deposition was the discharge current density (see
Refs. 31 and 32). Nevertheless, we succeeded to deposit more than 15 ultrahard
(i.e., H ≥ 80 GPa) coatings. From these, six reached a hardness of ≥100 GPa
(Musil1 reply). In order to avoid possible artifacts that could falsify the hardness
measurements we always reported a load-independent hardness, typically in the
range of maximum applied load of 30–100 mN.1 Moreover, we verified these
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FIGURE 9.23. (a) Hardness of the ternary and quaternary nc-TiN/a-Si3N4/a- & nc-TiSi2
nanocomposites versus the coverage of the surface of the nc-TiN and—whenever present—
nc-TiSi2 nanocrystals with Si3N4. The numbers indicate the crystallite size (see text);
(b) Example of the measurements of the load-independent hardness of the second hardest
coating from Fig. 9.23a in comparison with bulk diamond and single-phase nc-diamond
coating. At the load of 100 mN the hardness decreases because the indentation depth
exceeded 10% of the thickness of 3.5 µm. The value of the hardness was also verified by
calibrated SEM.31
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values by a calibrated SEM and with measurement on single crystal diamond,
as shown in Fig. 9.23b and outlined above. Let us emphasize that the thinnest
coating that was prepared and characterized in this series was 3.5 µm thick, but
the thickness of the majority of these coatings was ≥6 µm.

These coatings are of interest because they demonstrated the possibility of
the preparation of materials with the hardness in the upper range of the hardness of
diamond. From the practical point of view, the coatings containing the TiSi2 phase
suffer an instability of this phase upon a long-term exposure to air. As mentioned
above, the decrease of the hardness observed in the coatings of Li et al.,28 after
several months, was attributed to the relatively high chlorine impurity content.
However, we found a similar decrease in our nc-TiN/a-Si3N4/a & nc-TiSi2 ultra-
hard coatings after a period of 6–8 months, although their chlorine content was low
(typically <0.5 at%). This instability is related to the instability of the titanium sili-
cide, which forms several phases of different stoichiometry Ti5Si3, TiSi, and TiSi2
of which the latter should be the most stable one.117,118 However, when prepared
at a relatively low temperatures of 500–600◦C it forms the metastable C49-TiSi2,
which transforms to the stable C54-TiSi2 only at high temperatures. Because this
phase transition is kinetically hindered in a small volume, the nanocomposites
containing TiSi2 are susceptible to chemical attack by the polar water.117,118 The
situation is similar to silica fibers, which, when freshly drawn, can reach the ideal
tensile strength of 24 GPa. However, when exposed to moist air, their hardness
decreases quickly and, after 24 h, hardly reaches 0.3 GPa because of the formation
of surface microcracks (see Ref. 34, p. 172 ff).

6. MECHANICAL PROPERTIES OF SUPERHARD
NANOCOMPOSITES

6.1. Recent Progress in the Understanding of the
Extraordinary Mechanical Properties

In this section we shall briefly summarize the recent progress in the understanding
of the mechanical properties of the superhard, stable nanocomposites. Because
of the limited space, we refer the reader to the quoted references. Our original
concept was based on the absence of dislocation activity in a few nanometer small
crystallites, a very small stress concentration factor for ≤1 nm small nanocracks,
and, therefore, a large stress needed to initiate and propagate a crack in such systems
where the grain boundary sliding is absent.1,7,30,32,55,74,83 The grain boundary
sliding limits the strength of nanocrystalline metals prepared by consolidation
(see, e.g., Refs. 119–122).

More recently, a significant, much deeper understanding was achieved due to
the important contribution of Professor Argon.3,123 It will be shown that the me-
chanical properties of these nanocomposites can be easily understood in terms of
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the conventional fracture physics scaled down to a crystallite size of few nanome-
ters and about one monolayer thick amorphous tissue when these materials are
free of flaws. The latter property, which is the consequence of the formation of
the stable nanostructure by self-organization upon the spinodal phase segregation,
makes them significantly different from the nanocrystalline materials prepared by
consolidation, sintering, and other techniques. In the latter materials, the hardness
monotonously decreases when the crystallite size decreases below about 8–10 nm
due to an increasing fraction of the material within the grain boundaries that is
responsible for the increasing tendency to grain boundary sliding.124 As shown
above, in the stable nanocomposites, the hardness reaches a maximum when the
nanocrystals are covered with about one monolayer of Si3N4 or BN (Figs. 9.9 and
9.23) although the crystallite size may be significantly different [cf. nc-TiN/a-Si3N4

with nc-TiN/a-BN in Fig. 9.9, and the ternary and quaternary nc-TiN/a-Si3N4/a-
& nc-TiSi2 (Fig. 9.23) with the binary nc-TiN/a-Si3N4 in Fig. 9.9].

Conventional, hard materials have a low elastic recovery limit of the strain
of ≤0.1% above which brittle fracture occurs. The elastic limit of strong met-
als, such as steels, reaches about 0.3–0.5%. The maximum elastic recovery limit
of 2% was achieved in metallic glasses. Plastic deformation in ductile materials,
such as metals, occurs via dislocation activity or a shear transformation such as
deformation twins or martensitic transformations.14,17 In glassy solids, such as
amorphous metals, plastic flow occurs by recurring shear transformations in fer-
tile volume elements where the shear transformations are of ca. 3–4-nm size.125

Plastic deformation by either of these mechanisms requires a finite activation
volume.15–17,126 This is a similar situation as found for pressure-induced struc-
tural phase transition in nano-sized single crystals, where the pressure of the tran-
sition increases with decreasing size of the crystals, and the reverse transition
upon unloading shows a hysteresis that also increases with decreasing crystallite
size (see, e.g., Ref. 127). If the size of the specimen of a material is too small,
none of these mechanisms of plastic deformation can occur and the strength of
such material approaches the ideal strength. This is well known for crystal plas-
ticity where the dislocation activity vanishes when the crystallite size decreases
to ≤10–20 nm. Plastic deformation of such small nanocrystals can occur only by
sliding of crystal lattice planes. The shear stress needed for such process to occur
is about 10% of the shear modulus.128,129

The effect of decreasing size of a specimen on the mechanical properties is
less understood in the case of glasses, particularly for the covalently bonded ones,
such as Si3N4 and BN that are acting as a “glue” between the nanocrystals in the
stable nanocomposites. Usually, the increasing strength with decreasing size of
the specimen or the volume being tested is attributed to the decreasing size and
probability of the appearance of a critical flaw, such as microcrack.1,34

In their recent molecular dynamic modeling of Si glass, Demkowicz and
Argon have shown that localized plastic deformation events in covalently bonded
amorphous solids are triggered by a simultaneous, collective movement of five to
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six atoms and the rearranging clusters, where the plastic transformation occurs,
contain 100–500 atoms.126 Obviously, it is essentially impossible to trigger the
plastic deformation within one monolayer of the Si3N4 or BN tissue in the stable
superhard nanocomposites whose strength should then also approach the ideal
strength.

The ideal strength of a perfect glass is given by the ideal decohesion strength
σ C ≈ (EYγ S/a0)0.5 [EY is the Young’s modulus, γ S is surface energy, and a0 is
interatomic bond distance (see, e.g., Ref. 14, pp. 239–240)]. From these relations
one can easily estimate that the ideal strength of strong solids should reach up to
20–50 GPa, as indeed observed for whiskers and freshly drawn glass fibers. For
example, the tensile strength of freshly drawn SiO2 glass fibers reaches 24 GPa,
which corresponds to about 25% of Young’s modulus (see Ref. 14, p. 240). Fur-
thermore, the elastic recovery strain of an ideal glass approaches 20% (see Ref. 14,
pp. 239 and 240; and Refs. 2 and 3 and references therein).

Based on the universal binding energy relations (UBER),130,131 Argon esti-
mated the ideal cohesive strength of our nanocomposites to be about 46 GPa and
compared it with the tensile stress of about 33 GPa occurring at the periphery of the
contact between the indenter and the coatings upon the maximum applied load of
70 mN.123 The application of the hertzian analysis for the measurement of the ten-
sile strength of glasses was demonstrated by Argon et al. earlier.132 Therefore we
used this procedure to determine the tensile (“radial”) stress for crack-free indenta-
tion into a number of different super- and ultrahard nanocomposites.2 Figure 9.24
shows that the tensile radial stress of such indentation, which represents the lower
limit of the tensile strength of the nanocomposites, indeed approaches the ideal
strength calculated for these materials. A detailed hertzian analysis of a num-
ber of experimental indentation curves into the nanocomposites and into diamond
confirmed the self-consistency of the measurements and of the high values of hard-
ness found for these materials.2,18,123 Also the results of the numerical modeling
by means of FEM confirm the experimental data (see Fig. 9.24). We refer to these
papers for further details.

As already mentioned, the unusual combination of the mechanical properties
of the nanocomposites, such as a high hardness combined with a high elastic recov-
ery of ≤95% and high elastic recovery limit of ≤20% can be easily understood on
the basis of the behavior of materials that are free of flaws. This has been discussed
in some detail in our recent papers.2,3,18,123 Here we shall only very briefly discuss
some concepts that are misinterpreted or confused in some recent papers.

6.2. The Resistance Against Brittle Fracture

Very often one refers to a high “fracture toughness” in these materials because with
a large load of, e.g., 1000 mN into a 6–10-µm thin coating on a soft steel substrate,
where the strain reached 20%, the indentation did not cause any fracture (see Fig.
9.25b, and also Figs. 8 and 9 in Ref. 2 in order to underline the reproducibility of
these results). In the case of a thinner coating (see Fig. 9.25a), only the circular
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FIGURE 9.24. Radial stress, calculated from Eq. (6) from Ref. 105, which the superhard
coatings sustain without any cracks formation, versus hardness. For all the indentations in
various coatings used here, both the log(h) vs. log(L) [Eq. (5) from Ref. 105] was linear and
the tip radius estimated from Eq. (9.7) from Ref. 105 was close to 0.5 µm. Open symbols
are the results of FEM calculation.2

“hertzian” cracks are seen but no radial ones which should be starting from the
corners of the indented area. These examples show that these materials are indeed
very resistant against the brittle fracture, but the scanning electron micrographs
alone do not reveal the reason of this strength.

Fracture toughness is the resistance of a material against the propagation of a
prefabricated crack. It is quantitatively described by the stress intensity factor KI

or energy release rate. For a simple case of a planar crack of the size 2a, the stress
intensity factor KI = σ (πa)0.5 whereσ is the stress needed to cause the propagation
of a crack of the size 2a. KI can be measured, e.g., by the indentation technique
when radial cracks are formed at the corners of the indentations, provided that the
thickness of the specimen is much larger than the length of the cracks, which is
difficult to meet in the coatings. Nevertheless, the absence of any radial cracks in
many of the indentation experiments that we reported in combination with the high
tensile strength is characteristic of a material in which there is a large threshold
for the initiation of a crack and not necessarily of a high stress intensity factor.3

6.3. High Elastic Recovery

In addition to this high resistance against brittle fracture, the nanocomposites
display a high elastic recovery of up to 94% upon a load of 70 mN where the load-
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(a) (b)

(c)

FIGURE 9.25. Scanning electron micrographs of the indentation into a (a) 3.5-µm-thick
ultrahard coating (load-independent hardness of about 105 GPa, see Fig. 9.23) after applied
load of 1000 mN where the coating was pressed deep into the soft steel substrate; (b) 10.7-
µm-thick coating (HV ≈ 38 GPa) after indentation with a load of 1000 mN. (c) 6.1 µm thick
ultrahard coating (H0.005 ≈ 100 GPa) after applied load of 1000 mN. Notice the absence of
radial cracks in the diagonal direction in both cases.

independent hardness of more than 100 GPa is found (see Fig. 1a in Ref. 3) and
elastic limit of ≥10% upon a load of 1000 mN. For example, when about a 6-µm-
thin coating is pressed with a load of 1000 mN about 2 µm deep into the soft steel
substrate (HV ≈ 1.8 GPa), it does not show any cracks, the composite hardness of
the coating and substrate is still about 40 GPa, and, upon unloading, the coatings
recovers almost 10% in spite of the fact that it is hold by the severely plastically
deformed substrate (see Fig. 25c from Ref. 3). The absence of any cracks, even
under the surface of the coatings, was carefully checked by means of hertzian
analysis and by observation of the loading curves (see, e.g., Figs. 8 and 9 in Ref. 2).
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FIGURE 9.26. (a) Internal energy versus strain of an ideal material; (b) Universal decohe-
sion curve, i.e., the first derivative of the curve in Fig. 9.26a with strain that corresponds
to the recovery force.2 Notice that the first derivative of the tensile resistance with strain
at the equilibrium ( = 0) is the Young’s modulus.

6.4. Ideal Decohesion Strength

The mechanical properties discussed in section 6.3 are consistent with the nearly
defect-free nature of the material as illustrated in Fig. 9.26. Imagine a perfect glass
without any defect. The change of the internal energy due to strain (Fig. 9.26a)
corresponds roughly to the change of the interatomic binding energy integrated
over the whole specimen. The tensile resistance is the restoring force that acts
so as to bring the energy of the system to its minimum (i.e., the interatomic
distances and bond angles to their equilibrium values), as shown in Fig. 9.26b.
Notice that the restoring force is the first derivative of the internal energy with
the strain. Upon tension, the first derivative of the tensile resistance with the
strain at the equilibrium (the tangent to the curve) is the Young’s modulus, i.e.,
EY = (d2U /dε2)0. It is noticed that the value of the elastic modulus increases upon
compression (ε < 0) and decreases upon tension (ε > 0). The maximum of the
tensile resistance corresponds to the decohesion strength σ m that is reached at the
maximum recovery strain (elastic limit) εm ≈ 15–20%, which is approximately
the limit where upon tension an interatomic covalent bond breaks (see Fig. 9.26b).
The whole range of 0<ε <εm corresponds to purely reversible, elastic deformation
that, however, is nonlinear because of the dependence of the elastic modulus on the
strain.

These considerations show that a material that is free of any defects should
sustain a reversible strain of 15–20% without fracture and its strength should
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FIGURE 9.27. Tensile strength and elastic limit of strong materials in comparison with
the superhard nanocomposites (see text).

reach the ideal decohesion strength. This is illustrated by Fig. 9.27 that shows a
comparison of the strength and elastic limit of the nanocomposites with those of
conventional materials and with whiskers and freshly drawn silica fibers.2 Notice
that the ideal strength is proportional to root square of Young’s modulus that is
significantly larger for the nanocomposites (about 450 GPa) than for SiO2 (about
90 GPa).

The comparison shown in Fig. 9.27 illustrates why the extraordinary mechan-
ical properties of the superhard, stable nanocomposites can be simply understood
in terms of the conventional fracture physics of flow-free materials. Freshly drawn
silica fibers and whiskers (a few micrometer thin single crystals) are essentially
free of any flaws. Therefore, their strength approaches the ideal strength of flaw-
free, strong materials. There is no need to evoke any new terminology or models
as suggested in several recent papers.

6.5. The Future Research Work

The real challenge for the future research is a deeper understanding of the nonlinear
elastic response and of the mechanism of plastic deformation in these materials.
For example, in the case of a 50–60-GPa hard coating, the bulk modulus under the
indenter is pressure enhanced to B(P) ≈ B(0) + 5P (here B(0) is the zero pressure
bulk modulus and B(P) the bulk modulus at pressure P). The proportionality factor
of 5 was measured by means of high pressure XRD19and it is in agreement with
the values predicted by the UBER.130,131 Considering this dependence, the bulk
modulus of our coatings of B(0) = 295 ± 15 GPa determined by high-pressure
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XRD19 is during the hardness measurement enhanced to 545–595 GPa (notice
that the pressure under the indenter corresponds approximately to the hardness
H = L/AC, see above). For these reasons conventional FEM codes cannot handle
this strongly nonlinear elastic problem. Although most of the elastic response upon
unloading comes from distant areas where the pressure enhancement is smaller,
the magnitude of the strain that has to be included into the calculations is large. A
similar situation arises with the mechanism of the plastic deformation that is most
probably occurring within the amorphous tissue.123,133

7. INDUSTRIAL APPLICATIONS

The industrialization of the nc-(Al1−x Tix )N/a-Si3N4 nanocomposites was pio-
neered by the SHM company in Czech Republic.89,134 Tanaka et al. developed
the “Al-Ti-Si-N” coatings in which, according to their analysis, the silicon was
dissolved within the (Al,Ti)N phase.82 Also these coatings showed and improved
cutting performance, although their hardness was lower than that of the nc-
(Al1−x Tix )N/a-Si3N4 nanocomposites. Later, SHM and a larger Swiss company
PLATIT developed a new coating technology dedicated to the large-scale industrial
production. The limited space available here does not allow us to extend on this
topic. Therefore, we summarize briefly the achievements and refer to the recent
papers134–147 for further details.

The new coating technology uses a special design of vacuum arc that is local-
ized to a narrow track by a strong magnetic field that provides a very high velocity
of the movement of the cathodic spot. This reduces strongly the emission of the
droplets, which improves the surface roughness to less than 0.1 µm. Furthermore,
the special arrangement of the magnetic field allows one to preclean the surface
of the cathodes prior to the deposition, by depositing the surface material that was
contaminated during the exposure to air (loading of the tools to be coated). This
“Virtual Shutter R©” allows one to turn the magnets of the cathode backward and
deposit the contaminated material from the surface of the cathode on the back
wall. When the tools were cleaned, the magnets are turned back and pure mate-
rial is deposited. This “Virtual Shutter R©” improves significantly the adhesion and
the cutting performance of the coatings. The rotation of the cylindrical cathodes
assures their uniform erosion that results in an increase of the lifetime by about a
factor of 6 to 7 as compared with the planar ones. An asymmetric arrangement of
the tools being coated with respect to the cathodes yields compositionally modu-
lated nanolayers of the nanocomposites, which further improves their resistance
against crack propagation.

The cutting performance of the nc-(Al1−x Tix )N/a-Si3N4 nanocomposites in
dry or minimum lubricant machining is typically a factor of 2–4 better than that of
the state-of-the-art (Al1−x Tix )N coatings. For example, in dry drilling of a tough
steel, the lifetime of the coated drill made of cemented carbide and coated with
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FIGURE 9.28. Example of the excellent cutting performance of the nc-(Al1−xTix)7a-Si3N4
nanocomposites coatings. Hard milling of 57 HRC steel. Tool: Ball-nosed solid carbide end
mills, d = 10 mm × 57, hydrochuck, rpm = 18500, feed (fz) = 0.18 mm, depth per tooth
(ap) = 0.25 mm, depth of cut (ae) = 0.6 mm, external minimum jet lubrication.138

the nanolayered nanocomposites is a factor of 4 longer than that coated with the
best state-of-the-art (Al1−x Tix )N.135–137 Very often, the better cutting performance
becomes evident upon a faster machining (e.g., in taping). Figure 9.28 shows a
more recent example of the hard, minimum lubricant (essentially dry) milling
of the very hard 57 HRC (Rockwell hardness C) steel . As one can see from
the different curves for different layered structure of the nc-(Al1−x Tix )M/a-Si3N4

nancocomposite coatings, the lifetime of the tool could be significantly increased.

8. CONCLUSIONS

The easiest way to prepare superhard coatings is the application of energetic ion
bombardment during the deposition as pioneered by Musil.49,61,62 However, these
coatings, sometimes also incorrectly called “nanocomposites,”49 suffer from a too
low thermal stability.3,51

The generic concept for the design of superhard and thermally very sta-
ble nanocomposites1 is based on a thermodynamically driven, strong spinodal
phase segregation that results in the formation of a stable nanostructure by self-
organization. In order to achieve this formation of the nanostructure during the
deposition, sufficiently high nitrogen activity (partial pressure ≥1 × 10−3 mbar)
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and temperature (500–600◦C) are needed because the nitrogen has to provide
the high thermodynamic driving force and the temperature has to assure the
diffusion rate-controlled phase segregation to proceed sufficiently fast during the
deposition.

The maximum hardness is achieved when about one monolayer of the covalent
nitride, such as Si3N4 or BN (or AlN, etc.), is covering the surfaces of the polar, hard
transition metal nitride nanocrystals. This design concept was verified in a large
number of different systems. Therefore, it is expected to work also in any other
nc-MenN/a-Si3N4, nc-MeNnN/a-BN (Al, etc., instead of BN), and nc-MenC/C,
and in many other systems that meet the conditions outlined in Refs. 1 and 74, and
in subsequent papers. When these conditions are not fulfilled, low hardness en-
hancement or no enhancement23 is found. When the coatings are deposited under
conditions that are close but not fully in the optimum, self-hardening is found upon
annealing to 600–800◦C due to the completion of the phase segregation.3 How-
ever, when the coatings are deposited at a sufficiently high nitrogen pressure and
temperature as outlined in our first paper,1 they show an excellent thermal stability
upon annealing in nitrogen up to 1100–1200◦C4 and high oxidation resistance to
≥800◦C.1,77

Small amounts of impurities in the nanocomposite coatings degrade their
mechanical properties. Most critical is oxygen because if the oxygen impurity
content in the coatings is larger than about 0.2 at% the hardness of ≥40 GPa
cannot be reached. Much lower oxygen content is needed if a hardness of ≥50 GPa
should be reached. In the majority of papers reporting on the preparation of the
nanocomposite coatings by means of PCVD and PVD the oxygen impurities are not
reported and in those where they are, it lies in the range of several atomic percent.
These facts explain in a simple way why so many workers have difficulties to
reproduce the high values of the hardness. Other, speculative explanations5 are
obviously not needed.6

Reliable measurements of the hardness of superhard coatings are possible
only when ≥6–8 µm thick coatings are prepared and the load-independent value
of the hardness is found, typically for maximum applied load of 50–150 mN.
Using low loads of <30 mN and indentation depth of <0.2–0.3 µm is likely to
yield erroneous values of the hardness due to the indentation size effect, which
may occur due to a variety of reasons.2,12,18–21

The extraordinary mechanical properties of the stable nanocomposites pre-
pared according to the generic principle can be understood on the basis of con-
ventional fracture physics. Because these nanocomposites are free of defects, their
strength approaches the ideal strength of flow-free materials in a similar way as it
is known for whiskers and freshly drawn silica fibers.

The nc-(Al1−x Tix )N/a-Si3N4 nanocomposite coatings deposited in large-
scale industrial coating equipment show an excellent thermal and oxidation sta-
bility. The thin Si3N4 tissue stabilizes the Al-rich (Al1−x Tix )N metastable solid
solution against the decomposition into c-TiN and h-AlN and concomitant soft-
ening. In hard, dry (or minimum lubricant) machining, these coatings show
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excellent cutting performance, which is superior to the state-of-the-art (Al1−x Tix )N
coatings.
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1. INTRODUCTION

Nanocomposite coatings represent a new generation of materials. They are com-
posed of at least two separated phases with a nanocrystalline and/or amorphous
structure. Nanocomposite materials, due to very small (≤10 nm) grains, from
which they are composed, and a more significant role of boundary regions sur-
rounding individual grains, behave in a different manner compared to the conven-
tional materials with grain size greater than 100 nm and exhibit completely new
properties. New unique physical and functional properties of the nanocomposite
coatings are a main driving force stimulating the development of these materials;
see for instance, recent review papers.1–28

At present, the nanocomposite coatings are prepared using different methods,
particularly by plasma-assisted chemical vapor deposition (PACVD) from a gas
phase,14 magnetron or ion beam sputtering from a solid target, i.e., by the physical
vapor deposition (PVD) process (see for instance Ref. 16 and references therein),
and combined PVD and PACVD processes, e.g., by cathodic arc evaporation and
PACVD29 or magnetron sputtering and laser ablation, i.e., by the hybrid process
called as magnetron sputtering and pulsed-laser deposition (MSPLD).30 For in-
dustrial production of the nanocomposite coatings the most suitable method is the
magnetron sputtering.

Main advantages of the magnetron sputtering are the following: (1) the sputter-
ing is a nonequilibrium process at an atomic level, in which condensing atoms have
a high energy (several eV compared with approximately 0.1 eV in the evaporation

407



408 J. Musil

process); (2) the simplicity to sputter alloys and their compounds, such as ni-
trides and carbides; (3) the formation of high-temperature phases on unheated
substrates31; (4) the selective reactive sputtering of nitride of alloys, which allows
to form a nanocomposite of the type nc-MeN/metal, due to a difference in the ni-
tride decomposition temperatures for the element A and B of the AB alloy—here
nc denotes the nanocrystalline phase and Me = Ti, Zr, Cr, W, Mo, etc.; (5) the
high-rate reactive magnetron sputtering (RMS) of oxides in the transition mode
of sputtering32; and (6) the possibility to simply scale up the magnetron into big
industrial machines.

For sputtering of nanocomposite coatings, three basic sputtering systems can
be used: (1) one magnetron with an alloyed target; (2) two magnetrons equipped
with the targets made of different elements (e.g., Ti, Si), alloys (e.g., TiAl, CrNi),
compounds (e.g., TiB2, TaSi2), or their combinations; or (3) pulse-operated dual
magnetron, which can easily control individual elements in the alloy film or
makes it possible to deposit nonconductive materials at high deposition rates.
Hard nanocomposite films are usually prepared by the RMS, i.e., the magnetron
cathode (target) is sputtered in a mixture of Ar and the reactive gas (RG) (nitro-
gen, oxygen, etc.). In the case when only one element is converted into a nitride,
this process is called selective magnetron sputtering. According to the number of
elements in the sputtered alloy, two- or several-phase films can be prepared.

2. FORMATION OF NANOCRYSTALLINE AND
NANOCOMPOSITE COATINGS

A main task in the development of the nanocomposites is to master the prepara-
tion of films with nanocrystalline structure. At present, two basic processes are
usually used to control the size and crystallographic orientation of grains in the
growing film: (1) low-energy ion bombardment and (2) mixing process based on
an incorporation of the additional elements (AE) into a base material.

2.1. Low-Energy Ion Bombardment

The ion bombardment is a strongly nonequilibrium process, in which ions transfer
their kinetic energy to the growing film and heat it at an atomic level. Therefore, this
process is called the atomic scale heating (ASH). The ion bombardment signifi-
cantly differs from conventional heating because the kinetic energy of bombarding
ions is transferred into very small areas of atomic dimensions and is accompanied
by an extremely fast (about 1014 K/s) cooling. Moreover, it is necessary to note
that the energy delivered to the growing film by the conventional heating (Ts/Tm)
and the particle bombardment (Ebi) is not physically equivalent; here, Ts is the
substrate temperature and Tm is the melting point of the film material.33 In spite of
this fact the ASH makes it possible to produce dense films with extraordinary prop-
erties, corresponding to a zone T in the Thornton structural zone model (SZM),34
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FIGURE 10.1. Thornton SZM extended into the region of low-pressure sputtering—a way
to produce new advanced materials at low deposition temperatures Ts.35 (Reprinted from
Ref. 35. Copyright (1998) with permission from Elsevier.)

if sputtering is carried out at low pressures of about 0.1 Pa and lower (see Fig.
10.1). The low-pressure sputtering shifts the transition zone T into a region of low
values of the ratio Ts/Tm, and so it allows to create dense films, corresponding to
the zone T , at low deposition temperatures Ts (for more details, see Ref. 35).

The ion bombardment of the growing film can restrict the grain growth. The
size and crystallographic orientation of grains can be controlled by (i) the energy
and flux of bombarding ions and condensing atoms and (ii) the deposition rate aD

of the sputtered film. This control of the film structure is, however, accompanied
by the film heating and it is not convenient for every application.

2.2. Mixing Process

The mixing process consists in the addition of one or several elements to a base
one-element material. Since at least two elements are always present in the film,
the alloy films are formed by this process. This process is an efficient method
convenient for the production of nanocrystalline and amorphous films. Comparing
with the ion bombardment, no substrate bias and heating are necessary to form
films with nanocrystalline structure.

2.3. Structure of Films

Main parameters, which can be used to control the film structure, are the substrate
temperature Ts, energy Ebi delivered to the growing film by bombarding ions and
fast neutrals, and the amount and type of added elements. The following factors,
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however, also play the substantial role in the formation of nanocrystalline films:
(i) the mutual miscibility or immiscibility of the film elements, (ii) the ability of
elements to form solid solutions or intermetallic compounds, and (iii) the enthalpy
of the alloy formation �Hf (negative or positive). Which structure of the alloy film
is created strongly depends on factors given above and their mutual combination
(see for instance Refs. 12 and 36).

Experiments show that there are two groups of binary alloy films: (1) the
films that are characterized by relatively narrow X-ray reflection lines (FWHM ≤
1 deg.), for instance Ni80Cr20 alloy film,12,36 and (2) the films composed of very
fine nanocrystalline grains characterized by very broad low-intensity reflections
(FWHM > 1 deg.), for instance Zr55Cu45 alloy film12,36 or an X-ray amorphous
structure characterized by no X-ray reflections, for instance Al–Ti alloy film with
35–60 at% Ti.37 This means that not all combinations of different elements can
automatically form alloys films with a nanocrystalline structure. In reality, there
are at least four possible ways to how to form nanocrystalline or X-ray amorphous
films: (1) rapid cooling of the alloy from a liquid state; (2) addition of a metalloid,
such as Si, Pb, B, N, C etc., to a base one-element material, for instance Ti-Si,37,38

Ti-B,39 and Ti-C39–41; (3) selection of a correct amount of both elements in the
alloy, for instance Ag-Ni,42 Ag-Y,42 and Al-Ti37,39; and (4) addition of a certain
amount of nitrogen to the alloy, i.e., to form a nitride of the alloy, for instance
Ni-Cr-N43 and Ti-Al-N.44–48

The formation of nanocrystalline and/or X-ray amorphous films using last
two processes is schematically shown in Fig. 10.2. From this figure it is seen that
for the A1−x Bx alloy or the nitride of alloy A1−x Bx N, at a certain stoichiometry
x there is a transition from A(B) to B(A) or A(B)N to B(A)N solid solutions,

Phase B

x=1

Phase A + Phase B 

Phase A

0<x<1

x=0

2Q (degrees)

XRD 'patterns'
x= B

(A+B)

FIGURE 10.2. Schematic illustration of the development of X-ray diffraction patterns
from two-phase A1−xBx alloy or A1−xBxN alloy nitride with increasing ratio x = B/(A + B),
from x = 0 (pure element A or binary nitride AN) to x = 1 (pure element B or binary nitride
BN).
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FIGURE 10.3. A development of X-ray diffraction (XRD) patterns from (a) Ni1−xAgx al-
loy film co-condensed using electron beam evaporation of Ni and Ag onto single crystal
sapphire substrates at RT and (b) Ti1−xAlxN films co-sputtered from Ti and Al targets of
75-mm diameter and 99.999 % purity. (Adapted from Refs. 42 and 45, respectively.)

respectively. In the interval x corresponding to these transitions, nanocrystalline
and/or X-ray amorphous single-phase or two-phase films may be created. This fact
is documented by a development of the structure of the Ni1−x Agx alloy film42 and
the Ti1−x Alx N nitride alloy film45 with increasing stoichiometry from x = 0 to
x = 1 (see Fig. 10.3).

In both cases there is a “window,” i.e., an interval x , in which the films exhibit
X-ray amorphous structure. The width of this window (transition) depends on the
elemental composition of the film and the deposition conditions under which the
film is formed. For Ni1−x Agx films, a continuous transition from one-phase Ni(111)
film through two-phase Ni(111) + Ag(111) films again to one-phase Ag(111) film
is clearly seen in the concentration range between approximately 60 and 80 at%
Ni. A similar situation takes place also for Ti1−x Alx N films (see Fig. 10.3b). Com-
pared to the preceeding case, in the transition region of Ti1−x Alx N films, located
in the interval between approximately 0.5 and 0.85, two kinds of nanocompos-
ites can however be formed: (1) nanocomposite films composed of a mixture of
grains with NaCl TiN structure and wurtzite AlN structure at x approximately be-
tween 0.5 and 0.6, i.e., two-phase films composed of grains of different chemical
composition and (2) nanocomposite films, characterized by broad low-intensity
reflections and composed of a mixture of wurtzite grains of different (0002)
and (1011) orientations at x approximately between 0.6 and 0.85, i.e., single-
phase films composed of grains of the same material but different crystallographic
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orientation (for details see Refs. 44–49). Recent experiments clearly show that just
Al-rich Ti1−x Alx N films with x ≥ 0.6 exhibit an enhanced hardness.48 In addition,
the facts given above simply explain why hard wear-resistant Ti1−x Alx N films
with x ≈ 0.5, prepared in different laboaratories,50–53 do not exhibit the enhanced
hardness. Simultaneously, we see that a correct choice of x is of a key importance
when we want to prepare films with enhanced properties.

At present, it is not fully clear what mixture of grains—with (i) different
phases or (ii) different orientations—is responsible for the enhanced hardness
of binary nitrides. A further study is necessary to separate both these effects.
Also, it is worthwhile to note that the enhanced hardness observed in the single-
phase materials can be caused just by the coexistence of small single-phase grains
of different crystallographic orientations. Therefore, a special attention must be
devoted also to the preparation of films with a controlled orientation of grains
and particularly to the determination of deposition conditions under which a jump
in the crystallographic orientation of grains takes place. Also, in this case there
is a transition region in which nanocrystalline and/or X-ray amorphous films are
created, similarly as in the case when the relative amount of elements A and B in
the alloy A1−x Bx is varied.

A strong change in the crystallographic orientation of grains can be easily
realized in the RMS of nitrides of alloys; see for instance, a development of X-ray
diffraction (XRD) patterns from the Ti-Al-V-N films with increasing partial pres-
sure of nitrogen pN2 displayed in Fig. 10.4.54 From this figure it is seen that the
transition region is located in the interval pN2 /pT between 0.1 and 0.3. While the
lower edge of this interval is dominated by the films with a strong TiN(111) reflec-
tion, its upper edge is dominated by the films with a strong TiN(200) reflection.
Films created in the center of the transition region are (i) characterized by three
broad, low-intensity TiN(111), TiN(200), and TiN(220) reflections and (ii) exhibit
enhanced hardness of approximately 36 GPa. This means that the films with en-
hanced hardness are composed of a mixture of nanocrystalline grains of different
crystallographic orientation. Below, we will give further evidence that also other
nanocrystalline films composed of a mixture of grains of the same material but
different crystallographic orientations exhibit the enhanced hardness.

In summary, we can conclude that there is quite a lot of possibilities how to
prepare nanocrystalline and/or X-ray amorphous films. A further systematic in-
vestigation is, however, needed to find (i) new nanocrystalline and/or amorphous
materials and (ii) new conditions under which noncrystalline states are favored
thermodynamically and/or maybe chemically, in comparison with crystalline ones.
Such an investigation is now underway. For instance, recently, maximum solubil-
ities of B4-type nitrides into B1-type transition metal nitrides predicted on band
parameters were reported55–58 (see Table 10.1). The largest solubility of AlN into
TiN fits very well with the transition region of Ti-Al-N films (Fig. 10.3b) and
correlates well with the enhanced hardness (≈47 GPa) of the Ti0.44Al0.56N film
reactively sputtered just in the transition region between two phases48 as well.
These data could be used in the design of new hard nanocomposite coatings.
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FIGURE 10.4. A development of XRD patterns from 3-µm-thick Ti-Al-V-N films, mag-
netron sputtered from an alloyed TiAlV (Al 7 at%, V 7 at%) target in a mixture Ar +
N2, with increasing ratio PN2 /pT at pT = 2 Pa = const. Deposition parameters: Id = 2 A,
Us = −100 V, is = 1.5 mA/cm2, Ts = 300◦C, ds−t = 70 mm. The microhardness H was mea-
sured at a load L = 20 mN of the Vicker’s diamond indenter.54 (Reprinted from Ref. 54.
Copyright (2003) with permission from Elsevier.)

TABLE 10.1. The maximum solubilities of B4-type nitrides into B1-type
transition metal nitrides, i.e., in the system Al-M-N, predicted by the partial
structure map and two band parameters, where M = Ti, V, Cr, Zr, Nb, Hf and
W.56

TiN VN CrN ZrN NbN HfN WN

AlN (%) 65.3 72.4 77.2 33.4 52.9 21.2 53.9

3. MICROSTRUCTURE OF NANOCOMPOSITE COATINGS

The microstructure of single-phase films is qualitatively well described by SZMs
developed by Movchan and Demchishin59 and Thornton.34 These models, however,
strongly change if impurities or selective additives are incorporated in the film.
Impurities or additives stop the grain growth and stimulate the renucleation of
grains. This phenomenon results in the formation of a globular structure, which
expands in the SZM’s from low to high values of Ts/Tm with increasing content of
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FIGURE 10.5. Comparison of the Barna and Adamik SZM with experiment. (a) SZM for
two-phase films and (b) the cross-section Scanning Electron Microscopy (SEM) photos of
the Zr-Cu-N films with a low (1.2 at%) and high (20 at%) content of copper, respectively,
prepared at Ts/Tm = 0.18.19 (Reprinted from Ref. 19. Copyright (2001) with permission
from Elsevier.)

impurities or additives in the film; here Ts is the substrate deposition temperature
and Tm is the melting temperature of the coating material (see Fig. 10.5).

For medium and high content of impurities or additives the columnar mi-
crostructure, which is typical mainly for the zone I of the SZMs of single-phase
films, fully disappears. This fact describes a model that was developed by Barna
and Adamik.60 The two-phase nanocomposite coatings exhibit the microstructure
that is identical with that predicted by the Barna and Adamik model (see Fig.
10.5). Here, the microstructure of the Zr-Cu-N nanocomposite films with low (1.2
at%) and high (20 at%) content of Cu is compared with this model. It should be
mentioned that already about 7 at. % Cu is sufficient to form the dense fine-grained
Zr-Cu-N films without a columnar microstructure.19,61

Recently, a similar conversion of the columnar microstructure to a dense fine-
grained one was also found for the sputtered TiN films into which Si atoms were
incorporated, i.e., for the Ti-Si-N films.62–68 It was shown that while the Ti-Si-N
films with a low (≤5 at%) content of Si exhibit the columnar microstructure, those
with 11 at% Si64 and 14.9 at% Si65 already exhibit no columnar microstructure
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and are composed of nanocrystalline equiaxial TiN grains. Moreover, it is worth-
while to note that (i) the transition from columnar to nanocrystalline equiaxial
microstructure corresponds well to the transition from the crystalline to the X-ray
amorphous phase in the binary Ti–Si alloy39 and (ii) the Ti–Si alloy film with
approximately 12 at% Si already exhibits several diffuse diffraction peaks.38 This
means that this film is composed of a mixture of grains of different crystallographic
orientations. The Ti-Si binary alloy films with 12 at% Si content greater-than are
amorphous.39 A similar behaviour is also exhibited by sputtered Zr-Si-N films.69

The columnar microstructure appears to vanish if the amount of Si added to the
base Zr-N material overpasses approximately 5 at%.

These experiments indicate that the conversion of the columnar microstructure
to a dense fine-grained one could take place also in the case when the one-phase
material changes into two-phase one, for instance, by a variation of its chem-
ical composition. This phenomenon was demonstrated for the WC-Ti1−x Alx N
superlattice films.70 While these films with x = 0.3 exhibited a clear columnar
microstructure, those with x = 0.57 were very homogeneous and exhibited no
columnar microstructure. The stoichiometry x = 0.57 fits well into the concentra-
tion range between 50 and 60 at% Al, in which the two-phase films composed of
the mixture of the NaCl TiN grains and the wurtzite AlN grains can be formed.
This change in the film stoichiometry corresponds quite well also to the transition
from the crystalline to amorphous phase in the binary Ti-Al alloy. Namely, it was
found that the Ti–Al alloy films, containing 35–59 at% Al, are X-ray amorphous.39

The experiments given above indicate that the films with the dense fine-
grained microstructure can be produced not only by the incorporation of impurities
and/or additives, but also by the selection of such deposition conditions, which
allow to form films composed of (1) a mixture of nanocrystalline grains of
different materials, different crystallographic orientations, and/or different lattice
structures or (2) grains with a strong preferred crystallographic orientation. For
more details, see Ref. 71. Below, it will be shown that a key role in the formation
of nanostructured films is played by the energy delivered to the film during its
growth.

4. ROLE OF ENERGY IN THE FORMATION
OF NANOSTRUCTURED FILMS

At present, it is well known that a correlation between properties of solids and
their structure is of fundamental importance not only for materials science but
also for thin film physics. However, what structure will be formed depends on
process parameters used in the formation of the film and its chemical composition.
A problem is the fact that in every deposition process there are many deposition
parameters, which are mutually coupled. In magnetron sputtering these parameters
are magnetron discharge current Id and voltage Ud; substrate bias Us; substrate
ion current density is; substrate temperature Ts; substrate-to-target distance ds−t ;
deposition rate aD; flow rate of sputtering gas φ; partial pressure of RG pRG;
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total pressure of sputtering gas pT = pRG + pAr and also a pumping speed of the
pumping system; base pressure in the deposition chamber p0; location of inlets
of sputtering gases; mutual orientation of the magnetron target and the substrate
surface (perpendicular or tilted deposition); stationary, rotating, or linearly moving
substrates; plasma enhancement by additional rf, microwave, or hollow cathode
discharges or improvement of plasma confinement using an external magnetic
field, usually produced by Helmholtz electromagnetic coils; and geometry of the
deposition chamber.

The most important deposition parameters for every sputtering machine are
Id, Us, is, Ts, ds−t, aD, pRG, and pT. Every combination of these parameters gives,
however, one discrete structure only. Therefore, it is practically impossible, by
changing one process parameter in this combination, to change continuously the
structure of deposited film. This is the main reason why the formation of a film
with a prescribed structure, i.e., with the prescribed properties, is very difficult
and a so far not solved problem. In our opinion, a key to the solution of this
problem is a control of the energy E delivered to the film during its growth.
This energy can be delivered by three ways: (1) substrate heating Ts; (2) particle
bombardment by (i) ions, Ebi, (ion bombardment controlled by the ion energy Ei,
the flux of ions φi, and the deposition rate aD), and (ii) fast neutrals Efn (atom-
assisted deposition controlled by pT, energy Effp, and φffp of the film-forming
particles); and (3) chemical reactions �Hf (in exothermic reactions, when �Hf

< 0, the heat is released and the total energy is increased and, on the contrary,
in endothermic reactions, when �Hf > 0, the heat is consumed and the total
energy decreases); here, �Hf is the formation energy of compounds. All three
components of the total energy influence the film growth simultaneously, but the
effect of individual components can be very different. For instance, in deposition
of pure metals, contribution of energy from the chemical reactions is zero. On the
contrary, in deposition of the film using the ion-plating process, when the growing
film is bombarded by low-energy ions, the energy Ebi delivered to it by bombarding
ions has a decisive effect on its growth. Therefore, the ion bombardment is very
often used to control properties of deposited films (see for instance Refs. 72–86).

The energy Ebi delivered to the growing film by bombarding ions has a
crucial effect on its structure and so on its physical and functional properties. In a
collisionless discharge this energy can be determined from three easily measured
quantities, i.e., the substrate bias Us, the substrate ion current density is, and the
deposition rate aD of the film, according to the following formula87

Ebi = Ei νi/νm = e(Up − Us) νi/νm ∝ eUsis/aD at Ts = const (10.1)

Here Ei is the energy of ions, ν i and νm are the fluxes of ions bombarding the
growing film and coating atoms, respectively, and Up is the plasma potential.
Typical values of Us range from a floating potential Ufl to approximately −200 V.
For the effective control of the film microstructure, the values of is ≥ 1 mA/cm2

are necessary.
Every material can be characterized by a certain critical value of energy Ec.

The films produced at Ebi < Ec are porous, soft, have a matt appearance, and
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are in tension. On the contrary, films produced at Ebi > Ec are compact, dense,
have a smooth surface, exhibit a high reflection, and are in compression. The films
produced at Ebi = Ec exhibit zero macrostress σ . The same value of Ebi, however,
need not correspond to the same microstructure of the film. According to Eq. (10.1)
the same value of Ebi can be achieved at different combinations of the ion energy
Ei and the ratio ν i/νm, i.e., under conditions, when different physical processes
can dominate. This means that the parameters Ei and ν i/νm are not physically
equivalent. For more details see, for instance, Ref. 88.

In a collision discharge the energy Ebi, delivered per unit volume of the
deposited film can be expressed in the following form54

Ebi(J/cm3) = Us(is/aD)Nimax at Ts = const (10.2)

where Ni max = exp(-L/λi ) is the amount of ions arriving at the substrate with a
maximum energy eUs , e is the elementary charge, L is the sheet thickness, and λi

is the ion mean free path for collisions leading to losses of the ion energy in the
sheet. The ion mean free path can be calculated from the Dalton law as λi ≈ 0.4/p
(cm, Pa).89 The high-voltage (Us >> Ufl) sheath thickness L can be calculated from
the Child–Langmuir equation for the dc sheath, where Ufl is the floating potential.
The sheet thickness L can be expressed in the following form90:
(a) The collisionless dc sheet near the substrate (L/λi < 1)

L = (0.44ε0)1/2(2e/m i)1/4U 3/4
s i−1/2

s (10.3)

where ε0 is the free-space permittivity and mi is the ion mass.
(b) The collision dc sheet near the substrate (L/λi > 1)

L = (0.81ε0)2/5(2e/m i)
1/5λ

1/5
i U 3/5

s i−2/5
s (10.4)

This simple analysis shows that the energy delivered to the growing film by
ion bombardment strongly depends on conditions under which sputtering of the
films is carried out. The energy ET transported by ions to the negative electrode
(substrate) and the amount of ions Ni max arriving at the negative electrode with
the maximum energy eUs as a function L/λi is shown in Fig. 10.6. The energy
ET decreases with the increasing ratio L/λi, i.e., with increasing sputtering gas
pressure pT because λi = 0.4/pT and so L/λi ∼ pT. A decrease in the energy of
bombarding ions with increasing pT significantly influences the mechanism of the
growth and the structure of deposited films. This fact explains well why properties
of the films sputtered at the same values of Us and is differ if they are deposited at
different values of pT. For more details see Ref. 54.

4.1. Ion Bombardment in Reactive Sputtering of Films

Equation (10.1) has been used by many researchers to characterize the effect of
low-energy ion bombardment on the microstructure of sputtered films and their
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eUs and the total energy ET transported to the growing film, normalized with correspond-
ing values for L/�i = 0. The axis pT was calculated for films sputtered at Us = −100 V
and is = 1.5 mA/cm2.91 (Reprinted from Ref. 91. Copyright (2003) with permission from
Elsevier.)

properties. For instance, the effect on (i) grain size, lattice distortion, dislocation
density in Ag, Cu, Pd films is investigated in Ref. 75; (ii) microstructure in Refs.
76–79 and 82; (iii) microhardness H , macrostress σ , and microstrain e in the
TiNx films in Refs. 76, 77, 80, and 81; (iv) formation of ε-Ti2N phase in the TiNx

films in Refs. 74 and 78; (v) preferred orientation of the TiN films in Refs. 83–86,
etc. In spite of a relatively large utilization of the ion-plating process, there is a
little knowledge on the correlation between the energy Ebi and the properties of
reactively sputtered films.

Despite the fact that it is well known that the reactive sputtering of films
is accompanied by a target (cathode) poisoning, which results in a dramatic de-
crease of the film deposition rate aD, only few people realize that changes in
aD, caused by a change in the partial pressure of RG pRG (RG = N2, O2, CH4,
etc.) under constant deposition conditions, induce huge changes in the energy
Ebi delivered to the film during its growth (see Fig. 10.7). For instance, for ni-
trides aD(Me) ≈ 4 aD(MeNx ) and for oxides even aD(Me) ≈ (10–15) aD(MeOx ),
where Me is the metal, and MeNx and MeOx are the metal nitride and metal
oxide, respectively (see e.g., Refs. 32 and 93–107). Therefore, it is necessary to
expect that changes in the properties of reactively sputtered films will be created
in consequence of a combined action of two parameters: (1) the elemental and
chemical composition of the film, particularly the amount of RG atoms incorpo-
rated in the film and (2) the energy Ebi, i.e., the parameters that both depend on
the partial pressure of RG, pRG. In the reactive mode of sputtering the effect of
increased Ebi, due to the decrease in aD with increasing pN2 , can be very strong
(see Fig. 10.7).
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We believe that just the decrease in aD with increasing pRG is responsible for
a dramatic change in crystallographic orientation of the single-phase films based
on solid solutions, such as Ti(Fe)Nx films. Details are given further in the Section
5.6.

The energy Ebi strongly influences not only the structure of the film and its
elemental and chemical composition, for instance, due to desorption of the atoms
of RG from the surface of sputtered film, but also the macrostress σ induced in the
film by ion bombardment.

4.2. Effect of Ion Bombardment on Elemental Composition
of Sputtered Films

It is well known that an elemental composition of the sputtered alloy film may
differ from that of the alloyed or composed target from which it is sputtered. This
is mainly due to a preferential resputtering of some atoms from the growing film by
bombarding ions if the films are prepared using the so-called sputter ion-plating
process (see, for instance, a preferential resputtering of the copper from Ti-Cu
films).61 In a dc RMS, when the alloyed target is sputtered in a mixture of Ar and
the RG, e.g., N2, O2, CH4, etc., RG atoms are also incorporated into the growing
film. Also, in the case of dc RMS, performed at a constant partial pressure of
RG pRG, the amount of atoms of RG incorporated into the film is not always
constant because their amount in the film is controlled by the energy delivered
to the growing film by (1) bombarding ions (Us, is, aD) and condensing particles
(pT, aD), and (2) substrate heating (Ts), i.e., by resputtering and desorption of
the RG atoms from the film surface. This means that the elemental composition
of sputtered films strongly depends on the deposition parameters, particularly
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on Id, Ud, Us, is, aD, Ts, pRG, pT, φRG, used in their sputtering; here, φRG is
the flow rate of RG into the deposition chamber. On the other hand, a correct
selection of the deposition parameters is an efficient tool for control of the elemental
composition of sputtered films. Below, three examples illustrating the effect of
ion bombardment on the elemental composition and structure of sputtered film
are given.

4.2.1. Resputtering of Cu from Zr-Cu-N Films

A resputtering of atoms from an alloyed or compound film depends particularly
on (i) sputtering yield γ of atoms from which the film is composed; (ii) energy
(Ei ∼ Us), flux (is) and mass (m i) of ions bombarding the growing film, and time
of bombardment; and (iii) bounds between atoms in the alloy or compound. As
an example, we present the deposition of the Zr-Cu-N films using the magnetron
sputter ion-plating process at Us = −200 V and different values of is ranging from
0.5 to 1.25 mA/cm2 (see Table 10.2).

It is known that the sputtering yield of Cu is greater than that of Zr; γ Cu ≈ 1.1
atom/ion and γ Zr ≈ 0.2 atom/ion for Ar+ ion with energy Ei = 200 eV.109 This
means that the content of Cu in the film should decrease with increasing is used
in its formation. This expectation is really in an excellent agreement with the
experiment (see Table 10.2).

TABLE 10.2. Development of the Elemental Composition of Zr-Cu-N
Films with Increasing is of Bombarding Ar+ Ions.

is (mA/cm2) 0.5 0.75 1.0 1.25

Cu (at%) 22.5 12.3 0.9 0.9
Zr (at%) 39.0 41.4 48.1 47.4
N (at%) 38.5 46.3 51.0 51.7

From Ref. 61; Deposition conditions: Id = 1 A, Us = −200 V, Ts = 400◦C, ds−t = 60 mm, pN2 =
0.05 Pa, pT = 0.7 Pa.

4.2.2. Desorption of Nitrogen from Sputtered Nitride Films

The energy Ebi delivered to the growing MeNx film can result in a preferential
desorption of nitrogen and thus in the decrease of its stoichiometry x = N/Me.
Starting with a threshold value of Ebi, the N desorption from the surface of the
growing film increases with increasing Ebi. In the RMS Ebi increases, in a full
agreement with Eq. (10.1), with increasing pN2 due to decreasing aD (see Fig.
10.7). Therefore, N desorption from the surface of growing film also increases
with increasing pN2 , and under a strong ion bombardment the film stoichiometry
x can paradoxically decrease with increasing pN2 . This process was really found
in the magnetron sputtering of the Zr-Ti-Cu-N films110 (see Table 10.3).
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TABLE 10.3. Development of the Stoichiometry x in the Zr(Ti, Cu)Nx Films
with a Low (≤ 15 at %) Ti and (≤ 2 at %) Cu, Reactively Sputtered at Id = 1 A,
Us = −100 V, is = 1 mA/cm2, Ts = 500◦C, PT = 0.7 Pa with increasing pN2 .

110

Film pN2 (Pa) N (at%) x = N/(Zr + Ti) aD (µm/min) Ebi (MJ/cm3)

A 0.03 49.6 0.994 0.057 1.05
B 0.05 49.1 0.999 0.031 1.93
C 0.10 46.9 0.897 0.029 2.07
D 0.15 45.7 0.852 0.021 2.85

At first sight, the paradox result, i.e., the decrease of x with increasing pN2 , can
be easily explained by increasing N desorption from the film caused by increasing
Ebi due to decreasing aD with increasing pN2 in RMS. The same phenomenon can
be expected to appear also in sputtering of other nitrides.

4.3. Effect of Ion Bombardment on Physical Properties
of the Film

Ions bombarding the growing film can very effectively modify the mechanism of
the film growth. The ion bombardment strongly influences the film crystallinity,
microstrain e, and size of grains d. This effect is illustrated on the properties of
sputtered Ti(Al,V)Nx films.54 From Fig. 10.8 and Table 10.4 it can be seen that a
higher energy Ebi results in (1) better crystallinity of the film and (2) lower value
of the microstrain e. However, both films (1 and 2) have almost the same average
grain size d. This is probably the reason why the films sputtered at different values
of pN2 with different deposition rates aD exhibit the same values of the microhard-
ness H and effective Young’s modulus E∗ = E/(1 − ν2); here ν is the Poisson’s
ratio.
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FIGURE 10.8. XRD patterns from Ti(Al,V)Nx films reactively sputtered at two values of
the energy of bombarding ions Ebi. Constant deposition parameters: Id = 2 A, Us = −100 V,
is = 1.5 mA/cm2, Ts = 300◦C, pT = 0.5 Pa, and Ti (6 at% Al, 4 at% V) target.
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TABLE 10.4. Physical and Mechanical Properties of Ti(Al,V)Nx Films with
the same Hardness H Sputtered at Low (<1 MJ/cm3) and High (>1 MJ/cm3)
values of Ebi.a

Film pT pN2 /pT aD (µm/min) Ebi (MJ/cm3) d (nm) e (10−3) H (GPa) E∗ (GPa) x

1 0.5 0.5 0.053 1.7 70 3.3 42 387 n.m.
2 0.3 0.5 0.122 0.7 77 13.6 42 383 n.m.
3 0.25 0.2 0.253 0.4 6 7.5 38 250 0.5
4 2.0 0.2 0.058 1.5 23 9.1 36 399 1.3

n.m. = Not measured.
aRef. 54; Constant deposition parameters: Id = 2 A, Us = −100 V, is = 1.5 mA/cm2, Ts = 300◦C.

The film with the same hardness H can exhibit either almost the same Young’s
modulus E∗ (film 1 and 2) or different values of E∗ (film 3 and 4) (see Table 10.4).
The film with a lower value of E∗ is produced when a lower Ebi is delivered to the
growing film. All obtained results cannot be, however, explained using only the
energy Ebi delivered to the growing film by bombarding ions. Also important is
the structure of the film and its elemental and phase composition. Therefore, the
properties of film are determined by a combined action of physical and chemical
processes controlled by the energy Ebi and the film stoichiometry x .

The experiment described above shows that, in principle, it is possible to
prepare films with different combinations of physical properties (d, e, structure
and elemental composition defining their stoichiometry and phase composition)
and thus with different functional properties, e.g., mechanical ones. This indicates
a possibility to tailor sputtered films with prescribed properties for a given ap-
plication. To achieve this goal a systematic investigation of correlations between
the process parameters, chemical and phase composition of the film, its structure,
and physical and functional properties has to be carried out because in the forma-
tion of sputtered films many processes, such as resputtering, desorption, transfer
of kinetic energy of fast neutrals (Ar atoms and condensing sputtered atoms) at
low pressures, release or consumption of the energy during formation of chemical
compounds, segregation of atoms from solid solutions, recombination of ions if
the films are formed from ionized sputtered atoms, etc., influence the mechanism
of the film growth. The aim of these investigations should be to determine which
processes are dominant under a given combination of process parameters. This is
a very complex and very urgent task.

Relations between the hardness H , size d of grains, and microstrain e in the
film are of great importance in development and design of new materials and so
they are intensively studied (see for instance Refs. 24, 54, 62, 63, 111, and 112,
and references therein). As an example, the correlation between H , d, and e in
sputtered Ti(Al,V)Nx films reactively sputtered from an alloyed Ti(Al,V) target
under different combinations of deposition parameters is given in Fig. 10.9. From
this figure it is seen that (1) almost all Ti(Al,V)Nx≈1 films with H ≥ 37 GPa,
sputtered at low pressures pT ≤ 0.5 Pa, and those with H ranging from approxi-
mately 25 to 37 GPa, sputtered at a high pressure pT = 2 Pa, are composed of small
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FIGURE 10.9. Microhardnesses of Ti(Al,V)Nx films sputtered under different combina-
tions of deposition parameters as a function of (a) size d of grains and (b) microstrain. e
were evaluated from a broadening of the X-ray reflection line with maximum intensity
using the Voigt function.54 (Reprinted from Ref. 54. Copyright (2003) with permission
from Elsevier.)

(<50 nm) grains and exhibit relatively high values of the microstrain e(≥ 3 × 10−3

and 4 × 10−3, respectively); (2) strongly substoichiometric TiNx<1 and/or alloy
Ti(Al,V) films are composed of large (>70 nm) grains and exhibit a low (<3 ×
10−3) microstrain e; and (3) hardest films are (i) formed only at low pressures
pT ≤ 0.5 Pa and (ii) are nearly stoichiometric and exhibit an optimum structure,
which is created only in the case if sufficient energy Ebi ≥ Ebimin = 0.5 MJ/cm3

is delivered to the growing film. The optimum structure is characterized by at least
two broad, low-intensity X-ray reflections. For more details, see Ref. 54. These
dependencies seem to have a general validity.

Some selected dependencies of the mechanical properties (H , E∗) of hard
nanocomposite films on the energy Ebi are given in the Section 5.6.2. More details
are given in the Ref. 54.

4.4. Ion Bombardment of Growing Films in Pulsed Sputtering

A further progress in the development of new nanocomposite films require not
only to understand fully the relations between process parameters, structure of the
film, and its physical and functional properties but also to develop new sputtering
systems, which will be operated under new physical conditions. Very perspective
are (1) pulsed dual magnetrons, which enable to perform the reactive sputtering
of oxide films with a high deposition rate aD oxide, achieving up to approximately
80% of that of the pure metal, aD Me,32,98,107,113–116 and (2) high-rate, high-power
pulse magnetrons generating ionized sputtered metal ions Me+ and producing films
without macroparticles.117–124 Both sputtering systems open new possibilities in
formation of new advanced materials.
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A pulsed sputtering process exhibits two important properties: (1) time-
dependent difference Vp − Vfl, where Vp is the plasma potential and Vfl is the
floating potential of the substrate and (2) generation of ions of the sputtered metal.
Both properties can be used for the ion bombardment of the growing film. This
process very effectively densifies the film during its growth and also can stimu-
late crystallization of the films sputtered at low deposition temperatures Ts. The
formation of films from ionized metal atoms is expected to be, in a very near
future, a new advanced deposition process, which undoubtedly enables to prepare
new advanced films with unique properties. At present, the investigation of these
films is, however, at its beginning and so further the ion bombardment process is
described only briefly.

Any object immersed inside a discharge is negatively biased to the floating
potential Vfl with respect to the plasma potential Vp. Because Vfl < 0, positive ions
are extracted from the plasma to the floating substrate and the difference Vp − Vfl

determines an energy Ei of the ion acquired in a collisionless voltage sheath in
front of the substrate. Under the assumption of a Maxwellian electron energy
distribution with an electron temperature Te and a collisionless sheath, the energy
Ei of singly charged ions can be expressed using the formula for the difference
Vp − V 109

fl as follows:

Ei = e(Vp − Vfl) = (kTe/2) ln(m i/2.3me) (10.5)

where k is the Boltzmann constant and e is the elementary charge. The total energy
E delivered to the growing film by all bombarding ions is a product of the energy
Ei and the total flux of bombarding ions νi . It can be expressed either as an energy
delivered to the surface of the growing film

E(J/scm2) = Eiνi = Ei NeνB = Ei Ne(kTe/m i)
1/2 ∝ T 3/2

e Ne (10.6)

or an energy delivered to the volume of the growing film under the assumption of
its constant density

E (J/cm3) = Eiνi/aD = E (J/scm2)/aD (cm/s) (10.7)

Here, Ne is the electron density near the plasma–sheath interface, νB is the
Bohm velocity, and aD is the deposition rate of film.

From Eq. (10.6) it is clearly seen that the energy delivered to the growing
film is proportional to the product T 3/2

e Ne. Just these two quantities, the electron
temperature Te and the electron density Ne, strongly vary during the pulse in pulsed
plasmas. At the beginning of the pulse, when the plasma builds up, its electron
density Ne is very low and increases from zero with increasing time; the electron
temperature Te is, on the contrary, very high and decreases with increasing time to
a stationary value. Because, no measured data of Te and Ne in a pulsed high-power
magnetron (HPM) plasma were published till now,124 the time development of Te(t)
and Ne(t) in the pulsed microwave plasma is given in Fig. 10.1088 as an example.
From this figure it is seen that Te at the pulse beginning achieves high values up
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FIGURE 10.10. Time dependence of the electron density Ne and the transverse electron
temperature Te⊥ in hydrogen and helium microwave magnetoactive plasma generated by
the power 2 kW CW at frequency 2.45 GHz and pressure 0.1 Pa. (Adapted from Ref. 88.)

to approximately 1 keV. This value of Te depends on the energy delivered to the
discharge. The high-energy ion bombardment with Ei ≥ 100 eV at the beginning of
every pulse is followed by a low-energy ion bombardment with Ei ≤ 5 eV during a
stationary state of the pulse. A similar ion bombardment occurs in dc-pulsed HPM
discharges and it makes possible to produce dense films on unbiased substrates
(for instance, see Ref. 125). In conclusion, it is worthwhile to note that efficiency
of the ion bombardment during pulsed magnetron sputtering will strongly depend
on operating pressure pT = pAr + pRG.

Very important feature of pulsed magnetron discharges is the production of
ionized sputtered ions Me+. However, to produce Me+ ions the magnetron must
be operated at high values of the target power loading, which results in intensive
sputtering of the target and the rarefaction of argon gas, i.e., a HPM must be used.
The rarefaction of argon gas is caused by its heating caused by a transfer of energy
from the copper atoms leaving the target with a kinetic energy of several electron
volts to argon atoms.

In this process the temperature T of Ar gas increases and this increase in
T is compensated by a decrease of the density n of Ar atoms approximately ac-
cording to the equation p = nkT , where p is the pressure. Under these conditions
an efficient ionization of Cu atoms in the bulk plasma takes place due to its low
ionization energy (7.72 eV) and Cu+ ions prevail over Ar+ ions in the plasma (see
Fig. 10.11a,b.) Here, the effect of the target power density and Ar gas rarefaction,
respectively, is illustrated. This experiment clearly shows that in the HPM sput-
tering discharges, the flux of Me+ ions can be more than 10 times higher than
that of Ar+ ions and progressively increases with increasing time from the pulse
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FIGURE 10.11. Energy distribution of Cu+ and Ar+ ions measured in front of the substrate
(ds−t = 100 mm) in a pulsed magnetron discharge, operated with a Cu target at a repetition
frequency fr = 1 kHz, length of voltage pulse 200 µs, pAr = 1 Pa, at (a) interval 50–70 µs
after the pulse beginning at average pulse current Ida = 50 A (∼450 W/cm2) and (b) two
time intervals 50–70 µs and 175–195 µs (∼650 W/cm2) after the pulse beginning and at
Ida = 50 A. (Adapted from Ref. 123.)

beginning. At the average pulse current Ida = 50 A the predominance of the Cu+

ions in the total ion flux is approximately 82 and 96% in the interval 50–70 µs and
at the end of the pulses, respectively (see Fig. 10.11b). More detailed analysis is
given in Refs. 119, 123, and 124.

5. ENHANCED HARDNESS

Many experiments clearly demonstrate that the nanocrystalline and nanophase ma-
terials, which are composed of small (≤10 nm) grains, exhibit enhanced proper-
ties such as mechanical (hardness), tribological (friction), physical (field emission
in ultrananocrystalline diamond,126–129 elements solubility,25 thermal conductiv-
ity, and photocatalytic effect130–132), optical, magnetic,133 and electrochemical134.
These enhanced properties occur in the case when the size of grains is approxi-
mately 10 nm or less and/or the grain boundary regions start to play a comparable
or even dominant role over that of the grains. Qualitatively new processes, such
as grain boundary interaction and grain boundary enhancement or sliding, result
in new unique physical and functional properties.
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FIGURE 10.12. Schematic illustration of development of the hardness in materials with
decreasing grain size d. (Adapted from Refs. 13 and 22.)

Enhanced properties of the nanophase materials do not meet the rule of
mixture.135 For example, the hardness of two-phase nanocomposite coating Hn

is given by the following inequality:

Hn > (1/Vn)(H1V1 + H2V2) (10.8)

where H1, H2 and V1, V2 are the hardness and the volume of the first and second
phase, respectively, and Vn is the total volume of the nanocomposite coating. A
maximum value of the enhanced hardness Hn max can be more than two times greater
than that of the hardest component of the nanocomposite. Main mechanisms, which
are responsible for the hardness enhancement, are (1) dislocation-dominated plastic
deformation, (2) cohesive forces between atoms, and (3) nanostructure of materials.
The magnitude of enhancement depends on processes operating in the material at
a given range of the size d of grains (see Fig. 10.12). There is critical value of the
grain size dc ≈ 10 nm at which a maximum value of H is achieved. A region around
the maximum hardness Hmax at d = dc corresponds to a continuous transition from
the operation of intragranular processes at d > dc, dominated by the dislocation
activity and described by the Hall–Petch law (HPL) (H ∼ d−1/2),136,137 to that
of intergranular processes at d < dc, dominated by a small-scale sliding in grain
boundaries.

In materials composed of small (d ≤ 10 nm) grains (1) the grain boundary
regions play a dominant role in deformation processes and (2) dislocations already
do not generate. Therefore, besides chemical bonding between atoms, namely, the
nanostructure of the materials determines their mechanical behavior. The prop-
erties of these materials strongly depend on the size and shape of grains, their
chemical composition, crystallographic orientation, and lattice structure. There-
fore, the hardness enhancement can be explained by a co-existence of at least two
kinds of nanophase domains. At present, there is only a little knowledge about
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these materials. It is due mainly to the fact that (i) it is very difficult, and in some
cases even almost impossible, to form the materials with grains continuously vary-
ing in the range between 1 and 10 nm, and (ii) the relations between the material
properties and the size of grains and/or nanophase domains are unknown.

5.1. Open Problems in Formation of Nanocomposite Films
with Enhanced Hardness

In spite of a great progress in the development of hard and superhard films, there
is still a little knowledge for making it possible to form the nanocomposite films
with prescribed properties. This is due to the fact that the films are formed in a
medium generated as a consequence of the action of many process parameters
(factors), which are mutually and very tightly coupled. In such systems, it is very
difficult to control the films properties by changing one process parameter, for
instance, the flux of ions bombarding the growing film, while keeping the other
parameters constant. This may result in jump changes in the structure of the film
and its final properties, and/or the incorrect explanation of the origin of its enhanced
properties. Therefore, a further systematic investigation of the nanocomposite films
is highly needed. At present, considerable attention is concentrated, particularly
on the following problems.

1. Macrostress σ generated in sputtered nanocomposite films.
2. Origin of enhanced hardness in single-phase films.
3. Thermal stability of nanocomposite films.
4. Nanocrystallization from the amorphous phase.
5. Interrelationships between the energy delivered to the growing film, its

chemical and phase composition, structure, size of grains, and the film
properties.

6. Grain and/or domain size-dependent phenomena.

In this chapter, only the problems 1, 2, and 3 will be discussed in more details.

5.2. Macrostress in Sputtered Films

At present, there is a strong discussion if the microhardness H of the superhard
sputtered films is due to a high compressive macrostress σ , generated during
their growth by the ion bombardment, or if it is possible to sputter low-stress
(≤ − 0.5 GPa), thick (∼4 µm), superhard (>40 GPa) films also. Recent exper-
iments demonstrate that low-stress superhard films can be really sputtered. This
means that the superhardness of the sputtered film can be due not only to its
macrostress σ , but also to its nanostructure and/or to the strong interatomic bonds,
e.g., shortened covalent bonds. Therefore, this section is devoted to a generation of
the macrostress σ in sputtered films and to ways of its reduction or full elimination.

The main aim of this section is (i) to show that several-µm-thick hard sputtered
films can exhibit a low (< −1 GPa) compressive macrostress σ , if deposition
conditions are correctly selected, and (ii) to demonstrate that the enhanced hardness
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of the sputtered, superhard films is not always caused by high values of σ only.
At first, we briefly summarize general features of the macrostress σ , which can be
generated in the film during its growth.

It is well known that the films produced by plasma-assisted vapor deposi-
tion processes exhibit, in the as-deposited state, a macrostress σ , which strongly
influences their physical and functional properties.138–149 The excessive amount
of σ can result in severe failure problems, e.g., the film and substrate cracking in
the case of the tensile stress (σ > 0) or the film decohesion by buckling caused by
the compressive stress (σ < 0)150 if σ overpasses a threshold value. Therefore, it is
vitally important to reveal the origin of σ and to find a way that enables to control
the level of σ generated in the film. Besides, it is known that (i) mechanical and
tribological properties of coated components are strongly influenced by the mag-
nitude and the in-depth distribution of the residual stresses,150,151 and (ii) residual
stresses can be relaxed if the films are operated at temperatures T higher than
those used in their deposition, i.e., at T > Ts.144 Therefore, it is not surprising that
many research groups138–179 deal with a systematic investigation of stresses gen-
erated in the films during their formation, look for methods that make possible to
reduce σ in as-deposited films,167–169 and investigate their thermal stability.159–165

A comprehensive understanding of the relationships between the stresses and
the mechanical properties of thin films is one of major goals of the materials
science.

The macrostress σ consists of two components: (1) intrinsic (growth) stress
σ i and (2) thermal stress σ th, i.e., the total stress σ = σi + σth. The intrinsic stress
σ i occurs as a consequence of an accumulation of crystallographic defects that are
built into the film during its deposition and is connected with the energy delivered
to the growing film by bombarding ions and condensing particles. The thermal
stress σ th is due to the difference in thermal expansion coefficients of the film αf

and the substrate αs and can be calculated from the following formula175

σth = [Ef/(1 − νf)](αs − αf)(T − Ts) (10.9)

Here, Ec/(1 − νf) is the biaxial elastic modulus of the film, Ts, and T are the
substrate temperature during the film deposition and the temperature at which the
macrostress σ is measured, respectively, and vf is the Poisson’s ratio of the film.

The macrostress σ in sputtered films can be controlled by (1) the substrate
heating, i.e., by the ratio Ts/Tm, and (2) the energy E = Ebi + Eca delivered to
the growing film by condensing and bombarding particles; here Ts is the substrate
temperature, Tm is the melting temperature of the material of the sputtered film,
and Eca is the energy of fast condensing atoms. This is clearly shown in Fig. 10.13,
where σ as a function of Ts/Tm is given.

The intrinsic stress σ i dominates over the thermal stress σ th at low values
of the ratio Ts/Tm (≤0.3).145 On the contrary, the thermal stress σ th dominates
at high values of the ratio Ts/Tm (≥0.3), i.e., at high deposition temperatures Ts

and low melting temperatures Tm of the film material, see Fig. 10.13.144 The most
important finding is the fact that the intrinsic stress σ i does not generate or its value
is very low at Ts ≥0.3 T 144

m. The last inequality can be shifted to lower values of
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FIGURE 10.13. Schematic diagram of the macrostress � versus Ts/Tm. (Adapted from
Ref. 144.)

Ts/Tm if compound films, such as TiN and TiO2, are reactively sputtered and an
additional energy, released in the exothermic reaction, also contributes to relax σ i.
Because σ th is generally considerably lower than σ i there are no principal reasons
that prevent to sputter the films with low σ .

This analysis shows that σ depends on the total amount of energy delivered
to the film during its formation, i.e., on (1) deposition temperature Ts, (2) ion
bombardment (Us, is, aD, pT), and (3) thickness of the film h170,171 and also on
the difference between αf and αs [see Eq. (10.9)]; here is is the substrate ion
current density and aD is the film deposition rate. This statement is fully confirmed
by experiments the results whose are displayed in Figs. 10.1480 and 10.17 (see
Section 5.2.1).
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FIGURE 10.15. Schematic illustration of low-temperature part of Thornton’s SZM for
sputtered films using new system of coordinates (Ts/Tm, 1/Ebi).80 (Reprinted from Ref. 80.
Copyright (1993) with permission from Elsevier.)

From Fig. 10.14 it is clearly seen that (1) the films created at Ebi = Ec exhibit
a zero macrostress σ = 0; (2) the value Ec decreases from about 0.9 to 0.15 MJ/cm3

with increasing ratio Ts/Tm from 0.19 (δ-TiNx films) to 0.32 [α-Ti(N) films]; (3)
the films deposited at Ebi < Ec are in tension (σ > 0) and those sputtered at Ebi >
Ec are in compression (σ < 0); and (4) the compressive macrostress σ decreases
with increasing ratio Ts/Tm, and for Ts/Tm = 0.32, i.e., α-Ti(N) films, its value is
already very low (σ ≤ −0.5 GPa). The energy Ec approximately corresponds to
a transition between the zone T and the zone I in the Thornton SZM144 (see Fig.
10.15). This conclusion also confirms the change in the surface morphology of
these films. For details, see Ref. 80.

The possibility to control the macrostress σ by the energy of bombarding
ions Ebi is a very important finding. Results displayed in Fig. 10.14 show that
it is possible to sputter films not only with a low (≤−1 GPa) macrostress σ but
also with stress-free (σ ≈ 0) films by a proper selection of the optimum energy
delivered to the film during its formation. This optimum energy must be equal
to Ec. However, it is necessary to expect that the value of Ec will vary with the
material of the coating. This fact is clearly shown in Fig. 10.14; Ec = 0.15 and 0.9
MJ/cm3 for the α-Ti(N) and δ-TiNx films, respectively. Besides, it is necessary to
note that fims produced at Ebi = Ec do not exhibit a maximum hardness Hmax (see
for instance Refs. 172–174). As an example, Fig. 10.16 shows a development of
H , σ , e, and intensities of X-ray reflection lines from approximately 4-µm-thick
TiNx films, sputtered at Id = 4 A, Us = 0, Ts = 150◦C, and pT = 0.3 Pa, as a
function of the ratio φN2 /φAr . The maximum hardness Hmax ≈ 60 GPa correlates
with the maximum of compressive macrostress σ max ≈ −4 GPa. However, this
value of σ max alone cannot explain the measured Hmax, because the hardness is
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defined as H ≈ 3σ .176 This means that Hmax cannot be caused only by σ , but for
the enhanced hardness some other phenomena are responsible. The TiNx film with
the highest H (i) is substoichiometric TiNx≈0.6 film172; (ii) has a structure close
to X-ray amorphous (see a strong decrease in preferred orientation of crystallites
in Fig. 10.16); (iii) exhibit very dense microstructure172; and (iv) is composed
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of a mixture of small grains of two crystallographic orientations δ-TiN(111) and
δ-TiN(200) (see Fig. 5 in Ref. 172). Mainly the last fact, i.e., the mixture of small
grains of different crystallographic orientations, is responsible for a rise of the
enhanced hardness.

5.3. High-Stress Sputtered Films

Under a strong ion bombardment (high Us, is, and low aD) and fast atoms bombard-
ment (low sputtering gas pressure pT) high compressive stresses are generated in
the film during its formation. The hardness H in such films is mainly determined
by high values of σ , and H increases with increasing σ (see Fig. 10.17a). Sim-
ilar results are also reported, for instance, in Refs. 77, 172, 173, and 179. For a
comparison, Fig. 10.17b displays the hardness H in the films, which exhibit a low
macrostress σ and their H values depend on the average size d of grains from
which they are composed. More details are given below.

However, the macrostress σ is not the only parameter which determines H .
The hardness H can also be increased in the film with a strong chemical bonding
between atoms, and/or in the film in which the average size d of grains is decreased
(Fig. 10.17b), as predicts the HPL, defined by the Eq. (10.10).136,137

σ = σ0 + k(d)−1/2 (10.10)
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where σ is the yield stress, d is the average size of grain, σ 0 is the lattice frictional
stress required to move individual dislocations, and k is the positive constant called
the Hall–Petch (H–P) slope.

In many cases, all phenomena discussed above can operate simultaneously.
Therefore, often it is very difficult to determine which process dominates and is
responsible for the enhanced hardness. Below we will show that under different
conditions different processes can be dominant.

5.4. Low-Stress Sputtered Films

Recently, the following low (< − 1 GPa) stress, superhard (≥40 GPa) several
micrometers (typically 4 µm) thick sputtered films were prepared: Al-Cu-N films
with H = 47 GPa and σ = −0.2 GPa180; Al-Si-Cu-N films with H = 39.5 GPa
and σ = −0.8 GPa181; TiBx=2.4 films with H = 73 GPa and σ = −0.1 GPa182;
and (Ti,Al,V)Nx films with H = 50.7 GPa and σ = −0.5 GPa.54 In all cases,
the energy delivered to the growing film was optimized by decreasing Us and
increasing the ratio Ts/Tm.

Very often, when the film is deposited at an elevated temperature Ts and
cooled down to RT, it is discussed what is a value of the thermal macrostress σth

due to the thermal expansion mismatch between the film and the substrate. To
answer this question, it is necessary to separate σth from the measured value of the
total macrostress σ = σi + σth. It can be performed in two cases: (1) if the film is
deposited on the substrates with different thermal expansion coefficients αs or (2)
under the assumption that αf of the film is known182 (see Fig. 10.18). Here, it is
worthwhile to note that the value of αf strongly depends on its microstructure and
so αf must be measured (α of the corresponding bulk material can be very different
from the real value αf of film; more details are given in Ref. 183).

5.4.1. Effect of Chemical Bonding

Thick (up to 8 µm) Ti-B alloy films, magnetron sputtered from a sintered TiB2

target under a low ion bombardment and at a sufficiently high ratio Ts/Tm ≥ 0.24,
can serve as a good example of a superhard material, which exhibits a very low
(<−0.3 GPa) compressive macrostress σ . The macrostress σ in Ti-B films can
be controlled by the energy Ep delivered to the growing film by (i) ion bom-
bardment (Us, is, aD, pT) and (ii) substrate heating Ts, i.e., the ratio Ts/Tm (see
Fig. 10.18).182

Figure 10.18 displays a lattice distortion ∆c/c0 of 3-µm-thick TiBx=2.4 films,
magnetron sputtered under a low ion bombardment (Us = −50 V, is = 1 mA/cm2),
as a function of the linear thermal expansion coefficient of the substrate αs; here
∆c = c− c0, c is the lattice constant of the film, and c0 = 0.32295 nm is the lattice
constant reported for TiB2 powder standard.184 This experiment makes it possible
to separate σ i and σ th, because we know that (1) αTiB2 = (5.5–6) ×10−6/K−1 and
(2) σ th = 0 for αf = αs [see Eq. (10.9)]. The intrinsic stress σ i is determined
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by the cross section of the function ∆c/c0 = f(αs) with the line αf = αs and
strongly decreases with increasing Ts/Tm. The value of σ i is very small (approaches
to zero) for Ts/Tm = 0.24 and can be even lower than σ th if the misfit in the
thermal expansion coefficients of the film and the substrate is large, as it is in
the case when the TiBx=2.4 film is deposited on a steel substrate. This means
that the deposition temperature Ts, satisfying the ratio Ts/Tm = 0.24, is already
sufficient to relax the growth macrostress σi . Then, the total macrostress σ =
σ i + σth, generated in the film, is mainly due to the difference �α = αs− αf in
the thermal expansion coefficients of the substrate and the film, i.e., σ = σ i +
σ th ≈ σ th. The production of almost stress-free TiBx≈2.4 film is in an excellent
agreement with the prediction of d’Heurle and Harper145 and the dependence
σ = f(Ts/Tm) given in Fig. 10.13.

In agreement with Eq. (10.9), the thermal macrostress σ th in the Ti-B film
increases with increasing value of αs. However, more than twofold increase in
�α = αs−αf for the Ti-B film deposited on the steel substrate compared to that
deposited on Ti substrate results only in a very small (∼1.06×) increase of the film
hardness H from 64 to 68 GPa. This result indicates that the thermal component of
the macrostress σ th cannot explain the hardness of the Ti-B film, sputtered under
conditions given above. This means that the macrostress σ , generated in the film
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during its formation, cannot be responsible for a very high hardness of TiBx≈2.4

films, similarly as it is in the case, for instance, of TiN170,186,187 or HfB188
2 films. The

enhanced hardness of the stress-free thick TiBx=2.4 film is very probably caused
by a strong chemical bonding between Ti and B atoms and/or its nanostructure.
The superhard stress-free thick TiBx=2.4 films exhibit a good thermal stability
of physical and mechanical properties up to 700◦C. More details are given in
Ref. 182.

5.4.2. Effect of Grain Size

The concept of a strong chemical bonding cannot explain the enhanced hardness
H in all sputtered, low-stressed superhard films. A great role in the hardness
enhancement can also be played by the size of grains, d. According to the HPL,
defined by Eq. (10.10), the film hardness H should increase with decreasing d.
However, this fact is very difficult to demonstrate, because (1) the sputtered films
mostly exhibit a high compressive macrostress σ , due to an ion and/or fast neutrals
(atoms) bombardment, and (2) the melting temperature of nitrides, which form the
nanocomposite films, is high and so the ratio Ts/Tm < 0.2 is too low to recover the
growth macrostress σ i; for instance, for TiN the ratio Ts/Tm = 0.18 at Ts = 300◦C
because Tm TiN = 2950◦C.189 Under such conditions, the hardness enhancement
is a result of a combined action of the growth macrostress σ i and the effect of
grain size hardening according to the HPL. Therefore, if we want to demonstrate
only the effect of grain size d on the film hardness we must to suppress the growth
macrostress σ i . This can be achieved in the case if either (i) the films are deposited
at low ion energies Ei or (ii) the melting temperature Tm of the film material is low
and the ratio Ts/Tm > 0.3.145 The second requirement is automatically fulfilled,
for instance, as the CrN films sputtered already at Ts = 300◦C, because TmCrN =
1050◦C and the ratio Ts/Tm = 0.43.

The dependence H = f (d−1/2) for TiN and CrN films sputtered under a low
ion bombardment at Ts = 300◦C is shown in Fig. 10.17b. These films exhibit a very
low (< −0.5 GPa) compressive macrostress σ and their hardness H increases with
decreasing d in an excellent agreement with the HPL, according to Eq. (10.10). On
the contrary, Fig. 10.7a shows that the hardness H of films deposited under a strong
ion bombardment (i) is dominated by a high (>−1 GPa) compressive macrostress
σ and (ii) linear increase of H with increasing σ . This experiment shows that a
proper selection of Us, is, and Ts enables almost completely the suppression of the
growth macrostress σ i and that the total macrostress σ ≈ σ th. Here, it is necessary
to note that a key role in generation of σ in the film during its growth is also played
by the deposition rate aD of the film [see Eq. (10.1)].

5.4.3. Effect of Deposition Rate aD on Macrostress σ

For an industrial production of films, their deposition rate aD is very important,
because it decides about the price of the coatings. However, not everybody fully



Hard Nanocomposite Films Prepared by Reactive Magnetron Sputtering 437

0

2

4

6

8

−3.0

−2.5

−2.0

−1.5

−1.0

−0.5

0.00

20

40

60

80

100

h

a
D
 (µm/min)0.140.100.06

H
ar

dn
es

s 
H

 (
G

P
a)

0.02

H

T
hi

ck
ne

ss
 h

 (µ
m

) 

E
bi

(MJ/cm3) = 0.32

(I
d
 (A)= 2.0)

0.18
(3.5)

0.21
(3.0)0.26

(2.5)

0.43
(1.5)

0.58
(1.0)

 M
a

cr
os

tr
es

s 
s

(G
P

a) 1.0
(0.5)

FIGURE 10.19. Effect of deposition rate aD on the hardness H and macrostress � in
TiBx≈2.4 films of the same thickness h = 2.7 µm sputtered from TiB2 target. Deposition
conditions: Id = 0.5, 1, 1.5, 2, 2.5, 3, and 3.5 A; Us = −50 V; is = 1 mA/cm2; Ts = 550◦C;
ds−t = 60 mm; pAr = 0.6 Pa. Hardness was measured at the Vickers diamond load L = 50
mN.

realizes that properties of the films strongly change with increasing aD. These
changes are due to the fact that the energy Ebi delivered to the growing film is
inversely proportional to aD and decreases with increasing aD [see Eq. (10.1)]. Also
important is the fact that the time during which the kinetic energy of bombarding
ions is delivered to the top monolayer and neighboring subsurface layers decreases
with increasing aD. This process strongly influences the mechanism of growth and
particularly σ generated in the film. Recent experiments clearly confirm this fact,
including changes in σ , which take place in both the sputtered metal films,74,190–192

and the sputtered nitride films,77,82,173,174 at high sputtering rates (high magnetron
currents Id), i.e., at high deposition rates aD of the film.

As an example, the effect of aD on σ in sputtered TiBx≈2.4 is illustrated in
Fig. 10.19. All TiBx≈2.4 films were sputtered under the same deposition conditions
with the exception of magnetron discharge current Id, which was the only variable
parameter. Also, the thickness of all films was the same, h ≈ 2.7 µm, to exclude
an eventual dependence of σ on h. The films were sputter deposited on the Si
substrates and σ was evaluated from their bending. From Fig. 10.19 it is seen
that (i) all TiBx≈2.4 films exhibit the compressive macrostress (σ < 0); (ii) the
macrostress σ at first increases with increasing aD up to −2.2 GPa at aD = 0.095
µm/min and for aD ≥ 0.1 µm/min decreases to a low value of σ ≈ −0.5 GPa at
aD = 0.17 µm/min; (iii) TiBx≈2.4 films with low values of σ ≤ −0.5 GPa can be
produced at both high (1 MJ/cm3) and low (0.18 MJ/cm3) energies Ebi delivered
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to the film during its growth; and (iv) the hardness H of the TiBx≈2.4 films is very
high (approximately 70 GPa) and mainly independent of aD, i.e., independent of
the energy Ebi. The increase in σ with decreasing Ebi, i.e., with increasing aD

from 0.03 to approximately 0.1 µm/min, can be explained by a reduction of σ

relaxation with decreasing Ebi and the subsequent decrease in σ for aD > 0.1
µm/min by decreasing of the growth stress σ i due to a further decrease of Ebi with
increasing aD.

From this experiment two important issues can be drawn: (1) the hardness
H of the TiBx≈2.4 films, sputtered under conditions given above, is not caused
by the growth macrostress σ but very probably by a strong chemical bonding
between Ti and B atoms, and (2) the TiBx≈2.4 films with a high hardness (H ≈ 70
GPa) can exhibit a very low (< −0.5 GPa) macrostress σ if deposition conditions,
i.e., Us, is, aD, pT, and the ratio Ts/Tm, are correctly chosen. These results are
very important for an industrial production of the low-stress, hard and superhard
coatings.

5.4.4. Macrostress σ in X-ray Amorphous Films

Recent experiments show that the incorporation of Si into hard films results in a
reduction of their macrostress σ with almost no effect upon their hardness. This
finding is very important from the point of view of technological applications. A
strong reduction of σ was found, for instance, for Si-DLC (a-C:H) films,193,194

Ti-Si-N,159 Zr-Si-N films,195 and Ta-Si-N films.196 Figure 10.20 illustrates the
development of H and σ with increasing (i) negative substrate bias Us and (ii)
substrate temperature Ts for reactively sputtered 5.7- and 3-µm-thick Ta-Si-N,
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FIGURE 10.20. Hardness H and macrosress � in Ta-Si-N films with a high (≥40 at%) Si
content, sputtered from TaSi2 alloyed target on Si(100) substrate at Id = 1 A, ds−t = 60
mm, pT = 0.7 Pa, as a function of (a) substrate bias Us at Ts = 500◦C and (b) substrate
temperature Ts at Us = −50 V.
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films using an unbalanced magnetron. From this figure it is seen that (1) both
H and σ do not depend either on Us or on Ts ; (2) macrostress σ is low (≈ −1
GPa) and compressive; and (3) the hardness of the Ta-Si-N films is higher than
that of a bulk Si3N4 (HSi3N4 = 17.2 GPa)189 but comparable to that of TaN and
Ta2N (HTaN = 32.4 GPa and HTa2N = 30 GPa.197 The nondependence of σ on Us

indicates that the macrostress σ i, induced by ion bombardment, is automatically
recovered due to a high ratio Ts/Tm = 0.35 (Ts = 500◦C and T m Si3N4 = 1900◦C),189

which moreover increases with Ts increasing above 500◦C. This indicates that the
macrostress σ is an inherent property of the Ta-Si-N material, which does not
depend on the film thickness h. Moreover, all these films are X-ray amorphous up
to 750◦C (maximum Ts used in our experiments). It demonstrates a good thermal
stability of the amorphous Ta-Si-N films.

Similar properties as to the macrostress σ are also exhibited by Zr-Si-N
films.195 The macrostress σ as a function of the content of Si in the film is displayed
in Fig. 10.21. From this figure it is seen that the compressive stress σ < 0 decreases
with increasing Si content and even changes to the tensile stress σ > 0 for Si
content greater than approximately 50 at%. The tensile stress is exhibited by ZrSi2
films with a high hardness H ≈ 20 GPa sputtered at pN2 = 0 Pa. More details are
given in Ref. 195.

At present, it is not clear what is the primary cause of low values of σ—the
incorporation of Si into the film or simply very fine grains from which the film with
X-ray amorphous structure is composed, as indicated by some recent experiments
(for instance, see Fig. 10.22).198 This is due to the fact that Si belongs to metalloids,



440 J. Musil

Si content (at%)

M
ac

ro
st

re
ss

s 
[G

P
a]

C
ry

st
al

lit
e 

si
ze

 d
 (

nm
)

s

0

−4

−8

−12

−16

0      4       8     12     16   20    24

60

50

40

30

20

10

0

d

FIGURE 10.22. Internal stress � and crystallite size d in the Ti-Si-N films sputtered in a
facing targets rf sputtering system on unheated and unbiased ceramic (Al2O3–TiC) sub-
strate (50 × 4 × 0.4 mm3).198 (Courtesy of M. Nose, Y. Deguchi, T. Mae, E. Honbo, T. Nagae
and K. Nogi.) (Reprinted from Ref. 66. Copyright (2003) with permission from Elsevier.)

such as B and N, which very effectively stabilize the amorphous structure, i.e., form
very-fine-grained materials, and simultaneously can form Si−H bonds, which are
suggested to play a role in reducing the compressive stress σ < 0.194 Unfortunately,
it is impossible to separate these two roles of Si. Therefore, next investigation
should be concentrated on the investigation of (1) the correlation between σ and
molar content of the Si3N4 phase in hard films with the aim to find if the magnitude
of σ in the hard films containing Si can be controlled by the content of the Si3N4

phase in the film and (2) the correlation between σ and size of grains in the hard
films, which contain no Si.

To answer these two questions is very important not only from scientific
but also from practical point of view. Simply, we need to reduce σ not only in
films containing Si but also in the hard films without Si. Some recent exper-
iments show that (1) the incorporation of other elements, for instance, Ti and
Al in Ta-C film,199 Cu into AlN,180 and (2) the reduction of size d of grains in
two-phase nanocomposites and in the films with X-ray amorphous structure, for
instance, Ti-Si-N,200 TiBx Ny and TiBx Cy ,163 Zr-Ni-N,201 Al-Si-Cu-N,202 Zr-Ti-
Cu-N,203and Ti(Al,V)N,54 result in generation of a low (<−1 GPa) macrostress
σ in the film. These results indicate that the size d of grains could play a domi-
nant role in σ reduction and starting at some critical size (d ≤ 10 nm) of grains
the macrostress σ , generated in individual grains, could be automatically compen-
sated. However, the confirmation of this hypothesis requires further experiments to
be done.
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5.5. Concluding Remarks on Reduction of Macrostress
σ in Superhard Films

In principle, there are at least three ways to eliminate or to decrease the macrostress
σ which is generated in a film during its formation: (1) to use a low-energy bom-
bardment, which ensures that the energy delivered to the growing film by bom-
barding ions and/or incident particles is insufficient to generate macrostress σ ;
(2) to increase the substrate deposition temperature Ts to a value, which ensures
that the ratio Ts/Tm ≥ 0.25 and generated macrostress σ is automatically relaxed
by relaxed by thermal annealing of the growing film and (3) to form the films,
which are composed of a mixture of small (≤10 nm) grains of different chemi-
cal composition and/or different crystallographic orientation. The last method is
closely connected with formation of the films with nanocrystalline and/or X-ray
amorphous structure.

Using procedures given above, it is possible to sputter low-stress (<–1 GPa)
hard nanocomposite films. This means that the hardness H of the hard sputtered
films is not always caused by a high (>–1 GPa) macrostress σ only. This result
is of fundamental importance for an industrial production of the hard films by
sputtering.

6. ORIGIN OF ENHANCED HARDNESS IN
SINGLE-PHASE FILMS

Similarly as in the case of two- or several-phase materials (nanocomposites), the
enhanced hardness of single-phase materials can be also explained by the existence
of a mixture of at least two different kinds of grains in the nanocomposite.28,71

Contrary to the two-phase nanocomposites, which are composed of grains created
of materials of different chemical composition (Fig. 10.23a), e.g., Ti-Al-N and
Ti-Zr-N,204 the single-phase films are composed of a mixture of grains of the same
material but with different crystallographic orientations and/or different lattice
structures (see Fig. 10.23b).

This means that there are two groups of nanocomposites: (1) heterogeneous,
which are composed of grains of different material with different chemical com-
position; and (2) homogenous, which are composed of grains of the same material
but different crystallographic orientation and/or different lattice structure.

The single-phase films can be easily produced.54,108 As an example, single-
phase Ti(Fe)Nx nanocomposite films are given.108 The Ti(Fe)Nx films with a low
(<15 at%) Fe content is a typical example of the single-phase material. A devel-
opment of the structure of these films, characterized by the XRD patterns, with
increasing pN2 , is given in Fig. 10.24. From this figure it is clearly seen that in the
interval x = N/(Ti + Fe) from 0.86 to 1.20 there is a transition region. The transi-
tion region lies in the transition mode of sputtering and separates Ti(Fe)Nx films
with a strong (200) preferred crystallographic orientation on side of lower pN2
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from those with a strong (220) preferred orientation on side of higher pN2 . Films
produced inside the transition region are characterized by several low-intensity X-
ray reflections. This fact is of key importance for explanation of enhanced hardness
in single-phase materials.

The Ti(Fe)Nx films produced in the transition region are (i) composed of
a mixture of fine grains of different crystallographic orientations and (ii) nearly
stoichiometric x ≈ 1, and exhibit the enhanced hardness H ≥ 40 GPa. The rise
of the transition region is connected with a jump change in the preferred crystal-
lographic orientation of the film from δ-TiN(200) to δ-TiN(220) with increasing
pN2 . In addition, it is necessary to note that films produced at the edges of this
transition region also exhibit enhanced hardness (see Fig. 10.24). This means that
single-phase nanocomposite films can exhibit enhanced hardness in two cases: (1)
if they are composed of a mixture of small grains of different crystallographic ori-
entations or (2) if they exhibit a very strong preferred crystallographic orientation.
These two materials strongly differ in their microstructure. The films of the first
group exhibit a dense, very fine-grained microstructure. On the contrary, the films
of second group exhibit a columnar microstructure.71

Besides, it is worthwhile to note that during a continuous increase of the partial
pressure of nitrogen pN2 with all other parameters constant, the jump change in
preferred orientation from (200) to (220) takes place. A continuous increase in pN2

cannot explain this jump. However, it can be explained by an increase of the energy
Ebi , which increases with increasing pN2 due to decrease in the film deposition
rate aD. We believe that just in this transition region, the energy Ebi delivered to
the growing film by bombarding ions surpasses a threshold value Ebi thr, which
is necessary to create films with a (220) preferred orientation. This means that
extraordinary properties of reactively sputtered films, e.g., the highest hardness or
maximum resistance to plastic deformation, are the result of a combined action
of physical and chemical processes controlled by the energy Ebi and the film
stoichiometry x , respectively.

The jump change in the preferred orientation of grains in sputtered Ti(Fe)Nx

films is also a typical feature for other sputtered nitrides, containing a small (≤15%)
amount of the added element (e.g., Y, Ni) forming a solid solution with the base
element (see for instance Zr-Y-N,205 Zr-Ni-N,201 and Cr-Ni-N).43 Also, these mate-
rials show the enhanced hardness when they are produced in the transition region or
on its edges where films with very strong preferred orientation are formed. There-
fore, based on experiments given above, we can formulate a complete concept of
nanocomposite coatings with enhanced hardness.

7. CLASSIFICATION OF NANOCOMPOSITES ACCORDING
TO THEIR STRUCTURE AND MICROSTRUCTURE

The films with enhanced hardness are always closely connected with the existence
of transition regions, in which the structure of the film strongly changes. There
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FIGURE 10.25. Schematic illustration of two possibilities of the hardness enhancement
in nanocomposite films. (a) Transition between the crystalline and amorphous phase; (b)
“window” between materials with two kinds of nanograins of different phases or different
crystallographic orientations.

are three groups of these transitions: (1) smooth transition from the crystalline
to amorphous phase (Fig. 10.25a), (2) sharp transition between two phases of
different material (Figs. 10.2 or 10.25b), and (3) sharp transition between two
preferred orientations of grains of the same material (Fig. 10.25b).

It is worthwhile to note that the nanocomposites with enhanced hardness can
exhibit a very different microstructure. The nanocomposites of the first group are
composed of nc grains surrounded by a thin (1–2 monolayers) tissue phase and
exhibit columnar microstructure.71,206 This columnar microstructure, in which
columns are perpendicular to the substrate–film interface, should also exhibit the
nanocomposites of second and third group produced at edges of the sharp transition.
A demonstration of the validity of last statement is now under investigation in
our laboratories. On the contrary, the nanocomposites of second and third group
produced inside the “window” are composed of small nanograins and exhibit dense
globular microstructure.

According to the film microstructure, the nanocomposites with enhanced
hardness can be classified into three groups:

1. Nanocomposites with columnar microstructure composed of grains assem-
bled in nanocolumns; there is insufficient amount of the second (tissue)
phase to cover the whole surface of all grains (see Fig. 10.26a).

2. Nanocomposites with a dense microstructure composed of grains fully
embedded in a tissue phase (see Fig. 10.26b).

3. Nanocomposites with a dense globular microstructure composed of a mix-
ture of grains of different materials or different crystallographic orienta-
tions and/or lattice structures (see Fig. 10.26c).

This classification clearly shows that the origin of enhanced hardness is
closely connected with the shape of building blocks from which nanocomposites
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FIGURE 10.26. Schematic illustration of microstructure of nanocomposites with en-
hanced hardness: (a) columnar; (b) nanograins embedded in tissue phase; and (c) mixture
of nanograins.

are composed. Therefore, the classification of nanocomposites with enhanced hard-
ness according to the shape of building blocks–nanocolumns, mixture of grains—
seems to be the most correct.

8. MECHANICAL PROPERTIES OF HARD
NANOCOMPOSITE COATINGS

Mechanical properties of nanocomposite coatings are well characterized by their
hardness, H , effective Young’s modulus, E∗ = E /(1 - ν2), and elastic recovery, We;
here E is the Young’s modulus and ν is the Poisson’s ratio. These quantities can be
evaluated from loading/unloading curves measured by a dynamic microhardness
tester such as Fischerscope H 100. Measured values of H and E∗ permit to calculate
the ratio H 3/E∗2, which gives an information on resistance of the material to plastic
deformation.207 The likelihood of plastic deformation is reduced in materials with
high hardness H and low modulus E∗. In general, a low modulus is desirable,
as it allows the given load to be distributed over a wider area. All data given
in this chapter were measured in our laboratories using a Fischerscope H 100
manufactured in 1996.

Mechanical properties of the nanocomposite coatings strongly depend on (i)
the elements, which form individual phases (see Fig. 10.27) and (ii) the relative
content of individual phases in the nanocomposite.18 To simplify the explanation,
experimental data given in Fig. 10.27 are approximated by straight lines in spite
of the fact that a spread of these data around them can be large. This scatter of
experimental data is due to an existence of many possible combinations of process
parameters, which can result in different structure and phase compositions of
deposited films.

From Fig. 10.27 it can be seen that (1) the film wih a given H can have
different values of E∗, (2) the value of E∗ can be controlled by the elemental
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composition of the nanocomposite, and (3) the nanocomposite films composed
of two hard phases (Ti-Al-N and Ti-Mo-N) and single-phase nanostructured hard
nitrides of transition metals (e.g., TiN and ZrN) exhibit higher E∗ compared to
that of the two-phase nanocomposites composed of one hard and one soft (metal)
phase (e.g., Al-Cu-N and Zr-Cu-N films). The Young’s modulus can be changed
not only by the selection of elements forming the nanocomposite but also by
the selection of deposition conditions, and mainly by the energy delivered to the
growing film by condensing and bombarding particles. This makes it possible to
control the resistance of the film to plastic deformation, which is proportional to
the ratio H 3/E∗2, and to tailor mechanical properties of the nanocomposite for
a given application. As an example, the relationships between H , E∗, We, and
H 3/E∗2 for several selected nanocomposite coatings are given in Fig. 10.28. This
figure shows clear trends in interrelationships between the mechanical properties
of the nanocomposite film.

Hard films with H < 40 GPa are characterized by low (≤ 300 GPa) values
of E∗ and exhibit (i) a low elastic recovery We increasing with increasing H , up
to about 70% for H ≈ 30 GPa and (ii) a high plastic deformation increasing with
decreasing H , up to 70% for H ≈ 10 GPa. On the contrary, superhard films with
H ≥ 40 GPa are characterized by high (> 300 GPa) values of E∗ and exhibit (i) a
high elastic recovery We increasing up to approximately 85% with increasing H
and (ii) a low plastic deformation increasing with decreasing H only to about 25%
for H ≈ 40 GPa. These conclusions seem to have a general validity. For details,
see Refs. 16, 24, and 211.
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8.1. Interrelationships between Mechanical Properties of
Reactively Sputtered Ti(Fe)Nx Films and Modes of
Sputtering

Interrelationships between the mechanical properties of sputtered Ti(Fe)Nx films,
i.e., the dependencies H = f (E∗), We = f (H ) and H 3/E∗2 = f (H ), are given in
Fig. 10.29a–c, respectively. Here, the films sputtered in metallic, transition, and
nitride modes of sputtering are denoted; some are enclosed by dotted lines. This
representation shows a clear difference in the mechnical properties of the films
sputtered in different modes of the reactive sputtering.

From Fig. 10.29 it can be seen that (i) H increases with increasing E∗; (ii)
We and H 3/E∗2 increase with increasing H for the films sputtered in the metallic
mode; (iii) the films sputtered in the transition mode exhibit the highest values
of H , We, and H 3/E∗2; and (iv) the films sputtered in the nitride mode exhibit
a lower H compared to that of the hardest film produced in the transition mode,
and the films with the same H as those produced in the transition mode exhibit
higher values of E∗. This fact results in lower values of We and H 3/E∗2 of the
films sputtered in the nitride mode compared to those of the films produced in the
transition mode. The films produced in the nitride mode are more plastic. The last
fact correlates well with the amount of N incorporated in the sputtered film. The
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Ti(Fe)Nx films.108 (Reprinted from Ref. 108. Copyright (2004) with permission from
Elsevier.)

films produced in the nitride mode contain more N compared to those produced
in the transition mode and are overstoichiometric Ti(Fe)Nx>1 nitrides.

8.2. Effect of Stoichiometry x and Energy Ebi on Resistance to
Plastic Deformation and Hardness of Reactively Sputtered
Ti(Fe)Nx Films

The effect of the film stoichiometry x = N/(Ti + Fe) on a resistance of the Ti(Fe)Nx

films to plastic deformation, characterized by the ratio H 3/E∗2, is displayed in Fig.
10.30. From this figure it is seen that the ratio H 3/E∗2 (i) increases with increasing x
for the films sputtered in the metallic mode, (ii) is approximately constant and reach
the highest (0.57–0.67) values for the films with x ranging from approximately
0.5 to 1, i.e., for the films sputtered in the transition mode, and (iii) is considerably
lower (0.3–0.4) for overstoichiometric films with x > 1 sputtered in the nitride
mode. Besides, it was found that the films sputtered in the nitride mode exhibit
(a) a lower H compared to the film with the highest H produced in the transition
mode and (b) the highest values of E∗. Therefore, these films exhibit a lower
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(i) elastic recovery We and (ii) resistance to plastic deformation, i.e., a lower
ratio H 3/E∗2, compared to the Ti(Fe)Nx films produced in the transition mode of
sputtering.

The effect of the energy Ebi delivered to the growing Ti(Fe)Nx film by bom-
barding ions on its hardness H is displayed in Fig. 10.31. From this figure it is seen
that the superhard Ti(Fe)Nx films with H ≥ 40 GPa are produced in the transition
and nitride modes of sputtering and only in the case if the energy Ebi > Ebi min.
The value of Ebi min slightly decreases with increasing Id and Ebi min ≈ 0.3 MJ/cm3

for Id = 3 A. This experiment clearly shows that the energy Ebi plays an important
role in the formation of the hard films with H > 35 GPa. To form hard films with
H ≥ 35 GPa, the energy Ebi > Ebi min must be used. A similar result was already
found in the formation of superhard Ti(Al,V)Nx films.54,212 Besides, it was found
that the films sputtered in the nitride mode, i.e., at the energy Ebi > Ebi min, have
the highest values of E∗ and so exhibit (i) considerably lower values of H 3/E∗2,
i.e., lower resistance to plastic deformation, and (ii) lower elastic recovery We,
compared to the films sputtered in the transition mode of sputtering.

The transition mode of sputtering is very important for the production of films
with extraordinary properties. To produce such films a transition region has to be
created (see Fig. 10.24). The width of the transition region is, however, usually very
narrow; it is almost zero in weak (Id ≤ 1 A, ∅target = 100 mm, i.e., is ≤ 13 mA/cm2)
magnetron discharges and increases with increasing Id. This is a main reason why
in weak magnetron discharges it is very difficult to form superhard films composed
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from Ref. 108. Copyright (2004) with permission from Elsevier.)

of small grains of different crystallographic orientations; to state simply, it is almost
impossible to select deposition conditions to fit the transition region. Therefore,
denser magnetron discharges are more suitable to realize reactive sputtering and to
produce films with extraordinary properties. It was clearly demonstrated in reactive
sputtering of superhard Ti(Fe)Nx films with H > 40 GPa (see Figs. 10.24, 10.29,
and 10.30). This statement seems to be of general validity.

9. TRENDS OF FUTURE DEVELOPMENT

Recent investigations clearly show that there is a strong correlation between the
total energy ET delivered to the growing film during its growth, the film structure,
and physical and functional properties of the film. However, the energy ET is
only a necessary, but not sufficient, condition, which controls the formation of
nanocomposite films with prescribed properties. The nanocomposite films can
be formed only under a combined action of physical and chemical processes,
controlled by the energy ET and the chemical composition of the film, respectively.
This was clearly shown in the case when the hard films with maximum hardness
Hmax were investigated.54,108 In addition, it was found that two conditions are
necessary to be fulfilled to form films with Hmax: (1) ET ≥ Emin and (2) the film
must have an optimum structure; here Emin is the minimum energy needed to form
the optimum structure.54 The optimum structure of the films with Hmax is either
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a very fine grained crystalline structure, close to X-ray amorphous characterized
by at least two broad, low-intensity X-ray reflections lines, or crystalline structure
characterized by a strong preferred crystallographic orientation. In the first case
the nanocomposite films with Hmax are composed of a mixture of small (< 10 nm)
grains either of different chemical composition (heterogeneous nanocomposites)
or of the same chemical composition but different crystallographic orientations
or different lattice structures (homogeneous nanocomposites). In the second case
the nanocomposites are composed of nanocolumns. These findings are of a key
importance and seem to have a general validity. Therefore, it can be expected that
new nanocomposites with enhanced properties, for instance, optical, electrical,
magnetic, electronic, and photocatalytic, will be also composed of either a mixture
of small grains or nanocolumns. To discover these enhanced properties of new
nanocomposites, at first it is necessary to master a method that makes it possible to
produce the nanostructured film composed of grains with controlled size, shape,
crystallographic orientation, and lattice structure.

At present, there is no technological process that can produce nanocrys-
talline films composed of precisely defined grains in a controlled way. Therefore,
at present, one of the basic tasks is to develop a new deposition process which
enables to produce the films composed of small (≤10 nm) grains whose size
will be continuously varied from approximately 1 to 10 nm. Such a process can
be based, for instance, on a nanocrystallization of material from the amorphous
phase (see Fig. 10.32). This process is, compared to the RMS currently used, a
two-step process, which consists of (1) the formation of metallic glasses and (2) the

d0

d0<< d, d0 /w << 1

d0Amorphous
material

Initial state
formation clusters

w

Cluster of atoms
~ 10 to 100

d w

Full nanocrystallization
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FIGURE 10.32. Schematic illustration of nanocrystallization from amorphous phase.
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FIGURE 10.33. Schematic illustration of space charge regions in metallic nanocomposites
composed of element A (e.g., Mo) and element B (e.g., V). Grey areas are electronically
modified regions due to space charge effect. (Adapted from Ref. 25.)

nanocrystallization from the amorphous phase. In principle, two types of materials
can be created: (i) materials composed of an amorphous matrix in which cluster of
atoms will be embedded (in an initial state of nanocrystallization) and (ii) materials
composed of a mixture of small grains in the case if the nanocrystallization is fully
developed. In addition, this process avoids the presence of impurities or porosity
typical for other processes used for production of the nanostructured films.

As soon as such a process will be developed, a systematic investigation of
size-dependent phenomena, i.e., dependences of the film properties on the size and
shape of grains from which the film is composed, will start. Obtained results make
it possible to develop new nanostructured materials with new unique properties
and to investigate new phenomena existing in these materials. For instance, in the
nanostructured materials composed of small (d ≤ 10 nm) grains, very important
role will play so called an electronic effect, i.e., an electronic charge transfer,
which occurs at any interface between two metallic grains with different chemical
compositions and different Fermi energies (see Fig. 10.33).20,25 One can expect
that the utilization of this effect enables to develop materials with new functional
properties. Considerable attention will be concentrated, for instance, on the de-
velopment of TiO2-based films with photocatalytic, self-cleaning, antifogging and
antibactericidal properties.213–224 At present, there are many open problems such
as an urgent need to shift the photocatalytic and antibactericidal activation of TiO2

films from the ultraviolet light in visible light region. This task requires to dope the
base TiO2 material with an element, i.e., to form an oxide nanocomposite. Sim-
ilarly, a prolongation of the lifetime of these materials will require to add some
additional material (as a built-in reservoir) to ensure a self-healing functionality.
Also, it is expected that a doping of oxides by metal is a good way to produce
new nanocomposites, which will simultaneously exhibit high strength and duc-
tility. Therefore, it is reasonable to expect that the doped oxides will very soon
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represent a new generation of nanocomposites based on oxides. Their production
will require, however, to master fully a dc pulsed high-rate magnetron sputtering of
oxides. It is also a huge challenge to develop new advanced high-density sputtering
and plasma sources.
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Bohemia in Plzǹ, Czech Republic, for many valuable and stimulating discussions,
and his Ph.D. students for their enthusiastic work on this project.

REFERENCES

1. H. Gleiter, Nanocrystalline materials, Prog. Mater. Sci.33, 223–315 (1989).
2. R. Birringer, Nanocrystalline materials, Mater. Sci. Eng. A117, 33–43 (1989).
3. R. W. Siegel, Cluster-assembled nanophase materials, Annu. Rev. Mater. Sci. 21, 559–579 (1991).
4. S. A. Barnett, Deposition and mechanical properties of superlattice thin films, in Physics of Thin

Films, edited by M. H. Fracombe and J. A. Vossen (Academic Press, New York, 1993), Chap. 1,
pp. 1–73.

5. R. W. Siegel, What do we really know about the atomic-scale structures of nanophase materials?
J. Phys. Chem. Solids 55(10), 1097–1106 (1994).

6. R. W. Siegel and G. E. Fougere, Grain size dependent mechanical properties in nanophase ma-
terials, in Materials Research Society Symposium Proceedings, Vol. 362, edited by N. J. Grant,
R. W. Armstrong, M. A. Otooni, and K. Ishizaki (Materials Research Society, Warrendale, PA,
1995), pp. 219–229.
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A. Bergmaier, Composition, nanostructure and origin of the ultrahardness in nc-TiN/a-Si3N4/a-
and nc-TiSi2 nanocomposites with Hv = 80 to ≥105 GPa, Surf. Coat. Technol. 133–134, 152–159
(2000).
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superhard nanocomposite Al-Cu-N films prepared by magnetron sputtering, Surf. Coat. Technol.
142–144, 603–609 (2001).

181. J. Musil, H. Zeman, and J. Kasl, Relationship between structure and mechanical properties in
hard Al-Si-Cu-N films prepared by magnetron sputtering, Thin Solid Films 41, 121–130 (2002).

182. F. Kunc, J. Musil, P. H. Mayrhofer, and C. Mitterer, Low-stress superhard Ti-B films prepared by
magnetron sputtering, Surf. Coat. Technol. 174–175, 744–753 (2003).
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1. INTRODUCTION

Hard nanostructured coatings prepared by various deposition techniques and con-
ditions exhibit the widest variety of structures among materials in terms of grain
size and crystallographic orientation, lattice defects, texture, and surface morphol-
ogy as well as phase composition. Gradients or inhomogeneities over the film
thickness are typically present by design or process determination. Such coating
synthesis is also driven by the industrial demand for low-temperature deposition,
often done by plasma-assisted growth methods like physical vapor deposition1

(PVD) or plasma-assisted chemical vapor deposition2 (PACVD). Obviously, ther-
modynamic equilibrium is not obtained during this kind of deposition. In fact, it is
the kinetic limitation induced by low-temperature deposition that allows for con-
trolled synthesis of metastable phases and artificial structures such as nanolaminate
and nanocomposite materials. The as-deposited coatings can in turn be subject to
annealing and consequential recovery (stress relaxation), interdiffusion, recrystal-
lization, or phase transformation. These phenomena are technologically relevant,
since the resulting microstructure has a large impact on the film properties. This
enables application of strengthening methods known from bulk materials science,
i.e., strain hardening by high defect densities, grain size refinement down to the
nanometer range, solid solution hardening including the formation of supersat-
urated phases, and nanocomposite phase arrangements.3,4 Most noteworthy, age
hardening has recently been demonstrated in coating materials.5
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In the last few years, advanced surface engineering design approaches have
led to the development of coating materials with unique properties or property
combinations, e.g., superhardness combined with high toughness,6 or chameleon-
like frictional self-adaptation,7 both of which have a functional nanostructure.
It should be appreciated that the number of coating material systems explored
is rapidly growing. For this book, nitride-based materials serve as good model
systems from which characteristic behavior for thermal stability of the materials
can be demonstrated.

Starting from single-phase TiN,8 which is still a standard coating for many
tooling applications, microstructurally designed hard coatings enable new machin-
ing applications, e.g., high-speed cutting or even dry cutting.9 In these applications,
extreme loads are imposed on the coating, e.g., severe friction and wear, corrosion
and oxidation, and mechanical and thermal fatigue. Typically, when applied onto
cemented carbide cutting tools, the temperature at the cutting edge may exceed
1000◦C,10−12 giving rise to microstructural changes affecting application-oriented
properties. Thus, the thermal stability, in particular of advanced microstructurally
engineered coatings, is of vital importance. This condition has impact for the choice
of constituent elements for the coating. It is significant that present research and
development work is in a stage of rapid expansion for testing and investigating a
growing number of new combinations.

This chapter is focused on the microstructural and compositional changes
of advanced wear-resistant coatings occurring at elevated temperatures. The first
section describes important measurement techniques available for characteriza-
tion of the thermal stability of coatings. In the main part of the chapter, we
deal with recovery, recrystallization and grain growth, phase separation, inter-
diffusion, and oxidation phenomena. Finally, we present an outlook for the re-
search on the thermal stability of nanostructured coatings with some unsolved
problems.

2. MEASUREMENT TECHNIQUES

In addition to annealing treatments of coated specimens, there are several in situ
methods for characterization of the thermal stability of hard coatings. Among
them are high-temperature X-ray diffraction (HT-XRD), which is used to study
microstructural changes of the coating in inert and also in aggressive environments,
and electrical resistivity measurements at elevated temperatures. The latter has
additional complexities, since electron mobility arises not only from scattering at
point defects and grain boundaries, which are related to the thermal stability of hard
coatings, but also from phonon, surface and interface scattering.13 In the following
sections, we briefly describe some of the methods relevant for the investigation
of the resistance of nanostructured hard coatings against softening at elevated
temperatures and discuss their advantages and limits.
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2.1. Biaxial Stress–Temperature Measurements

Coatings with hardnesses well above the values of the respective bulk materials
may be synthesized using high ion energies, making use of strain hardening by high
defect densities where the defects responsible for the residual stresses also act as
obstacles for dislocation movement. In fact, an apparent linear relationship between
residual stress and hardness has been reported for several single-phase coatings,
e.g., TiN,14 Ti(C,N),15,16 or CrN,17 deposited by different PVD methods. Crystal-
lites with grain sizes of a few nanometers often give broad X-ray diffraction (XRD)
peaks of low intensity, preventing stress measurements by X-ray techniques. Thus,
the cantilever beam method may beneficially be applied to evaluate the thermal
resistance of a coating against softening by stress relaxation. The biaxial coating
stress σ can be calculated from the substrate-curvature radius r (e.g., measured by
the deflection of two parallel laser beams) using the modified Stoney equation:18

σ = Es

1 − νs

t2
s

6 tc

1

r
(11.1)

Here, Es and νs are Young’s modulus and Poisson’s ratio of the substrate, ts and
tc are the thickness of substrate and coating, respectively. It should be mentioned
here that both intrinsic σ int (i.e., growth induced) and thermal stresses σ th (i.e.,
due to the mismatch of thermal expansion coefficients of substrate and coating)
contribute to σ calculated via Eq. (11.1).

Figure 11.1 shows an example of biaxial stress–temperature measurement
(BSTM) cycles for a sputtered nanocomposite TiB0.6N0.7 coating deposited onto Si
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FIGURE 11.1. BSTM cycles of a TiB0.6N0.7 coating for two different maximum tempera-
tures (heating rate 5 K/min). (From Ref. 19.)
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substrate. During heating of the film–substrate composite, the compressive stresses
increase because of the higher thermal expansion coefficient of the coating with
respect to the Si substrate. In coatings having tensile stresses at room temperature,
the heating first relaxes these tensile stresses and then eventually causes the film
to go into a state of compression (cf. Fig. 11.1). This thermoelastic behavior
as a result of different thermal expansion coefficients of substrate (αSi = 3.55 ×
10−6/K) and coating (αTiBN = (6 − 7) × 106/K)20 is valid only until recovery
occurs. During the cooling segment, the stress–temperature curve again shows
linear thermoelasticity. A second annealing treatment immediately after the first
one does not show any significant deviation of the heating segment from the
cooling segment of the previous run, provided that no tensile cracks have been
formed after cooling down from the first cycle.21 A deviation of the straight line
during the heating portion of the second run appears if the annealing temperature
exceeds the maximum of the first run. For coatings without tensile cracks formed
in the cooling phase, plastic deformations in the coating or substrate during this
heat treatment can be excluded, enabling elucidation of information on recovery
from these BSTM curves.

From the BSTM cycles, essentially two types of informations on the thermal
stability of coatings may be obtained. The first one is the onset temperature for
recovery, Trec, representing a measure for the thermal stability of the coating itself.
The second one is the amount of stress relaxation, �σ , for a given maximum
temperature and heating and cooling rate, respectively, which is related to the
hardness loss after the annealing treatment.

The apparent activation energy, Ea, for the recovery processes can be de-
termined depending on the type of measurement performed for the relaxation of
stress. Using the method of Damask and Dienes,22 Ea can be calculated from XRD
peak broadening data. Assuming that defect annealing occurs by a single, ther-
mally driven process with an activation energy Ea and rate constant K0, the defect
density n is described by

dn

dt
= F(n)K0 exp

(
Ea

kBT

)
(11.2)

where F(n) is a continuous function of n and kB is the Boltzmann constant. Using
isochronal annealing curves, the two times t1 and t2 necessary to reach a given
value of n at temperatures T1 and T2, respectively, are related by

ln

(
t1
t2

)
= Ea

kB

(
1

T1
− 1

T2

)
(11.3)

In the case where the defect annealing occurs via a single process, which has a
constant activation energy for all defect concentrations, performing this calculation
at different values of n should yield a constant activation energy. If either or both
of these assumptions are not valid, however, a variable activation energy will be
obtained by this method. In this example,22 the X-ray structural broadening is due
to inhomogeneous strains, which in turn are associated with defects in the crystal
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lattice. Assuming this broadening to be proportional to the defect density, Eq. (11.3)
can be used along with data for the variation of X-ray structural broadening, β,
for a given peak with tempering temperature to determine the apparent activation
energy for defect relaxation in a coating. Values for Ea are determined at various
defect concentrations (values of β) by defining the fractional amount of defects
remaining in the coating, ρ, as

ρ = β − βf

β0 − βf
(11.4)

where β0 and βf represent the structural broadening in the as-deposited and tem-
pered coatings, respectively. This approach was used by Almer et al.23 for deter-
mining Ea in Cr-N coatings made by arc deposition.

In the method of Mittemeijer et al.,24 Ea is determined from the rate of recov-
ery of the stress. The model does not depend on any specific kinetic mechanism, but
assumes that the fraction transformed, f , is fully determined by a state variable β,
i.e., f = F(β). For isothermal annealing, β = k · t where k is k0 exp(−Ea/R · T ).
The final expression is

ln(t f 2 − t f 1) = Ea

kT
− ln k0 + ln(β f 2 − β f 1) (11.5)

where t f 2 − t f 1 is the time for the recovery to proceed from fraction f1 to f2 at
temperature T , and kB is the Boltzmann constant. Ea for the process can be obtained
by measuring the slope of the ln(t f 2 − t f 1) versus 1/kT plot. This method was
applied by Karlsson et al.16 and will be discussed in Section 3.1.

2.2. Differential Scanning Calorimetry and
Thermogravimetric Analysis

Differential scanning calorimetry (DSC) is a method where the (exothermic or
endothermic) energy released from or consumed by the sample is measured as a
function of temperature.25 If applied to coatings, the substrate material has to be
removed to avoid superposition of microstructural changes of substrate and coating.
This may be done by chemical dissolution of the substrate, e.g., thin low-alloyed
steel substrates may be dissolved in nitric acid. To achieve a suitable heat flow, a
minimum mass of coating material is required (e.g., 30 mg). DSC measurements
may be performed in inert or aggressive environments; however, for investigating
the thermal stability against microstructural changes, an inert atmosphere such
as argon has to be used. Figure 11.2 shows an example of a dynamical DSC
measurement performed on a nanocomposite TiB1.0N0.7 coating demonstrating
the evaluation procedure to calculate the heat flow released by grain growth from
the area under the exothermic peak.26 For this purpose, each measurement has
to be immediately followed by a second run (rerun), which serves as a baseline
(i.e., where no microstructural changes occur) for the first one. In this way, the
deviation between the first measurement and the rerun shows all exothermic and
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FIGURE 11.2. Experimental DSC curve for a nanocomposite TiB1.0N0.7 coating obtained
during a thermal treatment in argon atmosphere up to 1400◦C using a heating rate of
27 K/min. To indicates the onset temperature, Tp the peak temperature, and Ap the area of
the exothermic peak. (From Ref. 26.)

endothermic reactions of the coating. The reaction itself is quantified by the onset
and peak temperature To and Tp, and the peak area Ap, respectively (see Fig. 11.2).
The enthalpy change �H of the coating can be calculated by dividing Ap with the
used heating rate B.

To determine the activation energy Ea for a microstructural reaction by means
of the Kissinger equation27 [Eq. (11.6)], different heating rates B during the DSC
experiment are necessary.

ln

(
B

T 2

)
= − Ea

RT
+ constant (11.6)

Here, R is the gas constant and T a specific temperature such as the onset tem-
perature To or the peak temperature Tp of the reaction peak. By using To or Tp

values for the different heating rates, plots of ln(BT−2) versus T −1 yield straight
lines showing the same slope allowing the determination of Ea.28 This method was
applied by Mayrhofer et al.26 and will be discussed in Section 3.1.

Oxidation reactions may also be studied using DSC, which can be combined
with thermogravimetric analysis (TGA) to obtain not only the enthalpy change
due to oxidation, but also the mass gain as a function of temperature (dynamical)
or time (isothermal). Dynamical TGA is used to determine the onset tempera-
ture for oxidation, whereas the rate constants for linear (usually observed for
porous oxide scales) and parabolic growth (for dense oxide layers hindering the
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diffusion of metal and oxygen) of the oxide scale can be obtained from isother-
mal investigations.29 The temperature dependence of the linear and parabolic rate
constants is generally written as an Arrhenius relationship

k = k0 exp

(
− Ea

RT

)
(11.7)

where k is the rate constant, k0 is the pre-exponential constant, Ea is the activation
energy for the oxidation process, and R and T are the gas constant and absolute
temperature, respectively.

3. RECOVERY

Recovery involves all annealing phenomena that occur before the appearance of
new strain-free grains, i.e., migration and combination of point defects, rearrange-
ment and annihilation of dislocations, and growth and coalescence of subgrains.3

It is a relatively homogeneous process, where the whole volume of the material is
involved, if the defect density does not vary significantly. Thus, investigation of
recovery effects can be done by the measurement of intrinsic coating stresses.

3.1. Single-Phase Coatings

3.1.1. Compound and Miscible Systems

Before dealing with recovery, we first consider shortly the origin of stress-
generating defects in hard coatings. Stresses are generally induced via energetic
particle bombardment during film growth. In magnetron sputtering, these particles
are generated from the sputtering gas and consist of back-scattered inert gas neu-
trals or ions of Ar or the reactive gas (i.e., Ar+ and N+

2 ) accelerated by a negative
substrate bias potential toward the growing film.30 For the case of arc evapora-
tion or high-power pulsed sputtering, there are metal ions of multiple ionization
states. For making predictions on thermal stability of as-deposited coatings, it is
important to know the lattice defect arrangements responsible for the stress and
how they depend on the energetic species. We now consider examples from arc-
deposited coatings of TiN and TiCx N1−x films where compressive residual stress
builds up for increasing negative substrate bias up to Vs = 50 − 100 V. For the
larger biases (up to 800 eV studied), however, stress decreases and levels out at 2–3
GPa.15 A maximum stress of −7 GPa is obtained, limited by interior cracking of
the films. It is suggested that the apparent relaxation of the stress with increasing
energy of the incident metal ions is determined by the defect annihilation pro-
cesses occurring in the collision cascade in the growing film surface,31 and that
the effective stability of defect complexes increases with increasing carbon con-
tent in TiCx N1−x . In comparison, for magnetron-sputtered coatings with inert gas
discharge, the intrinsic stress continuously increases by an apparent square-root
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dependency of the bombarding particle energy, following the forward sputtering
models.32

While different residual defects can be responsible for a given stress state
depending on material and deposition parameters, the thermal stability of the
respective defects should be different as would the resulting physical properties
of the material. Although the stress relaxation by migration, redistribution, or
annihilation of stress-active lattice defects as thermally activated processes are
relatively straightforward to study for obtaining apparent activation energies, the
very nature of point defects or defect clusters remains to be understood. From this
perspective, even Si and TiN in their pure components constitute quite complex
systems, notwithstanding ternary or multinary compounds.

Generally, recovery of coatings deposited by plasma-assisted deposition tech-
niques occurs during annealing above the given deposition temperature. For ex-
ample, magnetron-sputtered TiN14 and CrN17 exhibit an annihilation of the point
defects created by ion irradiation during deposition that starts more or less im-
mediately above that temperature. The intention here is to discuss the stability of
homogeneous single-phase coatings like TiN, CrN, and TiCx N1−x with respect
to composition and compressive intrinsic (growth-induced) residual stress. Oettel
et al. observed a decrease in compressive residual stresses in arc-evaporated TiN
and Ti1−x Alx N films after annealing.33 Herr and Broszeit34 reported a decrease
of the apparent hardness of TiN films from 36 to 27 GPa when the compressive
stress decreased from −6.7 to −2.1 GPa upon annealing for 1 h at 650◦C. Perry
studied the change in XRD peak widths of e-beam-evaporated TiN films deposited
between 400 and 500◦C.35 He annealed the films up to 900◦C and obtained an
activation energy of 2.1 eV, which was attributed to diffusion of self-interstitials
into excess vacancies.

Figure 11.3 shows an apparent linear relation between the onset temperature
for recovery and the biaxial stress in the as-deposited state of magnetron-sputtered
TiN coatings. Using high ion/atom flux ratios at moderate ion energies, the onset
temperature may be shifted slightly toward higher values. This may be explained
by the promoted relaxation of stress-active defects due to a more intense low-
energy ion bombardment during growth. However, it is also obvious from Fig.
11.3 that higher ion energies, causing a higher defect density, lower the thermal
stability of the coating. This shows that for a stronger driving force (i.e., higher
biaxial stress) a lower thermal activation is needed to start recovery. However, it
should be mentioned that this is valid only for coatings showing dense crystalline
structures. Coatings with a pronounced columnar growth deviate from this linear
dependence because of the possibility of stress relaxation at open-voided column
boundaries.

The effects of annealing up to 900◦C on the intrinsic stress, σint, and hardness
of arc-evaporated TiCx N1−x films have been addressed recently by Karlsson et al.16

Figure 11.4 shows the residual stress measured in TiCx N1−x films as a function of
annealing time and temperature, respectively.
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FIGURE 11.3. The onset temperature for recovery for sputtered TiN coatings as a function
of the biaxial stress in the as-deposited state. The coating deposited at an ion energy of 30 eV
and an ion/atom flux ratio of 0.5 is characterized by open-voided column boundaries
allowing easy stress relaxation. The deposition temperature was 300◦C. (From Ref. 14.)

Films with x = 0, 0.15, and 0.45, each having an initial compressive intrinsic
stress σint = −5.4 GPa, were deposited by varying the substrate bias Vs and the
gas composition.15 Annealing above the deposition temperature leads to a steep
decrease in the magnitude of σint to a saturation stress value, which is a function of
the annealing temperature. For temperatures above the deposition temperature Tdep,
σint steeply decreases in the first 10–20 min, after which the stress relaxation process
essentially saturates. The magnitude of the saturation stress level progressively
decreases with increasing Ta. For instance, annealing TiC0.45N0.55 at 500◦C for
nearly 32 h decreased σint by only 0.5 GPa (see Fig. 11.4a). The intrinsic stress
decreases in a roughly linear fashion with increasing annealing temperature, Ta ,
and deviates from linearity with increased stress relaxation (see Fig. 11.4b). For
comparison, the σint values of as-deposited films grown at different Tdep obtained
from Ref. 15 are also shown. For TiC0.45N0.55 films with different initial stress
values, the final stress values approach each other with increasing Ta and are
indistinguishable at Ta ≥ 800◦C. Note that a film deposited at a low Tdep = T1 and
annealed at Ta = T2(T2 ≥ T1) has a higher stress level than an as-deposited film of
the same composition deposited at Tdep = T2. This observation indicates that stress
relaxation during deposition is more efficient, i.e., causes a larger stress recovery,
than a post-thermal annealing treatment at the same temperature.

The corresponding apparent activation energies for stress relaxation are
Ea = 2.4, 2.9, and 3.1 eV, for x = 0, 0.15, and 0.45, respectively, as shown in
Fig. 11.5, which is an Arrhenius plot for the stress relaxation versus inverse
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FIGURE 11.4. (a) Intrinsic stress versus annealing time plots obtained at various anneal-
ing temperatures for TiC0.45N0.55 coatings. Note the time axis changes from a linear scale to
a logarithmic scale at ta = 140 min. Annealing was done in a hot-wall quartz-tube furnace
in flowing Ar at 1 atm. (From Ref. 16.) (b) Intrinsic stress plotted as a function of annealing
temperature (solid lines) after 120 min isochronal anneals. Open symbols represent the
intrinsic stress of as-deposited films at the corresponding deposition temperature. Intrinsic
stress versus deposition temperature data from Ref. 15 (dotted lines) are also shown for
comparison. (From Ref. 16.)
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FIGURE 11.5. Plot of ln t50% versus 1/kBTa. The activation energy Ea is determined by
measuring the slope. (From Ref. 16.)

temperature.16 TiC0.45N0.55 films with a lower initial stress σint = −3 GPa, ob-
tained using a high substrate bias, show a higher activation energy Ea = 4.2 eV.
In all the films, stress relaxation is accompanied by a decrease in defect density
indicated by the decreased width of XRD peaks and decreased strain contrast in
transmission electron microscopy (TEM). Correlation of these results with film
hardness and microstructure measurements indicates that the stress relaxation is a
result of point-defect annihilation taking place both during short-lived metal-ion
surface collision cascades during deposition and during postdeposition annealing
by thermally activated processes. The difference in Ea for the films of the same
composition deposited at different Vs proves the existence of different types of
point-defect configurations and recombination mechanisms.

Recovery was found to be activated for arc-evaporated Cr-N coatings with
energies in the range of 2.1–3.1 eV, depending on the initial stress state σ , which
in turn was a function of the deposition conditions.23 It was also concluded that
for the Cr-N coating system, possessing a relatively low melting temperature,
defect diffusion during growth at 400◦C was active. The values are similar to those
observed for bulk diffusion of nitrogen in CrN.

The amount of the recovery occurring during thermal annealing strongly de-
pends on the amount of defects in the coating, i.e., on the biaxial stress in the
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FIGURE 11.6. Influence of the biaxial stress in the as-deposited state on stress relaxation
during annealing up to 700◦C for sputtered CrN coatings deposited at different ion bom-
bardment conditions. (From Ref. 36.)

as-deposited state, providing the driving force for recovery. This is illustrated in
Fig. 11.6 for sputtered stoichiometric CrN coatings where a linear relation be-
tween the amount of recovery and the biaxial stress in the as-deposited condition
was found.36 If a coating shows compressive stresses in the as-deposited state
(substitution and displacements of atoms on interstitial lattice sites, Frenkel pairs,
and Anti-Schottky defects), recovery effects cause stress reduction. However, in-
trinsic tensile stresses as a result of voids or vacancies (Schottky defects), which
are promoted by an insufficient ion bombardment especially if the total working
gas pressure is high, may even increase during annealing. The thermal activation
causes these defects to anneal out or move to grain boundaries, which are favored
places for lattice imperfections, determining the total amount of stress relaxation
due to annealing. Recovery effects contain, in addition to a better arrangement
of point defects, also annihilation and rearrangement of dislocations into lower
energy configurations. Especially if the coating retains a high dislocation density,
subgrain formation is promoted. On annealing, excess dislocations will arrange
into lower energy configurations in the form of regular arrays or low-angle grain
boundaries (polygonization). The stored energy in a substructure is still large and
can be further lowered by coarsening of the subgrains. This leads to a reduction
of the total area of low-angle grain boundaries and again to stress relaxation.
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Almer et al.23 studied the thermal stability of Cr-N coatings prepared by
arc evaporation. The as-deposited coatings consisted of slightly nitrogen-deficient
cubic-structure CrN and were under compressive residual stress. Significant re-
ductions in the defect density accompanied by the formation of equiaxial grains of
equilibrium phase fractions of β-Cr2N and stoichiometric CrN were found to take
place after furnace tempering between 400 and 550◦C for 270 min in an Ar atmo-
sphere. Correspondingly, Herr and Broszeit34 have shown that significant stress
relaxation occurs in sputter-deposited CrN coatings after annealing between 400
and 650◦C.

For the studies of stress recovery in a range of other nitrides, Perry has reported
on the effects of tempering for TiN, ZrN, and HfN films under compressive stress.35

He found that the expanded lattice parameter in the as-deposited state contracts
above 400◦C, where the contraction is completed after 1 h annealing at 800◦C.
However, the lattice parameters found were still above the equilibrium values
indicating defects, which are still resistant to thermal treatment at this temperature.
For sputtered low-stress (i.e., −0.4 GPa) VN coatings deposited at a substrate
temperature of 300◦C, an extremely low onset temperature of 330–350◦C for
recovery has been reported.37

Residual stress engineering can be used for improving film performance by
application of strain hardening, but the temperature stability becomes correspond-
ingly more important. The gradual decrease of the contribution of strain hardening
results in a hardness loss at temperatures above the deposition temperature, thus
limiting the application of highly stressed coatings in high-temperature applica-
tions. Although a hardness loss at elevated temperatures due to vanishing strain
hardening is unavoidable, recently a constant high hardness well above the bulk
hardness up to 700◦C has been reported for sputtered overstoichiometric TiB2

coatings.38 There, the excess boron results in a compositional modulation with a
boron-rich tissue phase surrounding TiB2 nanocolumns during growth. This mod-
ulation contributes to the hardness enhancement and is not affected up to 700◦C
(although stress recovery during the same annealing treatment occurs), thus ex-
plaining both the extremely high hardness of overstoichiometric TiB2 coatings and
their high thermal stability.

3.1.2. Pseudo-Binary Immiscible Systems

The best known example for single-phase coatings consisting of immiscible phases
within pseudo-binary systems can be found in the system TiN-AlN,39 where Al
has been added to TiN, originally primarily to enhance the oxidation resistance
due to the formation of a protective Al-rich oxide layer at the film surface.40

Low-temperature ion-assisted (20–50 eV) PVD growth processes are useful to
stabilize single-phase coating alloys with compositions within the miscibility gap
in a metastable state.41−43 This function relies on the fact that the processes operate
at kinetically limited conditions and with ion-bombardment-induced recoil mix-
ing of surface atoms and thus work against thermodynamically driven segregation.
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PVD phase field arguments for a range of pseudo-binary nitride systems including
TiN-AlN were presented early by Holleck.44 A stability regime in terms of tem-
perature and AlN content for a face-centered cubic (fcc) phase solid solution in the
Ti1−x Alx N system at temperatures normal for PVD processes (300–700◦C) was
thus predicted. Recently, modified metastable and still single-phase fcc-Ti1–x Alx N
coatings with small Cr and Y additions have been suggested to improve oxidation
and corrosion resistance further.45

Compared to TiN, the incorporation of Al (and, likewise, Cr and Y) into the
TiN lattice causes an increase of compressive stress due to hindered annihilation
of point defects, thus increasing lattice distortion.20,45 Donohue et al.45 reported
on a reduction of compressive stress from −6.8 GPa for Ti0.43Al0.52Cr0.03Y0.02N
in the as-deposited condition to −2.3 GPa upon annealing at 900◦C, and attributed
this to either thermally activated plastic deformation or recovery resulting from
annihilation of stress-active defects produced during the coating process. Suh et al.
found a gradual reduction of compressive stress in Ti1−x Alx N after annealing up to
600◦C.46 BSTM measurements of Ti1−x Alx N coatings with low Al contents (up to
8 at%) deposited by PACVD at 500◦C yielded an onset temperature for recovery of
about 620◦C (which is slightly lower compared to PACVD TiN coatings grown at
the same substrate temperature).20 Likewise, the amount of stress relaxation after
a BSTM cycle up to 700◦C was significantly higher compared to TiN. Both effects
are related to the higher driving force for recovery in the case of the higher defect
density of Ti1−x Alx N coatings in the as-deposited condition with respect to TiN.
The activation energy Ea for recovery for an arc-evaporated Ti0.34Al0.66N coating
was given to be 3.4 eV, in Ref. 5.

3.2. Multiphase Coatings

3.2.1. Nanocomposite Coatings

Nanocomposite coatings are materials consisting of at least two phases where phase
separation typically occurs already during synthesis. According to Holleck,47 the
diffusion length of a condensed adatom via surface diffusion (which is assumed to
dominate in low-temperature deposition) is estimated to a few nanometers, making
formation of large columns without coalescence of several growing crystals48

impossible. Nanostructured coatings may thus be grown in the miscibility gap
of quasi-binary compound systems. There, continuous nucleation, segregation of
insoluble elements, formation of thin segregated layers of the second phase on top
of the growing nuclei preventing coalescence, and repeated nucleation take place,
thus limiting grain size. In the last decade, several systems have been studied
extensively, e.g., combinations of two hard compounds like TiN–Si3N6,49

4 and
TiN–TiB50

2 or one hard and one soft phase like ZrN–Cu,51 all of them representing
two-phase materials in the as-deposited state.

A motivating factor for the research on nanocomposite coatings has been to
achieve a superhard material (see other chapters of this book). Design concepts
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for nanocomposites were postulated by Vepřek and Reiprich.49 Thus, the con-
stituting phases should be selected for strong segregation (immiscibility), strong
interface bonding, and high shear moduli. It is a known condition that nanometer-
sized grains exhibit no dislocation activity. Alternative means for plasticity can
be through grain boundary sliding/rotation.52 Most coatings made be PVD pro-
cessing are prone to residual (compressive) stress formation. Strain hardening is,
however, often assumed as not to contribute significantly to the extremely high
hardness values of nanocomposites because of easy migration of defects to phase
boundaries during growth,6 and, consequently, often relatively low stress values
(e.g., below 1 GPa of compressive stress) have been reported.53 Thus, only rela-
tively limited stress relaxation effects at elevated temperatures have been found
for low-stress nanocomposite coatings, for example, in the TiN–Si3N4 system.54

There, not only stress relaxation is an effect of recovery mechanisms (i.e., annihi-
lation of point defects and dislocations), but also grain boundary sliding/rotation
events52 are assumed to contribute. In agreement with the less pronounced stress
relaxation, only limited hardness losses after annealing below the recrystallization
temperature have been reported for several nanocomposite coatings. For exam-
ple, Männling et al.55 found no hardness decrease for TiN–Si3N4 nanocomposite
coatings up to an annealing temperature of 800◦C. For the systems TiN–TiB2 and
TiC–TiB2, the formation of nanocomposite films with stresses below 1 GPa by
magnetron sputtering has been reported.19 The onset of stress recovery was found
to vary between 400 and 480◦C, which is again only slightly above the deposition
temperature of 300◦C. The maximum onset temperature was found for comparable
amounts of TiN (or TiC) and TiB2 and well-defined phase boundaries obtained by
low-energy ion irradiation during growth. Again, no hardness loss was reported
for an annealing cycle up to 700◦C.21

Up to now, only very limited information is available for the thermal stabil-
ity of nanocomposite coatings consisting of a hard and a soft phase. Karvánková
et al.56 reported softening of sputtered highly stressed (compressive stress up to
several GPa) ZrN–Ni and CrN–Ni films upon annealing up to 400–600◦C. They
attribute this hardness loss to stress recovery, evidenced by the decreasing lattice
parameter of the nitride phase, and found no significant effect of the annealing
temperature on the grain size up to 700◦C. Although the lower thermal stability
against stress relaxation compared to low-stress nanocomposite coatings can be
explained by the high compressive stress and consequently high defect density
representing a higher driving force, the origin for the high stress levels in these
coatings is still unclear. Zeman et al. reported recently on the stress recovery of
complex Al-Si-Cu-N films,57 which were distinguished in nanocomposite (consist-
ing of Al, Al2Cu, and AlN phases in the as-deposited condition) and amorphous
coatings. BSTM cycles up to 700◦C showed that low-nitrogen-containing crys-
talline films (i.e., coatings with Al and Al2Cu phases) showed stress relaxation
due to recovery and recrystallization at temperatures above 300◦C. Here, stress
relaxation is related to changes in the phase structure and texture of the films.
Amorphous low-stress high-nitrogen-containing films showed no apparent stress
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relaxation and no hardness loss after thermal cycling. However, these coatings
show small deviations from thermoelasticity during the BSTM heating and cool-
ing cycles, indicating that small sliding events accommodate the thermal stresses
introduced due to the mismatch of the thermal expansion coefficients.

3.2.2. Superlattices

Besides the three-dimensional arrangement of two phases in a nanocomposite
structure, dual-phase materials may also be arranged in a multilayer or, when the
periodicity is in the nanometer range, in the superlattice form. The superlattice
approach, originally presented in the late 1980s,58 provides a challenging method
for the synthesis of materials with superhardness and has been transferred to pro-
duction in the last years.59

It should be noted that the deposition conditions for superlattices with se-
quential fluxes offer additional conditions for the formation process of residual
stress via the energetic particle–surface interactions during nucleation and growth.
There are examples in literature of both stress increase and decrease in a given
layered system depending on the periodicity. For example, for residual stresses
in TiN/NbN nitride superlattices, a decreased compressive stress state was found
compared to the homogeneous nitride films.60 The exact mechanisms of the de-
creased stress generation in superlattice films are unknown. It is proposed that
the strain level built up by point defects created in the collision cascades can be
partly relaxed, together with the coherency-strain relaxation of the nitride overlay-
ers, during misfit dislocation formation. Surface tension effects at the interfaces,
however, may also be present in the superlattice.61 Furthermore, for different mass
number of the elements in the constituent layers, the ion–surface interactions—in
terms of recoil, forward sputtering, and Frenkel pair production—will be different,
depending on what layer is growing. We suggest that the degree of freedom for
defect annihilation increases with decreasing superlattice periodicity. Thus, the
residual stress should decrease correspondingly.

Although superlattice coatings with different stress levels (up to −9 GPa
have been reported in Ref. 62) have been studied extensively, there is only lim-
ited information available on their stress recovery behavior. It is significant that
initial annealing of as-deposited superlattice structures or multilayers can exhibit
apparent interface sharpening. This phenomenon is little studied while it may be
quickly transient during annealing experiments. It can be due to phase separation
of constituent layers that are in a chemically intermixed state from the synthesis
or arise from interface sharpening due to a surface energy minimization of struc-
turally rough interfaces. It is termed differently in literature including “chemical
cleaning” or “reverse diffusion” as studied in the Ni-Nb/C system,63 “negative
interdiffusion” for the CoMoN/CN system,64 and “preannealing stabilization” for
the W/C system.65 A typical gauge for the effect is XRD peak sharpening and in-
tensity increase for reflectivity or diffraction measurements of the film structures
during initial annealing. Eventual interdiffusion or layer coarsening takes place



480 Lars Hultman and Christian Mitterer

for extended annealing, depending on the miscibility of the system. For example,
Setoyama et al. reported66 on a slight increase of the intensity of the superlattice
peak in HT-XRD at 300◦C for TiN/AlN superlattices with a periodicity of 2.9 nm,
which indicates sharpening of the interfaces due to faster interfacial diffusion.

4. RECRYSTALLIZATION AND GRAIN GROWTH

Recrystallization involves the formation of new strain-free grains in certain parts
of the specimen and the subsequent growth of these to consume the microstructure
having defects.3 The microstructure at any time is divided into recrystallized or
non-recrystallized regions, and the fraction recrystallized increases from 0 to 1 as
the transformation proceeds. The kinetics of primary recrystallization is similar to
those of a phase transformation, which occurs by nucleation and growth. During
recrystallization, nucleation corresponds to the first appearance of new grains in
the microstructure, and growth describes the consumption of the original grains
by new ones and by already existing larger grains at the expense of smaller ones
(Ostwald ripening). Recrystallization occurs if the thermal activation and driving
force are sufficient. In nanostructured materials, an extremely high interfacial
energy is stored due to the high amount of grain and phase boundaries,67 which
can reach 70–80 vol% for grain sizes of 2–3 nm.68 The high interfacial energy
represents an extremely high driving force for recrystallization and grain growth,
and consequently, rapid coarsening has been reported for nanocrystalline metal
films for relatively low recrystallization temperatures.69

4.1. Single-Phase Coatings

4.1.1. Compound and Miscible Systems

The phenomenon of recrystallization has different relevance depending on the
melting temperature of the thin film material. While ultrapure In, Pb, and Sn film
materials exhibit grain recrystallization with grain growth even below room tem-
perature, Al films are sensitive at above 80◦C; mostly refractory carbides and
nitrides are usually not considered in this context due to the large difference be-
tween melting temperature of the material and the deposition temperature or the
temperature of application for the film.70 However, as this section will show, the
small grain size and large levels of compressive intrinsic stress typical for PVD
films offer significant driving forces for recrystallization also of the ceramics at
relatively low temperatures. The relaxation of compressively stressed films may
also occur not only through effective point-defect annihilation, but also by creep or
recrystallization. Below will follow a comparison of the different technologically
relevant nitride systems Cr-N, TiCx N1−x , and Ti1−x Alx N, which exhibit a large
variation in thermal stability with respect to recrystallization. The lowest apparent
stability is observed for Cr-N films as indicated in the previous section, and the
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FIGURE 11.7. Representative plan-view TEM micrographs from TiC0.45N0.55 films (a) in
the as-deposited state, and (b) after annealing at 900◦C for 2 h. Insert is a high-magnification
micrograph showing metallurgical grain boundary formation (120◦ angles) and void for-
mation at the triple points. (From Ref. 16.)

other follow in the order of appearance. Significant reductions in the defect density
accompanied by the formation of equiaxial grains of equilibrium phase fractions
of β-Cr2N and stoichiometric CrN were found to take place after tempering at
400–550◦C for 270 min.23 In fact, precipitation of β-Cr2N took place inside CrN
columnar grains. Héau et al. reported on the decomposition of Cr2N and CrN films
prepared by magnetron sputtering.71 For both coating types an increase of the grain
size obtained by HT-XRD was found above 400–450◦C. The onset temperature
for formation of β-Cr2N phase was in the same temperature range. It should be
mentioned here that O incorporation in the CrN lattice up to 25 at% yielded a com-
parable onset for grain coarsening; however, a dramatic slowdown of the crystallite
size increase was found.72

For the case of TiCx N1−x system, Fig. 11.7 shows plan-view TEM micro-
graphs from an arc-evaporated TiC0.45N0.55 film in (a) as-deposited state and
(b) after annealing at 900◦C for 2 h.16 The as-deposited film exhibited a dense mi-
crostructure with no porosity and a residual stress of −5.5 GPa. Due to the presence
of strong strain contrast (a high lattice defect density), grain boundaries could not
be imaged easily. However, from following the shift of bending contours (seen as
bright and dark areas in Fig. 11.7a) over the sample during tilting, it was possible to
obtain a measure for the cell size in the film. During coating growth, dislocations
have aligned themselves within the emerging grains, resulting in the formation
of subgrain boundaries to partly relax intrinsic stresses (polygonization).3 This is
similar to dynamical recovery occurring during hot rolling of metal sheets. Char-
acteristic cell sizes were 100–300 nm similar to those obtained from cross-section
images of samples grown under the same condition.
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The annealed sample, however, exhibited a granular structure with grain sizes
in the range of 25–100 nm (see Fig. 11.7b). This is lower than the cell size of the
as-deposited coating, which is a result of the high nucleation density for recrystal-
lization, where the cell boundaries with high dislocation density may act as nuclei
within the original grains. There was an apparent reduction in defect density; how-
ever, isolated dislocations do not appear. Annealing also resulted in the formation
of voids between grains and at grain boundary triple points. A larger magnification
of such an area is shown in the inset of Fig. 11.7b. In effect, the investigation by
TEM showed that annealing changed the film microstructure from what resembles
a “cold-worked” material formed by cell boundaries of extreme dislocation density
to a recrystallized material with well-defined grain boundaries (c.f. Fig. 11.7). The
presence of grain boundary voids shows that vacancies (or any excess nitrogen
(N)) have segregated during the course of the annealing.

4.1.2. Pseudo-Binary Immiscible Systems

Recrystallization of single-phase coatings grown within the miscibility gap of a
pseudo-binary immiscible system like Ti1−x Alx N is following decomposition of
the metastable phase (for details of the decomposition process, see Section 5).
Although the thermodynamically driven decomposition of a metastable phase is
unavoidable, these coatings may be characterized by high thermal stability against
softening at practical operation conditions. The highest apparent stability with
respect to stress relaxation and recrystallization observed to date for a transition
metal nitride is that of metastable fcc-Ti1−x Alx N73 and Ti-B-N;19,26 the latter rep-
resents a nanocomposite coating, which will be treated in Section 4.2.1. Initial
results for Ti0.33Al0.67N films grown by arc evaporation show that annealing at
900◦C for 1 h (hot-wall quartz-tube furnace in Ar atmosphere) yields no observ-
able recrystallization in TEM. Using DSC, recrystallization of the decomposed
fcc-TiN + fcc-AlN structure (see Section 5.1) of arc-evaporated Ti0.5Al0.5N and
Ti0.33Al0.67N films was found to take place at temperatures above 1000◦C, with
a slightly higher thermal stability for the x = 0.5 composition.5 For the decom-
posed material, recrystallization is accompanied by the transformation of fcc-AlN
into the stable hexagonal wurtzite-structure w-AlN phase.5,73 Both mechanisms
are accompanied by significant softening of the coating. Very recently, it has been
reported that the softening due to recrystallization and fcc → hcp transformation
can be shifted up to 1100◦C, if the metastable fcc-Ti1−x Alx N phase is separated
by an amorphous Si3N4 tissue phase of approximately 1-nm thickness.74

The incorporation of B up to 19 at% into single-phase TiN coatings was
found to improve the thermal stability considerably. For TiN without B addition,
the diffracted intensity in HT-XRD was found to increase above 600◦C, which is
attributed to recrystallization.71 For TiN with 19 at% B, TiB2 formation and thus
decomposition of the initially single-phase coating took place at about 600◦C;
however, no recrystallization and grain growth were yielded up to 900◦C.
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4.2. Multiphase Coatings

4.2.1. Nanocomposite Coatings

Grain sizes of a few nanometers and a high amount of interfaces provide a high driv-
ing force for recrystallization and grain growth. Although this is an important aspect
determining applicability of nanocomposite coatings with superhardness, only lim-
ited information on their resistance against softening by recrystallization and grain
growth is available. Literature data focus on the systems TiN–Si3N4 and TiN–TiB2,
and the main results obtained will be summarized in the following discussion.

For the case of nanocrystalline TiN–Si3N4 composite films (consisting of
crystalline TiN separated by an amorphous Si3N4 tissue phase), recrystallization
of the TiN phase takes place at temperatures between 800 and 1200◦C, with an in-
creasing onset temperature for grain sizes decreasing from about 10 to 2 nm.6,53,55

The crystallization of the amorphous Si3N4 phase in thin films made by reactive rf
magnetron sputtering takes place during annealing at temperatures between 1300
and 1700◦C with the formation of α-Si3N4 and β-Si3N4.75 The crystallization pro-
cess of silicon nitride was also described as three-dimensional, interface-controlled
growth from preexisting nuclei. The determined rate constants followed a thermal
activated behavior with a single activation energy of 5.5 eV.

Recently, recrystallization and grain growth in nanocrystalline dual-phase
TiN–TiB2 films (consisting of crystalline TiN and TiB2 phases) have been studied
by a combination of XRD and DSC measurements using the approach described in
Section 2.2.19,26 The onset temperature for recrystallization increases from 1030◦C
for TiN-rich coatings with a grain size of 6 nm to 1070◦C for TiB2-rich coatings
with a grain size of 2 nm (see Fig. 11.8a).26 A slightly higher thermal stability
has been found for dual-phase TiC–TiB2 coatings.19 For nanocomposite coatings
consisting of crystalline TiN and amorphous BN, coarsening of the TiN phase
has also been found to occur above 1000◦C.76 Contrarily, amorphous TiN films
prepared by magnetron sputtering crystallize from 400◦C with diffusion as the
rate-limiting step.77

The huge difference of onset temperatures for recrystallization and grain
growth for TiN-based coatings in pure single-phase form and dual-phase coatings
with Si3N4, TiB2, or BN phases added points toward a stabilizing mechanism
of grain and phase boundaries. Pure single-phase nanocrystalline coatings are
thermodynamically unstable, where a lower grain size corresponds to a higher
driving force and, consequently, to a reduced thermal stability against grain growth
by the well-known Gibbs–Thomson effect. Gleiter67 applied classical concepts of
physical metallurgy for nanocrystalline materials. Thereby, grain growth may be
prevented on the one hand by the fine-dispersed inclusion of a second phase acting
as pinning sites for the grain boundaries and on the other hand by slowing down
the growth kinetics by reducing the driving force (i.e., the grain boundary energy)
or the grain boundary mobility. This can be achieved by segregation of insoluble
elements to the interfacial area between nanocrystals, either already during growth
as in nanocomposite coatings or during postdeposition annealing. As an example
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FIGURE 11.8. (a) Recrystallization temperature of dual-phase TiN–TiB2 coatings as a
function of their boron content, determined by DSC using a heating rate of 50 K/min.
(From Ref. 26.) (b) Kissinger’s analysis of the apparent activation energy for grain growth
of four different chemical compositions of dual-phase TiN–TiB2 coatings, calculated from
the change in DSC peak temperature with heating rate. (From Ref. 26.)

for the latter, in the Fe-P system, the grain boundary energy decreases linearly
with the logarithm of P content and should approach zero, where the kinetics of
P segregation determines the kinetics of grain coarsening.78 We conclude that the
particle coarsening rate in nanostructured coatings as well as in bulk alloys can be
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minimized by selecting phases with small diffusion coefficient D, small interface
energy γ , and a small mutual solubility Xe.

Figure 11.8b shows Kissinger plots for four different chemical compositions
of nanocrystalline dual-phase TiN–TiB2 coatings obtained using different heating
rates during DSC experiments.26 The apparent activation energies Ea for grain
growth were obtained from the slopes of these lines, as described in Section 2.2,
yielding values of 7.9, 6.9, 6.4, and 4.4 eV for the compositions TiB0.55N0.95,
TiB0.8N0.85, TiB1.0N0.75, and TiB1.25N0.7, respectively. For comparison, Ea for va-
cancy diffusion in TiN films is 2.09 eV,79 whereas Ea for self-diffusion of N in
TiN is 2.1 eV.35 Ea for diffusion of metal atoms in the nitride phase is in general
higher than that of N atoms.70 However, only for pure metals there exists consis-
tency between self-diffusion and the activation energy for the movement of grain
boundaries.3 For TiN–TiB2 coatings, it is reasonable that grain size, grain and
phase boundary structure, and the different bulk and interface diffusion of Ti, B,
and N atoms in TiN, TiB2, and their grain and phase boundaries, respectively, play
major roles in determining the activation energy for grain growth. Ea decreases
with increasing TiB2 content, which is related to the decreasing grain size (see
Fig. 11.8a) due to the higher amount of stored interfacial energy. Likewise, the
heat released during grain growth increases.26,36 However, Ea shows significantly
different values only for coatings having a predominant TiN or TiB2 phase, re-
spectively, which is assumed to be related to the competing influence of interfacial
energy and phase structure and chemistry on the driving force for grain coarsening.

The evolution of the dual-phase structure of nanocomposite TiN–TiB2 coat-
ings has recently been studied using high-resolution TEM (HR-TEM) investi-
gations after annealing at temperatures between 700 and 1400◦C for 1 h.80,81

Figure 11.9 shows schematically that in the as-deposited state the coating consists

FIGURE 11.9. Scheme of the nanostructural evolution of a dual-phase TiN–TiB2 coating
of composition TiB1.0N0.75 with annealing temperature. (From Ref. 80.)
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of TiN and TiB2 nanocrystals with a grain size of 2–4 nm. After annealing, an
increase in grain size and a reduction of the amorphous phase surrounding the
nanocrystals can be observed, where atoms from the boundary region crystallize
onto the surrounded TiN and TiB2 grains. Upon annealing up to 1000◦C, a hard-
ness increase from 41 GPa in the as-deposited state up to 51 GPa occurred, where
the hardness maximum corresponds to nanocrystals with a diameter of about 5
nm fully percolated by an amorphous phase separating them by approximately
0.5 nm. The same mechanism could explain the hardness increase by 40–50%
for Ti-B-N coatings after annealing at 400◦C up to 6 h, as reported by Mollart et
al.82 The recrystallized and coarsened structure shown in Fig. 11.9 for annealing
temperatures exceeding 900◦C with grain sizes above 7 nm results in a loss of
hardness.

4.2.2. Superlattices

The high density of interfaces makes artificial superlattices or nanolaminates sus-
ceptible to thermodynamically driven microstructural changes upon annealing,83

out of which four different types can be distinguished: (i) interdiffusion; (ii) coars-
ening of the layering; (iii) reactions between the layers to produce a new phase; and
(iv) transformation within one or both layer types. Below will be given examples
from the first two effects.

Interdiffusion of thin film layers results in a modification of the composition
profile. As an effect, this can remove the precondition for mechanical hardness
enhancement in nitride superlattices or loss of reflectivity in optical mirrors based
on nanolayered coatings, both of which show a reciprocal dependence upon the
interface width.83−88 The use of superlattice or nanolaminate thin films as hard
protective coatings on cutting tools, however, exposes the structure to elevated
temperatures during the cutting process which may subject the tool to tempera-
tures as high as 1000–1200◦C.12 TiN/NbN superlattices show constant mechanical
behavior during annealing up to 700◦C 89 similar to the Ti1−x Alx N/CrN system
that exhibits stability up to 750◦C.90

Recently, the metal interdiffusion in TiN/NbN superlattices91,92 was inves-
tigated by annealing samples in a high-vacuum chamber in a purified He atmo-
sphere at 1 atm. The TiN/NbN system exhibits solid solubility.93,94 Using the
decay of X-ray superlattice satellite intensities in both low-angle regime (reflec-
tion measurement) and high-angle (diffraction) as shown in Fig. 11.10a,b, a range
of apparent activation energies were found; Ea = 1.2 eV for annealing tempera-
tures Ta ≤830◦C,91 Ea = 2.6 eV for Ta up to 875◦C,91 and Ea = 4.5 eV for Ta up
to 930◦C92 (see Fig. 11.11). While the lower energy should correspond to defect-
mediated diffusion (as will be discussed below), the 2.6 and 4.5 eV value may
correspond to grain boundary or even bulk diffusion. During interdiffusion in this
system, Ti diffuses at a faster rate into NbN than vice versa while a compositionally
abrupt interface was retained.
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FIGURE 11.10. (a) X-ray reflectivity curves from 11.7-nm period TiN/NbN superlattice
films in the as-deposited state, and after annealing for 1 h at 850, 900, and 950◦C. Super-
lattice peaks are indicated by their order m. (From Ref. 92.) (b) XRD patterns around the
(002)TiN/NbN average Bragg reflections from 11.7-nm period TiN/NbN superlattice films
in the as-deposited state, and after annealing for 1 h at 850, 900, and 950◦C. Superlattice
peaks are indicated by their order m. (From Ref. 92.)
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FIGURE 11.11. Temperature-dependent diffusivities for TiN/NbN superlattice interdif-
fusion, plotted in a semilogarithmic Arrhenius plot. The figure shows the variation of
the diffusivity with temperature for an 8.3-nm period TiN/NbN superlattice, as well as
a reference from previous measurements on a 4.4-nm TiN/NbN film by Hultman et al.92

A linear fit to the data points yields the activation energy Ea, as is discussed in the text.
(From Ref. 92.)

Engström et al.95 studied the high-temperature stability (up to 1100◦C) of epi-
taxial Mo/NbN nanolaminates which represent a nonisostructural system (body-
centered cubic metal and face-centered cubic nitride). After 3 h at 1000◦C, an
interfacial reaction resulted in the formation of a tetragonal MoNbN phase. The
superlattice satellite peaks were correspondingly reduced in intensity and inter-
preted as a gradual coarsening of the Mo, NbN, and MoNbN phases.

Other superlattice systems produced by PVD methods have also been investi-
gated with respect to thermal stability, including Ti1−x Alx N/CrN,90 TiN/CNx ,96,97

and ZrN/CNx .98 For Ti1−x Alx N/CrN superlattices with compositional modulation
period of 3.6 nm, annealing at 750◦C resulted in effectively interdiffused layers af-
ter 16 h.90 The Ti(Zr)N/CNx couples are thermodynamically unstable with respect
to the formation of TiN–TiC and ZrN–ZrC solid solutions.

The lifetime for 8-nm period TiN/NbN superlattices at 850◦C was calculated
to be 1 h.95 During annealing the superlattice hardness was reduced from >30 to
27 GPa. Further annealing to 950◦C resulted in a drop to 23 GPa. Such values are
a useful input for selecting cutting data in application.

For crystalline/amorphous superlattice structures, the group of Barnett studied
TiN/TiB2 and ZrN/ZrB2 systems.99 High-angle XRD on as-deposited polycrys-
talline superlattices showed amorphous boride peaks and crystalline nitride peaks.
On the other hand, monolithic boride films generally showed both (001) and (002)
X-ray reflections, indicating that a crystalline structure was present, with the hexag-
onal basal planes oriented out of plane. Thus, boride crystallization was inhibited
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for nanometer-thick layers. After annealing at 1000◦C for 1 h, XRD results showed
clear boride (001) peaks, indicating that these layers had crystallized. Superlattice
reflections were observed in the low-angle reflectivity scans and were retained af-
ter annealing, indicating that the nanolayers were stable. TiN/TiB2 and ZrN/ZrB2

are thus good examples of nanolayers that can exhibit good high-temperature sta-
bility, which is in good agreement with the TiN–TiB2 nanocomposites discussed
in Section 4.2.1. In these superlattice structures, the rock-salt nitride (111) planes
match well with the hexagonal boride basal planes.

5. PHASE SEPARATION IN METASTABLE
PSEUDO-BINARY NITRIDES

5.1. Spinodal Decomposition

It is imperative that many alloys exhibit miscibility gaps from a limited solid sol-
ubility. Spinodal decomposition100 (requiring negative second derivative of the
Gibbs free energy and thermal activation for diffusion) is known from studies of
the bulk. A relevant example is the decomposition in TiMoCN.101 However, lit-
tle is known for thin films. Here, both surface and in-depth decomposition can
take place during synthetic growth by deposition processes that give effectively
quenched alloys. The shape and properties of the so-formed components might
also be controlled by anisotropic conditions. For example, surface-initiated spin-
odal decomposition of Ti1−x Alx N takes place during growth, to form a rod-like
nanostructure of fcc-TiN- and fcc-AlN-rich domains with a period of 2–3 nm (see
Fig. 11.12).41,102

Other thin film systems exhibiting spinodal decomposition include the group
III–V systems and quaternary InGaAsSb epitaxial layers deposited deep into the
miscibility gap.42
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FIGURE 11.12. Plan-view (left) and cross-sectional (right) TEM images with selected area
electron diffraction patterns revealing surface-initiated spinodal decomposition during
growth of a Ti0.5Al0.5N (001) film at substrate temperature Ts = 540◦C by dual target re-
active magnetron sputtering. High-magnification of the (020) reflection shows satellite
peaks along [010] direction in a cross-sectional view and along both [010] and [100] in
plan-view. (From Ref. 41.)
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The occurrence of spinodal decomposition during annealing of as-deposited
ternary ceramic coating materials, in particular the Ti-Zr-N system, has been pro-
posed by Knotek and Barimani103 and Andrievski and colleagues104−106 and later
by others.55,107−109 However, a critical review reveals that there has been no direct
evidence presented in these cases. As shown in Fig. 11.12, the Ti1−x Alx N solid
solution of NaCl-structure is metastable and tends to decompose into fcc-TiN and
fcc-AlN. The equilibrium phases are fcc-TiN and hexagonal wurtzite-structure
w-AlN. The solid solubility of fcc-TiN and w-AlN is extremely limited with less
than 2 at% Al in TiN at 1000◦C.110

To investigate the decomposition path of supersaturated fcc-Ti1−x Alx N
films, TiN, Ti0.5Al0.5N, and Ti0.34Al0.66N were deposited onto cemented car-
bide substrates in a high-vacuum arc-evaporation system and subjected to furnace
annealing.73 The depositions were made using Ti1−x Alx cathodes in a 99.995%
pure N2 atmosphere. The substrates were negatively biased and kept at a tempera-
ture of 500◦C throughout the deposition. A constant cathode evaporation-current
power supply was employed to give a deposition rate of 3 µm/h. The films were
grown to a thickness of ∼3 µm. Isothermal annealing of all samples was carried out
in a hot-wall quartz-tube furnace with a 0.40-m-long constant temperature (±5◦C)
zone. The annealing experiments were performed in flowing Ar at atmospheric
pressure for a duration of 120 min.

XRD and TEM studies showed that as-deposited Ti1−x Alx N films were NaCl-
structure solid solutions for x ≤ 0.67 and mixed phase NaCl/wurtzite for x = 0.75.
For magnetron sputtering, the composition limit for single-phase fcc-Ti1−x Alx N
films seems to be similar; however, there is a tendency for higher aluminum con-
centrations in the films compared to the respective target.111 Cross-sectional TEM
micrographs of the as-deposited Ti0.34Al0.66N film in Fig. 11.13 revealed a dense
and columnar microstructure with a high defect density and overlapping strain
fields from ion-bombardment-induced lattice defects corresponding to a compres-
sive residual stress of 2–3 GPa. With respect to the initialized spinodal decomposi-
tion at 900◦C observed by XRD, the micrographs of the annealed sample revealed
a structure similar to the as-deposited condition, except for column boundaries
appearing more clearly defined and a reduced contrast from lattice-defect-induced
strain fields. Annealing at 1100◦C resulted in phase separation of the metastable
fcc-Ti1−x Alx N structure into w-AlN precipitates in an fcc-Ti1−x Alx N matrix. Orig-
inal column boundaries were also dissolved at this temperature, and a fine-textured
structure consisting of subgrains of diameter 50–100 nm evolved, in which the
spinodal decomposition progressed. After annealing at 1250◦C, grains of both
hexagonal and cubic phase were found to coarsen.

XRD analysis showed that initially the Ti0.50Al0.50N and Ti0.33Al0.67N films
were of single-phase NaCl-structure. For annealing at 600, 700, and 800◦C, the
film peak broadening remained constant at 0.50◦ 2� up to 600◦C, and decreased
to 0.45◦ 2� after annealing at 700◦C. Above 700◦C, the broadening increased
symmetrically. Annealing at 900◦C resulted in additional broadening of the film
(200) peaks, but also loss of peak symmetry,73 as seen in Fig. 11.14.



Advanced Nanostructured Wear-Resistant Coatings 491

(a) (b)

(c) (d)

∞

∞∞

FIGURE 11.13. Cross-sectional TEM micrographs of arc-deposited Ti0.33Al0.67N films in
(a) as-deposited and (b–d) 120 min annealed conditions. (From Ref. 73.)



492 Lars Hultman and Christian Mitterer

42 43 44 45 46 47 48 49

c-
A

lN
 (

20
0)

T
iN

 (
20

0)

TiAlN (200)

1100oC

900oC

As dep.

Diffraction angle (o2θ)

FIGURE 11.14. XRD patterns obtained from Ti0.33Al0.67N films in as-deposited and an-
nealed conditions revealing spinodal decomposition. (From Ref. 73.)

During annealing, exothermic reactions are seen in DSC (see Fig. 11.15)5 in-
cluding the sequential thermal activation of the processes given as follows: (1) re-
covery including lattice defect annihilation with residual stress relaxation; (2) Al-N
segregation from the matrix; (3) Ti-N segregation; and (4) w-AlN precipitation,

FIGURE 11.15. DSC traces from reactive arc-deposited TiN, Ti0.5Al0.5N, and Ti0.34Al0.66N
films showing heat flow dH/dT as a function of annealing temperature. The coatings were
heated at 50 K/min in a flow of Ar at atmospheric pressure. Four exothermic peaks are
indicated for the Ti1−x Alx N films, whereas only one (recovery) was observed for pure
TiN. The dashed lines elucidate the first three exothermic reactions in the films. (From
Ref. 5.)
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recovery, and grain growth. Initial results using small-angle neutron scattering on
a Ti0.50Al0.50N film after annealing at 860◦C (i.e., above the temperature of the
DSC peak for Al-N segregation shown in Fig. 11.15) indicate an average size of
the domains formed of about 1.2 nm. The activation energies for recovery and the
formation of TiN domains were determined to be 3.4 eV. Recovery and spinodal
decomposition are diffusion controlled within one phase, thus explaining the simi-
lar values. For the NaCl to wurtzite structure transformation of AlN and subsequent
recrystallization, additional nucleation is needed resulting in Ea = 3.6 eV. Con-
sidering the similarity of these values with that reported for surface diffusion of Ti
on TiN of 3.5 eV,112 we infer that spinodal decomposition can be a defect-assisted
process.

The observations made by XRD, TEM, and DSC provide evidence for spin-
odal decomposition operating in the bulk of Ti1−x Alx N thin films or coatings at
temperatures starting at 800–900◦C. For comparison, the surface-initiated spin-
odal decomposition in the Ti-Al-N system discussed above (cf Fig. 11.12) took
place during growth at Ts ≥ 540◦C. The much lower Ta for that process is explained
by the difference in activation energy for surface and bulk diffusion.

5.2. Age Hardening

Age hardening in metallurgy is studied since 100 years. It has been speculated
that the hardness increase for some ternary ceramic coating materials at elevated
temperatures is caused by phase separation and spinodal decomposition.55,103−−109

However, a critical review reveals that there is a lack in explaining the responsi-
ble microstructural changes and providing supporting observation. We confirmed
spinodal decomposition with a connected increase in film hardness in metastable
Ti0.34Al0.66N thin films between 700 and 1000◦C.5,73 The corresponding age hard-
ening effect can be seen in Fig. 11.16. Hardening does not occur for TiN,5,16,73

which instead softens at Ta ≥ 400◦C, due to stress recovery by annihilation of
deposition-process-induced defects, and recrystallization.14,16,70 For comparison,
the compressive stress in the Ti1−x Alx N films decreased from 2–3 GPa only to
∼1 GPa during annealing.113

Effectively, the Ti1−x Alx N coatings harden as a nanocomposite in which dis-
location activity ceases for a given small grain size.6,17,49,114−118 The material
adapts in strength to the annealing temperature conditions and can thus be consid-
ered to be functional or “smart” for its application. The reasons for this behavior
lie in the coherence strain from the 2.8% lattice mismatch between such volumes
(afcc-TiN = 4.24 Å, afcc-AlN = 4.12 Å) and also hardening from a difference in
shear modulus, which hinder dislocation movements for the larger domains.119

We submit that the commercial success of Ti1−x Alx N coatings is not only
based on its superior oxidation resistance,40,120−126 but also on the ability for
self-adaptation to the thermal load in tribological testing or cutting operations.
In fact, such coated cutting tools exhibit a lower wear rate in ball-on-disk testing
at 700◦C compared to room temperature111 and in milling operations compared
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FIGURE 11.16. (a) Influence of isothermal (2 h) annealing on hardness of arc-deposited
Ti0.34Al0.66N coatings.5 Results for a TiN coating is shown for comparison. Open symbols
refer to as-deposited samples. (b) HR-TEM image of a Ti0.34Al0.66N coating annealed at
1100◦C for 2 h, showing the [001] projection of Ti1−xAlxN lattice with dissociated 110
〈110〉 misfit dislocations due to relaxation of coherency strains between fcc-AlN and fcc-
TiN.

to TiN in machining of cast iron where the rake face heats up to above 900◦C.
Initial results also show that during the process of spinodal decomposition, there
is a concomitant increase in cutting tool life.113 (Note: Face milling tests of low-
C steel (42CrMo4) workpieces with a width of 80 mm were performed using
12 × 12 × 3 mm3 pressed and sintered WC—13 wt% Co milling inserts (SEKN
1203 AFTN-M14), 125-mm diameter of milling cutter, 300 m/min cutting speed,
0.2 mm/rev feed, 2.5-mm cutting depth, and 4-min time of engagement for the
cutting edges.) For face milling tests of low-C steel, the tool life increases by
∼50% (compared to pure TiN) with increasing Al contents up to approximately
x = 0.66, after which the tool life is drastically reduced to half of that for the TiN
reference. This performance decrease is related to the formation of a dual-phase
structure consisting of fcc-Ti1−x Alx N and w-AlN phases during coating growth.39

A note for consideration is that the phase transformation of w-AlN from
metastable fcc-Ti1−x Alx N during tools service at elevated temperatures can be
detrimental to the coating cohesion and adhesion.113 This is due to the 20% ex-
pansion in molar volume associated with the fcc- to hexagonal-structure trans-
formation of AlN. We also propose that this mechanism provides an expla-
nation for the observed drop in hardness for TiN/AlN multilayer films with
longer periodicities, e.g., 16 nm, containing a mixture of cubic and hexagonal-
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structure AlN phase during annealing between 800 and 1100◦C.127 The cubic
AlN-based nanolayers, however, generally exhibit higher hardness values than
coatings with w-AlN structures83,128,129 and are stable during high-temperature
(1000◦C) annealing.83,127

6. INTERDIFFUSION

As indicated above, most of the presently applied wear-resistant coatings are ce-
ramics with a high melting temperature. Thus, for a preferred dense coating, in-
terdiffusion phenomena are seldom encountered except at very high service tem-
peratures approaching 50% of the melting temperature. There are, however, some
types of coating materials that are more sensitive than others. The high interface
density of nanostructured hard coatings provides numerous paths for interdiffusion
between coating and substrate or workpiece in contact, respectively, which results
in composition gradients and probably modifications of coating structure. In the
examples given below, indiffusion refers to atoms from the environment diffusing
into the coating; outdiffusion is the diffusion of substrate atoms toward the surface
of the coating.129 Aspects of interdiffusion in nanolaminate structures have already
been treated in Section 4.2.2.

Strategies to combat interdiffusion are usually based on application of dense
diffusion barriers, where oxide-forming elements are added to single-phase or
nanocomposite coatings. Indiffusion of workpiece atoms during machining results
in diffusional wear or crater wear, especially on the rake face of cutting tools.39

Indiffusion can be effectively hindered by the in situ formation of dense oxide lay-
ers on top of the coating, for example, Al-rich layers on top of Ti1−x Alx N-based
coatings.40,120−126 The addition of Y to Ti1−x Alx N coatings further reduces not
only the oxidation rate,130 but also the indiffusion and outdiffusion of substrate and
workpiece materials. Specifically, Y is said to hinder pipe diffusion of substrate
elements (Fe or Ti) due to the segregation of Y and YOx to grain boundaries.131−133

Si additions to Ti1−x Alx N-based coatings were also found to reduce diffu-
sional wear.134 In contrast, the resistance of nanocomposite coatings in the Ti-
B-N system against diffusional wear seems to be lower compared to Si-alloyed
Ti1−x Alx N,134,135 which can be attributed to their lower oxidation resistance.20

Outdiffusion of Fe in TiN coatings occurs via grain boundary diffusion with
a low activation energy Ea = 0.48 eV and a diffusion coefficient D0 = 1.4 ×
10−11 cm2/s for the temperature range from 200 to 600◦C.136 Al, Cr, Si, and Y
are known to reduce both in- and outdiffusion;131,132,134 however, high Cr contents
in Ti1−x Crx N coatings (x = 0.79) have been reported to promote outdiffusion of
Fe substrate atoms.137 Outdiffusion of substrate atoms may be further enhanced
by low-density films providing diffusion paths via intergranular voids or oxidized
grain boundaries,70 high interface densities, and coating defects, e.g., macroparti-
cles or droplets. For example, outdiffusion of Co through Ti1−x Alx N coatings on
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WC-Co cemented carbide substrates has been observed to take place at tempera-
tures above 1200◦C, where Co diffusion occurs via open-voided grain boundaries
above these defects.73 After annealing at 1250◦C for 2 h, Co-rich islands were found
evenly distributed on Ti0.34Al0.66N and Ti0.26Al0.74N films covering approximately
one third of their surface. Compound formation has been reported in amorphous
W-Si-N films sputtered onto Fe-based superalloys due to outdiffusion of Fe, Ni,
Cr, Al, and C after annealing at 1000◦C.138,139 For sputtered nanocomposite coat-
ings consisting of TiN and TiB2 grown on molybdenum substrates, outdiffusion of
Mo and formation of the compounds MoB and Mo2B have been found following
annealing at 1200◦C.140 Fe outdiffusion has also been reported for nanocompos-
ite TiB2–TiC–TiN films deposited onto austenitic stainless steel substrates after
annealing in air at 900◦C for 2 h.141

Another aspect of outdiffusion is the loss of coating atoms via the coating sur-
face. Here, we exemplify this with carbon nitride, which is a resilient coating142 and
an emerging material for wear-resistant applications of mechanical components.
The fullerene-like CNx compounds generally exhibit a low work of indentation
usually connected to high-hardness materials. Yet, CNx shows a low-to-moderate
resistance to penetration depending on deposition conditions. Since the deforma-
tion energy is predominantly stored elastically, the material possesses an extremely
resilient character. This new class of materials consists of sp2-coordinated basal
planes that are buckled from the incorporation of pentagons and cross-linked at
sp3-hybridized C sites, both of which arise due to structural incorporation of ni-
trogen. CNx thus deforms elastically due to a bending of the structural units. The
orientation, radius of curvature of the basal planes, and the degree of cross-linking
in between them have been shown to define the structure and properties of the
material. It exhibits in addition to diffusion also a reaction with a concomitant
loss of N. The thermal stability of carbon nitride thin films was studied for post-
deposition annealing.143,144 Films were grown at temperatures of 100 (amorphous
structure), 350, and 550◦C (fullerene-like structure). For TA > 300◦C, N is lost and
graphitization takes place. At TA = 500◦C this process takes up to 48 h while at
900◦C it takes less than 2 min. By comparing the evolution of X-ray photoelectron
spectroscopy, electron energy-loss spectroscopy, and Raman spectra during an-
nealing, pyridine-like and graphite-like N as well as nitriles can be distinguished.
For TA > 800◦C, preferentially pyridine-like N and –C≡N are lost from the films,
mainly in the form of molecular N2 and C2N2, while graphite-like N is preserved
for the longest period. Due to graphitization, the hardness of the material de-
creases upon annealing; however, the elastic recovery actually increases slightly.
This shows that the high elastic response of fullerene-like CNx films can be largely
attributed to the graphitic basal plane structure. However, the annealing does not
promote the formation of cross-links between the planes, and therefore the overall
deformation resistance degrades if annealed at too high temperatures.

The trends discussed here were the same for all carbon nitride films, regardless
of the deposition temperature. However, film properties appeared to be stable to at
least that temperature. This means that a film grown at 500◦C can be operated at
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that temperature without having the material properties degraded. Films grown at
100◦C, however, cannot be operated at temperatures exceeding ∼300◦C. Caution
should, however, be taken if the film is being operated in the presence of oxygen
or hydrogen, since these elements can react with the film and promote decompo-
sition. Fernández-Ramos et al. defined the temperature limit for practical use of
CNx films in air to be 300◦C.145 This temperature is largely sufficient for many
important applications, such as wear-protective coatings on components for light
load application, e.g., hard disks and recorder heads. As soon as higher loads are
applied, their contact pressure equivalent to temperature must be considered.

7. OXIDATION

7.1. Alloying of Hard Coatings to Improve
Oxidation Resistance

Hard coatings should also be designed for chemical stability and oxidation resis-
tance for a given application. Since these processes are thermally activated, we
should consider them in the context of this chapter. The oxidation resistance has
up to now been considered as the key factor for the improvement in mechanical
properties and cutting performance of TiN-based coatings. Compared to TiN, TiC,
Ti(C,N), and CrN, Ti1−x Alx N coatings have better oxidation resistance, higher
hardness, and remain stable at higher temperatures.120−124,146−148 This alloying
approach is reflected in hard coating technology, where the general trend during
recent years in improving the properties of Ti1−x Alx N has been to increase the
Al content of the coating so as to promote the formation of an alleged protec-
tive outer Al2O3 layer during tool operation, while avoiding phase separation into
a two-phase equilibrium structure (fcc-TiN and hcp-AlN) with TiO2 formation
during deposition. While the high-temperature oxidation of TiN to rutile TiO2 is
pseudolinear with spallation of oxide layer due to the increased molar volume of
TiO2 compared to TiN,40,149 Ti1−x Alx N, however, has a parabolic oxidation rate
constant that gives the passive double layer. Oxidation of Ti0.5Al0.5N proceeds by
outward diffusion of Al to form Al-rich oxide at the topmost surface and inward
diffusion of O to form Ti-rich oxide at the interface to Ti1−x Alx N.40 The oxidation
mechanisms behind the formation of an outer Al2O3 and inner TiO2 layer were
worked out in the 1980s.49,125,150 It has, however, not been made clear whether
the contact zone between cutting insert and workpiece in continuous cutting is
actually exposed to atmospheric oxygen.

Also, thermal stresses during usage of the coated objects can affect the coat-
ing integrity. For example, McIntyre et al.40 have shown that the failure during
high-temperature oxidation of Ti0.5Al0.5N coatings deposited on stainless steel
substrates occurs through crack formation in the films. The tensile stress caused
by the larger thermal expansion coefficient of the substrate compared to the film
was found to be high enough to initiate crack formation in the films when heated
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to temperatures above 800◦C after deposition. However, it was also demonstrated
that in this case, the cracking resistance of the films and thus their oxidation
protective properties were considerably increased. This happened because of a
built-in compressive stress level in the as-deposited films, obtained by applying
a negative substrate bias during growth. However, if the coating is subjected to
thermal cycling during application, e.g., in interrupted cutting or die casting, the
compressive stresses should be limited to moderate values. Otherwise the tensile
stress introduced during the cooling phase in the near-surface zone below the coat-
ing is increased by the tensile component balancing the compressive stress of a
well-adherent coating, giving rise to early failure of the near-surface zone.151

Coating stresses have also been shown to affect the oxidation resistance via
the mobility of diffusing species in, e.g., sputtered CrN coatings. Tensile stresses
caused by the formation of voids or vacancies during coating growth favor diffu-
sion, thus yielding lower values for the apparent activation energy for oxidation
compared to coatings under compressive stress.152

Münz and coworkers have shown that additions of alloying elements Cr and Y
can further reduce the oxidation rate of Ti1−x Alx N coatings and make them stable
up to above 950◦C.129,153 The incorporation of Y reduces the oxide layer thickness
from ∼3000 nm for Ti0.43Al0.53Cr0.03N to ∼300 nm for Ti0.43Al0.52Cr0.03Y0.02N
after 1-h exposure at 950◦C,131 where the path along column boundaries for indif-
fusion of oxygen and outdiffusion of substrate elements is blocked by segregation
of Y and YOx (see Section 6).153

The addition of Si to TiN-based hard coatings results in an increased oxida-
tion resistance due to SiO2 formation; however, the mass gain during oxidation is
considerably higher compared to Ti1−x Alx N.154 A comparison of the oxide layer
thickness of nanocomposite TiN–Si3N4 coatings with different amounts of Si3N4

at temperatures between 600 and 1000◦C in air showed that coatings with high Si
contents oxidize with high apparent activation energies up to a certain temperature,
above which accelerated oxidation with an activation energy typical for TiN takes
place. This transition temperature is a function of the Si content of the coating, i.e.,
the thicker the amorphous Si3N4 layer is, the longer it takes the oxygen to reach
the encapsulated TiN nanocrystals. Once oxidation of TiN commences, cracking
of the Si-rich oxide occurs, giving rise to further access of oxygen and acceler-
ation of oxidation.108,155 From coating application aspects, the as-formed SiO2

layer is apt to evaporate due to a relatively high vapor pressure at temperatures
above 850◦C.

Similar to Si, B incorporation into TiN coatings causes an improvement of
the oxidation resistance, but is less effective compared to Al.20 For nanocompos-
ite TiC–TiB2 coatings, catastrophic failure during TGA occurred at 650–760◦C.
These coatings deposited onto stainless steel have been shown to be completely
oxidized after air exposure at 900◦C for 2 h, with rutile TiO2, B2O3, and Fe2O3

phases formed. The TiB2 and TiC components oxidize in sequence, with apparent
activation energies of 1.33 and 1.53 eV, respectively.141
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7.2. Self-Adaptation by Oxidation

Recently, several approaches have been suggested to improve the tribological prop-
erties of hard coatings by tailoring their oxidation behavior. Examples for these
developments, which could be used to add functional self-adaptive features to the
structural properties of hard coatings, are summarized below. All of these attempts
are based on the assumption that the contact zone between cutting tool and work-
piece is exposed to oxygen, which is true for, e.g., interrupted cutting, but not
verified yet in other cases.

The unavoidable Cl impurities in TiN coatings deposited by PACVD using
TiCl4 as precursor cause a significant decrease of the oxidation resistance compared
to PVD coatings (i.e., without Cl).20 However, it has recently been shown that these
Cl impurities have some concurrent beneficial effects on the coating constitution.
They exhibit, on the one hand, grain refinement by continuous renucleation during
growth.156 On the other hand, in humid air, the formation of a thin rutile layer
is stimulated at the topmost surface.157 These rutile layers provide easy-shearing
crystallographic lattice planes and thus a lubrication effect in ball-on-disk testing,
reducing the friction coefficient against steel from 0.7 without Cl impurities to
0.15 for Cl contents above 3 at%.158 The low-friction effect is obtained by self-
adaptation after a certain running-in distance in ball-on-disk testing, where Cl
segregated to the grain boundaries is released from the coating by abrasion and
then is accommodated at the contact zone. The length of the running-in distance
is either determined by the Cl content itself,159 by the hardness of the counterpart
determining coating abrasion and thus Cl release,159 and by the sliding contact
conditions.157,158 This Cl-induced low-friction effect has been demonstrated for
several coating systems, e.g., TiN,156−158,160−162 TiCx N1−x ,163 and nanocomposite
Ti-B-N,164 where the Cl addition was provided by the PACVD process or by Cl
ion implantation, respectively. Since one of the preconditions for this effect is
the adsorbed water film on top of the coating,157 low friction is provided for
temperatures below 60◦C.158 However, the effect might be beneficial for cold
working applications like deep drawing or metal forming.165

Rutile TiO2 has crystallographic similarities to the Magnéli-phase oxides
based on V, W, Mo, and Ti, which provide easy shear planes and low melting tem-
peratures, making them interesting candidates for high-temperature lubrication.
Recently, it has been proposed to employ the V2O5 Magnéli-phase by thermo-
and tribo-oxidation of sputtered VN coatings, which start to oxidize at 520◦C. The
formed V2O5 phase melts at 660◦C providing a liquid oxide film in the contact zone
in ball-on-disk testing.37 The liquid oxide lubrication effect reduces the friction co-
efficient obtained at 700◦C against steel and alumina to below 0.2. The low-friction
concept based on the oxidation VN → V2O5 has been applied to improve the tri-
bological properties of Ti1−x Alx N coatings, either in the form of Ti1−x Alx N/VN
superlattices166−169 or Ti1−x Alx N coatings alloyed with V.170 V2O5 formation and
the lubrication effect have been confirmed; however, due to the reduction of V2O5
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to higher melting oxide phases like VO2 during exposure,171 the low-friction effect
is limited with time.169 Nevertheless, the concept may be advantageous for lubri-
cation at high temperatures, e.g., during dry cutting, where other solid lubricants
begin to fail in their effectiveness due to environmental degradation,172 providing
functional behavior of hard coatings.

8. CONCLUSIONS AND OUTLOOK

There is a growing interest in the studies of thermal stability of nanostructured
wear-resistant coatings, in particular for the transition metal nitrides due to their
widespread application in wear protection. Research in these directions is also
motivated by other applications such as nuclear fuel material, diffusion barriers,
laser diodes, or electrical contacts where elevated temperatures are implicit. It is
further an incentive to design materials with retained thermal stability by means
of self-organization during operation of a coated component or tool. This struc-
tural modification can be controlled by studying the secondary phase transforma-
tions and reactions that take place on the nanometer scale in coatings grown in a
metastable state.

Softening and loss of performance of wear-resistant nanostructured coatings
when exposed to elevated temperatures occur via diffusion-controlled mechanisms
like stress relaxation by recovery, recrystallization and grain coarsening, interdif-
fusion of the individual layers or phases in nanolaminate or nanocomposite coat-
ings, or oxidization. Diffusion measurements in ceramic materials with their very
high melting points are, however, difficult to perform. Furthermore, many of these
materials are largely nonstoichiometric and contain impurities or growth-induced
defects depending on the synthesis processes. To follow and predict the result-
ing phase transformations becomes a correspondingly demanding task, due to a
common lack of characterization of the composition, bonding, and structure at
the nanometer level. From this perspective, even TiN constitutes a quite complex
system, notwithstanding carbonitrides or metal alloy nitrides, e.g., Ti(C,N) and
Ti1−x Alx N—as the simplest examples—that are now part of the coating market. It
is reassuring that the analysis instrumentation, e.g., analytical electron microscopy,
is under rapid development such that it will offer unsurpassed capability to address
the above problems in the next few years.

The stress relaxation rate in coatings during thermal annealing (recovery) is
a strong function of the as-deposited material stress level, which is influenced
by the deposition temperature and bias voltage in PVD or PACVD processing.
The final stress state of the film is due to both short-range momentum transfer
processes in the ion collision cascade during deposition and thermally activated
point-defect transport and agglomeration. Essentially nothing is known about the
nature of point defects or defect clusters that form in the coatings synthesized by
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ion-assisted deposition techniques. This is potentially limiting the full exploitation
of nanostructured coatings, since residual stress engineering, phase selectivity, or
grain size design is of concern. Stress recovery during deposition is generally
greater than during postdeposition anneals at the same temperature, due to the
larger degrees of freedom for adatom diffusion and defect annihilation near a
free surface. The kinetics of stress recovery has been described in just a few
cases and materials. Typically, there is a range of defects with different activation
energies for effective recovery. In fact, defect annihilation takes place in the order
of their stability during annealing. For the compressive stress relaxation in nitrides,
a range of apparent activation energy values are found below that for self-diffusion.
We submit that residual stress engineering with a retained thermal stability is an
important field for future research in coating technology.

Recrystallization and grain coarsening leading to the loss of the precondi-
tion for mechanical hardness enhancement in nanolaminates or nanocomposites
is driven by their high interfacial energy stored. Again, more detailed studies on
the influence of the interface on the thermal stability are needed to exploit the full
potential of nanostructured coatings.

The revelation that thin films can be age hardened through spinodal decom-
position or by nucleation and growth (precipitation) in secondary phase transfor-
mation has vast technological importance for the design of next generations of
wear-resistant coatings by advanced surface engineering. These sorts of transfor-
mations are expected to occur in several of the ternary, quaternary, and multinary
transition metal nitride based systems, as they exhibit miscibility gaps and can be
processed by state-of-the-art vapor deposition processes in such metastable states.

Application of hard coatings exposes them not only to high temperatures,
but also to oxygen-containing environments. Oxidation has been studied for a
huge variety of coating materials where onset temperatures and the weight gain
have been determined. However, detailed studies on the oxidation mechanisms and
their apparent activation energies are rare, although these data will allow designing
coatings with a tailored response to the thermal load applied, e.g., where dense
oxide scales formed prevent indiffusion of workpiece atoms or provide lubricious
properties. Also dynamic experiments need to be performed in addition to static
ones, in order to establish the access and relevance of oxygen to the contact zone
in, e.g., cutting operation.

From industrial interest in increased cutting speed and feeding rate, as well
as for dry cutting, there is consequently a demand for coatings that can withstand
high temperatures. To enable further developments in this area, diffusion-related
phenomena controlling recovery, recrystallization, segregation, grain growth, in-
terdiffusion, and oxidation have to be studied in much more detail, in particular
for the exploitation of nonequilibrium-state wear-resistant coatings. Such data
will be an important input to calculate the lifetime of a coating and to select
cutting data for a given application. This is nanoscience and nanotechnology at
work.
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6. S. Vepřek, The search for novel, superhard materials, J. Vac. Sci. Technol. A 17, 2401–2420

(1999).
7. A. A. Voevodin and J. S. Zabinski, Supertough wear-resistant coatings with “chameleon” surface

adaptation, Thin Solid Films 370, 223–231 (2000).
8. J.-E. Sundgren, Structure and properties of TiN coatings, Thin Solid Films 128, 21–44 (1985).
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40. D. McIntyre, J. E. Greene, G. Håkansson, J.-E. Sundgren, and W.-D. Münz, Oxidation of
metastable single-phase polycrystalline Ti0.5Al0.5N films: Kinetics and mechanisms, J. Appl.
Phys. 67, 1542–1553 (1990).

41. F. Adibi, I. Petrov, L. Hultman, U. Wahlström, T. Shimizu, D. McIntyre, J. E. Greene, and
J.-E. Sundgren, Defect structure and phase transitions in epitaxial metastable cubic Ti0.5Al0.5N
alloys grown on MgO(001) by ultra-high-vacuum magnetron sputter deposition, J. Appl. Phys.
69, 6437–6450 (1991).



504 Lars Hultman and Christian Mitterer

42. R. Kaspi, L. Hultman, and S. A. Barnett, Growth of InGaAsSb layers in the miscibility gap:
Use of very-low-energy ion irradiation to reduce alloy decomposition, J. Vac. Sci. Technol. B 13,
978–987 (1995).

43. T. Seppänen, G. Z. Radnoczi, S. Tungasmita, L. Hultman, and J. Birch, Growth and characteriza-
tion of epitaxial wurtzite Al1−x Inx N thin films deposited by UHV reactive dual DC magnetron
sputtering, Mater. Sci. Forum 433–436, 987–990 (2003).

44. H. Holleck, Metastable coatings—Prediction of composition and structure, Surf. Coat. Technol.
36, 151–159 (1988).

45. L. A. Donohue, D. B. Lewis, W.-D. Münz, M. M. Stack, S. B. Lyon, H.-W. Wang, and D. Rafaja,
The influence of low concentrations of chromium and yttrium on the oxidation behaviour, residual
stress and corrosion performance of TiAlN hard coatings on steel substrates, Vacuum 55, 109–114
(1999).

46. C.-M. Suh, B.-W. Hwang, and R.-I. Murakami, Behaviors of residual stress and high-
temperature fatigue life in ceramic coatings produced by PVD, Mater. Sci. Eng. A 343, 1–7
(2003).

47. H. Holleck, Neue Entwicklungen bei PVD-Hartstoffschichten, Metall 7, 614–624 (1989).
48. P. B. Barna, Crystal growth and recrystallization during structure evolution of thin films, in

Diagnostics and Applications of Thin Films, edited by L. Eckertová and T. Ruzicka (Institute of
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1. INTRODUCTION

One of the main attributes which nanostructured coatings may possess is extreme
hardness; indeed, that aspect of such coatings is emphasized throughout this book.
Based on classical theories of tribology,1 one might assume that this attribute
would make nanostructured coatings ideal for tribological applications. However
research has shown that in many wear contacts, obtaining appropriate levels of
elasticity and strain tolerance can be just as important as the achievement of high
hardness, in ensuring that wear-resistant coatings function effectively. This leads
to the concept of optimizing both hardness (H ) to a (sufficiently) high value and
elastic modulus (E) to an appropriate (relatively low) level, when designing tribo-
logical coatings. These requirements translate to the need for a high “H /E ratio”
and—as we shall describe—nanostructured coatings hold considerable promise in
attaining this goal. By harnessing the benefits of nanocrystallinity, and by careful
selection of the “matrix-phase” and “reinforcement-phase” coating constituents
(with appropriate mechanical and tribochemical properties), it is now possible
to produce wear-resistant coatings exhibiting novel combinations of hardness,
“resilience” (determined primarily by the elastic properties of the coating ma-
terial) and “engineering toughness” (determined primarily by coating ductility),
which can be optimized to suit a wider range of substrate materials and tribology
applications.

Holmberg and coworkers have written extensively on developments in the
understanding of tribological contacts and the implications for coating design.2–5

In particular, they have discussed how the mechanisms occurring in a contact
should be considered at five main levels in order to achieve a systematic, holistic
understanding (and optimization) of the complete tribological processes. These
mechanisms are (a) macromechanical, (b) micromechanical, (c) material transfer,
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FIGURE 12.1. Tribological phenomena observed in sliding contacts, resulting from
changes in coating parameters.2,5

(d) tribochemical, and (e) nanomechanical. Macromechanical mechanisms re-
late to the macroscopic deformations that occur under load, i.e., the near-surface
stresses and strains and the total elastic and plastic deformations. For coated sur-
faces, the relative coating and substrate hardnesses, the coating thickness, the
roughness, and the size and hardness of any debris all play a part in these stresses
and the consequent tribological behavior, as illustrated in Fig. 12.1.

The origins of the wear and frictional effects observed at the macro-level
can be found in the mechanisms that occur at the micro-level, i.e., the stresses and
strains occurring between contacting asperities, and the crack generation and prop-
agation, leading to material liberation and formation of debris. Effective coating
design must prevent such damaging effects—and the concern to ensure adequate
elasticity and toughness is thus particularly appropriate. In effect the coating must
interpose between the surfaces to accommodate the stresses and strains present
and to prevent cracking (as well as to limit tribochemical effects such as corro-
sion). Berthier et al.6,7 identified four mechanisms by which velocity differences
between two contacting surfaces can be accommodated: elastic deformation, frac-
ture, shear, and rolling. If we assume that the second of these mechanisms must be
avoided, and that the third and fourth may be feasible only in specially designed
systems, then it follows that adequate elasticity is a requirement in most systems
if micromechanical failure mechanisms are to be avoided.
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The material transfer and tribochemical responses of a surface are material-
and phase-dependent properties, which can be optimized to suit a particular oper-
ating environment and counterface type. In fact, ideally they should be controlled
in a way that makes the coating adapt to the operating environment and contact
conditions, so that the friction and wear behavior are continuously optimized.
Coatings exhibiting such adaptive behavior have been termed “chameleon-like.”
Nanomechanical mechanisms are increasingly being recognized as highly influ-
ential on the frictional properties of a material pairing. Scientific understanding
in this area of tribology is, at present, still in its infancy, although rapid progress
can be expected with the increasing availability of equipment such as the atomic
force microscope, and associated devices, designed to measure atomic-scale con-
tact mechanisms and friction forces. This is beginning to allow an understanding
of the reasons why certain hard materials sometimes exhibit low friction by, for
example, the creation of an ultrathin low shear strength surface layer.

Overall, the recent developments in understanding of the tribological phe-
nomena referred to above confirm many of the observations of an early study by
Oberle,8 which showed that tribological surfaces must possess a suitable combi-
nation of hardness and elasticity to be able to deform without yielding plastically,
under load. Also, historically, bearing designers have utilized the H /E ratio in
a parameter called the “plasticity index,” which defines the mechanical property
(and surface roughness) requirements for bearing surfaces.9 For a coated surface
the H /E ratio becomes even more important, since the coating needs to be able
to deflect in sympathy with the substrate (as the system deforms under load). To
achieve this, the coating and substrate elastic moduli should ideally be as closely
matched as is practically possible; this is beneficial in minimizing both peak sur-
face contact pressures in hard-coated contacts10 and strain mismatch—reducing
the risk of high interfacial stresses between substrate and coating.11 When it is
not possible to utilize a low-modulus (compliant) coating, and an ultrahard (brit-
tle) one is necessary, it becomes particularly important to provide adequate load
support to the coating—for example, by hardening the substrate surface prior to
coating. In the next section we describe some theoretical considerations, which
have been developed in order to meet the tribological contact requirements we
have described.

2. THE SIGNIFICANCE OF H/E IN DETERMINING
COATING PERFORMANCE

In spite of the evidence of a need for wear-resistant coatings that are also resilient
and tough, the imperative for coating developers over many years has been to strive
for harder (and stiffer) coatings (e.g., thin-film diamond, cubic boron nitride, and,
more recently, carbon nitride—C3N4). However, as mentioned above, it is now
recognized increasingly that coating resilience and toughness can be equally (if
not more) important factors in reducing wear—particularly under conditions of



514 Adrian Leyland and Allan Matthews

impact, abrasion, or erosion. In terms of elastic “resilience” (i.e., an ability to
absorb deformation energy), it has been shown that the ratio H 2/E provides a suit-
able ranking parameter between different materials. Also, the ratio H /E provides
an indicator of the “elastic strain-to-failure.”9,12,13 Furthermore, Ramalingam and
Zheng11,14 have emphasized a need to match the coating elastic modulus to that
of the intended substrate. However, investigations by Tsui and coworkers,15–17

(using nanoindentation techniques to examine the behavior of both coatings and
bulk materials) illustrate that other important near-surface material properties for
tribological applications, such as the contact yield pressure and the fracture tough-
ness, can (if the contact geometry is known) also be described in terms of the
measured hardness (H ) and elastic modulus (E). For example, the yield pressure
Py—a parameter that defines resistance to plastic deformation in a “rigid-ball on
elastic/plastic plate” contact—can be determined by the following equation:

Py = 0.78r2(H 3/E2) (12.1)

where r is the contacting sphere radius; thus H 3/E2 should be a strong indicator
of coating resistance to plastic deformation in such types of loaded contact. This
equation relates to the earlier analysis of Johnson9 and to the observations of
Tabor,18 and others, that the hardness of a conventional polycrystalline (metallic)
approximately material is, typically, three times its yield strength.

Furthermore, as Lawn et al.19 and more recently Pharr16 have suggested that
an indication of fracture toughness (i.e., resistance to crack propagation, leading
to failure) can be obtained by examining the surface radial cracks created during
indentation, and described by the equation

Kc = αl(E/H )1/2(P/c3/2) (12.2)

where P is the peak indentation load, c is the radial crack length, and α1 is an
empirical constant related to the indenter geometry. Kc describes the “critical stress
intensity” factor for crack propagation; however, it is not an intrinsic parameter
that can be used to measure directly fracture toughness. Based on Griffith’s crack
propagation theory (and making the general assumption of a material that exhibits
brittle behavior, but with some local plastic deformation), the “critical strain energy
release rate” (per crack tip) Gc is arguably a more useful measure of the ‘global’
fracture toughness,20 and can be related to Kc by the following equation:

Kc = (EGc)1/2 (for plane stress) (12.3)

Kc = [EGc/(1 − υ2)]1/2 (for plane strain) (12.4)

where υ is Poisson’s ratio (υ ≈ 0.3 for most metals). Substituting Eq. (12.3) into
Eq. (12.2) and rearranging gives a measurable indicator of fracture toughness, i.e.,

Gc = α2(P2/Hc3) (12.5)

Thus, if P is known and H and c can be measured, a numerical ranking of
relative coating fracture toughness should be obtainable by low-load indentation;
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it should also be possible to relate P (and therefore Gc) back to Py in Eq. (12.1).
Of more practical and commercial relevance, however, would be the correlation
of such measurements to actual durability in dynamic tribological applications,
as typified by tests such as pin-on-disk (or reciprocating-sliding) wear, rubber-
wheel/sand abrasion, and ball-on-plate impact.

For ductile materials, the Irwin–Orowan modification to the Griffith (linear-
elastic fracture-based) equation gives the critical stress σ c for fast fracture as

σc = [(2γs + γp)E/(πa)]1/2 (12.6)

where a is the critical crack size. The (2γ s + γ p) function, in which γ p is the
plastic contribution (associated with crack tip blunting) to the energy required for
fracture, describes the fracture toughness G20

c. For ductile materials γ p may be
many times larger than the γ s term, which describes the free energy of the crack
surfaces formed. Inserting Gc in Eq. (12.6) and rearranging yields

Gc = σ 2
c πa/E (12.7)

Thus fracture toughness would appear to be improved by both a high critical
stress for fast fracture (which implies a high hardness) and a low elastic modulus.
With particular regard to fracture toughness, however, Veprek21 argues that the
deformation of ceramic–ceramic or ceramic–amorphous nanocomposite materials
(particularly where an amorphous matrix is generated as the minority phase) is
likely to occur through nanocracking in the matrix (and possible associated rota-
tion of the “defect-free” nanograins), with a maximum crack length determined
by the grain size. Furthermore, it can be inferred that the effective (global) frac-
ture toughness may increase, due to the higher energy input required to link these
nanocracks together, particularly if there is strong interfacial bonding (i.e., co-
herency) between the matrix and the nanograins. One might consider that such
arguments are contradictory, based on Eq. (12.7), since a small “a” should not be
conducive to high values of Gc. However, the empirical relationships that underpin
simple elastic fracture mechanics theory are not necessarily valid in this case, and
the maximum crack length considered by Veprek is probably not the same as the
“a” parameter in Eq. (12.7); i.e., it is only after a large number of nanocracks have
linked-up that the critical flaw size for fast fracture is reached. Thus, as Eq. (12.7)
suggests, a large critical crack size for fast fracture is commensurate with a high
Gc value and in our opinion Veprek’s suppositions are, within certain theoretical
constraints, valid. Importantly, they may also hold true for softer, lower modulus
“metal–metal” nanocomposites where the essentially dislocation-free nanograins
(if dislocations are indeed present it will be difficult for them to multiply) will resist
plastic flow, although there may be partial slip in the matrix, allowing conformal
deformation to occur under high loads (which may ultimately lead to nanocrack
formation). This should, in principle, create a coating that is hard and tough, but
also exhibits elastic properties closely matched to those of typical commercial sub-
strate materials—an important consideration for “real-life” coating durability that
is often overlooked. We would expect the toughening effects of a combination of
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moderately high hardness and low elastic modulus (with associated resistance to
yielding, or fracture, under application of a high local strain) to be detectable in, for
example, nanoindentation measurements where a smaller “c” value in Eq. (12.5)
may result—allowing coating fracture toughness improvements to be quantified.

In regard to microstructural effects, it is well known from classical deforma-
tion theory that hardness and grain size are, in conventional polycrystalline ma-
terials, interdependent. This is as described by the Hall–Petch equation whereby,
for a given grain size d

Hd = H0 + k1d−1/2 (12.8)

where H0 is an intrinsic material parameter and k1 a constant, related both to the
shear modulus (and thus, indirectly, to E) and to the critical shear stress for dis-
location movement in the material. Similarly, the yield stress will be grain size
dependent (i.e., σ y = σ 0 + k2d−1/2), and will tend to increase linearly as a func-
tion of d−1/2. Furthermore, it is well known that the corresponding fracture stress
σ f also tends to increase (initially sublinearly) as a function of d−1/2 such that,
at large grain sizes (and particularly at higher strain rates), brittle fracture tends
to occur before the expected elastic limit is reached. More importantly for our
considerations, as the grain size decreases below the point at which σy = σf, in-
creasing ductility (at least in compression) and, in many practical cases, associated
higher maximum stress accommodation (through local conformal yielding) may
be obtained.22

From the above arguments it becomes apparent that a higher coating hardness
will be beneficial in terms of increased resistance to plastic deformation. It is
however also apparent that for a given coating hardness, a lower elastic modulus
may often be particularly beneficial if E can be adjusted to match closely that of
the underlying substrate material, minimizing coating–substrate interfacial stress
discontinuities under load and allowing the coating to deflect without fracture or
yielding. This is generally not possible with traditional hard ceramic coatings,
where E is typically at least three to four times higher than that of a desired
substrate material (e.g., steel or some other metal alloy). Revisiting Eq. (12.5), it
becomes clear that (as one might intuitively predict) high hardness is unlikely to be
beneficial for coating fracture toughness. Here the microstructural characteristics
of the coating material will be important as, in practice, it is factors such as grain
size and phase distribution that are likely to control crack propagation mechanisms
in the coating, i.e., factors relating to “a” in Eq. (12.7) and (in attempting to measure
such effects) “c” in Eq. (12.5).

Much of the classical bulk fracture mechanics theory is based on the assump-
tion of a pre-existing crack or flaw, which necessarily imposes a high material
stiffness requirement (i.e., a high E value) to prevent flaw growth to some crit-
ical dimension at which catastrophic failure occurs. The empirical models that
describe such effects may indeed provide a very accurate representation of the
behavior of certain materials (e.g., bulk ceramics) but, for a tribological coating
on a metallic industrial component, conformal cracking—or indeed limited plastic
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deformation—of the coating is not necessarily undesirable. It may be beneficial in
improving strain tolerance, or perhaps in providing other consequential benefits;
for instance, a lubricant reservoir (as in the case of crack networks in electroplated
hard chrome). What will be beneficial in practical applications, we believe, is
closely matched strain behavior between coating and substrate, up to (and even
beyond) the elastic limit of the substrate. By generating a large H /E value—i.e.,
a sufficiently high hardness (to resist plastic deformation)—but with a low elastic
modulus23 (similar to or ideally slightly below that of the substrate material), we
believe the most durable coatings will be obtained for many applications. Never-
theless, in tribological contacts where high stiffness (and tribochemical inertness)
at or near the surface is a fundamental requirement (e.g., for many cutting tools),
ceramic nanocomposite coating systems of the Ti-B-N/Ti-B-C type24–30 offer a
diverse range of possibilities in functional grading of properties between (i) the
coating–substrate interface, (ii) the body of the coating, and (iii) the coating sur-
face. In each case, very different characteristics in terms of the balance between
elasticity/stiffness, ductility/hardness, and frictional/tribochemical behavior may
be required simultaneously. Work by the authors has explored, in some detail, the
use of both sputter- and electron-beam physical vapor deposition (EB-PVD) to
produce coatings based on a Ti-Al-B-N quaternary system, where a wide range of
mechanical, structural, and tribological properties may be available concurrently
from carefully chosen source materials.23,31–34 Such developments are now being
extended to other ternary and quaternary systems based on (for example) the sub-
stitution of chromium for titanium/aluminum and/or silicon for aluminum/boron,
with a number of commercial applications for such nanostructured films (particu-
larly for CrAlN, TiSiN, TiCrAlN, and TiAlSiN—as well as the now widely used
TiAlN) now emerging.

3. PRACTICAL CONSIDERATIONS FOR VAPOR
DEPOSITION OF NANOSTRUCTURED COATINGS

Following on from the work on Ti-Al-B-N (and other, similar ceramic nanocom-
posite systems such as those mentioned above), the authors have proposed an
approach to tribological coatings development based on predominantly metallic
(rather than ceramic) coatings. The advantages of vapor deposition techniques
(particularly low-temperature plasma-assisted PVD methods) can be harnessed
to provide the required structure, adhesion, and high hardness—together with
improved toughness and/or resilience, compared to ceramic films. The inherent
ability of such techniques to provide a high quench rate in the depositing film and
generate unusual levels of supersaturation of both interstitial and low-miscibility
substitutional alloying elements is a key factor in promoting nanocrystalline (or
even glassy) phase formation in vapor-deposited coatings. Furthermore, it is widely
known that thin ceramic films, despite their (tribo)chemical inertness, do not usu-
ally provide adequate corrosion resistance—since they tend to suffer defects and
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porosity through which the coating–substrate interface can be attacked, leading to
spallation. Such effects are exacerbated when (as is often the case) a thin metallic
interlayer is deposited between coating and substrate (the latter of which is al-
ready highly activated by the sputter precleaning process), to improve interfacial
adhesion and accommodate strain mismatch. For example, the titanium interlayer
deposited between a (typically steel) substrate and a PVD TiN coating is known to
be susceptible to galvanic attack.35 Metallic films can generally be vapor deposited
with lower residual compressive stress than their ceramic counterparts, allowing
thicker films to be deployed with reduced risk of spallation. Also, the maximum
rate at which a metallic film of the required stoichiometry and structural integrity
can (for a chosen substrate temperature) be deposited is usually many times higher
than for ceramic compounds. With current commercial vapor deposition technol-
ogy, growth rates of only a few micrometers per hour are realistically attainable
for dense ceramic films at 200–400◦C deposition temperatures suitable for many
metallic substrate materials. However, there is realistic scope to deposit nanostruc-
tured metallic films at rates of 10 µm/h or higher at these temperatures (with low
porosity and high abrasion/erosion resistance), creating prospects to compete (on
thickness and cost) with, for example, electroplated hard chromium or electroless
nickel–phosphorus coatings. There are also strong arguments in the literature that
nanograined or amorphous metals might provide more uniform and predictable sac-
rificial corrosion protection, primarily due to their small and uniformly distributed
features;36 such arguments might reasonably be expected to translate directly to
the behavior of nanostructured metallic films. We address some of these issues in
the following sections of this chapter, indicating where possible what the likely
design and materials selection criteria might be, to achieve the desired combina-
tions of mechanical, tribological, and other (e.g., corrosion-resistant) properties in
such films.

4. DESIGN AND MATERIALS CONSIDERATIONS
FOR METALLIC-NANOCOMPOSITE AND
GLASSY-METAL FILMS

4.1. Background to Metal Nanocomposite Films

As we see above, recent developments in plasma-assisted PVD and chemical vapor
deposition (CVD) thin film technology—particularly in production of nanostruc-
tured films—reveal possibilities to adjust the hardness and elastic modulus of a
tribological coating with some degree of independence, introducing exciting pos-
sibilities to produce wear-resistant surfaces with combinations of previously unob-
tainable properties. Scientific interest in, particularly, sputter PVD processes (but
also in plasma-assisted CVD) to produce nanocomposite coatings is so far directed
primarily toward the development of “superhard” i.e., H ≥ 40 GPa) coatings for
dry sliding wear resistance and high thermal stability, based on the premise of
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creating composites of a nanocrystalline ceramic reinforcement phase embedded
in an amorphous ceramic21,37,38 (i.e., ceramic–ceramic nanocomposite) or low-
miscibility metallic39,40 (i.e., ceramic–metal nanocomposite) matrix phase. As we
suggested earlier, many such films also tend to exhibit a high elastic modulus—
which may be beneficial for coated tooling, but perhaps not in other applications.
This led us to propose that metal–metal nanocomposite coatings might be an
equally rewarding subject of investigation,12,41 since they promise considerable
scope to provide (and adjust) a low coating elastic modulus—in a range similar
to that of many candidate substrate materials—while, with selection of appropri-
ate materials and processing routes, allowing “ceramic” values of hardness (i.e.,
of the order of 15–20 GPa, or higher) to be achieved. This approach stemmed
mainly from our earlier work with metallic coatings based on Cr,42 W,43 TiAl,23 or
stainless steel,44,45 each “doped” (i.e., interstitially supersaturated) with nitrogen,
carbon, and/or boron, where we found frequently that the coating that performed
best in a wear application was not necessarily that which was hardest but, more
often, that which exhibited a high H /E ratio.

Taking for instance the example of “nitrogen-doped” chromium,42 we found
that moderately hard (i.e., 12–15 GPa) metallic films with, correspondingly, around
12–15 at% N in supersaturated solid solution (the “equilibrium” solubility of nitro-
gen in chromium is expected to reach a maximum of ∼4.3 at% between 1650 and
1700◦C and be negligible below 1000◦C)46 gave results superior to those of sig-
nificantly harder (i.e., 20–25 GPa) ceramic nitride films, when subjected to severe
impact wear. Experiments were performed using a “ball-on-plate” configuration,
whereby a 10-mm-diameter ball of either chromium steel or WC-Co was repeat-
edly driven against a coated plate at a load of several hundred newtons, sufficient
to cause considerable plastic deformation of the underlying substrate material. For
both ball materials, the impact crater wear volume after 50 000 cycles was high
for low-nitrogen (i.e., low hardness) chromium films, but similarly low for both
high-nitrogen chromium and ceramic nitride films; i.e., increased hardness beyond
15 GPa had little further effect in reducing the impact crater volume. However, the
overall performance of the high-nitrogen metallic films was superior in that (de-
spite substantial substrate plastic deformation) little or no cracking or debonding
of tough, lower modulus metallic films occurred, whereas brittle, higher modulus
ceramic films exhibited extensive circumferential cracking around the crater rim,
with substantial fracture and debonding in the central zone of the crater itself.
Analogous observations can be made regarding the superior abrasion and erosion
behavior of Ti/TiN multilayer films47 or CrN/electroless-nickel duplex coatings,48

where the relatively ductile metallic constituents facilitate plastic strain accom-
modation (and thicker coating deposits), to the benefit of both wear and corrosion
behavior.

Returning momentarily to nitrogen-doped chromium metal PVD coatings, in
the light of the above (and of the likely benefits of nanostructured metal films),
one next logical step might be to modify a nitrogen-doped chromium film by the
introduction of a secondary, ideally low-modulus, “immiscible-metal” constituent
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which would either be captured substitutionally in the chromium (increasing lat-
tice friction) or, with suitable choice of deposition parameters (and/or postcoat
annealing), form a thin intergranular phase and promote a nanograined compos-
ite structure, with similarly increased resistance to plastic deformation (not least
through Hall–Petch effects—although other, anomalous, effects may also occur).12

In either case, the expected result would be a further substantial increase in yield
strength (and, by implication, hardness), with E remaining similar or, with ap-
propriate alloying, substantially reduced. Thus a significant increase in the H /E
ratio would occur, to the benefit of coating resilience (and probably also tough-
ness). This generates prospects to tailor both composition and structure to engineer
coating resilience, toughness, and modulus to match closely the mechanical prop-
erties of almost any (but particularly any metallic) substrate material that might
be chosen. Our preliminary work in this area was directed toward addition of
copper to the Cr(N) metallic film system, since copper exhibits almost complete
immiscibility with chromium under most near-equilibrium conditions, has (in bulk,
microcrystalline form) roughly half the elastic modulus (130 GPa, cf. 280 GPa)
and, from a practical perspective, is relatively inexpensive and widely available at
suitably high purity. Our work on this coating system, with additions of both nitro-
gen and boron, has demonstrated a number of encouraging results.49–51 There are
many other candidate coating systems that might be considered for the synthesis
of wear-resistant metallic films (based on the above-mentioned requirements and
on other materials-related design considerations),41 as outlined in the following
section.

4.2. Design Considerations

In attempting to design effective metal–metal nanocomposite coatings, one con-
sideration to be made is that of an appropriate choice of alloy composition—and
grain size issues related to this. As the authors have discussed previously,12 one
claimed advantage of a nanograined structure is anomalously high hardness in
(typically) the 10–100-nm grain size range. Additional to the Hall–Petch relation-
ship between increasing hardness (or yield strength) and decreasing grain size
(where essentially the stress required to propagate a dislocation from one grain
to another increases as the size of the latter is reduced), there is theoretically a
dimension of several tens to one or two hundreds of nanometers (depending on
the chosen element or alloy) below which a Frank–Read dislocation loop source
(widely believed to be the main means of dislocation multiplication and therefore
grain boundary pile-up that tends to drive the deformation process from grain to
grain) cannot operate. Thus, high hardness, and also reduced tensile ductility, may
result from a nanograined structure. On the other hand, it has been observed that, as
the grain size approaches the order of a typical grain boundary dimension (i.e., the
grain diameter reduces below 5–10 nm), grain rotation within the “matrix” (i.e.,
the intergranular regions) can occur, leading to an “inverse Hall–Petch” softening
effect. Furthermore, in an idealized metallic nanocomposite, one might envisage a
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TABLE 12.1. Example Estimations of the Cu Content Required to Create
(Amorphous) Intergranular Layers of Different Widths for a Range of Cr Grain
Sizes in an Idealized Cr-Cu Metal Nanocomposite.

Intergranular Cu layer
width, atoms (nm) Required Cu content (atom%)

1 (0.28) 13.1 5.86 2.45 1.53 0.63
2 (0.56) 22.3 10.9 4.74 3.00 1.25
3 (0.84) 29.1 15.2 6.90 4.43 1.86
5 (1.4) 38.5 22.3 10.9 7.09 3.05
10 (2.8) 50.9 34.4 18.9 13.0 5.86
15 (4.2) 57.0 42.0 25.2 17.9 8.46

Cr grain size (nm) 4 10 25 40 100

Cr grain width ∼16 ∼40 ∼100 ∼160 ∼400
(number of atoms)

majority of hard transition-metal nanocrystals (e.g., chromium, interstitially super-
saturated with nitrogen) surrounded by a minority, disordered intergranular phase
of a low-modulus, immiscible metal phase (e.g., copper), as being the type of struc-
ture likely to provide desirable combinations of hardness, resilience, and ductility.
The amount of (for example) copper that would need to be added to chromium to
achieve such a structure (assuming that a processing route could be found to deposit
a coating with these properties) would be interdependent with the chromium grain
size produced.41,50 Table 12.1 explores such a scenario, by examining the amount
of copper theoretically required to produce a continuous grain boundary layer (of
anywhere between 1 and 15 atoms thick), for different sizes of Cr nanograins in
the range of interest. Although many assumptions have to be made in such a sim-
plistic treatment, it is nevertheless illuminating to examine the general trends that
emerge. For example, if it were possible to choose conditions whereby a coating
with relatively large (≥100 nm) Cr nanograins was produced, the amount of Cu
required to generate a continuous (“fully percolated”) intergranular region of, say,
5–10 atoms wide would be only 3–5 at% (Table 12.1). On the other hand, at grain
sizes ≤10 nm, up to 50 at% Cu might be needed to generate the same effect, based
on identical criteria. Such a high content of (soft and ductile) intergranular material
might not be expected to benefit coating mechanical and tribological properties.
Particularly at such small grain sizes, the grain radius is approaching the dimen-
sions of the intergranular region, such that small fluctuations in grain boundary
phase content could encourage grain rotation, making it difficult to accurately (and
repeatably) control coating behavior in a “real” deposition process. Conversely,
substantial fluctuations of local intergranular phase content could be better ac-
commodated at larger grain sizes, since the grain width would always remain an
order of magnitude higher than the intergranular phase dimension, suppressing
grain rotation. In practice, one might ideally choose an intermediate grain size
(i.e., 25–40 nm Cr) and composition (i.e., 10–15 at% Cu). Certainly, this range of
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grain sizes—and a 90/10 to 85/15 ratio between nanocrystalline and amorphous-
intergranular phase content—appears to work well in TiAlBN nanocrystalline–
amorphous (i.e., pseudo-binary nc-TiAlN/a-BN) ceramic–ceramic nanocomposite
coatings for cutting tool applications.33,52 It remains to be seen whether there is
an optimum grain size and structure for metal–metal nanocomposite films (and,
if so, what this might be).41,50 Other authors have however achieved considerable
success with ceramic–ceramic nanocrystalline–amorphous films (e.g., nc-TiN/a-
SiNx )37,38 at similar phase ratios and very small grain sizes (less than 5 nm). The key
to good performance in this case appears to be the avoidance of a fully percolated
structure (i.e., nanograins completely separated from each other by the matrix),53

since interpenetrating networks of crystalline and amorphous regions may control
the grain boundary rotation issues referred to above. This argument is supported by
the trends revealed in Table 12.1; it is obvious that (although the elements/phases
involved are very different) a >5 nm TiN grain size, combined with an amorphous
SiNx content of less than 15%, is unlikely to generate structures where complete
coverage of the nanocrystallites by the intergranular phase can occur. Spontaneous
unmixing of (inherently immiscible) binary metal alloy elements at the limit of
metastability (so-called “spinodal decomposition”) has historically been shown of-
ten to create such interpenetrating networks, with the “uphill” diffusion processes
and timescales involved tending naturally to produce a periodic spacing of ∼5–10
nm (see Ref. 54). One of the main challenges in developing metallic nanocompos-
ite coatings will be to determine which possible structural features outlined above
can give the most appropriate tribological behavior in individual applications; it
seems unlikely that one particular approach will provide a universal solution.

4.3. Materials Selection for Nanostructured and Glassy Films

For reasons stated above, the chromium–copper–nitrogen system appeared to the
authors to be an obvious materials choice for further investigation of the potential
benefits of metallic nanocomposite films—over and above the (to some extent
proven) benefits of, for example, PVD “nitrogen-doped” hard chromium metal
films. However, it became apparent that a number of other candidate systems
should exist,41 with the potential to develop a diverse spectrum of unusual and ex-
treme mechanical/tribological properties, which might not be attainable through
many of the conventional materials processing (or vapor deposition) approaches
currently favored for scientific investigation. First, consider the “nitride-forming”
elements that are generally selected for the production of refractory ceramic ni-
tride, carbide, boride, or oxide materials used in tribology: namely, the group IVb–
VIb elements (Ti/Zr/Hf; V/Nb/Ta; Cr/Mo/W) and the group IIIa/IVa elements Al
and Si. Whether bulk materials or coatings, these are the 11 elements which, in
various combinations, tend (almost exclusively) to be used—together with B, C,
N, and/or O—to produce wear-resistant “engineering ceramics,” although other
light and rare-earth elements (e.g., Be, Mg, Sc, and Y) might arguably also qual-
ify. Excepting Al, the remaining 10 elements all have melting temperatures (Tm)
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TABLE 12.2. Candidate “Nitride-Forming” and “Non-nitride-Forming”
Low-Miscibility Elements That Might Be Considered for Alloying to Produce
Metallic Nanocomposite or Glassy Metal Films.

Modulus Atomic radius
Element Structure E (GPa) (pm) Tm [◦C (K)] T/Tm = 1/3[◦C (K)]

Nitride forming
Ti cph 115 140 1675 (1948) 376 (649)
Zr cph 68 160 1852 (2125) 435 (708)
Hf cph 78 155 2150 (2423) 535 (808)
V bcc 128 135 1895 (2168) 450 (723)

Nb bcc 105 145 2470 (2743) 641 (914)
Ta bcc 186 145 2996 (3269) 817 (1090)
Cr bcc 280 140 1890 (2163) 448 (721)
Mo bcc 330 145 2610 (2883) 688 (961)
W bcc 410 135 3415 (3688) 956 (1229)
Al bcc 70 125 660 (933) 38 (311)
Si Cubic 47 112 1410 (1683) 288 (561)

Non-nitride forming
Mg cph 44 150 651 (924) 35 (308)
Ca Cubic 20 180 845 (1118) 100 (373)
Sc cph 74 160 1539 (1812) 331 (604)
Ni fcc 200 135 1455 (1728) 303 (576)
Cu fcc 124 135 1083 (1356) 179 (452)
Y cph 64 180 1497 (1770) 317 (590)

Ag fcc 76 160 961 (1234) 138 (411)
In fct 11 155 157 (430) −130 (143)
Sn bct 40 145 232 (505) −105 (168)
La cph 37 195 920 (1193) 125 (398)
Au fcc 78 135 1063 (1336) 172 (445)
Pb fcc 16 180 328 (601) −73 (200)

cph, close-packed hexagonal; bcc, body-centered cubic; fcc, face-centered cubic; fct, face-centered
tetragonal; bct, body-centered tetragonal.

of ∼1700 K or above (up to ∼3700 K, in the case of W) and are therefore inherently
quite refractory (see Table 12.2). Let us now also consider (somewhat arbitrarily)
a homologous temperature (T /Tm) of 1/3 as a point at which, one might argue,
diffusion mechanisms could start to significantly alter the microstructure of a bulk
material over a fairly short time frame (i.e., of the order of a few hours to a few
tens of hours). One might infer that the 10 elementary materials in question would
tend to exhibit some inherent thermal stability up to a few hundred degrees Celsius
or more, and could therefore be considered quite suitable as candidate tribologi-
cal materials in their own right—assuming, for instance, that a (nonequilibrium)
nanocrystalline microstructure could be generated, to maximize their hardness and
load-bearing capability.41 For the purposes of creating such a small grain size, the
addition of a second, low-miscibility element has been shown to be very effective—
particularly in vapor deposition of metallic thin films (e.g., Al-Y,55 or Cr-Cu49,50).
There are (perhaps surprisingly) a large number of (metallic) elements that, when
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introduced to create a binary alloy with the candidate elements identified above,
exhibit a wide miscibility gap in the solid state. Examples of elements for which
there is evidence of such behavior when mixed with some or all of the group IIIa,
IVa, IVb, Vb, and VIb “nitride-forming” elements identified are, in order of atomic
number, Mg, Ca, Sc, Ni, Cu, Y, Ag, In, Sn, La, Au, Pb—although this list is by
no means exhaustive. Of these 12, only five (Sc, Ni, Y—and perhaps also Cu and
Au) might be considered sufficiently “refractory” (i.e., Tm > 1000◦C) that they
could be expected to demonstrate some inherent thermal stability above ambient.
Such considerations may be relevant in selecting material combinations in appli-
cations such as (for example) dry or marginally lubricated sliding, where local
“flash” temperatures may reach several hundred degrees Celsius. On the other
hand, low-melting-point metals such as In, Sn, and Pb (with, it can be argued,
little inherent thermal stability) also exhibit very low elastic moduli (11, 40, and
16 GPa, respectively), which may be attractive in adjusting the overall modulus of
a tribological film to meet a specific substrate requirement (e.g., protective coat-
ings for magnesium alloys, where the substrate elastic modulus is only ∼45 GPa).
Conversely, the more refractory, group IVb transition metal elements (e.g., Zr, Hf)
and their low-miscibility rare-earth neighbors (Sc, Y) have surprisingly low elastic
moduli in the 60–80 GPa range, making them potentially very suitable candidates
for coating aluminum alloys with similar elastic properties. Furthermore, refrac-
tory combinations such as Ta-Ni (Tm = 2996 and 1455◦C, E = 186 and 200 GPa,
respectively) might be considered for protection of steel substrates with similar
moduli. By way of comparison, the elastic moduli of most refractory ceramics
are in the 400–700 GPa range, i.e., an order of magnitude higher than those of
a typical magnesium or aluminum light alloy. Intuitively, one would not expect
a coating of such a ceramic to provide any long-term wear protection to these
kinds of substrate materials, whereas (as proposed above) considerable promise
is shown by the concept of a relatively hard metallic coating with similar elastic
properties to the chosen substrate. As one final point on this topic, the candidate
“nitride-forming” elements above (and the PVD coating process) lend themselves
to the production of functionally graded films, whereby the substrate–coating in-
terface can be “elastically matched,” but the nitrogen (or indeed carbon, boron,
or oxygen) content can be adjusted as a function of coating deposition time, to
generate an increasing high-modulus (and tribochemically stable) ceramic phase
content near the surface of the film, should the intended application necessitate
such a requirement.

Having considered firstly simple binary metal alloy systems (disregarding the
introduction of a supersaturated interstitial component), we now turn our attention
to the implications for coating properties of combining three or more elements.
In the alloying of different (metallic) elements, Hume-Rothery and Coles56 pro-
posed a “14% rule,” whereby it can be considered that atoms of two elements
whose atomic radii differ by more than 14% will most likely be quite restricted in
their mutual solubility, with considerable lattice strain occurring (and implied “lat-
tice friction” increases) if one element is substituted for the other in a crystalline
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structure; one expected result of such an effect would be substantially increased
yield strength (and hardness). Thus, very large (e.g., with diameters of 0.18 nm or
above) or small (e.g., with diameters of 0.12 nm or below) substitutional atoms
would tend not to be highly miscible with an “average” (0.15 ± 0.01 nm diameter)
metal atom. Even notionally very similar atoms, such as the group IVb metals
Ti (∼0.14 nm) and Zr (∼0.16 nm), can be quite different in size, and one might
expect substantial lattice strain to occur when they are mixed. Superimposed with
this effect, many of the elements identified in, respectively, the upper and lower
portions of Table 12.2 exhibit very different crystallographic structure, due in part
to their contrasting valence electron configurations. Thus, many of these elements,
despite being of similar atomic size, show electronic incompatibilities that often
restrict their mutual solubility (again, the bcc-Cr/fcc-Cu system provides a typical
example of this). When attempts are made to mix several elements with different
atom sizes and preferred crystallographic structures, it is often the case that the
driving force for crystallization during solidification from the melt, or vapor (in
the case of PVD or CVD), is suppressed to the extent that creation of an amor-
phous structure is equally (or more) favorable energetically. In other words, the
formation of a regular, crystalline lattice is “frustrated” by the existence of many
incompatible atom sizes and electron configurations, such that long-range order
is thermodynamically difficult to establish—even at very mild quench rates of the
order of ∼1 K/s. Such a phenomenon was predicted over 50 years ago by Turn-
bull and Fisher,57 who first described the concept of a “reduced” glass transition
temperature (i.e., Tg/Tm) that, when rising from around 1/2 to 2/3, would (due
to the alloying effects mentioned above) increasingly cause homogeneous nucle-
ation from an (undercooled) alloy melt to proceed more slowly. Subsequent work
by Duwez et al.,58 Chen and Turnbull,59,60 and more recently by others such as
Davies,61 Tanner and Ray,62 Johnson and Peker,63,64 and Inoue et al.,65–67 has led
to the development of a range of bulk metallic glass-forming alloys, which can be
characterized broadly into “ferrous” and “nonferrous” systems.65 Many of these
systems (particularly the ferrous ones) are of interest for “soft” magnetic applica-
tions where, for example, the lack of grain boundaries can be of considerable bene-
fit, but several authors have commented on the high yield strengths and low moduli
obtainable (i.e., providing high H /E ratios—although this is not explicitly said),
which suggests suitability for certain mechanical and tribological applications. So
far, however, very few attempts have been made to exploit the bulk mechanical,or
surface tribological, properties of these materials.68,69 A particular issue observed
with bulk metallic glasses is the tendency toward “brittle” behavior in tension.
In reality this observation appears to relate more to shear band localization, lead-
ing to unstable yield behavior and early fracture. A lack of grain boundaries and
dislocations (and thus also of work hardening mechanisms) is believed to be the
main cause of such behavior.66 Some current work in this area is being directed to-
ward procedures to introduce crystalline phases (e.g., by partial devitrification65 or
production of amorphous-matrix/crystalline-fiber composite materials66) to “de-
localize” shear band formation. On the other hand, it is claimed that impact tests
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generally indicate fairly high fracture toughness values for metallic glasses (al-
though still somewhat lower than for most polycrystalline metals);66 furthermore,
many metallic glasses can be successfully cold rolled to very thin sections without
annealing (e.g., see Ref. 64) and might be said to exhibit superplastic deformation
behavior in this respect. In fact, numerous other physical benefits have also been
observed for metallic glasses (again due largely to the absence of grain boundaries),
such as better corrosion resistance70—with more uniform sacrificial behavior and
reduced pitting (and improved fatigue behavior) claimed. The potential benefits
of glassy phase formation in vapor-deposited thin films are enormous, but are as
yet under-researched, with only a few authors (e.g., Sanchette and coworkers)71–73

having explored the topic in any systematic way. The (unusual) capability to “post-
coat amorphize” a nanocrystalline film through plasma-diffusion treatment44,45

or, conversely, to post-coat anneal a glassy film—promoting partial devitrification
and a controlled nanocomposite structure51,65,66—are two examples of topics in
the vapor-deposited thin-film field which appear to merit further investigation for
applications in tribology. Furthermore, low-temperature (i.e., ≤350◦C) plasma-
assisted PVD techniques, in particular, raise the exciting prospect of investigating
new metallic glass compositions that may currently be difficult to synthesize via
conventional bulk casting methods, but might yield novel physical behavior (par-
ticularly when devitrified)—whether that be mechanical, tribological, chemical,
magnetic, or other functional properties.41

5. EXAMPLES OF PVD METALLIC NANOSTRUCTURED
AND GLASSY FILMS

Having observed that several of the recently developed bulk metallic glass systems
are based substantially on mixtures of low-miscibility “nitride-forming” and “non-
nitride-forming” transition metals such as those detailed in Table 12.2 above, the
authors began to look more closely at the metallic nanocomposite coatings under
development in their laboratory, many of which exhibit strongly X-ray amorphous
structures over surprisingly wide ranges of composition. Having carried out pre-
liminary studies on, for example, Cr-Cu and Mo-Cu binary metal PVD coatings,
and then adding-in nitrogen at increasing levels of “doping” (primarily to assess
limits of interstitial supersaturation beyond which nitride phases would start to
appear), we began to add further elements, such as Ti and B, to the Cr-Cu-N sys-
tem, with a view to widening the range of coating compositions (and deposition
conditions) over which a glassy metal coating would result. Examples of some of
the results we obtained are summarized below.

5.1. CrCu(N) and MoCu(N) Nanostructured Films

We investigated a range of binary (metal–metal) and pseudo-binary (nitrogen-
doped metal–metal) coatings based on low-miscibility mixtures of the
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“nitride-forming” transition metals chromium49,50 and molybdenum74 with cop-
per. In the case of Cr, a range of Cu contents from 2 to 20 at%49 and 2 to 50 at%50

were investigated at fixed nitrogen gas flow rates in the “reactive” deposition pro-
cess; the varying Cu contents were produced within individual deposition cycles
by placing up to six different substrate coupons at various positions between (and
at an angle of 45◦ to) Cr and Cu magnetron sputter targets mounted at 90◦ to each
other. In the case of Mo, a fixed (low) Cu content of ∼1 at% was chosen and coat-
ings produced at a particular position were compared in a series of coating runs
performed at different nitrogen flow rates.74 In the former case, coating hardnesses
of up to 20 GPa were observed; in the latter, hardnesses of 30 GPa or above were
achieved. In both, however, it was generally not the case that the hardest coatings
were those that performed best in a variety of tribological tests (e.g., abrasion,
impact, and sliding wear). A stronger correlation was found between wear per-
formance and H /E ratio, whereby coatings that were slightly less hard, but had
a substantially lower elastic modulus often gave the most promising results—as
appeared to be the case in previous work on metallic films.23,42–45 The main advan-
tage of the nanocomposite structure of these copper-containing films appears to be
the capability to raise the hardness to 20 GPa and above while retaining the (low)
modulus of the metal; for example, the CrNx (x < 0.16) metallic films produced
previously42 exhibited hardnesses no greater than 15 GPa unless ceramic phases
were also present.

A typical plan-view transmission electron microscopy (TEM) image is shown
in Fig. 12.2, where the structural features across an individual CrCu(N) coating
column can be seen. Although the information presented in the figure is structural,

FIGURE 12.2. TEM plan view of nanostructure in a Cr(N)-Cu PVD nanocomposite coating.
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(a) (b)

FIGURE 12.3. Scanning electron micrographs of a ∼10 µm thick Mo(N)-Cu metallic
nanocomposite coating deposited on an AISI 316 stainless steel coupon which was sub-
sequently strained to fracture, showing (a) fracture edge and (b) enlarged image of the
leading fracture edge, illustrating excellent coating adhesion and toughness, despite the
extreme substrate deformation incurred.

rather than compositional (resolving short-range compositional changes in such
nan ostructures is in any case challenging), corresponding X-ray diffraction (XRD)
and X-ray photoelectron spectroscopy (XPS) data (not shown here) suggest mainly
Cr nanograins of (from the micrograph in Fig. 12.2) typically 5–20 nm diame-
ter, dispersed in a 1–2 nm wide, Cu-rich (we believe) intergranular phase. The
Cr nanograins will have an interstitial supersaturation of nitrogen—and probably
some Cu—in solid solution; there is also a suggestion from the data that a minority
of the (smaller) nanograins are, in fact, Cr2N (i.e., the film is not entirely metallic
in this case). Figure 12.3 presents scanning electron micrographs of a relatively
thick (approaching 10 µm) MoCu(N) coating deposited on an AISI 316 austenitic
stainless steel substrate. The substrate has been strained to fracture in tension at
room temperature; yet the coating, despite cracking, remains remarkably well ad-
hered up to the fracture edge (Fig. 12.3b), demonstrating—in a crude, but effective
manner—the excellent adhesion and interfacial toughness of such metallic films,
even under extreme substrate plastic deformation. The elastic modulus of the film
in this case remained somewhat higher than that of the substrate (EMo ∼ 330 GPa),
and yet was still substantially lower than that of most ceramic nitride films, which
would in any event be difficult to deposit at such a thickness—particularly under
the combination of high deposition rate (7–8 µm/h) and low substrate temperature
(∼320◦C) conditions employed here.

5.2. CrTiCu(B,N) Glassy Metal Films

We found a tendency toward amorphization in some of the CrCu(N) coatings
with higher copper (i.e., 30 at% and above) and nitrogen contents; however, such
coatings were generally quite soft, with hardness below 15 GPa. This led us to
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consider what other alloying additions could be incorporated into the CrCu(N)
film to extend the composition range over which a glassy film would result, and/or
increase coating hardness to 20 GPa or above. Referring to the bulk glassy metal
work of Inoue et al. (e.g., Refs. 65 and 66) and others, the approach of adding an
cph transition metal component (e.g., Ti, Zr, Hf)—and another “small” atom (e.g.,
Al, Si, B)—to the bcc-Cr/fcc-Cu mixture appeared most promising, particularly
from the aspect of maximizing structural and electronic disorder, thus creating
highly favorable conditions energetically for crystallization to be avoided on con-
densation. The middle portion of a three-piece, rectangular Cr sputter target was
replaced with a TiB2 segment, to allow CrTiCu(B,N) films to be deposited51,75

(as with the coatings described in the previous section, the 75-mm diameter Cu
target was mounted at 90◦ to the Cr/TiB2/Cr “composite” target). Boron was also
of particular interest due to its known grain boundary segregation and grain re-
finement properties23,34,51,75,76 that we expected to assist in producing very small
grain sizes in the composition ranges where a crystalline coating might result (or
on annealing from the as-deposited glassy state). XRD data (standard θ/2θ coupled
scans; monochromated Cu-Kα radiation) are shown in Fig. 12.4 for 2.5–4.0-µm-
thick coatings produced at 10 sccm nitrogen flow rate and sputter target powers of
2.5 kW (Cr/TiB2/Cr) and 0.5 kW (Cu), with a substrate temperature of ∼320◦C.
Corresponding coating compositions determined from XPS data are also shown
in Table 12.3. The slightly lower nitrogen content in positions 5 and 6 (near the
Cu target) probably relates to the reduced nitrogen “gettering” capability of the
Cu-rich films in these positions. The content of the other elements (Cr, Ti, B) gen-
erally decreases from positions 1 to 6, as might be expected. Figure 12.4a shows
“as-deposited” information for each of the six sampling positions between the two
targets. As can be seen, all positions gave films that are almost completely X-ray
amorphous, in a wide range of composition from essentially >55 at% Cr (with
low Cu content) to ∼55 at% Cu (with moderate Cr content). Film Knoop hardness
(HK 25 g) however ranged from 40 GPa (position 1) to only 7 GPa (position 6).
The coatings were also vacuum annealed for up to 1 h after deposition, at a range
of temperatures up to 600◦C.51 Figure 12.4b shows XRD data for position 2 after a
1-h anneal at four temperatures from 450 to 600◦C. The coatings appear to remain
almost completely X-ray amorphous, which is surprising. However, despite the
apparent stability of the films, significant changes in hardness were seen in certain
positions. Again surprisingly, a hardness increase was generally the result; for
example, position 2 (Fig. 12.4b) increased in hardness from 24 GPa (as-deposited)
to a maximum of 40 GPa at 550◦C (reducing slightly to 38 GPa at 600◦C). It
may be that partial devitrification of the coatings is occurring during annealing
(electron diffraction studies carried out by the authors and their co-workers sug-
gest this), but the crystallites are too small and few in number to be detected by
conventional methods (e.g., by XRD). There would thus appear to be considerable
promise in developing techniques to deposit glassy PVD metallic films, which
can subsequently be devitrified by a postcoat heat treatment stage, to develop
the exact nanostructure required for tribological coatings (this route has already
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(a)

(b)

FIGURE 12.4. XRD data for CrTiCu(B,N) coatings deposited with 10 sccm nitrogen flow
rate at ∼320◦C substrate temperature: (a) as deposited, (b) sample from position 2 annealed
for 1 hour at temperatures up to 600◦C (see Table 12.3 for composition).

been taken with, for example, electroless nickel coatings and sputtered magnetic
thin films). Based on the preliminary results outlined above, such an approach
could perhaps be considered as analogous to an “age-hardening” process (as used
for aluminum–copper and other bulk alloys), whereby thermally induced cluster-
ing and aggregation of low-miscibility components in the film can be tailored to
optimize both hardness and (tensile) ductility. As Wang and coworkers recently
discussed,77 a predominantly nanograined structure, interdispersed with larger mi-
crocrystallites, can be shown to be beneficial in this respect for bulk metals. It may
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be possible to replicate such effects in the processing of glassy and/or partially
nanocrystalline metallic-alloy tribological films—whether deposited by autocat-
alytic, electrochemical, thermal spray, or PVD methods—or indeed by some other
means.

TABLE 12.3. XPS Composition Data (atom%) for
CrTiCu(B,N) Coatings Produced at 10 sccm Nitrogen Flow
Rate and a Substrate Temperature of ∼320◦C.

Sample Cr Ti Cu B N

1 58.7 4.3 1.7 10.9 24.4
2 57.6 3.6 2.9 12.9 23.0
3 56.3 3.4 4.5 13.1 22.7
4 47.6 3.0 13.8 6.5 29.1
5 37.7 2.7 31.1 5.3 23.2
6 22.2 2.4 53.5 5.1 16.8

6. ADAPTIVE COATINGS

The general concept of “intelligent” or “smart” materials is one that is gaining in-
creasing attention in the research community, not least amongst those who develop
coatings. An intelligent (or “adaptive”) coating can be defined as one that alters its
properties to suit the operating conditions encountered. While this may appear at
first sight to be a rather “blue-skies” concept, such adaptability is in fact a property
that has existed in many coatings for decades. One example is coatings designed
to resist high-temperature corrosion in gas turbine engines; here the coating forms
a protective oxide scale (of varying composition, depending on the environment)
on its surface during operation.

Similar observations can be made for some of the most recently developed
cutting tool coatings, based on (for example) TiAlN, which produces a stable oxide
during high-temperature cutting operations. This effect has been further enhanced
in TiAlN coatings that contain additions of yttrium and/or chromium to help to
extend oxide film stability over a wider range of temperatures.78–80 In some ways,
diamond and diamond-like carbon (DLC) films can also be regarded as adaptive,
in the sense that the formation of a temperature-induced low shear strength layer
in the contact is thought to be the source of the low friction demonstrated by many
such coatings.

Another issue that is perhaps worthy of mention in the context of adaptive coat-
ings is the recently renewed (and increasing) interest in the use of Ni-Ti, and other
(e.g., copper-based81), shape memory alloys as wear-resistant coatings—proposed
as being suitable for MEMS devices and microactuators,81–84 due to their per-
ceived desirable mechanical, tribological, and corrosion-resistant properties.85–91

Such materials are known, perhaps somewhat incorrectly (since the “elastic” strain
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behavior is essentially nonlinear, hysteretic, and strain-path/temperature depen-
dent), as “superelastic” materials. A more correct term might, in general, be “pseu-
doelastic.” These materials (in bulk form or as coatings) can exhibit desirable wear-
resistant characteristics with (it is claimed) very low sliding friction coefficients.
These properties are usually represented as being due to a reduced “ploughing”
term during sliding contacts (i.e., the unrecoverable plastic deformation, which
also absorbs “frictional” energy during sliding). In essence, this equates to a simi-
lar argument to that presented earlier for the need to maximize the H /E ratio (and
therefore the “elastic strain-to-failure”). Notwithstanding the applicability (or oth-
erwise) of that hypothesis for these particular materials (bearing in mind the time-
and temperature-dependency of their properties), it is nonetheless clear that a fam-
ily of “martensitic” materials can be produced which exhibit thermally recoverable
(if not necessarily fully temperature-reversible) high-strain characteristics that can
provide enhanced tribological properties in certain types of contacts and environ-
ments. Some of the most promising of the these alloys, produced as coatings81–84 or
surface-modified bulk materials,85,87 comprise Ni-Ti-based compounds with addi-
tions of other elements—either substitutional,81,82,91 or interstitial86,87,91—which
harness the “recoverability” of the shape memory alloy, and also provide enhanced
hardness, with the latter, in some cases, being provided by “Hall–Petch” harden-
ing (i.e., a nanocomposite, high H /E coating approach12,31–34,41,42,49–52,74,75,89–91).
However, it does appear that to gain the most effective control of friction and wear
behavior, it can still be beneficial to deposit a coating with the desired tribochemical
(and hardness) characteristics on top of the Ni-Ti-based alloy.89,90

Zabinski and coworkers have developed solid lubricant coatings that are ca-
pable of adapting to temperatures from ambient up to 500◦C and beyond—even up
to 800◦C. At such temperatures conventional oils and greases cannot be used, and
graphite and metal dichalcogenides such as MoS2 and WS2 have historically been
employed as alternatives. Their lubricous nature is generally attributed to weak
interplanar bonding and low shear strength; favorable conditions may however not
prevail at higher temperatures, where such materials oxidize. Zabinski et al.92,93

have reported that this oxidation may become a problem at temperatures as low
as 350◦C, and have carried out research into the deposition of coatings with addi-
tives such as graphite fluoride (CFx ) in order to extend the permissible operating
temperature up to 450◦C. They utilized a pulsed laser deposition method, showing
that WS2/CF nanocomposite films were less sensitive to moisture than WS2 alone,
achieving friction coefficients of 0.01–0.04 against a stainless steel counterface in
dry air. Although not fully adaptive, such coatings nevertheless point the way for-
wards toward coating materials that can be effective over a wider operating range.

To provide lubricity in the higher 500–800◦C temperature range, other mate-
rials must be considered. Oxides such as ZnO, along with fluorides such as CaF2

and BaF2, are lubricious in this regime, due to their low shear strength and high
ductility. The oxides and, to a lesser extent, the fluorides are also chemically stable
in air at high temperatures. At ambient temperatures, however, these materials are
brittle and subject to cracking and high wear rates. Thus an answer to producing
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a lubricant coating that can operate over a broad temperature range is to combine
low- and high-temperature lubricant materials uniformly dispersed throughout the
coating in either a nanolayered or a nanocomposite structure. Zabinski et al.93 ex-
amined both layered and composite structures of CaF2 and WS2 grown by pulsed
laser deposition. Subsequent work on steel and TiN-coated steel substrates illus-
trated that these films were lubricious up to 500◦C. The CaF2 and WS2 materials
interacted to form CaSO4, among other compounds. Thus, the coatings in effect
adapted to their environment by forming a low-friction outer layer. Voevodin and
coworkers applied the “adaptive” or “chameleon” coating concept to a range of
DLC-based coatings, and demonstrated that nanocomposite coatings can be pro-
duced, which are adaptive to load, environment, and temperature.94–96

The concept of combining coating materials to extend the operating range
has been applied using several other compounds, for example MoS2 with PbO
and WS2 with ZnO, to provide lubrication over a wide temperature range.97–102 In
these cases, the metal dichalcogenides reacted with the oxides to form PbMoO2

and ZnWO4, which were found to be lubricous at high temperatures. The problem
with these coatings was that they were adaptive only on heating; that is, the low-
temperature lubricant materials reacted to form a high-temperature lubricant—but
the reaction was irreversible. After returning to room temperature, the lubricous
properties had disappeared. Work is proceeding to control the reactions using dif-
fusion barrier coatings with layered structures, to develop fully “chameleon-like”
coatings—which will function reversibly through multiple temperature cycles.

Ultimately, the ideal structure for such adaptive coatings may well be a nan-
odispersion of non-percolated (or perhaps partially percolated) active constituents.
One key issue is controlling the extent of interpenetration of the constituent phase
networks (and thus the rates of supply and reaction of the species); our current
work confirms that this is best achieved by coatings exhibiting nanocomposite
structures. Such structures have two significant benefits for adaptive coatings (be-
yond those already mentioned). They allow control of the ingress of environmental
species (e.g., humidity, oxygen, etc.) and also provide a degree of control of the
availability of active constituents. In other words the “release-rate” of ingradients
can be adapted in situ, to suit the operating life requirements.

7. SUMMARY

This chapter has illustrated the importance of optimizing the ratio between hardness
and elastic modulus (H /E) when developing coatings for wear resistance applica-
tions. It has been shown that nanocomposite coatings offer specific attractions in
this regard. Metal–metal nanocomposites in particular are promising, because of
not only their mechanical and tribological behavior, but also their corrosion prop-
erties and potential to compete cost-effectively with traditional coatings in terms
of achievable thicknesses and deposition rates. Finally, we have discussed how
nanocomposite tribological coatings lend themselves to the goal of incorporating
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“adaptive” and “chameleon-like” attributes to permit self-optimization of perfor-
mance during operation, particularly for extreme high-temperature applications—
and in other severe environments.
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1. INTRODUCTION

Nanolaminated coating structures such as ceramic superlattices (SLs) are attractive
in that the materials can be designed for high strength, stiffness, and hardness.1,2

Superhard materials can be made by limiting dislocation glide and any crack
propagation in SLs.2,3 Theory thus presumes plasticity with dislocation hindering
at interfaces between phases with different shear modulus.

Model systems for the nanolaminates reviewed here are artificial nitride SLs.
It is reassuring that such coatings as a type of nanostructure-engineered material are
offered commercially.4 Discovered in the 1980s —and thus predating the so called
nanoscience and nanotechnology era—such nanolaminates of transition metal ni-
trides made by physical vapor deposition (PVD) processes are an emerging class of
wear-protective coatings. Increased hardness (to >50 GPa) as compared to single
layers is reported for both as-deposited single crystal SL1,5–8 and polycrystalline
nanolayered thin films,4,9 e.g., the material systems TiN/NbN, TiN/VN, TiN/AlN,
and their alloyed derivates. Hardness enhancement is explained by dislocation hin-
dering at the interfaces due to differences in shear moduli, and by coherency strain
in the lattice-mismatched materials.2,3,10,11

Plastic deformation and interdiffusion (thermal stability) mechanisms are
poorly understood for these materials, in particular, interactions of dislocations
between and within the constituent phases.12,13 Recent studies for the dislocation
activity in nitride SL systems during both lattice misfit strain relaxation at layer
interfaces and in response to mechanical load will be reviewed in this chapter. The
thermal stability of SLs is presented elsewhere in this book.

539
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2. GROWTH OF SUPERLATTICE FILMS

Layers with defined compositional modulation and interface smoothness are
preferably grown by PVD methods where interdiffusion and roughening dur-
ing deposition is limited due to kinetic constraints. In order to control com-
position modulation, care has to be taken for the deposition flux. Layers with
virtually atomically abrupt interfaces can be obtained by sequential magnetron
sputtering deposition. For more industrially applied processes, where substrate ro-
tation is between fixed sources, however, graded interfaces are expected. Even
second or higher order modulation is reported in case of threefold rotational
geometry.14

We employed transmission electron microscopy (TEM) to study the growth
modes of (001)-oriented transition metal nitride bilayer and SL films.11 In particu-
lar, the conditions for coherently strained growth of successive layers and eventual
relaxation by misfit dislocation formation were studied in epitaxial bilayer films
of TiN, NbN, VN, and TiNbN as a function of overlayer film thickness and degree
of lattice mismatch. The deposition process was dual-cathode ultrahigh vacuum
magnetron sputtering onto MgO(001) substrates.

During initial deposition after nucleation and during coalescence, partially
relaxed overlayers were found to exhibit edge misfit dislocations with Burgers
vectors out of the interface plane and lines along 〈100〉 directions, as well as
dislocations with Burgers vectors in the interface plane and lines along 〈110〉
directions.11 This can be seen in Fig. 13.1a,b for a 2-nm-thick epitaxial NbN
layer on TiN(001). With increasing overlayer thickness or mismatch, however,
the continuous layers were found to be more fully relaxed and the predominant
dislocations were of the latter type, see Fig. 13.2a,b for the case of 10-nm NbN(001)
layer thickness.

In addition, threading dislocation segments were often observed at the ends of
the misfits. This is exemplified in Fig. 13.3 for a 4.5-nm-thick epitaxial VN layer
on TiN(001). The results can be explained by the following model. Relaxation
is initiated by the nucleation of half-loops and their glide to the interface to form
misfit dislocations and trailing threading dislocations. This is the same mechanism
proposed for relaxation of lattice-mismatched semiconductor films by Matthews
and Blakeslee.15

The dislocations glide to the (001) interface on inclined {011} planes, re-
sulting in the observation of b = 1/2〈01̄1〉 dislocations with s = 〈100〉 early
in the relaxation process. For more complete relaxation, dislocations only with
b = 1/2〈110〉 and s = 〈11̄0〉 were observed, presumably due to dislocation reac-
tions of the type 1/2[01̄1] + 1/2[101̄] → 1/2[11̄0]. The primary misfit dislocation
system was thus of edge type with line direction [110] and Burgers vectors 1/2[11̄0]
within the (001) plane of the interface. That represents the shortest lattice vector
in these NaCl-structure nitrides.1,16

Dislocations were also investigated using high-resolution cross-sectional
TEM (HRTEM) of multilayered films. The edge dislocations discussed above
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(a)

(b)

FIGURE 13.1. Dark-field plan-view transmission electron images of a 2-nm-thick epitaxial
NbN film deposited on TiN(001). The same area is imaged using different diffracting
vectors g: (a) [200] and (b) [2 2̄ 0]. (From Ref. 11.)

with b = 1/2〈110〉 could now be imaged in lattice resolution. Figure 13.4a is a
HRTEM image from a TiN/NbN SL film with a period Λ = 9.4 nm that was
partially relaxed.11 The locations of two edge dislocations with b = 1/2[101] and
1/2[101̄], respectively (out of the interface plane), are shown together with a simpli-
fied schematic drawing of the atomic structure of the dislocation (see Fig. 13.4b).11

Dislocations with b = 1/2[110] in the interface plane could not be imaged with
the [010] zone axis used.



542 Lars Hultman

(a)

(b)

FIGURE 13.2. Dark-field plan-view transmission electron images of a 10-nm-thick epi-
taxial NbN film deposited on TiN(001). The same area is imaged using diffracting vectors
g: (a) [200] and (b) [2 2̄ 0]. (From Ref. 11.)

Since {001} is not a preferred glide plane for these nitrides, the misfit dis-
locations are considered to be nonglissile. The critical thickness for the onset of
strain relaxation in bilayer nitride systems increased with decreasing mismatch
εgrom <2 nm for NbN/TiN (εg 3.6%) to 2–3 nm for VN/TiN and TiN/Ti0.3Nb0.7N
(ε = 2.4%) and to 3–5 nm for NbN/Ti0.3Nb0.7N (ε = 1%). The strain relaxation
onset follows that predicted by Matthews–Blakeslee theory.15,17 For SLs with equal
layer thicknesses, TiN/VN (2.4% mismatch) and TiN/NbN (3.6% mismatch) SLs
begin to relax at layer thicknesses of ≈20 and 12 nm, respectively.11
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FIGURE 13.3. Dark-field plan-view transmission electron micrograph of a 4.5-nm-thick
VN film deposited on a 100-nm TiN(001) layer under imaging condition g = [2 2̄ 0] showing
misfit dislocations along [110], relatively short (∼5 nm) threading dislocation segments
(marked by arrows) at the ends of misfit dislocations, and small (2–5 nm) dislocation
loops many of which are in the TiN layer. (From Ref. 11.)

3. ORIGIN OF SUPERHARDENING

Enhanced hardness of up to 300% compared to single-layered material is observed
for nitrides with a periodicity of 5–10 nm, for both single- and polycrystalline

(a) (b)

FIGURE 13.4. (a) Cross-sectional high-resolution lattice fringe image from the [010] zone
axis of a TiN/NbN(001) SL film with period Λ = 9.4 nm. Edge dislocations with Burgers
vector corresponding to [101] are indicated by arrows. (b) Schematic drawing of the atomic
structure of the (110) edge dislocation in the sodium chloride structure similar to TiN and
NbN. (From Ref. 11.)
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FIGURE 13.5. Hardness of different combinations of nitride SLs representing different
conditions of shear modulus difference (∆G) and lattice parameter difference (∆d0). (From
Refs. 6 and 10.)

SLs.1,18 Figure 13.5 shows results from different combinations of nitride SL with
a difference in shear modulus (�G) or lattice parameter (�d0).

Many of the issues regarding elastic properties are unsolved; however, a few
explanations of the strengthening effects were put forward. Those were reviewed by
Barnett.2 Elastic-moduli differences of the constituting layer materials are consid-
ered to be a critical factor as confirmed by the data in Fig. 13.5. Elastic anomalies,
however, are either nonexistent or too small to explain the strength/hardness en-
hancements. For small-period SLs, yield stress enhancements are determined by
calculating the stress required to move dislocations across the layers, as proposed
by Koehler3 and developed by Lehoczky.19,20 For large periods—larger than that
giving the hardness maximum—the yield stress would be limited by operation of
dislocation sources19 and dislocation glide21,22 within layers. Thus, it is necessary
to know the operating dislocation glide systems as well as values for the shear
moduli (dislocation line energies).

Coherency strain between crystalline layers with epitaxial orientationships
or low-angle grain boundaries is shown to contribute to hardening, but to a much
lesser extent than the shear modulus difference effect2 (cf. Fig. 13.5). The misfit
dislocation arrays discussed above (see Figs. 13.1–13.4) will of course also play a
role in plastic deformation.
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4. MECHANICAL DEFORMATION AND WEAR
MECHANISMS

For Cu/Nb and Cu/Ni nanolayer composites after deformation, Lu et al.23 and
Anderson et al.24 used cross-sectional transmission electron microscopy (XTEM)
to see dislocation bowing in opposite directions in the alternating layers and dislo-
cation glide limited to single layers. Layer thickness was, however, larger than the
most interesting scale at 5–10 nm for accessing the maximum in hardness. In that
case, as for the nitride SL systems discussed below, the resolution limit in electron
microscopy for imaging dislocations in strain contrast becomes comparable to the
individual layer thickness.

The deformation and stability of nanolaminates and artificial SLs has be-
come an important field of research in the last few years.12 Figure 13.6 first
shows HRTEM images of a TiN/NbN SL .25 Layers with defined compositional
modulation and interface smoothness were grown by reactive magnetron sputter
deposition process with dual targets. It is also seen that the layers are coherently
strained for the 3.5% lattice-mismatched system with epitaxial growth of TiN and
NbN.5

Studies of slip in mechanically deformed zones of single-crystal TiN/NbN and
TiN/VN SL were conducted using nanoindentation in combination with transmis-
sion electron microscopy and atomic force microscopy.26,27 The mechanical de-
formation in these SL during indentation experiments is elastoplastic. The focused
ion beam cross-section sample-preparation technique for the electron microscope

(a) (b)

FIGURE 13.6. Cross-sectional TEM images of single-crystal TiN/NbN SLs with (a) self-
organized nanovoids at layer cusps and (b) dense coherently strained layers. (From
Ref. 25.)
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FIGURE 13.7. XTEM images of the mechanically deformed zone under Berkowich
nanoindents with load of 10 mN (left image) and 30 mN (right image) into an epitax-
ial heterostructure of a TiN(001)/TiN/NbN(001) SL stack and TiN(001) buffer layer on
MgO(001), respectively. From Ref. 28.

studies has proven further useful to demonstrate how slip is arrested at the SL
interface.25 Berkovich indents made into a model stack of TiN/NbN(001) SL are
depicted in Fig. 13.7. For a 10-mN load, it is evident that slip lines propagate
through top TiN layer, but stop at the SL. For 30-mN load, however, slip lines
nucleate at bottom TiN layer, but not within the SL; there are crystal rotations
in top TiN layer and SL; the layered structure is preserved; and there has been
material flow within the SL layers.

Figure 13.8 shows an XTEM image of a TiN/NbN SL after nanoscratching.13

The induced deformation zone exhibits pileup at the scratch rim and contains the
following features: (1) retained SL domains rotated with respect to each other;
(2) deformation along column boundaries; and (3) deformation-induced differ-
ences in SL period between regions. Deformation is localized to apparent column
boundaries that were present in the as-deposited case, but aligned perpendicular to
the film surface sample. Such boundaries can be the site for nano-sized voids (see
Fig. 13.6a)25 formed by a self-organized process under kinetically limited growth
conditions (low temperature in combination with shadowing of the deposition flux
by surface protrusions).

The change in SL period induced by the mechanical deformation suggests
transportation of material. HRTEM imaging revealed bending of the lattice by
ordering of glide dislocations. The deformed lattice stays straight within layers,
but forms knees at layer interfaces, indicating that low-angle grain boundaries have
been formed by these dislocations.

The deformation zone in TiN/NbN SL is obviously smaller and more complex
compared to that in monolithic TiN. Layers stay relatively intact with no large slip
bands, whereas for TiN, extensive slip bands were observed on {110} planes,
in agreement with the {110}〈11̄0〉 slip system for TiN1,16 (cf., Fig. 13.7). Glide
within layers of the SL is the dominating deformation mechanism in support of
the prevailing models for SL hardening.2,3
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FIGURE 13.8. XTEM image of a 12-nm-period (001)-oriented single-crystal TiN/NbN SL
[deposited on MgO(001) substrate] after nanoscratching with 35-mN Berkovitch diamond
tip. (From Ref. 13.)

Results from the deformed zone in the TiN/NbN(001) SL films from nanoin-
dents are similar to that of nanoscratches.29 Previously, dislocation confinement
to individual layers was reported for metallic multilayers (cf., Cu/Ni).24

Considering the high hardness enhancement aimed for compared to the mono-
lithic films, the SL definition becomes correspondingly important. Thus, the films
must be free of flaws, like grain boundary porosity (common to magnetron sput-
tered films at low ion energetic conditions) or macroparticle inclusions (common
to cathodic arc deposition). Such flaws would act as weak points for microcrack-
ing or dislocation sources. Molina et al.29 thus showed for TiN/NbN SL films
that deformation occurred preferentially along voided column boundaries with an
accompanying hardness limitation.

An example of this condition can be seen in Fig. 13.9 for a magnetron-
sputtered polycrystalline TiN/TiAlN multilayer after a 450-mN indentation.30

Here, the material exhibits a bimodal cracking at column boundaries and through
layers. The crack pattern in Fig. 13.9, however, also shows that nanolaminates can
serve to enhance fracture toughness of a coating. This is by virtue of the crack
deflection and its effective elongation.

In partial conclusion, one should avoid these weak points by increasing the
ion flux during deposition. The ion energy tuning, however, becomes a sensitive
factor, since too high momentum transfer to the growing film induces lattice de-
fects and compressive residual stress. The consequences of that will be discussed
below.

For nonisostructural SLs of, e.g., the bcc-W/fcc-NbN system,31 there are no
common slip systems. This implies that deformation mechanisms should be differ-
ent to the isostructural materials discussed above. Recently XTEM observations
of W–NbN epitaxial SL films with periodicity � = 20 nm were made after wedge
indentation31 by a technique developed by Kramer et al.32 While the films exhibit
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FIGURE 13.9. XTEM image of a polycrystalline TiN/TiAlN multilayer after indenting at
450 mN. (From Ref. 30.)

significant SL hardening, it was shown that the W layers appear to deform by dislo-
cation loop motion, in agreement with a dislocation loop mechanism. On the other
hand, the nitride layers exhibited linear twin-like features. Other possibilities are
that a secondary slip system is activated at high stress levels, allowing glide across
layers, or that the stress concentrations at dislocation pileups in one layer would
lead to dislocations in the next layer, i.e., the basis for the Hall–Petch equation.
Similar to our results, Xu et al.33 subsequently reported enhanced hardness for
cubic-NbN/hexagonal-TaN because of difference in slip system.

The first study of mechanical properties of well-defined oxide SLs
Y2O3/ZrO2, however, revealed no significant hardness enhancement with layer
periodicity.34 It was postulated that the lack of hardening for this class of materials
is due to dislocation pileup and microcracking in the nanoindentation experiment.

Hardness enhancement by a factor of two compared to the constituent phases
from nanolayering has also been observed in TiN/Si3N4 SLs.35,36 For this system
that represents a case of crystalline/amorphous layering, the term superlattice is,
however, not commonly accepted, due to the presence of an amorphous layer phase.
The material structure nevertheless exhibits well-defined and many-order apparent
SL peaks at low-angle reflection corresponding to the strong compositional modu-
lation. Figure 13.10 shows a schematic and XTEM image of a TiN/Si3N4 SL made
by reactive dual magnetron sputtering.36 Here, the TiN grain size becomes limited
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FIGURE 13.10. Schematic and XTEM image of a TiN/Si3N4 SL made by dual magnetron
sputtering process. (From Ref. 36.)

to layer thickness and the hardness has its maximum around a few monolayers of
Si3N4. Initial results from a study of the deformed region under a nanoindent in
the SL show that the material exhibits pileup and thus plasticity.37

The obtained interfacial structure and mechanical properties are in many as-
pects similar between SLs and nanocomposites in this Ti-Si-N system. Nanocom-
posites with microstructures comprising nanocrystalline grains in an amorphous
matrix are thus found to produce super- to ultrahard materials.35,36 In a con-
ceptual design of tough nanocomposites the requirements are for the crystallites
and amorphous matrix to consist of high-elastic-modulus materials, and that the
grain–matrix interfaces are strongly bonded. A strength-determining factor is grain
rotation.37 Recent computer simulations reveal that grain boundary sliding occurs
even at room temperature.37 Direct atomic-scale observation of grain boundary
migration in Au revealed a step mechanism and the cooperative transformation
of groups of atoms into the lattice of the growing grain.38 Hardening results from
the condition that dislocation loops do not form for crystal sizes ≤10 nm. While
requiring a higher energy, however, block slip is perceivable, but has not been ob-
served. For TiC-a-C nanocomposite,39 a development of nanocracks along phase
boundaries has been shown to result in pseudoplasticity. Fracture toughening is
obtained from restriction of initial crack size for small and densely packed crys-
tallites, with a large volume of grain boundary. Multiple deflection of cracks at the
crystallites may dissipate energy during fracture.

Cutting tests of nitride SL made by unbalanced magnetron sputtering for dense
grain boundaries were reviewed by Münz.4 For wear tests of TiAlN/CrN SL, Luo
et al.40,41 found plastic deformation with the dissolution of the layered structure
in the ∼50-nm near surface region (see Fig. 13.11). A distorted SL structure by
possible grain rotation was obtained 50–100 nm deeper. Micro- and nanocracking
occurs at column boundaries. It is interesting that these boundaries, however dense,
constituted the weakest link.

It should not be expected that SL hardening in nitrides can be com-
pletely added to defect hardening. In fact, defect hardening from a PVD pro-
cess operated with ion bombardment may lead to intrinsic compressive stress of
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FIGURE 13.11. XTEM image of a polycrystalline TiAlN/CrN SL coating made by unbal-
anced magnetron sputtering dry wear testing (Region A corresponds to the region where
the superlatice structure is lost by the work of defermation and Region B to the region
where the superlattice is disterted.). (From Ref. 41.)

several gigapascals with some 50% hardness increase compared to the monolithic
material.42 This is because SL hardening requires dislocation activity and the lattice
(point) defects hinder that process or the mode of deformation changes. Typically,
commercially produced polycrystalline SL coatings, such as the TiAlN/CrN case
above, contain substantial residual compressive stress of the order of one to several
GPa (see Fig. 13.5.)31

While nitride SLs can exhibit better wear resistance compared to pure nitride
films,4,43 the fracture behavior in the latter is anisotropic with fracture primarily
on {110} planes in radial directions from the indent. When indenting nitride SL
films, concentric cracks occur around the indentation, implying that no predefined

(b)
(a)

(c)

FIGURE 13.12. Scanning electron microscopy images of the mechanically deformed zone
around Vickers diamond imprints with 60-g load into 2-µm-thick films on MgO(001) (a,
b) TiN(001) film and (c) TiN/NbVN(001) SL film with a 7-nm periodicity. For (a), flow
lines in the <100> directions [marked by arrowheads in (b)] from plastic deformation at
a Vickers diamond imprint (marked by a cross). Cracks run in <110> directions. For (c),
concentric cracks are predominant. The label “X” in (b) indicates the center of the indent.
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fracture planes exist. This is illustrated in Fig. 13.12 for single-crystal model
systems. The figure thus demonstrates the additional fracture toughness expected
for the SL design compared to monolithic nitride films.

For TiN/Cu multilayers, hardness was limited by fracture in the relatively
brittle TiN layers because of stress concentrations resulting from the compliant Cu
layers.44 We infer that the dislocation pileup together with the observed formation
of domains in TiN/NbN SL (see Fig. 13.8) will cause stress concentration, which
dictates the fracture behavior and eventually suppresses the material toughness.

5. CONCLUSIONS

Several nanolaminate and SL systems exhibit so-called superhardening compared
to the monolithic phases. The nitride SLs have been the subject of most studies to
date and also found application. With them, theoretical models for the hardening
have become validated. The hardening is based on dislocation activity and thus
requires that the constituent layers have a difference in shear modulus. To a lesser
extent, coherency strains at layer interfaces from a difference in lattice parameter
also play a role. It is significant that observations indicate that dislocation glide
during mechanical deformation is more or less confined within layers. It remains,
however, a challenge to make direct observation of such effect in layers only a
few nanometers thick. For more massive deformation, the dislocation activity can
form subgrains by dislocation wall formation and corresponding crystal rotation.
Nanocracking as a mechanism for limiting SL strength is observed to operate in
cases of coatings containing porosity or voids (as is the case for low-energetic
deposition conditions and limited adatom mobility), compressive stresses (as is
the case for high-energetic conditions with residual lattice defects), or in brittle
materials systems. We submit that SL hardening and defect hardening (residual
stress case) are not nonadditive or even mutually excluding, since the former
requires dislocation activity that the latter impedes.

Obviously the SLs should have defined layers. That requires heteroepitaxial
growth for each layer in a given grain or column as has been demonstrated in
polycrystalline multilayers deposited on, e.g., steel substrates. The requirement
of layer definition also places demands on the deposition process or application
employed, whereby intermixing of atoms across interfaces must be avoided for
the material to be defined and functional in service. These conditions place de-
mands on the deposition process that should be operated at a substrate temperature
sufficiently high to maintain dense film growth. Also, substrate rotation or shutter
operation with respect to the deposition sources as a means for producing the lay-
ering must be designed to avoid cross talk. Interdiffusion is then perhaps the most
encountered problem for retaining a SL structure. This is hard to avoid for most
nitrides above ∼900◦C unless immiscible components are selected. In the latter
case, there will be a longer service time expected due to lack of interdiffusion,
however, thermodynamics will eventually drive layers to coarsen.
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It can further be noted that however complex the SLs are in their fabrication in
terms of process control, they have been a pilot system in developing PVD methods
to some perfection for the homogeneous coating of three-dimensional components
and tools. Also, they have promoted the theoretical understanding and nanostruc-
tural characterization of materials years before the age of nanotechnology. Finally,
the SLs should prove useful as model systems of reduced dimensionality to enable
studies of the mechanical deformation in the complex nanocomposites.

While the slip systems are worked out for common nitrides at ambient temper-
ature, hot deformation—like in a tool operation case—can be expected to activate
additional dislocation glide.
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1. ASPECTS OF INDUSTRIAL DEPOSITION OF NANOSCALE
MULTILAYER/SUPERLATTICE HARD COATINGS

1.1. Introduction

Superlattice structured physical vapor deposition (PVD) hard coatings have
been reported to exhibit hardness values up to Vickers hardness (HV) 5000.1,2

Figure 14.1 represents the first published set of results achieved with single crystal
TiN/VN {100} superlattices. These amazing hardness properties gave rise to a
series of further investigations revealing comparable results for various material
combinations based on TiN or TiAlN. The nature of these high hardness values has
been discussed in terms of special layer thickness relationships, on the related dif-
fusibilty of crystalline defects, and on the shear modulus of the materials involved.3

In the meantime, the superlattice approach has been discussed in connection with
industrial applications with material combinations such as TiN/NbN,4 TiN/WN,5

TiAlN/CrN,6,7 TiN/AlN,8 TiAlCrYN,9,10 W/ZrN, and ZrN/ZrB2.11 In all cases,
remarkable progress has been achieved in comparison to monolithically grown
multicomponent coatings depending on the special demands of the application.

Another interesting property of the superlattice structured hard coating be-
sides the high hardness values has been discovered recently by transmission elec-
tron microscopy (TEM) investigations on the wear mechanisms of TiAlN/CrN
superlattice coatings in comparison with monolithically grown multicomponent
coatings.12 Figure 14.2 schematically outlines the results of this study. The
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FIGURE 14.1. First published results on superlattice hardness.1

mechanical failure appears quite different when the two types of coating are ex-
posed to severe shear forces as occur in the case of abrasive wear. The individual
grains of columnar and monolithically grown coatings experience severe plastic
deformation, which turns out to be the source of mechanical breakage. The ob-
served depth of these failures reaches typically 50–75 nm. In contrast to these
structure-related defects, a chipping or micro-delamination mechanism was ob-
served in the case of the superlattice structured coating with a typical chipping

(a) Substrate (b) Substrate

FIGURE 14.2. Mechanical failure in (a) monolithically grown and superlattice (b) grown
coatings.
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(a) (b)

FIGURE 14.3. Scanning electron microscopy (SEM) image of pin-on-disk wear tracks on
(a) CrN and (b) CrN/NbN after 3.14 km of travel (counterpart Al2O3).

depth of 6–8 nm only. This result deserves particular interest, as the superlattice
coating also exhibits a columnar growth structure. However, its growth is obviously
interrupted, and so the superlattice structure leads obviously to similar results as
postulated for multilayers in general,13 namely that the penetration depth of the
cracks is substantially reduced in layered structures.

The superlattice structure reveals the additional chance to minimize the pene-
tration depth. Simple pin-on-disk tests further underline these conclusions. Figure
14.3 shows the morphology of the wear track in a monolithically grown colum-
nar CrN coating in comparison with that of a CrN/NbN superlattice coating with
an Al2O3 ball used as the counterpart. Whereas the wear track in the CrN coat-
ing shows deep fissures, which probably resulted from the coarse wear debris
generated through the test, a smooth wear track is observed in the case of the su-
perlattice coating, confirming the fact that the wear debris might have been much
finer grained. In the following production criteria, reproducibility and further new
results on superlattice coatings are discussed.

1.2. Production Aspects

It is a requirement of the modern age that improvements in performance should
not necessarily lead to a proportionate increase in cost. It is therefore imperative
for the coating process that the deposition technique itself does not enhance the
cost; however, the influence of the material costs cannot be avoided. Substantial
effort has been employed in the development of PVD deposition processes, which
allow the manufacturing of coatings on the same price level as for conventional
binary nitrides such as TiN. Magnetron sputtering has been found to be the most
appropriate deposition technology,14–17 although some attempts have also been
made to deposit such coatings by cathodic arc evaporation.8 To achieve reasonably
economical process, complicated installations, including shielding and shuttering,
that reduce the deposition rate need to be avoided. In addition, reactive gas control
should not be too complicated, in order to avoid high equipment costs. On the other
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hand, the distribution of the deposition rate has to be very well defined so that the
relatively narrow-thickness tolerances in the vicinity of the hardness maximum
peak (Fig. 14.1, H-delta) can be satisfied. Consequently, linear cathodes in com-
bination with up to threefold substrate rotation must be used in order to achieve
homogeneous rate distribution over the whole height of the vacuum chamber.

To satisfy these demanding requirements, a deposition process has been de-
veloped and industrially implemented, using a four-target PVD coater HTC-1000
ABS (arc bond sputtering), manufactured by Hauzer Techno Coating Europe,
Venlo, The Netherlands.18 The cathodes furnishing this equipment allow steered
cathodic arc evaporation, magnetron sputtering, or unbalanced magnetron (UBM)
sputtering. These processes can be carried out either sequentially or simultane-
ously. The steered arc process is used mainly to generate a highly ionized discharge
to supply multi-ionized metal ions,19 which are implanted into the substrate sur-
face to allow optimized adhesion values.20,21 The coating process is carried out
by using the cathodes in the UBM mode. However, if coating materials are used
with substantially different poisoning characteristics, the less poisoning material
is deposited by UBM, while the more sensitive material is deposited in the steered
arc mode.15 Both modes can be operated simultaneously and fully independent
from each other.

Figure 14.4 shows a schematic cross section of the coating plant. The distance
between opposing cathodes is 1 m. Substrates are mounted on a threefold rotating
planetary turntable to provide homogeneous coating in the growth direction. Six-
hundred-mm-long vertically mounted rectangular (linear) dual-purpose cathodes
are used to guarantee uniform coatings over a large portion of the height of the coat-
ing chamber. Circular point sources are not suitable to deposit superlattice coatings
with precise enough thickness or period tolerances. The cathodes are laid out as
balanced magnetrons by using a SmCo magnet array. Concentric electromagnetic
coils produce a controlled unbalancing effect. The cathodes can be operated either
in magnetron sputtering mode or in steered cathodic arc evaporation mode. In the

FIGURE 14.4. Schematic diagram of the HTC-1000 ABS coater. (CA, cathodic arc)15
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steered cathodic arc mode, the SmCo permanent magnets are withdrawn pneu-
matically to reduce the magnetron parallel magnetic field strength from 300 G to
typically 50 G. The magnets and the polarization of the electromagnetic coils are
arranged in a closed magnetic field configuration to achieve high plasma density
[typically 4 × 109ions/(cm3 kW)] and, therefore, high ion-to-neutral species (max-
imum 6) in the vicinity of the substrates. The nature of the electromagnetic coils
also allows easy control of the resultant substrate temperature. Low-temperature
processes (∼200◦C) are operated with typical coil currents of 3 A, and high-
temperature processes (450◦C) are operated with coil currents of 6 A, depending
on the number of windings in the coil.

Uncontrolled target poisoning is a major concern when all cathodes are oper-
ated in a common reactive atmosphere. As a first step to prevent target poisoning,
two 2250 l/s turbomolecular pumps were installed to provide a high pumping
speed. Increasing the pumping speed automatically leads to less target poisoning
and, therefore, flatter hysteresis curves. Figure 14.5 schematically shows hysteresis
curves for three pumping speed conditions.

Various superlattice structured coatings such as TiAlN/CrN, CrN/NbN, TiAl-
CrN/TiAlYN, TiAlN/VN, and TiAlN/ZrN have been successfully deposited with

FIGURE 14.5. Schematic drawing of the effect of system pumping speed S on the hys-
teresis loop for S1 < S2 < S3.22
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TABLE 14.1. Target and Power Selection for Various
Superlattice Coatings.

System Target no. Power per target

TiAlN/CrN 3TiAl/1 Cr 3 × 8 kW/1 × 8 kW (UBM)
TiAlN/VN 2TiAl/2 V 2 × 8 kW/2 × 8 kW (UBM)
TiAlN/ZrN 3TiAl/1 Zr 3 × 8 kW (UBM)/1 × 100 A (ARC)
CrN/NbN 2 Cr/2 Nb 2 × 5 kW/2 × 10 kW (UBM)

the described system, utilizing the high pumping speed approach.23 Only in the
case of TiAlN/ZrN was the pumping speed insufficient to operate the Zr targets.
In this case, the Zr targets were operated in a steered cathodic arc mode. Reactive
gas control was carried out in a simple manner: assuming that the pumping speed
of turbomolecular pumps is independent of the gas pressure in the pressure range
of (1–8) × 10−3mbar, the Ar partial pressure was controlled by flow meters only.
The reactive gas partial pressure was controlled by keeping the total pressure—
the sum of �PAr and �PN2−�—constant using accurate manometers such as the
Leybold Viscovac or MKS Baratron. Of course, more sophisticated approach is
also available by utilizing mass spectrometer monitoring.22

The number of targets used and the power dissipated on each simultaneously
operating cathode depends on the individual sputter yield typical for each material.
Table 14.1 gives a brief survey of the typical deposition conditions.

The deposition takes place at a total pressure of 3 ×10−3 mbar. No mechanical
shielding or gas flow guide plates were used whatsoever. This means that the risk
of some intermixing of materials was accepted intentionally. It will be shown later
that superlattice coatings are exhibiting rather high internal stress values up to 10
GPa. Under such conditions, the demands on the coating adhesion are extraordi-
narily high. Experience has shown that all reproducibility-determining demands
on the adhesion could be satisfied, using appropriate metal ion bombardment prior
to the coating process and starting the deposition process with a low stressed mono-
lithically grown base layer. Figure 14.6a,b outlines the process sequence and the
layer architecture schematically. Further details are given in Refs. 15, 16, and 23.

When using industrially sized coating system without any shutters or plasma
guiding systems as described above, which can be classified as an “open” system, a
fundamental question can be asked about the accuracy of the nanoscale multilayer
structure when the coating is deposited on three-dimensional (3D) real parts. Within
a research program on development of superhard coatings on sharp blades, a cross
section from textile blade coated with 3-µm-thick CrN/NbN superlattice coating
has been imaged in the TEM for microstructure investigation.24 Micrographs of
dark- and bright-field (BF) images are shown in Fig. 14.7a,b.

The lower magnification micrograph in Fig. 14.7a reveals that a uniform 3-
µm-thick coating was deposited on the cutting edge from both sides of the blade.
The base layer was clearly imaged as a fine-structured brighter band adjacent to
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(a) (b)

FIGURE 14.6. a) Major processing steps and b) Schematic cross section through a super-
lattice hard coating.

the blade surface. The CrN/NbN coating showed a general columnar structure.
The perfect nanoscale multilayer structure of the coating however can be seen in
Fig. 14.7b (the edge is in vertical position). The image in Fig. 14.7b reveals that
the superlattice structure of the CrN/NbN coating has been maintained with high

(a) (b)

FIGURE 14.7. Cross-sectional transmission electron microscopy (XTEM) micrographs of
CrN/NbN superlattice coating deposited on the cutting edge of a textile blade: (a) dark-field
(DF) image; (b) bright-field (BF) image.18
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accuracy over more than 2000 bilayers, thus demonstrating that utilizing the ABS
technology in a multitarget industrial coating system has great potential to produce
nanoscale structured PVD coatings on real 3D parts with extremely high precision.

1.3. Arc Bond Sputtering Interface

As pointed out above, the ABS technology utilizes two types of plasma modes.
The plasma generated by a steered cathodic arc discharge is mainly used to provide
intensive metal ion etching prior to the coating process, which takes place in glow
discharge plasma generated by the UBM discharge.18 Figure 14.8 summarizes the
ionization phenomena as measured by optical emission spectroscopy (OES).17

In case of the steered arc plasma, Nb has been evaporated in the presence
of Ar. Accordingly, the spectrum shows peaks of Ar+, Nb+, and Nb2+ but also a
series of lines stemming from the excited atoms Ar∗. As reported in Ref. 19, Nb can
undergo fivefold ionization in the arc discharge, resulting in an average ionization
state of Nb3.0+. The used OES equipment allows the detection of wavelengths
corresponding only to twofold ionization. Conversely to the arc plasma, the UBM
spectrum is dominated by signals stemming from Ar atoms as well as exited
Nb atoms. Only a weak Nb+ line is present in comparison to the arc discharge.
Substantial differences have been observed with respect to the ion densities in the
arc and the glow discharge plasma. Using one cathode of the HTC-1000-4 ABS

FIGURE 14.8. Optical emission spectra of Nb arc or glow discharge respectively.17
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FIGURE 14.9. Profile from low carbon steel–TiAlN interface showing Cr ion implantation.

system as the steered arc source, a typical ion density was measured up to 2.5 ×
1010/cm3 (distance probe–cathode: 25 cm) whereas the ion density in the UBM
mode reaches 3.5 × 1010/cm3. These two values are related to the power dissipation
of 4 kW for the arc and 10 kW for the magnetron discharge. If one relates the ion
density values to the power dissipation, substantial differences are found: 0.6 ×
1010/(cm3 kW) for the arc and 0.35 × 1010/(cm3 kW) for the magnetron. Figure
14.4 schematically outlines the position of the permanent magnet array when
switching from steered arc to UBM mode of operation. As a result of continuing
research and development on the ABS, Nb turned out to be the preferred ion when
PVD is used to deposit corrosion-resistant coatings,16,25 whereas Cr ions are used
prior to deposition of wear-resistant coatings. In case of a Cr steered arc discharge,
the diameter of droplets, typically found in the arc discharge, are clearly smaller and
less in number compared, e.g., to Ti as cathode material, which leads to smoother
surfaces.26,27 Furthermore appropriate bombardment of steel and cemented carbide
(CC) substrates leads to ion implantation of Cr in the subsurface, thus providing
condensation conditions so that the sputter deposited film shows local epitaxial
growth.28,29 Figure 14.9 shows an implantation profile of Cr (UB = −1200 V) in
mild steel, subsequently covered with a UBM-deposited TiAlN coating.21

Figure 14.10 represents a selected area electron diffraction (SAED) pat-
tern of the CC substrate surface, which was exposed to a Cr ion pretreatment
(UB = −1200 V) and then covered with a TiAlN coating.30 Superimposition of
the two diffraction patterns reveals a perfect match of the TiAlN–fcc lattice on the
hexagonal lattice of WC.

In general, local epitaxy is seen to be highly beneficial for adhesion.31 The typ-
ical exposure time to ion bombardment during the ion-etching step is 20 min.21,30

This long exposure time is used to ensure a clean surface. However, particularly for
small tools and parts this long etching time may lead to local substrate overheating,
depending on the tool geometry, causing detrimental softening effects. In addition,
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FIGURE 14.10. Local epitaxial growth of TiAlN on tungsten carbide after Cr ion bom-
bardment at UB = −1200V (a) Selected area diffraction pattern (SADP) of TiAlN grain
(b) superimposition of the TiAlN pattern and tungsten carbide pattern (c) SADP of tung-
sten carbide grain.

the number of droplets deposited on the substrate during ion bombardment in-
creases with the etching time, thus leading to growth of nodular defects when,
e.g., Tix Al(1−x)N is deposited on top of the droplet by magnetron sputtering.28 The
microstructure of the nodule near the lower part of the droplet is severely under-
dense, while the portion of the film grown on the top of the droplet is composed of
dense columnar grains extending outward in a feather-like pattern. This difference
in the structure is attributed to the atomic shadowing effect and to the ion-induced
microstructure changes during film growth.32 Growth defects reduce locally the
oxidation and the corrosion resistance of the coated substrate33,34 and also increase
the surface roughness of the coating.35 Therefore, a minimization of the exposure
time is desirable. Finally, a reduction of the overall process time and prolongation
of target life leads to further reduction of production costs.

To address these issues, an improved sputter-cleaning process with reduced
exposure times has been developed.36 The modified etching procedure consists of
two steps: first, the steered arc discharge is carried out over a period of 8 min in
the environment of a relatively high partial pressure of Ar (approximately 0.1 Pa)
allowing a high substrate etching rate. Second, the Ar pressure is reduced to base
pressure level (0.06 Pa) promoting enhanced ion implantation (2 min) resulting
in a total etching time of 10 min. Previous experiments with Ti ions have shown
that the etching procedure is indeed more aggressive when taking place at low gas
pressure levels,37 leading also to a deeper penetration depth of the incorporated Ti
atoms.38 A 3.2-µm-thick TiAlCrYN coating was deposited by UBM sputtering on
three different substrate materials: low carbon steel for TEM analysis, austenitic
stainless steel for X-ray diffraction (XRD), and high-speed steel for critical load
measurements. Figure 14.11 schematically outlines the main differences between
the one- and two-step etching procedures.

Although due to the reduced etching time in the two-step etching, the total
removal of carbon steel substrate material was reduced to approximately 80 nm
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FIGURE 14.11. Process sequence of the one-step and two-step, (the right hand side box,
surrounded with a double line) etching procedures.

compared to140 nm achieved with the one-step process, the substrate surface
was found to be clean enough to provide conditions for local epitaxial growth
of Tix Al(1−x)N on α-Fe. A definite indication of local epitaxial growth of the
Tix Al(1−x)N coating on the ferritic low carbon steel substrate was observed from
plan-view TEM imaging. This can be concluded from dark-field (DF) images,
as given in Fig. 14.12a. Regions of identical crystallographic orientation extend
over several micrometers, exhibiting sharp grain boundaries between adjacent
grains. These boundaries are correlated to grain boundaries of the underlying steel
substrate as was previously shown by cross-sectional TEM (XTEM) for the case of
20-min Cr ion bombardment at pAr = 6× 10−2Pa,indicating typical grain sizes of
several micrometers. In the absence of local epitaxial growth on substrate grains,
typical column sizes revealed by TEM are two to three orders of magnitude smaller
(see, e.g., Ref. 21).

These results are confirmed, as exemplified by the DF image in Fig. 14.12b, in
the present experiments of sample treatment with mixed Cr + Ar ion bombardment
at pAr = 6 × 10−2Pa, despite the fact that the etching time has been reduced to
10 min.

Despite the similarities in the microstructure of the Tix Al(1−x)N coatings
grown subsequently after etching, significant differences in the interface chemistry
are observed when the one-step etching process (pAr = 6 × 10−2Pa) is compared
to the modified two-step etching case starting with a mixed Cr+ + Ar+ ion bom-
bardment at pAr = 9 × 10−2 Pa followed by “pure” Cr ion bombardment at residual
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FIGURE 14.12. Plan view DF images of TixAl(1−x)N coating grown on low carbon steel
after (a) 10-min two-step sputter cleaning procedure and (b) 10-min one-step sputter-
cleaning procedure.

gas pressure. Scanning transmission electron microscopy energy-dispersive X-ray
(STEM-EDX) profiles of the resulting two interfaces are shown in Fig. 14.13.

An apparently identical maximum concentration of Cr of about 37 at% is ob-
served for both the one-step and the modified two-step etching cases (Fig. 14.13).
It has to be acknowledged that these values of maximum concentration at the in-
terface involve the uncertainty caused by the limited lateral resolution of ±2.7 nm.
However, the shape of the implantation profiles exhibits significant differences. A
comparably sharp interface profile for the 10-min process with mixed Cr+ + Ar+

bombardment (Fig. 14.13a) is observed. In contrast, the corresponding profile of
Cr in the two-stage process, which is completed with the “pure” Cr bombardment,
exhibits close to the interface a narrow plateau extending 4.5 nm into the steel
(Fig. 14.13b). In addition, a deeper Cr penetration is observed in the latter case.
Here a significant Cr peak (not shown) was detected in the EDX spectrum even as
deep as 20 nm, whereas in the case of the one-step etching procedure, significant
levels of Cr could be found only to a depth of 13 nm (Fig. 14.13a). These results
indicate clearly a more efficient implantation when a “pure” Cr ion bombardment
of only 2-min duration completes the etching process. This conclusion is further
confirmed by the determination of the integrated peak areas of 368 ± 27 at% nm
representing Cr incorporated in the two-step etching procedure, compared to 216
± 34 at% nm for Cr incorporation in the one-step etching mode.

Further differences between the two etching processes were found with re-
spect to the stress distribution across the interfaces as measured by glancing an-
gle XRD. The stress levels measured directly at the interface of the etched, but
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(a)

(b)
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%

FIGURE 14.13. STEM-EDX profiles across low carbon steel–TiAlN interfaces obtained by
(a) mixed Cr/Ar bombardment at pAr = 6 × 10−2 Pa for 10 min and (b) mixed Cr/Ar ion
bombardment at pAr = 9 × 10−2 Pa, followed by pure Cr ion bombardment.

uncoated austenitic stainless steel substrates are too low to be quantified. How-
ever, high compressive stresses were found in the 100-nm-thin coatings grown
after both sputter-cleaning processes. The interface with the lower Cr incorpora-
tion (one-step etching procedure, mixed Cr/Ar bombardment) exhibited a higher
compressive residual stress in the coating of −8.3 GPa. In comparison, when pure
Cr ion bombardment was involved (two-step etching procedure) lower values of
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compressive stress of −6.8 GPa were measured. It is interesting to note that the
average residual stress in a 3.5-µm-thick Tix Al(1−x)N coating was 3 GPa, inde-
pendent of the two etching procedures applied.

The lower stress gradient found in the two-stage etching process might explain
the significant differences in the critical load values LC obtained for both interfaces.
Indeed, the critical load values for samples processed in the two-step etching mode
showing the enhanced Cr incorporation ranged at LC = 85± 5 N as compared to
samples prepared after the one-step etching procedure (LC = 63± 3 N). Although
the high stress values found in the 100-nm-thin Tix Al(1−x)N coating adjacent to
the interface could be attributed to grain size effects when competitive growth is
involved (Hall–Petch), it is believed that epitaxial stresses are more likely to explain
the observed effects. The higher Cr content found at the steel surface resulting
from the two-stage sputter-cleaning procedure could therefore be responsible for
an increase of the lattice parameter of the substrate, which should reduce the
mismatch between steel and Tix Al(1−x)N coating, thus leading to a lower epitaxial
stress component and a flatter stress gradient at the interface. Similar observations
were made for plasma nitriding the surfaces.39

1.4. Main Criteria Defining Superlattice Structure

The hardness-determining superlattice period, frequency, λ, is mainly controlled
by the prime rotation speed of the substrate turntable, the power dissipated at the
cathodes, and the degree of target poisoning. The turntable frequency specifies the
deposition time per target and material pass, whereas the latter two parameters
determine the deposition rate. Figure 14.14 demonstrates the critical influence
of the substrate rotation speed. Depositing TiAlN/ZrN superlattice coatings in the
described coating machine at low rotation speed leads to the formation of a layered
structure where TiAlN and ZrN crystallize in their individual lattices. Choosing
the appropriate rotation frequency of the turntable, a single-phase coating was
found, with a preferred orientation in the 〈100〉 direction. This was the case with
the prime rotation frequencies beyond 6 rpm, which is a frequency technically
easy to handle, with the selected power range for the magnetron sputtering.

The second and third rotation controls mainly the uniformity of the compo-
sition in growth direction and the homogeneous distribution of the superlattice
coating around 3D parts, such as complicated cutting tools.

Figure 14.15 shows an XTEM taken from a TiAlN/ZrN coating deposited by
combined UBM (unballanced magnetron sputtering) and steered arc deposition.

The image shows the exact parallelity and linearity of the single layers. This
geometrically perfect appearance has been regularly observed, when the com-
bined UBM–ARC deposition process was used or when a pure UBM process
was carried out involving heavy atoms, particularly when using W in TiN/WN
superlattice coatings. In fact, it is possible to specify a peak-to-peak roughness,
X, of deposited superlattices28 describing the waviness of the various superlattice
coatings. It has been also found that the peak-to-peak roughness increases with
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FIGURE 14.14. XRD analysis explaining the influence of substrate rotation speed on the
structure of TiAlN/ZrN: (a) slow rotation; (b) fast rotation.
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FIGURE 14.15. XTEM image of a TiAlN/ZrN superlattice coating with a period � of 2.6 nm.

increasing coating thickness and that the waviness is reduced when the bias voltage
is increased. Although the available results are not yet fully complete, Table 14.2
gives a vivid impression of the wide spray of X and its controllability. In the case
of the TiAlN/TiNbN,28 a very rough surface of the coating was observed when
UBM is used as the deposition method. Increasing the ionization of the plasma by
using the combined UBM–ARC (bias current density increases in the described
case by a factor 2.5) leads to considerable smoothening of the surface.

The observed X value at half the film thickness was even lower than 5 nm. Sim-
ilar plane superlattice structures were found in the combined UBM–ARC process
for TiAlN/ZrN, as has been demonstrated also by the XTEM image (Fig. 14.15).
In the case of the rather light V as a partner in the TiAlYN/VN superlattice, a

TABLE 14.2. Dependence of Peak-to-Peak Roughness X on Coating
Material, Deposition Method, Bias Voltage and Position in Coating.

Deposition Bias voltage Period, � X Position in
Coating mode (V) (nm) (nm) coating

TiAlN/TiNbN UBM −75 2.1 25 Top
UBM/ARC −75 2.2 5 Top

TiAlN/ZrN UBM/ARC −75 2.6 3.6 Middle
TiAlYN/VN UBM −75 3.5 8 Middle

−95 4.0 5 Top
CrN/NbN UBM −75 3.5 8 Middle

−120 3.0 3 Middle
CrN/NbN ARC −100 2.2 2 Middle
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(a) (b)

FIGURE 14.16. XTEM micrographs of arc-deposited CrN/NbN superlattice coating show-
ing (a) low superlattice roughness and (b) “self-healing” of a structural defect originating
from a “droplet” buried in the bulk of the coating.

rather large peak-to-peak value at half thickness of the coating (8 nm) was found.
An increase in the bias voltage from UB = −75 V to UB = −95 V reduces the
peak-to-peak roughness X already to 5 nm, although the value was taken at the
surface of the coating. Using the CrN/NbN superlattice system, the influence of
the bias voltage in the UBM deposition process has been confirmed.16 Measured
at half the coating thickness, the peak-to-peak roughness decreased from 8 to 3
nm when the bias voltage was increased from UB = −75 V to UB = −120 V. The
lowest peak-to-peak roughness values have been found for fully ARC-deposited
CrN/NbN superlattice coatings (Fig. 14.16a). The structure of these coatings was
characterized by extremely flat layers due to the high mobility of the ad-atoms of
the condensing species. The higher ad-atom mobility is a direct consequence of
using arc evaporation, a method known for generating highly ionized metal plasma
and enhanced ion bombardment due to the applied bias voltage during deposition.
The main disadvantage of the arc evaporation, the ejection of macroparticles or
“droplets,” which generally deteriorate the density and the roughness of the coat-
ings, seems not to be as critical in coatings with superlattice structure. A quick
“self-healing” of growth defects originating from droplets was observed to occur in
the arc-deposited CrN/NbN coatings. It can be seen in Fig. 14.6b that the growth
defect generated from a “droplet” annihilates after deposition of approximately
70-nm (200 bilayers) thick superlattice coating on the top. Thus, the growth defect
remains buried within the coating and does not reach the surface, which contributes
to enhanced coating density. The observed “self-healing” effect could be attributed
to the higher compressive stress in the arc-deposited coatings.
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(a) (b)

FIGURE 14.17. XTEM image of a TiAlYN/VN superlattice coating deposited at (a) UB =
−75 V and (b) UB = −95 V.

The influence of the bias voltage on the peak-to-peak roughness of the UBM-
deposited TiAlYN/VN superlattice coating is demonstrated in Fig. 14.17a,b.

At a bias voltage of UB = −75 V, we observe grains with superlattices of
rather high waviness; other grains are permeated by rather curved superlattice
layers. No electron diffraction analysis is available yet, giving information as to
whether these irregularities may be correlated with the crystallographic structure
of the individual grains. In the case of UB = −95 V, the peak-to-peak roughness is
significantly reduced. The reduction in the peak-to-peak roughness with increasing
bias voltage is also reflected by the XRD analysis (Fig. 14.18a,b). On investigating
the CrN/NbN superlattices, it was found that both the low-angle as well as the high-
angle XRD patterns give evidence of a more pronounced superlattice structure, if
the bias voltage is increased.16,40 In the case of the low-angle results, an increase
in the peak intensity with increasing bias voltage was observed. Even the first
signals of a second-order peak become visible at UB = −150 V compared with
the UB = −75 V XRD pattern. In the case of the high-angle XRD analysis for
the coatings deposited at higher bias voltages, again, the sharpening of peaks
accompanied by the appearance of satellite peaks around the {111} and {200}
reflections can be observed.

Superlattices fabricated under laboratory conditions with precise shuttering
to prevent intermixing of the two material streams show very pronounced high-
order peak development and intense satellite reflections in the high-angle XRD
pattern.41 Both the high ionization (combined UBM–ARC deposition) as well
as the enhanced bias voltage might reduce the deposition of loosely bound and
scattered material by resputtering, which initially leads to intermixing and therefore
a reduction in the sharpness of peaks in the XRD pattern and to reduced material
contrast in the XTEM images.
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(a)

(b)

Second order
peak

FIGURE 14.18. Influence of bias voltage on the (a) low-angle and (b) high-angle XRD
patterns of CrN/NbN superlattce coating.

Although the effect of the ion bombardment is clearly understood and ex-
ploited as an effective tool for production of superlattice structured coatings with
flatter individual layers, the interface sharpness is still largely influenced by the
relatively open geometry in the industrial systems such as HTC-1000-4 shown
in Fig. 14.4. This open geometry promotes certain degree of intermixing of the
coating elements, which is even more pronounced for isostructural and mutually
miscible nitride multilayers such as TiAlN/VN. The degree of mixing between the
layers in TiAlN/VN, (λ = 3.0 ± 0.1 nm), produced in HTC-1000-4 system under
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FIGURE 14.19. High-angle annular dark-field (HAADF) image (a) adjacent to the base
layer; (b) from the multilayer close to the outer region of the coating; (c, d) line scans from
regions marked on (a, b) showing the N, Ti, and V distributions.

the conditions of threefold rotation has been studied by using a spherical aberration
corrected STEM, utilizing a 0.1-nm beam, by chemical-specific high-angle annu-
lar dark-field (HAADF) imaging and electron energy loss spectroscopy (EELS).42

Figure 14.19a,b shows HAADF images close to the base layer (including the base
layer) and close to the outer region of the coating, using a 0.1-nm probe, which
is sufficiently small to reveal the position of the atomic columns. Figure 14.19c,d
shows corresponding EELS-integrated intensity along the line scans from the re-
spective lines marked on Fig. 14.19a,b. The EELS spectra demonstrate that there
is mixing between layers, i.e., there is Ti present throughout the VN layer, while
V is present throughout the TiAlN layer. The interface between layers is approx-
imately 1 nm wide, while each VN layer contains a region of broadly constant
V concentration for around ∼1 nm (much of the finer oscillations correspond to
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FIGURE 14.20. (a) BF-TEM image (zero-loss filtered) of a cross section in the middle of a
TiAlN/VN superlattice coating. Inset is the SADP with the left diffraction spot enlarged.
(b) Line-scan profile of the intensity variation of the selected area in (a) showing the
alternating TiAlN and VN layers.47

small intensity differences between individual atomic layers). The layers contained
regions at their center of around 1-nm width of roughly constant composition.

In addition to the interface broadening resulting from the cross contamination
due to the open geometry of the HTC-1000-4 system, additional compositional
modulation within each of the individual layers has been also observed. This
additional oscillation in the chemical composition of the central part of the layers
was related to the threefold rotation of the substrate during coating deposition.

The effect of threefold rotation on the film growth rate has been modeled
and found to give rise to characteristic oscillations.43,44 The growth oscillations
can be influenced by rotation radii, frequencies and frequency ratios of the basic
rotations, as well as the number and position of particle sources. Validation of the
oscillation structure has been performed for elemental concentrations in (Cr,Ti)N
coatings by glow discharge optical emission spectroscopy (GDOES) and auger
electron spectroscopy (AES) depth profiling.43 However, both methods failed to
reveal the details of high-frequency oscillations due to resolution limitations. The
extremely fine structures of the industrial superlattice coatings require state-of-the-
art electron microscopy techniques to reveal local physical and chemical structure
as a function of position within the coating.45,46 To study the distributions of Ti and
V in a TiAlN/VN superlattice, field emission gun transmission electron microscopy
(FEG-TEM) coupled with energy-filtered TEM (EF-TEM) and Z contrast imaging
were used to determine the microstructure and composition distributions on the
nanometer scale.47 Figure 14.20a gives a zero-loss EF-TEM BF image of the
multilayer from the middle of a TiAlN/VN superlattice coating. Inset is the selected
area diffraction pattern (SADP) from this area. The superlattice diffraction spots
are symmetrically located at both sides of the transmitted spot, which indicates
that the bilayers were growing parallel to the (111) planes in this grain. Figure
14.20b gives a line scan showing the image intensity variations in the selected
area of a region where the individual layers were as close as possible to parallel.
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FIGURE 14.21. (a, c) Ti and V elemental maps. (b, d) Line-scan profiles of Ti and V
elemental distribution in the selected area indicated in corresponding elemental maps
revealing the additional modulation.47

The BF-TEM micrograph in conjunction with the intensity profile demonstrated
the presence of alternating TiAlN and VN layers with an average periodicity of 3
nm. The bilayer thickness was calculated from the peak-to-peak positions of such
intensity profiles.

Figure 14.21a,b shows electron spectroscopic images (ESIs) from the Ti-L2,3

and V-L2,3 edges, which confirmed the complimentary distribution of Ti and V
concentration. The integrated intensities of Ti and V signals as a function of dis-
tance were derived from the elemental maps using digital micrograph software and
are presented in Fig. 14.21b,d. The ESIs, in conjunction with concentration pro-
files, demonstrate an additional modulation superimposed on the basic period of
coatings due to the threefold rotation of the sample. The influence of the processing
parameters (the type of the rotation) on the microstructure of coatings, in particu-
lar, intermixing between layers, was further studied by theoretical modeling of the
process.47 Numerical calculation was conducted based on a mathematical model
calculating normalized flux distributions and growth rates at a rotating sample
surface. The calculations also identified an additional modulation, which resulted
from the substrate rotation, consistent with the experimental observations.
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FIGURE 14.22. Influence of target poisoning on the superlattice period.

Figure 14.22 outlines clearly how sensitive but also how exact the resulting
TiAlN/VN superlattice architecture relies on the deposition conditions. Film de-
position starts with the formation of a columnar grown base layer of VN sputtered
from two adjacently mounted V targets. During this period, the two TiAl targets
are operated at a very low power level to avoid cross contamination with V. After
switching the TiAl to full power, a layered structure immediately appears. After
approximately 20 rotations, the targets reach equilibrium of poisoning. The de-
position rate is reduced and remains constant, resulting in a precisely consistent
periodicity of the superlattice coating, with a period, as measured by low-angle
XRD analysis, of λ = 3.4 nm.

The influence of the target power dissipation and therefore the influence of the
deposition rate on the period, λ, of a superlattice system is demonstrated using the
example of TiAlN/CrN. Figure 14.23 shows the low-angle XRD patterns attained
from coatings deposited by varying the power dissipation at the Cr target from 2 to
12 kW. The result shown in Fig. 14.23 reflects clearly the steady and practically pre-
dictable shift in the positions of the XRD reflections from low to high Cr power lev-
els. At a power level of 8 kW, an equal film thickness of TiAlN and CrN is reached.

1.5. Texture and Residual Stress

A matrix of binary and ternary nitrides containing lighter elements (Al, Ti, V, and
Cr) with atomic mass <52 and heavier elements (Nb and W) with atomic mass
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FIGURE 14.23. Influence of continuous stepwise increase in Cr target power dissipation
on the position of the low-angle XRD peak in a TiAlN/CrN superlattice.

>89 has been produced and the texture and residual stress of these nitrides have
been studied as a function of bias voltage during superlattice coating deposition
step.48 Texture, T ∗, was determined in accordance with the Harris inverse pole
figure technique.49 Figure 14.24a–d shows the effect of bias voltage UB on the
texture development in TiAlN/VN, TiAlN/CrN, CrN/NbN, and TiN/WN nanoscale
multilayer coatings.
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FIGURE 14.24. Effect of bias voltage UB on texture development in (a) TiAlN/VN, (b)
TiAlN/CrN, (c) CrN/NbN, and (d) TiN/WN superlattice coatings.48
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From Fig. 14.24a–d, it is clear that significant differences in texture were
observed between films containing lighter elements (atomic mass >52) e.g.,
TiAlN/VN and TiAlN/CrN, compared with those containing heavier elements,
e.g., CrN/NbN and TiN/WN, when deposited at a bias voltage UB = −75 V. The
TiAlN/VN and TiAlN/CrN films exhibited a pronounced {110} texture, while the
CrN/NbN and TiN/WN films exhibited a {100} texture (see Fig. 14.24a–d). The
presence of a {110} texture is common in high CrN containing TiAlN films50

where a process of competitive growth predominates. In fact, strong {110} tex-
tures are present in magnetron-sputtered monolithically grown CrN51 and VN52

films grown under similar bias voltage conditions. This would indicate that at
UB = −75 V the CrN- or VN-rich components were responsible for the devel-
opment of {110} textures in TiAlN/CrN and TiAlN/VN coatings. In contrast,
the {100} texture develops when the surface energy becomes dominant53 and
the film evolves by a process of continuous renucleation. The latter effect is
commonly observed in the CrN/NbN and TiN/WN films as well as in TiAlN
systems where heavier atoms such as Nb28 and Zr54 are involved in the growth
process.

For the TiAlN/VN and TiAlN/CrN films, increasing the substrate bias voltage
to -85 V results in a pronounced change in texture from {110} at −75 V to strong
{111} textures at -85 V (i.e., T ∗ = 6.02 and 5.6 respectively). In the TiAlN/CrN
and TiAlN/VN films, further increases in bias voltages UB = −95 V and UB =
−150 V, respectively lead to further increases in the intensity of the {111} texture
(see Fig. 14.24a,b). In contrast, increasing the bias voltage of the CrN/NbN and
TiN/WN films to UB = −120 V did not favor the development of a {111} but in
fact increased the intensity of the {100} texture. At a bias voltage of UB = −150 V
at least for the CrN/NbN film, however, the {111} texture predominates.

The texture evolution in the CrN/NbN and TiAlN/VN was further studied by
XTEM and selected area XRD analysis. Figure 14.25a–c shows BF/DF typical
transmission electron micrographs from a CrN/NbN coating deposited at UB =
−120 V with the DF images showing adjacent {100} and {111} oriented grains
(bright regions). In Fig. 14.25b, there is some evidence of continuous renucleation
of new {100} oriented grains that are growing at the expense of the {111} oriented
grain shown in Fig. 14.25c, thus resulting in the formation of the {100} observed
by XRD.

In contrast, the TiAlN/VN film in Fig. 14.25d evolved by a process of compet-
itive columnar growth and SADPs showed that the predominant growth direction
was 〈111〉 which is in agreement with the strong {111} texture (T ∗ = 6.05) mea-
sured by XRD.

Texture evolution53 can be discussed on the basis of both surface and strain
energies. Thus, for TiN and other fcc nitrides, because the {100} plane has the high-
est packing density (4.0 at/a2, compared with {220} having a packing density of
2.83 at/a2and {111} of 2.31 at/a2) and hence the lowest surface free energy,55,56 the
{100} texture would develop when the surface energy is the dominant parameter.53

Conversely, when the strain energy is dominant, the texture tends toward the {111}
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(a) (b)

(c) (d)

FIGURE 14.25. (a–c) Transmission electron micrographs of CrN/NbN deposited at UB =
−120 V: (a) BF image; (b) DF image from {200} diffraction ring segment; (c) DF image
from {111} diffraction ring segment; (d) transmission electron micrographs of TiAlN/VN
deposited at UB = −95 V, BF image.48

plane, which has the lowest strain energy. In very thin films, the surface energy
controls the growth and so a {100} texture would be expected, whereas in thicker
films the strain energy predominates and hence a {111} texture would be ex-
pected. In the TiAlN/VN nanoscale multilayer films, the coatings are evolved by
a competitive columnar growth process, which after sufficient growth favors the
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development of a {111} texture.56 In the competitive growth process, as the layer
thickness increases, the {111} texture develops because the {111} oriented grains
with the lowest strain energy grow and increase in diameter at the expense of
other less favorable orientations with a higher strain energy, e.g., {100}. In the mi-
crographs (Fig. 14.25d), there is clear evidence of coarsening of the structure by
competitive growth. In contrast, in the CrN/NbN films deposited at bias voltages
up to −120 V the coating is evolved by a continuous renucleation of new grains
rather than by competitive growth of existing grains resulting in the development
of a {100} texture (see Fig. 14.25b).

Currently it is not clear whether the interfaces between the individual compo-
nent layers in the superlattice coatings are coherent or incoherent. The significant
differences in texture observed between the different superlattice coatings seem
to indicate that different growth mechanisms predominate in the different films.
During competitive growth (TiAlN/VN), development of the superlattice film in
the growth direction will be relatively unhindered and the individual component
layers may develop coherent interfaces. In contrast, in coatings exhibiting a {100}
preferred orientation (CrN/NbN), textures have been observed to evolve by a pro-
cess of continuous renucleation and therefore interrupted growth, which possibly
results in the formation of an incoherent interface.

Residual stress values for TiAlN/CrN, TiAlN/VN, CrN/NbN, and TiN/WN
films as a function of bias voltage UB are shown in Fig. 14.26. All the coatings in-
vestigated exhibited residual compressive stress states. However, at UB = −75 V,

FIGURE 14.26. Effect of bias voltage on the residual stress of various ABS-deposited
nanoscale coatings.48
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the TiAlN-based nanoscaled multilayer coatings containing VN and CrN had
considerably higher residual stresses of −3.9 and −5.0 GPa, respectively, when
compared with CrN/NbN and TiN/WN nanoscaled multilayer coatings, which
had a comparably low residual stress values of −1.8 GPa. This clearly indicates
that where one of the components of the bilayer is dominated by a heavy el-
ement a lower residual stress is observed. It is generally accepted that higher
residual stresses are associated with higher defect densities induced during ion
bombardment.28 In UBM-deposited coatings, the dominant bombarding specie is
Ar+ ion. Two of the many processes occurring simultaneously during ion bom-
bardment are energy transfer to the condensing atoms and defect formation during
coating growth. One possible explanation for the systematically lower residual
stress observed in CrN/NbN and TiN/WN coatings is that higher activation energies
are required for surface diffusion of less mobile heavier atoms (Nb and W, atomic
mass >52) than for more mobile lighter atoms (Al, Ti, V, and Cr, atomic mass
<52).

For coatings involving heavy atoms, considering the energy conservation
issue during deposition, at the same bias voltage, less energy is available for defect
formation because a larger part of the energy is spent in moving atoms to their
equilibrium position. In this case, a smaller portion of the total energy will be
available for defect formation and therefore a lower residual stress in the coating
will be produced. An example of this effect can be demonstrated in CrN/NbN and
TiN/WN coating systems where the maximum stress measured at UB = −75 V
is only −1.8 GPa. Further increases in bias voltage up to UB = −150 V for the
CrN/NbN nanoscale multilayer led to a systematic increase in the residual stress
to a value of -6.8 GPa. In contrast, the residual stress for the TiN/WN nanoscale
multilayer containing the heavier element W increased to only 4 GPa when the
bias voltage, UB, was increased to −120 V.

In the case of the TiAlN/VN coatings, involving only light elements (atomic
mass <52) increases in the bias voltage, UB, to −125 V and −150 V lead to residual
stresses of −11.0 and −11.7 GPa, respectively. These are almost greater by a factor
2 and 3 respectively, than the CrN/NbN and TiN/WN coatings deposited at similar
bias voltages. These increases in residual stress can obviously be associated with
increases in defect densities resulting from increases in the energy portion available
for defect formation with increasing bias voltage.

1.6. Mechanical and Tribological Properties

The mechanical and tribological properties of a series of hard coatings are sum-
marized in Table 14.3 as a function of the bias voltage UB.

The results on HP (plastic hardness) demonstrate impressively that practi-
cally all coatings belong to the “superhard” category of hard coatings. As pointed
out earlier, the achieved HP values correspond to the observed stress values, as
higher the hardness higher is the stress. The results for the coefficient of friction
depend very much on the method of measurement. If the generated debris is not
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TABLE 14.3. Mechanical and Tribological Characteristics of Various
Superlattice Coatings.16

Coefficient Coefficient
of friction, of friction,

� � Wear Scratch
Bias H Stress (with (without coefficient adh. Ra
(V) (GPa) (GPa) debris) debris) (m3/N m) Lc (N) (µm)

TiAlN/VN −75 39 −3.3 0.4 0.18 1.3 × 10−17 70 0.066
TiAlYN/VN −75 42 −4.0 0.6 0.2 2.5 × 10−16 30 0.073
TiAlYN/VN −95 78 −8.5 0.65 0.22 4.5 × 10−16 39 0.053
TiAlN/CrN −75 55 −5.1 0.7 0.2 2.4 × 10−16 50 0.075
TiAlN/CrN −95 60 −9.2 0.92 0.2 3.1 × 10−15 52 0.062
TiAlN/ZrN −75 55 −10 0.6 — — 55 0.060
CrN/NbN −75 42 −1.8 0.69 0.2 2.1 × 10−15 50 0.072
CrN/NbN −120 56 −6.5 0.9 0.23 5.0 × 10−15 62 0.033

removed from the wear track, the observed friction values measured against an
Al2O3 counterpart can be rather high with values up to 0.92. In this case, the de-
bris acts as a third body. However, if the debris is removed gently and continuously
by soft brushes, the coefficient of friction drops down to 0.18. The highest values
have been measured for the CrN/NbN coating, whereas the TiAlN/VN coating ex-
hibits the lowest value probably due to the formation of a vanadium oxide, which
acts as a dry lubricant. The values for the sliding wear coefficient correlate to the
values for the coefficient of friction measured against the Al2O3counterpart. The
best performance has been observed for TiAlN/VN with a sliding wear coefficient
of 1.3 × 10−17 m3/(N m), whereas the stoichiometric CrN/NbN coating shows a
value of 5.0 × 10−15 m3/(N m), which is approximately 300 times higher than
that of a TiAlN/VN coating. It is also interesting to observe that with increas-
ing bias voltage, plastic hardness, and residual stress, the sliding wear coefficient
increases correspondingly. This behavior is not yet understood and is subject to
ongoing investigations. All scratch critical load values derived from scratch test
experiments reach sufficiently high values. Although the stress increases with
increasing bias voltage, no corresponding decrease of critical load is observed.
Conversely, a slight increase of critical load LC is observed. Table 14.3 also shows
that the roughness of the coating surface decreases with increasing bias voltage
and internal stress. The enhanced internal stress contributes obviously to the ex-
pulsion or closing (“self-healing”) of growth defects, which leads to a smoother
coating.

Figure 14.1 shows a very sharp maximum in the resultant hardness as a func-
tion of the superlattice period. Such a steep dependence is consequently accom-
panied with large tolerances in hardness values and would undoubtedly aggravate
an industrial realization of superlattice technology, particularly, if one has to coat
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FIGURE 14.27. Influence of the superlattice period � on the hardness of a TiAlN/CrN
superlattice coating. (Note: Opt stands for optical evaluation of the length of the Indent
produced by the knoop diamond, sometimes with small indents SEM is used.)

complex shaped 3D parts. It is therefore not surprising that in an industrially
sized coating system with its simplified deposition conditions with expected in-
termixing of the coating materials, under the described parameters, a much less
pronounced hardness maximum has been evaluated. Figure 14.27 illustrates the
situation for TiAlN/CrN.7 The maximum hardness HK0.025 (Knoop hardness) cor-
responds to a plastic hardness HP of 55 GPa. Similar dependencies have been
found for TiAlN/VN, TiAlYN/VN, TiAlN/ZrN, and CrN/NbN. Effectively, we
can reproduce the HP peak hardness of the various coatings by ±2 GPa.

The hardness of all the above-mentioned superlattice coatings strongly de-
pends on the applied bias voltage during coating deposition. Increasing of the bias
voltage significantly increases the hardness, which can be related to the increased
residual stress, dislocation density, and defect density produced by the intensive
ion bombardment during coating growth. Plastic hardness values for TiAlN/VN
and CrN/NbN films as a function of bias voltage UB are shown in Fig. 14.28. The
trends in the plastic hardness almost exactly mirror those of the respective resid-
ual stress in the coatings, with clear relation to the atomic weight of the coating
elements as discussed in Section 1.5. As it is demonstrated in Fig. 14.28, plastic
hardness values as high as 80 GPa can be easily achieved with coatings based on
lightweight elements (TiAlN/VN); however, the question of how much hardness
can be tolerated in the PVD coatings dedicated for real-life applications needs to
be carefully considered.
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FIGURE 14.28. Effect of bias voltage on the plastic hardness of ABS-deposited nanoscale
coatings.48

2. INDUSTRIAL APPLICATIONS OF VARIOUS
NANOSCALE MULTILAYER/SUPERLATTICE
STRUCTURED PVD COATINGS

2.1. Application-Tailored Superlattice Coating Family

Figure 14.29 describes the family of superlattice coatings developed at Sheffield
Hallam University (SHU) in England. A nanoscale multilayer coating consisting
of TiAlCr0.03 N and TiAlYN with a bilayer thickness of 1.7 nm has been developed
to satisfy high-temperature (950◦C) applications such as dry high-speed cutting
of die steel29; TiAlN/VN is also designed for cutting operations and for protec-
tion of wear parts. However, the incorporation of VN in the coating introduces a
component that acts as a dry lubricant. During sliding, VN is converted into V2O5,
thus reducing the friction coefficient. TiAlN/VN is a universal coating for high-
speed steel cutting tools or for cutting operations using dry or cooled CC tools.
CrN/NbN is a nanoscale multilayered coating for applications where corrosion
and wear play a major role.58 Nb belongs to the group of metals with the highest
chemical stability, whereas CrN is a hard coating that can be applied with excellent
adhesion at 200◦C. The combination of these coatings satisfies requirements for
low-temperature applications such as carbon steels. Another low-friction coating
has been introduced and evaluated by combining nanoscale layers of Cr and C.59,60

These coatings are relatively soft (HK0.025 = 2500), but due to the low friction co-
efficient (µ = 0.2), sliding-wear coefficients of the order of 10−17 m3/(N m) can
be achieved.
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FIGURE 14.29. The superlattice coatings family developed at Sheffield Hallam University
(SHU) in England.57

2.2. Superlattice Coatings Dedicated to Serve
High-Temperature Applications

2.2.1. Structure and High-Temperature Behavior of TiAlCrN/TiAlYN
and TiAlN/CrN Nanoscale Multilayer Coatings

TiAlN coatings are well known for their high oxidation resistance up to 800◦C61,63;
therefore, they are preferred partners in superlattice structures for high-temperature
applications. Currently, two combinations of TiAlN-based superlattice coatings are
available, in which TiAlYN or CrN were selected as a second partner material to
produce TiAlCrN/TiAlYN or TiAlN/CrN. Table 14.4 summarizes the mechanical
and tribological properties of these coatings.

The coatings are deposited by the combined steered cathodic arc/UBM sput-
tering method in industrially sized Hauzer HTC-1000-4 system (Fig. 14.4). For

TABLE 14.4. Mechanical and Tribological Characteristics of Various
Superlattice Coatings.

Coefficient Sl. Wear
Bias HP Stress of friction, coefficient Scratch Adh. Ra

Coating (V) (GPa) (GPa) � (Al2O3) (m3/(N m) Lc (N) (µm)

TiAlCrN/ −75 28 −7.0 0.9 2.5 × 10−16 50 0.08
TiAlYN

TiAlN/ −75 55 −5.1 0.7 2.4 × 10−16 50 0.08
CrN
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FIGURE 14.30. “Superlattice”-like layer sequence deposited by four magnetrons com-
prising one Cr target, two TiAl targets and one TiAlY target.

the deposition of TiAlCrN/TiAlYN, two targets with 50:50 at% Ti–Al, one target
48:48:4 at% Ti–Al–Y and one 99.8% Cr are utilized. Detailed technological pa-
rameters of the deposition process are given in Ref. 29. Production of TiAlN/CrN
requires three targets with 50:50 at% Ti: Al and one target 99.8% Cr.6 Both coat-
ings utilize Cr+ metal ion etching and stress reducing ∼ 0.3-µm-thick base layer of
TiAlCrN or CrN for TiAlCrN/TiAlYN and TiAlN/CrN respectively. Due to the spe-
cial target arrangement for deposition of the TiAlCrN/ TiAlYN, yttrium is incorpo-
rated consequently in a layered manner. Figure 14.30 illustrates the layer sequence.

The incorporation of Y in the TiAlN coatings gives rise to severe changes
of the microstructure, the texture, and the internal stress of the films. It has been
shown29 that addition of 2% Y results in formation of less pronounced colum-
nar nearly equi-axed microstructure (Fig. 14.31). It is important to mention that

FIGURE 14.31. XTEM micrograph of an as-deposited TiAlCrN/ TiAlYN coating9
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this fine structure is observed only when deposition occurs in multitarget coat-
ing equipment; e.g., two targets consist of Y-free TiAl and a third contains the
total amount of the yttrium used in the deposition process. In case of a uniform
distribution of the amount of yttrium over all three targets, only minor changes
in the microstructure, texture, and compressive stress are reported.10 It has been
shown further that the incorporation of 2% Y leads to an enhanced compressive
stress level. TiAlN and low concentration of Cr containing 3-µm-thick TiAlCrN
coatings exhibit internal stress of around 3 GPa, very similar to TiN and other hard
coatings. In contrast, TiAlCrN/ TiAlYN shows a compressive stress as high as 7
GPa. However, utilization of Cr+ metal ion etching as a substrate pretreatment to-
gether with deposition of Y-free TiAlCrN base (transition) layer provide excellent
adhesion of these highly stressed coatings.

Recently, in an attempt to further enhance the oxidation and more importantly
the tribo-oxidation performance of TiAlCrN/ TiAlYN, a 400-nm-thick special top
layer has been developed. This approach allowed reduction of the friction coeffi-
cient of the wear-resistant ceramic hard coating against steel as workpiece material
from 0.9 to 0.65. The top layer consists of a TiAlYN/CrN nanoscaled multilayer,
which is embedded in a TiAlCrY–oxy-nitride. The oxygen content is continuously
increased during the deposition of the outermost 200 nm of the coating by contin-
uously replacing nitrogen in the reactive sputter deposition process with medical
dry air.62 Figure 14.32 shows a schematic diagram (a) and a TEM cross section (b)
of the coating. This coating has been made commercially available as Supercote
11 (SC 11) by Bodycote SHU Coatings Ltd, Sheffield, UK.

FIGURE 14.32. TiAlCrN/ TiAlYN with top coat as (a) schematic and (b) cross-sectional
BF-TEM image.
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FIGURE 14.33. Continuous thermogravimetric measurement. Heating rate: with 50 ◦C/
min to 400 ◦C and with 1 ◦C/min to 1000 ◦C.

One of the biggest advantages of the Y-stabilized TiAlN-based pseudo-
superlattice coatings is their unique high-temperature oxidation behavior. Thermo-
gravimetric experiments have shown that the onset of severe oxidation of TiAlN
occurs at temperatures above 750◦C.61 A detailed analysis of the oxidation process
reveals that a sandwich structured oxide is formed with an amorphous Al-rich top
oxide and a crystalline Ti-rich oxide between the top oxide and the TiAlN base
film. It has been further discussed that the Al-rich top oxide controls the diffusion
of oxygen toward the interface of the Ti-rich oxide and the nitride, thus reducing
substantially the formation rate of Ti-rich scales as compared to TiN. The addition
of 2 at% Y to TiAlN-based coatings allows peak temperatures up to 950◦C.29

Thermogravimetric data shown in Fig. 14.33 confirm the dramatic difference
in the oxidation behavior of tungsten carbide when compared with TiAlCrYN.29,33

The results from Fig. 14.33 also clearly demonstrate the progress in improvement
of the oxidation resistance of the TiAlN achieved due to a logical and systematic
approach in the coating development, based on sequentially adding special purpose
elements such as Cr and Y as well as utilization of tailor-made top layers of dense
and glassy oxy-nitrides.

The incorporation of Y during deposition led to a fine-grained interrupted
columnar growth structure, which increases the diffusion path for in- and outward
diffusion of substrate elements. Furthermore, it has been found that at high tem-
peratures above 800◦C, Y diffuses preferentially to the column boundaries, thus
further blocking the potential diffusion paths in the coating.29 In case of CC as
substrate material, extensive investigations using STEM and EDX mapping on
cross-sectional samples have been carried out to localize the influence of Y. Distri-
bution maps of the coating and substrate elements taken after heat treatment for 1
h at 900◦C are shown in Fig. 14.34. Whereas all elements such as Al, Ti, and Cr are
uniformly distributed in the coating, there is clear evidence of out-diffusion of Co
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FIGURE 14.34. Elemental distribution maps of TiAlCrN/TiAlYN with top coat deposited
onto CC after 1h at 900 ◦C.

from the CC substrate into the base layer. In parallel, a very uniform distribution
of Y in the TiAlCrYN coating has been observed. Figure 14.34 is a clear indi-
cation that Co diffuses mainly along column boundaries in the base layer and is
blocked in the Y-containing layer section. At the higher magnification (Fig. 14.35)
the above-mentioned Y segregation taking place in the Y-containing part of the
coating also becomes evident.

The beneficial effect of the Y segregation mechanism can also be seen in the
effective hindering of in- and outward diffusion of oxygen or substrate material

FIGURE 14.35. YL and YK maps of TiAlCrN/TiAlYN with top coat.
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elements, which is expected to take place at high temperatures. Secondary neutral
mass spectroscopy (SNMS) and EDX depth profiling of TiAlCrN/TiAlYN and
TiAlCrN/TiAlYN + oxy-nitride top coat exposed for 1 h to air at 950◦C have
undoubtedly confirmed that the accumulation of Y at the grain boundaries inhibits
effectively the diffusion of migrating oxygen and substrate species through the
film.64,65

The Y segregation discussed above influences very strongly the high-
temperature wear properties of TiAlCrN/TiAlYN. To investigate this effect, high-
temperature wear test was conducted on the TiAlCrN/TiAlYN and TiAlCrN
coatings using a reciprocating sliding ball-on-disk configuration using a 10-mm-
diameter hard metal ball at conditions of normal load 15 N (initial hertzian contact
pressure 2.1 GPa), reciprocating stroke 2 mm, and frequency 15 Hz, and temper-
atures of 400, 600, 800, and 900◦C in air.66 In this test, the two coatings showed
very different wear behavior. For TiAlCrN, increasing the test temperature from
400 to 900◦C led to consistent increase of the depth of the wear crater from 0.076
to 0.97 µm, whereas the Y-stabilized coating after an initial increase in the wear
depth to 1.82 µm at 600◦C showed consistent decrease of the wear depth at higher
temperatures, reaching the lowest value of 0.82 µm at 900◦C. Further more the
friction coefficient showed similar behavior, reducing its values from 0.9 at 600◦C
to 0.65 at temperatures in the range of 850–950◦C. This peculiar behavior can be re-
lated to the progressive coating densification (“self-healing”) with the temperature
increase due to the operation of the Y segregation mechanism.

2.2.2. Application of TiAlCrN/TiAlYN in Dry High-Speed
Cutting Operations

Dry high-speed machining (DHSM) is gaining increasing importance in mod-
ern production technology. Dry high-speed milling of dies and moulds represents
the current state of the art. Cutting speeds between 15 and 25 krpm have been
reported to machine steels in the hardness range of 55–62 HRC. In this applica-
tion, CC cutting tools must be protected with hard oxidation-resistant coatings,
as localized temperatures are typically up to a 1000˚C. Table 14.5 summarizes
temperature measurement results during milling various steels with two-flute ball-
nosed 8-mm-diameter solid carbide end mills. As it can be seen in this application,
indeed temperatures greater than 900◦C can be reached. In this temperature range,
tungsten carbide and also PVD–TiN and PVD–TiCN coating material suffer se-
vere oxidation. Therefore, coatings with enhanced oxidation resistance, which can
show reasonably long lifetime, are in high demand. Furthermore, in dry high-speed
milling, the tools are subjected to enormous interrupted reciprocating mechanical
impacts and under these conditions adhesion is of paramount importance. Previous
work has shown that the adhesion measured by scratch testing (critical load, Lc)
can be directly related to the microchemistry of the interface resulting in localized
epitaxial growth of the deposited TiAlN hard coating.21 The absolute value of
the critical load LC can be controlled by a dedicated low-energy ion implantation
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TABLE 14.5. Overview of Temperatures at the Cutting Edge of Coated
Cemented Carbide Ball-Nosed End Mills During Machining of Various Steels.

Hardness Temperature
Workpiece material DIN (HRC) Cutting conditions (after 5 min)

EN24 1.6582 38 vc = 385 m/min, Ax = 3.8 mm, radial <700◦C
C0.40, Mn0.60, feed = 1 mm, feed = 0.1 mm/rev,
Ni1.5, Cr1.1, Mo0.3 spindle = 16 000 rpm

P20 1.2311 48 vc = 385 m/min, Ax = 3.8 mm, <700◦C
C0.32, Mn0.80, radial feed = 0.4 mm, feed = 0.1
Cr1.60, Mo, 0.40 mm/rev,

spindle = 16 000 rpm

P20 1.2311 48 vc = 510 m/min, Ax = 3.8 mm, ∼ 810◦C
C0.32, Mn0.80, radial feed = 0.4 mm, feed = 0.1
Cr1.60, Mo0.40 mm/rev,

spindle = 20 000 rpm

H13 1.2344 53 vc = 385 m/min, Ax = 3.8 mm, ∼ 810◦C
C0.35, Si1.0, Cr5.25, radial feed = 0.4 mm, feed = 0.1
Mo1.5, W1.25, V0.30 mm/rev,

spindle = 16 000 rpm

A2 1.2363 58 vc = 385 m/min, Ax = 3.8 mm, ∼ 880◦C
C1.0, Mn0.65, Cr5.0, radial feed = 0.4 mm, feed = 0.1
Mo1.0, V0.3 mm/rev,

spindle = 16 000 rpm

A2 1.2363 58 vc = 510 m/min, Ax = 3.8, ∼ 910◦C
C1.0, Mn0.65, Cr5.0, radial feed = 0.4 mm, feed = 0.1
Mo1.0, V0.3 mm/rev,

spindle = 20 000 rpm

(Note: DIN is a European Standard for steels.)

process, carried out in a steered arc discharge, as a process step of the ABS tech-
nology, during the metal-ion-etching procedure of the substrate surface (20-min
duration) prior to coating as discussed in Section 1.2. The implantation of 1.2 keV
Cr+ ions prior to deposition of a TiAlN coating leads to the highest scratch test val-
ues (Lc = 135 N), when compared with a pretreatment of 1.2 keV Ar+ (Lc = 35
N), Nb+ (Lc = 90 N), and V+ (Lc = 115 N) ions. Additionally, a decrease of adhe-
sion was observed, when the accelerating voltage during ion implantation was only
0.6 keV (Cr; LC = 60 N). Figure 14.36 reflects the lifetime of TiAlCrN/TiAlYN-
coated CC end mills machining HRC 58 A2 die steel (rotation speed 15 krpm). In
these experiments, two-flute end mills fabricated from identical CC material were
pretreated with various ion species and then coated with 3 µm TiAlCrN/TiAlYN
using identical deposition parameters. The results clearly demonstrate the impor-
tance of the technology utilized to engineer the coating substrate interface to meet
the application demands.

The first substantial breakthrough in the application of TiAlCrN/TiAlYN coat-
ing was achieved by coating solid carbide end mills. Particularly in dry cutting
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FIGURE 14.36. Lifetime in dry high-speed machining (DHSM) versus critical load values
in scratch adhesion testing.

of die steel, remarkable improvement compared to current commercially avail-
able state-of-the-art quality has been accomplished. The results of conventional
TiN-coated tools have been exceeded by a factor 4.5, when the HRC 58 steel (X
100 Cr Mo V 51) was cut with 6-mm two-fluted ball-nosed CC end mills (fab-
ricated by Hydra Tools International Plc, Sheffield, Great Britain) with spindle
rotation speed of 30 000 rpm and a linear feed rate 6 m/min. Figure 14.37 com-
pares the results gained with commercially available TiN, TiCN, and TiAlN with
the TiAlCrN/TiAlYN without oxy-nitride top coat. The coating has been made
available on a routine basis by Bodycote SHU Coatings Ltd, Sheffield, and has
been commercialized by Bodycote Int.

FIGURE 14.37. The average cutting performance of ball-ended 2-flute CC end mills coated
with commercially available TiN, TiCN, TiAlN, and TiAlCrN/TiAlYN.
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FIGURE 14.38. PVD-coated end mills in a dry high-speed cutting operation.

Figure 14.38 shows a typical example of coated end mills in action.
The performance of the latest version of TiAlCrN/TiAlYN with Cr-containing

top coat (Supercote 11) has been compared to commercially available Y-free
TiAlN coatings deposited by cathodic arc evaporation (suppliers I and II) and
an increasingly popular sandwich coating TiN/TiAlN (∼30 layers), also deposited
by cathodic arc.67 All tools were manufactured by the same tool supplier using
CC material stemming from an i.dentical production lot. In the tests, 8-mm two-
flute ball-nosed end mills were used to mill A2 (HRC 58) die steel. Figure 14.39
summarizes the results of the end-of-life tests for two different cutting speeds,
namely vc = 385 m/min (16 krpm) and vc = 500 m/min (20 krpm). The tests at
16 krpm illustrate the superiority of TiAlCrYN against arc-deposited TiAlN and

FIGURE 14.39. Milling test results from various coatings grown on CC ball-nosed end
mills.
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the multilayer system TiN/TiAlN. In the 20-krpm test TiAlCrYN is compared
with TiAlCrN. At these high cutting temperatures (∼800◦C; see Table 14.1) the
influence of Y becomes again clearly evident. One at% Y doubles the lifetime of
TiAlN.

2.2.3. Application of TiAlCrN/TiAlYN in Forming
and Forging Operations

Another very lucrative-appearing utilization of the nanoscale multilayer TiAl-
CrN/TiAlYN is represented by the coating of moulds for the glass-producing
industry. In this particular case, the enormous thermal stability of the interface be-
tween the coating and the mould (cast iron) comes into force, combined with the
excellent adhesion properties typical for the ABS coating technology. Addition-
ally, the coating was enriched with carbon graded toward the coating surface, thus
forming there a TiAlCrYC0.3N0.7carbonitride. The graded incorporation of carbon
was distributed across the outer third of the coating. Despite thermal shock events
taking place with high frequencies (approximately 30 cycles/min) and covering
temperature differences up to 950◦C, lifetime values of up to 7 days have been
achieved when operating the moulds in an unlubricated blow–blow process. Fig-
ure 14.40 displays a set of coated components for glass-bottle-forming operation.
TiAlCrN/TiAlYN have shown excellent performance in hot forging operations.
Figure 14.41 shows an extrusion die and an as-produced forged product. This
forging process involves a forming temperature of typically 1100◦C whereby the
workpiece material is extruded through the die under an applied load of 300 ton.
The coating of the die appears to delay the “drag-through” of the die material from
the bell of the die to the final area, thereby prolonging the usability of the die from
2800 components to more than 4000 components before retirement. In addition to

FIGURE 14.40. Coated components for glass-bottle-forming operation.9
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FIGURE 14.41. Extrusion die and as-produced component.9

an enhancement of the productivity of the die, the geometrical tolerances of the
produced components are also improved.

Figure 14.42 illustrates a die manufactured from H13 material used for pre-
cision hot forging of turbine blades for aeroengines. These dies under a load of
500 ton are used to “stampout” components from billets of Inconel 718 material
preheated to ∼1100◦C. In an as-machined and uncoated condition this die pro-
duced 700 components before critical areas on the blade went out of tolerance due
to wear and plastic flow of the die material. After subsequent remachining and
with the addition of the TiAlCrN/TiAlYN coating, this die went on to produce an
additional 1600 components, thereby completing the production requirement and
giving a lifetime of at least 2.3 times that of the uncoated die. On examination,
it was concluded that the coated die, which exhibited only minor wear, was still
serviceable and could be used for further production.

Another only very recently discovered new application of TiAlCrN/TiAlYN
superlattice coatings is the protection of steel moulds used in aluminum injection

FIGURE 14.42. Precision forging die for the production of turbine blades for aeroengines.9
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FIGURE 14.43. Moulds for aluminium dye casting.

processing. Here, a typical increase of lifetime by a factor of 2 was found. Figure
14.43 shows moulds used in the automotive industry. The positive result may be
explained by the reduction of inward/outward diffusion of substrate and workpiece
elements due to the presence of Y, which diffuses at elevated temperatures to the
grain bounderies and acts there as a diffusion blocker.

2.2.4. Application of TiAlCrN/TiAlYN, and TiAlN/CrN in Protection
of Gamma Titanium Aluminides

For high-temperature applications in aeroengines, there exists an increasing inter-
est in advanced titanium alloys as well as titanium aluminides. Due to their low
density and their well-balanced mechanical properties, near-α and α + β titanium
alloys are presently used for compressor components such as disks and airfoils.
Service temperatures are limited to about 500◦C,68 mainly due to the insufficient
environmental resistance of the structural material. The degradation mechanisms
are characterized by formation of rapidly growing nonprotective oxide scales con-
taining predominantly rutile (TiO2) and embrittlement of the subsurface zone by
dissolution of interstitials (mainly oxygen and nitrogen).69,70 From a mechani-
cal standpoint, advanced near-α alloys such as TIMETAL 834 offer the potential
of useful service temperature up to 600◦C,71 provided that oxidation resistance
is improved significantly. Surface treatments, first and foremost various types of
coatings, aiming at improved environmental resistance of titanium alloys have been
investigated for more than three decades.72 One major problem of coating develop-
ment for titanium alloys has been that although reasonable short-term oxidation re-
sistance was achieved in many cases, most of these coatings tended to be inherently
brittle, or formed brittle phases with the substrate material, thus degrading its me-
chanical properties, especially fatigue behavior. Since the embrittlement problem
has never acceptably been solved, none of the coatings proposed for improved oxi-
dation resistance has been brought into service. Promising avenues for coating de-
velopment have been demonstrated with sputter-deposited TiAl-based coatings.73

In addition to enhanced oxidation resistance, these coating systems demon-
strated reasonable mechanical properties such as creep74 and fatigue behavior.75
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FIGURE 14.44. Micrograph of bare (a) TIMETAL 834; (b) TIMETAL 834 coated with
TiAlCrYN/CrN; (c) TiAlCrN/TiAlYN.

Cr additions to TiAl-based coating demonstrated significantly improved environ-
mental resistance.76 Recently, a new approach has been undertaken to improve
the environmental resistance of titanium alloys utilizing nitride overlay coatings
produced by the combined cathodic arc/UBM sputtering.77,78 Two types of nanos-
tructured PVD coatings namely TiAlCrN/TiAlYN and TiAlYN/CrN have been
investigated to protect TIMETAL 843 alloy as well as commercial γ -TiAl alloy
Ti–48Al–2Cr–2Nb over a long period of time between 1000 and 3000 h. Macro-
graphs of the specimens after oxidation testing at 750oC isothermal exposure for
1000 h confirmed significant differences in oxidation behavior of the samples
(Fig. 14.44). While the reference uncoated samples suffered from severe oxide
scale spallation (Fig. 14.44a), both the superlattice TiAlYN/CrN (Fig. 14.44b)
and the pseudo-superlattice TiAlCrN/TiAlYN (Fig. 14.44c) coating demonstrated
formation of reasonably protective oxide scales.

This observation was further confirmed by the thermogravimetric oxidation
test results. Cyclic oxidation tests were carried out at the German Aerospace Center,
DLR, in Cologne, Germany, in automated rigs in air at 750◦C up to 2000 cycles. One
cycle consisted of 1 h at high temperature and 10 min cooling down to 70◦C. Fig-
ure 14.45 compares the oxidation resistance of uncoated Ti–45Al–8Nb included
as reference material to that of the same material coated with TiAlCrYN/CrN
and TiAlCrN/TiAlYN nanoscale multilayer PVD coatings. Both coatings clearly
provide significant protection to the gamma Ti alloys, with TiAlCrN/TiAlYN per-
forming slightly better in this test. Detailed cross-section TEM analysis of the TiA-
lYN/CrN after high temperature (750◦C) exposure indicated a layered substructure
consisting of an ∼0.8-µm protective outer scale of alumina, a 95-nm transition
layer between the oxide and the nitride layer, 3.8-µm retained nitride layer with
an unchanged structure, and a 275-nm transition layer between the titanium alloy
and the nitride coating. Underneath the transition zone, the titanium alloy was
recrystallized with fine grains in a 460-nm layer. EDS analysis across the coating–
substrate interface revealed that neither oxygen nor nitrogen or chromium was
present in this layer, indicating both excellent protection of the nitride layer against
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FIGURE 14.45. Mass change versus number of 1-h cycles plot for various substrate alloys
coated with superlattice nitride/oxy-nitride duplex coatings.

diffusion of nitrogen and oxygen from the gas atmosphere during exposure as well
as very little interdiffusion between the nitride coating and the substrate alloy. The
TiAlCrN/TiAlYN showed similar behavior; however, a much thicker top oxide
layer of 1.1 µm was formed after the test, thus supporting the results from the
thermogravimetric analysis. Figure 14.46 shows an XTEM overview image of
the nanostructured TiAlCrN/TiAlYN coating isothermally oxidized for 1000 h
at 750◦C in air. Both coating systems are promising candidates for environmental
protection of titanium alloys due to their high-temperature stability and the absence
of cross diffusion of substrate and coating elements. If reliably protected, Ti alloys
will find broad application for aircraft engine parts, for example, as compressor
components such as disks, vanes, and blades or in automotive engines for valves
and turbocharger components.

FIGURE 14.46. TEM overview image of TiAlCrN/TiAlYN coating isothermally oxidised
for 1000 h at 750 ◦C in air.
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2.3. Superhard Low-Friction Superlattice Coatings and Their
Applications

2.3.1. Structure and Tribological Properties of TiAlN/VN
Superlattice Coating

TiAlN/VN has been designed as a wear-resistant coating for broad-scale tribolog-
ical applications, to protect cutting tools and machine wear parts. The superlattice
concept was utilized as a tool to achieve enhanced material properties and combine
the highly abrasion-resistant TiAlN with VN selected as friction-reducing mate-
rial. The lower friction coefficient was expected to result from the formation of
V2O5, a lubricious oxide owing to its low melting point, at the asperity contacts
during sliding wear.79

The coating was grown by sputtering from two pairs of TiAl (50:50 at%) and
pure V targets in mixed N2 and Ar atmosphere, using V+ion etching/implantation
to pretreat the substrate surface, followed by the deposition of 0.25-µm-thick VN
base layer. Superlattice structured coatings with bilayer thickness typically in the
range of 3.2 nm have been deposited by proper selection of the substrate rotation
speed, the power dissipated on the magnetrons, the bias voltage, and the pressure
of the reactive atmosphere. Detailed description of the technological process for
TiAlN/VN superlattice coating deposition can be found elsewhere.16,23 The mi-
crostructure of the coating is illustrated in Fig. 14.47a,b. The low-magnification

(a) (b)

FIGURE 14.47. (a) Low-magnification and (b) high-magnification BF-XTEM images of
TiAlN/VN superlattice coating.



602 P. Eh. Hovsepian and W.-D. Münz

TABLE 14.6. Mechanical and Tribological Properties TiAlN/VN Superlattice
Coating.

Sl. wear Scratch
Bias HP Stress Coefficient of coeffcient adh. Ra

Coating (V) (GPa) (GPa) friction, � (m3/(N m) Lc (N) (µm)

TiAlN/VN −75 42 −4.0 0.45 1.26 × 10−17 70 0.06

XTEM image (Fig. 14.47a) shows the typical competitive columnar grain growth
associated with {111} oriented TiAlN/VN. The micrograph also clearly depicts
the dense 0.25-µm-thick TiAlN base layer. The higher magnification image on the
other hand reveals the fine nanoscale multilayer structure of the TiAlN/VN super-
lattice coating, in which the individual layers of sequentially deposited TiAlN and
VN are clearly resolved.

Table 14.6 summarizes the mechanical and tribological properties of the
TiAlN/VN deposited on HSS material.

The excellent wear behavior of TiAlN/VN in dry sliding conditions has been
widely reported elsewhere.16,23,80 However, the exceptionally low wear rate of
1.26 × 10−17m3/(N m) is difficult to be explained by the superhardness (42 GPa)
alone or by the distinctive wear mechanism of the superlattice structured coatings,
which suggests material removal in 6–8-nm-thick nanolayers as opposed to mono-
lithically grown coatings, where due to severe plastic deformation, bending, and
cracking of the columns, release of large 50–75-nm particles is observed.12 In the
special case, when V is incorporated in the coating constitution, the effect of tribo-
oxidation wear mechanism in dry sliding has to be carefully considered. Vanadium
is known to form Magnéli phases with oxygen, with “easy” crystallographic shear
planes81 that can under certain conditions act as solid lubricants. Additionally,
the low melting point of the V2O5 (Tm = 685◦C), which lies in the range of the
flash temperatures achieved at the asperity contacts during sliding, implies friction
reduction due to sliding over a molten phase. XTEM analysis of TiAlN/VN coat-
ings of the wear track in pin-on-disk indeed showed formation of 10–20-nm-thick
tribo-film (Fig. 14.48). EDS analysis and Raman spectroscopy of the wear debris
revealed the presence of V2O5 as well as mixed Ti–V–Al oxides.82,83 Scanning
electron microscopy (SEM) observations of the wear track after 1 million laps in
room temperature pin-on-disk test showed extremely smooth surface and almost
no transfer of material from the alumina ball used as a counter part.23 Examples
of the wear track morphology produced during sliding of two coatings, CrN and
TiAlN/VN, with similar coefficient of friction in the range of 0.5 are shown in Fig.
14.49a,b. With the monolithically grown CrN (Fig. 14.49a) deep grooving along
the wear direction occurred after a relatively short sliding distance of 3 km. In
contrast, the TiAlN/VN superlattice coating after nearly 70 km of wear shows a
rather smooth and very shallow (less than 1 µm deep) wear track (Fig. 14.49b).

The low friction coefficient of 0.5 measured in this test can be related to
the behavior of the tribo-oxide film containing V2O5.It is believed that the small
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FIGURE 14.48. XTEM micrograph of TiAlN/VN superlattice coating from the wear track
region after pin-on-disk test showing the tribo-film formation.

amount of V2O5,which forms predominantly at the asperity contacts, reduces the
coefficient of friction due to melting. The sliding wear mechanism in such condi-
tions very much resembles boundary lubrication, where the surfaces are separated
and the junction formation mechanism is suppressed by adsorbed molecular films
(in this case molten phase) although appreciable asperity contact may still occur.
Thus, the synergy between the fine delamination wear mechanism characteristic of
superlattice structures and the low melting point of the tribo-film controls the low
friction coefficient at room temperature. In the view of potential high-temperature
applications, the oxidation and the tribological behavior of TiAlN/VN at elevated
temperatures have been studied extensively.84–86 A combination of differential
scanning calorimetry (DSC) investigations and high-temperature (up to 700◦C)
tribometry revealed a unique self-adapting behavior of TiAlN/VN to combined

(a) (b)

FIGURE 14.49. SEM images of pin-on-disk wear tracks: (a) CrN film worn over 50 000
cycles (3.14 km); (b) TiAlN/VN film worn over 1.1 × 106 cycles (69 km).
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FIGURE 14.50. Friction coefficient curve of TiAlN/VN superlattice coating tested at high
temperature of 700 ◦C in air atmosphere.

thermal, mechanical, and chemical wear.84 It has been shown that at 700◦C in
steady state conditions, low friction coefficient in the range of 0.55 was achieved
(Fig. 14.50), which in effect is similar to the friction coefficient measured at room
temperature. To explain this effect, an operation of a specific controlling mech-
anism has been suggested that involves sliding against liquefied oxide scale and
conversion of V2O5 to lower oxidized Magnéli phases.84

The very low value for the coefficient of friction of 0.18 (Fig. 14.50) measured
for the initial stages of the sliding process was related to a sliding-over liquefied
V2O5 phase. A SEM cross section (Fig. 14.51a) produced through the wear track in

(a) (b)

FIGURE 14.51. (a) Cross-sectional SEM overview of the wear track on a TiAlN/VN su-
perlattice coating after a tribo-test at 700 ◦C; (b) detailed image of the oxidized coating
surface from the indicated area in Fig. 14.51a of the wear track.
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FIGURE 14.52. (a) SEM image from the surface of TiAlN/VN superlattice coating iso-
thermally treated at T = 550 ◦C, for 30 min; (b) after oxidation in air at 638 ◦C for 30
min.

TiAlN/VN evidences conclusively the existence of a molten phase during sliding
at 700◦C. A smooth surface, with typical features for a solidified layer, can be
observed. The more detailed view shown in Fig. 14.51b, indicates that the melting
occurs just for the near surface region, which also implies that the bulk of the
TiAlN/VN coating remains intact at these temperatures.

The second part of the friction curve in Fig. 14.50 represents the friction
behavior in steady state conditions. The exceptionally low friction coefficient of
0.55 for hard coatings at this temperature range is believed to result from slid-
ing against low shear strength Magnéli phases of V6O13and VO2 produced by a
reduction process of V2O5.87 The operation of the above-described mechanism,
however, requires availability of significant amount of V2O5 phase, the largest
portion of which at 700◦C is produced by thermal oxidation process. Thermo-
gravimetric oxidation experiments and isothermal oxidation tests at 550◦C for 30
min showed that the surface of the TiAlN/VN was almost free of V2O5.85,86 Figure
14.52a shows an SEM image of the surface after isothermal oxidation at 550◦C.
After 30-min exposure, only very thin oxide layer with a needle-like morphology
has been formed, which did not produce signal intensive enough to be detected by
XRD. In the temperature range of 500◦C, indeed, significant increase of the friction
coefficient was recorded,84 which implies for the existence of a transition regime
in the control mechanisms operating at room and elevated temperatures. At higher
temperatures (above 600◦C) however, formation of V2O5 mixed predominantly
with AlVO4 is detected in sufficient amount to trigger the control mechanism for
low friction in steady state conditions. An SEM image of the surface after exposure
for 30 min to 638◦C shows that the coating surface was uniformly oxidized (Fig.
14.52b). A large area of the surface was covered by fine needles/plates, which form
with a certain preferred orientation (arrowed). EDX selected area analysis showed
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FIGURE 14.53. BF-XTEM image of oxide–coating interface region of TiAlN/VN superlat-
tice coating oxidised in air at 600 ◦C for 30 min.

that these fine needles/plates were highly V rich. Further XRD analysis confirmed
the presence of the V2O5 phase.

Figure 14.53 shows a BF-XTEM image of oxide–coating interface region
from a sample isothermally oxidized at 600◦C for 30 min. The cross section clearly
demonstrates that the high temperature did not affect the superlattice structure of
the TiAlN/VN below the top oxide layer. The Fresnel contrast from the nanoscale
multilayer structure extended right up to the oxide–coating interface, suggesting
that no interdiffusion between the individual layers has taken place. This obser-
vation demonstrates that the bulk of the coating retains the enhanced mechanical
properties of the superlattice coatings and the material responds to the environment
by altering its surface properties only.

2.3.2. Application of TiAlN/VN Superlattice Coatings in Dry
High-Speed Machining of Medium-Hardness Low-Alloyed
and Ni-Based Steels

The consistently low and almost identical coefficient of friction recorded for room
and elevated temperatures determine the major application fields of TiAlN/VN,
such as protection of wear parts and cutting tools used for machining of softer but
much “stickier” materials, e.g., Ni-based or Al alloys.

A modified version of the TiAlN/VN superlattice coating with added 2% Y
showed excellent performance in milling tests. Solid carbide two-flute ball-nosed
end mills, 8 mm in diameter, were coated with a TiAlYN/VN superlattice coating
(Fig. 14.54) and compared with a monolithically grown TiCN coating when dry
cutting EN24 steel, HRC 38. The cutting conditions were as follows: cutting speed
385 m/min, feed/rev. 0.2 mm, and axial depth 3.8 mm.
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FIGURE 14.54. TiAlYN/VN-coated two-flute ball-nosed cutters (Whisper Mill, Hydra
Tools, Sheffield, UK).

The results from the milling test are outlined in Fig. 14.55. Whereas the un-
coated tool showed a lifetime of only 7 min, the commercially available TiCN
coating increased the lifetime to 53 min. The TiAlYN/VN superlattice tripled the
lifetime of TiCN-coated tools, thus demonstrating the advantages of the superlat-
tice structured PVD coatings.

FIGURE 14.55. Lifetime of solid carbide end mills coated with various PVD coatings.
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FIGURE 14.56. Cutting performance of TiAlN-coated and TiAlN/VN-coated two-flute
ball-nosed cutters under dry milling conditions. (Source: D. K. Aspinwall, R. C. Dewes,
E.-G. Ng, C. Sage, S. L. Soo, University of Birmingham, Rolls-Royce plc, Filton.)

Another demanding application where TiAlN/VN superlattice coatings have
great potential is in the machining of tough materials such as Inconel and stainless
steel. TiAlN/VN coated 8-mm two-flute ball-nosed end mills were tested in dry
cutting of Inconel 718, HRC 43, with cutting conditions a follows: cutting speed
90 m/min, axial depth of cut 0.5 mm, feed 0.2 mm. The superlattice-coated tools
showed the longest length of cut of 380 m, outperforming various PVD coatings:
TiAlN, TiAlN + WC/C, TiAlN + MoS2, TiAlN + graphite, thus demonstrating the
importance of maintaining the low coefficient of friction at elevated temperatures.
This result is demonstrated in Fig. 14.56, which shows the lifetime of various
coatings in machining Inconel 718 alloy.

2.3.3. Application of TiAlN/VN Superlattice Coatings in Dry
High-Speed Machining of Al Alloys

DHSM of aerospace aluminum alloys used in the manufacture of precision engine
support components, such as engine infrastructure parts, is now one of the main
drivers for enabling component manufacturers to reduce cost per part and environ-
mental waste impact in the industry. To achieve such cost reductions, the machine
cost per part index must be kept as low as practically possible. The machining
cost index is governed by series of direct factors of which tool life, machining
efficiency, and cutting fluid usage/waste disposal costs play a fundamental part in
the equation. It is now an accepted opinion that the major influencing factors are
increased tool life, sustainable increase in metal removal rates, reduced machining
costs index, and lower environmental impact. These factors are determined by the
type and efficiency of the tool coating for protecting tools. As new generation
CNC machines are now being designed to facilitate ultrahigh speed and feed rates
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(spindle speeds up to 100 krpm), aerospace manufacturing components will need
tool coatings to enable tools to perform well by giving consistent performance
under such regimes in order to have cost- and quality-effective manufacturing.
The key to DHSM is the use of high-speed metal cutting techniques: research has
shown that a combination of high feed rate with very high spindle speed in excess of
20 krpm reduces rather than increases the cutting forces on the tool. This technique
concentrates intense heat and prompts local melting of the chip, as most of the heat
energy (formed by friction with the face and forming energy in the shear plane)
is generated immediately in front of the tool surface. The occurrence of liquified
Al brings the problem of intensive cutting tool–workpiece material interaction, re-
sulting in dissolution wear as an additional wear mechanism to the microabrasive
wear. A simple strategy therefore would be utilization of low-friction highly inert
coatings to protect the cutting edge.

Two types of dedicated PVD coatings for tool applications, TiAlCrN/TiAlYN
and TiAlN/VN, have been deposited on 25-mm diameter end mills supplied
by Hydra Clarkson Tools Ltd, Sheffield, using the combined steered cathodic
arc/unbalance magnetron deposition technique. The coated tools have been tested
to machine aerospace-grade aluminum alloy Al-7010-T7651. This is a high-
strength (tensile strength as certified 509 MPa) Zn6.1–Mg2.25–Cu1.63–Al alloy
widely used for production of aircraft components, such as wingbox ribs. A
Mazak-FJV25 CNC machine was used for dry machining under the following
cutting conditions: spindle speed 24 krpm, cutting speed 31.3 m/s, axial depth of
cut 4 mm, feed rate 0.33 mm/rev. Each cutter was programmed to cut in a traverse
straight-line mode until the cutter flank wear reached 0.23 mm, which has been
used as a lifetime criteria of wear. The time/number of traverse passes was logged
to calculate the “end life curves” and mean tool-cutting forces.

SEM examination of tools uncoated and coated with TiAlCrN/TiAlYN and
TiAlN/VN superlattice coatings after DHSM of Al-7010 alloy showed clear differ-
ences in the wear behavior of these surfaces (Fig. 14.57a–c). The unprotected tools

(a) (b) (c)

FIGURE 14.57. SEM images of the flank surface of (a) uncoated; (b) TiAlCrN/TiAlYN-
coated; (c) TiAlN/VN-coated end mills after machining of Al-7010 alloy.
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FIGURE 14.58. Lifetime of 25-mm diameter end mills uncoated and coated with various
nanoscale multilayer PVD coatings, achieved in DHSM of Al-7010 alloy.

(Fig. 14.57a) suffer severe microabrasive wear evident from the exposure of the
Me-carbide particles in the steel, imaged as white spots on the surface. The cutting
edge is fully covered with Al, evidencing formation of build-up edge (BUE), as
well as a significant Al pickup (the grey areas) on the flank surface can be observed.
Both PVD-coated surfaces show less abrasive wear and almost no BUE formation.
However, due to the higher surface roughness introduced by the growth defects in
the coating, the Al pickup is more developed with significantly higher amount for
TiAlCrN/TiAlYN-coated surface (Fig. 14.57b) compared to the TiAlN/VN-coated
one (Fig. 14.57c). This effect is also clearly influenced by the significant differ-
ences in the coefficient of friction of the two coatings. The positive effect from the
almost factor of two lower coefficient of friction of TiAlN/VN can be further seen
in cutting forces measurements. Significantly lower cutting forces of 180 N were
measured for the TiAlN/VN-superlattice-coated tools compared to 310 N force
for TiAlCrN/TiAlYN and 450 N for uncoated tools. These values gave excellent
correlation to tools lifetime values (Fig. 14.58). Both coatings demonstrated the
protection capabilities of the PVD coatings in DHSM of Al-7010 alloy. However,
the combination of superhardness and low coefficient of friction achieved with
TiAlN/VN superlattice coating proved to be the most beneficial in this demanding
application.

Typical aircraft structures produced by high-speed milling are shown in
Fig. 14.59. The combination of complicated 3D shape and very thin and tall
rib-sections introduces the difficulty of high level of vibrations during milling.
Therefore, employment of friction (cutting force)-reducing PVD coatings be-
comes of a paramount importance in this application. It is also important to
mention that in the highly competitive market of the aerospace industry, cutting
the costs by reducing machining and downtimes is the only way to sustainable
growth. Cutting tool surface modifications by properly selected PVD coatings,
therefore, are seen as a viable alternative to satisfy the demands of the aerospace
sector.
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(a) (b)

FIGURE 14.59. Typical aircraft structures produced by high-speed milling. (Courtesy of
Hydra Clarkson International Ltd, Sheffield, UK.)

2.4. Nanoscale Multilayer Coatings Designed For Very Low
Friction and Their Applications

2.4.1. Structure and Tribological Properties of C/Cr Nanoscale
Multilayer Coatings

Carbon-based coatings have attracted great interest in a wide range of industries
due to their excellent properties, such as low friction coefficients and good wear
resistance. However, diamond-like carbon (DLC) and pure carbon coatings of-
ten suffer from poor toughness and brittleness due to high compressive residual
stress. These deficient properties can be improved by doping the carbon coating
with a small amount of more ductile metals, e.g., Cr,59,88 Ta, W, or Ti.89 Further
improvement can be achieved by multilayering of coatings, which allows the selec-
tion and combination of materials according to the desired properties. Multilayer
C/Cr coatings, registered as Graphit-iC

TM
, have been produced by UBM sputter-

ing90 and recently nanoscale multilayer C/Cr coatings have been developed, by
utilizing the combined steered cathodic arc/UBM sputtering (ABS) technology.60

The main difference between these two techniques is that the ABS technology
utilizes metal ion pretreatment to further improve the adhesion between the sub-
strate and the coating. The technological process of nanoscale multilayer C/Cr
deposition comprises three distinct steps: Cr+ ion etching, CrN base layer depo-
sition, and multilayer coating deposition. The metal ion etching was performed
in steered cathodic arc mode by applying an arc current of 100 A on Cr target
and a bias voltage of −1200 V on the substrates. The 0.25-µm-thick CrN base
layer was deposited by reactive sputtering of Cr in Ar + N2 atmosphere and
at a substrate bias of −75 V. The C/Cr nanoscale multilayer coatings were de-
posited by nonreactive UBM sputtering using three graphite and one Cr targets.
Table 14.7 summarizes the mechanical and tribological properties of the C/Cr
coatings.
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TABLE 14.7. Mechanical and Tribological Properties of C/Cr Nanoscale
Multilayer Coating.

Coefficient Sl. wear
Bias HP Stress of friction, coefficient Scratch adh. Ra

Coating (V) (GPa) (GPa) � (m3/(N m) Lc (N) (µm)

C/Cr −75 25 −2.0 0.17 1.0 × 10−17 >70 0.04

A considerable interest in the research of thin carbon films arises from the
possibility of changing the film properties, by tailoring the microstructure, i.e.,
from graphite like to diamond like with an amorphous or crystalline structure,
and the variation in sp2/sp3 ratio depending on the deposition techniques and
conditions.91–93 The energy of ion bombardment and the ion-to-neutral ratio dur-
ing the film growth is well known to strongly affect the growth, structure, and
thus the properties of the coatings. Appropriate control of the ion energies dur-
ing coating deposition has been shown to influence the density and nucleation
rates of the growing film,94,95 leading to better performance coatings. For carbon
nitride (CN) thin films, for example, it has been shown that an increase in bias
voltage from −25 to −40 V leads to smoother films and changes in the degree
of curvature of the graphitic sheets, extent and alignment of the microstructure
as well as results in improvement in strength, toughness, and elasticity of the
coatings.96 It is anticipated that due to the very low elemental sputtering yield of
C (sputtering yield for 500 eV Ar+ ions of C = 0.12, Cr = 1.18)97 the films will
grow under conditions of intensive ion bombardment (high ion to neutral ratios).
Indeed, for the deposition conditions used, an average ion flux to the substrate
of Ji = 5.6 × 1015 ions/(cm2 s) and neutral deposition flux of Jn = 1.07 × 1015

atoms/(cm2 s) have been measured, showing that the condensation of the film takes
place at a very high Ji/Jn ratio of 5.2.98 The conditions of intensive ion bombard-
ment combined with the higher mobility of the C atoms explain the observed dif-
ferences in the structure of the sputtered C/Cr films as a function of the applied bias
voltage.98,99

Figure 14.60a,b shows low-magnification BF-XTEM images of C/Cr coat-
ings deposited at bias voltages UB = −75 V and −95 V respectively, showing an
overview of the coating architecture composed of an Cr-ion irradiated substrate,
0.25-µm CrN base layer, and the 1.6-µm-thick C/Cr coating. In the BF-XTEM
view (Fig. 14.60a) the coating appears overall brighter than the substrate and the
base layer due to its lower average atomic number. The coating does not exhibit
diffraction contrast, indicating an amorphous structure. The SAED pattern from
the C/Cr layer [Fig. 14.60b (inset)] is composed of broad halo-like rings with uni-
form intensity, confirming the amorphous structure of the coating. The analysis
of the diffraction pattern revealed that the coating contains graphitic carbon and
chromium. The SAED pattern of the CrN base layer (Fig. 14.60b, inset C) reveals
a B1-NaCl structure with a weak 002 texture in the growth direction.
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(a) (b)

FIGURE 14.60. BF-XTEM micrographs of C/Cr deposited at (a) UB = −75 V, (b) UB =
−95 V.98

A distinct feature of the structure of the C/Cr coatings is the accumulated
carbon at the grain boundaries, which is imaged as a brighter phase (weak phase).
HAADF and lattice resolution imaging techniques have confirmed the segregation
mechanism and justified the coating density.98

Although the overall C/Cr microstructure appears similar for the coatings
deposited at −75 and −95 V, some important differences can also be observed.
The width of the column boundaries in the sample deposited at −75 V is markedly
larger compared to that of the sample deposited at UB = −95 V; also, the top
surface is considerably rougher. The surface roughness estimated from XTEM
decreased from 140 to 95 nm, to 45 nm as the bias voltage is increased from −65
to −75, to −95 V due to the smoothening effect of ion irradiation. In agreement
with the general observations in the literature, the effect of the increased ion energy
during the deposition of the C/Cr layer is to produce smoother coating surface and
denser coating.

Figure 14.61a,b shows BF-XTEM images of C/Cr coating microstructure near
the surface for the samples deposited with UB = −75 V and UB = −95 V. Inves-
tigation of the micrographs with higher magnifications further confirms that the
weak-phase column boundaries are not completely open voids. The amorphous ma-
trix is continuous between columns, although the overall atom density(especially
the local Cr concentration) appears to be lower as compared with the interior of the
column. The multilayer nanostructure of the C/Cr coating is not readily apparent.
It is revealed by careful investigation, as exemplified in the inset in Fig. 14.61b,
of areas of the sample with appropriate sample thickness. The multilayers have an
average periodicity of ∼2 nm, which is consistent with the one calculated on the
basis of the total deposition thickness and the period of sample rotation.
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(a) (b)

FIGURE 14.61. BF-XTEM micrographs of C/Cr coating near-surface region for (a) UB =
−75 V, (b) UB = −95 V.98

Investigations carried out at high magnifications by lattice resolution imaging
technique revealed further interesting details in the structure of C/Cr coatings
deposited at higher bias voltage of UB = −95 V. Small Cr-rich regions with a
curved structure, often described in the literature as onion-like structures, have
been observed (Fig. 14.62). These regions, which in this imaging mode appear with
slightly darker contrast, exhibit higher concentration of curved graphite planes,
indicating that Cr may act to cross-link and bend the graphite planes.

Nanoscale multilayer C/Cr coatings produced by the ABS technology has
demonstrated excellent adhesion (Lc = 70 N) and good tribological properties
(low wear rate of ∼10−17 m3/(N m) and coefficient of friction ∼0.17).98 It has
been shown, however, that both the friction and the wear behavior are strongly
influenced by the coatings microstructure and the testing environment. The low-
est values for the coefficient of friction of 0.21–0.23 have been measured when
sliding against both the C/Cr coated and uncoated 440C balls used as a coun-
terpart in open air. When tested in dry nitrogen, however, the friction coefficient
becomes significantly higher, i.e., 0.7–0.8, and the lifetimes of coatings are shorter.
The high wear resistance of C/Cr films in open air can be attributed to their high
adhesion, mechanical strength, and hardness, whereas their low friction behav-
ior may have been largely due to the presence of adsorbed water and/or oxygen
molecules on their sliding surfaces. These adsorbed species can reduce the amount
of adhesive interactions between sliding carbon film surfaces and hence result in
lower friction. When such species are essentially absent and cannot be replen-
ished (as in dry nitrogen) in a continuous manner, the friction coefficients of such
sliding interfaces becomes very high, mainly because of the presence of high lev-
els of adhesive interactions between rubbing surfaces. Such interactions may in
turn give rise to rapid wear of carbon films from the coated surfaces. It can be
speculated that under high ambient temperature and velocities the coating would
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FIGURE 14.62. High–resolution XTEM of C/Cr coating deposited at UB = −95 V, showing
regions with curved, onion-like structure (arrowed).98

form a protective chrome oxide layer that could prevent thermal degradation of the
coatings.

The effect of the bias voltage on the friction behavior of the C/Cr coatings has
been studied by testing on C/Cr-coated HSS samples sliding against 100Cr6 ball
in air. It has been found that the coefficient of friction of C/Cr coatings decreases
from 0.22 to 0.2 to 0.16 with increase in substrate bias voltage from −65 to
−75 V, to −95 V (Fig. 14.63). This result can well be correlated with the findings
of XTEM, which show decreasing surface roughness and significant densification
of the coating as the bias voltage is increased from −65 to −95 V, due to the ion-
irradiation effect. At lower bias voltage, the coating has a rougher surface, larger
grain size, bigger columns, and weak phase accumulated at the grain boundaries
that tend to open and crack, thus generating large particles, which accumulate in
the wear track and promote third-body sliding and higher friction coefficient. In
contrast, at higher bias voltage, due to the smoothening and densification of the
multilayer coating, the sliding wear occurs layer by layer and exhibits a lower
friction coefficient with smoother curve (Fig. 14.63, the curve for UB = −95 V).
Additionally, the excellent wear behavior of the C/Cr film, especially the reported
low wear coefficient [∼10−17 m3/(N m)] and high load-bearing capacity, can be
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FIGURE 14.63. Coefficient of friction of C/Cr coatings as a function of bias voltage (pin-
on-disk test, 5-N load, 100Cr6 ball, 0.1 m/s speed, in air.)98

attributed to the observed curved onion-like structure of the coating (Fig. 14.62). As
it has been described,96 this type of structure tends to show high material integrity
and toughness due to the unique slip-hindering mechanism resulting from the
cross-linking and the geometrical interlocking of the graphite planes.

The C/Cr coating can be used as a single coating or in combination with other
hard PVD coatings serving as underlayers. Table 14.8 summarizes the tribological
properties of the C/Cr system in such combinations.57In addition, data for reference
materials are given. Consistently, low friction coefficients in the range of 0.16–0.2
were measured, depending on the type of the underlayer material. Although being
harder, the underlying TiAlCrYN and TiN increase the wear rate. This result has to
be related to the existence of growth defects generated by the use of the cathodic arc
technology during the substrate-etching step. Consequently, the arc TiN underlayer

TABLE 14.8. Pin-on-Disc Dry Sliding Wear Test of Various Coatings.a

Wear coefficient Wear coefficient
Coefficient of the disk, of the ball,

Material of friction Kc (m3/(N m) Kc (m3/N m)

Arc TiN 0.73 5.3 × 10−16 2.1 × 10−16

Arc TiN + C/Cr 0.22 1.5 × 10−16 2.4 × 10−17

TiAlCrYN 0.65 2.5 × 10−16 1.4 × 10−16

TiAlCrYN + C/Cr 0.19 8.0 × 10−17 1.8 × 10−17

Polished M2 + C/Cr 0.16 1.5 × 10−17 8.0 × 10−19

Arc CrN 0.5 9.0 × 10−15 na
CrN/NbN 0.65 2.1 × 10−15 na
TiAlN/VN 0.45 1.3 × 10−17 na
Hard Cr 0.72 5.8 × 10−14 na

aSliding speed: 10 cm/s, normal load: 5 N, sliding distance: 22.6 km, counterpart: 6 mm 100Cr6 ball.
The sliding distance for the reference coatings was 4.5 km, using Al2O3 counterpart.
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shows the highest friction and wear coefficients. In contrast, the ABS-deposited
TiAlCrYN coating exhibits already reduced friction and wear data. The lowest
coefficient of friction of 0.16 was measured when the coating was deposited on
mirror-polished HSS sample, and this result has been retained during sliding in
dry air, oil, and in water environment. The combination of hard PVD coating
with C/Cr over-coat reduces the friction and wear coefficients of the carbon-free
hard coatings by almost a factor of 4. Furthermore, the wear of the counterpart,
e.g., an uncoated 100Cr6 ball, is also reduced substantially, especially when the
sliding partner is a hard coating. This type of wear behavior becomes of extreme
importance when protection of engineering components is required.

2.4.2. Application of Nanoscale Multilayer C/Cr Coating
in Machining of Ni-Based Alloys

The combined hard nitrides with friction-reducing C/Cr top coat have been tested
in side milling of highly abrasive high-Co-containing Ni-based alloys, (20-mm
diameter CC end mills, cutting speed 25 m/min, depth of cut 0.5 mm, and axial
depth 25 mm). Figure 14.64a–c compares the uncoated, TiAlCrYN-coated, and
TiAlCrYN/C/Cr-coated cutting edge of solid carbide end mills after wear. It can
be seen that the presence of the lubricious and nonsticking C/Cr top coat better
preserves the cutting edge geometry (width of flank wear) and reduces the material
transfer effect. The SEM images show the superior behavior of the combined
coating, even when the cutting duration is increased.

In the conditions of this test, the introduction of the low-friction C/Cr top
coat has led to reduction of both rake and flank wear by factors of 7 and 3.5,
respectively, when compared to the uncoated end mills (Fig. 14.65).

(a) (b) (c)

FIGURE 14.64. SEM micrograph showing the flank wear of solid carbide end mills: (a)
uncoated after 22-min. cutting, (b) coated with TiAlCrYN after 45-min. cutting and (c)
coated with TiAlCrYN/C/Cr after 60 min.
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FIGURE 14.65. Rake and Flank wear rates of 20-mm diameter solid carbide end mills
after side cutting in Co-containing Nimonic alloy: Vcut = 25 m/min, depth of cut = 0.5
mm, axial depth = 25 mm.

2.5. CrN/NbN Superlattice Coating Designed for High
Corrosion and Wear Applications

2.5.1. Microstructure and Corrosion Resistance of CrN/NbN
Superlattice Coatings

The main purpose of combining Nb and Cr in a superlattice coating of CrN/NbN
was to develop an environment-friendly replacement for hard chromium. The
rationale behind selecting NbN was to utilize the excellent corrosion resistance of
the electrochemically inert Nb,100 whereas CrN and has been chosen to allow low
deposition temperatures (∼200◦C). It was assumed that the combined enhanced
corrosion resistance and superhardness (HP 40 GPa) would lead to a new 4–5-µm-
thick PVD product with a wear performance equivalent to that of a 20-µm-thick
electroplated Cr coating.16,51,101

CrN/NbN superlattice coatings have been deposited by sputtering of two
adjacent pairs of Cr and Nb targets, 99.8% pure, in a common Ar + N2 atmosphere,
using the ABS technique. Depending on the application, either Cr+- or Nb+ ion
etching has been employed, followed by deposition of 0.3-µm CrN base layer
and of the 4–5-µm CrN/NbN superlattice coating with a superlattice period λ =
3 to 4 nm. Depending on the substrate material and the application, two types of
processes have been developed: utilizing low deposition temperatures of 250◦C
and high deposition temperatures of 450◦C. XTEM micrographs illustrating the
structure of CrN/NbN deposited at bias voltages of UB = −75 V and UB = −120
V are shown in Fig. 14.66a,b.
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(a) (b)

FIGURE 14.66. XTEM micrographs of CrN/NbN superlattice coating deposited at various
bias voltages: (a) UB = −75 V, in the region of base layer and superlattice coating, (b)
UB = −120 V, superlattice coating.16

As discussed in Section 1.4, increasing the bias voltage suppresses the su-
perlattice roughening effect and leads to sharpening of the interfaces between the
individual layers in the superlattice stack. Additionally, the coating surface mor-
phology changes significantly. Smoother surfaces with less growth defects are
observed for CrN/NbN coatings deposited at higher bias voltages (Fig. 14.67a–
c). This effect is related to the increased compressive stress in the higher bias

FIGURE 14.67. SEM micrographs illustrating the effect of the bias voltage on the surface
morphology of CrN/NbN superlattice coating: (a) UB = −75 V; (b) UB = −120 V; c) UB =
−150 V.101
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TABLE 14.9. Mechanical and Tribological Properties of Various CrN/NbN
Superlattice Coatings and Hard Chrome.

Coefficient Sl. wear
Bias HP Stress of friction, coefficient Scratch adh., Ra

Coating (V) (GPa) (GPa) � (m3/(N m) Lc (N) (µm)

CrN/NbN, −75 42 −1.8 0.69 2.1 × 10−15 50 0.07
deposited at 450◦C

CrN/NbN, −75 36 −2.7 0.7 3.6 × 10−15 45 0.04
deposited at 250◦C

Hard Cr — 14 — 0.72 5.8 × 10−14 15 0.05

voltage samples, which leads to self—healing of the growth defects originating
from droplets deposited at the coating–substrate interface during the ion-etching
step, as discussed in Section 1.4.

Table 14.9 summarizes the main mechanical and tribological properties of
both versions of CrN/NbN superlattice coatings deposited at high and low temper-
atures. Data for electroplated hard chrome are also included as reference.

The potentiodynamic polarization tests showed that the CrN/NbN superlat-
tice structured coatings provide substantially improved protection against cor-
rosion and pitting, in comparison to that provided by the monolithically grown
PVD coatings, due to fewer interconnecting pores and defects penetrating through
the coating.102 However, further extended investigations revealed the importance
of parameters such as composition, N/Me ratio, residual stress levels, and the
consistency of the CrN base layer in the corrosion performance of CrN/NbN
coatings.103 Substoichiometric (N/Me = 0.5) highly stressed CrN/NbN coatings
generally showed lower corrosion current densities, but pitting occurred at lower
potentials when compared with stoichiometric coatings (N/Me = 1) apparently
due to the higher residual stress.103,104 The corrosion resistance of both types of
coatings, substoichiometric and stoichiometric, improved when deposited on a
single-phase CrN base layer. The mixed-phase (Cr2N + CrN) base layer induced
a higher residual stress in the superlattice coatings and showed a rather voided,
porous structure when examined by TEM. It has also been found that the corrosion
resistance is strongly affected and even dominated by the growth defects caused
by the generation of droplets at the substrate–coating interface during the cathodic
arc-etching step. Very often, channels are formed allowing direct access of the cor-
rosive media to the substrate material.105 Increasing the bias voltage from −75 to
−120 V led to a smoother surface, as shown by SEM observations (Fig. 14.67) and
surface profilometry. Figure 14.68 shows representative polarization data for 304L
steel: one Cr-plated and two Cr+-ion-etched stoichiometric CrN/NbN superlattice
coatings deposited at various bias voltages on a single-phase CrN base layer. The
electroplated chromium did not show a good performance in polarization tests,
with no significant passivity evident. Low bias voltage (−75 V) superlattice coat-
ings exhibited pitting potentials in the range of +370 mV and, more significantly,
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FIGURE 14.68. Representative polarisation curves for Cr+-etched CrN/NbN coatings,
hard Cr and 304L stainless steel.16

the passive current density was two orders of magnitude lower [(3 to 5)× 10−7

mA/cm2] than that of electroplated Cr and stainless steel. However, recent exper-
iments with high bias voltage (−120 V) CrN/NbN superlattice coatings showed
even improved corrosion resistance with corrosion current densities in the range
of 1.0 × 10−8 mA/cm2, and practically no evidence of pitting was observed up
to +800 mV. The reverse part of the polarization curve showed a constant corro-
sion current of 1.0 × 10−7 mA/cm2 within the polarization potential range from
+800 to −500 mV, thus demonstrating the advantages of the less defected coating
surface.

To further improve the corrosion resistance of the substrate–coating interface,
a Nb+ etch (UB = −1200 V) was used for the surface pretreatment of stainless
steel. According to the equilibrium diagram, Nb forms only limited solid solutions
with Fe [γFe (Nb)], ε(Fe,Nb), and [αFe (Nb)] , which cannot explain the high
adhesion obtained in these coatings. However, the higher charge state of the Nb+

ions (average = 3) allows low energy implantation, thus providing excellent adhe-
sion with a critical load for CrN/NbN coatings of up to 70 N on a high-speed steel
substrate. XTEM observations showed the existence of a dense “amorphized” Nb
layer at the interface (Fig. 14.69) which appears to have a tremendous effect on
the corrosion performance of the PVD coatings. It has been demonstrated that if
the “amorphized” layer is applied in an appropriate manner, a 1-µm-thick PVD
Nb coating can compete with 20-µm hard chromium and electroless-deposited Ni
coatings.106

The polarization behavior of specially optimized CrN/NbN coatings is char-
acterized by potentiodynamic corrosion curves with a broad passivation shoulder
stretched up to pitting potentials of +750 mV (Fig. 14.70). Absolutely outstanding
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FIGURE 14.69. XTEM micrograph of Nb+-etched CrN/NbN superlattice coating.16

low-corrosion current densities in the range of 2 × 10−9mA/cm2 and no pitting up
to potentials of +800 mV were achieved when N+ etching was combined with the
smooth CrN/NbN coating surface obtained by using higher bias voltage (−120 V)
during the deposition process.

The ultimate corrosion test, however, which is accepted by the electroplating
industry, is the test carried out in a salt-spray environment. Typical conditions of the
test are environment temperature 35◦C, humidity 95–98%, solution concentration
NaCl 50 g/l, pH = 6.5–7.2. The lifetime of 25-µm-thick electroplated hard chrome
on 100-µm-thick bronze underlayer in these conditions is expected to be over
1000 h to red-rust appearance. Similar performance of 1575 h has been achieved
with Nb+-etched, 4.5-µm stoichiometric CrN/NbN superlattice coatings when
deposited on 304L steel. Only isolated small pits on the surface of the superlattice
coating have been observed to develop after this long exposure to the aggressive
salt-containing environment (Fig. 14.71).
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FIGURE 14.70. Representative polarization curves for Nb+-etched CrN/NbN coatings,
hard Cr and 304L stainless steel.16

FIGURE 14.71. Optical micrograph of stoichiometric CrN/NbN superlattice coating after
1575-h test in salt-spray environment.101
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FIGURE 14.72. Surface of mild steel samples protected by various coatings after salt spray
test: (a) CrN/NbN deposited directly on mild steel, after 24 h; (b) Chromium electroplated
mild steel, after 200 h; (c) mild steel coated with CrN/NbN superlattice coating containing
Nb barrier layer, after 300 h.108

Further success was achieved in the case of protecting mild steel, a less noble
material, from a corrosion point of view. In this application, a special UBM-
deposited pure Nb layer was introduced at the coating–substrate interface to serve
as a further barrier to corrosion.107 Along with the clear passivation behavior and
low (1 × 10−6A cm2) corrosion current densities, in salt-spray tests, CrN/NbN
coatings containing a Nb barrier layer showed remarkably high lifetime compared
to that of hard Cr (Fig. 14.72). In the conditions of the salt-spray test (solution
concentration NaCl 50 g/l, pH = 6.5–7.2, humidity 98%, and T = 35◦C), first
corrosion damage for 20-µm hard Cr was observed after 200 h (Fig. 14.72b).
Mild steel coated directly with CrN/NbN showed only a short lifetime of 24 h
(Fig. 14.72a), whereas the introduction of the UBM-deposited Nb barrier layer
increased the lifetime to 300 h (Fig. 14.72c).108

The results from this development clearly demonstrate the superiority of
the PVD superlattice structured CrN/NbN coatings when compared with hard
chrome, which opens prospects for various applications where corrosion attack is
involved.

2.5.2. Tribological Performance of CrN/NbN Superlattice Coatings

The tribological behavior of CrN/NbN superlattice coatings has been studied ex-
tensively by various test methods such as dry sliding, microabrasive and erosion
wear tests, as well as combined corrosion–erosion tests.16,58,109

Under dry sliding conditions, distinct differences in the wear behavior of
substoichiometric and stoichiometric, high-temperature CrN/NbN have been
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(a) (b)

FIGURE 14.73. SEM micrographs of the wear surface of (a) substoihiometric and (b) stoi-
hiometric CrN/NbN superlattice coating.

observed. SEM observations of the wear track of the substoichiometric coat-
ings revealed that the wear surface is rough, with many groves parallel to the
sliding direction (Fig. 14.73a). The wear marks are produced by small abrasive
particles detached from the coating via brittle failure mechanism, which play the
role of a third body in the tribological system. X-ray photoelectron spectroscopy
(XPS) and Raman spectroscopy indeed showed that the wear debris released dur-
ing dry sliding comprise a mixture of abrasive oxides, such as Cr2O3, CrNbO4,
and Nb2O5, corresponding to the CrN/NbN coating constitution.83 This behavior is
typical for the highly stressed and, therefore, brittle materials. Indeed, compressive
stress values as high as −7.5 GPa have been measured for the substoichiometric
CrN/NbN, compared to only −1.8 GPa measured for the coatings with stoichiomet-
ric composition. The increased compressive stress in the coatings usually results

TABLE 14.10. Tribological Properties of Sub- and Near-Stoichiometric, High
Temperature CrN/NbN and Electroplated Hard Chrome.58

CrN/NbN

Tribological properties Hard Cr Substoichiometric Near-stoichiometric

Coating thickness (µm) 20 6.6 5.2
Hardness (HK0.25) 1450 3580 3500
Surface roughness, Ra (µm) 0.053 0.058 0.051
Adhesion, LC (N) 15 25 50
Coefficient of friction 0.72 0.92 0.69
Wear depth (dry sliding) (µm) 13.5 4.65 0.93
Microabrasive wear coefficient 8.8 × 10−14 6.6 × 10−14 6.1 × 10−14

[m3/N m]
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FIGURE 14.74. Texture parameter of low-temperature CrN/NbN coatings, as a function
of bias voltage.

in increased friction and wear coefficients (Table 14.10; see also Table 14.3). In
contrast, for the stoichiometric CrN/NbN the wear track appears very smooth, sug-
gesting fine layer-by-layer wear mechanism, releasing only very fine wear debris,
which would be typically expected from nanoscale multilayer structured coatings
(Fig. 14.73b).

The results summarized in Table 14.10 clearly show that the stoichiometric
CrN/NbN superlattice coatings are superior to electroplated hard chromium. In
dry sliding conditions, CrN/NbN outperforms hard chrome by a factor of almost
13 (compare the wear depth measurements), thus demonstrating the success of the
PVD approach.

Very interesting tribological behavior was observed with CrN/NbN superlat-
tice coatings deposited at low temperatures of 250◦C110. It has been found that
the coating texture can be controlled by the bias voltage. Figure 14.74 shows that
strongly {111} textured coating can be produced at higher bias voltages. Pin-on-
disk dry sliding tests revealed that there is a strong correlation between the degree
of order in the coating structure and the friction and wear behavior of the mate-
rial. It appears that with highly textured films lower friction coefficient and higher
wear resistance can be achieved. Figure 14.75 illustrates this finding, showing that
the coefficient of friction decreases from 0.7 for less strongly textured CrN/NbN
coatings deposited at bias voltage of UB = −75 V to 0.5 for the highly textured
films deposited at UB = −150 V.

Similarly, the wear rate of the coatings, i.e., coefficient of sliding wear, de-
creases from 1.31 × 10−14 m3/(N m) at UB = −75 V to 2.8 × 10−15 m3/(N m) at
UB = −150 V. It can be speculated that the strongly textured coating material
provides larger number of atomic planes oriented parallel to the sliding direc-
tion, which provides better conditions for interplanar gliding, and therefore better
friction behavior.
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FIGURE 14.75. Coefficient of friction and coefficient of sliding wear of low-temperature
CrN/NbN coating as a function of bias voltage.

2.5.3. High-Temperature Performance of CrN/NbN
Superlattice Coatings

In many applications such as gas and steam turbine as well as automotive engines,
in addition to the high wear and corrosion resistance, high resistance against oxi-
dation is often required. In all these applications, the work temperature is between
550 and 750◦C, which can be regarded as medium- to high temperature range.
Being CrN based, CrN/NbN is a good candidate to serve under conditions of se-
vere environmental attack. Stoichiometric CrN/NbN superlattice coatings (Me/N
= 1), 4.5 µm thick, were deposited on Ti–6Al–4V alloy substrate to investigate
the applicability of the coating for protection of automotive engine valves.111 The
oxidation resistance of CrN/NbN superlattice coatings has been studied by thermo-
gravimetric analyses and compared to that of monolithically grown CrN and NbN
used as reference coatings. For NbN coating, accelerated rapid oxidation occurred
in a relatively low temperature range in between 500 and 550◦C. The oxidation
of both CrN and CrN/NbN was hardly measurable up to 700◦C. However, above
this temperature the weight gain of CrN increased almost linearly. In case of the
CrN/NbN coatings, the resistance against oxidation was retained up to 820–850◦C;
thereafter, an accelerated rapid oxidation occurred. GDOES depth profile analysis
revealed that after 168-h exposure at 700◦C in air, a thin, approximately 0.8-µm-
thick, oxide layer was formed on top of the CrN/NbN coating. The duration of the
high-temperature exposure was informed by a relevant industrial standard. Within
the oxidized layer, two compositionally different regions were distinguished. Cor-
respondingly, Nb-rich surface layer, followed by Cr -ich zone, was formed on
top of the CrN/NbN superlattice coating. In contrast, complete oxidation of the
CrN/NbN coating was observed for the samples exposed to air at 800◦C for 168 h.
The presence of a two-layered oxide structure on top of the superlattice was fur-
ther confirmed by glancing incidence XRD. X-ray diffraction patterns taken at 1◦

and 5◦ revealed that the top oxide layer comprises a tetragonal CrNbO4, followed
by a rhombohedral Cr2O3. The structure of the double-layer oxide formed after
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FIGURE 14.76. XTEM micrographs of CrN/NbN coatings oxidized at 700 ◦C for 168 h: (a)
the coating structure below the oxide layer; (b) the structure of the double oxide layer.111

exposure to air at 700◦C for 168 h was observed by TEM (Fig. 14.76a,b). Very
importantly, the TEM observations revealed that the remaining CrN/NbN coating
below the oxide layer has preserved its original nanoscale multilayer structure.
It can also be stated that the oxidation resistance is controlled by the formation
of higher density Cr2O3,which can provide more reliable barrier to the oxygen
diffusion compared to the rather porous top CrNbO4 layer. The results clearly de-
fined 700–750◦C as the temperature range where CrN/NbN can provide sufficient
environmental protection while retaining their structure and properties.

2.5.4. Application of CrN/NbN Superlattice Coatings
in Textile Industry

Textile machines, due to their specific design based on a multiplicity of produc-
tion positions, represent a unique niche where the demand for protective coatings
reaches its highest extent. The fiber- and yarn-contacting machine parts, usually a
few hundreds in a single machine, are subject to severe wear and corrosion resulting
from both the aggressiveness of the fiber material and the working environment.

Man-made fibers used for conventional clothing or high-performance engi-
neering textile, such as polyester, polypropylene, polyamide (nylon), often contain
TiO2 used as a delustring agent. Together with dust particles, mainly SiO2, these
abrasive materials turn the yarn into a million metres long saw blade, which is
able to cut even the hardest ceramic components used in textile machines. Cor-
rosion on the other hand occurs mainly due to the high level of humidity in the
textile production mills often required by the technological process. Friction and
corrosion are not the only sources of surface damage. Fast rotating parts (up to
200 000 rpm and more), experience high dynamic stress at the contact area with
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the yarn, leading to a fatigue failure of the material at the processing surface or
severe adhesion problems if coating is involved.112 Apart from the mechanical
strength and chemical stability of the surface, the productivity and the quality
achieved by the textile machines are strongly influenced by the topography of the
contacting surfaces. Rough surfaces may cause yarn damage and increase airborne
fiber concentration, which could lead to hazards and risks to humans exposed to
man-made fibers.113 Smoother surfaces in principle allow for higher process speed;
however, very smooth surfaces have implications on the quality of the yarn and
cause fiber transport problems. Coatings have shown great potential to modify
the surface characteristics of textile machine components to provide fiber-friendly
surfaces and match the demanding conditions at the tribological contact. A range
of coatings, such as chromium steel, nickel diamond dispersion, aluminum oxide
coating with low- and high titanium oxide content, and chromium oxide coatings
deposited by atmospheric plasma spray or high-velocity oxy-fuel technologies,
are currently available on the market, to meet a wide variety of textile industry
applications, where high hardness and wear resistance are needed. Corrosion re-
sistance is improved by a galvanically applied intermediate nickel layer, special
sealing, or impregnation. However, due to the increased surface roughness, all the
aforementioned coatings cause a substantial degree of damage to the thread. A sig-
nificant improvement of the surface topography and therefore less damage to the
yarn has been achieved by a monolithically grown PVD TiAlN coating (hardness
of 25 GPa).114 For false-twist texturing operations, PVD-coated Al disks have out-
performed disks made of Al2O3 sintered ceramic and showed performance similar
to disks made of polyurethane, which are gentle on the thread material, although
having a short lifetime. The progress in the development of multilayer, superlat-
tice coatings has now made PVD coatings available with plastic hardness value
in the range of 40–60 GPa, with extremely smooth surface and enhanced adhe-
sion. Among them, CrN/NbN is one of the best candidates to meet the require-
ments for high corrosion and wear resistance and deliver smooth yarn-friendly
surfaces.115

2.5.4a. Combing Rollers for Rotor Spinning. The yarn quality in spinning
is strongly influenced by the combing roller tooth geometry (shape and pitch) and
surface characteristics. Combing roller rings of S 21 type (tooth shape and pitch
suitable for spinning man-made fibers) coated with electroless Ni, PVD TiAlN
and smooth superhard CrN/NbN were tested in field trials.

The trials used an Autocoro rotor-spinning machine with 216 spindles running
in a spinning mill under normal production and environmental conditions (22–25◦C
temperature and about 60% relative humidity). The yarn produced was 100% PES
(polyester), from either Tergal 118 (Rhone-Poulenc) or Grisuten 11 (Märkische
Faser) types and a fineness from 1.3 dtex/38 mm up to 1.5 dtex/38 mm, bright and
semi-dull. The production parameters were as follows: yarn count: Nm 20–Nm 34
(Ne 12–Ne 20); sliver count, Nm 0.25 (Ne 0.15); rotor speed up to 88 000 rpm;
combing roller speed: 9200 rpm.
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(a) (b) (c)

FIGURE 14.77. Wear marks on the breast and the tip of the teeth of the combing
rollers coated with various coatings after several hours of operation. (a) Combing rollers,
overview; (b) standard electroplated Ni coating, 7800 h; (c) CrN/NbN superlattice coating,
8050 h.115

During the test at 3-monthly intervals the following parameters were moni-
tored:

� yarn data (strength, elongation, evenness, hairiness, and abrasion) – six
packages of each type

� wearing of the teeth (SEM) – random samples of each type
� dust deposition in the combing roller housing (visually)

Figure 14.77a–c shows the overview of the components as well as the extent
of wear at the breast and tip of the teeth on the combing rollers coated with Ni
and CrN/NbN superlattice coatings, respectively (∼8000 running hours). Deep
wear marks (cuts) were observed on the breasts while the tips were worn flat on
Ni-coated rollers, which led to unacceptable yarn quality and need of replacement.
The CrN/NbN coating showed only a little wear, and continued to provide high-
quality yarn for up to 10 000–12 000 h. No fiber dust, indicating damaging of the
PES fibers, was observed in the combing rollers housing, and the yarn parameters
such as strength, elongation, evenness, and hairiness were well within the required
standard values. The yarn abrasion rate by use of the superlattice-coated combing
rollers was estimated to be as low as 1 mg/10 g yarn, which demonstrates the
excellent wear behavior of the CrN/NbN in the conditions of this study.

2.5.4b. Textile Scissors. Textile scissors for cutting various types of textile
yarn coated with low-temperature (250◦C) CrN/NbN superlattice coating were
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FIGURE 14.78. Textile scissors for cutting various types of textile yarn, coated with low-
temperature (250 ◦C) CrN/NbN superlattice coating.101

tested at Schlafhorst, Germany .The blades have to withstand relatively high air
humidity and are in contact with different fiber-finishing agents. The scissors
(Fig. 14.78) cut yarn cleanly on AUTOCONER winding machines and the life
expectancy is several years. A specialized testing rig was used, allowing parallel
evaluation of wear and corrosion of scissors. After more than 2.5 million cuts, the
cutting edge performance was still acceptable. Pre-series of CrN/NbN superlattice-
coated scissors blades have been installed in different mills, where the blades have
shown excellent performance in real working environments.

2.5.4c. Textile Blades for Chopped Fiber Production. In order to chop
polymeric fiber, specialized textile blades are used, mounted on a carousel approxi-
mately 600–700 mm in diameter with the sharp edges of the blades facing outwards
(Fig. 14.79). Incoming continuous polypropylene fiber “belt” is fed around the ro-
tating carousel under a light load, resulting in chopped fibers with lengths equal
to the blade spacing. The textile blades are made from 1% carbon, 2% tungsten
steel strip that is hardened in a continuous process, followed by a 280◦C temper.
The tungsten-graded steel is used to achieve the necessary hardness (700 HV 10)
while retaining a high level of toughness. A brittle blade could have a potentially
catastrophic effect on the production line if failure occurs.
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FIGURE 14.79. A carousel with blades coated with CrN/NbN for chopped fiber produc-
tion.

The nominal blade thickness is 0.64 mm and the edge is ground to an included
primary angle of 21

◦
with a secondary angle of 42

◦
. The textile blades were coated

with the low-temperature (250◦C) CrN/NbN superlattice coating. The performance
of the new CrN/NbN superlattice coating was compared to an uncoated blade and
chromium oxide coating, which is currently available on the market. Trials for
initial sharpness and wear properties were carried out at CATRA (Cutlery & Allied
Trades Research Association, UK), using sharp edge testing equipment. The testing
is carried out as per BS EN ISO 8442:5:1999—Test for Blade Cutting Performance.
The principle of the test is relatively simple in that the blade is mounted with the
edge vertical and cuts into a pack of specially developed synthetic paper, containing
5% quartz as an abrasive media, that is automatically lowered on it. By plotting the
depth of card cut against the number of cycles, it is possible to obtain a measure
of the initial sharpness and subsequent wear rate, generally quoted as ICP and
TCC. ICP (initial cutting performance) represents the cutting ability (sharpness)
as supplied and is the culmination of the amount of card cut in the first three
cycles. TCC (total card cut) represents the life of the blade by giving a measure of
its total cutting ability. The ICP and TCC values as evaluated by the edge test for
uncoated and coated textile blades are shown in Fig. 14.80. The estimated lifetime
of the blades under the conditions of this test is presented in Fig. 14.81. The results
revealed that little benefit was being achieved with the chromium oxide coating,
whereas the PVD coating gave significant increases in blade performance.

On the basis of these tests, factory trials were carried out using the PVD-
coated blades. These blades were installed in carousels on various production
runs while processing a product line known to have aggressive wear properties. In
these conditions, estimates were that CrN/NbN-coated blades achieved a fourfold
increase in life compared to uncoated blades.
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FIGURE 14.80. Edge test results of uncoated and coated textile blades. Initial cutting
power (ICP) and total card cut (TCC) values.

2.5.5. Application of CrN/NbN Superlattice Coatings
in Cutlery Industry

Another promising field of application is the cutlery industry.24,116 Examples are
CrN/NbN-coated knife blades (Fig. 14.82a). As can be seen from the XTEM
image in Fig. 14.82b the superlattice structure is well developed at the sharp knife
edge.

FIGURE 14.81. Edge test results of uncoated and coated textile blades. Lifetime of coated
and uncoated blades.
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FIGURE 14.82. (a) SEM cross section of CrN/NbN-coated knife blade; (b) XTEM showing
the superlattice structure on a knife edge.24

Such CrN/NbN superlattice coating outperforms PVD CrN (ARC) and amor-
phous carbon or amorphous metal carbon films, as shown in Fig. 14.83. To evaluate
the cutting power of the coated sharp edges, a standard testing procedure used in
cutlery was applied, employing cutting into specially designed abrasive paper me-
dia as explained in Section 2.5.4. The numbers of TCC, which represent the wear
resistance of the cutting edge in this test, for various coating materials, are shown
in Fig. 14.84.
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FIGURE 14.83. Superior performance of CrN/NbN-coated blades in TCC test.
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FIGURE 14.84. Comparison of mean TCC values obtained from various PVD coatings.116

2.5.6. Application of CrN/NbN Superlattice Coatings
in Printing Industry

Successful protection of fine sharp edges by CrN/NbN superlattice coating was
demonstrated in printing industry. Very thin (0.5 mm) flexible knives used for
cutting of labels were coated with low-temperature (250◦C) CrN/NbN superlattice
coating Fig. (14.85). The labels are cut from extremely abrasive Al-based alloy
strip material and the tiny cutting edge of the flexible blade suffers severe wear.

FIGURE 14.85. Label cutting flexible knives coated with low-temperature CrN/NbN
superlattice coating.



636 P. Eh. Hovsepian and W.-D. Münz

FIGURE 14.86. Heavy-duty shredding knives and front grid for meat processing, coated
with low-temperature CrN/NbN superlattice coating.

The lifetime in this particular application was increased from 2 to 90 days. A
number of various parts used in printing machines can be serviced effectively by
the low-temperature CrN/NbN superlattice coating.

2.5.7. Application of CrN/NbN Superlattice Coatings in Leather
Industry

Heavy-duty shredding knives and front grid used to process meat scrap in the
leather industry were coated with low-temperature CrN/NbN superlattice coating
(Fig. 14.86). In this application, the lifetime of the PVD-coated cutting set has
been improved by a factor of 7, compared to that of the uncoated set. Due to their
biocompatibility, and high reistance to corrosion and wear, the Nb-based CrN/NbN
superlattice coatings are seen as coatings that will find successful applications in
food industry as well. Typical applications in this sector include meat of vegetable-
slicing blades, food-processing machines, and juice-producing equipment.

2.5.8. Application of CrN/NbN Superlattice Coatings
for Protection of Surgical Blades

Very often, due to their fine geometry (small included angles typically 12◦ and 14◦),
sharp objects such as surgical blades face strength problems under mechanical
loads and fail to provide the necessary support to the superhard PVD coatings. It is
anticipated that including plasma nitriding as a pretreatment prior to the superlattice
coating deposition would provide solution to this problem. A combined process
of low-pressure plasma nitriding and PVD coating integrated in one unit has been
developed, dedicated to the surgical blade application.117 The plasma nitriding
process was carried out, utilizing the plasma generated by the magnetrons in a
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(a) (b)

FIGURE 14.87. (a) SEM cross section of the blade tip showing the nitrided zone and the
CrN/NbN coating; (b) SEM front view of the cutting edge showing excellent coverage.117

PVD system, operated at low power and an auxiliary discharge ignited at the
substrates due to the high substrate bias, UB, in the range of −1000 V. The process
was carried out in pure nitrogen atmosphere in the pressure range of ∼10−3 mbar.

CrN/NbN nanoscale multilayer PVD coatings have been deposited on sur-
gical blades that were plasma nitrided at optimized conditions, and their cutting
performance evaluated.

Because of the fine cutting edge geometry, it is very important that a uniform
edge coverage is achieved and edge rounding is avoided. The structure of the
nitrided zone and the uniformity of the PVD coating over the tip of the blades
have been investigated by cross-section SEM (Fig. 14.87a). The image shows that
the coating uniformly covers the cutting edge very much retaining the sharpness
of the profile. Front viewing of the cutting edge of the CrN/NbN-coated blades,
using higher magnifications, demonstrated even better the excellent quality of the
coating (Fig. 14.87b). The cutting tests have been carried out using specialized
equipment and procedures. The cutting efficiency of the blades was defined by
the number of cutting strokes needed to cut through an elastic synthetic material
with defined thickness under constant normal load. Two parameters characterize
the cutting performance of the blades, namely, the initial cutting efficiency of
the blade and its lifetime. The initial cutting efficiency is defined as the number
of strokes required for cutting through the test piece during the first test cycle.
Whereas the number of repeat cycles in this type of test is indicative of the long-
term performance (“lifetime”) of the cutting edge.

Figure 14.88 demonstrates the effect of the bias voltage during plasma nitrid-
ing and the effect of the combined treatment, nitriding and PVD coating, on the
initial cutting efficiency of the cutting blades.

The best performance has been achieved for blades nitrided at bias voltage of
UB = −1000 V. Deposition of CrN/NbN nanoscale multilayer PVD coatings on
blades that were plasma nitrided at optimized conditions reduced the number of
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FIGURE 14.88. Cutting efficiency of surgical blades low-pressure plasma nitrided and
coated with CrN/NbN; C/Cr is included for reference.117

cuttings strokes from 18 for the untreated blades to the range of 5–6. The cutting
ability of the blades treated by the combined technology has been retained for
more than 28 test cycles, outperforming the nitrided-only blades by a factor of 3
and showed almost 10 times longer lifetime when compared to untreated blades.
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COLOR PLATE 1. Dislocation repelled at high stress region of the GB. (From Ref. 37.)



COLOR PLATE 2. Dislocation absorbed at low stress region of the GB. (From Ref. 37.)



COLOR PLATE 3. Dislocation emitted by high stress region of the GB. (From Ref. 37.)
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