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Preface

Air separation for pure oxygen production is an important process for many

industries, such as steel production, glassmaking, ammonia synthesis, coal gasifi-

cation, natural gas conversion, environmental protection, etc. The mixed ionic–

electronic conducting (MIEC) membrane is deemed as the next-generation tech-

nology for oxygen separation since it was proposed in the 1980s, because it exhibits

high energy efficiency and low cost for pure oxygen production as well as facile

integration with other processes with improved efficiency. Much effort has been

made by researchers from both academia and industry in the past 30 years. In the

academic community, the research was focused on the development of membrane

materials, preparation techniques of ceramic powders and membranes, basic prin-

ciples related to oxygen permeation, and catalytic reactions in MIEC membrane

reactors. The research conducted by companies, for instance, Air Products &

Chemicals Inc., was focused on the fabrication of MIEC membrane modules in

large scale, operation of membrane modules, and design of the membrane process.

Our group started the MIEC program in the 1990s and published more than

100 papers on the MIEC membranes. Our research was focused on the development

of MIEC membranes, such as Ba0.5Sr0.5Co0.8Fe0.2O3-δ, dual-phase membranes,

catalytic reactions in membrane reactors, and development of permeation model.

Recently, we extended the operation temperature of MIEC membranes from the

typical high temperatures (700–1000 �C) to low temperatures (350–600 �C) by
solving the problems related to permeation stability.

In the past 30 years, thousands of research papers and dozens of reviews and

book chapters have been published, but there is no work giving a comprehensive

introduction to the knowledge related to MIEC membranes. Most of the reviews

and book chapters are focused on the development of MIEC materials and catalytic

reactions in membrane reactors. Therefore, we came to the idea to write a book to

describe the critical aspects of MIEC membrane to readers, including the theoret-

ical foundation, experimental methods, membrane materials, potential applications,

and development of the MIEC technology. Another purpose of this book is to

summarize the progress of MIEC membranes made in the past 30 years. This book

v



contains ten chapters. The background is introduced in Chap. 1, and then the basic

principles, ionic conductors, experimental methods, model development, mem-

brane materials, and reactions in MIEC membrane reactors are introduced in

Chaps. 2, 3, 4, 5, 6, 7, 8, and 9, and finally, the commercialization of the MIEC

membranes is introduced in Chap. 10. This book cannot cover all the aspects of

MIEC membrane technology. Comments and queries from readers will be grate-

fully received and can be sent to zhuxf@dicp.ac.cn or yangws@dicp.ac.cn.

Dalian, China Xuefeng Zhu

Weishen Yang
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Chapter 1

Introduction to Mixed Ionic–Electronic
Conducting Membranes

Abstract Mixed ionic–electronic conducting (MIEC) membranes have attracted

considerable attention from the industrial and academic communities over the past

30 years. This is deemed as a next-generation technology for pure oxygen produc-

tion and powerful catalytic membrane reactors with high process intensification and

large energy savings. This chapter briefly presents the history of MIEC membrane

and provides an introduction to membrane reactors, the permeation principle, and

the types of MIEC membranes, as well as outlines the scope of this book.

Keywords Mixed ionic–electronic conducting membranes • Dense ceramic

membranes • Oxygen permeation • Perovskite • Membrane reactors • Bulk

diffusion • Interfacial oxygen exchange

1.1 Introduction

Oxygen is an important industrial gas that is widely used in chemical industries,

ferrous metallurgy, glassmaking, clean power generation, environmental protec-

tion, etc. At present, cryogenic distillation is the only commercialization technol-

ogy for the large-scale production of pure oxygen. Over the past 100 years, the

cryogenic technology has matured gradually, and there is only marginal room to

reduce the energy consumption in the production of pure oxygen. However, the

current production cost of pure oxygen is still too high to be accepted by many

industrial processes, such as the clean power generation process, i.e., the oxyfuel

process with CO2 capture, in which air is replaced by pure oxygen for the combus-

tion of fossil fuels. Another matured technology for oxygen separation from air is

pressure swing adsorption (PSA) using zeolites as the absorbents. However, the

purity of oxygen produced via the PSA process is lower than 95%, and it is

economical only in mid- or small-scale oxygen separation. Therefore, the PSA

technology is unsuitable for the abovementioned large-scale industrial processes.

Mixed ionic–electronic conducting (MIEC) membranes are a type of dense

ceramic membranes, in which oxygen ions can diffuse from one side to the other

side via the lattice vacancies or interstitial sites under the driving force of the

oxygen chemical potential gradient across the membranes. The permeation selec-

tivity of such membranes is 100% to oxygen, according to the permeation
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mechanism. These membranes are operated at elevated temperatures (typically in

the range of 700–1000 �C) with elevated air pressures (1–2 MPa) fed to the

retention side and vacuum in the permeation side, according to the Air Products

& Chemicals Inc.’s reports, which have resulted in great progress in the commer-

cialization of the MIEC membrane technology for pure oxygen productions. An

industrial demonstration factory for oxygen separation based on the MIEC mem-

brane technology with a production capability of 100 metric tons oxygen per day is

under construction. Compared with the cryogenic distillation technology, the MIEC

membrane technology for pure oxygen production has low energy consumption and

less capital investment and is easily integrated with the abovementioned large-scale

industrial processes.

Although the solid-state oxygen ionic conductors were invented by Nernst in

1899 [1], the concept for oxygen permeation using a mixed ionic–electronic

conductor was inadvertently introduced by Cales and Baumard in 1982 [2]. They

used calcia-stabilized zirconia tubes to determine the oxygen permeation flux at

1800 �C with steam fed to the retention side and equimolar CO–CO2 fed to the

permeation side. However, their target was to determine the partial electronic

conductivity of the solid electrolyte at elevated temperatures. The concept of

separating pure oxygen from air using an MIEC membrane was explicitly proposed

by Teraoka and his coworkers in 1985 [3]. They reported an investigation on the

oxygen permeation through perovskite-type oxides, i.e., La1-xSrxCo1-yFeyO3-δ
(0� x� 1, 0� y� 1), in the temperature range of 450–877 �C, and achieved high

oxygen permeation flux up to 3.1 mL cm�2 min�1 through a 1-mm-thick

SrCo0.8Fe0.2O3-δ membrane at 850 �C. Subsequently, perovskite-type oxides

(ABO3) attracted considerable attention, and the field of MIEC membranes was

gradually formed. In the initial stage, researchers focused on the La1-xSrxCo1-y
FeyO3-δ system, in particular SrCo0.8Fe0.2O3-δ because of its high oxygen perme-

ability among the materials in this series. However, subsequent research showed

that the cubic SrCo0.8Fe0.2O3-δ phase transfers to an oxygen vacancy-ordered

brownmillerite phase as the oxygen partial pressure decreases below 10 kPa and

temperature decreases below 790 �C [4]. The use of La to partially replace Sr and

the reduction of Co content are effective methods for inhibiting the phase transfor-

mation, but they result in a significant reduction in oxygen permeability. Yang’s
group used Ba to partially replace Sr and prepared the optimal membrane material

in this series, Ba0.5Sr0.5Co0.8Fe0.2O3-δ, which shows high oxygen permeability and

good stability at temperatures higher than 850 �C [5]. The development of new

materials has not stopped over the past 30 years, and the target has gradually

become clear, i.e., the stability of membrane materials is more important than its

permeability for the commercialization of the MIEC membrane technology. There-

fore, to improve the stability, many kinds of membrane materials have been

developed by improving the cobalt-based perovskite materials through doping of

cations with stable valence state in the B site and by preparing cobalt-free perov-

skite materials and dual-phase materials.

Besides air separation for pure oxygen production, another important application

of MIEC membranes is as membrane reactors in which catalytic reactions are
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integrated with the oxygen separation process [6, 7]. The typical catalytic reaction

in MIEC membranes reactors is the partial oxidation of natural gas to produce

syngas (H2þCO). In the membrane reactor, air is fed to the retention side and

natural gas is fed to the permeation side. Ni-based catalysts are usually filled on the

permeation side. The permeated oxygen from the retention side reacts with natural

gas to produce syngas on the permeation side, and thus, this membrane reactor

couples the oxygen separation and catalytic reaction together with enhanced energy

efficiency. The catalytic reaction consumes the permeated oxygen, thus increasing

the oxygen chemical potential gradient across the membrane, and the oxygen flux is

thereby enhanced by about ten times compared with the flux for pure oxygen

production. Oxidative dehydrogenation of light alkanes to olefins and oxidation

coupling of methane to ethane and ethylene were also considered in MIEC mem-

brane reactors [8, 9]. The main advantage of the catalytic membrane reactors is that

the selectivity of these reactions can be improved compared with the traditional

fixed-bed reactors, because lattice oxygen and not gaseous oxygen is the active

oxygen species for the oxidation reactions. In the abovementioned MIEC mem-

brane reactors, oxygen is selectively introduced into the reaction system; of course,

oxygen can be selectively removed from the reaction system as long as there is an

oxygen chemical potential difference across the membrane. For example, as steam

mixed with a proper ratio of air is fed to the retention side and natural gas is fed to

the permeation side, partial oxidation reaction to syngas takes place on the perme-

ation side, and the water-splitting reaction to hydrogen takes place on the retention

side, accompanied by the oxygen permeation from the retention side to the perme-

ation side [10]. For the retention side, the oxygen in water and air is moved to the

permeation side and reacts with natural gas to produce syngas. After cooling and

drying, ammonia syngas (H2þN2) and liquid fuel syngas (H2þCO) are produced,

respectively, from the retention side and the permeation side. The energy consump-

tion of this MIEC membrane reactor process can be saved by more than 60%

compared to the traditional industrial processes. Therefore, the MIEC membrane

reactors will attract considerable attention from the industrial and academic

communities.

1.2 Principle of Oxygen Permeation

Oxygen permeates through MIEC membranes via three main steps, i.e., oxygen

exchange at the gas–solid interface of retention side, oxygen–electron (or hole)

ambipolar diffusion through the membrane bulk, and oxygen exchange at the gas–

solid interface of permeation side, as shown in Fig. 1.1. The reactions related to

oxygen exchange at the gas–solid interfaces are also called surface exchange

reactions. The surface exchange reactions are complicated, because there are four

electrons related to the reactions. If electrons and oxygen ions are considered as the
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charge carriers and the diffusion path of oxygen ions is not addressed, the total

reactions can be simply written as

For the retention side : O2 þ 4e� $ 2O2� ð1:1Þ
For the permeation side : 2O2� $ O2 þ 4e� ð1:2Þ

If holes and oxygen vacancies are considered as the charge carriers, the surface

exchange reactions can be written by using the Krӧger–Vink notations as follows:

For the retention side : O2 þ 2V ∙ ∙
O $ 2Ox

O þ 4h ∙ ð1:3Þ
For the permeation side : 2O�

O þ 4h ∙ $ O2 þ 2V ∙ ∙
O ð1:4Þ

where the Krӧger–Vink notations, O�
O, V ∙ ∙

O , and h ∙ , denote the oxygen ion

occupying the oxygen lattice site, the oxygen vacancy, and the hole, respectively.

Although the overall reactions look very simple, they contain many steps. For the

oxygen exchange reaction on the retention side, which has been extensively inves-

tigated in the field of solid oxide fuel cells, steps like adsorption, catching electrons,

dissociation, catching another electron, and incorporation into the crystal lattice

would occur. The detailed mechanism is still not clear, and it may change

depending on the material. The following is a widely accepted mechanism for the

surface oxygen exchange on the retention side though it is still not well verified by

experiments.

Adsorption : O2ðgÞ ! O2ðadÞ ð1:5aÞ
Combining with electron : O2ðadÞ þ e� ! O�

2ðadÞ ð1:5bÞ
Changing the adsorption state : O�

2ðadÞ ! O�
2ðad,biÞ ð1:5cÞ

Combining with electron : O�
2ðad,biÞ þ e� ! O2�

2ðad,biÞ ð1:5dÞ
Dissociation : O�

2ðad,biÞ ! 2O�
ðadÞ ð1:5eÞ

Fig. 1.1 Mechanism of oxygen permeation through an MIEC membrane

4 1 Introduction to Mixed Ionic–Electronic Conducting Membranes



Combining with electron : O�
ðadÞ þ e� ! O2�

ðadÞ ð1:5fÞ
Incorporating into lattice : O2�

ðadÞ þ V ∙ ∙
O $ O�

O ð1:5gÞ

Every step shown above can become the rate-determining step for the surface

exchange reaction on the retention side. The surface exchange reaction on the

permeation side is also not well understood because there is no wide application

related to the reaction to drive the investigation. The elementary steps in the surface

exchange reaction on the retention side are not simple as the reverse reactions

numbered from Eqs. 1.5a to 1.5g.

There are two diffusion paths for oxygen ions through the membrane bulk: one

is via the oxygen vacancies and the other is via the oxygen interstitial sites. For

most ABO3 perovskite oxides and fluorite oxides, the transport of oxygen ions

follows the vacancy diffusion mechanism, while for the K2NiF4-type oxides, the

transport of oxygen ions follows the interstitial diffusion mechanism or a mixed

interstitial and vacancy diffusion mechanism. In the oxygen permeation process,

oxygen ions transport from the retention side to the permeation side, while the

electrons transfer in an inverse direction to keep the electric neutrality throughout

the MIEC membranes. Unlike an oxygen pump, which is based on pure oxygen

ionic conductors, such as yttria-stabilized zirconia (YSZ), and needs an outside

electric circle, the MIEC membranes can transfer electrons internally, and thus,

the complexity of the setup is significantly reduced and facile to the large-scale

applications.

1.3 Types of Membranes

To understand the MIEC membranes from different angles, five types of classifi-

cations are frequently mentioned in the literature. Figure 1.2 shows the classifica-

tion of MIEC membranes based on the crystal structure, phase composition,

chemical composition, geometrical shape, and configuration of the dense layer.

Most MIEC membranes have a crystal structure of perovskite (ABO3), in which

A is the larger cation and B is the smaller cation. Perovskite is a framework

structure constructed from BO6 octahedra with A ions located in 12-coordinated

interstices. Some MIEC membranes have a crystal structure similar to that of

perovskite, such as the Ruddlesden–Popper (R–P) series with a formula of

An+1BnO3n+1 (n¼ 1, 2, 3. . . . . .1). The crystal structure of the R–P phase is similar

to that of perovskite, in which a number of perovskite blocks (n is the number of

perovskite blocks) having corner-shared BO6 octahedra alter with AO rock salt

layers along the c-axis. K2NiF4-type oxides and perovskite oxides are two extremes

for this series of materials (n¼ 1 for K2NiF4 type and n¼1 for perovskite). Some

MIEC membranes have a fluorite structure, and the typical example is CeO2-based

materials. Thus, according to the crystal structure, MIEC membranes are classified

as perovskite type, perovskite-related type, and fluorite type.
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If a membrane has only one crystalline phase, it is called a single-phase

membrane. Most of perovskite membranes are single-phase membrane, such as

La1�xSrxCo1�yFeyO3�δ (0� x� 1, 0� y� 1). If a membrane has two phases and

both contribute to oxygen permeation, it is called a dual-phase membrane. The first

dual-phase membrane is YSZ–Pd, which contains a fluorite-type oxide phase, YSZ,

for the transport of oxygen ions and a metal phase (face-centered cubic structure),

Pd, for the transfer of electrons. Figure 1.3 shows the types of membranes classified

according to phase composition. If a membrane has two or more phases and only

Fig. 1.2 Classification of MIEC membranes based on the crystal structure, phase composition,

chemical composition, geometrical shape, and configuration of the dense layer

Fig. 1.3 Types of membranes classified according to phase composition
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one phase contributes to oxygen permeation, it is called a composite membrane.

The inert phase is added in the membrane to improve the mechanical strength or

other properties of the materials. For example, the SrCo0.8Fe0.2O3-δ–SrSnO3 com-

posite membrane comprises two perovskite phases, in which SrSnO3 is inert to

oxygen permeation, but it can improve the mechanical strength of the

membrane [11].

In the early stage of the development of perovskite membranes, research was

focused on perovskite with a cobalt element in the B site because cobalt-based

perovskite membranes exhibit high oxygen permeability, such as

Ba0.5Sr0.5Co0.8Fe0.2O3-δ [5]. However, cobalt cations are easily reduced to a

lower valence state owing to the weak Co–O bond, which results in the membranes

being unstable in strong reducing environments. Therefore, cobalt-free perovskite

membranes were proposed. For example, BaCe0.05Fe0.95O3-δ shows not only high

oxygen permeability even comparable to most of the cobalt-based perovskite

membranes but also high structural stability even in H2 atmosphere at elevated

temperatures [12].

Similar to other types of membranes, the most common geometric shapes of

MIEC membranes are plate, tubular, and hollow fibers. Figure 1.4 shows typical

images of the plate, tubular, and hollow fiber MIEC membranes. As shown in

Fig. 1.5, if a membrane has a thin dense layer for the selective permeation of

Fig. 1.4 Typical images of the plate, tubular, and hollow fiber MIEC membranes

Fig. 1.5 SEM cross-views of self-support membrane (a) and asymmetric membrane (b)
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oxygen and a thick porous layer to support the dense layer, the membrane is

frequently called an asymmetric membrane; while if the dense layer has enough

thickness to support the integrity of the membrane, it is called a self-support

membrane.

1.4 Scope of This Book

Although the earliest research on MIEC membranes for oxygen permeation can be

traced back to 30 years ago, no book has yet given a systematic description of the

MIEC membranes. In this book, we present the scientific and technological pro-

gresses as well as the basic knowledge related to MIEC membranes. Solid defect

chemistry and solid electrochemistry are part of the basic knowledge required in the

field. The contents, such as point defects, defect equilibrium, grain boundary, and

oxygen ionic diffusion of oxygen ionic conductors, are introduced in Chap. 2. This

knowledge is important to help readers to understand the performance of materials

and design new materials. For MIEC membrane materials, the ambipolar diffusion

of oxygen ions and electrons through the membrane bulk is the critical step in the

process of oxygen permeation, while the ionic conductivity of MIEC materials is

several orders lower than their electronic conductivity for most perovskite mem-

branes, and thus, the improvement of oxygen ionic conductivity is the key to

enhancing the permeability of MIEC membrane. In Chap. 3, the oxygen ionic

conductors, such as fluorite type, perovskite type, and other types, are introduced,

after they are properly doped by elements with variable valence states or mixed

with a secondary phase with electronic conduction; they can be made into MIEC

membranes for oxygen permeation. In addition, the factors influencing the ionic

conductivity of perovskite-type ionic conductors or mixed conductors are intro-

duced in this chapter, and thus, researchers can design their MIEC materials

according to their application targets. MIEC membranes are all operated at high

temperatures, and thus, the special properties related to high temperature are briefly

introduced.

Except for the inherent properties, the preparation technology of a membrane, as

shown in Chap. 4, has a large influence on its permeation performance. The

preparation technology includes the preparation of a ceramic powder, green body

shaping, and sintering to a dense form. All these steps are critical to successfully

fabricate a membrane, especially for the larger-scale preparation of membranes for

the commercialization of the MIEC membrane technology. A brief introduction to

the characterization technologies and testing methods of MIEC membranes is also

presented in this chapter to help the beginners to know how a MIEC membrane is

investigated in laboratories. Although the oxygen permeation process can be simply

depicted in Fig. 1.1, the mechanism related to oxygen exchange on the gas–solid

interfaces is not clear so far, and the transport of oxygen ions across or along the

grain boundaries is difficult to be determined in situ. Thus, the roles of membrane

surfaces and grain boundary are still under investigation. Several permeation
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models were proposed to describe the oxygen permeation behavior of MIEC

membranes in the past 30 years, and these are introduced in Chap. 5. Although

all the equations were derived based on many assumptions, these permeation

models can help readers to understand the mechanism of oxygen permeation

through MIEC membranes.

Asmentioned in the “Introduction” section,mostMIECmembranes reported in the

past 30 years have the perovskite structure (ABO3), inwhich the cations in the A andB

sites can be substituted bymany cations with the valence state fromþ1 toþ3 for the A

site andþ2 toþ6 for theB site. Therefore, the properties of perovskitemembranes can

be adjusted over a wide range, and the substitution effects are introduced inChap. 6. In

Chap. 7, the dual-phase type membranes are addressed owing to the rapid develop-

ment of this type of membranes in recent years. Oxygen permeability of dual-phase

membranes is greatly improved as mixed conducting perovskite oxides are used to

replace the traditional pure electronic conducting compounds (noble metals and

metallic oxides). The design principle of high-performance dual-phase membranes

is introduced, and the factors having great influence on the permeability of dual-phase

membranes are discussed in this chapter. One of the important applications of MIEC

membranes is to fabricate them intomembrane reactors for the process intensification,

i.e., coupling separation and reactions into one membrane reactor. The most widely

investigated reaction is partial oxidation of methane (POM) to syngas (H2þCO),

while coupling the reaction of water splitting and POM in one membrane reactor, the

use of MIEC oxygen permeable membranes to separate hydrogen has attracted

increasing attention recently. The requirement of membrane materials for the mem-

brane reactor depends on the reactions, and the stability under reducing environment is

the primary problem that needs to be considered during the selection of membrane

materials to construct membrane reactors. All the above points are discussed in

Chap. 8 in detail.

Operating MIEC membranes at low temperatures (400–600 �C) can significantly
decrease the energy consumption for oxygen separation, while few membranes

exhibit stable permeation flux at that temperature range. Recently, Yang’s group
made good progress on the degradation mechanism and stabilization of MIEC

membrane at low temperatures, and thus, this progress is introduced in Chap. 9.

The US Department of Energy and Air Products & Chemicals Inc. have made great

efforts to develop MIEC membrane technology for oxygen separation, and they

recently achieved remarkable progress in commercialization. In addition, combin-

ing MIEC membrane with oxyfuel process is deemed as a promising route to

capture CO2 with less energy efficiency loss, and the simulation results of many

researchers have revealed that this route is feasible and has a bright future. There-

fore, in Chap. 10 we introduce some techniques developed by Air Products &

Chemicals Inc. and its collaborators for the commercialization of MIEC mem-

branes, as well as other institutes’ efforts in the applications of the membrane

technology.

Although all the above contents cannot cover the whole area of MIEC mem-

branes, and some points in this book are not well addressed, we wish this book can

help the researchers who are working in the field of MIEC membranes.
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Chapter 2

Defects and Diffusion

Abstract Point defects are the main defect type concerned in the field of MIEC

membranes, because they are closely related to the motion of oxygen vacancies and

holes in crystalline solids. In the first part of this chapter, the concept of point

defects is introduced briefly, and then, the knowledge about point defects in MIEC

oxides, defect association, and defect equilibrium are introduced. Grain boundary is

mentioned as an important two-dimensional defect because of its potential influ-

ences on the mechanical, electric, magnetic, catalytic, and thermal properties of

materials. In the second part, the concept of diffusion, the diffusion mechanism, and

diffusion paths of oxygen ions in perovskite- and fluorite-type ionic conductors are

presented. There are several types of diffusion coefficients derived from different

measuring methods, and the difference and relationships between these diffusion

coefficients are provided.

Keywords Point defects • Electron and holes • Defect association • Grain

boundary • Ionic diffusion • Ionic conductivity • Diffusion path • Grain boundary

diffusion

2.1 Defects Concerned in MIEC Materials

An ideal (defect-free) crystal should be a solid with a periodic arrangement of

atoms (ions, molecules) in the three-dimensional (3-D) space, i.e., in which the

atoms are located at specific positions that can be repeated by moving the arrange-

ment toward a certain direction on a constant distance. However, there is no ideal

crystal in nature, and it is also impossible to obtain an ideal crystal via artificial

synthesis. Defects widely exist in real crystals, and they play an important role in

both the chemical and physical behavior of solids. Most of the new upcoming and

future technologies are based on the development and application of the science on

solid defects, such as batteries, fuel cells, solar cells, and ionic transport mem-

branes. There are many types of defects in solids, and their sizes range from

electronic, atomic sizes to micrometers. A common classification of the defects

is, thus, based on their 3-D dimensions, i.e.:

• Zero-dimensional defects or point defects

• One-dimensional defects or linear defects
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• Two-dimensional defects or planar defects

• Three-dimensional defects or volume defects

Apart from the abovementioned defects, ones smaller than an atom in size are

called electronic defects (electrons and holes). Figure 2.1 shows a more detailed

classification of the defects based on their structural characteristics. Point defects

are one of the major aspects in the field of solid-state chemistry, especially in the

field of MIEC membranes related to the motions of oxygen vacancies (a kind of

point defect) and holes in crystalline solids. Thus, the relevant aspects of point

defects will be specially introduced in this chapter. If readers are interested in the

other types of defects in crystals, they may refer to the literature for a comprehen-

sive understanding [1].

2.1.1 Point Defects

Point defects are where an atom (or ion) is missing (vacancy defect), or in an

irregular place in the lattice structure (interstitial defect) where no atom would

ordinarily appear, or is replaced by another atom (substitutional defect). Vacancy

Fig. 2.1 Classification of the defects based on their structural characteristics
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defects are common in solid materials, as shown in Fig. 2.2; in particular, at high

temperatures, atoms frequently depart from their normal lattice sites and leave

behind empty lattice sites. In most cases, vacancies are the most important diffusion

path for atoms in solids. For example, oxygen ionic conducting solid-state electro-

lytes can transport oxygen ions at elevated temperatures via the motion of oxygen

vacancies in lattices. Interstitial defects can be self-interstitial atoms or interstitial

impurity atoms, as shown in Fig. 2.2. A self-interstitial atom is an extra atom that is

located at an interstitial void in the lattice structure. Interstitial impurity atoms are

usually much smaller than the atoms in the bulk matrix. A classic example of

interstitial impurity atoms is the carbon atoms located at the interstitial sites of the

iron atomic lattices, which makes the flexible iron become hard steel because the

carbon atoms distort and highly stress the tightly packed lattice structure. A

substitutional defect is one in which the bulk atoms are replaced by a different

type of atom in the lattice. The size of the substitutional atoms is usually similar

to that of the bulk atoms. For example, MgO has a NaCl-type structure, in which

Mg2þ ions with a radius of 0.086 nm can be substituted by Ni2þ ions with a radius

of 0.083 nm, and the resultant material is a good catalyst for methane reforming to

syngas.

The point defects also can be divided into intrinsic defects, which appear in a

pure material, and extrinsic defects, which are caused by substitutional or impurity

atoms. An intrinsic defect forms as a bulk atom leaves from its normal lattice site

and creates a vacancy or the atom crowds into the interstitial site. The well-known

Schottky defect, involving paired vacancies on the cation and anion sublattices, and

the Frenkel defect, which is made up of a paired vacancy and interstitial, are both

intrinsic defects. Extrinsic defects are referred to as foreign atoms, which are called

substitution (or doping) if they are intentionally added in a material and called

Fig. 2.2 Point defect types in a solid
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impurity if they are not. Lattice sites and interstitial sites can both be occupied by

the foreign atoms. For MIEC oxides, the substitutional extrinsic defects are signif-

icantly concerned because the properties of the materials can be manipulated by

altering the substitution elements and the doping dosage.

2.1.2 Point Defect Notations

Various notation systems have been used in the development of defect chemistry to

describe point defects, but only the Kr€oger and Vink notation system is widely

accepted now. This system describes crystals in terms of structural elements, in

which the major symbol is used to describe its chemical content, a subscript

indicates the site that it occupies, and a superscript indicates the effective charges

that it holds, as shown in Fig. 2.3. In this notation system, vacancy is denoted by

“V”; the substitutional, impurity, and interstitial defects are denoted by their

elemental symbols; electron and hole defects are denoted by “e” and “h,” respec-

tively. The character in the subscript position indicates the position of the defect in

the lattice. If it is an elemental symbol, it means that the substitutional or impurity

defect locates at the position where the element should be; if it is “i,” it means that it

is an interstitial defect. The symbol in the superscript position indicates the effec-

tive charges that the defect holds, i.e., “�,” “•,” and “0” denote that the defect is

electroneutral, holds a positive effective charge, or holds a negative effective

charge, respectively. If the defect holds more than one effective charge, one can

just put the same number of “•” or “0” in the superscript position. For example, the

Mg vacancy and the substitution of Mg by Ni in the MgO lattice can be denoted,

respectively, as VMg
00 and NiMg

�, and the notations indicate that VMg
00 holds two

negative effective charges and NiMg
� is electroneutral.

The effective charge is different from the real charge, and the difference is

calculated by using the total charge around the defect to subtract the charge of an

Fig. 2.3 Kr€oger and Vink notation system
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ideal crystal in the same position. For both electrons and holes, their effective

charges are equal to their real charges. In complex compounds, the effective charge

of a point defect is usually not equal to the charge of the substitutional ion. For

example, in yttria-stabilized zirconia (YSZ), the Y3þ ions occupy about half of the

sites belonging to Zr4þ ions; meanwhile oxygen vacancies are created as a result of

the doping. The substitutional defect and the oxygen vacancy can then be described

as Y
0
Zr and V� �

O with one negative effective charge and two positive effective

charges, respectively.

2.1.3 Electrons and Holes

The appearance of point defects destroys the periodicity of the crystal lattice, and

thus, the electronic energy levels around the point defects are different from those

of atoms on the normal crystal lattice; as a result, there are many local energy levels

produced with different energies in the forbidden band of the crystal. These point

defects can exchange charges with the energy bands (conduction band and valence

band) and be dissociated at a certain condition, so the electric properties of the real

crystals containing point defects are much different from that of ideal crystals. The

charge carriers can be electrons or holes, but for a special crystal, the charge carrier

(whether electrons or holes) depends on the defects types. A classic example is the

introduction of impurity atoms into the silicon atomic crystal. Each silicon atom has

four outer electrons available for chemical bonding, and these electrons all partic-

ipate in the formation of tetrahedral-network-type sp3-hybrid bonds. Since phos-

phorus (P) atoms with five outer electrons are incorporated into the silicon lattice,

one electron is left per phosphorus atom after four electrons are used to form the

four sp3-hybrid bonds. These electrons are easily excited to the conduction band by

the thermal energy, and they then become quasifree to move through the crystal.

The excitation process can be described by the following equation:

P�
Si !

ED
P ∙
Si þ e0 ð2:1Þ

where ED is the excitation energy to make P�
Si release an electron to the conduction

band. It is only 0.04 eV, which means the defect energy level is very close to the

bottom of the conduction band. Because the charge carriers in the phosphorus-

doped silicon are electrons with negative charge, the material is called an n-type

semiconductor. In terms of energy band theory, point defects that can release

electrons under excitation are called donors, and the corresponding energy level

is called the donor level.

Similarly, as gallium (Ga) atoms with three outer electrons are doped into the

silicon lattice, there is one electron short to form the four bonds. The missing

electron can be regarded as a hole, denoted as h∙. The superscript reveals that the

hole carries a positive charge relative to the surroundings. These holes are easily

2.1 Defects Concerned in MIEC Materials 15



excited to leave from the impurity atom by thermal energy, and they then become

quasifree to move through the crystal. As the hole carries positive charge, the

material is called a p-type semiconductor. The defects are called acceptors since

they can be regarded as accepting electrons from the valence band. The excitation

process can be described by the following equation:

Ga�Si !
EA

Ga0Si þ h ∙ ð2:2Þ

where EA is the excitation energy to makeGa�Si release a hole to the valence band. It
is only 0.065 eV, which means the defect energy level is very close to the top of the

valence band.

It can be seen from the above introduction that the electrons or holes are bound

to the defects, so they are not free as in the case of metal crystals. The conduction of

electrons or holes is realized through the hopping from one defect to another, so this

type of conduction mechanism is called hopping of small polarons. In principle, the

dissociation of a bound electron or hole from a defect is similar to the ionization of

hydrogen atoms, and therefore, a hydrogen-like atom model can be used to describe

the ionization of defects. The ionization energy of a hydrogen atom is

me4

8h2ε20
¼ 13:6eV ð2:3Þ

wherem, h, and ε0 are the electronic mass, Planck constant, and vacuum permittivity,

respectively. If we consider the ionization of P�
Si defect in a silicon crystal, the

electronic mass and vacuum permittivity can be replaced by the effective electronic

mass (m*; m*=m ¼ 0:3) and the relative permittivity of the silicon crystal (εSi ¼ 12)

in a hydrogen-like atom model. Thus, the ionization energy is

ED ¼ m*

m

13:6

ε2Si
¼ 0:03eV ð2:4Þ

This ionization energy of P�
Si is very close to the experimental result (0.04 eV),

which reveals that the hydrogen-like atom model is reliable to estimate the ioniza-

tion energy of point defects.

As the aliovalent substitution occurs on an ionic crystal, the electrons or holes

may be introduced into the crystal lattice through the ionization of the substitutional

defects. For example, as Al3þ is doped into ZnO to form a transparent conductive

oxide, electrons produced by the doping are loosely bound to the defects. The

ionization of the defects can be described as

Al�Zn !ED
Al ∙Zn þ e0 ð2:5Þ

The transparent conductive oxide film has high electronic conductivity up to the

order of 105 S cm�1. There have been rapid developments in such films in recent
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years, and they are promising candidates to replace traditional In–Sn–O (ITO)

transparent conductive oxides.

In the above substitution, the number of Al ∙Zn is equal to the number of produced

electrons. However, for metallic ions, their valence states are variable; the

aliovalent substitution becomes complex, for instance, Liþ-doped NiO. Liþ has a

similar ionic radius to that of Ni2þ, and it can occupy the Ni2þ site in the NiO

lattice. The ionization of the defects can be described as

Li�Ni !
EA

Li0Ni þ h ∙ ð2:6Þ

However, the holes are easy to be captured by the Ni2þ ions by increasing the

valence state to þ3. This process can be denoted as

Ni�Ni þ h ∙ ! Ni ∙Ni ð2:7Þ

Therefore, in the Liþ-doped NiO crystal, the number of holes is much lower than

that ofLi0Ni. According to the electroneutral principle, the number of various defects

in the Liþ-doped NiO crystal should fulfill the following relationship:

½Li0Ni� ¼ ½Ni ∙Ni� þ ½h ∙ � ð2:8Þ

where the square-bracketed defects denote the volume concentration of the defects.

2.1.4 Defects in MIEC Oxides

2.1.4.1 Fluorite-Type Ceria-Based Materials

Ceria is an important material for researchers in the field of solid oxide fuel cells

and oxygen transport membranes; however, pure ceria exhibits extremely lower

oxygen ionic conductivity owing to the limited oxygen vacancy concentration in

crystals. Substitution of Ce4þ with other rare earth ions is effective to improve the

ionic conductivity by creating more oxygen vacancies in the materials. Sm3þ and

Gd3þ ions are good choices to dope ceria, and the doped ceria exhibits high oxygen

vacancies and ionic conductivity that is one order of magnitude higher than that of

YSZ. The doping can be described as

1

2
Sm2O3 !CeO2

Sm0
Ce þ

1

2
V ∙ ∙
O þ 3

2
O�

O ð2:9Þ

However, unlike YSZ, ceria is not a pure oxygen ionic conductor and shows

considerable electronic conduction in a strong reducing atmosphere. The loss of

oxygen and the generation of oxygen vacancies occur at a low oxygen partial
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pressure. The formation of oxygen vacancies is balanced by the introduction of

electrons:

O�
O Ð V ∙ ∙

O þ 1

2
O2 þ 2e0 ð2:10Þ

The electrons are easily captured by Ce4þ ions to form Ce3þ:

Ce�Ce þ e0 Ð Ce0Ce ð2:11Þ

In an oxidizing atmosphere, for instance, in air, the volume concentration ofCe0Ce in
the crystal is extremely low, and thus, there is little electron transfer between Ce4þ

and Ce3þ ions, and the material shows predominantly oxygen ionic conductivity.

As the reducing atmosphere becomes stronger, more Ce4þ ions are reduced to Ce3þ

ions, leading to mixed ionic and electronic n-type conductivity. Therefore, in fuel

cells with ceria-based materials as the electrolyte, the open cell voltages are lower

than those of fuel cells with YSZ as the electrolyte due to the partial inner short of

electronic current for ceria-based electrolyte. If the ceria-based materials are

designed as membranes to separate oxygen gas from air, their electronic conduc-

tivities are insufficient. A second phase is needed to improve the electronic con-

ductivity; the resultant dual-phase membranes are discussed in detail in Chap. 7.

2.1.4.2 Perovskite-Type Materials

For MIEC perovskite-type oxides (ABO3), the defect chemistry becomes more

complex. A- and/or B-site-doped LaCoO3 perovskite has been widely investigated

as the cathodes of solid oxide fuel cells and as membranes for oxygen separation.

The parent material LaCoO3 is virtually stoichiometric when prepared in air

although the loss of oxygen can occur under the changes of oxygen partial pressure

and temperature. Sr2þ ion with the similar ionic radius to that of La3þ is the most

popular doping cation in the La3þ sites. The ionization of the substitutional defect

can be written as

Sr�La ! Sr0La þ h ∙ ð2:12Þ

This acceptor substitution can be compensated through the formation of oxygen

vacancies and oxidizing Co3þ to Co4þ, i.e.,

O�
O þ 2h ∙ Ð V ∙ ∙

O þ 1

2
O2 ð2:13Þ

Co�Co þ h ∙ Ð Co ∙
Co ð2:14Þ

If it is assumed that the defects are single and unassociated, then the dilute solution

model involving randomly distributed defects in the descriptions of the defect
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equilibrium may be used, and thus, the overall electroneutrality condition is given

by

½Sr0La� ¼ ½Co ∙
Co� þ 2½V ∙ ∙

O � ð2:15Þ

Oxygen partial pressure and temperature have a significant effect on the compen-

sation mechanisms. Figure 2.4a shows the oxygen deficiency, i.e., oxygen vacan-

cies, in La0.7Sr0.3CoO3-δ as a function of the oxygen partial pressure in the range of

1–10�3 atm [2]. As shown in the figure, the oxygen deficiency increases with

temperature and decreases with oxygen partial pressure, and thus, it can be inferred

that ½Co�Co� decreases with temperature and increases with oxygen partial pressure

according to Eq. (2.15). As shown in Fig. 2.4b, the electronic conductivity of

La0.7Sr0.3CoO3-δ decreases with temperature and increases with oxygen partial

pressure.

Iron ions are the most common cations to substitute the cobalt ions in LaCoO3-

based perovskite oxides since iron ions have the similar ionic radii to those of cobalt

ions. As Fe3þ is incorporated into the B site, it is partially oxidized to Fe4þ by Co4þ.
The reaction can be written as

Co ∙
Co þ Fe�Co Ð Fe ∙

Co þ Co�Co ð2:16Þ

The acceptor substitution is competitively compensated through the formation of

oxygen vacancies and M ∙
Co (M¼Co, Fe) defects [3], and the iron doping increases

theM ∙
Co concentration and decreases the oxygen vacancy concentration, as shown in

Fig. 2.5.

Fig. 2.4 Dependences of oxygen nonstoichiometry (a) and electronic conductivity (b) of

La0.7Sr0.3CoO3-y as functions of the oxygen activity and temperature (Reproduced from Refs.

[2, 14] with permission of Elsevier)
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2.1.5 Association of Defects

In the above sections, isolated point defects are introduced, i.e., substitutional and

impurity defects, intrinsic and extrinsic defects, electrons and holes, and

electroneutral and charged defects. The behaviors of defects are predicted by the

ideal, dilute solution model, which is generally only applicable for defect concen-

trations smaller than about 1%. For crystals containing high defect concentrations,

it is conceivable that there are high probabilities for different defects occupying the

adjacent sublattice positions if they are randomly distributed in the crystal. The

adjacent defects, thus, can associate with each other to form double or triple defect

associates. The terms of “defect clusters” and “ordering” are frequently used to

describe the defect associates and association, respectively. Since the concentration

of defects is low, there is a small probability for different defects occupying the

adjacent sublattice positions, and thus, the concentration of the defect associates is

low. Owing to the association of such defects, the concentration of free or quasifree

defects does not increase linearly with the increase in defect concentration. Elec-

trostatic attracting force is the most important dynamic force for the formation of

defect associates. The energy that is needed to disassociate the defect clusters is

called the association energy. Therefore, defect associates are easier to form at low

temperatures, and they are inclined to disassociate at high temperatures. As the

temperature is increased from low to high, an ordering-disordering transition can be

observed for many perovskite materials, in which a decrease in the conducting

activation energy is always found.

For example, in La0.3Sr0.7CoO3-δ perovskite, the defect clusters probably form

through the association between substitutional defect of strontium ion (with one

Fig. 2.5 Oxygen nonstoichiometry as a function of oxygen partial pressure (Reproduced from

Ref. [3] with permission of Elsevier)
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negative charge) and oxygen vacancies (with two positive charges) [4]. An

electroneutral triple associate would form through the association between two

substitutional defects and oxygen vacancies, i.e., ðSrLaVOSrLaÞ�. As the substitu-

tional defects increase to a certain high value, these types of defects may order and

form microdomains or slabs of new intermediate, perovskite-related phases with

lower oxygen content. HRTEM studies have revealed that for La0.3Sr0.7CoO3-δ
samples equilibrated at 650 �C, 5–50 nm-wide superstructure regions

(microdomains) with arrays align along a principal axis. These arrays had a spacing

of 0.76–0.77 nm, which corresponds to a doubling of the unit cell in the direction of

a principal axis. Figure 2.6 shows the superstructure of oxygen vacancy-ordered

La0.3Sr0.7CoO3-δ perovskite [4]. In this superstructure, an oxygen anion is missing

in every other (001) plane, resulting in a tetragonal A2B2O5 superstructure cell with

CoO square pyramids of which the nearest neighbors are mirrored with respect to

each other. There are two different O-ion positions: one (out of four) in the base of

the square pyramid and one in its apex. In Fig. 2.7, a comparison is given of an

experimental HRTEM pattern and an HRTEM pattern calculated for a 4-nm-thick

slab of the proposed superstructure.

Nano-sized domains were also observed in rare earth-doped ceria. It was found

that rare earth cations and oxygen vacancies segregate in the microdomains (n

ðLnCeVOLnCeÞ� (n is the number of the defect associates, and Ln denotes rare earth

elements) by using energy filtering transmission electron microscopy (EFTEM).

The nano-sized microdomains and the local ordering develop with increasing

doping concentration, and a higher degree of ordering can lead to a more dramatic

decrease in ionic conductivity in doped ceria. Figure 2.8a shows the EFTEM

elemental maps of the Y-doped ceria samples [5]. The contrast shown in the figure

Fig. 2.6 Superstructure of oxygen vacancy-ordered La0.3Sr0.7CoO3-δ perovskite (Reproduced

from Ref. [4] with permission of Elsevier)
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suggests that the compositional distributions of Ce and Y are inhomogeneous in the

Ce0.75Y0.25O1.875 sample since the used thin slices are uniform. Dark regions in the

Ce map with a size about 10–20 nm (as marked by arrows) are brighter in the Y

map, indicating that these regions have a higher Y concentration than their sur-

rounding matrix. Figure 2.8b–e show selected area electronic diffraction (SAED)

patterns of the Sm, Dy, Y, and Yb samples taken from zone axes [110]. Weak

diffuse scattering and extra spots as marked by arrows are related to the

microdomain formation, and the microdomains have a locally ordered structure

different from the fluorite-structured matrix. Obviously, the microdomains in

Sm-doped ceria have a more ordered structure than those in other doped ceria,

with the order decreasing in a sequence of Sm>Dy>Y>Yb.

2.1.6 Equilibria of Defect Reactions

The thermodynamic theory of point defects is based on a hypothesis, i.e., a real

crystal is regarded as a solution system, in which crystal lattices are the solvent and

the point defects are the solute. Since the concentration of point defects is low, this

Fig. 2.7 Observed HRTEM pattern, together with a pattern, calculated for a 4-nm slab with the

superstructure of Fig. 2.6, both projected along the b-axis (Reproduced from Ref. [4] with

permission of Elsevier)
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kind of “solution” is deemed to be infinitely diluted, and thus, the mass action law

can be applied to the defect equilibrium. Electrons, holes, point defects, and defect

associates can be treated as atom, ions and molecules, and the reactions that these

defects participate in are regarded as quasi-chemical reactions. Therefore, quasi-

chemical reaction equations can be written to describe the defect reactions and the

Fig. 2.8 (a) Ce and Y maps of Y-doped ceria and SAED patterns of ceria doped with (b) Sm, (c)
Dy, (d) Y, and (e) Yb (Reproduced from Ref. [5] with permission of AIP Publishing LLC)
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principles for chemical reaction equations should be followed. Additionally, the

ratios between various crystal lattices are constant before and after the reactions.

For example, as oxygen atoms enter the lattices of the MO-type oxides, the

reactions can be written as

1

2
O2 ! O�

O þ V�
M ð2:17Þ

Here, the addition of oxygen lattice is accompanied by the addition of M vacancy.

The processes of the ionization of intrinsic and extrinsic semiconductors to

release electrons and holes can be regarded as the disassociation of weak electro-

lytes, such as H2O. The basic principles in reactions of electrolyte solutions, for

instance, mass action law, common ion effect, and equilibrium shifting, are all

applicable for the investigation of reactions involved in electrons and holes in

solids. In the intrinsic semiconductors, the ionization reaction is

0 ¼ e0 þ h ∙ ð2:18Þ

Further, the corresponding equilibrium constant is Ki:

Ki ¼ np ð2:19Þ

where n and p are the concentrations of electrons and holes in the solid.

In the following text, we use two examples to illustrate the equilibrium of defect

reaction. One is a fluorite-type oxide, i.e., ceria, and another is a perovskite-type

oxide, i.e., Sr-doped LaCoO3. Pure and doped ceria are MIEC conductors under

reducing atmospheres, owing to the reduction of Ce4þ to Ce3þ, as expressed by

Eq. (2.11). The reduction of ceria-based MIEC materials can be described as

O�
O þ 2Ce�Ce Ð V ∙ ∙

O þ 1

2
O2 þ 2Ce0Ce ð2:20Þ

The concentrations ofCe�Ce andO
�
O are approximately constant, and the equilibrium

constant of the above reaction is

Kr ¼ ½Ce0Ce�2½V ∙ ∙
O �PO2

1
2 ð2:21Þ

In pure ceria, taking the electroneutrality condition into consideration, the follow-

ing relationship should be approximately fulfilled:

2½V ∙ ∙
O � ¼ ½Ce0Ce� ð2:22Þ

The Ce0Ce defects can release electrons to form Ce�Ce, as indicated by Eq. (2.11).

Thus, the concentration of Ce0Ce defects in the solid is
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½Ce0Ce� ¼ Ken ð2:23Þ

Combining Eqs. (2.21), (2.22), and (2.23),

n ¼ ð2KrÞ
1
3Ke

�1PO2

�1
6 ð2:24Þ

The conductivity of a material is proportional to the electron concentration, that is,

σ / PO2

�1
6 ð2:25Þ

Thus, the electronic conductivity will fall as the oxygen partial pressure increases.

In the doped ceria, the concentration of oxygen vacancies is almost constant

because the oxygen vacancies produced according to Eq. (2.20) are too high to be

neglected compared to that produced through the following doping reaction:

1

2
M2O3 !CeO2

M0
Ce þ

1

2
V ∙ ∙
O þ 3

2
O�

O ð2:26Þ

Therefore, Eq. (2.21) can be written as

Kr ¼ ½Ce0Ce�2PO2

1
2 ð2:27Þ

Combining Eqs. (2.23) and (2.27),

n ¼ Kr
1
2Ke

�1PO2

�1
4 ð2:28Þ

That is,

σ / PO2

�1
4 ð2:29Þ

The conductivity is now proportional to the �1=4 power of the oxygen partial

pressure. In the two cases described, electronic conductivity decreases with

the increase in the oxygen partial pressure; however, the exact power relationship,

�1=4 or �1=6, depends on the doping level. Figure 2.9 shows the dependence of

electronic conductivity on the oxygen partial pressure of Sm-doped ceria in the

temperature range of 400–800 �C [6]. The experimental data fit well with the

prediction of Eq. (2.29), except at 800 �C. Matsui et al. suggested this deviation

is due to the association of oxygen vacancies [6]. Except Sm-doped ceria, other rare

earth elements, such as La-, Gd-, and Y-doped ceria, were also investigated to find

the dependence of electronic conductivity on the oxygen partial pressure.

At higher oxygen partial pressures, it is assumed that an oxygen atom enters a

crystal as oxygen interstitials for pure ceria. The incorporation of neutral oxygen

requires the two electrons from the crystal to form oxygen ions, so the

corresponding number of holes is generated to maintain the electroneutrality:
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1

2
O2 Ð O00

i þ 2h ∙ ð2:30Þ

The equilibrium constant can be written as:

Kr ¼ p2 O00
i

� �
PO2

�1
2 ð2:31Þ

For every oxygen interstitial introduced into the crystal, two holes form, and thus,

Eq. (2.31) is changed to

Kr ¼ 1

2
p3PO2

�1
2 ð2:32Þ

Rearrangement gives

p ¼ 2Krð Þ13PO2

1
6 ð2:33Þ

Thus, the conductivity is proportional to the 1=6 power of the oxygen partial

pressure for pure ceria. However, for the rare earth-doped ceria, the neutral oxygen

atoms incorporate the oxygen vacancies, and this is accompanied by the generation

of holes to maintain the electroneutrality:

1

2
O2 þ V ∙ ∙

O Ð O�
O þ 2h ∙ ð2:34Þ

Fig. 2.9 Dependence of electronic conductivity on P(O2) (Reproduced from Ref. [6] with

permission of Elsevier)
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Considering that the concentrations of oxygen vacancies and lattice oxygen are

almost constant, the equilibrium constant is given by

Kr ¼ p2PO2

�1
2 ð2:35Þ

That is,

p ¼ Kr
1
2PO2

1
4 ð2:36Þ

Thus, under a higher oxygen partial pressure, the electronic conductivity is propor-

tional to the 1=4 power of the oxygen partial pressure for rare earth-doped ceria.

Of course, the above relationships are not limited to ceria; the conductivities of

other oxides have a similar dependence on oxygen partial pressure. The results

obtained can be plotted as log i½ � vs. logPO2
, i.e., the so-called Brouwer diagram, as

illustrated in Fig. 2.10. In the blue area, the concentration of oxygen vacancies is

much higher than those of electrons and holes, so the dominant charge carriers are

oxygen ions. Good electrolyte materials have a wide blue area. The electronic

conductivities of yttria-stabilized zirconia (YSZ) and La0.9Sr0.1Ga0.9Mg0.1O2.9

(LSGM), as shown in Fig. 2.11, at 800 �C and oxygen partial pressure of 10�15

atm are only 3� 10�8 S cm�1 and 5� 10�6 S cm�1, respectively [7, 8]. These

values are five orders of magnitude lower than their oxygen ionic conductivities,

and thus, the two materials are good electrolyte candidates for solid oxide fuel cells.

The electronic conductivities are proportional to the1=4power of the oxygen partial
pressure at high oxygen pressure region and �1=4 at low oxygen pressure region,

which fits well with the prediction of Eqs. (2.29) and (2.36). As for rare earth-doped

ceria, their electronic conductivities are even higher than their oxygen ionic con-

ductivities at the same temperature and oxygen partial pressure [9–11].

However, as mentioned above, the electronic transfer is inevitable in a solid

electrolyte, thus implying that all the oxygen ionic conducting materials in fact are

mixed conductors. For materials that can be used as solid electrolyte for SOFCs, the

contribution of electronic conductivity to the total conductivity is extremely low,

such as YSZ and LSGM. Although the higher electronic conductivity occurs on the

rare earth-doped ceria at higher temperatures (>600 �C), they still can be used as

electrolytes for SOFCs at low temperatures (<600 �C). The theoretical and exper-

imental open circuit voltages can gradually increase from 1.0 V at 600 �C to 1.15 V

at 400 �C for SOFCs based on Sm-doped ceria electrolytes [6, 12]. Therefore, in

view of their high ionic conductivity and acceptable open circuit voltage at low

temperatures, rare earth-doped ceria oxides are regarded as low-temperature elec-

trolyte materials. Additionally, bilayer electrolytes were suggested for SOFCs to

improve the open circuit voltage, in which a thin layer of dense YSZ is inserted

between the anode and the ceria layers to block the electronic transport across the

electrolyte membrane.

Oxygen ionic conducting materials having high electronic conductivity are good

materials as electrodes for fuel cells and batteries, sensors, and dense ceramic

membranes for oxygen separation. Perovskite-type (ABO3) oxides, such as
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Fig. 2.10 Brouwer diagram of rare earth-doped ceria

Fig. 2.11 Dependence of the partial electronic conductivity of LSGM9191 on oxygen partial

pressure. The partial electronic conductivity of YSZ is plotted for the comparison (Reproduced

from Ref. [8] with permission of Elsevier)
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LaCoO3-δ, are the most intensively investigated mixed oxygen ionic-electronic

conducting oxides, which are widely considered for SOFCs cathodes and mem-

branes for oxygen separation. The introduction into alkali earth cations substitution,

such as Sr2þ, in the La sites can be compensated by the formation of oxygen

vacancies and local holes around cobalt ions, as indicated by Eqs. (2.12), (2.13),

and (2.14). A high reducibility of the cobalt ions favors vacancy formation at

elevated temperature or lower oxygen partial pressure:

O�
O þ 2Co ∙

Co Ð V ∙ ∙
O þ 2Co�Co þ

1

2
O2 ð2:37Þ

Unlike the case of solid electrolyte materials, the dependences of oxygen

vacancy concentration and electronic conductivity on oxygen partial pressure are

complicated. Figure 2.12 shows the dependence of oxygen vacancy concentration

on oxygen partial pressure at 800 �C for La1-xSrxCoO3-δ with different strontium

contents [13]. The exponent of oxygen partial pressure changes from approximately

�0.5 to�0.06 as the strontium content increases from 0 to 0.7. This result indicates

that in a small oxygen partial pressure range, the oxygen vacancy concentration is

slightly influenced by oxygen partial pressure for LaCoO3-δ perovskite heavily

doped with strontium. If the defect associates can be ignored, the oxygen ionic

conductivity for perovskite oxides with high oxygen vacancy concentration, such as

La0.3Sr0.7CoO3-δ and Ba0.5Sr0.5Co0.8Fe0.2O3-δ, is almost constant in a small oxygen

partial pressure range. This deduction is used as an important hypothesis in the

development of the Zhu’s oxygen permeation model presented in Chap. 5.

La1–xSrxCoO3–δ shows a typical p-type conductivity. Electronic transport in

the perovskite oxides (i.e., the perovskite containing reducible B-site cations such

as Fe2þ,3þ,4þ, Co2þ,3þ,4þ, and Ni2þ,3þ) is achieved through a Zener double-

exchange mechanism rather than the small polarons hopping mechanism (see

Sect. 2.1.3). The Zener double-exchange mechanism is realized according to the

following two equations:

O�
O þ Co ∙

Co ! O ∙
O þ Co�Co ð2:38Þ

O ∙
O þ Co�Co ! O�

O þ Co ∙
Co ð2:39Þ

Considering a cubic cobalt-based perovskite oxide, in which one Co3þ and one

Co4þ are bridged by an O2� ion with an intersection angle of 180�, the Co “eg”

orbitals directly interact with the O “2p” orbitals, and one of the Co ions has more

electrons than the other. If oxygen ion gives a spin-up electron to the adjacentCo ∙
Co,

as shown by Eq. (2.38), the resultant vacant orbital can then be filled by an electron

fromCo�Co, as shown by Eq. (2.39). At the end of the process, an electron has moved

between the neighboring metal ions. Figure 2.13 shows the dependence of electrical

conductivity on temperature in air for La1-xSrxCoO3-δ with different strontium

contents [14]. For the sample with x¼ 0.0, 0.1, and 0.2, the conductivity increases

with the temperature, goes through a maximum, and then decreases. For samples

with x� 0.3, the conductivity decreases with the increase in temperature.
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Additionally, the conductivity decreases with the decrease in oxygen partial pres-

sure at high temperatures. At high temperature and low oxygen partial pressure, the

reduction of Co ∙
Co to Co�Co, as indicated by Eq. (2.37), results in the decrease in

electrical conductivity.

Fig. 2.12 Dependence of oxygen vacancy concentration on oxygen partial pressure at 800 �C for

La1-xSrxCoO3-δ with different strontium contents (Reproduced from Ref. [13] with permission of

Elsevier)

Fig. 2.13 Dependence of electrical conductivity on temperature in air for La1-xSrxCoO3-δ with

different strontium contents (Reproduced from Ref. [14] with permission of Elsevier)
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2.1.7 Grain Boundaries

Grain boundaries are a type of common 2-D defect in polycrystalline materials,

which widely exist in bulk metals, ceramics, and crystalline polymers. Grain

boundaries form during the processes of solidification, sintering, etc., and deeply

influence the mechanical, electric, magnetic, catalytic, and thermal properties of

materials. Grain boundary is a thin 2-D zone corresponding to one crystallographic

orientation to another, thus separating one grain from another. The atom in each

grain is arranged in an orderly pattern but with irregular junction between two

adjacent grains. Grain boundaries are convenient to be separated by the

misorientation between the two adjacent grains, i.e., small-angle grain boundaries

with a misorientation less than about 15� and large-angle grain boundaries with a

misorientation greater than about 11� (the transition angle varies from 10� to 15�

depending on the material). The small-angle grain boundaries are composed of an

array of dislocations, and there are two limiting cases named small-angle tilt

boundaries (which consist of arrays of edge dislocations and can be symmetric or

asymmetric) and small-angle twist boundaries (which consist of arrays of screw

dislocations). Figure 2.14 shows the HRTEM image of an Fe-doped (0.05 mol%)

SrTiO3 bicrystal with 5.4� [001] symmetrical tilt grain boundary and the

corresponding structural model [15]. To make the best fit between the adjacent

grains, most of the small-angle grain boundaries are of a mixed type, containing

dislocations of different types and Burgers vectors. As the misorientation becomes

larger, the distance between dislocation cores is gradually shortened to zero; at this

point, the small-angle grain boundary is transferred to large-angle grain boundary,

and the original grain has been entirely separated into two grains.

For polycrystalline materials, most of the grain boundaries are large-angle grain

boundaries, in which atoms are irregularly arranged with complex structures.

Figure 2.15 gives a schematic diagram of the large-angle grain boundaries in a

polycrystalline material. The boundary between the adjacent two grains is not a

smooth curve surface but made of irregular steps. For metal polycrystalline mate-

rials, the width of the large-angle grain boundary is usually smaller than the

3-interatomic distance. In recent years, a coincident site lattice (CSL) theory was

proposed to describe the large-angle grain boundary, in which the degree of fit (Σ)
between the structures of the adjacent two grains is described by the reciprocal

of the ratio of coincidence sites to the total number of sites. It means that for a

grain boundary, the higher the Σ value, the higher the grain boundary energy.

In small-angle boundaries, the distortion is entirely accommodated by dislocations,

so Σ is 1.

In the grain boundary area, the irregular arrangement of atoms introduces an

excess energy over the matrix energy, and this excess energy is called the grain

boundary energy. Therefore, it is thermodynamically favorable for a polycrystalline

material to reduce its grain boundary area through grain growth and boundary

flatting. During sintering, the grain boundary energy acts as the driving force of

ceramic densification and grain growth. At low temperatures (T< 0.5 Tm, where
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Tm is the melting point in K), the grain boundaries act as strong obstacles to

dislocation motion, thus inhibiting the plastic deformation of materials. This is

reflected by the increase in mechanical strength with a decrease in grain size.

Additionally, decreasing grain size, accompanied by an increase in the density of

grain boundaries, can improve the fracture toughness and thermal shock tolerance.

Atoms in grain boundaries deviating from their equilibrium sites exhibit higher

energy than those in grain bulk, and thus, vacancies, impurities, and dislocations are

always enriched at grain boundaries; grain boundaries therefore have higher cata-

lytic activity toward chemical reactions, are easier to be corroded, and can transport

atoms faster than grain bulk. In the solid-phase transformation, nucleation takes

places easier at grain boundaries than in grain bulk owing to the large grain

boundary energy and high atomic mobility. Solute segregation and impurity enrich-

ment are frequently observed at grain boundaries for polycrystalline materials,

which have a great influence on grain growth and physical properties such as

mechanical, electrical, and thermal properties.

Fig. 2.14 (a) HRTEM image of an Fe-doped (0.05 mol%) SrTiO3 bicrystal with 5.48 [001]

symmetrical tilt grain boundary. The bright areas are the cores of edge dislocations arranged in an

array. (b) Corresponding structural model; arrows mark dislocation cores with partially occupied

oxygen columns.●: Sr; •: Ti;○: O (Reproduced from Ref. [15] with permission of JohnWiley and

Sons)
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For the preparation of dense MIEC membranes, the frequently used method is

sintering compacted small particles at elevated temperatures, usually in the range of

1100–1500 �C. Thus, grain boundaries are an inevitable defect feature of MIEC

membranes. The most important aspects influenced by grain boundaries are the

mechanical and electric properties in the field of MIEC membranes. Although the

investigation on grain boundaries is well strengthened for metallic materials,

knowledge about the grain boundary effects on ceramic materials is still deficient,

especially for perovskite-type MIEC materials. For oxygen ionic conductors and

mixed conductors, researchers mainly focus on the oxygen exchange on membrane

surfaces and diffusion of oxygen ions in the lattice. The grain boundaries can be fast

diffusion paths or diffusion obstacle layers for oxygen ions. Both impurity enrich-

ment and solute segregation take place at grain boundaries during the sintering and

subsequent heat treatments. In general, these changes at grain boundaries can

abruptly alter the magnitude of oxygen exchange on membrane surfaces and

oxygen ionic transport across and along the grain boundaries.

Among oxygen ionic conductors, YSZ is the most intensively investigated

material, and there are many studies on the influence of grain boundaries on oxygen

activation, ionic transport, and sintering. Shim et al. used high-spatial-resolution

(50 nm) secondary ion mass spectrometry (SIMS) to measure the oxygen isotope

exchange on a bare YSZ surface [16]. Surface mapping of the18O distribution by

SIMS clearly shows high activity at surface grain boundaries, suggesting that these

Fig. 2.15 Schematic diagram of the large-angle grain boundaries in a polycrystalline material
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boundary regions provide preferential pathways for oxygen incorporation into YSZ,

as shown in Fig. 2.16 [16]. It was found that the highly active sites for oxygen

activation are along the grain boundaries from the nanoscale spatial resolution

SIMS image of the YSZ surface. In this study, they found that the18O/16O count

ratio along the grain boundaries is about three times higher than that in bulk grain

regions. The18O/16O concentration ratio clearly differs for the grain and grain

boundary regions near the surface of the sample, but they both decay to a compa-

rable baseline of ~2%, which is ten times higher than the natural abundance of18O2

deeper in the YSZ substrate. Guo et al. used impedance spectroscopy to investigate

the effect of grain size on the electrical properties of 3 mol% Y2O3-doped ZrO2

[17]. The grain boundary conductivity was found to be approximately two orders of

magnitude lower than the bulk conductivity, while it increased with decreasing

grain size. The low grain boundary conductivity was related to the depletion of

oxygen vacancies in the grain boundary space charge layers, in which the space

charge potential decreases but the oxygen vacancy concentration increases with the

decrease in grain size. Metlenko et al. investigated the oxygen transport along a

symmetrical 6� [001] tilt grain boundary (comprised of edge dislocations) of

acceptor-doped SrTiO3 perovskite oxide by means of18O/16O exchange experi-

ments and computational techniques [18]. SIMS analysis showed no evidence of

fast diffusion along the dislocation array. Two types of dislocation cores in the tilt

boundary were predicted, and both cores are the preferred sites for the formation of

oxygen vacancies than the bulk, and thus, this was related to the lower migration

rate of oxygen ions along both cores than the bulk.

In a study on LaCoO3 perovskite by Royera et al., the authors found that grain

boundary diffusion proceeds quickly in comparison with bulk diffusion through
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Fig. 2.16 (a)18O/16O concentration obtained from nanoSIMS spatial scans. Yellow and red
indicate regions higher18O/16O ratio along the grain boundaries than the blue regions. (b) Depth
profiles of grain boundaries (red trace) and grains (blue trace) from 100 Csþ ion sputter scans,

with a sputter rate of approximately 0.2–0.3 nm per sputter scan, of a sample annealed at 600 �C
for 3 h in 150 Torr of18O2 gas under an applied cathodic bias of 0.5 V. The blue spots (grain core)
and the red spots (grain boundary) in (a) indicate where the depth profile data were acquired

(Reproduced from Ref. [16] with permission of Elsevier)
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isotopic exchange experiments [19]. Diethelm et al. investigated the influence of

grain size on the oxygen permeation flux through La0.5Sr0.5FeO3-δ perovskite

membranes [20]. They found the oxygen permeation flux increases from 0.01 to

0.06 μmol cm�2 s�1 through 1-mm-thick membranes as the average grain sizes

decreases from 1.43 to 0.20 μm at 800 �C. The significant improvement in perme-

ability was related to the faster transport of oxygen ions along grain boundaries than

through the bulk. However, as shown in other studies, the membrane with smaller

grain size has more grain boundaries exposed on the membrane surfaces, which are

active sites for oxygen exchange. Thus, there is another possibility that the

improvement in permeability is due to the higher catalytic activity of grain bound-

aries toward oxygen exchange reactions than grain bulk. From the above examples,

one can find that the action of grain boundaries on oxygen ionic transport varies

from one material to another.

2.2 Ionic Diffusion

Diffusion is a description of the motion of atoms, ions, or molecules in a certain

system driven by chemical potential gradient or electrochemical potential gradient.

The result of diffusion is to eliminate these gradients. If there is no applied energy

field, the final result of diffusion is to realize a uniform distribution of various

species in the system. In solids, the motion of hetero atoms or defects is driven by

chemical potential or electrochemical potential gradients. The diffusion flux of a

species through the unit cross-sectional area and in the unit time is proportional to

its concentration gradient and the cross-sectional area, i.e.,

ji ¼
∂mi

∂t
¼ �DA

∂ci
∂x

ð2:40Þ

where ∂ci
∂x ((mol cm�3) cm�1) is the concentration gradient of species i along the

diffusion direction, ∂mi

∂t (mol (cm2 s)�1) is the moles of i passing through the unit

cross-sectional area in the unit time, A (cm2) is the cross-sectional area, and the

constant D in Eq. (2.40) is the so-called diffusion coefficient. This equation is the

Fick’s first law of diffusion. The negative sign in the equation describes a fact that

the diffusion is directed to the reduction of the concentration gradient. Ordinarily,

the diffusion coefficients of atoms, ions, and vacancies in solids range from 10�20 to

10�4 cm2 s�1. Diffusion coefficient is an important physical parameter for solid

materials, and it is related to the crystalline structure and microstructures of

materials. For MIEC membranes, they usually have a fluorite- or perovskite-type

crystalline structure with high oxygen ionic or vacancy diffusion coefficients

ranging from 10�9 to 10�5 cm2 s�1 at elevated temperatures. In a polycrystalline

material, besides the diffusion of species in grain bulk (bulk diffusion), they also
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can transport along dislocations, grain boundaries, and inner surfaces. Therefore,

the microstructure has significant effect on the diffusion coefficient of a material.

2.2.1 Vacancy Diffusion and Interstitial Diffusion

With vacancy diffusion, atomic motion refers to motion from one lattice site to an

adjacent vacancy. Thus, the motion direction of the vacancy is opposite to the

diffusion direction of the atom, as shown in Fig. 2.17a. If our eyes are focused on

the vacancies, we will find that the diffusion of vacancies is similar to a real particle.

The mechanism of vacancy diffusion occurs in most solids. For the MIEC mate-

rials, the oxygen ions are the concerned motion species in the material lattice. The

diffusion of oxygen ions is dominated by the vacancy mechanism for fluorite- or

perovskite-type MIEC materials. However, vacancy diffusion is not the sole mech-

anism for the MIEC materials. Interstitial diffusion of oxygen ions occurs in some

layer-typed MIEC materials. For example, La2NiO4þδ has the same crystalline

structure as that of K2NiF4. In the case of interstitial diffusion, the interstitial

atoms can jump to an adjacent interstitial site, as shown in Fig. 2.17b. Another

mechanism for interstitial diffusion is that the interstitial atom transports to the

normal lattice site by squeezing the occupant into an adjacent interstitial site, as

shown in Fig. 2.17c. However, such a diffusion mechanism is infrequently reported

Fig. 2.17 Diffusion in solid, (a) vacancy diffusion, (b) interstitial diffusion (hopping), (c)
interstitial diffusion (squeezing)
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for oxygen ionic diffusion in fluorite or perovskite materials. Interstitial diffusion is

normally more rapid than vacancy diffusion because bonds between interstitial

atoms and the surrounding atoms are normally weaker and the number of empty

adjacent interstitial sites is greater than adjacent vacancies for a host atom. Thus,

much low diffusion activation energies of oxygen ions and large diffusion coeffi-

cients are observed for the La2NiO4þδ-type materials along the LaO layers.

2.2.2 Diffusion Path of Oxygen Ions

Oxide materials with high oxygen diffusion coefficients have attracted considerable

attention owing to their diverse applications in SOFCs, MIEC membranes for

oxygen separation, sensors, and catalysts as well as batteries. The motion of oxygen

ions in crystal lattices is aeolotropic, and thus, there is an optimal path for oxygen

ion diffusion for materials, along which the oxygen ion motion has the minimal

diffusion activation energy and the maximal diffusion probability. It is important to

know the diffusion path of oxygen ions in materials as they are fabricated into

devices, such as SOFCs and MIEC membranes. Obviously, materials with different

crystalline structures have various diffusion paths for oxygen ions. Fluorite-,

perovskite-, and K2NiF4-type oxides are the most commonly used materials in the

field of MIEC membranes and SOFCs, and thus, their oxygen ionic diffusion paths

will be separately introduced in the following sections; additionally, the ionic

diffusion paths of other type of materials will also be mentioned.

2.2.2.1 Fluorite-Type Oxides

Cubic fluorite oxides, such as CeO2, are important ionic conductors with high ionic

mobility at elevated temperatures, in which oxygen anions form the eight-

coordinated cubic interstices, and half of them are alternately occupied by the

cations. Yashima et al. studied the oxygen ionic diffusion path in fluorite oxides

by combining the Rietveld refinement, maximum entropy method (MEM), and

MEM-based pattern fitting technique together to analyze the data of neutron

powder diffraction [21]. They collected the diffraction data of δ-Bi1.4Yb0.6O3 and

Ce0.93Y0.07O1.96 at elevated temperatures. A fluorite-type structure with space

group of Fm3m was assigned to the δ-Bi1.4Yb0.6O3 at 384 and 738 �C after the

neutron powder diffraction patterns were refined. MEM nuclear density distribution

map on the (110) plane is shown in Fig. 2.18a to visualize the oxygen ionic

diffusion paths and the structural disorders at 738 �C. As shown in the figure, the

oxygen ionic diffusion paths lie along the [001] direction in the (110) plane (white

arrows in Fig. 2.18a). According to cubic symmetry of the fluorite oxide, the three

directions, i.e., [100], [010], and [001], are identical, and thus, the diffusion paths

are a three-dimensional network. Additionally, it was found that the oxygen ions
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spread over a wide area showing a complicated disorder compared with the cations.

This kind of disorder is strengthened with the increase in temperature, which just

reveals that the higher oxygen ionic conductivity, the higher the atomic displace-

ment parameters at higher temperatures. Therefore, the diffusion path along the

<100> direction and the disorder of oxygen ions in δ-Bi1.4Yb0.6O3 are the key to its

high ionic conductivity.

Yttria-doped ceria was selected as an example to illustrate the oxygen ionic

diffusion paths in the ceria-based ionic conductors. Similarly, the Rietveld refine-

ment gives a fluorite-type structure with a space group of Fm3m. Two types of

bulges were observed in the MEM nuclear density distribution map (Fig. 2.18b).

One shows the diffusion path along the [100] direction and another along the [110]

direction. As illustrated in the figure, the MEM nuclear density is lower along the

[110] directions than that along the [100] directions. The most prominent feature in

the nuclear density map is the diffusion path along the [100] directions (shown by

the white arrows in Fig. 2.18b), while the [100] path is not a straight line but a

curved line. Researchers attributed this curve to the repulsion between the cations

and anions [22]. Yashima et al. also found the diffusion paths along the [100]

directions in other fluorite-type materials, such as α-copper iodide (α-CuI)

Fig. 2.18 Nuclear density distribution on the (110) plane of the fluorite-type (a) δ-Bi1.4Yb0.6O3 at

738 �C, (b) Ce0.93Y0.07O1.96 at 1434
�C, (c) electron density distribution on the (110) plane of the

fluorite-type α-CuI at 487 �C, and (d) Y0.785Ta0.215O1.715 at 535
�C (Reproduced from Ref. [21]

with permission of Elsevier)
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(Fig. 2.18c) and Y0.785Ta0.215O1.715 (Fig. 2.18d). Thus, the diffusion path along the

[100] directions is a common feature of the fluorite-type ionic conductors.

In another research, Nakayama and Martin used a nudged elastic band (NEB)

method to study the diffusion paths of oxygen vacancies in the ceria crystal

[23]. There are three possible paths for oxygen vacancy migration to the adjacent

sites, i.e., along the [100], [110], and [111] directions, as shown in Fig. 2.19a. The

computational results of the energy profiles for the above three possible paths are

shown in Fig. 2.19b. The horizontal ordinate denotes the migration distance of

oxygen vacancy projected onto the straight line connecting the initial site (refers to

0) and the final site (refers to 1). The migration activation energy reaches a

maximum at the middle site for all the three paths. Obviously, the activation

energies of Paths 2 and 3 are much larger than that of Path 1 (~0.5 eV), so the

two paths have negligible contribution to the oxygen vacancy motion in the ceria

crystal. Shimojo et al. used a molecular dynamics simulation method to investigate

the oxygen ionic migration in yttria-doped ZrO2 with fluorite structure and found

that oxygen ions hop dominantly along the [100] direction between adjacent

Fig. 2.19 (a) Three possible migration pathways of oxygen ions in ceria; (b) energy profiles

during oxide ion hopping for Paths 1–3, and (c)–(e) corresponding trajectories of hopping oxygen

ions. Large light-green spheres indicate cerium, and small white and red (brighter and darker
small) spheres correspond to hopping and non-hopping oxygen ions, respectively (Reproduced

from Ref. [23] with permission of the Royal Society of Chemistry)
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tetrahedra formed by the cations (i.e., Path 1) [24]. Therefore, one can conclude that

for fluorite oxides, the main path for oxygen ionic migration lies along the [100]

direction, and it is not a straight line but a curved line.

2.2.2.2 Perovskite-Type and Related Oxides

Perovskite oxides (ABO3) are another type of oxygen ionic conductors that are

widely used in SOFCs, MIEC membranes, and catalysis. The ideal cubic-symmetry

structure has the B cation in sixfold coordination, surrounded by an octahedron of

oxygen ions, and the A cation in 12-fold cuboctahedral coordination. Oxygen

vacancy diffusion is the dominant mechanism for oxygen motion in the crystal.

Lanthanum gallate- and LaGaO3-based perovskite oxides have been widely studied

because of their possible applications in intermediate-temperature SOFCs and

MIEC membranes. Among the series, (Sr,Mg)-doped LaGaO3 has been well

addressed because of its higher ionic conductivity than YSZ at intermediate tem-

peratures. Islam et al. computed the migration path of oxygen ions in LaGaO3,

LaCoO3, and CaZrO3 crystals based upon energy minimization and interatomic

potentials and quantum mechanical (QM) methods [25–27]. They found that the

hopping occurs between two oxygen sites along the BO6 octahedron edge. The

migration path is a slightly curved trajectory accompanied by outward relaxation of

adjacent cations. Subsequently, Yashima et al. confirmed the above migration path

by using MEM based on neutron diffraction data for the composition of

La0.8Sr0.2Ga0.8Mg0.15Co0.05O2.8, as shown in Fig. 2.20a and b, which is cubic

perovskite with space group of Pm3m at high temperatures (1198–1392 �C)
[21]. In their experiments, they found that the nuclear density in the diffusion

path is higher at higher temperatures, which is consistent with the verification

that the oxygen ionic motion increases with temperature. In another research,

they selected a double perovskite La0.64(Ti0.92Nb0.08)O2.99, which has lower sym-

metry P4/mmm space group in the temperature range of 496–1358 �C, as an

example to illustrate the oxygen ionic migration path. They disclosed that the

nuclear probability density of an O3 atom is connected with that of nearest-

neighbor O3 atoms, and thus, this finding indicates that the diffusion of oxygen

ions is along a pathway following the [110] and 110
� �

directions (path A in

Fig. 2.19b). In other words, the diffusion paths of O3 atoms exist along the [110]

directions around the center of the path. Similarly, the O3 atom migrates along a

curved route as that occurring in cubic perovskite oxides. However, in the present

double perovskite, a two-dimensional diffusion pathway is present, i.e., the O3

atoms migrate along the [110] and 110
� �

directions (Fig. 2.20c and d). This result

indicates that the mobility of the oxygen ions in the ab plane would be much higher

than that along the c-axis.

With the powerful MEM, Yashima et al. offered a clear and visual picture on the

oxygen ionic migration in the K2NiF4-type oxides, as shown in Fig. 2.21 [28]. They

selected a composition of Pr1.8La0.2Ni0.74Cu0.21Ga0.05O4þδ as the example because
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of its high oxygen permeability. This material has a space group of I4/mmm, and its

single cell consists of a (Pr,La)(Ni,Cu,Ga)O3 perovskite layer and a (Pr, La)O rock

salt layer. The excess oxygen lies in the rock salt layer as interstitial oxygen ions

(O3 in Fig. 2.21). They observed that the oxygen atom at the O2 site has highly

anisotropic thermal motion along the [100] directions, and the oxygen ionic migra-

tion occurs through the O2 and interstitial O3 sites. However, they did not find the

path along the octahedron O–O edges in the perovskite layer, which is the migration

paths of oxygen ions in perovskite-type materials mentioned above.

Fig. 2.20 (a) Crystal structure and (b) isosurface of nuclear density (0.05 fm Å�3) in cubic

(La0.8Sr0.2)(Ga0.8Mg0.15Co0.05)O2.8 at 1392
�C. (c) Crystal structure and (d) isosurface of nuclear

density (0.08 fm Å�3) in the tetragonal La0.64(Ti0.92Nb0.08)O2.99 with a double perovskite-type

structure at 1358 �C (Reproduced from Ref. [21] with permission of Elsevier)
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2.2.3 Diffusion Coefficients

In a material, under a fixed concentration gradient, if the vacancy diffusion mech-

anism is dominated, the migration probability of the corresponding atom to vacan-

cies is related to the number of the adjacent vacancies. Additionally, if each

migration is independent or not disturbed by other migrations, then for

one-dimensional random-walk diffusion, the vacancy diffusion coefficient can be

written as

DV ¼ 1

2
a20v exp �ΔGm

RT

� �
ð2:41Þ

where a0, v, and ΔGm are the distance for each migration, the atomic vibrating

frequency, and molar Gibbs energy of migration (i.e., activation energy for the

diffusion), respectively. The exponential term denotes the migration probability. In

the case of three-dimensional diffusion with identical probability, the

corresponding vacancy diffusion coefficient is

DV ¼ 1

6
a20v exp �ΔGm

RT

� �
ð2:42Þ

In general, a geometrical factor of γ is included to show the effect of the geometry

of the diffusion process, and thus, the above equations become

Fig. 2.21 Refined crystal structure (a) and isosurface of nuclear density (b) at 0.05 fm Å�3 of the

mixed oxide-ionic and electronic conductor (Pr0.9-La0.1)2(Ni0.74Cu0.21Ga0.05)O4þδ determined in

situ at 1015.6 �C. Unit cell: tetragonal I4/mmm, a¼ 3.875(3) Å and c¼ 12.738(9) Å. Nuclear
density distribution on the (100) plane of the mixed conductor (Pr0.9-La0.1)2(Ni0.74Cu0.21Ga0.05)

O4þδ at 606.6
�C (c) and 1015.6 �C (d). Contour lines from 0.1 to 1.0 by the step of 0.1 fm Å�3

(Reproduced from Ref. [28] with permission of the American Chemical Society)
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DV ¼ γa20v exp �ΔGm

RT

� �
ð2:43Þ

With regard to the atomic self-diffusion in a material, the migration toward a

certain direction is driven by the thermal motion of atoms via a random-walk

mechanism but not by the concentration gradients or chemical potential gradients.

Accordingly, the self-diffusion coefficient is

DS ¼ cV
cL

γa20v exp �ΔGm

RT

� �
¼ δDV ð2:44Þ

where cV, cL, and δ are the atomic vacancy concentration in the crystal, atomic

lattice site concentration in the crystal, and the atomic vacancy fraction

(or nonstoichiometry), respectively. The three parameters are constant and inde-

pendent of position and time since there is no concentration or chemical potential

gradients. For most materials, the δ value is in the range of 0.001–0.1, and thus, the
diffusion flux of atoms driven by concentration or chemical potential gradients is

much higher than that driven by thermal motion.

To acquire the self-diffusion coefficient, isotope-labeling method is frequently

used if the isotopic effect can be ignored. Imagine that for a tracer atom, a new

vacancy is produced at the site where tracer atom stays before the transition. As the

tracer atom jumps to the adjacent vacancies in the next transition, it has the

possibility to jump back to the site where it initially stays. As a result, there is no

motion after the two transitions. Furthermore, in another situation, a normal atom

jumps to the new vacancy and removes the vacancy around the tracer atom.

Therefore, the tracer diffusion coefficient is a fraction of the self-diffusion

coefficient:

D∗ ¼ fDS ð2:45Þ

where f is the correlation coefficient, which is determined by the crystal structure of

materials and the diffusion mechanism. Table 2.1 lists the correlation coefficient in

different crystal structures with a vacancy diffusion mechanism. As shown in the

table, the larger coordinate number, i.e., the number of atoms that the vacancy has

the possibility to reach in once transition, results in a correlation coefficient that is

Table 2.1 The correlation coefficient in different crystal structures with a vacancy diffusion

mechanism

Structure Coordinate number Correlation coefficient ( f )

Diamond typed 4 0.5

Simple cubic 6 0.6531

Body-centered cubic 8 0.7272

Face-centered cubic 12 0.7815

Hexagonal close packing 12 fx¼ fy¼ 0.7812, fz¼ 0.7815
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more close to 1. In the case of interstitial diffusion, in which the interstitial atoms

have low concentration in the crystal but many available empty interstitial sites, the

diffusion is according to the random-walk mechanism. Thus, the correlation coef-

ficient is expected to be 1.0 regardless of whether the interstitial is a native atom or a

tracer atom.

The conductivity relaxation method is convenient to measure the diffusivity (see

Chap. 4). The determined diffusion coefficient is the chemical diffusion coefficient,

which describes the relaxation of compositional gradients to achieve a homoge-

neous composition. Under this condition, the diffusion is not driven by a concen-

tration gradient but rather a chemical potential gradient, and thus, relationship

between the chemical diffusion coefficient and self-diffusion coefficient for a

neutral atom is

Dchem ¼ DS

RT

∂μi
∂lnci

ð2:46Þ

where μi is the chemical potential of atom i and ci is the concentration of atom i in

the material. The term 1
RT

∂μi
∂ci

is the thermodynamic factor. It is sometimes very large

and improves the ionic flux above that would be expected from the concentration

gradient alone. If a material is predominantly an electron or hole conductor, the

transport of ions is similar to the transport of neutral atom. For MIEC materials, the

Eq. (2.46) can be re-written as

Dchem ¼ DS

2

∂lnPO2

∂lncO2�
ð2:47Þ

The thermodynamic factor
∂lnPO2

∂lnc
O2�

is measurable by determining the dependence

of oxygen vacancy concentration on oxygen partial pressure at a certain tempera-

ture. Gravimetric and coulometric methods have been frequently utilized in previ-

ous studies. Figure 2.22 shows the dependence of oxygen deficit of

Ba0.5Sr0.5Co0.8Fe0.2O3�δ on oxygen partial pressure and temperature [29]. The

thermodynamic factor of oxygen was obtained according to γO ¼ 1
2

∂lnPO2

∂lnð3�δÞ
� �

T
by

linear regression.

2.2.4 Diffusion and Ionic Conductivity

In ionic crystals, if the vacancies are fully ionized and all contribute to the transport,

the diffusion of ions results in the ionic conductivity, which can be described by the

Nernst–Einstein equation:
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σi ¼ Z2
i F

2cV
RT

DV ¼ Z2
i F

2δ

RTVm

DV ¼ Z2
i F

2cL
RT

DS ¼ Z2
i F

2cL
RTf

D∗ ð2:48Þ

where Zi andVm are the charge number of the ion and molar volume of the material,

respectively. For an ionic conductor like YSZ, its electron or hole conductivity is

far lower than the ionic conductivity, and thus, the measured total conductivity is

very close to its ionic conductivity. By using Eq. (2.48), the vacancy diffusion

coefficient can be calculated if the vacancy concentration is available. However, for

MIEC materials, electron or hole conductivity is usually two orders higher than the

oxygen ionic conductivity, so the diffusion coefficient of oxygen ions cannot be

determined through testing the total conductivity of the material.18O tracer diffu-

sion combined with SIMS depth profile and conductivity relaxation methods (see

Chap. 4) are frequently used to determine the tracer diffusion coefficient and the

chemical diffusion coefficient, respectively. By using the Eqs. (2.47 and 2.48), the

oxygen ionic conductivity can be calculated. Recently, Zhu et al. developed an

oxygen permeation model, and with this model, they could separate the bulk ionic

diffusion resistance from surface exchange resistances [30]. Thus, the oxygen ionic

conductivity and diffusion coefficient could be obtained through the model regres-

sion of the permeation experimental data (see Chap. 5).

Fig. 2.22 Oxygen nonstoichiometry δ and thermodynamic factor of oxygen γO of BSCF5582 at

600–900 �C. Results from isotherms (half-filled symbols) are compared with isobars (open
symbols). The reference point (⊠) was obtained by total reduction in Ar–H2. The experimental

error is estimated to be δ� 0.007 (Reproduced from Ref. [29] with permission of Elsevier)
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2.2.5 Grain Boundary Diffusion

The grain boundary is an internal surface between any two grains that have the same

crystal structure and composition. The diffusion processes on the internal surfaces

of polycrystalline materials are of great importance for many applications, since the

grain boundaries and phase interfaces determine many properties of a material. In

grain boundaries, the atomic arrangement is not compact as that in the crystal bulk,

which results in the reduction of average coordination number and the increase in

the bond length of the atoms (or ions) in the grain boundary core. Thus, there is an

excess free energy that leads to depletion or accumulation effects for the mobile

ionic and/or electronic species. The conventional viewpoint is that elements that

strongly segregate in the grain boundaries would retard the grain boundary diffu-

sion, and the greater the magnitude of segregation, the stronger the effect. For

example, Park et al. found that grain boundary in YSZ electrolyte showed that the

oxide ion diffusion is blocked when it jumps across the grain boundary [31]. How-

ever, the diffusion in solids occurring along grain boundaries and over free surfaces

is more rapid than through the interiors of the crystals. Ultrafine grained (relative

density of 97–99% and average crystallite sizes of 80 or 300 nm) and undoped

monoclinic ZrO2 materials were selected as examples to explore the effect of grain

boundaries on the diffusion of oxygen using18O as tracer and SIMS profiling. The

samples were prepared according to the following steps: Zr sputtering, inert gas

condensation, oxidation, in situ consolidation, and pressureless sintering at 950 or

1050 �C in vacuum. Brossmann et al. observed a steep drop of the18O concentration

close to the surface in the18O diffusion profiles followed by a slower decrease over

an extended depth range. Their model investigation attributed this phenomenon to

diffusion of18O directly from the surface and via grain boundaries into the mono-

clinic ZrO2 crystallites and disclosed that the diffusion of
18O in grain boundaries in

undoped monoclinic ZrO2 is 10
3–104 times faster than in the bulk of the crystallites

in the temperature range of 450–950 �C [32].
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Chapter 3

Ionic Conductors and Aspects Related
to High Temperature

Abstract The ionic conductivity of perovskite-type MIEC membranes is several

orders of magnitude lower than their electronic conductivity; however, the

ambipolar conductivity determines the diffusion rate of oxygen ions in the mem-

brane bulk. Therefore, the improvement of oxygen ionic conductivity is the key to

enhance the oxygen permeability of an MIEC material. In this chapter, the common

oxygen ionic conductors with fluorite and perovskite structures are introduced in

detail, and other types of oxygen ionic conductors, such as Bi4V2O11, La2Mo2O9,

and La10-xSi6O26þy, are briefly presented. The critical factors influencing the

oxygen ionic conductivity are discussed for the perovskite-type oxygen ionic

conductors and MIEC conductors. All the oxygen ionic conducting materials can

be made into MIEC membranes for oxygen permeation as long as they are properly

doped by elements with variable valence states or mixed with a secondary phase

with electronic conduction. MIECmembranes are all operated at high temperatures,

and thus, the special properties related to high temperature, such as cationic

diffusion, kinetic demixing, thermal expansion, chemical expansion, and creep,

are briefly introduced to show that several factors should be considered to design or

select a practically applicable MIEC membrane material.

Keywords Ionic conductors • Fluorite-type • Zirconia • Ceria • Perovskite •

Nonstoichiometric oxygen • Cationic diffusion • Kinetic demixing • Chemical

expansion • Creep

3.1 Fluorite-Type Oxygen Ionic Conductors

In terms of oxygen ionic conductors, fluorite-type oxides are first introduced since

the best known material, yttria-stabilized zirconia (YSZ), has been widely used as a

solid electrolyte for solid oxide fuel cells (SOFCs), sensors, and structural ceramics.

This type of oxygen ionic conductor was first investigated in 15 wt% Y2O3-doped

ZrO2 by Nernst in the 1890s. This material is a state-of-the-art electrolyte for

SOFCs in the temperature range of 600–1000 �C because it exhibits a sufficient

oxygen ionic conductivity and an ionic transport number of 1 under the working

condition of SOFCs. The cubic fluorite-type structure can be derived from the CsCl

© Springer-Verlag GmbH Germany 2017
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structure by taking away the cations alternately; therefore, eight-coordinated cubic

interstices are produced. The structure of the cubic fluorite oxides is shown in

Fig. 3.1. If the repulsion effect between oxygen ions is weak at a far enough

distance between oxygen ions, the cell parameter is determined by the metal–

oxygen distance, i.e., the sum of ionic radii for the appropriate coordination

numbers. Therefore, to form a stable cubic fluorite structure, the cations should

be big enough. Tetravalent cations like Ce4þ (0.097 nm), Pr4þ (0.096 nm), Th4þ

(0.105 nm), and U4þ (0.100 nm) have large ionic radii, so they can form a stable

cubic fluorite structure at ambient conditions, while the ionic radii of Zr4þ

(0.084 nm) and Hf4þ (0.083 nm) are somewhat smaller, and their cubic fluorite

structure only appears at high temperatures. For much smaller tetravalent cations

like Sn4þ and Ti4þ, the fluorite structure is replaced by the rutile structure.

3.1.1 Zirconia-Based Ionic Conductors

3.1.1.1 Stabilization of Zirconia by Doping

The phase structure of the undoped zirconia is a function of temperature, i.e., it

experiences the phase transition from a monoclinic to tetragonal structure at a

temperature of ~1170 �C and the phase transition from tetragonal to cubic at a

temperature of ~2370 �C. The theoretic density of the three phases is 5.65, 6.10, and
6.27, respectively. Therefore, as the sintered zirconia is cooled from sintering

temperature (1200–1400 �C) to room temperature, a large volume increase accom-

panies the diffusionless phase transition from a tetragonal to monoclinic structure.

The phase transition stems from the fact that the Zr4þ ion (r¼ 0.084 nm) is too

small for the eight-coordinated cubic interstices formed by oxygen ions. The Ce4þ

ion (r¼ 0.097 nm) is big enough, so the cubic fluorite structure is stable at room

temperature. In contrast, the pure zirconia has extremely low oxygen ionic

Fig. 3.1 Crystal structure

of cubic fluorite-type oxides
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conductivity at elevated temperatures based on the intrinsic oxygen deficiency. The

cations in the fluorite structure can be partially replaced by alkaline earth or rare

earth cations in a wide range of compositions. The resultant solid solutions have

nonstoichiometric oxygen if the valence state of the doped cations is not þ4. The

introduction of nonstoichiometric oxygen can be denoted as

1

2
Y2O3 !ZrO2

Y0
Zr þ

1

2
V ∙ ∙
O þ 3

2
O�

O ð3:1Þ

The doping of alkaline earth or rare earth elements can reduce the phase transition

temperature and even stabilize the high-temperature cubic phase down to room

temperature. Simultaneously, the doping of þ2 or þ3 cations introduces a large

number of oxygen vacancies in the zirconia lattice (see Eq. 3.1) and thus leads to

high oxygen ionic conductivity. The conductivity can be written as

σ ¼ eμ½V ∙ ∙
O � ð3:2Þ

where μ is the mobility, ½V ∙ ∙
O � is the concentration of oxygen vacancies, and e is the

effective charge under the electrical neutrality condition, as illustrated by Eq. (3.1),

2½Y 0
Zr� ¼ ½V ∙ ∙

O �. The relationship clearly indicates that the oxygen vacancy concen-

tration is directly dependent on the doping level. Zirconia stabilized by rare earth

oxides usually has higher oxygen ionic conductivity than that of alkaline earth

oxides. Figure 3.2 shows the influence of doping level on the oxygen ionic con-

ductivity for zirconia doped with different rare earth oxides, including Sc2O3,

Yb2O3, Er2O3, Y2O3, Dy2O3, and Gd2O3 [1]. The oxygen ionic conductivity of

Fig. 3.2 Composition dependence of the electrical conductivity in (ZrO2)1�x(Ln2O3)x
(Ln¼ lanthanides) (Reproduced from [1] with permission of Springer)
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stabilized zirconia is strongly dependent on the dopant element and its doping level.

The maximum values appear at the doping amount of ~11% for Sc2O3 and at

8 ~ 9% for Yb2O3, Er2O3, Y2O3, Dy2O3, and Gd2O3. At a lower doping level, the

conductivity increases monotonically with the increase in the doping level, as

illustrated by Eq. (3.2). After reaching the maximum conductivity, further increas-

ing the doping level decreases the oxygen ionic conductivity. Association of point

defects (see Chap. 2) occurs between Ln0Zr and V ∙ ∙
O to form ½Ln0Zr � V ∙ ∙

O � ∙ and/or
½Ln0Zr � V ∙ ∙

O � Ln0Zr�� ; as a result, the concentration of free oxygen vacancies

decreases with the doping level. Among these oxides, the Sc2O3-stabilized zirconia

(ScSZ) has the highest conductivity up to 0.3 S cm�1 at 1000 �C [2–4]. However,

8 mol% of Zr4þ site replaced by Y3þ, commonly known as yttria-stabilized zirconia

(YSZ) or 8YSZ, is the most widely used electrolyte for SOFC, since it fulfills

almost all the criteria for an electrolyte. YSZ has been well studied, and it has

exhibited extremely good performance as SOFC electrolyte in the Westinghouse

demonstration units over several years [5].

The oxygen ionic conductivity and activation energy for the ZrO2–Ln2O3 system

are functions of the ionic radius of Ln3þ. Figure 3.3 shows the maximum oxygen

ionic conductivity, apparent enthalpy of oxygen ionic diffusion in lattices, and

association enthalpy of oxygen defects as a function of the ionic size of dopants

[6]. This investigation shows that the ionic conductivity decreases with the increase

of rare earth ionic radii. Sc3þ cation has the smallest ionic radius, 0.087 nm, which

is the closest to that of Zr4þ cation (r¼ 0.084 nm); thus the lattice elastic strain is

minimal for oxygen ions passing across the potential saddle point. The detailed

description of the diffusion path of oxygen ions in fluorite-type oxides is illustrated

in Chap. 2. Many published reviews and books have intrduced YSZ electrolyte

materials; additionally, great progress has been made on the scandia-stabilized

zirconia in recent years, so in the following section, the investigations on the

stability of ScSZ are briefly introduced.

Fig. 3.3 Ion migration enthalpy and association enthalpy versus dopant ion radius curves

(Reproduced from [6] with permission of Elsevier)
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3.1.1.2 Scandia-Stabilized Zirconia

ScSZ is quite attractive as an electrolyte for SOFCs and MIEC membranes, except

for the high cost of scandium. Further, the degradation in oxygen ionic conductivity

has been observed in ScSZ as it undergoes annealing treatment at elevated temper-

atures. For example, Badwal et al. investigated the conductivity stability of ScSZ

with different scandia doping levels (7–11 mol%) [7]. They found that all compo-

sitions show conductivity degradation with time both at 850 and 1000 �C, but the
degradation is slower for the scandia doping amount of 9.0–11.0 mol%, especially

at 1000 �C. The fast degradation of conductivity for ScSZ (containing 7.0–9.0 mol

% Sc) in the initial stage of annealing was related to the t’-phase, which is a

distorted fluorite phase. The t’-phase gradually disappears with time during the

annealing and produces coherently grown t-ZrO2 precipitates in a cubic matrix. The

t-ZrO2 precipitates have a lower Sc doping level than the t’-phase, in addition to a

low oxygen ionic conductivity. The slow degradation for samples with scandia

doping amount of 9.0–11.0 mol% was related to the formation of microdomains of

an ordered phase rich in Sc. This degradation mechanism can be concluded as

continual phase transitions to less-conductive phases. Another mechanism is the

vacancy trapping or “short-range ordering,” whereby attractive coulombic forces

between the positive charge field around the cations and the negative field of the

vacancies effectively immobilize the charge carriers in the electrolyte. Haering

et al. found that the conductivity of the ScSZ samples with higher scandia content

(�11 mol%) was stable after annealing [8]. These specimens were rhombohedral at

room temperature but transformed into the cubic phase between 400 and 600 �C.
They found that the presence of the rhombohedral phase in the ScSZ system, and

not in the YSZ system, is most probably due to the fact that the radius of Sc3þ is

closest to that of the Zr4þ, whereas the radius of the Y3þ is more than 10% larger.

Defect association occurs in any stabilized zirconia electrolyte with less than 9 mol

% of trivalent dopant. At a low doping level, the main defect association is

½Ln0Zr � V ∙ ∙
O � ∙ , which transforms into ½Ln0Zr � V ∙ ∙

O � Ln0Zr�� during annealing and

causes conductivity degradation. However, at a high doping level (>10%), the

main defect association is ½Ln0Zr � V ∙ ∙
O � Ln0Zr��, which is stable and does not

undergo any phase transformation during annealing. Therefore, the conductivity

degradation depends mainly on the concentration of dopant but is relatively inde-

pendent of the nature of the dopant.

To improve the stability of ScSZ and reduce the high cost of scandia, incorpo-

ration of other cations in zirconia is regarded as the most effective solution. Many

studies have been performed on the ternary system MxOy–Sc2O3–ZrO2, where M

can be Ce, Y, Yb, Bi, Al, and Ga. Among these dopants, it was reported that a small

amount of CeO2 along with Sc2O3 is effective to stabilize ZrO2 [9, 10]. The

resultant material, Sc0.1Ce0.01Zr0.89O1.95, no longer exhibits an unfavorable phase

transition, making this material a very promising option for intermediate-

temperature electrolytes and membranes (see Fig. 3.4).
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3.1.1.3 Zirconia-Based Membranes for Oxygen Permeation

For oxygen permeation through dense ceramic membranes, except oxygen ionic

transport across membranes, electronic transport (including electrons and holes) is

also necessary. However, the zirconia-based electrolyte materials have high ionic

conductivity but extremely low electronic conductivity because the valence states

of Zr4þ, Y3þ, Sc3þ, and other rare earth cations are stable at both oxidizing and

reducing atmosphere. However, partial electronic conduction is generated

according to the following equations:

At low oxygen partial pressure : O�
O Ð 1

2
O2 þ V ∙ ∙

O þ 2e
0 ð3:3Þ

At high oxygen partial pressure :
1

2
O2 þ V ∙ ∙

O Ð O�
O þ 2h ∙ ð3:4Þ

Assuming that the defect concentrations are low and the interactions between

defects can be ignored, according to the mass action law, the concentrations of

electrons and holes are

½e0 � ¼ ðK1½O�
O �=½V ∙ ∙

O �Þ12P�1
4

O2
¼ K0

1P
�1

4

O2
ð3:5Þ

½h ∙ � ¼ ðK2½V ∙ ∙
O �=½O�

O �Þ
1
2P

1
4

O2
¼ K0

2P
1
4

O2
ð3:6Þ

Fig. 3.4 Comparison of long-term stability of SZ samples and other Sc-doped ZrO2 systems

(Reproduced from [9] with permission of Elsevier)
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The conductivity of carrier j is proportional to its concentration, as illustrated by

Eq. (3.1). Therefore, one can find that the electronic conductivity of YSZ decreases

with the decrease in oxygen partial pressure according to P
1
4

O2
and then increases

with the decrease in oxygen partial pressure according to P
�1

4

O2
. The electronic

conductivity of YSZ is far lower than its ionic conductivity, so the ionic transport

number is very close to 1. For calcium oxide-stabilized zirconia, the ionic transport

number can be reduced to 0.5 at 850 �C under oxygen partial pressure of 10�30 atm.

Obviously, the common chemical method cannot reach such a low value. To

introduce electronic conduction into the zirconia, Ce, Pr, Tb, and Ti are doped

into the fluorite lattices.

Kawamura et al. investigated the influence of oxygen partial pressure on elec-

trical conductivities of CeO2-doped CaO–ZrO2–solid solution system at elevated

temperatures [11]. For the (Zr1-xCexO2)0.9(CaO)0.1 system, as the ceria content is

low, the total conductivity increases slightly and then decreases with the decrease in

oxygen partial pressure (see Fig. 3.5a). Ionic conductivity is primarily proportional

to the oxygen vacancy concentration at high oxygen partial pressures. The decrease

in ionic conductivity at low oxygen partial pressures is related to the defect

association. When the ceria content is in the range of 0.4–0.6, the total conductivity

increases remarkably and then decreases with decreasing oxygen partial pressure

(see Fig. 3.5b). The remarkable increase in total conductivity is caused by elec-

tronic hopping between Ce�Zr and Ce0Zr, and electronic conductivity is proportional

to the product of ½Ce�Zr�½Ce0Zr�. At high ceria content, the total conductivity increases
with the decrease in oxygen partial pressure and is almost independent of Zr content

at low oxygen partial pressures (Fig. 3.5c). It was concluded that the ionic conduc-

tion is dominated at high oxygen partial pressures, while the electronic conductivity

increases with ceria content and exhibits a maximum at x ¼ 0.6; however, the

Fig. 3.5 (a) The electrical conductivity of (Zr1�xCexO2)0.9(CaO)0.1 at 1373 K. (a) x¼ 0.1–0.3, (b)
x¼ 0.4–0.6, (c) x¼ 0.8–1.0 (Reproduced from [11] with permission of Elsevier)
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dependence of ionic conductivity on ceria content is opposite to that of electronic

conductivity.

Another method to introduce electronic conductivity in membrane materials is to

blend a zirconia-based ionic conductor with an electronic conductor to form a dual-

phase membrane. Dual-phase membranes will be specially introduced in Chap. 7.

3.1.2 Ceria-Based Ionic Conductors

3.1.2.1 Doped Ceria

Ceria has a cubic fluorite structure with a cell parameter of 0.540 nm and space

group of Fm-3 m. Thermal expansion coefficient (8.6 � 10�6 K�1) of ceria is little

smaller than that of stabilized zirconia materials (10–11 � 10�6 K�1). Pure ceria is

an n-type semiconductor, and its oxygen ionic conductivity is extremely low, while

the oxygen ionic conductivity can be significantly improved through doping þ2

alkaline earth cations or þ3 rare earth cations. As in the case of zirconia, the

substitution of partial Ce4þ by alkaline earth or rare earth cations introduces oxygen

vacancies, for instance:

1

2
Sm2O3 !CeO2

Sm0
Ce þ

1

2
V ∙ ∙
O þ 3

2
O�

O ð3:7Þ

Irrespective of whether the ceria is doped or undoped by other oxides, the stable

cubic fluorite structure is maintained from room temperature to its melting point.

Therefore, unlike MOx (x ¼ 1 or 1.5)-doped zirconia, which is usually shortened as

MSZ, the MOx (x ¼ 1 or 1.5)-doped ceria is usually abbreviated as MDC, such as

Sm2O3-doped ceria (SDC), Gd2O3-doped ceria (GDC), and Y2O3-doped ceria

(YDC). The oxygen ionic conductivity of doped ceria is generally higher than

that of stabilized zirconia, especially at low temperatures. The conductivity of

doped ceria has a similar dependence on ionic radii and doping levels of dopants

as that of stabilized zirconia. Maximum conductivity appears for a certain dopant

while changing the doping level. Figure 3.6 shows the dependence of oxygen ionic

conductivity of Ce1�xSmxO2�δ on the doping level at various temperatures

[12]. The maximum doping level is in the range of 0.1–0.2 at all investigated

temperatures. The curves shown in Fig. 3.6 can be interpreted as the interaction

between Sm0
Ce and V ∙ ∙

O to form associated defects, i.e., ½Sm0
Ce � V ∙ ∙

O � ∙ and

½Sm0
Ce � V ∙ ∙

O � Sm0
Ce��, which decrease the free oxygen vacancy concentration at

high doping levels. Therefore, additional energy is needed to break the association,

which is reflected by a kink as shown by the Arrhenius plot of conductivity.

Figure 3.7 shows the dependence of the maximum conductivity on the radii of

dopant cations at 800 �C [12]. The ionic radii of Gd3þ (0.105 nm) and Sm3þ

(0.108 nm) are close to that of Ce4þ (0.097 nm), and the corresponding doped

ceria has the highest ionic conductivity among the rare earth cations owing to the
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similar ionic radii as that of the host ion, resulting in the minimum association

enthalpy between the dopant ion and the oxygen vacancy. Ceria doped with alkaline

earth oxides usually has lower ionic conductivity than ceria doped with rare earth

oxides, so researches have mainly focused on the latter in recent years.

Fig. 3.6 Concentration

dependence of

conductivities for

(CeO2)1�x(SmO1.5)x at

various temperatures: (○)

900 �C, (Δ) 800 �C, (□)

700 �C, (●) 600 �C, (~)

500 �C, (- - -)
(ZrO2)1�x(CaO)x at 800

�C
(Reproduced from [12] with

permission of Elsevier)

Fig. 3.7 Ionic conductivity of doped ceria at 1073 K against the radius of dopant cation, rc, shown

in the horizontal axis is the radius of the divalent or trivalent cation (Reproduced from [12] with

permission of Elsevier)
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Most researchers agree that Gd2O3- and Sm2O3-doped ceria oxides show higher

ionic conductivity than other rare earth oxides but have divergence in the doping

level and a better dopant. Yahiro et al. and Eguchi et al. found that SDC shows

higher ionic conductivity than that of GDC [13–15]. At 800 �C, the ionic conduc-
tivity of Ce0.8Sm0.2O2�δ is as high as 0.095 S cm�1, which is almost twice that of

Ce0.8Gd0.2O2�δ. Zha et al. found that for both Gd- and Sm-doped ceria electrolytes,

the maximum electrical conductivity is observed to be at a dopant concentration of

15 mol% in the Ce sublattice, i.e., Ce0.85Gd0.15O1.925 and Ce0.85Sm0.15O1.925, in the

temperature range of 400–850 �C [16]. However, Kudo et al. found the maximum

conductivities for GDC were at 20 mol% GaO1.5 dopant concentration [17], and

Yahiro et al. observed the optimal dopant concentration was 20 mol% SmO1.5 for

SDC [13]. Steele et al. reported that Ce0.9Gd0.1O2�δ has the highest lattice conduc-

tivity at 500 �C up to about 0.01 S cm�1 and Ce0.8Gd0.2O2�δ has the highest total

conductivity because grain boundaries of the latter seem to be more tolerant to

impurities [18]. The conductivities reported by different authors include the lattice

conductivity and grain boundary conductivity; thus, the conductivities are highly

variable from one source to another due to impurities segregation at the boundaries.

Steele thought that the divergence is induced by the preparation method of mate-

rials and contents of impurities, such as silica, in the chemical regents [18].

3.1.2.2 Co-Doped Ceria

To improve the ionic conductivity of ceria-based oxides, co-doping two or more

types of cations in ceria lattices was proposed. Kim et al. studied five trivalent

cations (M ¼ Y, Sm, Nd, Pr, and La) to co-dope Ce0.8(Gd0.2�xMx)O2�δ with the

doping level up to x ¼ 0.05 [19]. Only two of the co-dopants, Sm and Y, increase

the electrical conductivity of the electrolyte, and the maximum value is observed

for Sm at 3 mol%. Wang et al. observed that the co-doping effect was more

apparent for the electrolytes with Ce0.85Gd0.15�ySmyO1.925 than for

Ce0.85Gd0.2�ySmyO1.9, and as the Sm content was in the range of 0.05–0.1, the

co-doped ceria of Ce0.85Gd0.15�ySmyO1.925 exhibited much higher ionic conductiv-

ities than that of the singly doped ceria at 500–700 �C [20]. The co-doping strategy

can suppress the oxygen vacancies ordering and increase the pre-exponential factor

in the system. Other systems like co-doping with Mg, Ca, Y, Nd, etc. with Gd or Sm

in ceria sublattices are all reported to be effective for improving the conductivity

[21–27]. However, the grain conductivities are improved marginally compared with

the grain boundary conductivity. A possible interpretation to the co-doping effect is

that the grain boundary conductivity is related to the space charge layer at grain

boundaries and the co-doping alters the defect concentrations in the space charge

regions.
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3.1.2.3 Ceria-Based Membranes for Oxygen Permeation

The doped ceria-based oxides are pure ionic conductors at high oxygen partial

pressures, so it needs to introduce an electronic phase to form dual-phase mem-

branes or dope elements with easy changeable valence states in the Ce sublattices.

Ceria is chemically compatible with many of perovskite and spinel oxides, so these

two types of oxides are frequently employed as the electronic conducting phase for

dual-phase membranes. A detailed description of dual-phase membranes, in partic-

ular ceria-based dual-phase membranes, is presented in Chap. 7. Therefore, the

following section will focus on the incorporation of Pr4þ/3þ and Tb4þ/3þ into the Ce

sublattices to enhance the electronic conductivity.

The exploration of ceria-based MIEC membranes is motivated by lower thermal

expansion coefficients (10–12 � 10�6 K�1) and higher mechanical strength of the

doped ceria-based oxides than that of Co-based perovskite membrane materials

(thermal expansion coefficients >20 � 10�6 K�1), which may be helpful for the

practical applications of the MIEC membrane technology. Shuk and Greenblatt

investigated the transport properties of Ce1�xPrxO2�δ solid solutions [28]. As

shown in Fig. 3.8a, the ionic and electronic conductivities all increase with the

doping level of Pr at 700 �C. An electronic transfer number of about 0.5 is reached

for a doping amount of 0.25. The electronic transfer number increases with the

Fig. 3.8 (a) Concentration dependence of the ionic and electronic conductivities of Ce1�xPrxO2�δ

solid solutions at 700 �C. (b) Ionic transfer number of Ce1�xPrxO 2�δ solid solutions. (c)
Temperature dependence of the oxygen permeability of the Ce1�xPrxO2�δ solid solutions

(Reproduced from [28] with permission of Elsevier)
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decrease in temperature (see Fig. 3.8b), since the electronic conductivity has lower

activation energies than the ionic conductivity. The calculated oxygen permeation

flux based on the ionic and electronic conductivities increases with the doping level

and temperature. The highest oxygen permeation flux that was achieved on

Ce0.7Pr0.3O2�δ is 1.9 � 10�9 mol cm�2 s�1 through a 1.0-mm-thick membrane at

700 �C (see Fig. 3.8c). Fagg et al. reported an investigation on the oxygen

permeability of Zr0.1Ce0.9�xPrxO2�δ and Ce1�xPrxO2�δ (x¼ 0.2–0.3) [29]. They

found that Zr substitution leads to a decrease in the total conductivity and an

increase in the average grain size. Oxygen permeability in these materials is

controlled by both ambipolar bulk diffusion and oxygen surface exchange

kinetics, as shown in Fig. 3.9. Typical oxygen permeation flux is approximately

3 � 10�8 mol cm�2 s�1 through a 1.0-mm-thick membrane at 1000 �C, and this

value is comparable to some perovskite membranes, such as La(Fe,Ni)O3�δ. In

another study, Fagg et al. improved the electronic conductivity of Ce0.8Pr0.2O2�δ by

using cobalt oxide as the sintering aid (2 mol%) [30]. The addition of cobalt oxide

slightly enhances the total conductivity, but the electronic conductivity increases by

around two- to threefold, while the ionic conductivity is unaffected. The presence of

cobalt oxide can speed up the oxygen surface exchange reactions, so the combination

of these effects improves the oxygen permeability of fluorite membranes to compete

with some of the best perovskite-type membranes, such as La0.3Sr0.7FeO3�δ,

SrAl0.3Fe0.7O3�δ, and La2NiO4þδ, at temperatures below 850 �C. Similarly, Balaguer

et al. investigated the transport properties of Ce1�xTbxO2�δ (x ¼ 0.1, 0.2) with

2 mol % cobalt oxide added to improve the sinterability and electronic conductivity

Fig. 3.9 (a) Comparison of oxygen permeation flux for Ce1�xPrxO2�δ and Zr0.1Ce0.9�xPrxO2�δ

membranes with that of La(Fe,Ni)O3�δ perovskites and Pr-containing garnets. (b) Comparison of

oxygen permeation flux for Ce1�xPrxO2�δ and Zr0.1Ce0.9�xPrxO2�δ membranes with data on

selected perovskite materials (Reproduced from [29] with permission of Elsevier)
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[31]. They found that the oxygen permeation is negligible for cobalt-free samples,

while that through Ce0.9Tb0.1O2�δ þ Co and Ce0.8Tb0.2O2�δ þ Co 1-mm-thick

membranes are about 1.5 �10�8 mol cm�2 s�1 and 6.0 �10�8 mol cm�2 s�1,

respectively, at 1000 �C, when argon was used as the sweep gas. The permeation

flux increased to a high value up to 3.7 �10�7 mol cm�2 s�1 at 1000 �C
(Ce0.9Tb0.1O2�δ þ Co sample) when methane was used as the sweep gas, as shown

in Fig. 3.10.

3.1.3 Bismuth Oxide-Based Ionic Conductors

3.1.3.1 Structure of δ-Bi2O3

Four polymorphs of Bi2O3 have been reported in the literature, i.e., α, β, γ, and δ
phases, but only the δ phase exhibits high oxygen ionic conductivity. The phase

transition from the monoclinic phase (α) to the high-temperature cubic phase (δ) is
at approximately 730 �C, and the δ phase is stable up to its melting point of about

825 �C. The crystal structure of δ-Bi2O3 has a space group of Fm-3 m and is usually

described with cations occupying the 4a (0 0 0) position and oxygen anions

disordered distribution in 8c (¼ ¼ ¼). Its high ionic conduction is related to the

presence of ~25% oxygen ion vacancies in the structure and disordered oxygen

vacancies. However, the locations of oxygen anions in the δ phase were disputed for
a long time.

Fig. 3.10 Oxygen permeation flux as a function of inverse temperature for Ce0.9Tb0.1O2�δ þ Co

2% and Ce0.8Tb0.2O2�δ þ Co 2% (Reproduced from [31] with permission of American Chemical

Society)
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Gattow et al. [32], Willis et al. [33], and Verkerk et al. [34] found that δ phase

has an oxygen-defective sublattice and oxygen anions usually occupy the oxygen

lattice sites. In other words, the distribution of oxygen vacancies in oxygen lattice

sites is disordered. This view of the crystal structure can well explain the extremely

high ionic conductivity in δ-Bi2O3, since oxygen ions can move from site to site

through the bismuth sublattice. However, Sillen [35], Zav’yalova et al. [36],

Madernach et al.[37], and Jacobs et al. [38] used different methods, including

electronic diffraction, theoretical calculations, and computer simulations, to inves-

tigate the oxygen sublattice of δ-Bi2O3 and found the vacancies are ordered in the

[111] direction. Figure 3.11 shows the structural models for δ-Bi2O3. Figure 3.11a

shows the ideal cubic fluorite structure, in which Bi3þ cations occupy alternate

centers of a simple cubic array of oxygen anions on the 8 (c) sites. Harwig et al.

suggested that a significant proportion of the structure of oxygen anions are

displaced from the 8 (c) sites by ~0.1 nm in [111] directions, i.e., entering 32 ( f )
sites at x, x, x, with x ¼ ¼ þ δ ¼ ~0.335, as shown in Fig. 3.11b [39]. Battle et al.

proposed a structure model based on their neutron powder diffraction studies of the

time-averaged structure of δ-Bi2O3 [40], as shown in Fig. 3.11c. Yashima et al.

investigated the disorder oxygen anions distribution in δ-Bi2O3 by combining

Rietveld refinement with a maximum entropy method-based pattern fitting of the

neutron powder diffraction data measured at 778 �C [41]. They found the oxygen

anions have a complicated disorder spreading over a wide area and shift to the [111]

directions from the ideal fluorite site, as shown in Fig. 3.11c. The MEM nuclear

density distribution map on the (110) plane is shown in Fig. 3.11d to visualize the

structural disorder at 778 �C. Two maxima of the nuclear density are clearly seen at

the 32f sites near an ideal 8c position of the oxide ion on the (110) plane. Further,

the complicated disorder of oxide ions was regarded to be responsible for the fast

oxide ion conduction. Recently, Mohn et al. combined neutron powder diffraction

and Born–Oppenheimer molecular dynamics methods to investigate the oxygen

anions disorder in δ-Bi2O3 [42]. They found that the asymmetric electron density

around the Bi3þ plays a central role in promoting the anion disorder, i.e., the

flexible Bi–O bond and O–Bi–O bond angles under these electronic environments

allow the cations to adjust their locations as the oxygen anions migrate, so the

oxygen anionic diffusion is promoted by extensive relaxations of both the sur-

rounding anions and a “soft” cation sublattice.

3.1.3.2 Doped Bismuth Oxide

To suppress the phase transition of Bi2O3 and keep the high-temperature cubic

phase down to room temperature, incorporating rare earth elements into Bi2O3 to

form a solid solution is the most frequently used method in the literature. Most solid

solutions are based on either the face-centered cubic (fcc) or rhombohedral struc-

tures, depending on the ionic radius, dopant type, and doping level. In general, large

rare earth cations facilitate the formation of rhombohedral phases, while the small

rare earth cations facilitate the formation of fcc phases. Iwahara et al. plotted a

figure to show the dependence of the phase structures on rare earth cationic radii
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[43]. In this series of materials, except for Yb2O3, the larger the atomic number of

Ln, the lower the content of Ln2O3 required to form the fcc solid solution, and the

oxygen ionic conductivity of the cubic phase decreases with the increase in the

Ln2O3 doping level. Similar to ZrO2 and CeO2, the dependence of ionic conduc-

tivity on cationic radius is also observed in Bi2O3-based ionic conductors. Fig-

ure 3.12 shows the minimum value of x required to stabilize the fcc structure in

(Bi2O3)1�x(Ln2O3)x versus the ionic radii of the Ln3þ ions. Additionally, the

minimum value of x is also the function of cationic radius. Therefore, the best

rare earth dopant for Bi2O3 is Er2O3, and it shows the lowest doping level.

Fig. 3.11 Structural models for δ-Bi2O3. (a) Gattow model based on an ideal fluorite-type

structure: average distribution of six oxygen atoms at the site (8c) of Fm-3 m (xxx, x¼ 1/4); (b)
Harwig model: average distribution of six oxygen atoms at the site (32f) of Fm-3 m (xxx, x¼ 1/4þ
δ); (c) Battle model: six oxygen atoms are distributed at the 8c and 32f sites; and (d) scattering

amplitude distribution of δ-Bi2O3 at 778
�C with equicontour surface at 0.3 fm/Å3 obtained by the

combination technique of Rietveld refinement and the maximum entropy method-based pattern

fitting. To simplify only the region of 0�y� 1/2 is drawn. Red and yellow spheres denote the

bismuth and oxygen atom sites, respectively (Reproduced from [41] with permission of Elsevier)
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However, among the Ln2O3-doped Bi2O3 materials, Y2O3 has been extensively

investigated as the dopant since the Bi2O3–Y2O3 system was reported by Datta and

Meehan in 1971 [44]. Takahashi et al. found that a stable fcc phase can be stabilized

to lower temperatures as the Y2O3 doping level is in the range of 25–43 mol%

[45]. Figure 3.13 shows the dependence of oxygen ionic conductivity of the Bi2O3–

Y2O3 system on the temperature and Y2O3 doping level. When the doping level is

higher than 25 mol%, the phase transition occurring in pure Bi2O3 does not appear,

which is reflected by a jump in conductivity with the increase in temperature.

Hysteresis loops, which indicate phase transitions, were observed as the doping

level was lower than 25 mol% during the cooling/heating circles. However, the

cubic phase structure of doped Bi2O3–Y2O3 is not stable during annealing treatment

of these materials at 600 �C. Rhombohedral phase formation and a significant

decrease in conductivity have been observed frequently in previous studies

[46]. It was reported that ZrO2, ThO2, and CeO2 are effective to stabilize the

Bi2O3–Y2O3 system at a low doping amount [47, 48].

In the Bi2O3–Er2O3 system, the cubic structure can be stable in the doping level

range of 17.5–45.5 mol%, and other phases appear for doping levels outside this

range. Figure 3.14 shows the dependence of the oxygen ionic conductivity of the

Bi2O3–Er2O3 system on the doping level [49]. However, the cubic phase of Er2O3-

doped Bi2O3 transforms into a hexagonal phase or orthorhombic phase during

annealing. In other words, the cubic phase is a metastable quenched phase, not a

fully stable phase in thermodynamics. Kruidhof et al. found that the cubic solid

solution of the Bi2O3–Er2O3 system is metastable below 740 �C as the doping level

is lower than 27.5 mol% and they gradually transform to the hexagonal phase after

long annealing treatment at 650 �C [50]. Watanabe found that at equilibrium state

Fig. 3.12 Formation range of the rhombohedral and fcc phases in the ionic radius of Ln3þ versus

composition diagram; rhomb rhombohedral and fcc face-centered cubic in relation to δ-Bi2O3

(Reproduced from [43] with permission of Elsevier)
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around 650 �C, the metastable hexagonal phase disappears and the low-temperature

stable orthorhombic phase appears for Er2O3 doping amount of 28 mol% [51]. The

orthorhombic phase transforms to the high-temperature stable fcc phase around

825 �C upon heating. This study indicates that it is impossible to stabilize the fcc

phase by Er2O3 doping or the fcc phase is stable only within a limited high-

temperature region. Therefore, the conductivity degradation caused by the sluggish

transformation of the fcc phase to orthorhombic phase is inevitable at lower

temperatures. Watanabe et al. also found that WO3 can improve the stability of

Bi2O3–Er2O3 system by replacing 5 mol% Er2O3 by WO3 in the

(Bi2O3)0.705(Er2O3)0.295 [52]. The resultant (Bi2O3)0.705(Er2O3)0.245 (WO3)0.05
shows a stable conductivity during 1100 h of annealing at 600 �C, while

(Bi2O3)0.72(Er2O3)0.22(WO3)0.06 exhibits a degradation less than 1.3% after 830 h

of annealing. Therefore, it was thought that the (Bi2O3)0.705(Er2O3)0.245(WO3)0.05
system is a truly stabilized one.

3.1.3.3 Bi2O3-Based Membranes for Oxygen Permeation

Oxides in the Bi2O3–Ln2O3 system are almost pure ionic conductor in air, so an

electronic conducting phase is required. Usually, precious metals, such as Pt, Au,

Fig. 3.13 Conductivity of (Bi2O3)1�x(Y2O3)x in air; the values for x are 1¼ 0, 2¼ 0.05, 3¼ 0.2,

4¼ 0.25, 5¼ 0.33, 6¼ 0.425, 7¼ 0.5, 8¼ 0.6 (Reproduced from [45] with permission of Elsevier)
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Pd, and Ag, are used as the electronic conducting phases to form dual-phase

membranes. However, the costs of these dual-phase membranes cannot be accepted

in large-scale applications if precious metals used for electronic transport. Unlike

ceria-based dual-phase membranes, no chemical compatible electronic conducting

oxide has been identified up to now. In the future, if a cheap and chemical

compatible electronic conducting phase is developed, it would be promising for

the fabrication of Bi2O3-dual-phase membranes for oxygen permeation at low

temperatures.

3.2 Perovskite-Type Oxygen Ionic Conductors

3.2.1 Structure of Perovskite Oxides

An ideal perovskite-type structure is cubic with a space group of Pm-3m (221).

Perovskite-type oxides are frequently denoted as ABO3, in which A is a larger

Fig. 3.14 Conductivity of

(Bi2O3)1�x(Er2O3)x in air;

(□) x¼ 0.2, (�) x¼ 0.25,

(▽) x¼ 0.3, (○) x¼ 0.35,

(○) x¼ 0.4, (●) x¼ 0.455,

(Δ) x¼ 0.5, (▼) x¼ 0.6; the

broken line represents the

conductivity of pure Bi2O3

(Reproduced from [49] with

permission of Springer)
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cation located at a center formed by 12 oxygen anions and B is a smaller cation

located at a center formed by 6 oxygen anions. Figure 3.15 shows the structure of an

ideal perovskite-type oxide. This structure can be viewed with the A cation located

at the apexes of the cube and the B cation at the center of the octahedron

(Fig. 3.15a) or the B cation placed at the apexes of the cube and the A cation

located at the center of the cube (Fig. 3.15b). In the ideal structure, the relationship

between the ionic radii is given by

rA þ rO ¼
ffiffiffi
2

p
rB þ rOð Þ ð3:8Þ

However, it was found that many perovskite-type oxides maintain the perovskite

structure even though this equation is not exactly obeyed. Therefore, a tolerance

factor (t) was introduced by Goldschmidt to describe the deviation from the ideal

situation. The tolerance factor is defined by

t ¼ rA þ rOffiffiffi
2

p
rB þ rOð Þ ð3:9Þ

For an ideal perovskite oxide, t¼ 1, but as the t value is bigger than 1 and in the

range of 0.75 < t < 1.0, the perovskite-type structure can also be found on many

ABO3 oxides. Usually, with the reduction of t value, the symmetry of perovskite

oxides decreases according to an order of cubic (SrTiO3, t¼ 0.9992, Pm-3 m (221)),

rhombohedral (LaCoO3, t¼ 0.9663, R-3c (167)), orthorhombic (LaGaO3,

t¼ 0.9663, Pnma (62)), and monoclinic (Pr0.6Sr0.4MnO3, t¼ 0.931, I2/c (13))

[53]. A hexagonal structure is formed (BaMnO3, t¼ 1.103, P63/mmc (194)) if the

t value is slightly larger than 1. However, the dependence of crystal structure on the
tolerance factor is not a strict rule; it also depends on preparation conditions and

circumstances. In most cases, various distortions of the BO6 octahedra appear in the

perovskite structure. Deviations from the ideal structure with orthorhombic and

rhombohedral symmetry are frequently observed, while perovskites with tetragonal

and monoclinic symmetry are scarce. Although the term “perovskite” comes from

the naturally occurring mineral CaTiO3, its true symmetry is not cubic but

Fig. 3.15 Crystal structure of perovskite oxides

3.2 Perovskite-Type Oxygen Ionic Conductors 67



orthorhombic. The low symmetric phases can transform to a cubic phase at elevated

temperatures, so the cubic phase is frequently called the high-temperature phase.

The perovskite structure allows a strong compositional flexibility, in which the

A and B sites can be occupied by many cations with changeable ratios. Almost 90%

of elements in the periodic table can be used to form perovskite-type compounds.

Thus, perovskite materials can exhibit many chemical and physical properties or

combine many of these properties simultaneously. Partial substitution of A- and/or

B-site cations is a very common method for tailoring the chemical and physical

properties of perovskite oxides. If the substitution cations occupy sublattices in a

disordered manner, the resultant materials are still single-perovskite oxides. How-

ever, if the substitution cations occupy sublattices in an ordered manner, the

resultant materials could be triple or double perovskite. For example, Sr2CoMoO6,

YBaCo2O5þδ, and YBa2CuO6þδ are B-site-ordered double perovskites, A-site-

ordered double perovskites, and A-site-ordered triple perovskites, respectively.

Figure 3.16 shows the crystal structures of these three perovskite-type compounds.

These perovskite-type oxides have been investigated extensively in fields of solid

oxide fuel cells, dielectrics, ferroelectrics, magnetics, and superconduction, while

few works have reported them as MIEC membranes for oxygen permeation. One

important reason for this is that their crystal structures do not allow for fast oxygen

ionic transport as compared to disordered single perovskite with similar chemical

compositions. Oxygen ionic diffusion in the double- or triple-perovskite oxides is

along the ab plane and is difficult along the c-axis, while the oxygen diffusion path

in cubic single-perovskite oxides is three dimensional. Obviously, for a polycrys-

talline MIEC membrane, the three-dimensional diffusion path is much better than

the two-dimensional one, only if the membranes were prepared with an ab orien-

tation. However, there has been no report yet on the ab orientated double- or triple-
perovskite membrane. Thus, the following section will focus on single-perovskite

oxides if there is no illustration.

Fig. 3.16 Crystal structures of (a)Sr2CoMoO6, (b)YBaCo2O5þδ, and (c) YBa2Cu3O6þδ
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3.2.2 Nonstoichiometric Oxygen

Nonstoichiometric oxygen can be oxygen excess or oxygen deficient. The most

common apparent oxygen-excess perovskite oxides are LaMnO3þδ-based oxides,

which have been well characterized by neutron diffraction. Tofield et al. found

oxygen excess in LaMnO3.12 accommodated by vacancies at the A and B sites with

partial elimination of La (as La2O3), and therefore, the composition of the perov-

skite can be denoted as (La0.94�0.02□0.06�0.02)(Mn3þ0.745Mn4þ0.235□0.02)O3 (open

square is a cation vacancy) [54]. Similarly, Roosmalen et al. used neutron diffrac-

tion, in combination with chemical analysis and high-resolution transmission elec-

tron microscopy, to study a sample with formal composition LaMnO3.158

[55]. They found the actual composition is La0.95Mn0.95O3, no defect clustering

or crystallographic shear occurs, and the defect chemistry of LaMnO3þδ must be

described with randomly distributed La and Mn vacancies in equal amounts.

Therefore, the apparent oxygen excess in LaMnO3þδ-based oxides is a result of

cationic vacancies appearing in the perovskite lattice, and it exists as lattice oxygen

but not interstitial oxygen. Furthermore, the location of ions and the available space

in the perovskite lattice do not allow the diffusion of interstitial oxygen ions since

the high-energy migration barrier is > 1.5 eV.

Most often, nonstoichiometric oxygen is oxygen deficient in perovskite oxides.

When iron, cobalt, nickel, copper, etc. cations are located in B sites, the oxygen

deficiency can reach a high concentration of up to 1/6. Substitution of high valence

cations by low valence cations introduces oxygen vacancies. For example, consid-

ering the La3þ cation in LaGaO3 is partially replaced by Sr2þ cation and Ga3þ

cation is partially replaced by Mg2þ:

SrO !LaGaO3
Sr0La þ

1

2
V ∙ ∙
O þ O�

O ð3:10Þ

MgO !LaGaO3
Mg0Ga þ

1

2
V ∙ ∙
O þ O�

O ð3:11Þ

Therefore, the incorporation of Sr2þ and Mg2þ cations into LaGaO3 to generate

La1�xSrxGa1�yMgyO3�(xþy)/2 introduces oxygen deficiency into the perovskite

lattice as oxygen vacancies. This situation is complicated for Sr2þ partially

replacing La3þ cation in LaFeO3. Besides the formation of oxygen vacancies,

there is another charge compensation mechanism to neutralize the charge generated

by the incorporation of Sr2þ in a La3þ sublattice:

SrO !LaFeO3
Sr0La þ

1

2
V ∙ ∙
O þ O�

O ð3:12Þ

SrO !LaFeO3
Sr0La þ Fe ∙

Fe þ O�
O ð3:13Þ
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If the material does not encounter extremely high oxygen pressure or extremely low

oxygen pressure, two charge compensation mechanisms are possible for

La1�xSrxFeO3�δ. Figure 3.17 shows the dependence of oxygen nonstoichiometry

on oxygen partial pressure for several SrO-doped LaMO3 (M¼ Cr, Mn, Fe, and Co)

perovskite oxides [56]. Similar to fluorite-type oxygen ionic conductors, the oxygen

ionic conduction is accomplished through the diffusion of oxygen ions or oxygen

vacancies in perovskite lattices. Of course, the concentration of oxygen vacancies is

an important factor in oxygen ionic conductivity. As illustrated in Eqs. 3.10 and

3.11, the doping level has a direct influence on the oxygen vacancy concentration.

However, the defect association would take place at a high doping level, and thus,

there is an optimal doping level for a certain dopant. This point is similar to that

occurring on fluorite-type ionic conductors.

3.2.3 Critical Radius, Free Volume, and M–O Bonding
Energy

Apart from oxygen vacancy concentration, the critical radius, free volume, and

average M–O bonding energy have significant influences on the oxygen ionic

diffusion in perovskite oxides. Along the transport path in the <110> direction,

oxygen ions need to go through a trigonal window formed by two A-site cations and

one B-site cation, as shown in Fig. 3.18. This window is the narrowest position for

Fig. 3.17 The dependence of oxygen nonstoichiometry on oxygen partial pressure for several

SrO-doped LaMO3 (M¼Cr, Mn, Fe, and Co) perovskite oxides (Reproduced from [56] with

permission of Elsevier)
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oxygen ions along the migration path. The radius of the window is called critical

radius (rc) and is given by Eq. (3.14):

rc ¼
3
4
a2 � r2A � ffiffiffi

2
p

arB þ r2B

2rA þ ffiffiffi
2

p
a� 2rB

ð3:14Þ

where “a” is the cell parameter of a cubic perovskite oxide. For a cubic perovskite

oxide, the cell parameter has an approximate relationship with the B-site cationic

radius and is given by Eq. (3.15) [57]:

a ¼ 2:37rB þ 0:247� 0:2ðt�1 � 1Þ ð3:15Þ

where the oxygen ionic radius of 0.14 nm is adopted. Thus, the critical radius can be

calculated for given A- and B-site cationic radii. Figure 3.19 shows the dependence

of the calculated critical radius on the tolerance factor, assuming that the perovskite

maintains the cubic structure. It can be seen that the critical radius decreases with

the increase in the tolerance factor and it also decreases with the increase in the

B-site cationic radius. Further, the critical radius is far smaller than the oxygen ionic

radius, and thus, lattice relaxation is necessary to allow the transport of oxygen ions

across the window. The relaxation process is temperature dependent in thermody-

namics, and thus, it has a big contribution to the activation energy of oxygen ionic

transport in perovskites. Obviously, the larger the critical radius, the easier the

transport of oxygen ions. Therefore, in the view of the critical radius, to improve the

oxygen ionic conductivity, a smaller B-site cation is preferred on the premise of

maintaining the cubic perovskite structure.

Free volume of a cubic perovskite cell is defined by the difference between the

crystal volume and the overall ionic volume, as given by Eq. (3.16):

FV ¼ a3 � 4

3
π r3A þ r3B þ 3r3O
� � ð3:16Þ

Fig. 3.18 Critical radius

(rc) formed by two A-site

cations and one B-site

cation in perovskite lattice
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Figure 3.20 shows the dependence of the calculated free volume on the tolerance

factor assuming that the perovskite maintains the cubic structure. As shown in the

figure, free volume is not influenced much by the tolerance factor, but it increases

quickly with the increase in the B-site ionic radius. A large free volume means that

there is large room allowing the lattice relaxation, thus facilitating the transport of

oxygen ions and decreasing the oxygen ionic transport activation energy. In view of

the free volume, to improve the oxygen ionic conductivity, a larger B-site cation is

preferred on the premise of maintaining the cubic perovskite structure. However,

the critical radius has a contrast dependence on the B-site cationic radius, as shown

Fig. 3.19 The dependence of the calculated critical radius on the tolerance factor assuming that

the perovskite keeps cubic structure

Fig. 3.20 The dependence of the calculated free volume on the tolerance factor assuming that the

perovskite keeps cubic structure
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in Fig. 3.19. Therefore, there is an optimal B-site cationic radius for a certain

perovskite system.

The average M–O bonding energy in the perovskite system is defined by

Eq. (3.17):

E ¼
Δf H

0
AmOn

� mΔH0
A � 1

2
nDO2

12m
þ
Δf H

0
Bm0On0

� m0ΔH0
B � 1

2
n0DO2

6m0 ð3:17Þ

where Δf H
0
AmOn

and Δf H
0
Bm0On0

are the standard formation enthalpies of AmOn and

Bm0On0 oxides, respectively; ΔH0
A and ΔH0

B are the sublimation heat of A and B

elementary substances, respectively; and DO2
is the dissociation heat of oxygen

molecules. A small average M–O bonding energy means the oxygen ions can easily

break the bond of the cations. Thus, in view of average M–O bonding energy, to

improve the oxygen ionic conductivity, A- and B-site cations with low valence state

are preferred on the premise of maintaining the cubic perovskite structure. How-

ever, high average M–O bonding energy is good for the chemical stability of a

perovskite oxide. The first part in Eq. (3.17) can be regarded as the average A–O

bonding energy, and the second part can be regarded as the average B–O bonding

energy. Table 3.1 lists the average M–O bonding energies of some frequently used

A- and B-site cations. Therefore, to improve the oxygen ionic conductivity, Ba, Sr,

Ca, Bi, and Pb are preferred as the A-site cations, and Mg, Fe, Co, Ni, Cu, Zn, and

Ga are preferred as the B-site cations. However, in the design of perovskite oxides,

the structural stability of the target material under working conditions should be

considered, and thus, a balance between stability and performance should be

considered. Researchers often face a trade-off between stability and performance

when designing a new perovskite material.

3.2.4 LaGaO3-Based Pure Ionic Conductors

In 1994, two groups leaded by Ishihara [58] and Goodenough [59], respectively,

reported a perovskite-type oxygen ionic conductor LaGaO3 doped by Sr in the A

site and Mg in the B site showing extremely high ionic conductivity at an interme-

diate to low-temperature range, i.e., 600–800 �C. For example, the ionic conduc-

tivity of La0.9Sr0.1Ga0.8Mg0.2O2.85 is high up to 0.1 S/cm at 800 �C, which is

comparable to ceria-based ionic conductors or one order of magnitude higher

than that of YSZ. More importantly, La1�xSrxGa1�yMgyO3�(xþy)/2 (LSGM)

shows low hole and electronic conductivity under a wide oxygen partial pressure

range (10�21–105 Pa). Therefore, it is regarded as a promising electrolyte material

for SOFCs. Thus far, LSGM exhibits the highest ionic conductivity among the

perovskite-type oxygen ionic electrolytes, which is easily explained from the

viewpoint of the critical radius, free volume, and M–O bonding energy. For

LaGaO3-based materials, their tolerance factors are in the range of 0.96–0.97, so
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Table 3.1 Average M–O bonding energies of some frequently used A- and B-site cations

Oxide A or B rA or rB (nm) ΔHf
a (kJ/mol) Qb (kJ/mol) EABE

c (kJ/mol)

BaO Ba2þ 0.161 �548.1 185.2 �81.86

SrO Sr2þ 0.144 �591.1 160.6 �83.39

CaO Ca2þ 0.134 �634.9 177.9 �88.48

La2O3 La3þ 0.136 �1796 430.1 �141.8

Pr2O3 Pr3þ 0.131 �1810 356.0 �136.2

Nd2O3 Nd3þ 0.127 �1809 328.4 �133.9

Sm2O3 Sm3þ 0.124 �1827 205.6 �124.4

Gd2O3 Gd3þ – �1839 398.9 �141.0

Y2O3 Y3þ – �1905 423.8 �145.8

Bi2O3 Bi3þ – �578.5 208.9 �72.64

PbO Pb2þ 0.149 �218.2 195.3 �55.21

MgO Mg2þ 0.072 �601.5 147.2 �166.3

Al2O3 Al3þ 0.054 �1675 330.1 �256.9

Sc2O3 Sc3þ 0.075 �1909 377.8 �284.3

TiO2 Ti4þ 0.061 �945.0 473.7 �319.4

V2O5 V5þ 0.054 �1551 517.3 �319.2

Cr2O3 Cr3þ 0.062 �1135 397.2 �223.1

CrO2 Cr4þ 0.055 �581.2 397.2 �246.1

Mn2O3 Mn3þ 0.058 �956.9 283.4 �189.2

MnO2 Mn4þ 0.053 �520.0 283.4 �216.9

FeO Fe2þ 0.061 �267.5 415.3 �155.3

Fe2O3 Fe3þ 0.055 �823.2 415.3 �200.1

CoO Co2þ 0.065 �238.3 425.6 �152.2

NiO Ni2þ 0.069 �239.7 424.1 �152.1

CuO Cu2þ 0.073 �155.9 338.1 �123.8

ZnO Zn2þ 0.074 �350.5 130.5 �121.7

Ga2O3 Ga3þ 0.062 �1091 272.0 �198.5

ZrO2 Zr4þ 0.072 �1080 599.0 �362.8

Nb2O5 Nb5þ 0.064 �1900 723.0 �382.6

MoO3 Mo6þ 0.059 �744.8 657.7 �358.3

In2O3 In3þ 0.080 �923.0 240.8 �179.3

SnO2 Sn4þ 0.069 �577.5 301.3 �229.5

Sb2O5 Sb5þ 0.060 �971.7 267.3 �229.3

PbO2 Pb4þ 0.078 �274.6 195.3 �161.3

Y2O3 Y3þ 0.090 �1905 423.8 �291.6

CeO2 Ce4þ 0.087 �1091 417.2 �334.3

PrO2 Pr4þ 0.085 �949.7 356.0 �300.6
aFormation enthalpy of oxides
bSublimation heat of metal elements
cAverage metal–oxygen bonding energies
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large critical radii are achieved; the cationic radius of Ga3þ is moderate, which

allows a good balance between critical radius and free volume. Hayashi et al.

investigated the dependence of ionic conductivity on tolerance factor for single-

and double-doped perovskites and found that there is a compromise between the

tolerance factor and the lattice free volume. They concluded that the maximum

ionic conductivity is always achieved at the tolerance factor of 0.96, though they

did not provide any explanation for this [60]. Additionally, the Ga–O bond is weak

among M–O bonds formed between trivalent cations and oxygen, as shown in

Table 3.1. Other than Sr2þ, other alkaline earth cations were tried to partially

replace La3þ in LaGaO3 perovskite, while only the Sr-doped one shows the highest

ionic conductivity and lowest solution energy in the La site [61]. Various crystal

structures, such as monoclinic, orthorhombic, and cubic, have been reported in the

literature for LSGM, although orthorhombic symmetry has been accepted by most

researchers for the parent LaGaO3. The temperature and doping level have a

considerable influence on the crystal structure, but a clear correlation has not yet

been achieved. To well understand the relationship between crystal structure and

the high ionic conductivity of LSGM, Datta et al. investigated the LSGM series in

detail [62]. They found that crystal structure depends on the total doping level, i.e.,

as the sum of Sr and Mg doping level is smaller than 25 at%, the material shows

orthorhombic symmetry; it is a mixture of orthorhombic and rhombohedral in the

range of 25–30 at%, and cubic when the total doping level is larger than 35 at%,

with either the Sr or Mg doping level larger than 20 at%. They also found that the

ionic conductivity is structure sensitive, i.e., a LSGM perovskite material with more

specific free volume and less lattice distortion has a high oxygen ionic conductivity.

When the total doping level is 20 at%, Kajitani et al. found that

La0.9Sr0.1Ga0.9Mg0.1O2.9 has higher ionic conductivities and lower activation ener-

gies than LaGa0.8Mg0.2O2.9, although the two materials have the same oxygen

vacancy concentrations [63]. They gave three reasons: (1) the former has larger

critical radius, (2) double doping was more effective to decrease the GaO6 octahe-

dral tilt angles, and (3) oxygen displacements in the former was larger than those in

the latter. To improve the ionic conductivity, Ishihara et al. doped Co, Fe, Ni, Mn,

and Cu into LSGM and found that Co is the most effective and that the resultant

material exhibits constant conductivity over a wide oxygen partial pressure range, as

shown in Fig. 3.21 [64]. Trofimenko et al. investigated the effects of the incorporation

of transition metal cations on conductivity for La0.9Sr0.1Ga0.8Mg0.2O3�δ to form

La0.9Sr0.1(Ga1�yMy)0.8Mg0.2O3�δ (M ¼ Cr, Mn, Fe, and Co; y ¼ 0.1–0.3), and the

conductivity of La0.9Sr0.1(Ga0.9M0.1)0.8Mg0.2O3�δ is ionic type [65]. There is no

change in the activation energies for the Co- and Fe-doped materials, while a

change is frequently observed in LSGM at around 600 �C. Additionally, they
found that A-site-deficient La0.85Sr0.1(Ga0.9Co0.1)0.8Mg0.2O3�δ shows higher ionic

conductivity and it reaches a value twice as high as LSGM at 600 �C. Although Co

doping will also slightly increase the electronic conductivity in the material, the

ionic transport number is still as high as 0.9 if the doping level is controlled to be

below 8.5 at% [64].
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Although LSGM has a high ionic conductivity and high ionic transport number

over wide oxygen partial pressure range, the drawbacks of this material limit its

wide applications as MIEC membranes and electrolyte of SOFCs. In a strong

reducing environment, for instance, in anode environments of SOFCs or MIEC

membranes for syngas production, the volatilization of gallium in LSGM with the

formation of Ga (g) or Ga2O (g) was observed, and this promoted the formation of a

high-resistance phases [66]. Secondary phases, such as SrLaGa3O7, are frequently

detected in the as-prepared LSGM materials, and this stable phase is difficult to be

eliminated during post-processing. Further, the high cost of gallium and its com-

pounds lead to a significant increase in material cost, so the economic feasibility of

Ga-related technologies is degraded. When LSGM is used as the electrolyte, there is

a challenge to ensure the chemical compatibility with other parts of SOFCs under

both oxidizing and reducing conditions. There are more elements available to

improve the ionic conductivity of perovskite-type MIEC membranes, so the

LaGaO3-based perovskite oxides are not well addressed in the field of MIEC

membranes.

Apart from LaGaO3-based perovskite oxides, other perovskite oxides, such as

Ln1�x(Sr,Ca)x(Al,Sc)O3�δ, Ba2In2O5, and BaZr1�xMxO3�δ, are oxygen ionic con-

ductors and even have considerable protonic conductivity. However, oxygen ionic

conductivities of these perovskite oxides are one order of magnitude lower than that

of LSGM. Ln1�x(Sr,Ca)x(Al,Sc)O3�δ shows a high level of hole conduction at high

oxygen partial pressures. In addition to the low ionic conductivity, the poor

sinterability and low grain boundary conductivity of these perovskite oxides also

limit their application.

Fig. 3.21 (a) Arrhenius plots of electrical conductivity of La0.8Sr0.2Ga0.8Mg0.1M0.1O3�δ (M¼ Fe,

Co, Ni, Cu, and Mn) and La0.8Sr0.2Ga0.8Mg0.2O3�δ at PO2¼ 10�5 atm. (b) Electrical conductivity
of La0.8Sr0.2Ga0.8 Mg0.1M0.1O3�δ at 1223 K as a function of oxygen partial pressure (Reproduced

from [64] with permission of Elsevier)
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3.2.5 Perovskite-Type Mixed Ionic and Electronic
Conductors

Perovskite MIECs are the most widely investigated ionic conductors in the field of

SOFCs as cathodes and in the field of MIEC membranes for oxygen separation and

membrane reactors. Usually, as the B site contains Cr, Mn, Fe, Co, Ni, Cu, etc.

cations with variable valences, high electronic or hole conduction is introduced into

the materials. In particular, Fe- and Co-doped perovskite oxides with high ionic

conductivity show high oxygen permeation flux and good electrocatalytic activity

toward oxygen reduction reactions and have been studied intensively over the past

20 years. It is difficult to measure the ionic conductivity of perovskite MIECs since

their electronic or hole conductivity is two to five orders of magnitude higher than

their ionic conductivity. Therefore, the electromotive force (emf) method is invalid

to determine the ionic conductivity by multiplying the ionic transport number and

total conductivity. Oxygen permeation is based on the motion of oxygen ions or

vacancies from one side to another side, and the flux is proportional to the

ambipolar conductivity (σamb ¼ σiσe= σi þ σeð Þ) of the membrane material if oxy-

gen exchange on membrane surfaces can be ignored. For MIEC perovskites, their

ambipolar conductivities are very close to their ionic conductivities, so it is possible

to calculate the ionic conductivity through oxygen permeation experiments using

the Wagner equation or other permeation model (see Chaps. 4 and 5). In Chap. 6,

the oxygen permeability of MIEC perovskite and perovskite-related materials, such

as Ruddlesden–Popper series will be discussed in detail. When used as a typical

MIEC membrane material with the highest oxygen permeability,

Ba0.5Sr0.5Co0.8Fe0.2O3�δ exhibits an ionic conductivity of up to ~1 S cm�1 at

800 �C, which is one order of magnitude higher than those of SDC, GDC,

and LSGM.

3.3 Other Ionic Conductors

Apart from fluorite-type and perovskite-type oxygen ionic conductors, several

types of oxygen ionic conductors, such as La2Mo2O9, Bi4V2O11, and

La10�xSi6O26þy, are reported showing considerable ionic conductivity. However,

little research work has focused on the application of these conductors in the field of

MIEC membranes because of their low stability under reducing atmospheres or

lower ionic conductivity compared to perovskite-type oxygen ionic conductors.

Further, it is difficult to introduce high electronic conduction in these materials by

doping or adding secondary phases. Therefore, in this section, a brief introduction

to this type of materials is given below.
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3.3.1 La2Mo2O9

La2Mo2O9 compound, which was first reported by Lacorre et al. in the year 2000,

exhibits high oxygen ionic conductivity of up to 0.08 S cm�1 at 800 �C [67]. A

phase transition occurs in this material from room temperature monoclinic (α) to
cubic (β) at around 580 �C accompanied by an increase in conductivity by two

orders of magnitude. β-La2Mo2O9 has the same crystal structure (space group P213)

as that of β-SnWO4 (Fig. 3.22). In the β-SnWO4 structure, the lone-pair 5 s2

electrons of Sn2þ cation occupy a space similar to the oxygen ion, so its chemical

formula can be written as Sn2W2O8E2 (E denotes the lone-pair 5 s2 electrons). If

Sn2þ is replaced by La3þ and Wþ6 is replaced by Moþ6, two vacancies are

produced because La3þ has no lone-pair electrons, while to maintain electrical

neutrality, one vacancy is occupied by oxygen ions. This process can be described

as Sn2W2O8E2 ! La2Mo2O8þ1. Therefore, there is one vacancy left in

β-La2Mo2O9 for oxygen ionic diffusion. This is further favored by the presence

of Mo6þ cations in the structure that can adopt a distorted environment with various

possible coordination of 4–6.

To inhibit the phase transition and improve the stability in a reducing environ-

ment, researchers have investigated the effects of cationic substitution on both

lanthanum and molybdenum sites. W6þ with a similar size to that of Mo6þ shows

high doping concentration up to 80% in La2Mo2O9. The β-La2Mo2O9 phase can be

stabilized down to room temperature as the doping level is higher than 25%

[68]. Additionally, the structure stability is improved with the increase in W doping

Fig. 3.22 Crystal structure

of β-La2Mo2O9
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level. A maximum conductivity was observed at a doping level of 15%, and it was

close to that of β-La2Mo2O9 at 800 �C [69]. Apart from W, the most often used

elements to dope Mo sites are V, Nb, and Ta. Doping these V group elements

cannot completely inhibit the phase transition, but it decreases the temperature of

the phase transition [70]. The 3%-Nb-doped La2Mo2O9 shows the highest ionic

conductivity among this series and reaches 0.113 S cm�1 at 800 �C, which is

comparable to those of LSGM and ceria-based ionic conductors. Rare earth cations

with similar size and chemical properties to those of La3þ are frequently used as

dopants in the La sites. Lacorre et al. reported that incorporation of Nd3þ, Gd3þ,
and Y3þ can enhance the conductivity of La2Mo2O9 and Gd3þ and Y3þ can

stabilize the cubic phase down to room temperature, while Nd3þ cannot. Tsai

et al. investigated the 10% doping of La2Mo2O9 by Ce, Nd, Sm, Gd, Dy, Er, and

Yb in La sites and found that Dy3þ and Er3þ cannot only inhibit the phase transition

but also significantly improve the ionic conductivity, and the resultant samples

show high conductivity values of up to 0.35 and 0.26 S cm�1, respectively, at

700 �C [70]. Further, Er- and Dy-substituted La2Mo2O9 exhibit a relatively low

thermal expansion coefficient (TEC) 11 � 10�6 K�1, compared with that of the

La2Mo2O9 parent (TEC of α phase: 14.7� 10�6 K�1, TEC of β phase: 18.1� 10�6

K�1). In another paper published by Tsai’s group, the conductivity of Dy and W

double-substituted La2Mo2O9 materials decreases with the increase in the W

doping level. At 710 �C, the conductivity of (La1.8Dy0.2)(Mo2�xWx)O9 is 0.20,

0.12, 0.1, and 0.077 S cm�1 at x ¼ 0.2, 0.4, 0.6, and 1, respectively [71]. However,

the positive doping effects of Er and Dy need to be confirmed by other researchers,

and the mechanism for the improvement of ionic conductivity by Dy and Er

substitution needs to be well disclosed.

3.3.2 Bi4V2O11

The investigation of the oxygen transport properties of the Bi–V–O system began in

the 1980s on BiVO4 compounds [72]. It was found that the BiVO4 is an n-type

mixed conductor and its total conductivity was approximately one order of magni-

tude lower than that of YSZ. Subsequently, Abraham et al. reported Bi4V2O11 phase

showing high ionic conductivity and thoroughly examined the phase structure.

They found that the material consists of Bi2O2 layers interleaved with V2O7 sheets

and has three reversible transitions at 447 �C (α!β), 567 �C (β!γ), and 877 �C
(γ!γ’). [73]. However, only the γ phase has high ionic conductivity. γ-Bi4V2O11 is

tetragonal, with cell parameters of a¼ 0.3988(2) nm and c¼ 1.542(1) nm at 612 �C
and space group of I4/mmm. γ-Bi4V2O11 belongs to the Aurivillius-layered perov-

skite family. In its structure, [Bi2O2]
2þ layers are inserted with (VO3.5(V

∙ ∙
O )0.5)

2�

oxygen-deficient perovskite slabs, as shown in Fig. 3.23 [74]. It is believed that the

oxygen vacancies are the migration path of oxygen ions and lead to the high ionic

conductivity. To suppress the phase transition, Abraham et al. doped Cu and Ni
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cations for partial substitution of the vanadium. They found that the resultant

Bi4V2�xCuxO11�δ is orthorhombic and isostructural with α-Bi4V2O11 as the doping

level is in the range of 0–7% (i.e., x¼ 0–0.14) and is tetragonal and isostructural with

γ-Bi4V2O11 as the doping level in the range of 7–12% (i.e., x¼ 0.14–0.24) [75]. The

conductivity of Bi4V1.8Cu0.2O11�δ was found to be as high as 0.003 S cm�1 at a low

temperature of 237 �C. Bi4V1.8Cu0.2O11�δ shows an ionic transport number very

close to unity, but the n-type conduction is notable at low oxygen partial pressures.

Since then, many cations have been used to partially substitute V5þ in the Bi4V2O11,

while only Sb-, Nb-, Zn-, Ni-, and Mg-doped materials show comparable ionic

conductivity to that of Bi4V1.8Cu0.2O11�δ.

3.3.3 La10�xSi6O26þy

The apatite-type phase Ln10�xM6O26þy, whereM¼ Si or Ge, is extensively studied

since the 1990s as promising oxygen ionic conductors. Compared with the silicate-

Fig. 3.23 The ideal

structure of γ-Bi4V2O11

phase (Reproduced from

[74] with permission of

Elsevier)
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based systems, the germanate apatites seem unlikely to find practical applications

because of their high volatilization, high cost of GeO2, and tendency to form glass

phase. The oxygen ionic conductivity of the apatite-type phase increases with

increasing radius of Ln3þ cations; thus, maximum conductivity is achieved for

the La-containing phase. The structure of La10�xSi6O26þy is hexagonal, and its

space group is P-3. Figure 3.24 shows the structural sketch of La10�xSi6O26þy

[76]. For the apatite-type phase, its single cell contains six isolated SiO4 tetrahedra

and two extra oxygen anions. The SiO4 tetrahedra show a laminar distribution along

the c-axis without being connected with each other. The extra oxygen anions do not

belong to any SiO4 tetrahedra. La
3þ cations are located in the two types of cavities,

i.e., one sevenfold-coordinate (6h site) and one ninefold-coordinate (4f site). The 4f

site La3þ cations are located between two SiO4 tetrahedra and connected with six

adjacent SiO4 tetrahedra. The 6 h site La3þ cations are located away from the SiO4

tetrahedra, located around the sixfold axis (f-axis), and forming channels parallel to

the c-axis, while the extra oxygen anions are located in the channel. When y > 0 or

La3þ vacancies (x > 0) are present in the lattice, the oxygen anions would be

present as interstitial anions in the edge of the channels. There are two paths for the

migration of oxygen anions in the apatite-type materials, one is the extra oxygen

anion migration in the channels along a straight path in the c-axis direction and the

other is the interstitial oxygen anion migration along a curved path in the c-axis

direction. The migration of interstitial oxygen anions in the lattice has a very high

contribution to the ionic conduction, and thus, apatite-type materials are usually

prepared to be La deficient. It is difficult to densify La10�xSi6O26þy, and a much

high temperature of up to 1600–1750 �C is required to obtain samples with a density

larger than 90%. To decrease the sintering temperature and improve the ionic

conductivity, many cations have been used to dope the Si site. Fe was found to be

Fig. 3.24 The structure of an apatite-type oxide, A10 (MO4)6O2 (tetrahedra, MO4; white spheres,
A-site cations; red spheres, oxygen ions) (Reproduced from [76] with permission of Elsevier)
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effective to improve both the ionic conductivity and sinterability. However,

one-dimensional transport of oxygen anions in the apatite-type materials limits

the fast ionic migration in polycrystalline materials. Its ionic conductivity is

comparable to that of YSZ, but if the c-orientated membrane could be prepared in

a facile manner, apatite-type materials are promising in the field of SOFCs and

MIEC membranes.

3.4 Relevant High-Temperature Ceramic Materials

Similar to SOFCs, MIEC membranes are operated at high temperatures, usually in

the range of 500–1000 �C and typically 700–950 �C. At such high temperatures, the

problems related to cationic diffusion, thermal expansion, chemical stability, and

structural stability must be considered during the design of the membrane materials,

preparation of membrane, selection of sealants, design of membrane modules, as

well as the optimization of operation conditions. All these factors have a close

correlation with the success or failure of the MIEC membrane technology.

3.4.1 Cationic Diffusion

At elevated temperatures, the diffusion of cations in oxygen ionic conducting

materials has not received much attention compared with oxygen ions. However,

the cationic diffusion does occur in materials and may play a vital role in the

stability of materials at high temperatures. Although the cationic diffusion coeffi-

cient is several orders of magnitude lower than that of oxygen ions, the long-term

degradation effect may be caused by the different cationic diffusivities, which

results in demixing of the MIEC membrane materials or segregation of certain

elements on membrane surfaces. A common example of the cationic diffusion can

be found in the solid-state reaction between two oxides and sintering of oxide

ceramics. Cations with a high diffusion rate would lower the reaction temperature

of the solid-state reaction and decrease the sintering temperature. Sintering aids,

such as Co3O4, CuO, and ZnO, are frequently used to decrease the sintering

temperature and improve the density of sintering bodies because the liquid phase

may form at grain boundaries and thus promote the cationic diffusion.

In the perovskite structure, there is a significant difference in the atomic radius

and oxygen coordinate numbers between cations on the A site and B site, and thus,

the diffusion properties are different for the two sublattice positions. Figure 3.25

shows some data of the cationic diffusion in air for perovskite oxides, LaCrO3,

LaMnO3, LaCoO3, and LaFeO3 [77]. The migration of cations in materials is based

on the hopping of cation vacancies. The activation energy of cationic diffusion in

perovskite oxides is in the range of 200–500 kJ mol�1, which is much higher

than that of oxygen ion diffusion in the same perovskite oxides (usually

50–100 kJ mol�1). The most favorable migration path for A-site cations is along
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the [100] direction, while that for B-site cations is more complicated and curved

onto the (001) plane.

There are four methods to study the cationic diffusion in solids based on

different principles, i.e., tracer or impurity diffusion, interdiffusion, diffusion-

controlled solid-state reaction between two binary oxides, and creep measurement,

as illustrated in Fig. 3.26. Among the four methods, the tracer or impurity diffusion

method is most frequently used to determine the cation diffusion in materials.

Kubicek et al. used the tracer and impurity diffusion method to investigate the

diffusion of isotopic 86Sr and Fe, Sm impurity elements in La0.6Sr0.4CoO3�δ thin

films below 800 �C [78]. They used time-of-flight secondary ion mass spectrometry

(ToF-SIMS) to analyze the profiles and found that the diffusion along grain

boundaries is about three orders of magnitude faster than in the grain bulk, as

shown in Fig. 3.27. The A- and B-site cations show similar activation energies of

~340 kJ mol�1 for bulk and ~400 kJ mol�1 for grain boundary diffusion. B-site

Fe/Co interdiffusion showed the largest diffusion coefficients, followed by the

A-site cations Sr and Sm/La. However, only small differences in diffusion activa-

tion energies for all cations were found in their experiments, and thus, a coupled

migration mechanism for A- and B-site cations was suggested. Harvey et al.

investigated the diffusion of lanthanum and manganese cations in

Ba0.5Sr0.5Co0.8Fe0.2O3�δ polycrystalline ceramics and found that the diffusion

Fig. 3.25 Cations diffusion data in air for perovskite-type oxides LaCrO3, LaMnO3, LaCoO3, and

LaFeO3 (Reproduced from [77] with permission of Elsevier)
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activation energies for the two cations are equal, about 150 kJ mol�1, and the

diffusion coefficients decrease considerably with decreasing oxygen partial pres-

sure, which indicates a vacancy-mediated migration mechanism [79]. The grain

boundary diffusion is 103–104 times faster than the corresponding diffusion in the

grain bulk at each temperature and oxygen pressure investigated. Palcut et al. used

the interdiffusion method to investigate the cation diffusion between polycrystal-

line LaMnO3 and LaCoO3 pellets in air combined with electron microprobe anal-

ysis [77]. They found that cation diffusion in LaMnO3 is easier than in LaCoO3 and

deduced that larger amount of cation vacancies caused by the high stability of Mn4þ

occurred in LaMnO3. Čebašek et al. prepared the two interdiffusion couples, i.e.,

La2NiO4þδ–Nd2NiO4þδ and La2NiO4þδ–La2CuO4þδ, to investigate diffusion of A-

and B-site cations in the La2NiO4þδ [80]. They found the diffusion coefficients of

the A- and B-site cations in the grain bulk are comparable but are five orders of

magnitude lower than the grain boundary diffusion coefficient of the B-site cations.

The activation energies for A-site bulk diffusion are ~275 kJ mol�1 and for B-site

bulk and grain boundary diffusion are ~450 and 125 kJ mol�1, respectively. Smith

et al. utilized the diffusion-controlled solid-state reaction method to investigate the

cation diffusion in LaFeO3 with a diffusion couple of Fe2O3–La2O3 at

950–1350 �C. In their case, Pt was used as the marker to show the motion of the

Fig. 3.26 Methods to study the cation diffusion in solids based on different principles, (a) tracer
or impurity diffusion, (b) interdiffusion, (c) diffusion-controlled solid-state reaction between two

binary oxides, (d) creep measurement
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reaction interface. They found the Pt marker was only found at the Fe2O3/LaFeO3

interface. This result indicates that the diffusion coefficient of Fe3þ is much larger

than that of La3þ in LaFeO3. Similarly, in the investigation of the Fe2O3–Gd2O3

diffusion couple, Fe3þ diffusion is predominated in the growth of the GdFeO3

perovskite. However, by using the same diffusion-controlled solid-state reaction

method to investigate the cation diffusion in YCrO3 [81] and LaCrO3 [82],

researchers found the diffusion of A-site cations is the rate limitation step. Suzuki

et al. reported an investigation on the Cr and Al diffusion in chromite spinel based

on creep measurement in the pressure range of 3–7 GPa and temperature range of

1400–1700 �C [83]. They found the self-diffusion coefficients of Cr is more than

one order of magnitude smaller than that of Al in the chromite spinel, which

coincides with the patterns of multipolar Cr–Al zoning observed in natural chromite

spinel samples deformed by diffusion creep.

3.4.2 Kinetic Demixing

When MIEC membranes are used for oxygen permeation, an oxygen chemical

potential is applied across the membranes. Cationic diffusion from the low oxygen

partial pressure side to the high oxygen partial pressure side cannot be ignored at

elevated temperature for those materials with high cationic diffusion coefficients.

Fig. 3.27 Arrhenius-type plot of tracer diffusion coefficients of grain boundaries and grains.

About three orders of magnitude faster grain boundary diffusion and similar activation energies for

all cations, ~4.1 eV for grain boundaries (gb) and ~3.5 eV for grains (g), were observed

(Reproduced from [78] – Published by the PCCP Owner Societies)
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For example, perovskite oxide Ba0.5Sr0.5Co0.8Fe0.2O3�δ contains five elements, and

the Gibbs–Duhem relationship can be written as

xBaμBa þ xSrμSr þ xCoμCo þ xFeμFe þ xOμO ¼ 0 ð3:18Þ

where xi and μi are the molar fraction and chemical potential of species i,
respectively. Under a steady-state operation condition, the oxygen chemical poten-

tial and molar fraction on the feed-side surface are higher than those on the

permeation-side surface, and thus, the cationic chemical potentials on the

permeation-side surface are higher than those on the feed-side surface, according

to the Gibbs–Duhem relationship. To reach a thermodynamic equilibrium state, the

chemical potential difference of cations across the membrane is reduced through

the cationic diffusion from the permeation side to the feed side, as illustrated by

Fig. 3.28. Since the diffusion rate of the cations is different in the membrane bulk,

the fast one will enrich on the feed-side surface, and the slow one will enrich on the

permeation-side surface. If cations transport in the membrane bulk through cationic

vacancies, a slight movement of the gas–solid interface from the permeation side to

the feed side will be observed. For LaFeO3 perovskite, as the cations reach the feed-

side surface, the following reaction will take place:

La�La þ
3

2
O2 ! 1

2
La2O3 þ V000

La þ 3h ∙ ð3:19Þ

Fig. 3.28 Demixing

occurring on the perovskite

membrane under a gradient

of the chemical potential of

oxygen. The kinetic

demixing represented by the

formation of oxide layer M0

or M00 at the permeation

side/feed side (Reproduced

from [84] with permission

of Wiley)
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Fe�Fe þ
3

2
O2 ! 1

2
Fe2O3 þ V 000

Fe þ 3h ∙ ð3:20Þ

While at the permeation-side surface, the following reaction will take place:

LaFeO3 þ V000
La þ V000

Fe þ 6h ∙ ! 3

2
O2 þ La�La þ Fe�Fe ð3:21Þ

Because the diffusion coefficient of Fe3þ is much larger than that of La3þ in

LaFeO3, the expected result is that iron oxide is enriched on the feed-side surface

and lanthanum is enriched on the permeation-side surface after long-term running

under an oxygen chemical potential gradient at elevated temperatures. However,

the phenomenon of kinetic demixing for MIEC materials is easy to be masked by

the decomposition of materials and chemical reactions such as the interaction with

CO2, H2O, etc. Therefore, few reliable experiments have been previously reported

on the kinetic demixing in MIEC membranes.

3.4.3 Thermal Expansion and Chemical Expansion

The thermal expansion coefficient of MIEC materials is important when consider-

ing the potential problems related to sealing and thermal compatibility with other

components in a membrane module. In engineering, the linear thermal expansion

coefficient is frequently used, and it is defined by

αL ¼ 1

L0

∂L
∂T

� �
	 ΔL

L0ΔT
ð3:22Þ

where L0 is the initial length of the sample. For MIEC membranes, the valence

states of cations, such as Co3þ/4þ and Fe4þ, decrease with the increase in temper-

ature, while this results in extra expansion due to the increase in the cationic radii.

Thus, an increase in the thermal expansion coefficient appears at a certain temper-

ature, above which the reduction of cationic or oxygen loss becomes remarkable.

For Co- or Fe-containing MIEC perovskite oxides, the oxygen loss typically occurs

as the temperature is higher than 400–600 �C.
Apart from temperature, the oxygen partial pressure and atmosphere can also

influence the valence state of cations, and the corresponding expansion is referred

to as the chemical expansion. The oxygen chemical potential gradient across an

MIEC membrane produces stress because the cationic valence state decreases

continuously across the membrane. The maximum stress induced by the chemical

expansion in an MIEC membrane can be estimated by

σ ¼ EYM

1� vP
εc ð3:23Þ
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where EYM, vP, and εc ¼ ΔL=L0 are Young’s modulus, the Poisson ratio, and the

lattice expansion caused by chemical expansion (or linear strain). The linear

chemical expansion can be calculated by

αc ¼ εc=Δδ ð3:24Þ

where Δδ is the change in the oxygen deficiency due to the change in the oxygen

partial pressure. When membranes are used for the conversion of methane to

syngas, the side fed with air has an oxygen partial pressure of 0.21 atm, and the

side fed with methane has an oxygen partial pressure of 10�21 atm. Thus, a large

stress is produced across the membrane. Some membranes may break during the

operation, such as SrCo0.8Fe0.2O3�δ, and some membranes can protect itself

through decomposition of the perovskite structure, which can result in sluggish

oxygen evolution kinetics and improve the oxygen partial pressure on the mem-

brane surface, such as Ba0.5Sr0.5Co0.8Fe0.2O3�δ.

3.4.4 Creep

At high temperatures, nonelastic or plastic deformation may take place over time

for solid materials if a mechanical stress is applied on the materials. This type

deformation is referred to as “creep.” Creep describes the plastic deformation at

constant stress and is a function of materials properties, temperature, and time.

Unlike brittle fracture, creep deformation does not occur suddenly upon the appli-

cation of stress. As a general guideline, the creep deformation will become notice-

able at approximately 30% of the melting point for metals and at 40–50% of

melting point for ceramics. For MIEC materials, besides the aforementioned

factors, oxygen partial pressure has a remarkable influence on the creep. The

steady-state creep rate is given by

_ε ¼ K
1

d

� �p

PO2
ð Þmσnexp � Ea

RT

� �
ð3:25Þ

where K, d, PO2
, σ, and Ea represent a constant, grain size, oxygen partial pressure,

applied stress, and activation energy of creep, respectively; p, m, and n are

exponents, respectively. The acceptable creep rates in the compressive mode for

engineering ceramics are reported to be about 10�10 s�1, which permits a strain of

about 1% per year. [84] Fig. 3.29 shows the creep rates of some MIEC perovskite

oxides and fluorite oxides [84]. As shown in the figure, no MIEC perovskite oxide

can reach a creep rate lower than 10�10 s�1 in the temperature range of

800–1000 �C at a stress of 10 MPa; in particular, the MIEC perovskite membranes

with high oxygen permeability exhibit high creep rate. When MIEC membranes are

operated for oxygen permeation, the stress induced by the oxygen chemical poten-

tial gradient would lead to creep at high temperatures. The chemically induced
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stress may reach up to 100 MPa as the membrane is operated under a gradient of air

or syngas. The MIEC membranes should be operated at a high-pressure gradient

across the membranes for oxygen separation, and thus, the applied stress will also

lead to the creep deformation. A report from Air Products & Chemicals Inc. showed

that creep due to the pressure load on the wafer-type membrane had resulted in a

compressive creep strain of the entire stack of wafers of 3.4% after 15,000-h

operation at an air pressure of 1.7 MPa. The creep deformation resulted in the

macroscopic wafer displacements [85]. A large fraction of the creep strain was

accommodated by decreasing the cross-sectional area of the internal flow channels

of the membrane wafers at the central manifold.
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Chapter 4

Fabrication and Characterization of MIEC
Membranes

Abstract Preparation method has a significant influence on the performance of

MIEC membranes, because the membranes derived from different methods have

different microstructures, defects, impurities, etc. In this chapter, the experimental

methods related to the MIEC membranes are introduced, including the methods for

the synthesis of ceramic powders, for the fabrication of MIEC membranes, and for

the performance testing and characterization. The advantages and disadvantages of

the methods for preparing ceramic powders and fabricating MIEC membranes are

shown in this chapter to facilitate selecting proper methods in experiments.

Keywords Solid-state reaction method • Complexing method • Coprecipitation

method • Spray pyrolysis method • Extrusion • Tape casting • Phase inversion •

Permeation flux • Electric conductivity • Transport kinetics

4.1 Preparation of Ceramic Powders

The preparation of ceramic membranes usually starts from the synthesis of pow-

ders, followed by the shaping process. The synthesis method of the composite

powders has a significant influence on the properties of MIEC ceramic membranes,

such as permeability, microstructure, sintering, strength, etc. Therefore, many

studies have investigated the effects of the preparation method of MIEC powders

on the performance of the derived membranes. There are many methods used to

prepare MIEC powders: solid-state reactions, the sol–gel method, coprecipitation,

spray pyrolysis, hydrothermal, self-propagating combustion, chemical vapor depo-

sition, microemulsion, microwave, etc. The first four methods are frequently used

to prepare the composite powders, whereas the other methods have been reported in

only a few studies. Here, we introduce the frequently used methods in detail and

describe the other methods in brief.
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4.1.1 Solid-State Reaction Method

The solid-state reaction method is a standard and traditional method for the

preparation of MIEC powders. It is also the most frequently used method for

preparing other composite ceramic powders. Cationic transport in solids occurs

even at low temperatures such as room temperature, although the diffusion coeffi-

cients are too low to be detectable. However, the diffusion coefficients increase

exponentially with increasing temperature. The activation energies of cationic

transport in oxides, which mainly depend on the metal–oxygen bond energy, are

usually in the range of 200–500 kJ mol�1. The reaction between two solids is

considered in solid-state synthesis when the temperature increases to the point at

which the diffusion of cations becomes remarkable. The solid-state reaction, a

heterogeneous reaction process, takes place on the interfaces between two solids,

and the reactants need to diffuse across the product layer in order to maintain the

reaction. Therefore, the solid-state reaction includes two main processes, i.e.,

reactions on the interfaces and diffusion across the product layer. Figure 4.1

shows a schematic diagram of a solid-state reaction between two oxides.

Many factors influence the rate of a solid-state reaction, including chemical

composition, grain size, structural properties, temperature, pressure, atmosphere,

the activities of the reactants, and other factors. These factors promote the inner

and outer diffusion of the reactant species. From the viewpoint of thermodynam-

ics, the direction of a chemical reaction is that which decreases the free energy of

the reaction system at a certain temperature and pressure. However, a significant

change in free energy does not mean the reaction rate is faster than that with a

small change. The activation energies of the diffusion of cations play an important

role in the solid-state reaction. The activation energy can be decreased by adding a

mineralizing agent into the reaction mixture, which acts as a catalyst to speed up

the reaction rate by changing the reaction route. The action mechanisms of the

mineralizing agent vary for different reaction systems. The commonly accepted

mechanisms are (1) the mineralizing agent reacts with one of the reactants and

produces a low eutectic mixture at lower temperatures so as to increase the

diffusion rate of the reactant species or (2) activated intermediate products are

produced. To speed up the reaction rate of a solid-state reaction, the activation

energy should be decreased and the pre-exponential factor increased by reducing

the particle sizes of the reactants. Reactants with small particle sizes have a high

specific surface area, a high surface free energy, and large reaction and diffusion

Fig. 4.1 Mechanism of

forming perovskite material
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interfaces, as well as a thin product layer thickness. All these factors increase the

reaction rate. Another choice for accelerating the solid-state reaction is to adopt a

reactant with a high activity or precursors that can transform to high activity

reactants under the given reaction conditions. For example, for the preparation of

a MgAl2O4 spinel oxide, one can choose MgO and α ‐Al2O3 or Mg2(OH)2CO3

and γ ‐Al2O3 as the reactants. Mg2(OH)2CO3 decomposes at elevated tempera-

tures and produces MgO nanoparticles with high reaction activities; moreover, γ ‐
Al2O3 has an open crystal structure as compared to α ‐Al2O3, resulting in a high

reaction activity. As a result, the MgAl2O4 spinel oxide can be synthesized at

lower temperatures when the reactants are Mg2(OH)2CO3 and γ ‐Al2O3. In addi-

tion to the above factors related to the reactants, external conditions such as

temperature, pressure, and atmosphere have a significant influence on the rates

of solid-state reactions. Diffusion and reaction rates increase with increasing

temperature, and thus the extent of the reaction increases with increasing temper-

ature. However, although the goal is to accelerate the solid-state reaction, the

reaction temperature is somewhat restricted because of the volatilization of some

reactants and the heavy sintering of the products, as well as the energy consump-

tion. The effects of pressure and atmosphere are also complicated for a solid-state

reaction. Speeding up or restricting reactions may happen for different reactant

systems. In a word, to accelerate a solid-state reaction, one needs to choose the

right reactant precursors with small grain sizes and process them using the proper

temperature, pressure, and atmosphere.

For the preparation of MIEC oxide powders, oxides and carbonates are usually

used as the precursors. These precursor powders are ball-milled together to reduce

their particle sizes and to homogeneously mix them. Ethanol is usually added to

the mixed powder to form a slurry, which improves the grinding efficiency. The

proper ratio of large balls to small balls and the proper ball diameter and rotation

rate are required to obtain fine powders in a short period of time. The selection of

mill media needs to be considered because impurities coming from the mill media

are introduced during the high-speed and long-term grinding. The use of zirconia

as the mill media is recommended for the preparation of MIEC oxide powders

owing to its high hardness and density, whereas the use of alumina and hard steels

is recommended if the alumina and iron impurities have no significant influence

on the properties of the target material. Agate is not recommended for use in ball-

milling MIEC oxide materials with high hardness, such as zirconia or ceria-based

dual-phase materials, but it can be used to grind Co- or Fe-containing perovskite-

type oxides. No detectable silica impurity was introduced by ball-milling Ba0:5
Sr0:5Co0:8Fe0:2O3�δ with agate media in the authors’ laboratory. To ensure the

complete reaction of the precursors, the mixed powder needs to be ball-milled and

calcined repeatedly at elevated temperatures (typically >1000 �C). As mentioned

above, the resultant product among the reactant particles limits the diffusion step,

and the sizes of the reactant particles increase under high-temperature treatment.

All these effects decrease the reaction rate of solid-state reactions. Therefore,

multiple calcining and ball-milling steps are required to obtain the target prod-

ucts. Planetary ball-milling machines and rolling-type ball-milling machines,
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which are the most commonly used in laboratories for solid powder preparation,

can produce fine powders with diameters down to 1 μm when the proper ratio of

large balls to small balls and the proper ball diameter and rotation rate are

adopted. Figure 4.2 shows the typical morphology of an MIEC powder that has

been repeatedly ball-milled and calcined at elevated temperatures. A wide

particle-size distribution is unavoidable if there is no subsequent size-grading

process. Fine powders with particle sizes as small as 100 nm can be prepared by

the ball-milling method in specially designed machines with balls smaller than

1 mm. MIEC powders derived from the solid-state reaction method may exhibit

high sintering activities when the particle size is reduced down to 1 μm because

many facets with high surface energies are exposed during the ball-milling

process. We found that ceria-based dual-phase powders derived from the solid-

state reaction method can be sintered at lower temperatures than those derived

from the complexing method via a solution route, although the powders derived

from the complexing method have a smaller particle size.

4.1.2 Complexing Method

The solid-state reaction method is the most frequently used method for preparing

ceramic powders, and it has many advantages, such as low preparation costs, low

raw materials costs, easy scale-up, and environmental friendliness. However, there

are some shortcomings that should be considered when selecting this method for the

preparation of MIEC powders. These shortcomings include inaccurate

Fig. 4.2 SEM image of

MIEC powder synthesized

by solid-state method after

being repeatedly ball-milled

and calcined at elevated

temperatures
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stoichiometry owing to volatilization of some elements during repeated calcining at

elevated temperatures, low special surface areas, high synthesis temperatures, wide

particle-size distributions, introduction of impurities by volatilization of some

elements, incomplete solid-state reactions, repeated ball-milling, and reactions

with containers at high calcining temperatures. Therefore, there has been a signif-

icant effort to improve the preparation method of ceramic powders. Many

wet-chemical methods have been developed over the past several decades, such

as the complexing method and the coprecipitation method. Composite oxide pow-

ders have been successfully prepared with ultrafine particle sizes, high purities, and

large special surface areas through wet-chemical methods. The as-prepared pow-

ders, which have controllable particle sizes and high sintering activities, are good

precursors for the preparation of MIEC membranes.

Among the wet-chemical methods, the complexing method is the most fre-

quently used method for the preparation of MIEC powders. Many investigators

call it the sol–gel method. Complexing agents are the core of this method. The most

commonly used complexing agents are citric acid, ethylenediamine tetraacetic acid

(EDTA), glycine, polyvinyl alcohol (PVA), etc. All these complexing agents have

no less than one donor atom. For example, EDTA is a sexadentate ligand that can

complex with most of metal ions with high stability constants. An important feature

of these complex agents is that the related metal complex solution can transform to

a sol during the evaporation of water and form a gel to further remove the water, and

so the complexing method is also called the “sol–gel” method. By using the

complexing method, one can control the homogeneous mixture of various metal

ions on a molecular level, and so the resultant materials show high purity and

homogeneous particle sizes, as well as large specific surface areas.

Citric acid, which shows good gelatinization ability under heating, has been used

as a complexing agent for the preparation of MIEC powders for several decades.

However, the stability constants of citric complexes are not high, especially toward

alkali earth elements. As a result, the pH value of a citric acid complex solution

needs to be repeatedly adjusted by ammonia water to avoid the precipitation of

alkali earth elements during the evaporation of water. For perovskite-type MIEC

membranes, alkali earth elements are needed at the A sites to improve oxygen

diffusion through the membrane bulk by creating oxygen vacancies. As compared

to citric acid complexes, EDTA complexes have high stability constants and are

insensitive toward changes in the pH value during the evaporation of water.

However, the gelatinization ability of EDTA complexes is not as strong as that of

citric acid. Shao et al. combined the two complexing agents, thus combining their

advantages [1]. No solid was precipitated during the gelatinization process without

adding ammonia water to adjust the pH value of the solution. By using this

combined complexing method, they synthesized many perovskite MIEC powders

and found that such perovskite structures can be formed at lower calcining

temperatures.

Figure 4.3 shows the procedure for preparing MIEC powders using the com-

bined complexing method. Figure 4.4 shows the crystal structure of the dry gel

calcined at different temperatures [2]. As shown in the figure, perovskite peaks are
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detectable for the powder calcined at 600 �C for 2 h, and the perovskite structure is

fully constructed at 800 �C, which is much lower than the calcining temperature

used in the solid-state reaction method. The wide XRD diffraction peaks show that

the grain size of the as-prepared powder was small, in the range of 20–100 nm.

Observing the powder morphology by using SEM and TEM, it was found that the

particle size of the as-prepared powder was as large as several microns and small

spheroidal grains agglomerated to form large, irregularly shaped particles. The

agglomerated grains could only be partly ultrasonically dispersed in a solvent,

which shows that hard agglomeration is the major state in powders prepared

through the complexing method. Usually, nitrates, citric acids, and ammonia are

used in the complexing method, and thus the oxidants and fuels are mixed together

in the gel. Violent redox reactions taking place during the calcination of the gel

sometimes generate high temperatures up to 1000 �C, especially when the gel

calcined in a big batch; thus, the partial sintering of the grains is inevitable, and it

results in hard agglomeration. Although the grain size is still on a nanoscale, the

sintering activity is lower than that of powders without hard agglomeration. For

example, Peng et al. investigated the preparation of Ce0.8Sm0.2O1.9 powder by using

the complexing method, with glycine as the complex agent [3]. When the glycine-

to-metal ratio was approximately the theoretically calculated value (approximately

1.7), highly loose particles with a foam-like morphology and a weak force among

them were observed. The resultant powder had a grain size of 10–20 nm, and the

Fig. 4.3 Procedure of preparing MIEC powders through the combined complexing method

Fig. 4.4 XRD patterns of

dry gel calcined at different

temperatures
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Ce0.8Sm0.2O1.9 disks reached a relative density of 95% after being sintered at

1500 �C for 5 h. However, if the powder is prepared by the coprecipitation method,

the sintering temperature could be as low as 1150 �C to reach a relative density of

99% [4].

4.1.3 Coprecipitation Method

The coprecipitation method is another popular wet-chemical method used for the

preparation of composite metal oxides. As compared to the complexing method, it

is more feasible for use in preparing composite oxide powders on a large scale

because it is easy to control the preparation conditions and it is repeatable, thus,

making it possible to obtain homogeneous, ultrafine nano-powders with low pro-

duction and raw materials costs. Figure 4.5 shows the main steps for preparing

composite metal oxide powders using the coprecipitation method. After dissolving

all the required metal salts in water or some other solvents to form a homogeneous

solution, the mixed metal salt solution is added to a solution containing precipitants.

All the metal ions are precipitated in the form of hydroxides, carbonates, oxalates,

or compound salts. Composite oxide powders with nano-sized particles are

obtained after filtration, washing, drying, and calcining. The key point of the

coprecipitation method is the precipitants, which are needed to dissolve out all

the metal ions of the target material; otherwise, the chemical composition of the

resultant products will deviate from the target. The most frequently used precipi-

tants are ammonium carbonate, ammonium bicarbonate, ammonia water, ammo-

nium oxalate, and organic amines. One important characteristic of these

precipitants is that they can be completely removed by subsequent calcination at

a proper temperature. Other precipitants, such as NaOH, Na2CO3, etc., are also used

if the abovementioned chemicals cannot precipitate all the metal ions completely,

but it should be noted that thoroughly washing the precipitates is required to

eliminate the potential effects of sodium ions on the physicochemical properties

of the target material.

Urea is different from the other precipitants referred to above. It cannot precip-

itate metal ions until its solution is heated higher than 80 �C, at which urea starts to
react with water to produce ammonia and carbon dioxide. Because ammonia and

Fig. 4.5 Main operation steps of the coprecipitation method for the preparation of composite

metal oxide powders

4.1 Preparation of Ceramic Powders 101



carbon dioxide are generated homogeneously throughout solution by a hydrolysis

reaction, the method utilizing urea as a precipitant is called the homogeneous

precipitation method. However, only a few materials systems can make use of the

homogeneous precipitation method because the hydrolysis reactions of metal ions

usually occur before the release of ammonia and carbon dioxide from urea while

heating the solution. Furthermore, some metal ions cannot be completely dissolved

out from the solution. These drawbacks limit the widespread use of urea as a

precipitant.

Among the abovementioned precipitants, ammonium carbonate is the most

frequently used because two kinds of anions, i.e., CO2�
3 and OH�, participate in

the precipitation reactions, and they can precipitate out most metal ions. Another

important point is that the powders synthesized via the coprecipitation of ammo-

nium carbonate usually have good dispensability, a homogeneous particle size, and

a small grain size, as well as good sintering activity. For example, Tok et al.

synthesized Ce0.8Gd0.2O1.9 powder using ammonium carbonate as the precipitant.

After the precipitant was calcined at 700 �C, the resultant Ce0.8Gd0.2O1.9 powder

had a grain size of 25 nm [4]. The corresponding disk had a high relative density up

to 99% after sintering at a temperature of 1150 �C for 4 h. Liang et al. also used

ammonium carbonate as the precipitant for the preparation of Ce0.8Gd0.2O1.9

powder and combined it with the supercritical drying technique [5]. The

as-prepared powder had a grain size of ~6 nm characterized by TEM and XRD

techniques after calcining the precipitate precursor at 400 �C for 2 h. A

Ce0.8Gd0.2O1.9 ceramic disk with a high relative density up to 97% was achieved

after sintering the compressed nano-powder at 850 �C for 4 h. The grains of the

dense disk were small, 100 nm. Figure 4.6 shows the influence of sintering

temperature on the grain size and the increase in the relative density of the

Ce0.8Gd0.2O1.9 ceramic disk.

Few studies have focused on the fabrication of MIEC membranes derived from

the coprecipitation method because the cobalt ions frequently used in MIEC

materials are difficult to precipitate out. For example, to prepare Ba0:5Sr0:5Co0:8
Fe0:2O3�δ via the coprecipitation method, Na2CO3 may be the best precipitant.

Fig. 4.6 Influences of

sintering temperatures on

the growth of grain size and

the increase of relative

density of Ce0.8Gd0.2O1.9

ceramic disk (Reproduced

from Ref. [5] with

permission of Elsevier)
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Other precipitants, such as ammonium carbonate and ammonia, as well as ammo-

nium oxalate, cannot completely dissolve the cobalt ions from the solution because

of the following reactions:

6NHþ
4 þ Co2þ þ 0:25O2 þ 5OH� ¼ Co NH3ð Þ3þ6

þ 5:5H2O ΔG 298 Kð Þ
¼ �259 kJ mol�1 ð4:1Þ

6NH3 þ Co2þ þ 0:25O2 þ 0:5H2O ¼ Co NH3ð Þ3þ6
þ OH� ΔG 298 Kð Þ

¼ �104 kJ mol�1 ð4:2Þ

In the authors’ laboratory, the coprecipitation method was used to prepare a

dual-phase membrane of Ce0.85Sm0.15O1.925–Sm0.6Sr0.4Al0.3Fe0.7O3. In the proce-

dure, metallic nitrates and ammonium carbonate were used as the precursors and

the precipitant, respectively. After centrifugation separation and drying at 120 �C,
the resultant blocks were crushed into powder and then pressed into disks. A high

relative density up to 97% was achieved after the green disks were sintered at

1000 �C for 3 h. The grain size of the as-sintered membranes was less than 50 nm,

as shown in Fig. 4.7.

Fig. 4.7 SEM micrograph

of the dual-phase membrane

sintered at 1000 �C in air
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4.1.4 Spray Pyrolysis Method

The spray pyrolysis method, developed by Aman in 1956 for the preparation of

MgO ultrafine powders, now is a popular technique for the preparation of various

materials. It developed quickly after its successful use in the industrial production

of ceramic powders on a large scale in the 1970s. Now, spray pyrolysis is an

important method for the preparation of thin films and fine powders such as metal

powders, various ceramic materials, electrode materials, catalysts, etc. The spray

pyrolysis method has many merits for the preparation of powders:

1. The pyrolysis reactions finish in seconds at high temperatures, so ultrafine

particles are obtained with homogeneous chemical compositions because there

is no time for composition segregation.

2. All the precursors are dissolved in solvents, so the chemical composition of the

final compounds or materials can be manipulated by adjusting the initial ratios

according to the given targets.

3. The morphology, particle size, particle-size distribution, and microstructure of

the powders can be easily adjusted by changing the operating conditions, such as

the solvent used, pyrolysis temperature, spray speed, concentration, calcining

temperature, etc.

4. As compared to the above three methods in terms of batch production, serial

production on a large scale is easier to achieve with the spray pyrolysis tech-

nique, so powders can be produced at low cost with high repeatability.

5. High-purity products are obtained through this method because filtering, wash-

ing, and grinding are unnecessary, because these processes normally result in the

introduction of impurities to the target material.

There are many types of setups for the spray pyrolysis method, but usually only

five parts are necessary, i.e., an ultrasonic atomizer, carrier gas, reactor, high-

temperature furnace, and collector. Figure 4.8 shows a schematic of typical spray

pyrolysis equipment used in laboratories. In a typical spray pyrolysis process, a

metal salt solution is prepared according to the required stoichiometry [6]. The

solution is then ultrasonically atomized and carried by the carrier gas into the high-

temperature furnace for pyrolysis. A serial of chemical and physical processes such

as solvent evaporation, solute precipitation, particle drying, pyrolysis, solid-state

reactions, and sintering are conducted and completed in the reaction furnace before

the formation of the final ultrafine powders. Figure 4.9 shows a widely accepted

microscopic description of the formation of solid particles from solution droplets in

the spray pyrolysis method [7]. It is called the one-droplet-one-particle (ODOP)

mechanism. In the first stage, a crusted layer or a solid sphere is formed through

solvent evaporation and subsequent dissolving of the solute, depending on the

operating conditions and the precursors used. In the second stage, many complex

changes take place, which determine the final morphology and microstructure, as

demonstrated in Fig. 4.9. More information about the spray pyrolysis method is

given in the references for readers who are interested.
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Unlike the solid-state reaction and complexing methods, there are few studies on

the preparation of MIEC powders through the spray pyrolysis method [8–11]. Meng

et al. reported the synthesis of La0:6Sr0:4Co0:2Fe0:8O3�δ powder via the spray

pyrolysis method [8]. A nitrate solution was atomized to 2–5 μm droplets before

they were carried into a high-temperature furnace heated to 900 �C. The retention
time of the droplets was less than 2 s. Spheroidal particles 0.5–1 μm in size with a

perovskite structure formed. The spray pyrolysis technique has been successfully

applied to the fabrication of composite powders used in SOFCs, such as cathode

powders of La0.8Sr0.2MnO3 [9], La0.6Sr0.4Co0.8Fe0.2O3-δ [10], La0.6Sr0.4CoO3 [11],

Fig. 4.8 Schematic typical spray pyrolysis equipment used in laboratories

Fig. 4.9 Effect of precipitation conditions on particle morphology in spray pyrolysis (Reproduced

from Ref. [7] with permission of Wiley)

4.1 Preparation of Ceramic Powders 105



and anode powders of Sm0.2Ce0.8O1.9–NiO [12] and La0.9Sr0.1Ga0.8Mg0.2O3–NiO

[13]. The as-prepared powders with target crystalline structures had particle sizes of

100 nm for La0.6Sr0.4CoO3 and 20 nm for Sm0.2Ce0.8O1.9–NiO. However, an

amorphous structure was formed for the La0.9Sr0.1Ga0.8Mg0.2O3–NiO composite

oxides, and thus an extra calcining step was needed to promote crystallization. A

La0.84Sr0.16MnO3 powder was successfully prepared using a polymerized precursor

solution containing CA and metal nitrates by an autoignition spray pyrolysis

technique [14]. The XRD analysis confirmed the phase formation in the

as-sprayed powder itself. LaFeO3, LaCoO3, and La M; Pdð ÞO3 M ¼ Mn, Feð Þ
with pure perovskite phases were synthesized in a single step by a modified spray

pyrolysis method called ultrasonic spray combustion [15]. The synthesis of

perovskite-type oxides was investigated by adjusting the composition of the pre-

cursor solution and the synthesis and calcination temperatures. The results showed

that the addition of citric acid in sufficient excess to the metal precursors led to

micro-sized powders with a hollow spherical morphology and thin porous walls

composed of nano-sized perovskite crystallites (30–50 nm). Typical SEM pictures

of the resultant powders are shown in Fig. 4.10.

Comparative investigations on solid-state reaction, complexing, coprecipitation,

and spray pyrolysis methods for the synthesis of perovskite-type oxides for MIEC

membranes or SOFC cathodes have been reported by several groups. Lin et al. used

the four methods to prepareLa0:8Sr0:2Co0:6Fe0:4O3�δ perovskite oxides to determine

the influence of the preparation method on electron transport and oxygen perme-

ability [16]. In their procedures, oxides and carbonates, nitrates and citric acid,

nitrates and KOH, and nitrate solutions were used as the raw materials in the four

methods, respectively. All the derived membranes exhibited pure-phase orthorhom-

bic perovskite structures. However, only the one derived from the coprecipitation

method had a large strontium deficiency. It showed much lower electronic conduc-

tivity and oxygen permeability (ionic conductivity) than the other three membranes

with compositions close to the desired stoichiometry. Strontium- or calcium-doped

lanthanum manganite (LaMnO3) and lanthanum ferrite (LaFeO3) perovskite cath-

odes and MIEC membranes were synthesized using different techniques: spray

pyrolysis, a modified citrate route, and oxalate and carbonate coprecipitation

[17]. Among the three methods, the cyanide and carbonate coprecipitation allowed

the lowest temperature for perovskite phase formation, followed by the spray

pyrolysis method. The particle-size distributions and surface areas of these mate-

rials were significantly affected by the differences in phase formation. The

coprecipitation method gave the finest powders on a nanometer scale. From these

investigations, it is difficult to tell which method is the best for preparation of MIEC

powders because it depends on the chemical compositions of the materials and the

procedures used in the experiments. Researchers can choose proper methods in

their experiments depending on the material composition and available equipments

in their laboratories.
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4.2 Preparation of Membranes

The preparation of ceramic membranes requires first forming the ceramic precursor

powders into the required shape, which includes three main steps: shaping,

sintering, and reprocessing. Among the three steps, shaping is the most important

step in the preparation of membranes. Defects such as holes, heterogeneity, and air

bubbles formed during the shaping process cannot be removed by the subsequent

Fig. 4.10 SEM micrographs of LaMnO3 powders generated from precursor solution containing

0.2 mol/L metal nitrates and 0.4 mol/L citric acid. (a) Ts ¼ 800 �C, as prepared; (b) Ts ¼ Tc
¼ 800 �C ; (c) Ts ¼ Tc ¼ 900 �C ; (d) Ts ¼ Tc ¼ 1000 �C ; (e) Ts ¼ Tc ¼ 1100 �C ; (f)
Ts ¼ 1100 �C, Tc ¼ 800 �C. Ts and Tc are the temperatures of the spray pyrolysis process and

subsequent calcining step. The calcining time was 2 h (Reproduced from Ref. [15] with permission

of Elsevier)
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sintering and reprocessing steps. Thus, shaping is critical for producing high-

quality ceramic membranes and other ceramic components. It has a significant

influence on the homogeneity of ceramics, production repeatability, rate of finished

products, and manufacturing costs. Up to now, MIEC membranes have been

fabricated into disks, flat sheets, tubes, multichannel tubes, and hollow fibers, as

shown in Fig. 1.4 in Chap. 1. Considering the microstructural symmetry of the

membranes, they can be classified as either symmetric (or self-supported) mem-

branes or asymmetric (or supported) membranes, as shown in Fig. 1.5 in Chap. 1.

All the shapes mentioned above can be symmetric or asymmetric. To prepare MIEC

membranes with the above geometrical structures, different methods are required.

4.2.1 Dry-Pressing

Dry-pressing is one of the most popular shape-forming methods because it involves

a relatively simple technique, and thus it is often used in laboratories for preparing

ceramic samples and in industrial processing of ceramic workpieces on a large

scale. As the term implies, membranes are shaped by compacting dry powders

without any visible liquid phase under high applied pressure. High pressures of as

much as 1000 MPa can be achieved during the dry-pressing process. The pressure

used in the dry-pressing process is the highest among all the methods of preparing

ceramic membranes. Ceramic components ranging in size from 1000 mm, such as

tiles, down to 1 mm, such as ceramic gears, can be manufactured depending on the

design of the ceramic dry-pressing machine and the mold. Before being compacted

in a mold, the powder needs to be pretreated by adding a proper amount of organic

binders (such as polyvinyl alcohol, polyvinyl butyral, acrylic copolymer) and

plasticizers (such as polyethylene glycol, butylbenzyl phthalate, dibutyl phthalate)

to modify the flowability and plasticity of the powder. Lubricants (such as stearates)

are sometimes necessary to make mold uploading easier. The coarse surfaces of the

particles lead to interlocked occlusions in the particles, which results in a bridging

effect and significant porosity if the just-received powders are pressed at an

elevated pressure. Four main steps are involved in dry-pressing, i.e., powder

pretreatment, powder loading into the mold, compaction, and sample unloading.

To obtain high-density green samples, the powder pretreatment step is critical

because the as-received powders are irregular in shape with poor flowability,

which interferes with particle movement during the pressing step. However, for

pretreated powders in which the particles are coated by binders and plasticizers,

plastic deformation takes place under high pressure, and thus a high initial density is

achievable. Detailed discussion about the influence of powder characteristics,

binder content, and process parameters on the pressure/density relationship, radial

pressure coefficient, wall friction coefficient, etc., are widely available in the

literature, and thus they will not be discussed here. One can refer to the reference

list for further reading [18].
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Two techniques are utilized in dry-pressing. One is isostatic compaction and the

other is uniaxial compaction. In isostatic compaction, the pretreated powders are

poured into a rubber bag and stress is applied by means of a liquid, which acts as a

pressure transmitter, as shown in Fig. 4.11a. Because the rubber bag is immersed in

a liquid, this method is also called the wet bag method. After compaction, the

rubber bag is taken out of the liquid and opened to remove the green workpieces.

Although large and irregularly shaped pieces can be fabricated, the bath mode does

not allow for high production rates. To improve the production rate, a dry bag

method was developed, in which the rubber bag is part of the equipment. The

pressure is transmitted by a liquid on the sides of the sample and a punch on the top

and bottom, as shown in Fig. 4.11b. The pouring of powders into the mold and

ejection of the as-pressed pieces can be automatically controlled in the dry bag

method, which significantly improves production rates when the pieces are small

with simple shapes. There are some reports of MIEC membranes prepared by

isostatic compaction.

In uniaxial compaction, as the term implies, pressure is applied along the axial

direction. This allows for the fabrication of rather complicated shapes, even those

with screws or holes perpendicular to the compaction axis. High production rates

are offered by industrial pressing machines, such as for the fabrication of tiles.

However, the pressure distribution is not homogeneous like that in isostatic com-

paction because the applied pressure is transmitted from top to bottom through

particle contact, where some of the pressure is lost due to the inner friction between

particles and the outer friction between the particles and the walls of the mold.

Figure 4.12 shows a diagrammatic sketch of the pressure distribution in a disk by

Fig. 4.11 Schematic diagram of the working principle of isostatic compaction, (a) wet bag

method; (b) dry bag method

Fig. 4.12 Inhomogeneous

pressure distribution in a

green disk prepared by

uniaxial compaction
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uniaxial pressing. Figure 4.13 shows the common defects in compacts formed by

uniaxial pressing, which are caused by springback and by friction at the die walls.

Therefore, it is important to pretreat the powder by adding binders, plasticizers, and

lubricants into the powder to prepare granules with high flowability and plasticity as

well as low friction. The treatment can enhance the homogeneity of the pressure

distribution, resulting in green disks with high strength, high density, and homoge-

neous density distribution. As compared to isostatic compaction, uniaxial compac-

tion is more often used for the preparation of small batches of disks in laboratories

for the investigation of the permeation performance of MIEC membranes. Uniaxial

compaction machines are inexpensive, small, and easily handled. Dense mem-

branes are prepared by pressing powders into disks with diameters in the range of

10–25 mm and thicknesses in the range of 0.5–3 mm. The as-pressed disks are then

sintered at elevated temperatures. Most data on oxygen permeation published in

journals were measured on disk-type membranes fabricated by the uniaxial com-

paction method. However, difference in diameters, thicknesses, and oxygen chem-

ical potential gradients make it difficult to compare one report with another.

Therefore, a standard testing method should be developed, and this point will be

discussed in detail in Sect. 4.3.1.

Uniaxial compaction can also be used for the preparation of asymmetric

(or supported) membranes in laboratories. To do that, a powder, a pore-forming

agent, and organic additives are first mixed and then pressed in a stainless steel

mold under a lower pressure (~50 MPa) to produce the support. A fine and fluffy

powder for the dense layer is then homogeneously added onto the as-produced

support, followed by pressing under a high compaction pressure up to 300 MPa.

Asymmetric membranes are obtained by co-sintering the co-pressed disks at ele-

vated temperatures. The thickness of the dense layer is easily adjusted by changing

the loading mass of the fluffy powder, which is usually prepared by the complexing

method by adding ammonium nitrate as the combustion improver. This method,

also called the co-pressing method, is frequently used in laboratories to prepare

anode-supported electrolytes in the field of SOFCs.

4.2.2 Extrusion

The extrusion is an important shaping method for continuously producing ceramic

items with a constant cross-sectional area. The lengths of the items can be adjusted

Fig. 4.13 Typical defects of the green disk prepared by uniaxial compaction
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according to requirements by cutting the extruded material at right angles to the

direction of outflow. Muddy bodies formed from ceramic powders, organic addi-

tives, and solvents are used for extrusion shaping because they have high plastic

formation ability under squeezing. The body used in this process is completely

different from that used in dry-pressing: the extrusion-ready bodies contain many

more organic additives and solvents than bodies in dry-pressing. The type and

amount of organic additives and solvents depend on the desired properties of the

ceramic powders, such as specific surface area, particle size, particle-size distribu-

tion, particle shape, materials density, etc. Ceramic membranes in the shape of

tubes, capillary tubes, multichannel tubes, flat sheets, etc., are commonly fabricated

by the extrusion method. The extrusion process generally consists of passing a

column of muddy body through a shaped extrusion die. For a typical extrusion

machine, three main parts are needed:

1. A propulsion system, which presses the muddy body at high pressure and forces

the muddy body through the extrusion die. There are three types of propellers:

piston extruders, expression rolls, and auger extruders. For piston machines,

intermittent feeding of the columnar muddy body into barrels leads to the

intermittent production of green ceramic items; however, for auger machines,

continuous feeding results in highly efficient production.

2. An extrusion die, where the shaped die forms the material when the muddy body

is forced through.

3. A cutting device, which cuts the shaped ceramic green body into the required

sizes.

Figure 4.14 shows a diagrammatic sketch of an extruder with an auger propul-

sion system for ceramic tube production [19]. For a continuous extruder, a vacuum

deairing pugmill machine is installed to feed the muddy body into the extruder by a

rotary propeller under vacuum.

The preparation of muddy bodies from ceramic powders, a solvent, and organic

additives is a critical step for manufacturing ceramic bodies with flawless surfaces

and a crack-free structure. Two important factors that have a significant influence

on the characteristics of the green bodies should be strictly controlled: the rheo-

logical characteristics of the muddy body and the extrusion parameters. The

rheology of the muddy body is related not only to the contents of the solvent and

organic additives but also to the physical and chemical properties of the ceramic

powder. A reliable analysis of the extrusion process is necessary for setting optimal

extrusion process parameters, including extrusion pressure, rate, die design, etc.

Any changes in chemical composition and powder properties would lead to the

variations in the rheological characteristics of the muddy body, and so a

corresponding adjustment to the extrusion pressure, rate, and die design is needed

to produce high-quality ceramic green bodies. The most frequently used solvent for

the preparation of muddy bodies is water, and hydrosoluble or water-swelling

binders, plasticizers, and lubricants are used to adjust the rheological characteris-

tics. During extrusion shaping, the density of the extruded product increases as the

water content in the mass decreases. For the preparationMIEC membranes, the goal
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is to obtain semi-finished products with an apparent density as high as possible.

However, one must bear in mind that a lower body moisture content increases the

plastic body attrition forces, resulting in fissures across the direction of extrusion.

In addition to the solvent-based systems, thermoplastic systems are also com-

monly used for the production of ceramic items through extrusion shaping. Ther-

moplastic materials are polymers that soften, melt, or become more pliable when

heated and harden during cooling in a reversible physical process. Lower abrasivity

of the feedstock material is one of the main advantages of using thermoplastic

systems for ceramic extrusion as compared to other binder systems, which permits

easy fabrication of fine structures such as fibers, hollow fibers, and thin-walled

tubes. Because of the very small cross-sectional areas of such fine structures, the

extrusion pressures need to reach as high as 80 MPa, resulting in phase separation in

a muddy body made of a solvent-based binder, whereas that would not happen in

thermoplastic binder systems. For example, as shown in Fig. 4.15, silicon carbide

fibers with diameters of approximately 130 μm and alumina hollow fibers with a

wall thickness of 30 μm were successfully produced by thermoplastic extrusion

[20]. MIEC membrane tubes with a wall thickness of 300 μmwere also successfully

extruded using a thermoplastic binder system and subsequently sintered and tested.

It is thus feasible to produce ceramic sheets and films with thicknesses of less than

200 μm.

Fig. 4.14 Diagrammatic view of augers with designation of the auger geometry (Reproduced

from Ref. [19] with permission of Springer)
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4.2.3 Slip Casting

Slip casting is a well-known mature ceramic-shaping technique with a long history,

and parts of the industrial process can be done on automatic production lines.

However, the basic principles and methods of manufacture have not changed

over the years. It has been used to produce sanitary ware, artwork, and tableware

for a long time, and it is still a vibrant technology for ceramic shaping, although it is

occasionally used in the manufacture of advanced (technical) ceramics. The plaster

molds used in slip casting are initially made from original models, and they can

usually be reused for no more than 60 casting cycles.

Before shaping ceramic items by using the slip-casting method, a slip with a

solids content of 30–60% is made by mixing ceramic powder, water, binders, etc.,

together to form a slurry with good flowability, proper viscosity, high homogeneity,

and stability against deposition. The as-prepared slip is degassed before pouring it

into the mold. Some of the water is absorbed due to the capillary force generated by

pores in the plaster mold; as a result, a layer of clay with a homogeneous thickness

is deposited on the inside of the mold. The thickness of the clay layer increases with

Fig. 4.15 Thermoplastic systems for ceramic extrusion. (a) Silicon carbide heat element for micro

system devices. (b) Alumina hollow fiber for micro system devices. (c and d): Perovskite tubular
membranes for use in the partial oxidation of methane to syngas. (c) Green extruded tubes. (d)
Wall cross section of a sintered membrane (Reproduced from Ref. [20] with permission of

Springer)
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increasing residence time of the slip in the mold. For example, it takes only 3 or

4 min to shape thin translucent China vases, whereas it takes more than 10 min for

heavier bodies. After reaching the required thickness, the surplus slip is poured out.

The mold continues to absorb the water in the clay layer, drying the layer over

several hours or days depending on the size and thickness of the sample. Finally, the

green body is obtained by opening the two half-molds and taking it out. Figure 4.16

shows the slip-casting process.

This method is very suitable for producing large ceramic articles with compli-

cated shapes. Although the production process is intermittent, the production rates

are still fairly high. However, it also has disadvantages, such as the fact that large-

scale production requires many molds and a lot of room and is coupled with the fact

that plaster molds have limited durability. These disadvantages are almost equal to

the advantages. Modified slip-casting methods such as pressure slip casting and

centrifugation slip casting have been developed to improve the production rate. The

materials for fabricating molds using polymeric materials are different from those

used to fabricate plaster molds. These new molds have large pores and high

strength, but they do not generate the same capillary forces as plaster molds. An

externally applied pressure to drive the filtration process is required. The pressure

can be generated by pressing the slip, vacuuming the mold from the outside, or

spinning the mold at high speed. The speed of the casting cycle can be improved by

applying a higher pressure (<4 MPa) than in traditional slip casting, where the

capillary forces generated by the porous plaster mold correspond to pressures less

than 0.2 MPa. Furthermore, higher density and strength of the green bodies are

obtained by applying higher pressure. Polymeric molds also have a much longer

lifetime than plaster molds—40,000 casts per mold are not unusual—and they offer

high A-grade recovery over 95%.

Slip casting is one of the best methods for preparing one-end-closed tubular

MIEC membranes. However, the diameter of the tubes cannot be too small or the

slip will be difficult to pour into and out of the mold. Ding et al. fabricated BaCo0:7
Fe0:2Nb0:1O3�δ perovskite membranes by slip casting using one-end-closed tubular

molds that had lengths of 650 mm, diameters of 20 mm, and thicknesses of 1 mm

[21]. Figure 4.17 shows the plaster mold and the as-prepared perovskite mem-

branes. They used the one-end-closed tubular membranes for the partial oxidation

of CH4 in coke oven gas to syngas. The membrane reactor was successfully

Fig. 4.16 A brief description of operation steps of slip casting. (a) A container with a glass test

tube in the center; (b) a dry tubular plaster mold; (c) a plaster mold filled with slurry; (d) a tubular
substrate
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operated at 850 �C, and 94% CH4 conversion, 93% H2, and oxygen permeation

flux as high as 11:3 cm3 cm�2 min�1 were achieved. Asymmetric membranes with

a dense layer and a porous support layer may be prepared via the slip-casting

method, in which the slips for the two layers are cast in order. Zyryanov reported

a preparation of multilayer mixed conducting oxide membranes on macroporous

dead-end tubular composite glass–ceramic substrates through slip casting

[22]. However, the dynamics of oxygen loss at high temperatures and the mechan-

ical properties were found to have been affected by the presence of SrSO4 surface

inclusions formed as a result of sulfur admixing in the starting reactants. Another

possible mechanism to explain the sulfur impurities occurring on membrane sur-

faces is that sulfate ions coming from the plaster reacted with alkali earth metal ions

(Ba2þ andSr2þ) to produce sulfates on the surface of the slip-cast membranes. Some

papers have reported that alkali earth metal ions can dissolve out from perovskite

structures when the powders are dispersed in water. Therefore, polymeric molds are

recommended for the preparation of MIEC perovskite membranes to prevent

gypsum contamination.

Fig. 4.17 Plaster mold and as-prepared perovskite membranes (Reproduced from Ref. [21] with

permission of Elsevier)
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4.2.4 Tape Casting

In 1947, Howatt et al. published a paper introducing a new method for the

preparation of ceramic capacitors, which was named “tape casting” [23]. From

then on, tape casting developed quickly and gradually matured into an important

manufacturing technology for the industrial production of thin sheets. All the

powder-type materials can be fabricated into sheets with thicknesses as low as

5 μm. This technology is now widely used in preparing organic and inorganic

membranes, electrodes and electrolytes of SOFCs, electrodes of molten carbonate

fuel cells, ceramic substrate materials, multilayered ceramic packages and capac-

itors, separators for batteries, brazing alloys, and intermetallic compounds. The

prominent advantage of the tape-casting technology is that it is the best method to

produce large-area thin, flat ceramic or metallic items at high production rates.

Although it is possible to prepare thin and flat sheets by using other methods, such

as dry-pressing or extrusion, tape casting is the most economic method to shape

materials with these characteristics. The green tapes are easy to be post-processed

into the required shapes and sizes due to their good flexibility, especially in terms of

punching holes and slits. They also allow for laminating the sheets into multilay-

ered ceramics, metallic workpieces, or ceramic–metallic composite items. It seems

that tape casting is very like the abovementioned slip-casting method for the

fabrication of ceramics because high-viscosity slurries are used in both processes.

Although the shaping principles and drying mechanisms of these two methods (tape

casting and slip casting) are completely different because of the solvent systems

used, slurry preparation is similar. In the taping-casting process, the thickness of the

tape mainly depends on the gap between the doctor blade and the carrier, the

velocity of the carrier, and the solids content in the slurry, whereas the thickness

in slip casting is mostly controlled by the casting time. In tape casting, solvents are

removed by heating the cast tape, whereas in slip casting, the solvent is removed via

absorption by the plaster mold. In terms of the drying method, one can imagine that

tape casting offers higher production rates. Figure 4.18 shows the basic principle of

the tape-casting process as it exists in most modern factories and laboratories. For a

typical tape-casting machine, the four main parts are the blade, the reservoir, and

the carrier with a motor and heating system. Other important auxiliary equipment

includes a vacuum defoaming machine, automatic delivery pump, filter, wrapping

Fig. 4.18 Basic principle of the tape-casting process
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setup, etc. These auxiliary setups are integrated with the tape-casting machine for

high-speed continuous production.

Figure 4.19 shows the typical procedure for fabrication of ceramic sheets

through tape-casting method. In a common operation for tape-casting ceramic

sheets, the as-prepared slurry is poured into a reservoir after it is filtrated and

degassed under vacuum. The green sheet is then cast onto the carrier, which is

driven by a motor. Solvents are evaporated in a drying chamber by heating the

baseboard and/or flowing heated air across the sheet. After drying, the as-formed

sheet is flexible, as shown in Fig. 4.20. Green tape with a higher density than that

derived from the dry-pressing method can be obtained if the starting ceramic

powder has the proper particle-size distribution and morphology. For example,

the relative density of alumina green tape can be as high as 70% after tape casting.

Powder characteristics, such as morphology, average particle size, particle-size

distribution, density, surface area, etc., have a significant influence on the tape-

casting technique, so it is important to know the basic information of the powders

before preparing the slurry for tape casting. Among the abovementioned properties

of powders, the specific surface area is the most important characteristic for tape

casting. Fine powders with large specific surface areas are difficult to be shaped into

perfect sheets through tape casting, especially those with specific surface areas

higher than 20 m2g�1, because selection of the proper dispersant/solvent combina-

tion, as well as the dispersant concentration, are critical factors for very-high-

surface-area powders.

Fig. 4.19 Typical procedure for the fabrication of ceramic sheets through tape-casting method

Fig. 4.20 Sheet prepared

by tape casting
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Considering that tape casting is an important method for preparing plate-type

MIEC membranes on a large scale, a brief introduction to the whole process is

necessary. Table 4.1 lists the solvents, dispersants, binders, and plasticizers fre-

quently used in tape casting. Similar to those used in extrusion processing, solvents,

dispersants, binders, plasticizers, and other organic additives are used to preprocess

the ceramic powders before shaping [24].

Solvents are used to dissolve dispersants, binders, plasticizers, and other organic

additives. They are also used to disperse the ceramic particles in order to adjust the

viscosity of slurry. Usually, organic solvents are chosen because of their variety and

high volatility, and thus it is easy to find appropriate binders and plasticizers.

Although water is an environmentally friendly solvent, its low volatility and the

difficulty in finding proper binders and plasticizers lead to its limited application in

few ceramic systems. Over the years, some organic solvents have become the

standard choices for making a tape-casting slurry. These solvents include ethanol,

methanol, toluene, methyl ethyl ketone, xylenes, and 1,1,1 trichloroethylene. To

maintain the solubility of solvents to organic solutes, azeotrope mixtures are also

used to maintain proper volatility. In some case, cyclohexanone is added into the

solvent system to act as a “skin retarder,” which slows the formation of a skin on the

top layer of the tape owing to the fast evaporation of the solvents [24]. This skin

retards the transport of solvent molecules from the bulk to the surface. Because skin

retarder works to homogenize the concentration of the solvent throughout the tape

by slowing the formation of a solvent-depleted zone (skin) on the drying face, it is

also called a “homogenizer.” Additionally, the choice of solvent should consider its

toxicity, cost, and safety.

Table 4.1 Solvents, dispersants, binders, and plasticizers frequently used in tape casting

Additive

type Additives

Solvents Water, methyl ethyl ketone (MEK), ethanol, xylenes, toluene, acetone, 1,1,1-

trichloroethane, methanol, MIBK, cyclohexanone, butanol, isopropanol,

nitropropane, etc.

Dispersants Polyisobutylene, linoleic acid, oleic acid, citric acid, stearic acid, lanolin fatty

acids, salts of polyacrylic acids, salts of methacrylic acids, blown menhaden fish

oil, corn oil, safflower oil, linseed oil, glycerol trioleate, synthetic waxy esters, etc.

Binders Polyvinyl alcohol (PVA), polyvinyl butyral (PVB), polyvinyl chloride (PVC),

vinyl chloride-acetate, polyacrylate esters, polymethyl methacrylate, polyethyl

methacrylate, petroleum resins, polyethylene, ethylene oxide polymer, polypro-

pylene carbonate, polytetrafluoroethylene (PTFE), poly-alpha-methyl styrene,

poly isobutylene, atactic poly(propylene)/poly(butene), polyurethane, cellulose

acetate-butyrate, nitrocellulose, methyl cellulose, ethyl cellulose, hydroxyethyl

cellulose hydroxypropyl methyl cellulose, etc.

Plasticizers Dibutyl phthalate, dioctyl phthalate, butyl benzyl phthalate, mixed esters phthal-

ate, dimethyl phthalate, ethyltoluene sulfonamides, glycerine (glycerol), tri-n-

butyl phosphate, butyl stearate, methyl abietate, tricresyl phosphate, propylene

carbonate, water, polyethylene glycols (PEG), polyalkylene glycols, polypropyl-

ene glycols, triethylene glycols, dipropylglycol dibenzoate, etc.
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Large particles form through agglomeration of small grains in the as-received

ceramic powders. These agglomerated particles must be completely dispersed prior

to tape casting because these particles make it difficult to obtain a uniform slurry,

resulting in green tape with low and inhomogeneous density from the agglomerated

powders. Therefore, a dispersion milling step, in which a proper amount of disper-

sant is added, cannot be omitted. In addition to improving the dispersion of the

particles, the function of the dispersant is to enhance the solids content and reduce

the solvent amount so as to increase the density of the green tape and decrease the

solvent costs. Two different mechanisms are involved in the dispersion effects of

dispersants. One is electrostatic repulsion. Particles are changed by the adsorption

of ionic dispersant molecules, and a repulsion force forms between particles. It is

frequently found that the same mechanisms that serve to disperse the particles also

keep the particles in stable suspension in the slurry. Another is steric hindrance. In

this case, particles are separated by the adsorption of organic long-chain molecules

on their surfaces. Steric hindrance-type dispersants are often utilized when an

organic solvent is chosen because of its low dielectric constant. It is worthy of

note that most dispersants used in organic solvent systems are blends of various

fatty acids and esters. More or less dispersant relative to solid is not in favor of the

dispersion of particles. A settlement experiment is an effective method to determine

the usage of a dispersant.

After dispersion milling of the powder with the proper amount of dispersant,

binders and plasticizers are added for another period of milling. The use of

pre-prepared solutions is suggested to avoid incomplete dissolution of the organics.

Binders are the most important additives for processing green ceramic tape because

they form networks throughout the body, which has a significant influence on the

strength and flexibility of the green body. That is to say, the dry green tape

comprises a polymer framework filled with solid particles and other organic

additives (including a residual solvent, dispersants, and plasticizers). In choosing

binders, its solubility in the selected solvent, viscosity, glass transition temperature,

cost, strength, burnout atmosphere and temperature, etc., should be considered.

Polyvinyl-based organics such as polyvinyl alcohol (PVA) and polyvinyl butyral

(PVB) are the most often used binders when water and organic solvents are

employed, respectively. Other binders are listed in Table 4.1. The plasticizer allows

bending and warping of the tape without breaking. In other words, the addition of a

plasticizer improves the flexibility of the dry green tape because most binders result

in a tape that is strong, stiff, and brittle after the evaporation of solvents. There are

types of plasticizers classed by their plasticization mechanism. Type I is a kind of

solvent with very low volatility that can stay in the green tape for a long time so as

to dissolve the binder to a certain extent. Type II is a kind of lubricant, which

improves the mobility of the long chains of the binders. Sometimes the two types of

plasticizers are combined to achieve good plasticization results. The commonly

used Type I and Type II plasticizers are listed in Table 4.1.
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The organic additives have a complex influence on the properties of slurries.

Therefore, optimal compositions and ratios of all the chemicals are obtained based

on many experiments, such that the recipes are closely guarded by companies and

researchers. No matter how complicated the recipes are, five criteria should be met

to obtain a good slurry, i.e., homogeneous dispersion, proper viscosity, high solids

content, proper strength, and flexibility after drying. Before being cast, the slurry

needs to be filtrated and degassed under vacuum. Then, its viscosity and density

should be determined. Usually, slurries with viscosities in the range of

600–6000 mPa s can be easily used for tape casting [24]. To achieve high repeat-

ability from batch to batch, the density of the as-prepared slurry needs to be

monitored. An error of less than �0.02 g cm�3 is required to obtain repeatable

physical and chemical characteristics of the resultant green tape. Drying is the last

important step in tape casting, and it is influenced by the composition and ratio of

the chemicals, so its process conditions are different from one tape to another.

There are two steps during the drying of as-cast tapes, i.e., solvent evaporation from

the surface of the tape and solvent diffusion through the tape to the drying surface.

The second step tends to be the rate-limiting step during drying, in which tape

cracking and curling happen frequently. To avoid the formation of these defects, it

is important to slow down the drying rate to reduce the heterogeneity of the bulk

tape during drying.

Tape casting is the best method for producing plate-type asymmetric membranes

on a large scale with high efficiency and low cost. Two possible procedures are

involved in the preparation of ceramic plate-type asymmetric membranes through

tape casting. In one, a thin layer as the dense layer is cast first, and then a thick layer

as the support layer is cast onto the thin layer. In the other procedure, the thick layer

is cast first, followed by the deposition of a thin layer through spray coating. This

second method has been used to prepare anode-supported electrolyte membranes.

Thicknesses of the electrolyte down to 5 μm have been achieved. Air Products &

Chemicals Inc. produces plate-type asymmetric MIEC membranes by using tape-

casting technology on a large scale, and the thickness of the dense layer is

approximately 60 μm, as shown in Fig. 4.21 [25]. Baumann et al. prepared asym-

metric BSCF membranes with a dense layer thickness of approximately 70 μm, as

shown in Fig. 4.22a, and they reported a high permeation flux of more than 20 mL

cm�2min�1 [26]. In our group, we prepared a dual-phase asymmetric SDC-SSAF

membrane with a dense layer thickness of approximately 40 μm, as shown in

Fig. 4.22b, and we achieved a high permeation flux of approximately 4 mL cm�2

min�1 at 950 �C under an oxygen partial gradient of 21 kPa/0.5 kPa [27].

4.2.5 Phase Inversion

Phase inversion is a mature technique for the preparation of polymeric membranes

with asymmetric structure. Most commercially available polymeric membranes are
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prepared by phase inversion, but it is recently being used to fabricate inorganic

membranes as compared to the methods mentioned above. To prepare inorganic

membranes other than those using ceramic powder, the casting solution comprises a

solvent, a nonsolvent, and a polymer. The phase-inversion mechanism can gener-

ally be classified into three main categories depending on the parameters that

induce demixing, i.e., temperature-, reaction-, and diffusion-induced phase inver-

sion. In diffusion-induced phase inversion, the polymer slurry is first cast to form a

thin film or spun into hollow fibers before being immersed in a coagulation bath

containing the nonsolvent. The exchange of solvent and nonsolvent between the

polymer solution and the coagulation bath induces phase separation in the bulk

membrane. Finally, the composition of the polymer-rich phase reaches the glass

transition composition and the system solidifies. Figure 4.23 shows the formation

Fig. 4.21 Cross-sectional

SEM of the asymmetric

membrane prepared by Air

Products & Chemicals Inc.

using a tape-casting

technique (Reproduced

from Ref. [25] with

permission of Elsevier)

Fig. 4.22 Fracture cross sections of BSCF membrane (a) and dual-phase membrane (b) prepared
by the tape-casting technique (Reproduced from Refs. [26] and [27] with permission of Elsevier)
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process of phase-inversion membranes. Although the process is quite easy to

perform, the exact conditions under which a particular membrane will be formed

are often derived on empirical grounds. It is clear that membrane morphologies are

affected by the original compositions of the polymer solution and coagulation bath,

as well as by preparation conditions.

Phase inversion is the best method for preparing ceramic hollow fiber mem-

branes, although there have also been successful attempts to fabricate them using

thermoplastic extrusion. Recently, alumina, alumina–titania, perovskite oxides,

composite oxides for SOFC anodes, etc., have been fabricated into hollow fibers

through the phase-inversion method. Li described the preparation of these ceramic

membranes in detail in his book “Ceramic Membranes for Separation and Reac-

tion” [28]. The use of a spinneret for preparing novel dual-layer ceramic hollow

fiber membranes, as shown in Fig. 4.24, was reported by Li et al [29]. The

developed dual-layer hollow fiber membrane consisted of a thin and dense outer

oxygen separation layer (approximately 75 μm in thickness) supported on an inner

Ni-based catalytic substrate (approximately 170 μm in thickness), as shown in

Fig. 4.25 [30]. Researchers also used this technique to prepare microtubular

SOFCs, in which an anode-supported electrolyte dual-layer hollow fiber was

formed in one step [31, 32]. To obtain such ceramic hollow fibers, one powder

for the dense layer and another powder for the porous support layer are separately

mixed with a solvent, a polymer binder, and additives to form the outer and inner

layer spinning suspensions, respectively. Then, the two suspensions are simulta-

neously coextruded through a triple-orifice spinneret, passed through an air gap, and

placed into a nonsolvent external coagulation bath. In the meantime, a stream of

nonsolvent internal coagulant is supplied through the central bore of the spinneret.

Fig. 4.23 Diagrammatic sketch of the equipment for preparing hollow fibers by the phase-

inversion method
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The thicknesses of the two layers are easily controlled by the design of the spinneret

or by adjusting the extrusion rate, whereas the macrostructure or morphology of the

prepared hollow fiber precursor is controlled by adjusting the co-extrusion param-

eters such as suspension viscosity, air gap, and flow rate of the internal coagulant.

Fig. 4.24 Structure and flow channels of a dual-layer spinneret (Reproduced from Ref. [29] with

permission of Elsevier)

Fig. 4.25 SEM images of dual-layer hollow fibers after co-sintering: (a) whole view, (b) cross
section (Reproduced from Ref. [30] with permission of Elsevier)
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4.2.6 Other Methods

Although several other methods are frequently used to prepare other inorganic

membranes, they are occasionally used to prepare MIEC membranes, including

dip coating, spin coating, spray coating, chemical vapor deposition (CVD), and

pulse laser deposition (PLD). All these methods are used to fabricate asymmetric

membranes, i.e., deposition of a dense thin layer on porous supports. Heat treatment

to densify the deposited layer is necessary for the first three methods. A much-

diluted suspension containing the ceramic powder, dispersant, binder, and plasti-

cizer is prepared as the precursor for dip coating, spin coating, and spray coating.

However, in a CVD experiment, volatile metallic salts (organic or inorganic) are

carried by a gas into an oven where vapor-phase reactions take place and oxides are

produced and deposited onto the pre-placed porous support. The PLD technique is

frequently used by physical and materials scientists to prepare epitaxial films with

thicknesses down to several nanometers. To obtain high-quality asymmetric mem-

branes through these methods, the quality of the support is the most important

factor, and it should be carefully pretreated. For the most part, only repetitious

deposition can form the dense thin layer through these methods. In the opinion of

the authors, they are somewhat inefficient and uneconomic for the fabrication of

MIEC membranes on a large scale if there is no significant improvement in the

processing techniques.

4.2.7 Comparison of the Methods

Finally, to illustrate the characteristics of the various MIEC ceramic membrane-

shaping methods more clearly, all these methods are included in Table 4.2 to briefly

explain and compare their main characteristics and applications.

4.2.8 Sintering

After shaping, the next most important step is sintering the as-prepared green

bodies into dense membranes or porous supports. For sintering, a high-temperature

furnace is necessary. There are currently many ways to obtain high temperatures,

such as traditional combustion, electric, laser, and chemical reactions. For sintering

MIEC membranes, furnaces heated by electricity rather than fuel are most often

used in laboratories and factories because MIEC membranes consisting of alkali

earth and rare earth elements are sensitive to CO2, SO2, and steam. Electric furnaces

with SiC and MoSi2 as the heating elements, which offer high temperatures up to

1300 and 1700 �C, respectively, are suitable for sintering MIEC membranes in

laboratories.

Many physical properties of ceramic membranes such as density, strength,

conductivity, microstructure, etc., are significantly influenced by sintering.
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Sintering is the result of mass diffusion at high temperatures, which is driven by the

surface free energy of the powder. This surface free energy gradually decreases as

the gas–solid interface is replaced by a solid–solid interface. Five mass transport

mechanisms are involved in the sintering process:

1. Evaporation–condensation

2. Surface diffusion

3. Lattice diffusion from the surface

4. Lattice diffusion from grain boundaries

5. Grain boundary diffusion

Among the five mass transport mechanisms, the first three provide coarsening

between grains, but this behavior has little influence on the density of the ceramic

body. If the goal of the sintering is to produce porous ceramic membranes or

supports, the coarsening effect improves the strength without a significant decrease

in porosity. However, the last two provide densification of the ceramic body. The

sintering conditions have a significant influence on the predominant mass transport

mechanisms, which affect the microstructure of the final ceramic body. These

Table 4.2 Comparison of the main characteristics and applications of the membrane-shaping

methods

Dry-

pressing Extrusion

Slip

casting

Tape

casting

Phase

inversion

Moisture before

shaping

3–8 wt% 15–25 wt

%

25–35 wt

%

25–40 wt% 25–40 wt%

Moisture after shaping 3–8 wt% 15–25 wt

%

15–25 wt

%

5–10 wt% 5–10 wt%

Duration of shaping

process

Low Medium High Low Low

Shaping energy

consumption

High Medium Low Medium Low

Green density High Medium Low High Low

Green deformability Low Medium Low High High

Shrinkage after firing Low Medium High Low High

Automation level Medium High Low High High

Specific production

costs

Medium Low High Medium High

Productivity Medium High Low High High

Mold/die material Rigid or

elastic

Rigid Rigid Rigid Rigid

Shapes Sheets,

tubes

Tubes Tubes Sheets Hollow fibers,

sheets

Shaping asymmetric

membrane

Easy Difficult Difficult Easiest Easy

Membrane size Small/

medium

Small/

medium

Medium/

large

Medium/

large

Small

Typical membrane

thickness

0.5–3 mm 0.5–3 mm 1–3 mm 0.02–1 mm 0.1–0.5 mm
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mechanisms can be regulated by changing the temperature, duration, atmosphere,

pressure, heating/cooling rate, starting grain size, and additives (pore formers or

sintering aids). In addition to the sintering conditions, many factors influence the

sintering process and the characteristics of the resulting membranes, such as

particle size, particle-size distribution, specific surface area, agglomeration type,

shaping method, and the condition of the green bodies. Therefore, the sintering

program and method of preparing the powders and membranes need to be carefully

selected to obtain a membrane with a thin dense layer and a thick porous support

layer through sintering in one step.

There are three stages in sintering, i.e., an initial stage, intermediate stage, and

final stage. In the initial stage, evaporation–condensation, surface diffusion, and

lattice diffusion from the surface prevail. There is no obvious change in grain size,

volume, or density, but a sintering neck forms. To achieve high density, the

temperature should be increased quickly in this stage because the formation of

necks reduces the driving force for the subsequent densification. In the intermediate

stage, with increasing temperature, the sintering necks become big and the distance

between grains decreases, accompanied by the formation of a pore network

throughout the body; at the same time, the grain size increases and the volume of

the body decreases, accompanied by the increase of density. In the final stage, the

relative density increases to >90% and more gas pores disappear. Figure 4.26

shows typical SEM images of the three stages.

For all these reasons, it is difficult to acquire ceramic materials with nano-size

grains and high density simultaneously. Important progress on ceramic sintering

theory was proposed by Chen et al. in 2000 [33]. In their study, they successfully

overcame the dilemma by using a two-step sintering method, which greatly promoted

the development of nano-size bulk materials. In the first step, the temperature is

increased to a high value to complete the initial stage of sintering and reach a relative

density of more than 75%; then, the temperature is decreased to a proper point and

the sample is maintained at that temperature to complete densification. As the isolated

pores appear in the final period of traditional sintering, boundary diffusion and

boundary movement in the bulk occur. Boundary diffusion leads to densification of

the ceramic body, whereas boundary movement results in grain growth. The activa-

tion energy of boundary movement is higher than that of boundary diffusion;

therefore, one can imagine that if a sample is placed in a low-temperature

Fig. 4.26 Typical SEM pictures of the three stages in sintering: (a) initial stage, (b) intermediate

stage, (c) final stage
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environment in its final period of sintering, the movement of the boundary is limited,

and thus the increase in grain size is restrained. As a result, the grain size remains

almost constant during densification caused by boundary diffusion in the later period

of sintering. Many organic additives are utilized while shaping the membrane green

body in all the methods mentioned above, and so the temperature should be increased

slowly to avoid crack generation during heating. Therefore, combined with sintering

mechanisms and the two-step method, sintering curves for dense membranes and

porous membranes are plotted in Fig. 4.27.

For MIEC membranes, the preparation of nano-sized membranes is a challeng-

ing job. Although the viewpoint is conflicting on the contribution of grain bound-

aries to oxygen transport, membranes with small grain sizes show high mechanical

strength. In the author’s group, sintering ceria-based dual-phase membranes via the

two-step method was attempted, as shown in Fig. 4.28. Using traditional sintering,

Fig. 4.27 Two different sintering procedures, (a) for dense ceramic membranes and (b) for porous
ceramic membranes

Fig. 4.28 SEM images of dual-phase membranes sintered via the two-step method (a) and the

traditional method (b). For the two-step method, the temperature was first increased to 1450 �C
and then decreased to 1250 �C and maintained at 1250 �C for 10 h. For the traditional method, the

temperature was increased to 1450 �C and maintained at this temperature for 3 h
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the temperature was increased to 1450 �C and maintained at this temperature for

3 h. Using two-step sintering, the temperature was first increased to 1450 �C and

then decreased to 1250 �C and maintained at 1250 �C for 10 h. The relative

densities of the two disks were all higher than 95%, but the grain size and

microstructure were obviously different. A microstructure of perovskite grains

(small grains) and fluorite grains (big grains) was visible on the surface of the

two-step sintered membrane, which allowed for facile oxygen exchange and bulk

diffusion. However, for the traditional one-step sintered membrane, the surface was

covered by fluorite grains because of the lower surface energy of the fluorite phase

as compared to the perovskite phase, which does not favor oxygen exchange and

electron transport.

4.3 Characterization of MIEC Membranes

4.3.1 Permeation Flux

Permeation flux is one of the most important properties of MIEC membranes. Once

a dense MIEC membrane is obtained after sintering, one can test its oxygen

permeation flux after sealing it in a permeation setup. There are two operation

models used to determine permeation flux, the gas chromatographic (GC) method

and the oxygen-pump method. Figure 4.29 shows diagrammatic sketches of the two

methods. For the oxygen-pump method, the membrane is sealed on an yttria-

stabilized zirconia (YSZ) tube, with both walls coated with porous Pt electrodes.

An oxygen electrochemical potential is generated by applying an electric potential

between the two electrodes. Driven by this electric potential, oxygen ions are

transported out of or in to the YSZ tube so as to adjust the oxygen partial pressure

of the permeation side. Under a constant potential difference, the current eventually

stabilizes. The stable current value corresponds to the oxygen permeation flux

Fig. 4.29 Diagrammatic sketches of the two methods for determining permeation flux. (a) Gas
chromatographic (GC) method, (b) oxygen-pump method (Reproduced from Ref. [34] with

permission of Elsevier)
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ð1 A cm�2 ¼ 3:47 mL cm�2min�1 ¼ 2:59� 10�6 mol cm�2s�1Þ, whereas the

open-circuit voltage (OCV) corresponds to the oxygen chemical potential gradient.

Usually, air is fed to the retentate side, so the oxygen partial pressure of the

permeation side can be calculated using the Nernst equation. Kharton et al. used

this method to test the permeation fluxes of many perovskite membranes [34]. How-

ever, the main shortcoming of this method is that the leakage could not be

monitored in real time. For the widely utilized GC method, the membrane is sealed

on an alumina or quartz tube, and the oxygen chemical potential gradient is created

by introducing sweeping gas to the permeation side. The gradient or oxygen partial

pressure of the permeation side can be regulated handily by adjusting the flow rate

of the sweeping gas. The concentrations of oxygen and nitrogen (due to imperfect

sealing) in the effluent are quantitatively analyzed by GC so that the leakage can be

monitored in real time during the course of testing. There are four kinds of sealants

mentioned in the literature: glass powders or rings, ceramic powders, Ag paste or

rings, and Au paste or rings. A detailed discussion of the sealing is given in

Chap. 10.

Although there has been continuous research for the past 30 years, no standard

testing conditions have been established up to now. Each research group uses

different testing conditions to investigate their membranes. Many factors may

influence the permeation flux, such as membrane thickness, the oxygen partial

pressure gradient across the membrane (Chap. 5), the coarseness of the membrane

surface, etc. Most researchers use a sweeping flow rate of 20� 50 mL min�1,

whereas others adopt high flow rates up to 200 mL min�1, which may lead to an

oxygen partial pressure gradient ranging from 21/5 to 21/0.1 kPa. If bulk diffusion

prevails, the difference in driving force would result in a ~3.7-times difference in

oxygen permeation flux. This is one of important reasons why the very high

permeation flux of a SrCo0:8Fe0:2O3�δ membrane reported by Toreaka et al. was

not achieved by other researchers [35]. Most permeation activation energies (Ea) of

membranes reported in the literature are not reliable because the oxygen permeation

flux values are usually acquired under a constant sweeping flow rates, in which the

oxygen chemical potential difference across membranes varies with temperature.

As a result, the calculated Ea is smaller than the actual value. The right way is to fix

the oxygen chemical potential difference by changing the sweeping rate with

temperature. Of course, different chemical potential differences may give various

Ea values because the Ea of surface exchanges is different from that of bulk

diffusion. A detailed discussion about how these steps influence the total Ea is

given in Chap. 5.

4.3.2 Electric Conductivity

In MIEC ceramic materials, four carriers are considered, i.e., electrons, holes,

oxygen ions, and oxygen vacancies. The corresponding electric conductivity for

electrons and holes is electronic conductivity and that for oxygen ions and
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vacancies is oxygen ionic conductivity. The electromotive force (emf) method is

used to obtain the ionic transport number when the electronic transport number is

small, and the partial conductivity of oxygen ions and electrons can be calculated

by multiplying their transport numbers by the total conductivity. However, the

electronic transport number of MIEC materials is usually 100–100,000 times higher

than the ionic transport number, especially for perovskite-type MIEC materials.

Therefore, this method is not suitable for perovskite-type MIEC materials. Another

method, called the electronic transport block method, is suggested for the measure-

ment of ionic conductivity. In this method, a thin layer of a pure oxygen ionic

conducting oxide such as YSZ is coated on one side of the MIEC sample. The total

ohmic resistance across the MIEC sample and the electronic block layer is recorded

through alternating current (AC) impedance, and then the ionic conductivity of the

MIEC sample is calculated by subtracting the resistance of the electronic block

layer from the total ohmic resistance. However, solid-state reactions, which pro-

duce new phases with various conductive behaviors, between the MIEC sample and

the electronic block layer cannot be prevented at elevated temperatures; as a result,

the measured data are inaccurate.

Some researchers suggested that the oxygen ionic conductivity can be calculated

by using Wagner’s equation through oxygen permeation experiments. To use this

method, the following three main assumptions are made:

1. An MIEC membrane has sufficient thickness to make sure that the oxygen

transport is controlled by bulk diffusion, and thus oxygen exchange on the

membrane surfaces can be totally ignored.

2. The electronic transport number of an MIEC material is much larger (>100

times higher) than its oxygen ionic transport number.

3. Either the ionic conductivity remains almost constant across the MIEC mem-

brane or the ionic conductivity changes little with changing oxygen partial

pressure.

Because the electronic conductivity is much closer to the total conductivity, the

ambipolar conductivity (Chap. 5) is approximately equal to the ionic conductivity.

A porous thin layer (5–20 microns) of a Co-based perovskite catalyst, such as

La0:6Sr0:4CoO3�δ, Sm0:6Sr0:4CoO3�δ, etc., with a high oxygen exchange rate was

suggested to coat on both sides of the MIEC membrane in order to reduce the

oxygen exchange resistances. Because the oxygen exchange resistance cannot be

completely eliminated, the obtained ionic conductivity will be lower than the actual

value. A new model equation that considers the surface effects in the oxygen

permeation process can separate the surface-exchange resistances from the bulk

diffusion resistance (see detailed discussion in Chap. 5), and so, accurate ionic

conductivity values can be gained through model regression of the permeation data.

Another frequently used and convenient way of measuring the ionic conductivity of

MIEC materials is to calculate it from the diffusion coefficient obtained from

isotropic exchange, conductivity relaxation, coulometric titration techniques, etc.

All these methods will be introduced in Sect. 4.3.4.
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More often, total conductivities are measured to show the electric transport

properties of MIEC materials. There are two common methods employed in the

measurement of total conductivity, i.e., the two-electrode method and the four-

electrode method, as shown in Fig. 4.30. The resistances of bar-shaped samples are

recorded by a multimeter directly for the two-electrode method or indirectly for the

four-electrode method, and then total conductivity is calculated through the fol-

lowing equation:

σtotal ¼ Llength
LwideLhigh

� 1

Rtotal

ð4:3Þ

To avoid introducing a large error, the two-electrode method is suitable for mea-

suring samples with high resistances (for instance, >1000 Ω). However, the four-

electrode method is suitable for measuring samples with low resistances. A constant

current is applied by a galvanostat on the outer two electrodes, and the voltage

between the inner two electrodes is recorded by a multimeter, as shown in Fig. 4.30.

4.3.3 Nonstoichiometric Oxygen

4.3.3.1 Thermogravimetric Analysis

Nonstoichiometric oxygen is an important parameter when studying MIEC oxide

materials because it reflects the concentration of oxygen vacancies in the bulk

material and because it is closely related to the electronic and ionic transport.

Three methods are used to determine the nonstoichiometric oxygen of MIEC

materials. One method uses hydrogen to reduce or decompose the MIEC oxide

into simple oxides with unambiguous chemical formulas, such as

ABO3�δ þ ð3� x� y� δÞH2 ¼ AOx þ BOy þ ð3� x� y� δÞH2O ð4:4Þ

The mass loss ratio (q) due to hydrogen reduction can be determined by

thermogravimetric (TG) analysis and the nonstoichiometric oxygen can be calcu-

lated by

δ ¼ MO 3� x� yð Þ � qMABO3

MO 1� qð Þ ð4:5Þ

Fig. 4.30 Four-electrode

method for conductivity

measurement
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where MO and MABO3
are the molar masses of the oxygen atom and the ABO3

perovskite oxide, respectively, and x and y are the respective stoichiometries of the

related oxides. For example, the mass loss of Ba0:5Sr0:5Co0:8Fe0:2O3�δ was 13.27%

after being reduced by hydrogen.

Ba0:5Sr0:5Co0:8Fe0:2O3�δ þ ð2� δÞH2

¼ 0:5BaOþ 0:5SrOþ 0:8Coþ 0:2Feþ ð2� δÞH2O ð4:6Þ

Here, x ¼ 1, y ¼ 0, and the calculated δ is 0.214.
MIEC membranes are operated at elevated temperatures, and so the

nonstoichiometric oxygen of the materials at high temperatures and different

oxygen partial pressures is more useful than that at room temperature. TG analysis

is the most convenient way to determine the change of nonstoichiometric oxygen as

a function of temperature and oxygen partial pressure.

4.3.3.2 Iodometry

Not all MIEC oxides can be reduced to products with fixed compositions. For

example, the valence states of iron and cerium elements in BaCe0:15Fe0:85O3�δ are

ambiguous after its reduction by hydrogen [36]. Therefore, another method, called

iodometry, is used to determine the nonstoichiometric oxygen of these MIEC

materials based on the following chemical reactions:

ABO3�δ þ ð6� 2δÞHþ þ ðm� 2δÞI�
¼ Anþ þ Bð6�n�mÞþ þ ð3� δÞH2Oþ ð0:5m� δÞI2 ð4:7Þ

2S2O
2�
3 þ I2 ¼ S4O

2�
6 þ 2I� ð4:8Þ

where n is the oxidation state of A-site ions, 6-n-m is the oxidation state of B-site

ions after reduction, and δ is the oxygen nonstoichiometry of the perovskite at room

temperature. Hence, there is a relationship between the amount of perovskite oxide

and the consumption of S2O
2�
3 , i.e., the molar ratio ofABO3�δ to S2O

2
3 is 1: (m ‐ 2δ).

Assuming the mass used in the reaction isw0, the molar concentration of Na2S2O3 is

C, and the consumed volume of the solution is V, one obtains the following

equation:

δ ¼ CVMABO3
� mw0

16CV � 2w0

ð4:9Þ

For BaCe0:15Fe0:85O3�δ, n ¼ 2 and m ¼ 1:85
However, because the nonstoichiometric oxygen acquired through iodometry is

at room temperature, the dependence of the nonstoichiometric oxygen on oxygen
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partial pressure and temperature needs to be determined by TG or coulometric

titration.

4.3.3.3 Coulometric Titration

Another method for determining the amount of nonstoichiometric oxygen at ele-

vated temperatures is coulometric titration. The advantage of this technique is that

it allows for direct regulation of the oxygen stoichiometry of a sample, as well as

accurate determination of thermodynamic quantities such as the partial energy and

entropy associated with the incorporation of oxygen into an oxide [37, 38]. In a

typical coulometric titration experiment at an elevated temperature, the oxide

sample is sealed inside an electrochemical cell (Fig. 4.31), which comprises an

electrochemical oxygen pump equipped with a solid electrolyte (typically YSZ) and

three electrodes (typically Pt) [39]. The oxygen stoichiometry of the sample is

regulated by electrochemically pumping oxygen into or out of the cell through the

solid electrolyte. Two operation models, i.e., galvanostatic and potentiostatic, are

used for electrochemically pumping oxygen into or out of the cell. Both methods

allow evaluation of the change in nonstoichiometric oxygen of the sample by

integration of the current over time. The change in nonstoichiometric oxygen

corresponding to a change in the equilibrium value of oxygen partial pressure of

the atmosphere surrounding the sample is calculated by numerical integration of the

decay current according to the following equation:

Δδ ¼ M

m

Z t¼1

t¼0

I tð Þ � Ileak
2F

dt ð4:10Þ

Fig. 4.31 Schematic

drawing of the solid-

electrolyte cell for

coulometric titration: (1)
porous sample, (2) yttria-
stabilized zirconia, (3)
porous Pt electrodes, (4)
platinum current collectors,

(5) glass–ceramic sealant,

(6) thermocouple

(Reproduced from Ref. [39]

with permission of Elsevier)
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where m is the mass of the sample, M is the molar mass of the oxide material, and

Ileak is the unavoidable leakage current. In the potentiostatic operation model, Ileak
is determined by measuring the value to which the current decays after a

potentiostatic step, whereas in the galvanostatic operation model, Ileak can be

calculated from the change in emf with time when the sample is in equilibrium

with the surrounding gas.

In addition to determining the nonstoichiometric oxygen of oxides, coulometric

titration is a powerful method for measuring thermodynamic quantities such as the

partial energy and entropy associated with the incorporation of oxygen into the

oxides. Therefore, a brief introduction is given here. The oxygen chemical potential

of the sealed sample is measured by recording the emf value across an auxiliary

solid electrolyte and reference electrode. At an equilibrium state, the oxygen

chemical potential of the sealed sample is equal to the oxygen chemical potential

of the gas surrounding the sample.

μsample
O2

¼ μgasO2
¼ μref:O2

� 4F� emf ð4:11Þ

where F is Faraday’s constant,μref:O2
is the oxygen chemical potential of the reference

gas (typically air) and emf is the electrodynamic force. The value of μref:O2
is given by

the following equations:

μref:O2
¼ μ0,gasO2

þ RT ln PO2
=P0ð Þ ð4:12Þ

μ0,gasO2
¼ RT n1 þ n2=T þ n3lnT þ n4ln 1� e�n5=T

� �h i
ð4:13Þ

where μ0,gasO2
is the chemical potential of oxygen at 1 atm and

n1 ¼ �1:225, n2 ¼ �1:045� 103K, n3 ¼ �3:500, n4 ¼ �1:013, and

n5 ¼ 2:242� 103K. For a sample at a constant nonstoichiometric oxygen, when

its oxygen chemical potential,μ sample
O2

, is performed as a function of temperature, the

entropy part and energy part are given by the following two equations, respectively:

s sample
O2

¼ � ∂μ sample
O2

∂T

 !
δ

ð4:14Þ

μ sample
O2

¼ ε sample
O2

� Ts sample
O2

ð4:15Þ

4.3.4 Diffusion Coefficients and Exchange Coefficients

The diffusion coefficient and interface exchange coefficient, which can be used to

calculate ionic conductivity, membrane characteristic thickness, distribution of

permeation resistance, and oxygen permeation flux, are important in investigating

134 4 Fabrication and Characterization of MIEC Membranes



mixed conducting membranes. Additionally, proper knowledge of the two coeffi-

cients provides a better understanding of oxygen transport across MIEC membranes

and the cathode materials of SOFCs. The two parameters can be obtained simulta-

neously from isotope exchange, relaxation, coulometric titration, impedance spec-

troscopy, and electrochemical polarization experiments. The most frequently used

methods are briefly introduced in this section; detailed discussions of the other

methods are found in the references [40–43].

4.3.4.1 Isotope Exchange

One of the direct methods of measuring the oxygen self-diffusion coefficient and

interfacial exchange coefficient of oxide materials is through18O isotope exchange,

followed by secondary ion mass spectrometry (SIMS) depth profiling and/or gas-

eous phase analysis. In the classical implementation, dense samples are evacuated

at a given temperature and then equilibrated in an atmosphere with the natural

content of oxygen isotopes (0.2%18O); once the samples are cooled, the apparatus

is evacuated again, and the18O-labeled gas is introduced into the chamber, followed

by rapid heating and maintaining the sample at the target temperature for a certain

annealing period. The analysis method depends on the18O penetration depth. For

depths smaller than 10 μm, the profiling method is usually used. For the

profilometry mode, the primary ion beam is rastered across a region of the sample

surface to produce a square profile while the secondary ion intensities of16O and18O

are recorded as a function of time. When the depths are relatively large, the

annealed samples are cut perpendicular to the exchanged surface and then analyzed

by laterally scanning the primary ion beam; the two isotopic secondary ion inten-

sities are recorded. Mass transport during the isotope exchange across the gas–solid

interface is given by

k* Cg � Cs

� � ¼ �D* ∂C xð Þ
∂x

� �
x¼0

ð4:16Þ

where Cg and Cs are the normalized isotopic fractions of18O in the gas and solid,

respectively, and k* D* are the tracer surface-exchange coefficient and tracer

oxygen diffusion coefficient, respectively. Neglecting the correlation effects, the

latter quantities are often considered essentially equivalent to the equilibrium

exchange coefficient, kex, and the self-diffusion coefficient, respectively. The ana-

lytical solution of the one-dimensional diffusion problem is given by Crank [44].

C0 xð Þ ¼ C xð Þ � Cbg

Cg � Cbg

¼ erfc
x

2
ffiffiffiffiffiffiffi
D*t

p
� �

� exp hixþ hi
2D*t

� � � erfc x

2
ffiffiffiffiffiffiffi
D*t

p þ hi
ffiffiffiffiffiffiffi
D*t

p� �
ð4:17Þ
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with erfc xð Þ ¼ 2ffiffiffi
π

p
Z 1

x

exp �x2
� �

dx ð4:18Þ

where C(x) is the isotopic fraction obtained from the exchange experiment, Cbg is

the natural background concentration of18O in the sample, and t is time. The

parameter hi ¼ k*=D* corresponds to the factor describing the oxygen concentra-

tion ratio between the sample surface and the gas phase. Figure 4.32 shows the

typical SIMS measurement modes to determine the diffusion coefficient. The two

transport parameters can be directly obtained by fitting the experimental curves to

Eq. (4.17).

Recently, a pulse isotopic exchange technique was developed for rapid evalua-

tion of the oxygen surface-exchange rate under different operation conditions, as

shown in Fig. 4.33 [45].

For this technique, the total oxygen surface-exchange rate, jtotex , is defined by the

first-order rate equation under equilibrium conditions:

ng
∂f 18g
∂t

¼ �j totex S f 18g � f 18s

� �
ð4:19Þ

where ng is the total number of oxygen atoms in the gaseous species; f18g and f18s are

the atomic18O isotope fractions in the gas and solid phases, respectively; and S is

the oxide surface area available for exchange. The exchange reaction involves a

sequence of possible elementary steps, and it can be classified into two major steps,

namely, dissociative adsorption of oxygen (or oxygen-containing species) and

incorporation of oxygen into the oxide lattice. The corresponding rates, designated

as jadex and jinex, respectively, have the following relation:

Fig. 4.32 Schematic representation of the SIMS measurement modes to determine the diffusion

coefficient ((1) depth-profile mode and (2) line-scanning mode)
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1

j totex

¼ 1

j adex
þ 1

j inex
ð4:20Þ

As for other exchange techniques based on the analysis of18O/16O-containing

species in the gaseous phase, powder samples are employed in the experiment,

and so diffusion coefficients in the solid cannot be acquired. The exchange coeffi-

cients collected by the pulse method are similar to those obtained from electrical

conductivity relaxation and isotopic exchange depth profiling methods. For mixed

conducting perovskites, the total exchange rate is dominated by dissociative

adsorption on the surface; the incorporation rate is two to three orders of magnitude

higher. For oxygen ionic conductors such as yttria-stabilized zirconia (YSZ), the

total exchange rate is jointly controlled by dissociative adsorption and

incorporation.

4.3.4.2 Electrical Conductivity Relaxation (ECR)

For mixed conducting oxides, a sudden change of the oxygen partial pressure leads

to the change in intrinsic physical parameters until a new equilibrium between the

gas and solid phases is achieved. The equilibration kinetics, and thus the oxygen

Fig. 4.33 (a) Reversible oxygen exchange between gaseous oxygen and oxygen from the oxide,

(b) two-step oxygen exchange mechanism for the oxygen exchange reaction, with formation of

mononuclear (i.e., dissociatively adsorbed) oxygen on the oxide surface as intermediate, and (c)
principle scheme of the transient isotopic pulse technique (Reproduced from Ref. [45] with

permission of RSC)
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exchange rates, are reflected in the variations of physical parameters, such as

electrical conductivity, mass, etc. The time dependence of these parameters is

related to the rates of surface oxygen exchange and oxygen chemical diffusion in

the bulk. Under relatively small alterations of the oxygen partial pressure, the

mobility of change carriers can be considered constant; therefore, one may assume

that the electrical conductivity linearly changes with the oxygen vacancy concen-

tration. Again, if the surface reaction kinetics are essentially linear with respect to

the oxygen concentration at the surface, the analytical solution for the plane

geometry of width 2wc, thickness 2hc, and length 2lc was given by Crank [44].

g tð Þ ¼ σ tð Þ � σ 0ð Þ
σ 1ð Þ � σ 0ð Þ ¼ 1�

X1
i¼1

X1
m¼1

X1
n¼1

2L21exp �β2i Dchemt=hc
2

� �
β2i β2i þ L21 þ L1
� �

� 2L22exp �γ2mDchemt=wc
2

� �
γ2m γ2m þ L22 þ L2
� � � 2L23exp �δ2nDchemt=lc

2
� �

δ2n δ2n þ L23 þ L3
� �

ð4:21Þ

where σ(0), σ 1ð Þ, and σ(t) are the conductivity values in the initial state, after

achieving a new equilibrium, and during the relaxation process, respectively. Here,

Dchem is the chemical diffusion coefficient, t is the diffusion time, and L1, L2, and L3
are dimensionless parameters determined by the surface-exchange and chemical

diffusion coefficients: L1 ¼ hckchem=Dchem, L2 ¼ wckchem=Dchem, and

L3 ¼ lckchem=Dchem, respectively. βi, γm, and δn are the nth roots of the equations:

βi tan βi ¼ L1, γm tan γm ¼ L2, and δn tan δn ¼ L3, respectively. If the sample is a bar

where the ratio of the length to the width is large (for instance,>10), the length can

be regarded as infinitely long, and so the last term of Eq. (4.21) can be neglected.

Other simplified equations based on Eq. (4.21) are also known in the literature, but

it is not possible to give a full account of these models in this brief review. The four-

probe method is usually used for the conductivity measurements; the Dchem and

kchem values are derived by fitting of the relaxation data using Eq. (4.21) or its

derivatives as the regression model. The ratio of Dchem and kchem is related to the

characteristic thickness of the mixed conducting membranes. In simple cases, these

can also be converted to the self-diffusion coefficient and equilibrium oxygen

exchange coefficient, respectively, via the use of thermodynamic factors. It is

necessary to note that the two parameters obtained by the relaxation method are

averaged over the given oxygen partial pressure range.

4.3.4.3 In Situ Isothermal Isotope Exchange (IIE)

In a SIMS experiment, dense samples are first annealed in18O2 and then quenched

for SIMS depth profiling of the diffused18O ions. Crank’s solution is used to model

the depth profile to obtain the tracer diffusion coefficient and surface-exchange

coefficient under certain experimental conditions. In an ECR experiment, dense

samples are exposed to oxygen partial pressure changes to obtain the time-
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dependent electrical conductivity changes. Similarly, Crank’s solution is used to

model the profiles to extract the chemical diffusion coefficient and surface-

exchange coefficient. These values are related to the tracer values by a thermody-

namic factor. However, the two kinetic parameters are obtained under ex situ

analysis (SIMS) or a nonequilibrium state. Furthermore, the surface-exchange

coefficient from the two methods is typically determined in the region of diffusion

limitation or mixed diffusion and exchange limitation due to the sample thickness

on the scale of millimeters. Armstrong et al. proposed a new method, named in situ

isothermal isotope exchange (IIE), to overcome these limitations by conducting the

isothermal isotope exchange experiments on powder samples [46–48].

For IIE, the same method as that used in SIMS and ECR can be taken to model

diffusion in powder particles. If the powder particles are spheres, it is possible to

obtain the two kinetic parameters from the accumulation isotope exchange profiles

by using Crank’s solution to the diffusion in a sphere:

Mt

M1
¼ 1�

X1
n¼1

6L2exp �β2nD
*t=a2

� �
β2n β2n þ L2 þ L
� � ð4:22Þ

βn cot βnþL� 1 ¼ 0 ð4:23Þ

L ¼ a � k
*

D*
¼ a

Lc
ð4:24Þ

All variables have the same meanings as previously defined. The additional variable

a is the radius of the sphere. Because the particle sizes are on the order of or lower

than Lc, the oxygen exchange rate between gas phase and solid phase is surface

exchange dominated, and meaningful k * values can be extracted. The accumula-

tion of18O in the powder sample is the desired profile to fit, and it can be described

by the following equation:

Mt ¼
Z t¼1

t¼0

rnet18Odt ð4:25Þ

where rnet18O is the rate of incorporation of18O into the sample, which can be

determined by

rnet18O ¼ 2rin18O � rout18O ð4:26Þ

rout18O ¼ 2rout18O þ r
16O
out

18O ð4:27Þ

where rin18O and rout18O are the rates of18O2 into and out of the reactor, respectively,

and rout18O and r
16O
out

18O are the rates of the18O and16O18O species out of the reactor,

respectively. Then the accumulation of18O in the powder sample can be rewritten as
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Mt ¼
Z t¼1

t¼0

2 rin18O � rout18O

� �
� r

16O
out

18O
� �

dt ð4:28Þ

Figure 4.34 gives an example of the calculation of the accumulation of 18O in La0:6
Sr0:4Co0:2Fe0:8O3�δ powder at 800 �C. Once the accumulation profiles were

obtained after the processing, the values of the two kinetic parameters, D * and

k *, can be extracted through regressing Eq. (4.22) and combining Eqs. (4.23) and

(4.24).

4.3.4.4 Oxygen Permeation

With the development of the oxygen permeation model, the kinetic parameter,

diffusion coefficient and surface-exchange coefficient, can be obtained through

some models. In these models, the oxygen permeation through an MIEC membrane

is separated into three steps, i.e., oxygen reduction on the retentate side, bulk

diffusion, and oxygen evolution on the permeation side. The three steps correspond

to oxygen exchange coefficient on the retentate side, the oxygen diffusion coeffi-

cient in the bulk, and the oxygen exchange coefficient on the permeation-side

surface, respectively. This will be thoroughly introduced in Chap. 5.

Fig. 4.34 Accumulation profile processing method demonstrated for La0:6Sr0:4ð Þ Co0:2Fe0:8ð ÞO3�δ

at 800 �C in 0.05 atm O2 (Reproduced from Ref. [47] with permission of ECS)
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4.4 Structure and Morphology Characterizations

Frequently utilized approaches for characterizing the crystal structure, microstruc-

ture, valence state, and micro-zone element distribution of MIEC materials or

membranes include X-ray techniques [X-ray diffraction (XRD), X-ray photoelec-

tron spectroscopy (XPS), extended X-ray absorption fine structure (EXAFS), etc.],

electron microscopic techniques [scanning electron microscopy (SEM), transmis-

sion electron microscopy (TEM), high-resolution transmission electron microscopy

(HRTEM), atomic force microscopy (AFM), and energy dispersive spectroscopy

(EDS)], and spectroscopic techniques [Fourier transform infrared spectroscopy

(FTIR), M€ossbauer spectroscopy, etc.]. All these techniques are widely discussed

in many textbooks and are not particular to the field of solid-state electrochemistry,

and so they are not introduced in this book. Several books on these characterization

techniques are listed in the reference section.
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Chapter 5

Permeation Principle and Models

Abstract Although the principle of oxygen permeation through anMIECmembrane

is simple, it is difficult to develop a proper mathematical equation to describe the

processes including oxygen exchange reactions on gas–solid interfaces and

ambipolar diffusion in membrane bulk. In this chapter, the classical Wagner equation

is introduced firstly. Only the oxygen permeation through an MIEC membrane is

dominated by the ambipolar diffusion in membrane bulk; the permeation process can

be well described by the Wagner equation. However, most of membranes are limited

by the joint control of interfacial exchange and bulk diffusion. Therefore, three

permeation models were developed by researchers to include the influence of oxygen

exchange reactions on the gas–solid interfaces. The derivation and applications of the

three models are separately introduced in detail in this chapter.

Keywords Oxygen permeation model • Wagner equation • Jacobson’s model • Xu

and Thomson’s model • Zhu’s model • Permeation resistances • Oxygen interfacial

exchange • Transport kinetics

5.1 Introduction

Oxygen permeation through an MIEC membrane involves many chemical and phys-

ical processes, which can be classified into three steps: a gas–solid interfacial

exchange step on the feed side, a diffusion step in the bulk membrane, and a gas–

solid interfacial exchange step on the permeation side. The exchange process between

gas-phase oxygen molecules and membrane surfaces includes a series of reaction

steps, and every step plays an important role in the oxygen permeation process.

Elemental steps, such as adsorption, dissociation, charge transfer, surface diffusion,

and oxygen ion incorporation into the lattice, are involved in the interfacial zone of the

feed side. The same elemental steps occur in the interfacial zone of the permeation

side but in the reverse direction, and the relative roles of the same steps may be

different. Interfacial exchange reactions on both sides become the rate-determining

steps (r.d.s.) if the bulk transport, including both electronic and ionic transports, is fast
enough or if the membranes are thinner than the characteristic thickness (Lc). On the

other hand, if bulk diffusion is the r.d.s., oxygen permeation flux through MIEC

membranes can be well described by the Wagner equation. If the ambipolar
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conductivity is marginally affected by the oxygen partial pressure across membranes,

the equation shows a simple relation between the oxygen permeation flux and the

operating conditions, i.e., the temperature and oxygen partial pressures on both sides.

However, only a few membranes or membranes with sufficient thickness can meet the

requirement of bulk diffusion limitation. To achieve a practical and effective descrip-

tion of the oxygen permeation behavior across MIEC membranes, several models and

empirical equations have been developed in recent years that consider the effects of

oxygen exchange reactions on gas–solid interfaces. For example, considering the

influence of the interfacial exchange steps, Boumeester et al. modified the Wagner

equation to develop a general permeation model by introducing the important concept

of characteristic thickness [1]. Jacobson et al. derived a general equation to describe

oxygen permeation through MIEC membranes based on the dependence of a net

oxygen interfacial exchange flux under a chemical potential [2–4]. Another general

equation was developed by Xu and Thomson, who simplified Lin’s model by analyz-

ing the diffusion of oxygen vacancies through membranes and the oxygen exchange

reactions at the interfaces [5, 6]. More recently, Zhu et al. developed a permeation

model based on the theoretical analysis of the role of interfaces of mixed conducting

membranes [7]. In addition to the abovementioned models, several empirical equa-

tions were found to fit permeation curves very well. These models were developed

from different starting points and based on different assumptions; all have succeeded

in modeling some experimental data. Therefore, in this chapter, in addition to the

classic Wagner equation, these models will be introduced for a deep understanding of

the mechanism of oxygen permeation through MIEC ceramic membranes.

5.2 Wagner Equation and Related Modifications

The basic assumption supporting the Wagner equation is that the bulk diffusion of

oxygen or electronic charge carriers through MIEC membranes is the r.d.s. In

addition, it is lattice oxygen ions rather than molecules and atoms that are selec-

tively transported through membranes under the driving force of a chemical

potential drop of oxygen. External circuitry connecting both surfaces of the mem-

brane such as in SOFCs is unnecessary because continuous oxygen ionic flow is

formed by the charge compensation of a simultaneous flow of electronic charge

carriers in the bulk. The charge carriers in MIEC membranes are oxygen ions,

oxygen vacancies, electrons, and holes. Directional movement of oxygen ions or

oxygen vacancies contributes to the oxygen ionic current, whereas that of electrons

or holes contributes to the electronic current. There is no applied electric potential

across MIEC membranes, and so the sum of the two currents is equal to zero to keep

the electric neutrality in the whole membrane. The equilibrium between electrons

and holes occurring in MIEC membranes is given as

nil Ð e0 þ h ∙ ð5:1Þ

146 5 Permeation Principle and Models



with an equilibrium constant given as

Ke ¼ np ð5:2Þ

Here, n and p denote the concentration in molar fraction of electrons and holes,

respectively. Oxygen transport in MIEC materials, especially in perovskite oxides,

is generally considered to occur through a vacancy transport mechanism. Therefore,

in an MIEC conductor, the equilibrium of interest is the following:

1

2
O2 þ V ∙ ∙

O Ð O�
O þ 2h ∙ ð5:3Þ

At a thermodynamic equilibrium, the oxygen exchange current density from the gas

to the solid is equal to that from the solid to the gas. Also the following relationship

should be satisfied:

1

2
μO2

þ μV ∙ ∙
O
¼ μO�

O
þ 2μh ∙ ð5:4Þ

For small deviations from the thermodynamic equilibrium, one can expand

Eq. (5.4) to give

1

2
δμO2

þ δμV ∙ ∙
O
¼ 2δμh ∙ ð5:5Þ

where δX denotes a small deviation in the thermodynamic potential X from the

equilibrium state. Here, the chemical potential of lattice oxygen is assumed to be

constant. The local equilibrium needs to be retained, and this requires that the

membrane material can transport at least two kinds of species in and out. For

mixed conducting materials, fast transport of both holes and oxide ions makes it

easy to maintain local equilibrium. Oxygen ionic and electronic current densities

are given by

IV ∙ ∙
O
¼ σV ∙ ∙

O

2F
∇μV ∙ ∙

O
¼ σV ∙ ∙

O

2F

dμV ∙ ∙
O

dx
ð5:6Þ

and

Ih ∙ ¼ σh ∙

F
∇μh ∙ ¼ σh ∙

F

dμh ∙

dx
ð5:7Þ

Substituting Eq. (5.5) into Eq. (5.6), we get the following relationship:

IV ∙ ∙
O
¼ σV ∙ ∙

O

4F

dμO2

dx
þ σV ∙ ∙

O

F

dμh ∙

dx
ð5:8Þ
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Because no voltage is applied to the MIEC membrane and only an oxygen chemical

potential gradient is imposed across the membrane, the net current through the

membrane is zero.

IV ∙ ∙
O
þ Ih ∙ ¼ 0 ð5:9Þ

and

jIV ∙ ∙
O
j ¼ 4FjO2

ð5:10Þ

One can obtain the following equation by combining Eqs. (5.7), (5.8), (5.9), and (5.10):

jO2
¼ � 1

42F2

σV ∙ ∙
O
σh ∙

σV ∙ ∙
O
þ σh ∙

dμO2

dx
ð5:11Þ

or, in a more generalized form,

jO2
¼ � 1

42F2

σionσel
σion þ σel

dμO2

dx
ð5:12Þ

where σion is the oxygen ionic conductivity and σel is the electronic conductivity.

Integration of Eq. (5.12) across the MIEC membrane thickness, L, yields the

Wagner equation in the form of

jO2
¼ � RT

42F2L

ZlnPII
O2

lnPI
O2

σionσel
σion þ σel

d lnPO2
ð5:13Þ

More often, the electronic conductivity of MIEC materials is much higher (>100

times) than their oxygen ionic conductivity. As a result, the ambipolar conductivity

is very close to the oxygen ionic conductivity. Furthermore, if the oxygen ionic

conductivity remains constant across the membranes, a more simplified Wagner

equation is derived in the form of

jO2
¼ �RTσion

42F2L
ln

PII
O2

PI
O2

ð5:14Þ

From the above equation, we find that the oxygen permeation flux is directly

proportional to Tσion and ln ðPI
O2
=PII

O2
Þ and inversely proportional to the membrane

thickness. Considering that the activation of conductivity is expressed by the

Arrhenius equation, given as

σT ¼ Ae�
Ea
RT ð5:15Þ
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the activation energy, Ea, of the oxygen permeation flux is equal to that of the

oxygen ionic conductivity. Figure 5.1 shows the dependence of the oxygen

permeation flux on ln ðPI
O2
=PII

O2
Þ performed on a Ba0.5Sr0.5Co0.8Fe0.2O3�δ

(BSCF) tubular membrane with a wall thickness of 1.7 mm [8]. Good straight

linear fittings passing the origin of coordinate in the temperature range of

700–900 �C show that the oxygen permeation through the membrane is domi-

nated by either bulk diffusion or oxygen ionic transport across the bulk

membrane.

At small oxygen deficiency variations, a limited oxygen pressure difference, or

both, acceptor dopants are among the major defects for perovskite-type mixed

conducting materials, in which the nonstoichiometric oxygen is a power function

of oxygen pressure [9].

δ ¼ δ0P
n
O2

ð5:16Þ

where δ0 is the nonstoichiometric oxygen at the reference oxygen pressure (1 atm)

and n is an exponent constant. If the oxygen vacancies are fully ionized or not

associated with other point defects, that is to say, if all the oxygen vacancies come

from nonstoichiometric oxygen and contribute to oxygen transport, the oxygen

ionic conductivity can be written as follows:

σion ¼ 4F2δDV

RTVm

ð5:17Þ

Fig. 5.1 Oxygen permeation flux of the Ba0.5Sr0.5Co0.8Fe0.2O3�δ membrane tube against ln(P1/

P2) at different temperatures. Conditions: P1 varied from 0.09 to 1 atm; P2 varied from 0.0093 to

0.1147 atm; 2r1¼7.96 mm; 2r2¼4.56 mm; L¼17.68 mm; S¼2.531 cm2 (Reproduced from [8] with

permission of Elsevier)
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where DV is the vacancy diffusion coefficient and Vm is the molar volume of

perovskite oxides. Considering that the electronic conductivity of MIEC materials

is several orders of magnitude higher than that of ionic conductivity, after substitut-

ing Eqs. (5.16) and (5.17) into Eq. (5.13), the Wagner equation changes to

jO2
¼ � DVδ0

4VmL

ZlnPII
O2

lnPI
O2

Pn
O2
dlnPO2

¼ DVδ0
4VmLn

PI
O2

� �n
� PII

O2

� �nh i
ð5:18Þ

For a membrane material,DV, Vm, and δ0 are constants at a certain temperature, and

so the above equation can be given by a more simplified form:

jO2
¼ α

L
PI
O2

� �n
� PII

O2

� �nh i
ð5:19Þ

where α ¼ DVδ0=4Vmn. Strictly speaking, DV is not a constant, and its value may

decrease slightly with decreasing oxygen partial pressure. According to the classi-

cal diffusion theory, DV is proportional to a factor of (1�δ/3), which is the

probability of vacancy diffusion in perovskite oxides. If this point is considered

in deriving Eq. (5.18), the derivation becomes complicated. The value of n can be

determined experimentally from the dependence of nonstoichiometric oxygen on

the oxygen partial pressure through the thermogravimetric method and the coulo-

metric titration method or from linear fitting of the oxygen flux to ðPI
O2
Þn � ðPII

O2
Þn.

Mizusaki et al. investigated the relationship between nonstoichiometric oxygen and

the oxygen partial pressure of the perovskite oxides La1�xSrxCoO3�δ (x¼ 0, 0.1,

0.2, 0.3, 0.5, 0.7) in the range of 10�5 � PO2
� 1 atm and 300 � T � 1000∘C

[9]. The n value changes from �1/2 to �1/16 when the x value increases from 0 to

0.7 at 800 �C. Excellent agreement was achieved on fitting the n values to the

oxygen permeation fluxes using Eq. (5.19) when the x value was smaller than 0.6,

but it was not good when the x value was larger than 0.6. The success in fitting

benefitted from the thick membrane (2 mm) employed at a much high temperature

(1000 �C) because bulk diffusion may prevail under those conditions.

Actually, this equation can model the permeation flux dependence on oxygen

partial pressure (whenever it is governed by bulk diffusion or surface exchange

kinetics) by adopting different values of the exponent n, although the formula is

theoretically derived from a bulk diffusion equation. Therefore, the slope coef-

ficient, α/L, is directly related to the vacancy diffusion coefficient only if the

permeation process is totally limited by the bulk diffusion; an exchange coeffi-

cient can be obtained using α/L as long as the exchange reactions prevail. In the

latter case, the physical meaning of n in Eq. (5.19) becomes amphibolous, but

some researchers have reported that the permeation is predominantly limited by
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surface exchange kinetics when n is large and positive and mainly controlled by

the bulk processes when n is small. For example, Huang et al. [10] discussed the

relationships between n and the oxygen permeation r.d.s. in detail; they argued

that the permeation is mainly controlled by bulk diffusion when n is negative and
mainly restricted by interfacial exchange when n is close to 0.5. Note that the

value of n in Eq. (5.19) is dependent on the thickness and temperature, so

n changes from bulk diffusion controlled to interfacial exchange controlled

when the thickness is reduced. That is to say, n is not an intrinsic parameter; it

varies for different membranes, even if they are prepared via the same route and

have the same composition. Thus, it is difficult to use this parameter for

extrapolation.

If interfacial exchange is considered, the Wagner equation can be modified by

introducing the concept of characteristic thickness, Lc, at which point the transition
occurs from predominantly diffusion controlled to control by interfacial exchange.

Under a small oxygen partial pressure gradient and the electronic conduction

prevailing in MIEC materials, Lc can be expressed as [1]

Lc ¼ Ds

ks
¼ D*

ks
ð5:20Þ

where ks is the exchange coefficient on a gas–solid interface, Ds is the self-diffusion

coefficient of oxygen ions with a valence charge of �2, and D* is the tracer

diffusion coefficient. If the correlation effects are not notable, the two diffusion

coefficients are close to each other. The measurement methods for these kinetic

parameters are shown in Chap. 4. Under the limitation of a small oxygen partial

pressure gradient across an MIEC membrane, the Wagner Eq. (5.14) can be

expressed as

jO2
¼ � 1

1þ ð2Lc=LÞ
RTσion
42F2L

ln
PII
O2

PI
O2

ð5:21Þ

where the surface exchange rates at the two gas–solid interfaces are assumed to

be the same. The factor 1/[1þ (2Lc/L )] is the reduction ratio of the oxygen flux as
the r.d.s. shifts from the total bulk diffusion limitation to mixed control by both

bulk diffusion and interfacial exchange. The diffusion coefficients and exchange

coefficient are all dependent on the oxygen partial pressure, and so Lc is a

function of process parameters. As a result, the dependence of oxygen perme-

ation flux on the oxygen partial pressure gradient and temperature is not as

simple as shown in Eq. (5.21). This equation cannot be directly used for model-

ing or simulation unless the oxygen partial pressure gradient across the mem-

branes is small or the dependences of Lc on the oxygen partial pressure and

temperature are available.
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5.3 Jacobson’s Model

5.3.1 Model Development

Under the operating conditions of an MIEC membrane, different oxygen partial

pressures are applied on the two sides of the membrane. The oxygen partial pressure

gradient results in a chemical potential drop across the bulk membrane, as well as a

chemical potential drop across the gas–MIEC oxide interface. The chemical potential

drop across the bulk gives rise to the diffusion current, whereas the potential drop

across the interface gives rise to the interfacial exchange current, as shown in Fig. 5.2.

If the interfacial exchange current has a specific dependence on the chemical

potential drop at the interface, then the dependence of the permeation behavior on

membrane thickness and oxygen partial pressures can be determined as well to obtain

the interfacial exchange rate coefficient and bulk diffusion coefficient. In this section,

an interfacial exchange ionic flux model is introduced, which was developed by

Jacobson and his coworkers [2–4]. Area-specific ionic fluxes (mol cm�2 s�1) referred

to in this model will be denoted as just ionic fluxes for simplification.

At the gas–solid interface of oxygen molecules and MIEC oxides, the chemical

reactions generate a forward exchange ionic flux from the gas phase to the solid

phase and a reverse exchange ionic flux from the solid phase to the gas phase. If the

overall reaction order of the exchange process is n, then the exchange ionic flux can
be given in the form of

jion, in ¼ kf c
0
O2

PO2
=P0ð Þn ð5:22Þ

Fig. 5.2 Schematic graph

of oxygen chemical

potential drop across an

MIEC membrane for

Jacobson model
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where kf is the interfacial exchange coefficient for the forward reaction, which is

assumed to be a constant when the oxygen partial pressure varies, c0O2 is the density

of oxygen gas molecules, and the superscript 0 indicates the quantities at 1 atm of

oxygen pressure. Considering the oxygen chemical potential relative to that at 1 atm

oxygen pressure, we obtain

ΔμO2
¼ RTln PO2

=P0ð Þ ð5:23Þ

where T is the absolute temperature, R is the gas constant, and P0 is the oxygen

pressure at 1 atm. By substituting Eq. (5.23) into Eq. (5.22), the exchange ionic flux

can be written as

jion, in ¼ kf c
0
O2
enΔμO2=RT ð5:24Þ

As the exchange reactions reach thermodynamic equilibrium at the gas–solid

interface,

1

2
ΔμO2

¼ Δμambi ð5:25Þ

and

jion, in ¼ jion, out ð5:26Þ

where Δμdi is the chemical potential of the oxygen ion–hole pairs in the MIEC

oxide.

To relate the exchange coefficient for the forward reaction to the coefficient for

the reverse reaction derived from isotope exchange experiments, the reverse ionic

flux is expressed as

jion, out ¼ krcO2- ð5:27Þ

where kr is the interfacial exchange coefficient for the reverse reaction and CO2� is

the density of oxygen ions in the MIEC oxide. Substituting Eqs. (5.22) and (5.27)

into Eq. (5.26) yields the following equation between the two surface exchange

coefficients:

kf c
0
O2

PO2
=P0ð Þn ¼ krcO2� ð5:28Þ

Because the oxygen partial pressure of the gas phase is equal to 1 atm and the

density of the oxygen ions is independent on oxygen pressure, then

kf c
0
O2

¼ k0r cO2� ð5:29Þ
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where k0r is the reverse surface exchange coefficient at an oxygen partial pressure of
1 atm. Combining Eqs. (5.24), (5.25), (5.26), and (5.27), the reverse ionic flux can

be expressed as

jion,out ¼ k0r cO2�e2nΔμambi=RT ð5:30Þ

All the above discussion is under a thermodynamic equilibrium state, and so the net

oxygen ionic flux by summing in and out is zero. However, in the case of oxygen

permeation, there is a net exchange ionic flux. If there is a little deviation from the

equilibrium state, the chemical potential of oxygen on the feed side is changed to

Δμ I
O2

and that of the oxygen ion–hole pairs in the MIEC oxide is shifted to Δμ 0
ambi.

Then, the chemical potential drop will cause a net exchange ionic flux across the

gas–solid interfacial layer I.

j Iion ¼ j Iion, in � j Iion,out ¼ k0r cO2�ðenΔμ I
O2

=RT � e2nΔμ
0
ambi=RTÞ ð5:31Þ

Similarly, a net exchange ionic current across the gas–solid interfacial layer II gives

jIIion ¼ jIIion, in � jIIion,out ¼ k0r cO2�ðe2nΔμ 00
ambi=RT � e

nΔμII
O2

=RTÞ ð5:32Þ

In the bulk of the MIEC membrane, the ionic flux is given by

jbulkion ¼ � cO2�Dambi

RT
∇μ ¼ � cO2�Dambi

RTL
ðΔμ 00

ambi � Δμ 0
ambiÞ ð5:33Þ

where L is the thickness of the membrane bulk zone and Dambi is the ambipolar

diffusion coefficient of oxygen ion–hole pairs, defined by

Dambi ¼ Dion

σel
σel þ σion

ð5:34Þ

where Dion is the ionic diffusion coefficient. Under a permeation steady state,

j feedion ¼ jbulkion ¼ jperm:
ion ¼ jion ¼ 2jO2

ð5:35Þ

The overall interfacial exchange reaction on perovskite MIEC oxides can be

expressed by Eq. (5.3). If the law of mass action can be used here, the exchange

ionic flux is directly proportional to ðPO2
=P0Þ1=2; that is to say, n is equal to 1/2.

Furthermore, good fit of the model to the experimental data was found when

n¼ 1/2. Therefore, n¼ 1/2 was adopted for the derivation of the following

equations.
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Combining Eqs. (5.31), (5.32), (5.34), and (5.35) and eliminating Δμ0ambi and

Δμ00ambi, one can obtain the following relationship:

jion
cO2�k0r

¼ Ld0
l
ln

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PI
O2
=P0

q
� jion=cO2�k0rffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

PII
O2
=P0

q
þ jion=cO2�k0r

ð5:36Þ

where Ld0 ¼ Dambi=k
0
r is the length scale that determines the sample thickness for

the r.d.s. of oxygen permeation shifting from diffusion-limited to surface-limited

transport. The implication of this parameter is similar to that of Lc defined by

Bouwmeester et al. [1] However, the self-diffusion coefficient or tracer diffusion

coefficient and surface exchange coefficient are used in the latter. For MIEC

perovskite membranes, their electronic conductivities are much higher than their

ionic conductivities, and so here the ambipolar diffusion coefficient is close to the

self-diffusion coefficient. However, here k0r is the surface exchange coefficient for
reverse ionic flux at an oxygen partial pressure of 1 atm.

If the oxygen permeation process is limited by interfacial exchange steps, then

Δμ0ambi � Δμ00ambi ð5:37Þ

Therefore, by combining Eqs. (5.31), (5.32), and (5.37), Eq. (5.36) can be simpli-

fied as

jO2
¼ jion=2 ¼ k0r cO2�

4

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PI
O2
=P0

q
�

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PII
O2
=P0

q� �
ð5:38Þ

If the oxygen permeation process is dominated by bulk diffusion, then

Δμ0ambi � Δμ I
O2
=2 ð5:39Þ

and

Δμ00ambi � ΔμIIO2
=2 ð5:40Þ

Therefore, by combining Eqs. (5.32), (5.33), (5.39), and (5.40), Eq. (5.36) can be

simplified as

jO2
¼ jion=2 ¼ DambicO2�

4L
ln
PI
O2

PII
O2

ð5:41Þ

The dependence of the oxygen permeation flux on the oxygen partial pressure is the

same as that shown in the Wagner equation.
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For a tubular membrane with an outer diameter of r1, an inner diameter of r2, and
a length of h, the general Eq. (5.36) changes to

FO2

πhcO2�Dambi
ln ðr1=r2Þ ¼ ln

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PI
O2
=P0

q
� FO2

=πr1hcO2�k0rffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PII
O2
=P0

q
þ FO2

=πr2hcO2�k0r

ð5:42Þ

where FO2
is the oxygen flow through the membrane. In the interfacial exchange-

and bulk diffusion-limited regimes, Eq. (5.42) reduces to

FO2
¼ πr1r2hcO2�k0r

r1 þ r2

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PI
O2
=P0

q
�

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PII
O2
=P0

q� �
ð5:43Þ

and

FO2
¼ πhcO2�Dambi

2ln ðr1=r2Þ ln ðPI
O2
=PII

O2
Þ ð5:44Þ

5.3.2 Model Application

Jacobson et al. fitted the permeation experimental data of SrCo0.8Fe0.2O3�δ and

Sm0.5Sr0.5CoO3�δ tubular membranes to this model to deduce the ambipolar dif-

fusion coefficient and the surface exchange rate coefficient from the dependence of

oxygen permeation on the oxygen pressure gradient [11]. The results are shown in

Fig. 5.3. The kinetic parameters derived from the model fitting agree reasonably

well with those obtained from the isotopic tracer experiments. Although there have

been some successful applications of this model to simulate experimental data

reported by Jacobson and coworkers, few other researchers have utilized this

model in their investigations because the complicated expression of Eqs. (5.36)

and (5.42) makes it difficult to determine how the process parameters, i.e., oxygen

partial pressure and temperature, affect the permeation flux. However, this model

shows the clear and simple dependence of the oxygen permeation flux on the

oxygen partial pressure when oxygen exchange on the gas–solid interfaces is the

limiting step. The plot of jO2
vsð

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PI
O2
=P0

q
�

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PII
O2
=P0

q
Þ is most frequently used to

determine whether the permeation process is dominated by interfacial oxygen

exchange or not. Figure 5.4 gives an example of the plots of jO2
vsð

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
PI
O2
=P0

q
�ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi

PII
O2
=P0

q
Þ and jO2

vs ln ðPI
O2
=PII

O2
Þ of SrCo0.8Fe0.2O3�δ and Sm0.5Sr0.5CoO3�δ

tubular membranes [11]. As shown in the figure, the transport in the

Sm0.5Sr0.5CoO3�δ tubular membrane is much closer to being bulk diffusion dom-

inated than that in the SrCo0.8Fe0.2O3�δ membrane.
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Fig. 5.3 (a) Oxygen flow F in SrCo0.8Fe0.2O3�δ tube measured at the indicated temperatures. The

experimental data are given by the open circles. The dimensions of the tube are r1¼0.61 cm,

r2¼0.41 cm, and w¼1.92 cm. (b) Oxygen flow F in Sm0.5Sr0.5CoO3�δ tube measured at the

indicated temperatures. The experimental data are given by the open circles. The dimensions of the

tube are r1¼0.64 cm, r2¼0.36 cm, and w¼1.48 cm (Reproduced from [11] with permission of

Elsevier)

Fig. 5.4 Normalized oxygen flow plotted vs log( p1/p2) in tubular membranes for

SrCo0.8Fe0.2O3�δ at 840
�C and Sm0.5Sr0.5CoO3�δ at 846

�C. Also shown is the flow in the surface

and diffusion-limited regimes (Reproduced from [11] with permission of Elsevier)
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5.4 Xu and Thomson’s Model

5.4.1 Model Development

As mentioned in the derivation of theWagner equation, oxygen vacancies and holes

are the main carriers in MIEC membranes. Xu and Thomson developed a perme-

ation model based on the fact that oxygen permeation through MIEC membranes

under the driving force of the oxygen chemical potential gradient is generated due

to the continuous transport of oxygen vacancies from the low oxygen partial

pressure side to the high oxygen partial pressure side, as shown in Fig. 5.5 [5]. In

brief, it is the transport of oxygen vacancies that gives rise to oxygen flux across the

membranes. Therefore, the oxygen exchange reactions on gas–solid interfaces

concerned here are at interface I of the feed side:

1

2
O2 þ V ∙ ∙

O ⇌
kf

kr
O�

O þ 2h ∙ ð5:45Þ

and at interface II of the permeation side:

O�
O þ 2h ∙ ⇌

kr

kf

1

2
O2 þ V ∙ ∙

O ð5:46Þ

where kf and kr are the rate constants of the forward and reverse reaction Eq. (5.45)

or the reverse and forward reaction Eq. (5.46), respectively. To derive the perme-

ation model, the following four main assumptions are proposed:

1. The electronic conductivity is much greater than the ionic conductivity.

2. The diffusion coefficient of the oxygen vacancies does not change with changing

oxygen pressure across the membrane.

Fig. 5.5 Oxygen

permeation through an

ion-conducting membrane.

Steps 1 and 5: solid mass

transfer of gaseous oxygen.

Steps 2 and 4: surface

exchange between

molecular oxygen and

oxygen vacancies. Step 3:

the oxygen vacancy bulk

diffusion
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3. The forward and reverse reaction rate constants of reaction Eq. (5.45) are

respectively equal to those of reaction Eq. (5.46).

4. The law of mass action can be used for the oxygen exchange reactions on both

interfaces.

For MIEC oxides, especially perovskite-type oxides, the electronic conductivity

is several orders of magnitude higher than the ionic conductivity; therefore, the

transport resistance of holes is much smaller than that of oxygen vacancies. At an

ideal status, or when all the oxygen vacancies are ionized and contribute to the mass

transport, the oxygen vacancy flux across the MIEC membrane dominates the

oxygen permeation flux, which fits with Fick’s first law and gives

jV ¼ �DV

dcV
dx

ð5:47Þ

where cV is the oxygen vacancy concentration. Integrating the above equation and

considering that the value of the vacancy flux is double that of the oxygen

permeation flux, then the oxygen permeation flux through membrane bulk is

jO2
¼ DV

2L
c00V � c0V
� � ð5:48Þ

where c0V and c00V are the concentrations of oxygen vacancies at the interfaces of

the feed and permeation sides, respectively.

It is reasonable to assume that the concentration of holes is constant at both

interfaces of the membrane for high electronic conductivities. Therefore, the

reverse reaction rate of reaction Eq. (5.45) and the forward reaction rate of

reaction Eq. (5.46) are pseudo-zero order at steady state under isothermal

conditions if the oxygen ionic concentration remains almost constant. Theo-

retical and experimental investigations have demonstrated that the two reac-

tions can be considered as elementary reactions and that the law of mass action

is therefore applicable, although many elemental steps, such as oxygen adsorp-

tion/desorption, dissociation/recombination, incorporation into/evolution out

of, and charge transfer, are involved in the two overall reactions. The reaction

rates of oxygen permeation fluxes across the two gas–solid interfaces can be

written as

across interface I:

jO2
¼ kfP

I
O2

0:5
c0V � kr ð5:49Þ

and

across interface II:

jO2
¼ kr � kfP

II
O2

0:5
c00V ð5:50Þ
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At a permeation steady state, oxygen fluxes through interface I, the bulk phase, and

interface II are equal to each other. By combining Eqs. (5.48), (5.49) and (5.50) and

eliminating c0V and c00V, a general oxygen permeation equation that can be readily

correlated to oxygen partial pressures is shown in the following:

jO2
¼

DVkr PI
O2

0:5 � PII
O2

0:5
� �

2Lkf PI
O2
PII
O2

� �0:5
þ DV PI

O2

0:5 þ PII
O2

0:5
� � ð5:51Þ

where DV, kr, and kf are functions of temperature and the permeation properties of

the membrane. All these parameters can be determined by fitting of the experimen-

tal oxygen flux data as a function of temperature and oxygen partial pressure

gradient.

It is important to know which steps limit the transport process. In this model, for

the first time, the concept of permeation resistance is introduced to describe the

limitations of gas–solid interfaces and the bulk phase during oxygen transport

across MIEC membranes. Interfacial exchange coefficients at both interfaces are

correlated to the permeation resistance of exchange kinetics, and they are defined

by the following equations:

across interface I:

jO2
¼ k0ex c0V � c0V,eq

� �
ð5:52Þ

and

across interface II:

jO2
¼ k00ex c00V,eq � c00V

� �
ð5:53Þ

where c0V,eq and c
00
V,eq are the equilibrium concentrations of oxygen vacancies under

the experimental conditions, which can be written as a function of oxygen partial

pressure by setting jO2
¼ 0 in Eqs. (5.51) and (5.52).

k0ex ¼ kfP
I0:5

O2
ð5:54Þ

k00ex ¼ kf P
II
O2
0:5 ð5:55Þ

Therefore, the general permeation Eq. (5.51) can be rewritten as

jO2
¼

kr
kf

PII
O2

�0:5 � PI�0:5
O2

� �
1
k 0
ex
þ 2L

DV
þ 1

k 00
ex

¼ ΔðPO2
Þ

R0 þ Rbulk þ R00 ¼
ΔðPO2

Þ
Rtot ð5:56Þ
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where ΔðPO2
Þ ¼ ðkr=kfÞ PII�0:5

O2
� PI�0:5

O2

� �
is the driving force of the oxygen

pressure difference across the membrane and Rtot ¼ R
0 þ Rbulk þ R00 is the total

permeation resistance. By substituting the relationships shown in Eqs. (5.54) and

(5.55), the partial resistances across interface I and the bulk phase, as well as across

interface II, can be expressed as

R0 ¼ 1

kfP
I
O2

0:5
ð5:57Þ

Rbulk ¼ 2L

DV

ð5:58Þ

R00 ¼ 1

kfP
II
O2

0:5
ð5:59Þ

The three parameters, DV, kr, and kf, in Eq. (5.51) can be acquired by fitting the

equation to the experimental data. Then, the partial permeation resistances of the

three steps can be calculated using the above three equations. As a result, the

r.d.s. of oxygen permeation can be valued quantitatively. This is the first model

that allows researchers to draw maps of resistance distribution as a function of

temperature and oxygen partial pressure.

If the oxygen permeation is dominated by bulk diffusion, i.e., Rbulk � R0 þ R00,
then the general permeation Eq. (5.56) can be simplified as

jO2
¼ ΔðPO2

Þ
Rbulk

¼ DVkr
2Lkf

PII
O2

�0:5 � PI
O2

�0:5
� �

ð5:60Þ

If the oxygen permeation is dominated by interfacial exchange, i.e.,

R0 þ R00 � Rbulk, then the general permeation Eq. (5.56) can be simplified as

jO2
¼ ΔðPO2

Þ
R0 þ R00 ¼ kr

PII
O2

�0:5 � PI
O2

�0:5

PII
O2

�0:5 þ PI
O2

�0:5
ð5:61Þ

The oxygen permeation flux linearly increases with decreasing thickness in the

bulk diffusion limitation regime until the interfacial exchange resistance cannot be

neglected as compared to the reduced bulk diffusion resistance. Lc is defined as the

point at which the transition occurs from predominantly diffusion-controlled to

control by surface exchange. In other words, as the point at which the exchange

resistance is equal to the bulk diffusion resistance, thus, Lc can be written as

Lc ¼ DV

2kf
PI
O2

�0:5 þ PII
O2

�0:5
� �

ð5:62Þ
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If the vacancy diffusion coefficient and reaction rate constant remain constant as the

oxygen partial pressure changes, the above equation shows the dependence of the

characteristic thickness on the oxygen partial pressure of both sides of the mem-

brane. Clearly, this expression of Lc is different from that shown by Eq. (5.20).

5.4.2 Model Application

Xu and Thomson fitted the permeation experimental data of

La0.6Sr0.4Co0.2Fe0.8O3�δ disk-type membranes to their model to acquire DV, kr,
and kf in Eq. (5.51) from the dependence of the oxygen permeation on the oxygen

pressure gradient and temperature [5]. The experimental measurements of oxygen

flux well matched the model results, with a correlation coefficient of 0.9966. Under

a small oxygen partial pressure difference, the oxygen exchange coefficients at both

interfaces are functions of oxygen partial pressure, and they have the relation

k0ex=k
00
ex ¼ PI

O2
=PII

O2

� �0:5
. Because PI

O2
is usually much higher than PII

O2
, the

contribution of interfacial exchange to total permeation resistance at the feed side

is often negligible as compared to that at the permeation side. Figure 5.6 shows

permeation resistance distributions under different conditions: (a) membrane

thickness, (b) oxygen partial pressure of the feed side, and (c) oxygen

partial pressure of the permeate side combined with temperature. The oxygen

exchange activation energy of the permeation side is higher than that of oxygen

vacancy diffusion, and so R00 increases quickly with decreasing temperature,

as shown in Fig. 5.7a. The activation energy values are lower at higher temper-

atures and higher at lower temperatures, even if neither the change of crystal

phase nor the ordering of oxygen vacancies happens. Xu and Thomson

thought that the two-stage characteristic of the permeation activation energy

of the La0.6Sr0.4Co0.2Fe0.8O3�δ membrane was induced by the change of

the r.d.s. from bulk diffusion to interfacial oxygen exchange kinetics. For the

La0.6Sr0.4Co0.2Fe0.8O3�δ membrane, the interfacial exchange at the feed side was

not the r.d.s., and so the distribution of these resistances holds the line as the

oxygen pressure at the feed side increases, as shown in Fig. 5.7b. However, R00

increases quickly with decreasing oxygen partial pressure on the permeation side,

as shown in Fig. 5.7c. This can be used to explain why in some cases the oxygen

flux linearly increases with ln PI
O2
=PII

O2
at a smaller oxygen pressure gradient

across the membrane but gradually deviates from the straight line as the oxygen

pressure gradient increases.

Among these three newly introduced models, the vacancy diffusion model

developed by Xu and Thomson is especially useful in identifying the relative

roles of bulk diffusion and interfacial exchange kinetics in a permeation process,

which is why this model is widely used [12–16]. Tan and coworkers simulated their

La0.6Sr0.4Co0.2Fe0.8O3�δ hollow fiber membranes using this model and found that

the kinetic parameters of the La0.6Sr0.4Co0.2Fe0.8O3�δ membrane reported by Xu
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and Thomson agreed well with their experimental results on the hollow fiber

La0.6Sr0.4Co0.2Fe0.8O3�δ membranes for oxygen separation from air [12]. The

performance of the hollow fiber module at various operating conditions was studied

theoretically, and the simulation results revealed that the cocurrent was a better

operating flow pattern than the countercurrent flow pattern. Similarly, they found

that the interfacial exchange reaction of the permeation side was more important

than that of the feed side, especially at lower operating temperatures. In a compar-

ison of the two interfacial exchange resistances, that on the permeation side was

much larger than that on the feed side. Furthermore, to derive a much more precise

model, Asadi et al. modified the Xu and Thomson model by considering the effect

of oxygen partial pressure on each side of the membrane on the gas flow rate and

assuming a nonelementary rate of reaction with respect to the oxygen partial

Fig. 5.6 (a) Effect of temperature on distribution of total permeation resistance. (b) Effect of PI
O2

on distribution of total permeation resistance under constantPII
O2

and T over the disk with thickness

of 3.99 mm. (c) Effect of PII
O2

on distribution of total permeation resistance (Reproduced from [5]

with permission of Elsevier)
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pressure. The predictions of the improved mathematical model showed excellent

agreement with the experimental data [14].

Although there have been many successful cases applying the model to other

membranes or LSCF membranes with different configurations, one assumption

proposed during the derivation of the model equation should be reevaluated, i.e.,

whether the forward and reverse reaction rate constants of one gas–solid interfacial

reaction are identical to those of other gas–solid interfacial reactions. The ratio

between partial permeation resistances on gas–solid interfaces I and II is obtained

by comparing Eqs. (5.57) and (5.59), which gives

R0

R00 ¼
ffiffiffiffiffiffiffiffi
PII
O2

PI
O2

s
ð5:63Þ

In typical oxygen permeation operations, the oxygen partial pressure of the feed

side is 10–103 times higher than that of the permeation side. As a result, the partial

permeation resistance on gas–solid interface II is always 3–30 times larger than that

on interface I. In other words, the interfacial exchange reaction on interface I cannot

Fig. 5.7 (a) Comparison of the modified and the unmodified hollow fiber membranes in oxygen

permeation flux. Reproduced from [17] with permission of Elsevier. (b) The relationship between
oxygen permeation fluxes and reciprocals of thicknesses of BaCe0.15Ce0.85O3�δ membranes at

different temperatures. Reproduced from [18] with permission of Elsevier. (c) The relationship

between oxygen permeation fluxes and reciprocals of thicknesses of membranes with

BaCe0.15Ce0.85O3�δ porous layer at different temperatures (Reproduced from [18] with permission

of Elsevier)
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be the r.d.s. Coating an MIEC membrane surface with a porous catalyst layer is an

effective method for speeding up the exchange kinetics on both interfaces. From the

above analysis, one can infer that the permeation flux of a membrane can only be

marginally improved by coating porous catalyst layer on the surface of the feed side

for the improvement of oxygen exchange on the feed side. However, experimental

investigations have shown that the permeation flux of MIEC membranes can be

significantly improved by coating catalysts on the feed side. For example, the

oxygen permeation fluxes of LSCF hollow fiber membranes were improved by

~200% by coating a porous LSCF layer on the feed side surface [17]. In our group,

we found that the oxygen permeation flux of a BaCe0.15Fe0.85O3�δ perovskite

membrane was improved by 40–100% by coating a 10-μm-thick

Ba0.5Sr0.5Co0.8Fe0.2O3�δ porous layer on the feed side of the membrane [18]. As

a result, the permeation process was shifted from being jointly limited by both

interfacial exchange and bulk diffusion to being limited predominantly by bulk

diffusion, as shown in Fig. 5.7. The above results show that the relationship

between the two partial permeation resistances is not as expressed by Eq. (5.63).

Furthermore, if the feed gas or the sweep gas contains impurities, such as H2O and

CO2, the phase structure on the membrane surface and the elemental composition

will change significantly during oxygen permeation, and so the forward and reverse

reaction rate constants will vary accordingly. Therefore, strictly speaking, the

model given in Eq. (5.56) is unsuitable for modeling because the reaction rate

constants are identical on both interfaces.

5.5 Zhu’s Model

5.5.1 Model Development

In the models described above, the focus is only on the role of defect chemistry (for

instance, the Wagner equation) or on taking into account either ion or vacancy

transport across interfaces (for instance, the surface exchange ionic flux and

vacancy diffusion models) but not both. Here, we developed a permeation model

that takes into account both ionic and electronic transports across gas–solid inter-

faces and the bulk phase of MIEC membranes [7]. Appropriate assumptions are

necessary for the theoretical analysis, the development of simple equations, and an

understanding of the nature of interface effects. The following three assumptions

were therefore used in this model:

1. The transport properties of electrons/holes and oxygen ions in a given zone are

constant, regardless of position and oxygen chemical potentials.

2. The diffusion resistance or concentration polarization resistance from oxygen

molecules from the environmental atmosphere to the membrane interfaces on

both sides can be totally ignored. It should be noted that this hypothesis may be

invalid for thin dense membranes on thick supports.
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3. The law of mass action can be used for the oxygen exchange reactions on both

interfaces.

The best-known one-dimensional diffusion equation describing a continuous

flux of species through a unit surface is Fick’s first law.

ji ¼ �Di
dci
dx

ð5:64Þ

where ji is the flux of the species being transporting through the unit area (mol cm�2

s�1), Di is the diffusion coefficient of the species (cm2 s�1), and ci is the concen-

tration of the species i (cm�3). The equation can be rewritten by combining

classical thermodynamics with the chemical potential of species i, which gives

ji ¼ �Dici
kBT

dμi
dx

ð5:65Þ

where μi is the electrochemical potential of component i, kB is the Boltzmann

constant, and T is the temperature. For a mixed conducting membrane, it is

unnecessary to apply an electric potential due to the inner short circuit, and so

here, the electrochemical potential is equal to the chemical potential aroused by the

oxygen partial pressure gradient across the MIEC membrane.

The current density Ii (A cm�2) due to the directional transport of species i for a
one-dimensional case is given by

Ii ¼ zieji ¼ � zieDici
kBT

dμi
dx

¼ � σi
zie

dμi
dx

ð5:66Þ

where σi ¼ zi
2e2ciDi/kBT is the conductivity of species i (S cm�1) transported in the

mixed conducting material, zi is the electrical charge of species i, and e is the

electronic charge (C). It should be kept in mind that no net current flows through the

membranes once the stationary state has been reached. Accordingly, equivalent

amounts of electrons and oxygen ions are oppositely transported across the mem-

brane. For a mixed ionic–electronic conductor, the equilibrium of interest is the

following:

1

2
O2 þ 2e0 Ð O2� ð5:67Þ

At thermodynamic equilibrium, the oxygen exchange current density from the gas

to the solid is equal to that from the solid to the gas. Also, the following relationship

should be satisfied:

1

2
μO2

þ 2μe ¼ μO2- ð5:68Þ
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For small deviations from the thermodynamic equilibrium, one can expand

Eq. (5.68) to give

1

2
δμO2

þ 2δμe ¼ δμO2- ð5:69Þ

where δX denotes a small deviation in the thermodynamic potential X from the

equilibrium state. Local equilibrium needs to be retained, and this requires that the

membrane material transport at least two kinds of species in and out. For mixed

conducting materials, fast transport of both electrons and oxide ions makes it easy

to maintain local equilibrium. Oxygen ionic and electronic current densities are

given by

IO2- ¼ σO2�

2F
∇μO2� ¼ σO2�

2F

dμO2�

dx
ð5:70Þ

and

Ie ¼ σe
F
∇μe ¼

σe
F

dμe
dx

ð5:71Þ

Substituting Eq. (5.69) into Eq. (5.70), we obtain the following relationship:

IO2� ¼ σO2�

4F

dμO2

dx
þ σO2�

F

dμe
dx

ð5:72Þ

Figure 5.8 shows a schematic illustration of a mixed conducting membrane across

which there is an oxygen chemical potential difference (μ I
O2
�μIIO2

) and an electronic

Fig. 5.8 Schematic graph of oxygen chemical potential drop across an MIECmembrane for Zhu’s
model
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chemical potential difference (μIe�μIIe ). The transport of oxygen ions and electrons

occurs across the interfacial zones, which can be greatly affected by external

conditions. Therefore, the thickness of the interfacial zones is difficult to determine

and not very well defined. It is assumed that the “interfacial zones” are of a certain

thickness, which is used to describe transport properties through both interfacial

zones in terms of conductivity and thickness. σ0
O2� , σ0e, σ

b
O2� , σbe , σ

00
O2� , and σ00e are the

oxygen ionic and electronic conductivities at interfacial zone I, bulk zone, and

interfacial II, respectively. l 0, lb, and l 00 are the thicknesses of interfacial zone I, the
bulk zone, and interfacial zone II, respectively. The area-specific conductance

(S cm�2) and area-specific resistance (Ω cm2) are introduced because it is impos-

sible to separately determine the conductivities and thicknesses of the interfacial

zones. However, the area-specific conductance and resistance can be measured

experimentally. The following relationships describe the area-specific oxygen ionic

conductance and resistance of interfacial zone I, the bulk zone, and interfacial zone

II, respectively:

κ0
O2� ¼ σ0

O2�

l0
¼ 1

r0
O2�

ð5:73Þ

κ b
O2� ¼ σ b

O2�

lb
¼ 1

r b
O2�

ð5:74Þ

κ00
O2� ¼ σ00

O2�

l00
¼ 1

r00
O2�

ð5:75Þ

There are relationships comparable to Eqs. (5.73), (5.74), and (5.75) that express

the area-specific electronic conductance and resistance of interfacial zone I, the

bulk zone, and interfacial zone II, respectively. The interfacial oxygen ionic or

electronic conductivity is not equal to the conductivity in the bulk membrane

because the membrane is greatly influenced by its microstructure, interfacial

elemental composition, etc. These equations are based on the simple assumption

that the transport properties are constant across the interfacial and bulk zones, and

thus the oxygen ionic and electronic current densities are given by

I0
O2� ¼ κ0

O2�

4F
μ 0
O2

� μ I
O2

� �
þ κ0

O2�

F
μ 0
e � μ I

e

� � ¼ μ0O2
� μ I

O2

4Fr 0
O2�

þ μ0e � μ I
e

Fr 0
O2�

ð5:76Þ

I b
O2� ¼

κ b

O
2�

4F
μ 00
O2

� μ 0
O2

� �
þ κ b

O2�

F
μ 00
e � μ 0

e

� � ¼ μ00O2
� μ0O2

4Fr b
O2�

þ μ00e � μ0e
Fr b

O2�
ð5:77Þ

I00
O2� ¼ κ00

O2�

4F
μIIO2

� μ00O2

� �
þ κ00

O2�

F
μIIe � μ00e
� � ¼ μIIO2

� μ00O2

4Fr00
O2�

þ μIIe � μ00e
Fr00

O2�
ð5:78Þ
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By analogy with the oxygen ionic current densities through the two interfacial

zones and the bulk zone, the electronic current densities can be written as

I0e ¼
κ0e
F

μ0e � μ I
e

� � ¼ μ0e � μ I
e

Fr0e
ð5:79Þ

I be ¼ κ b
e

F
μ00e � μ0e
� � ¼ μ00e � μ0e

Fr be
ð5:80Þ

I00e ¼
κ00e
F

μIIe � μ00e
� � ¼ μIIe � μ00e

Fr00e
ð5:81Þ

In the above equations, μ0O2
, μ0e, μ

00
O2
, and μ00e are the oxygen chemical potential and

electronic chemical potential at interfaces I and II, respectively. For mixed

conducting membranes, when the oxygen permeation reaches a steady state, the

oxygen ionic current densities in all zones are equal to each other, so do the

electronic current densities. There is no longer any differentiation; therefore, IO2�

and Ie will be used to denote the oxygen ionic and electronic current densities,

respectively. Because no voltage is applied across the MIEC membrane except an

oxygen chemical potential gradient, the net current through the membrane is zero,

that is, IO2� þ Ie ¼ 0. Furthermore, IO2� < 0, and Ie > 0. By combining Eqs. (5.76)

and (5.79) and Eqs. (5.77) and (5.80), as well as Eqs. (5.78) and (5.81), and

rewriting the equations, we obtain expressions for the oxygen chemical potentials

at the interfaces and the bulk.

Δμ0O2
¼ μ0O2

� μIO2
¼ �4Fðr 0

O2� þ r 0eÞjIO2� j ð5:82Þ
Δμb

O2
¼ μ00O2

� μ0O2
¼ �4Fðr b

O2� þ r be ÞjIO2� j ð5:83Þ
Δμ00O2

¼ μIIO2
� μ00O2

¼ �4Fðr 00
O2� þ r 00e ÞjIO2� j ð5:84Þ

Combining the above three equations gives

μIIO2
� μIO2

� �
¼ �4FjIO2� j r 0

O2� þ r 0e
� �� 4FjIO2� jðr b

O2� þ r be Þ
� 4FjIO2� jðr 00

O2� þ r 00e Þ ð5:85Þ

where the term on the left is the total oxygen chemical potential difference across

the membrane. The terms on the right are the reduced oxygen chemical potentials at

interface I, the bulk diffusion zone, and interface II. Therefore, the available total

driving force is distributed in three parts across the membrane.

ΔμtotO2
¼ μIIO2

� μIO2
¼ Δμ0O2

þ Δμb
O2

þ Δμ00O2
ð5:86Þ
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Considering
��IO2�

�� ¼ 4FjO2
and substituting this equation into Eq. (5.85), a general

transport equation can be expressed as

jO2
¼ � 1

42F2

1

r0 þ rb þ r00
▽μtotO2

¼ � 1

42F2rtot
▽μtotO2

ð5:87Þ

where r0 ¼ r 0
O2� þ r 0e, r

b ¼ r b
O2� þ r be , and r00 ¼ r00

O2� þ r00e . Δμ tot
O2

is the total driving

force, and rtot ¼ r0 þ rb þ r00 is the total permeation resistance across the mem-

brane. According to the relationship between the oxygen chemical potential and the

oxygen partial pressure shown in Eq. (5.23), (5.87) can be rewritten as

jO2
¼ � RT

42F2

1

r0 þ rb þ r00
ln
PII
O2

PI
O2

¼ � RT

42F2rtot
ln
PII
O2

PI
O2

ð5:88Þ

and the total resistance can be calculated from the following equation:

rtot ¼ � RT

42F2jO2

ln
PII
O2

PI
O2

ð5:89Þ

In general, the area-specific resistances of the interfacial regions are functions of the

oxygen partial pressure. Usually, a simple power function can be used to describe

the relationship between the interface specific resistance and the oxygen partial

pressure [19]; therefore, we obtain the following relationships:

r0 ¼ r00 PI
O2
=P0

� �n
ð5:90Þ

r00 ¼ r000 PII
O2
=P0

� �n
ð5:91Þ

where P0, r
0
0, and r000 are the oxygen partial pressure of 1 atm and the area-specific

resistances of the feed side and the permeation side at an oxygen partial pressure of

1 atm, respectively. n is the exponent. Under conditions close to thermodynamic

equilibrium, the permeation flux through an interface can be described as [1]

jO2
¼ �jex

ΔμO2

RT
ð5:92Þ

where jex is the balance exchange rate in the absence of oxygen potential gradients

at the interface. In the simplest cases, the latter quantity is directly related to the

equilibrium interfacial exchange coefficient kex, which can be obtained from exper-

imental data of 18O–16O isotopic exchange as follows [1]:

jex ¼
1

4
kexcO2� ð5:93Þ
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where cO2� (mol m�3) is the volume concentration of oxygen anions at equilibrium.

Therefore, by combining Eqs. (5.82), (5.92), and (5.93) and the relationship

IO2�
�� �� ¼ 4FjO2

, the real exchange coefficients at interfaces I and II give

k0ex ¼
RT

4F2c
0
O2�

1

r0
ð5:94Þ

k00ex ¼
RT

4F2c00
O2�

1

r00
ð5:95Þ

Experimental and theoretical investigations have revealed that the equilibrium

interfacial exchange coefficient is a function of oxygen partial pressure:

kex ¼ k0 PO2
=P0ð Þ0:5 ð5:96Þ

where k0 is the equilibrium interfacial exchange coefficient at an oxygen partial

pressure of 1 atm. Therefore, combining Eqs. (5.94), (5.95), and (5.96) and consid-

ering that the concentration of oxygen ions at the interfacial zone is almost constant

over a small oxygen pressure range, we can determine that the value of n in

Eqs. (5.90) and (5.91) is �1/2. Therefore, we obtain the following two relationships:

rtot ¼ r00 PI
O2
=P0

� ��1
2 þ rb þ r00

� � ð5:97Þ

rtot ¼ r000 PII
O2
=P0

� ��1
2 þ rb þ r0

� � ð5:98Þ

The total specific resistance can be calculated from Eq. (5.89), and if the oxygen

pressure on the permeation side is fixed and that on the feed side is varied, we obtain

r00 and r
b þ r00 through linear regression of Eq. (5.97). Similarly, r000 and r

b þ r0 can be
obtained through linear regression of Eq. (5.98). Another more professional method

to fit the permeation data is to use a combined algorithm, i.e., the Levenberg–

Marquardt method and the universal global optimization method.

Considering that both interfacial exchange processes contribute to the charac-

teristic thickness, a combined oxygen exchange coefficient is defined as

k tot
ex ¼ k0exk

00
ex= k0ex þ k00ex

� � ð5:99Þ

Under a small oxygen partial pressure gradient, the concentration of oxygen ions in

every zone of an MIEC membrane can be regarded as a constant. Therefore, by

substituting Eqs. (5.94) and (5.95) into Eq. (5.99), we obtain the following

equation:

k tot
ex ¼ RT

4F2cO2�

1

r0 þ r00
ð5:100Þ
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Bouwmeester et al. introduced Lc to define the membrane thickness corresponding

to the transition from predominantly bulk diffusion controlled to the state where

permeation is mainly governed by the interfacial exchange, as expressed by

Eq. (5.20) [1]. Here, the characteristic thickness can be expressed as

Lc ¼ Dambi

ktotex

ð5:101Þ

where Dambi is the ambipolar diffusion coefficient of oxygen ionic–electronic pairs

derived from the classical Nernst–Einstein relationship.

Dambi ¼ σambiRT

4F2cO2�
¼ RT

4F2cO2�

lb

rb
ð5:102Þ

The above equations are simplified and only valid for small oxygen partial pressure

gradients applied across membranes and under the condition that the concentration

of oxygen ions in oxides is treated as a constant. Because the electronic conduc-

tivity of an MIEC material is much larger than its ionic conductivity, the ambipolar

diffusion coefficient is close to the self-diffusion coefficient. Combining

Eqs. (5.100–5.102) and assuming l0, l00 � lb � L, one can obtain the following

relationship:

Lc ¼ r0 þ r00

rb
L ¼ r 00 þ r 000

rb
L PI

O2
=P0

� ��1
2 þ PII

O2
=P0

� ��1
2

� 	
ð5:103Þ

Therefore, it is found that Lc is a process parameter that changes with oxygen partial

pressure on both sides of a membrane. Also, the relationship reveals that if the

membrane thickness is equal to the characteristic thickness, the bulk diffusion

resistance is equal to the total interfacial exchange resistance.

5.5.2 Model Applications

5.5.2.1 Experimental Verification

BSCF, developed by Shao and Yang et al. in our group, has attracted significant

attention in recent years, and it has been investigated thoroughly as an oxygen

permeable membrane [20] and as a cathode of solid oxide fuel cells [21]. In order

to determine r00, r
b, and r000 in Eqs. (5.97) and (5.98), the oxygen partial pressure of

one side was kept constant, whereas that of the other side was changed. Then, the

two interfacial exchange constants were obtained through linear regression of

the two equations. Zhu and Yang et al. employed this permeation model to fit the

permeation experimental data of BSCF membranes [7]. The relative errors of

the interfacial exchange resistance constants were found to be less than 2%, and

172 5 Permeation Principle and Models



the bulk permeation resistance constant on a 0.5-m-thick membrane calculated

from the two equations showed small relative average errors in the range of

0.1–2.7%. These average values were then used for the modeling investigation.

Figure 5.9 shows the total permeation resistance, rtot, of a 0.5-mm-thick BSCF

membrane plotted as a linear function of ðPO2
=P0Þ�0:5

on each side at different

temperatures. The figure reveals that model Eqs. (5.97) and (5.98) closely match

the experimental data, with a correlation coefficient greater than 0.997. To

examine the applicability of these parameters in modeling other membranes, the

dependences of the oxygen permeation flux of a 1.0-mm-thick BSCF membrane

on the oxygen partial pressure were tested. The results showed that the model data

were somewhat higher than the test values by a factor of 1.05. This difference was

much smaller than that obtained in Xu’s model, in which a factor of 1.67 was

found when the parameters obtained for a 3.99-mm-thick membrane were applied

to a 1.68-mm-thick membrane [5]. Surface and bulk microstructural variations

from one sample to another were considered to have caused the difference.

Although the same procedures were used for the preparation of the membranes,

it is impossible to produce two membranes with the exact same surfaces and bulk

microstructures.

In addition to BSCF, the model was employed to fit the permeation experimental

results of a BaCe0.05Fe0.95O3�δ (BCF) perovskite membrane and SDC–SSAF dual-

phase membranes. Linear dependences of the total permeation resistances on

ðPO2
=P0Þ�0:5

were found for the two MIEC membranes, with a correlation coeffi-

cient greater than 0.995. The relative errors of all the interfacial exchange resistance

constants were found to be less than 2%, and the relative average errors of the bulk

permeation resistance constants on a 0.5-mm-thick membrane were less than 8%.

These experimental results revealed that the model fit not only both cobalt-

containing and cobalt-free perovskite membranes but also dual-phase membranes

with a fluorite-type ionic conductor as the major phase and a perovskite mixed

conductor as the minor phase.

Fig. 5.9 Dependence of

total permeation resistance

on oxygen partial pressure

of each side for a 0.5-mm

BSCF membrane. Solid

symbols: varying the

oxygen partial pressure of

feed side; open symbols:

varying the oxygen partial

pressure of permeation side

(Reproduced from [7] with

permission of Wiley)
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5.5.2.2 Kinetic Parameters

The electronic conductivities of BSCF and BCF perovskite oxides are far higher

than their ionic conductivities. Therefore, the bulk-transport resistance, rb, is

dominated by the oxygen ionic transport resistance, r b
O2� . The oxygen

nonstoichiometry of BSCF is often found in the range of 0.35–0.65, typically

around 0.5. The oxygen nonstoichiometry of BCF at room temperature and high

temperature was determined by iodometry and thermogravimetry according to the

literature [22]. The oxygen nonstoichiometry of BCF is 0.30 at room temperature

and 0.50–0.57 in the temperature range of 750–950 �C. The kinetic parameters k
0
0,

k000, and Ds of the BCF membrane can be calculated according to Eqs. (5.94), (5.95),

and (5.102). Both the permeation resistance constants and the kinetic parameters at

different temperatures are listed in Tables 5.1 and 5.2. It can be seen that r00 > r000,
corresponding to k00 > k000, indicating that the oxygen exchange rate on interface II is
faster than that on interface I under the same oxygen partial pressure. A comparison

of the kinetic parameters of BSCF and BCF obtained from the permeation model to

those of other common SOFC cathode materials measured by tracer diffusion is

presented in Fig. 5.10. D* and k* are usually obtained through tracer diffusion

experiments under equilibrium states (Chap. 4). However, in this case, k00, k
00
0, and

Table 5.1 Permeation resistance constants and kinetic parameters of BSCF membrane at various

temperatures

Temperature

(�C)
r00 (Ω cm2)

�10�3
r000 (Ω cm2)

�10�3
rb (Ω cm2)

�10�3
k00 (cm s�1)

�10�4
k000 (cm s�1)

�10�4
Ds (cm

2 s�1)

�10�6

940 6.86 1.69 15.7 6.08 24.7 13.3

900 7.17 1.73 19.3 5.63 23.3 10.5

850 7.56 2.05 27.9 5.11 18.9 6.92

800 7.80 3.04 40.2 4.73 12.1 4.59

750 10.2 4.01 62.3 3.45 8.78 2.83

715 12.3 6.41 81.7 2.76 5.30 2.08

680 16.5 8.08 114 1.99 4.06 1.44

Reproduced from [7] with permission of Wiley

Table 5.2 Permeation resistance constants and kinetic parameters of BCF membrane at different

temperatures

Temperature

(�C)
r00 (Ω cm2)

�10�3
r000 (Ω cm2)

�10�3
rb (Ω cm2)

�10�3
k00 (cm s�1)

�10�4
k000 (cm s�1)

�10�4
Ds (cm

2 s�1)

�10�6

950 18.7 3.22 32.9 2.34 13.7 6.71

900 19.7 3.39 37.8 2.12 12.3 5.59

850 19.3 4.48 47.2 2.06 8.89 4.26

800 20.7 5.19 58.3 1.82 7.29 3.26

750 23.0 6.43 69.6 1.55 5.59 2.57

Reproduced from [23] with permission of Wiley
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Ds were obtained by the oxygen permeation model under permeation steady state.

Chemical diffusion and exchange coefficients are more often reported in the

literature through the conductivity relaxation method (Chap. 4); however, the

data measured under nonsteady and non-equilibrium states may be significantly

different from those under actual steady states. Therefore, among the three method

methods, the observed oxygen diffusion and exchange coefficients of MIEC mate-

rials through the permeation model under a permeation steady state are closest to

the actual values in their working states.

5.5.2.3 Permeation Resistance Distributions

As mentioned above, one of the strong points of Xu’s model is that the permeation

resistance distribution across an MIEC membrane can be drawn. Obviously, it is

easy to draw graphs of the permeation resistance distribution based on the basic

constants listed in Tables 5.1 and 5.2. The influences of temperature, oxygen

partial pressure of each side, and membrane thickness on the permeation resis-

tance distribution across the BSCF membrane are shown in Fig. 5.11. The r.d.s. is

easily found on the graphs. For example, as the oxygen partial pressure of the

permeation side decreases from 0.1 bar to 0.07 bar, the contribution of the bulk

resistance to total resistance decreases from ~70% to ~47% at a feed air pressure

of 5 bar, which corresponds to a change in the permeation rate from being limited

by bulk diffusion to being jointly controlled by bulk diffusion and interfacial

exchange.

Fig. 5.10 (a) Comparison of oxygen diffusion coefficient and (b) oxygen surface exchange

coefficient of various SOFCs cathode materials with BCF. Kinetics parameters of Ln1�xSrx(Mn,

Fe,Co)O3�δ (Ln¼ lanthanide elements) MIEC materials are tracer diffusion and surface exchange

coefficients (D* and k*), while the kinetics parameters of BCF and BSCF are obtained through the

permeation model. Solid and open symbols in (b) for BSCF and BCF denote the interfacial

exchange coefficients of feed and permeation side, respectively. Oxygen partial pressure for

La0.6Sr0.4Co0.8O3�δ is 10.1 kPa, and those for other materials are 101 kPa in (b). All the data

are adopted from [23–27]. This figure is reproduced from [23] with permission of Wiley
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5.5.2.4 Degradation Mechanism Analysis

The degradation of the permeation flux of BSCF membranes has typically been

attributed to the phase transformation of the material at intermediate-low temper-

atures (see Chap. 6). The changes in the interfacial exchange resistances and bulk

resistance were investigated by the oxygen permeation model, as shown in

Fig. 5.12. We found that the interfacial oxygen exchange resistances increased

more quickly with time than bulk resistance [28]. The degradation of oxygen

permeation flux of BSCF is predominated by the increase of interfacial oxygen

exchange resistances induced by the enrichment of BaSO4 particles on membrane

surfaces and is slightly affected by the bulk phase transformation. After the

membrane surfaces were coated by porous Sm0.5Sr0.5CoO3�δ (SSC) catalyst layers,

the interfacial oxygen exchange resistances kept constant while the bulk diffusion

resistance increased gradually. The increase of the bulk diffusion resistance for the

SSC-coated BSCF membranes with time confirms the occurrence of a bulk phase

transformation at intermediate-low temperatures. The resistance distribution

reveals that the interfacial exchange kinetics is the rate-limiting step for the

BSCF membranes at intermediate-low temperatures; therefore, changes in the

oxygen exchange kinetics have a significant influence on the oxygen permeation

Fig. 5.11 Distribution of permeation resistances for the 0.5-mm-thick BSCF membrane under

various oxygen partial pressures of permeation side. For (a) and (b): 800 �C; for (c) and (d):
900 �C (Reproduced from [7] with permission of Wiley)
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flux. The bulk phase transformation, which increases the bulk diffusion resistance,

is a minor contributor to the degradation of the BSCF membrane at intermediate-

low temperatures.
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Chapter 6

Perovskite-Type MIEC Membranes

Abstract Perovskite-type MIEC oxides are the most widely investigated mem-

brane materials since the pioneering works of Teraoka and coworkers in 1985. In

the early stage, cobalt-based perovskite oxides attracted much attention of

researchers due to their high oxygen permeability. Ba0.5Sr0.5Co0.8Fe0.2O3�δ and

La0.6Sr0.4Co0.2Fe0.8O3�δ are the two materials which have been thoroughly inves-

tigated in the past decades. Subsequently, the stability of the materials was regarded

more important than the permeability for a practical application, and then cobalt-

free perovskite membranes were extensively investigated in the past several years.

In this chapter, the development of the cobalt-based and cobalt-free perovskite

membranes is introduced in detail, and the influence of doping on oxygen perme-

ability and stability is concerned.

Keywords Perovskite • Co-containing membranes • LnCoO3�δ •

Ba0.5Sr0.5Co0.8Fe0.2O3�δ • Co-free membranes • LaGaO3 • BaFeO3�δ • Oxygen

permeation • Phase transformation • Stability

6.1 Perovskite Structure

Perovskites are multifunctional materials that successfully act as dielectric mate-

rials, piezoelectric materials, photocatalysts, electrocatalysts, ionic conductors, and

membrane materials. All materials with a crystal structure similar to that of calcium

titanium oxide, e.g., CaTiO3, are called perovskite materials. The term “perovskite”

is not limited to oxides; it applies to any material with a similar atomic arrangement

in the crystal structure. For perovskite oxides, the formula ABO3 is usually used to

denote the perovskite structure, where A is the larger cation and B is the smaller

cation. Perovskite is a framework structure constructed from BO6 octahedra, with A

ions located in 12-coordinated interstices, in which the A ion is in the cell center. In

another layout, the B ion is in the cell center, and A ions are located at the apexes of

the hexahedron, as shown in Fig. 3.15.

From a geometric perspective, the ionic radius of B ions (sixfold-coordination)

should be bigger than 0.051 nm to achieve stable octahedra, and that of A ions

should be bigger than 0.09 nm (twelvefold-coordination) to minimize the distortion
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of the BO6 octahedra. The relationship between the tolerance limits and ionic radii

is defined as follows:

t ¼ ðRA þ ROÞ=
ffiffiffi
2

p
ðRB þ ROÞ ð6:1Þ

where RA, RB, and RO are the ionic radii of A cations (twelvefold-coordination), B

cations (sixfold-coordination), and oxygen ions (0.14 nm), respectively. A stable

perovskite structure is formed when the tolerance factor t is in the range of 0.75–1.

If it is smaller than 0.75, the crystal structure transitions to that of ilmenite

(FeTiO3); if it is much bigger than 1, a crystal structure such as calcite or aragonite

(CaCO3) is formed. Ideally, t should be equal to 1 for cubic perovskite oxides. If the
tolerance factor is in the range of 0:75 < t < 1, the perovskite oxide can transition

to an anorthic, monoclinic, orthorhombic, trigonal (or rhombohedral), or cubic

structure, in that order, with increasing t value. If the tolerance factor is slightly

greater than 1, the oxide usually has a hexagonal structure. However, in practice,

the cubic structure can exist across a wide range of t values. For example, BaFeO3

perovskite has a hexagonal structure because its t value is larger than 1.09, whereas
after doping 5% Ce4þ ions in the B sites, the structure changes to cubic, even

though the t value is still larger than 1.08. In addition to the tolerance factor, the

metal–oxygen bonding energy, ionic doping at A sites, B sites, or both, as well as

the oxygen vacancy concentration in the lattice, influence the crystal structure.

The stability of BO6 octahedra largely depends on the B–O bonding energy,

while it has a significant influence on the structural stability of the perovskite

oxides. A-site cations with proper ionic radii can retain the cubic structure of the

perovskite crystal; meanwhile, the proper A-site cation will improve the structural

stability of the perovskite oxide. A typical example is the SrCo0.8Fe0.2O3�δ perov-

skite. This oxide is unstable when the oxygen partial pressure decreases to 0.1 atm

at ~790 �C because oxygen vacancy ordering takes place, causing a phase trans-

formation from cubic to orthorhombic [1]. At low oxygen partial pressures, the

tolerance factor gradually decreases with the decreasing oxidation state of cobalt

and iron ions. However, because some Sr2þ is replaced by Ba2þ, the resultant

Ba0.5Sr0.5Co0.8Fe0.2O3�δ can sustain the cubic structure, even with an oxygen

partial pressure of 10�5 atm at ~800 �C [2].

For stable perovskite oxides, the BO6 octahedra are connected by corner-

sharing. According to the Pauling connect rule of coordination polyhedron, the

corner-sharing connection is more stable than edge- or facet-sharing connections.

The corner-sharing connection of the BO6 octahedra allows for large cations, large

defect concentrations, and fast oxygen ionic diffusion in the lattice. The changeable

crystal structure, element composition, defects, and valence state facilitate the

adjustment of the physical and chemical properties of perovskite oxides according

to the requirements of various applications. Therefore, perovskite oxides are often

called omnipotent materials.
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6.2 Defect Chemistry in Perovskite Oxides

To maintain electrical neutrality, the total charge of A and B cations should be

equal to the total charge of the oxygen ions. A2þ/3þB3þ/4þO3�δ is the most common

formula for perovskite oxides, where δ is usually in the range of 0–0.5. It is possible
to retain the perovskite structure when the A and B cations are partially or

completely substituted by other cations with different ionic radii and oxidation

states. Approximately 90% of the elements in the periodic table can form a

perovskite structure. Doping elements in A or B sites with different oxidation states

can be the same as or different from the mother materials. For example, a LaCoO3

perovskite oxide is doped by SrFeO3 both in the A sites with Sr2þ and in the B sites

with Fe4þ. This kind of replacement can be denoted as

SrFeO3 !LaCoO3
Sr0La þ Fe ∙

Co þ 3O�
O ð6:2Þ

At high temperatures, low oxygen partial pressures, or both, oxygen vacancies and

electronic holes are formed according to the following equations:

2Fe ∙
Co þ O�

O Ð 2Fe�Co þ V ∙ ∙
O þ 1

2
O2 ð6:3Þ

Co�Co Ð Co0Co þ h ∙ ð6:4Þ

The doping of SrFeO3 in LaCoO3 perovskite oxide can significantly change both

the ionic and electronic conductivities. The electronic conductivity is maximized at

a Sr2þ doping amount of approximately 50%; however, the ionic conductivity

increases monotonically with increasing Sr2þ doping amount. Therefore, perov-

skite oxides demonstrate both high oxygen ionic conductivity and high electronic

conductivity because the structure allows both high oxygen vacancy concentrations

and high electronic conductivities. The structure also allows the same elements

with different valence states to occupy the B sites.

If both the A and B cations have fixed valence states, the introduction of an

aliovalent cation in the A or B site produces oxygen vacancies or interstitial oxygen

ions in the lattice, such as with a BaZrO3 perovskite doped by Y3þ and Nb5þ in the

Zr site [Eqs. (6.5) and (6.6)], respectively.

Y2O3 !BaZrO3
2Y 0

Zr þ 3O�
O þ V ∙ ∙

O ð6:5Þ
Nb2O5 !BaZrO3

2Nb ∙
Zr þ 4O�

O þ O00
i ð6:6Þ

As a result, the two resultant materials are predominantly oxygen ionic conduc-

tors, but the charge carriers are different. Partial electronic conductivity will be
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produced in the yttrium- and niobium-doped BaZrO3 perovskite oxides. At high

oxygen partial pressures, electronic holes appear, shown as

1

2
O2 þ V ∙ ∙

O Ð O�
O þ 2h ∙ ð6:7Þ

and at low oxygen partial pressures, electrons appear, shown as

O00
i Ð

1

2
O2 þ 2e

0 ð6:8Þ

Therefore, the materials may change from pure oxygen ionic conductors to mixed

conductors under certain conditions.

A cationic deficiency may be encountered on perovskite oxides owing to stoi-

chiometric deviation during the preparation of the materials. In the perovskite

structure, B-site cationic vacancies are not energetically favorable owing to the

large positive charge and the small size of B cations in the perovskite lattice. A-site

cations may be partially empty without breaking down the perovskite structure. An

A-site cationic deficiency influences the oxygen defects and the valence state of

B-site cations, as well as the oxygen ionic and electronic conductivities. Here,

LaFeO3 perovskite oxide is used as an example to show the influence of A-site

cationic deficiency. A La3þ deficiency is introduced into the lattice if a small excess

of Fe2O3 is added during the preparation of the material, so that A-site cationic

vacancies are formed according to the following equations:

3Fe2O3 !LaFeO3
2V000

La þ 6Fe ∙
Fe þ 9O�

O ð6:9Þ

2Fe ∙
Fe þ O�

O Ð 2Fe�Fe þ V ∙ ∙
O þ 1

2
O2 ð6:10aÞ

Fe ∙
Fe Ð Fe�Fe þ h ∙ ð6:10bÞ

Obviously, the A-site cationic deficiency would raise the oxidation state of B-site

cations according to Eq. (6.9) and increase the oxygen vacancies according to

Eq. (6.10a) and electronic holes according to Eq. (6.10b).

6.3 An Introduction to the Pioneering Works of Teraoka
and Coworkers

Perovskite membranes for oxygen permeation were first reported by Teraoka et al.

in 1985 [3]. They found that La1�xSrxCo1�yFeyO3�δ perovskite membranes showed

oxygen permeability at elevated temperatures. The permeation flux increased with

increasing operation temperature and increasing doping amounts of strontium and

cobalt. A membrane with a composition of SrCo0.8Fe0.2O3�δ exhibited the highest
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oxygen permeation flux in this series. Figure 6.1 shows the influence of chemical

composition on the oxygen permeation flux of the La1�xSrxCo1�yFeyO3�δ perov-

skite membranes. In their subsequent investigation on the substitution effects, they

found that the oxygen permeation flux decreased in the following order [4]:

B-site substitution, Cu>Ni>Co> Fe>Cr>Mn

A-site substitution, Ba>Ca> Sr>Na

Rare earth element substitution, Gd> Sm>Nd> Pr>La

According to the substitution effect on the oxygen permeation flux, they

designed a perovskite membrane material with a chemical composition of

Gd0.2Ba0.8Co0.7Cu0.2Fe0.1O3�δ, in which the iron element was thought to be impor-

tant to keep the perovskite-type structure at a high alkaline earth metal content. An

abrupt increase in oxygen permeation flux was found on the membrane when the

temperature was higher than 700 �C. Finally, an oxygen permeation flux of

5.5 mL cm�2 min�1 was achieved at 870 �C on a 1.5-mm-thick disk-type mem-

brane under an oxygen chemical potential gradient created by ambient air and He

flow (30 mL min�1). At that time, Teraoka et al. believed that the perovskite

membranes were superior to polymer membranes for oxygen separation in terms

of selectivity and thermal stability, even though they operated at relatively high

temperatures. It should be pointed out that the experimental methods developed by

Teraoka et al. in 1985, including the preparation and testing of the permeation

performance of the membranes, are still used today.

Fig. 6.1 Influences of

temperature and

composition on oxygen

permeation through

La1�xSrxCo0.4Fe0.6O3�δ

(x¼ 0.0, 0.4, 0.8, and 1.0)

(Reproduced from [3] with

permission of CSJ Journals)
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Thereafter, perovskite membranes for oxygen separation at elevated tempera-

tures started to attract wide attention. Perovskite membranes have been explored for

use as catalytic membrane reactors for partial oxidation, selective oxidation, and

water-splitting reactions, and they are promising materials in combination with

oxyfuel and integrated gasification combined cycle (IGCC) processes for CO2

capture and energy saving. Although researchers have not been able to achieve

the high permeation fluxes reported by Teraoka and coworkers, they have verified

that Co-containing perovskite materials show reliably high permeation fluxes.

Although 30 years have passed since the first report on perovskite membranes by

Teraoka and coworkers, and since then hundreds of membrane materials have been

developed by different groups, the substitution effects found by Teraoka and

coworkers are still correct. With broadening application of oxygen permeable

membranes, many new membrane materials are being developed to meet the

requirements of various applications in terms of permeability and stability. There-

fore, except for the LnCoO3�δ system first studied by Teraoka and coworkers, other

materials systems such as (Ba,Sr)CoO3�δ, LaGaO3�δ, LaFeO3�δ, and BaFeO3�δ

have been widely investigated in recent years. Therefore, all these material systems

will be discussed in detail in the following sections.

6.4 Co-containing Perovskite Membranes

6.4.1 LnCoO3�δ System

6.4.1.1 Substitution in B Sites

Lanthanum cobaltite, LaCoO3�δ, a perovskite-type oxide exhibiting oxygen ionic

conductivity with high electronic conductivity, is a promising basis for high-

performance membrane materials after proper doping in A and B sites. Oxygen

permeation through the LaCoO3�δ membrane is low and limited by its low oxygen

ionic conductivity because the low nonstoichiometric oxygen (or oxygen vacancy,

δ¼ 0.001–0.03) under oxygen permeation conditions cannot supply a sufficient

path for the transport of oxygen ions [5]. Therefore, to enhance the oxygen ionic

conductivity and permeability of the membrane materials, it is effective to increase

the concentration of oxygen vacancies in the perovskite lattice. Divalent metal ions

such as Ni2þ and Mg2þ were used to partially replace cobalt ions in the B sites

[6, 7]. However, the oxygen ionic conductivity was only slightly improved and the

permeability remained low. Other trivalent and tetravalent metal ions such as Ga3þ,
Fe3þ/4þ, and Cr3þ/4þ were also incorporated into the LaCoO3�δ lattice [6, 7]. Intro-

ducing divalent metal ions into the perovskite lattice led to increases in the oxygen

nonstoichiometry and electrical conductivity and a decrease in the thermal expan-

sion coefficients; however, doping with trivalent and tetravalent metal ions has been

demonstrated to have the opposite effect. Although the incorporation of divalent

metal ions in the cobalt sites can improve the ionic conductivity, they cannot
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produce enough oxygen vacancies because of their limited solubility, and thus they

cannot significantly enhance the ionic conductivity. Up to now, there have been no

reports showing that the permeability of LaCoO3�δ membranes can be significantly

improved just by doping with cations in the B sites.

6.4.1.2 Substitution in A Sites

An alternative method for increasing the number of oxygen vacancies is to dope

divalent metal ions in the A sites. The most frequently used divalent metal ions are

alkaline metal ions, i.e., Ba2þ, Sr2þ, and Ca2þ. Almost all the experimental data

reveal that the permeation flux of La1�xA
0
xCoO3�δ (A

0 ¼Ba2þ, Sr2þ, and Ca2þ)
membranes increases with increasing doping amount of alkaline metal ions as long

as the membrane materials do not change to a hexagonal phase. Islam et al.

calculated the solution energy of the three alkaline ions in the La3þ sites in

perovskite and found that the solution energy increased in the order of Sr2þ<Ca
2þ <Ba2þ [8–10]. The favorable incorporation of dopant ions (such as Sr2þ)
enhanced the oxygen diffusivity owing to the increase in the number of oxygen

vacancies. However, this finding is opposite to the oxygen permeation data from the

A-site cationic substitution experiments reported by Teraoka and coworkers [3, 4].

Tsai et al. found that the steady-state oxygen permeation fluxes of

La1�xA
0
xCo0.2Fe0.8O3�δ perovskite membranes with air on one side of the

membrane and helium on the other decreased in the order of A(x)0 ¼Ba-0.8>
Ba-0.6>Ca-0.6> Sr-0.6 [11]. Perovskite crystallographic-related parameters

were used to explain the order, including (1) the average metal–oxygen bond

energy (ABE) of the perovskite lattice, (2) the free volume of the lattice, and

(3) the critical radius (rc). It was found that except for the Ca-substitution mem-

branes, a higher ABE leads to a higher permeation activation energy and a lower

permeation flux. The Ca-substitution material had the highest ABE and free vol-

ume, and thus the comprehensive results were that the membrane exhibited mod-

erate permeation activation energy and permeation flux. However, Stevenson et al.

showed that the oxygen permeation fluxes of La1�xA
0
xCo0.2Fe0.8O3�δ perovskite

membranes were in the order of A(x)0 ¼ Sr-0.6>Ba-0.6>Ca-0.6 [12]. They attrib-

uted the superior ionic conduction in the Sr-doped perovskite to the higher mobility

of oxygen vacancies rather than to a higher concentration of vacancies. The

tolerance factors ranged from 0.97 to 0.98, from 0.99 to 1.02, and from 0.95 to

0.96 for the La0.4Sr0.6Co0.2Fe0.8O3�δ, La0.4Ba0.6Co0.2Fe0.8O3�δ, and

La0.4Ca0.6Co0.2Fe0.8O3�δ materials, respectively, as calculated using the Shannon

and Prewitt ionic radii. The authors suggested that a slight negative deviation from

ideality in the tolerance factor may have enhanced the oxygen ion vacancy mobil-

ity. This supposition was also presented by Hayashi et al. after they surveyed many

perovskite-type oxygen ionic conducting materials [13]. They found that the opti-

mum tolerance factor for A3þB3þO3�δ-type perovskites to achieve the maximum

oxygen ionic conductivity was ~0.96 owing to the balance between the specific free

volume and the tolerance factor. Soon after, Li et al. [14] investigated the substitution
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effects of alkaline metal ions on the oxygen permeation fluxes of

La0.2A
0
0.8Co0.2Fe0.8O3�δ perovskite membranes and found the same order as that

reported by Stevenson et al. Among the three materials, it was found that the

Sr-doped material had the maximum free volume and critical radius.

In the above four experimental investigations on the substitution effects of

alkaline ions in LaCoO3�δ perovskite, different conclusions were drawn by the

different authors, and different explanations were adopted to describe the order they

observed. These conflicting conclusions well exhibit the complexity of substitution

influences in perovskite A sites. Except for the doping effects, there are many

factors that could potentially affect the oxygen permeation flux. First of all, the

influence of oxygen exchange on the membrane surfaces was not discussed in these

investigations. It was found that the three alkaline ion-doped LaCoO3�δ perovskite

oxides showed different activities toward the oxygen reduction/evolution reactions

at elevated temperatures. Other factors such as membrane surface microstructure,

grain boundaries, impurities, grain size, synthesis method, etc., all have a signifi-

cant influence on the permeation flux of membranes. Therefore, it is difficult to tell

which alkaline ion is the best choice for LaCoO3�δ perovskite. However, Sr
2þ is the

most frequently used cation to partially substitute for A-site cations in LnCoO3�δ

perovskite.

With the exception of lanthanum, other rare earth elements have been used

as A-site cations in Ln1�xA
0
xCoO3�δ (Ln¼ Pr3þ, Nd3þ, Sm3þ, Gd3þ, Y3þ, etc.;

A0 ¼Ba2þ, Sr2þ, and Ca2þ) perovskite oxides. Kharton et al. found that the oxygen
permeation flux through Ln0.3Sr0.7CoO3�δ perovskite membranes decreased in the

order of La>Nd> Sm>Gd [15]. This order is in accord with the order of

shrinkage of the radii of the rare earth cations. The authors thought this showed

dependence of the oxygen ion mobility in oxides having a perovskite ABO3

structure on the mean radius of cations in the A-site sublattice. Most LnCoO3�δ-

based perovskite membranes are double doped in both the A and B sites. Main-

group metallic elements such as Mg, Al, and Ga and subgroup metallic elements in

the fourth period have been doped in the B sites of La1�xSrxCoO3�δ to alter the

permeability and stability of the perovskite membranes. Usually, the incorporation

of Mg2þ, Ni2þ, Cu2þ, Zn2þ, etc., divalent cations can improve the oxygen perme-

ability, but it also decreases the mechanical strength and chemical stability. One

important reason for this is that the doping reduces the ABE of the perovskite

lattice. However, doping Al3þ, Sc3þ, Ti4þ, V3þ/4þ, Cr3þ/4þ, Mn3þ/4þ, Ga3þ, Zr4þ,
Nb5þ, etc., cations in the B sites of La1�xSrxCoO3�δ decreases the oxygen perme-

ability but improves the mechanical strength and chemical stability of the materials.

6.4.1.3 Typical LnCoO3�δ-Based Perovskite Membrane Materials

The most popular LnCoO3�δ-based perovskite material is La0.6Sr0.4Co0.2Fe0.8O3�δ

(LSCF), which has been well investigated in the field of solid electrochemistry,

including solid oxide fuel cells and MIEC membranes, owing to its high electronic

conductivity, moderate oxygen ionic conductivity, moderate thermal expansion
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coefficient, and high mechanical strength as compared to other perovskite oxides of

this series. Almost all available methods have been used to investigate the oxygen

surface exchange coefficient and bulk diffusion coefficient of LSCF, i.e., isotropic

tracer, conductivity relaxation, and oxygen permeation model methods. The kinetic

parameters obtained by the above methods have different physical meanings (see

Chap. 5), but they can be interconverted by multiple special factors i.e. thermody-

namic factor, γO, and the Haven ratio, HR. The Haven ratio equals the well-known

tracer correlation factor ( f ) for a vacancy diffusionmechanism. Lane et al. investigated

the two kinetic parameters of LSCF perovskite and compared the data with those

acquired from 18O isotope exchange/secondary ion mass spectrometry (SIMS)

[16]. They found that the bulk diffusion coefficients obtained by the conductivity

relaxation method fit very well with those determined by the isotropic tracer method

after they were multiplied by HR/γO. However, the oxygen surface exchange coeffi-

cients obtained by the isotropic tracer method were one order of magnitude higher than

those obtained from the conductivity relaxation method, although the thermodynamic

factor was considered. Further investigation is required to understand this difference.

Bouwmeester et al. used the conductivity relaxation technique to investigate

the surface exchange coefficient and chemical diffusion coefficient of oxygen for

the perovskite oxides of La0.6Sr0.4Co1�yFeyO3�δ (y¼ 0.2, 0.5, and 0.8) between

600 and 800 �C in an oxygen partial pressure range between 10�4 and 1 bar [17].

They found that the ordering of oxygen vacancies led to a remarkable decrease of the

two kinetic coefficients when the oxygen partial pressure was lower than 10�2 bar, as

shown in Fig. 6.2, but that the chemical diffusion coefficient was almost constant at

oxygen partial pressures larger than 10�2 bar. In other words, as the oxygen partial

pressure was reduced to a certain value, the increased oxygen vacancy concentra-

tion enhanced the interactions between oxygen vacancies and other point defects,

and thus not all oxygen vacancies were involved in the ionic transport.

Xu and Thomson developed an oxygen permeation model based on oxygen

vacancy diffusion and exchange on membrane surfaces (see Chap. 5) [18]. They

used the model equation to obtain the vacancy diffusion coefficient and surface

exchange coefficient through nonlinear regression of the experimental permeation

fluxes and oxygen partial pressures. The results of their model showed that the bulk

diffusion of oxygen vacancies for LSCF had an activation energy of 74 kJ mol�1,

which is much lower than those for surface exchange kinetics. It was found that the

oxygen permeation was limited by the surface exchange of the permeation side at

lower temperatures but controlled by bulk diffusion at higher temperatures. This

was the first attempt to acquire the kinetic parameters of perovskite materials

through oxygen permeation experiments.

For utilization in catalytic membrane reactors, perovskite membranes must

exhibit long-term stability under reducing environments. In general, the decompo-

sition of ABO3 perovskites is the result of the heavy loss of lattice oxygen under

reducing environments:

ABO3 ! 1

2
A2O3 þ BOþ 1

4
O2 ð6:11aÞ
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and

ABO3 ! 1

2
A2O3 þ Bþ 3

4
O2 ð6:11bÞ

Factors that influence these reactions include the bulk structure and composition

of ABO3, temperature and the reducing capability of the environment. The

high-temperature phase stability of LSCF as a function of oxygen activity was

reported by Tai et al. [19]. They found that partial replacement of La by Sr had little

Fig. 6.2 Chemical diffusion coefficient (a, b, and c) and surface exchange coefficient (d, e, and f)
of La0.6Sr0.4Co1�yFeyO3�δ plotted as a function of oxygen partial pressure at different tempera-

tures: (a and d) y¼ 0.2, (b and e) y¼ 0.5, and (c and f) y¼ 0.8 (Reproduced from [17] with

permission of Springer)
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effect on the high-temperature phase stability of LSCF. Under a strong reducing

environment, dissociation of LSCF occurred gradually by the formation of transient

oxides. (La,Sr)(Fe,Co)O4 is the major transient compound formed during decom-

position under a reducing atmosphere, which would be reduced to La2O3, SrO, Co,

and Fe under further reduction. Figure 6.3 shows the equilibrium phases of LSCF at

1000 �C as a function of oxygen activity from the analysis of XRD data. However,

for catalytic membrane reactors, the situation regarding the structural stability of

perovskite membranes becomes much complicated. Usually, one side of the mem-

brane is exposed to air, and the other side is exposed to a reducing atmosphere. The

membrane surface reduced by the reducing gases can be reoxidized by the perme-

ated oxygen from the air side. As a result, the oxygen partial pressure around the

membrane surface is higher than that of the gas bulk area. Surface exchange

kinetics of the permeation side determine the oxygen partial pressure around the

membrane surface area, and slow surface exchange kinetics will protect the mem-

brane. That is why many perovskite membranes with poor stability under reducing

environments can be successfully used to construct membrane reactors for the

partial oxidation of methane to syngas over hundreds to thousands of hours. If

other gases, such as steam, CO2, etc., are involved in the catalytic reactions, the

influence of oxygen partial pressure on the structural stability of perovskite

becomes complicated.

6.4.2 (Ba,Sr)CoO3 System

For (Ba,Sr)CoO3-type perovskite membranes, the A sites are occupied by

the divalent alkaline earth metallic ions Sr2þ, Ba2þ, or a mixture of the two cations;

Ca2þ ions are also sometimes included. (Ba,Sr)CoO3�δ oxides are hexagonal

Fig. 6.3 The equilibrium

phases of

La0.6Sr0.4Co0.2Fe0.8O3�δ at

1000 �C as a function of

oxygen activity (from XRD

analyses) (Reproduced from

[19] with permission of

Elsevier)
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whenever the ratio of the two alkaline earth metallic ions is changed in the range of

0�1 under normal air pressure and at a temperature lower than 800 �C. The ionic
conductivity of the hexagonal phase is extremely low, but it increases sharply as the

temperature increases higher than 850–900 �C owing to the phase transformation

from hexagonal to cubic. Figure 6.4 shows the dependence of the oxygen perme-

ation flux of SrCoO3�δ on the temperature [20]. A hysteresis loop was observed

during the temperature cycle experiments owing to the slow phase-change kinetics.

Usually, significant volume and strength changes are induced by the phase trans-

formation; therefore, this type of material is not suitable for any applications.

6.4.2.1 SrCo1�xMxO3�δ

Partial substitution of cobalt by other elements has been identified as an efficient

method to stabilize the high-temperature cubic phase to room temperature.

SrCo0.8Fe0.2O3�δ (SCF) was the first membrane material among the SrCoO3�δ

series reported by Teraoka and coworkers in 1985 [3]. It showed the highest oxygen

permeation flux in the series of La1�xSrxCo1�yFeyO3�δ perovskite membranes. It

was found that Fe in the B sites was necessary to keep the cubic structure to room

temperature. However, the cubic structure of SCF perovskite was not stable; a

phase transformation from the cubic perovskite structure to an orthorhombic

brownmillerite structure (A2B2O5) with ordered oxygen vacancies was observed

at oxygen partial pressures lower than ~0.1 bar and temperatures lower than

~790 �C [1]. The crystalline structure of the orthorhombic brownmillerite is

shown in Fig. 6.5. The structure of brownmillerite consists of alternating perovskite

layers of corner-sharing BO6 octahedra and layers of BO4 tetrahedra, so it is usually

Fig. 6.4 The dependence of the oxygen permeation flux of SrCoO3�δ on the temperature

(Reproduced from [20] with permission of Elsevier)
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considered as an oxygen-deficient perovskite, where the oxygen vacancies are

ordered along the (010) planes. These vacancies can contribute to the transport of

oxygen ions, but they only offer a one-dimensional diffusion pathway for oxygen

ion migration in perovskite layers along the c axis. Although the diffusion in

tetrahedral layers of the brownmillerite structure is also possible, its contribution

to the entire transport is negligible. As a result, the phase transformation leads to the

decline of oxygen permeation flux over time.

To inhibit the phase transformation, many researchers have investigated the

phase structure stability and oxygen permeability of the SC-based materials with

Co-site doped by various cations [21–26]. For example, Nagai et al. investigated the

substitution effects of metallic elements, such as Al, Sc, Ti, V, Cr, Mn, Fe, Ni, Cu,

Zn, Ga, Zr, Nb, In, Sn, and Ce, in the B sites of SrCo0.9M0.1O3�δ oxides [21]. It was

found that Ni, Cu, Zn, In, and Ce could not stabilize the SrCoO3�δ oxide to a cubic

perovskite structure. The samples doped by Al, Ti, V, Cr, Fe, Ga, Zr, Sn, and Nb did

not contain the hexagonal phase but rather the perovskite or perovskite-related

phase. Among the second group of samples, the XRD patterns of Fe-, Al-, and

Ga-doped samples showed that the samples mainly contained brownmillerite-type

oxides as the major phase. Detailed analysis of the samples doped by Ti, V, Cr, Zr,

Nb, and Sn showed that the resultant compounds were tetragonal, with oxygen

vacancy ordering rather than cubic perovskite with disordered vacancies. For

example, the lattice parameters of SrCo0.9Nb0.1O3�δ were a¼ 0.3878 nm and

c¼ 0.7799 nm. However, hexagonal phases were detected after the powders were

treated by pure oxygen at 850 �C for 24 h. Especially for the samples doped by

Fig. 6.5 Crystal structure

of the brownmillerite phase

Ca2Fe2O5
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Al, V, Cr, Ga, Zr, and Sn, their strong XRD peaks were assigned to the SrCoO2.52

hexagonal phase, and no peaks belonged to the perovskite phase. In contrast, only

weak peaks assigned to hexagonal phases could be detected for Fe-, Ti-, and

Nb-doped samples. Therefore, the stability order of the SrCo0.9M0.1O3�δ oxides

according to the substitution cations is given as Ni, Cu, Zn, In, Ce<Al, V, Cr, Ga,

Zr, Sn< Fe, Ti, and Nb.

It is well known that the tolerance factor [Eq. (6.1)] is an important index of the

stability of the perovskite structure. A cubic perovskite structure is easily formed at

tolerance factors close to 1. Table 6.1 shows the calculated tolerance factors and

cation radii (sixfold-coordination) of the SrCo0.9M0.1O3�δ oxides. All the tolerance

factors are in the range of 0.993–1.003, values that are all very close to 1. However,

not all of the samples retained a stable cubic perovskite structure at room temper-

ature. Nagai et al. thought that the stability of the perovskite structure in the

SrCo0.9M0.1O3�δ mixed conductors was closely related to the electrostatic repul-

sion between B-site cations and the larger impact of the repulsion on the stability of

the hexagonal structure as compared to perovskite [21].

Table 6.1 Cations radii (r)
(6-coordination) and

tolerance factors (t) of the
SrCo0.9M0.1O3�δ (SCM)

oxides

Mnþ r (Å) t

Al3þ 0.54 1.003

Sc3þ 0.75 0.992

Ti4þ 0.605 0.999

V5þ 0.54 1.003

Cr4þ 0.55 1.002

Mn4þ 0.53 1.003

Fe3þ 0.645 (HS) 0.997

Co3þ 0.61 (HS) 0.999

Ni2þ 0.69 0.995

Cu2þ 0.73 0.993

Zn2þ 0.74 0.993

Ga3þ 0.62 0.999

Zr4þ 0.72 0.994

Nb5þ 0.64 0.998

Mo6þ 0.59 1.000

In3þ 0.8 0.990

Sn4þ 0.69 0.995

Sb5þ 0.6 1.000

Ta5þ 0.64 0.998

W6þ 0.60 1.000

Ce4þ 0.87 0.986

Tolerance factor was calculated using ionic radii of ions. The

effect of the oxygen vacancy was ignored in the calculation

HS high spin
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6.4.2.2 SrCo1�xFexO3�δ

McIntosh and coworkers investigated the phase stability and oxygen

nonstoichiometry of SrCo0.8Fe0.2O3�δ by in situ neutron diffraction, and they

found that SrCo0.8Fe0.2O3�δ adopted a cubic perovskite structure in their studied

temperature range of 600–900 �C under a higher oxygen partial pressure (i.e.,

1 atm) [27]. However, it became a mixture comprising a cubic perovskite phase

and a vacancy-ordered brownmillerite phase as the temperature decreased below

649 �C under a medium oxygen partial pressure (i.e., 0.1 atm) and presented as a

pure brownmillerite phase in the oxygen partial pressure range of 10�2–5� 10�4

atm at temperatures lower than 747 �C. The influence of the doping amount of Fe on

the stability of SrCo1�xFexO3�δ (x¼ 0.2, 0.4, 0.6) oxides was investigated byWang

and coworkers [28]. All the samples were cubic perovskite oxides with a small

amount of impurities assigned to the Sr2Co2O5 brownmillerite phase for the x¼ 0.2

sample. When the samples were treated in a pure Ar atmosphere at 900 �C, their
structures changed from cubic to orthorhombic brownmillerite. In other words, the

incorporation of Fe only marginally increased the structural stability of

SrCo1�xFexO3�δ in an atmosphere with a higher oxygen partial pressure (air), but

it had no positive effect on the stability in an atmosphere with a lower oxygen

partial pressure (Ar).

Shin et al. found that the nonstoichiometry of A-site cations had an important

influence on the structural stability of SrCo1�xFexO3�δ [29]. For

Sr1�yCo0.5Fe0.5O3�δ, a slight Sr deficiency (y¼ 0.05–0.1) enhanced the stability

of the perovskite structure at high temperatures in an inert atmosphere. However, a

heavy Sr deficiency (y¼ 0.15–0.3) degraded the stability according to the in situ

XRD analysis when the sample was heated from room temperature to 1000 �C in

He, as shown in Fig. 6.6. TG/DSC analysis by He and coworkers showed that in

addition to a Sr deficiency, a slight Sr excess also inhibited the phase transformation

in an inert atmosphere at elevated temperatures, as revealed by Fig. 6.7 [30]. No

endothermic peak was detected for the Sr1.1Co0.8Fe0.2O3�δ sample, but two endo-

thermic peaks at ~720 �C and 800 �C were recorded for the Sr0.8Co0.8Fe0.2O3�δ

sample. As compared to the endothermic peak of the SrCo0.8Fe0.2O3�δ sample, the

peak at ~720 �C was assigned to the phase transformation from cubic perovskite to

the vacancy-ordered orthorhombic brownmillerite structure. The much stronger

endothermic peak indicated that a heavy Sr deficiency promoted the phase trans-

formation. The second endothermic peak of the Sr0.8Co0.8Fe0.2O3�δ sample was

assigned to the decomposition of (Co,Fe)3O4 spinel oxides to (Co,Fe)O. The

stabilization mechanism of the slight Sr excess for the SrCo0.8Fe0.2O3�δ sample is

unclear. Because dense membranes are prepared by pressing and sintering the

powder, the membranes were pulverized quickly when they were exposed to

ambient air. XRD analysis showed that the impurity Sr3(Co,Fe)2O7�δ adsorbed

water quickly to form Sr3(Co,Fe)2O7�δ�2H2O, accompanied by a great volume

expansion [31].
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Fig. 6.6 Phase diagram of Sr1�xFe0.5Co0.5O3-δ (x¼ 0–0.3) as determined by in situ XRD analysis

when heated from room temperature to 1000 �C in He (Reproduced from [29] with permission of

Elsevier)

Fig. 6.7 TGA/DSC profiles of Sr1þxCo0.8Fe0.2O3�δ oxides (a) x¼�0.2, (b) x¼ 0, (c) x¼ 0.1

(Reproduced from [30] with permission of Elsevier)
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As SrCo1�xFexO3�δ membranes are employed for oxygen permeation experi-

ments, usually one side is exposed to air, and the other side is swept by inert gases.

The oxygen partial pressure of the sweeping side is usually lower than 0.05 atm,

which is below the stabilization limitation of the cubic phase. Therefore, the phase

structure of the sweeping side surface may change to an orthorhombic

brownmillerite structure with ordered oxygen vacancies. Additionally, the A-site

stoichiometry has a remarkable influence on the stability of the materials. As a

result, different groups have reported that oxygen permeation fluxes for

SrCo1�xFexO3�δ membranes change in the range of one order of magnitude, even

under similar testing conditions, as listed in Table 6.2.

The high oxygen permeability of SrCo1�xFexO3�δ membranes encourages

researchers to improve membrane stability through substitution of A-site cations,

B-site cations, or both. Ti, Zr, and Nb elements have been verified to be effective for

stabilizing the cubic perovskite phase. Li et al. found that 5 mol% Zr in the B sites

of SrCo0.95�xFexZr0.05O3�δ (x¼ 0.1–0.8) can inhibit the phase transformation when

these powders are treated with helium at 900 �C [35]. The DSC profile of

SrCo0.8Fe0.15Zr0.05O3�δ showed no endothermic or exothermic peak throughout

the heating and cooling processes, which indicates that no structural transition

occurs for the oxides. Similarly, Lu et al. identified a 10 mol% Nb-substituted

Table 6.2 Oxygen permeation fluxes for the SrCo1�xFexO3�δ membranes reported by different

groups

Materials

T
(�C)

Thickness

(mm) Conditions

JO2
(mL cm�2

min�1) Ref.

SrCo0.4Fe0.6O3�δ 900 1 Air (0.21 atm)/He

(0.001 atm)

2.4 [3]

SrCo0.8Fe0.2O3�δ 850 1 Air (0.21 atm)/He

(0.001 atm)

3.1 [3]

SrCo0.8Fe0.2O3�δ 870 1 Air (0.2 atm)/He

(20 mL min�1)

0.64 [32]

SrCo0.8Fe0.2O3�δ 870 2 Air (0.2 atm)/He

(40 mL min�1)

0.93 [32]

SrCo0.8Fe0.2O3�δ 870 1 Air (0.2 atm)/He

(0.0149 atm)

1.09 [33]

Sr1.1Co0.8Fe0.2O3�δ 900 1.2 Air (100 mL min�1)/He

(0.02 atm)

0.98 [30]

SrCo0.8Fe0.2O3�δ 900 1.2 Air (100 mL min�1)/He

(0.02 atm)

1.54 [30]

Sr0.8Co0.8Fe0.2O3�δ 900 1.2 Air (100 mL min�1)/He

(0.02 atm)

1.47 [30]

SrCo0.5Fe0.5O3�δ 900 1 Air/He 0.78 [29]

Sr0.9Co0.5Fe0.5O3�δ 900 1 Air/He 0.81 [29]

Sr0.7Co0.5Fe0.5O3�δ 900 1 Air/He 0.52 [29]

SrCo0.95Fe0.05O3�δ 910 1.2–1.3 Air/He 2.18 [34]

SrCo0.9Fe0.1O3�δ 910 1.2–1.3 Air/He 1.88 [34]

SrCo0.8Fe0.2O3�δ 910 1.2–1.3 Air/He 1.48 [34]
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SrCo0.8Fe0.1Nb0.1O3�δ membrane with high structural stability as a result of in situ

XRD analysis (room temperature to 1100 �C) [36]. A stable oxygen permeation flux

at 800 �C indicated that there was no phase transformation under the conditions of

oxygen permeation testing.

6.4.2.3 BaCo1�x�yFexMyO3�δ

Unlike SrCo1�xFexO3�δ, the BaCo1�xFexO3�δ (x¼ 0–1) family comprises hexag-

onal phases under ambient oxygen partial pressure, but they transform to a cubic

phase as the temperature increases beyond a certain temperature, typically 850 �C,
or with decreasing oxygen partial pressure. Therefore, to avoid the phase transfor-

mation across the whole range of operating temperatures, another metal ion that can

form strong metal–oxygen bonds or that has a larger ionic radius or both needs

to be incorporated into the B sites of the perovskite. Up to now, Ti4þ, Zr4þ, Nb5þ,
Ta5þ, Ce4þ, Bi5þ, etc., metal ions have been successfully used to stabilize

BaCo1�xFexO3�δ perovskite to a cubic structure across the whole temperature

range [37–44]. Usually, a doping amount of y¼ 0.1–0.2 for these metallic ions in

the B sites of perovskite is enough to stabilize the perovskite structure. Much higher

doping would decrease the permeability or cause formation of a second phase.

Additionally, the cobalt content has a significant influence on the solubility of the

doping metallic ions, but for the same cobalt content, different metallic ions have

various solid-solution limitations in BaCo1�x�yFexMyO3�δ perovskite. For the

BaCo0.8�xFexTi0.2O3�δ system [40], single-phase cubic perovskite oxides can be

synthesized in an x range of 0.3–0.5; however, if the materials are treated with high-

purity nitrogen under elevated temperatures, only BaCo0.5Fe0.3Ti0.2O3�δ can retain

its cubic structure, whereas its Zr- and Nb-doped counterparts have higher stability

than the Ti-doped ones [37, 40]. The two ions have high solid-solution limitations

in BaCo1�x�yFexMyO3�δ perovskite. Much more doping of the two ions is possible,

but the oxygen permeation fluxes of the resultant perovskite membranes are

reduced significantly. Ce4þ has a much bigger ionic radius than cobalt and iron

ions, and so limited solubility in the perovskite lattice was reported for y¼ 0.1

[43]. However, y¼ 0.1 was found to be enough to stabilize the cubic structure in

both air and inert atmospheres. The doping effects of Ta5þ in perovskite are similar

to those of Nb5þ because they are in the same group and have the same valence state

and similar ionic radii [38, 44]. The stabilization of the BaCo1�xFexO3�δ perovskite

to a cubic structure by Zr4þ, Nb5þ, Ta5þ, and Ce4þ is realized based on two kinds of

effects: one increases the average metal–oxygen bond energy, and the other

increases the average B-site ionic radii to obtain a tolerance factor close to 1. How-

ever, for the BaCo0.8�xFexTi0.2O3�δ system, Ti4þ has an ionic radius similar to

those of cobalt and iron ions, but it can form stronger metal–oxygen bonds. As a

result, its stability is lower than the BaCo1�x�yFexMyO3�δ (M¼Zr, Nb, Ta, or Ce)

counterparts. For the Bi5þ-doped BaCo1�x�yFexBiyO3�δ materials, when the

Bi-doping amount is y¼ 0.2, the maximum cobalt content must be 0.4 to retain a

pure cubic phase, whereas that of iron can be as high as 0.8 [41]. As the cobalt
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content is fixed at 0.2, in the investigated Bi-doping range of y¼ 0.1–0.5, the

perovskite can maintain the cubic structure. It is interesting to find that Bi-doped

perovskite oxides have high structural stability in both air and inert atmospheres.

Unlike the abovementioned metallic ion-doped perovskite membranes, the oxygen

permeability is only slight influenced by the doping amount for

BaCo0.2Fe0.8�yBiyO3�δ (y¼ 0.1–0.5). One possible reason is that the Bi–O bonds

are weak as compared to the Fe–O bonds, and so the increase of the Bi-doping

amount would decrease the oxygen vacancies in the materials; however, it

decreases the average metal–oxygen bond energy facilitating the diffusion of

oxygen ions.

Figure 6.8 compares the oxygen permeation flux of the optimized compositions

for Ti4þ-, Zr4þ-, Nb5þ-, Ta5þ-, Ce4þ-, and Bi5þ-doped BaCo1�x�yFexMyO3�δ

perovskite membranes. For membranes with a thickness of 1.0 mm operated at

900 �C under an air/inert gradient, BaCo0.7Fe0.2Nb0.1O3�δ, which had the highest

cobalt content, also showed the highest oxygen permeation flux, followed by

BaCo0.7Fe0.2Ta0.1O3�δ>BaCo0.4Fe0.5Ce0.1O3�δ>BaCo0.4Fe0.4Zr0.2O3�δ�
BaCo0.2Fe0.5Bi0.3O3�δ>BaCo0.5Fe0.3Ti0.2O3�δ. The high oxygen permeation flux

of the BaCo0.7Fe0.2Nb0.1O3�δ membrane makes it useful for the partial oxidation of

methane to syngas [45]. The BaCo0.4Fe0.4Zr0.2O3�δ membrane has shown higher

stability than other materials for methane conversion to syngas [46]. The operation

lasts up to 2200 h, which is the longest experiment for the conversion of methane to

syngas in a cobalt-based perovskite membrane reactor. All in all,

BaCo1�x�yFexMyO3�δ perovskite membranes have good oxygen permeability and

considerable stability for syngas production.

Fig. 6.8 The dependence of the oxygen permeation flux on the temperature for the optimized

compositions for Ti4þ-, Zr4þ-, Nb5þ-, Ta5þ-, Ce4þ-, and Bi5þ-doped BaCo1�x�yFexMyO3�δ

perovskite membranes. L¼ 1.0 mm
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6.4.3 Ba0.5Sr0.5Co0.8Fe0.2O3�δ

Among all the perovskite oxides, Ba0.5Sr0.5Co0.8Fe0.2O3�δ (BSCF) is the most

famous, not only in terms of oxygen permeation but also for oxygen activation as

a cathode of solid oxide fuel cells. BSCF was first reported by Shao and his

coworkers in 2000 as an oxygen permeable membrane material [2]. The introduc-

tion of barium into SrCo0.8Fe0.2O3�δ stabilizes the cubic perovskite structure under

lower oxygen partial pressures, and it improves the oxygen permeation flux as

compared to SrCo0.8Fe0.2O3�δ under an air/He gradient. After a series of experi-

ments, Shao et al. found that Ba0.5Sr0.5Co0.8Fe0.2O3�δ was the optimum composi-

tion in the Ba1�xSrxCo1�yFeyO3�δ system in terms of permeability and stability

[41]. Figure 6.9 shows the long-term operation of BSCF membranes at 850, 825,

and 750 �C [2]. The membrane shows stable oxygen permeation during the 1045 h

on-stream as long as the operation temperature is higher than 850 �C. However,
degradation of the permeation flux cannot be avoided if the membrane is operated

below 850 �C. In the pioneer research of Shao et al., they found that the degradation
had no relationship with CO2 poisoning and the enrichment of Ba and Sr on the

membrane surfaces; rather, it was a direct result of the phase transformation of the

material at intermediate temperatures. They found that BSCF transformed to a

hexagonal phase and a new perovskite phase as the powder was treated in air at

750 �C [41]. The reduced oxygen permeation flux at intermediate temperatures can

return quickly to its initial value as long as the operating temperature is higher than

850 �C. The following sections will show the details on the oxygen exchange

kinetics, bulk diffusion kinetics, oxygen permeation, and phase stability of BSCF.

Fig. 6.9 The long-term operation of the BSCF membranes at 850, 825, and 750 �C with the

thicknesses of 1.46, 1.40, and 1.76 mm, respectively (Reproduced from [2] with permission of

Elsevier)
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6.4.3.1 Oxygen Exchange and Diffusion Kinetics

The high oxygen permeability of BSCF membranes indicates that the material has

fast oxygen exchange kinetics at the gas–solid interfaces and large oxygen ionic

diffusion coefficients. The possible oxygen permeation-limiting steps are oxygen

reduction reactions on the gas–solid interface of the feed side (usually air is used as

the feed gas), bulk phase oxygen ionic diffusion, and oxygen evolution reactions on

the gas–solid interface of the permeation side (usually an inert gas is used to sweep

the permeated oxygen in laboratories) for MIEC membranes. Therefore, only

materials with both high oxygen interfacial exchange and high bulk diffusion

kinetics can show high oxygen permeability. Additionally, the BSCF material is

suitable for use as cathodes of solid oxide fuel cells (SOFCs) to catalyze the oxygen

reduction reactions and the subsequent transfer of oxygen ions from the cathode to

the electrolyte. Shao et al. applied the BSCF material to ceria-based SOFCs and

achieved a much higher peak power density of 1010 mW cm�2 and an extremely

low polarization resistance at 600 �C [47]. Since then, BSCF has been widely and

deeply investigated by researchers in the field of fuel cells and MIEC membranes

all over the world. To understand the high performance of the BSCF material, its

oxygen interfacial exchange and bulk diffusion kinetics are two important keys.

The oxygen exchange reactions that happen on the gas–solid interface are

complex and comprise a series of elemental steps, such as diffusion, adsorption,

dissociation, ionization, and, finally, incorporation of oxygen into the crystal lattice

of the materials. Many techniques can be used to either directly or indirectly

determine the interfacial exchange and bulk diffusion kinetics of MIEC materials,

such as oxygen permeation experiments combined with modeling, oxygen isotope

exchange depth profiling (IEDP) combined with secondary ion mass spectrometry

(SIMS), pulse isotope exchange combined with mass spectrometry analysis, cou-

lometric titration, electrical conductivity or mass relaxation techniques, and elec-

trochemical impedances. These techniques were introduced in detail in Chap. 4.

Bucher et al. investigated the oxygen nonstoichiometry and the interfacial

exchange and bulk diffusion kinetic parameters of BSCF by thermogravimetric

and electrical conductivity relaxation techniques [48]. The nonstoichiometric oxy-

gen of BSCF is 0.43–0.6 in the temperature range of 600–900 �C and an oxygen

partial pressure range of 1� 10�4–0.4 bar. The thermodynamic factors of oxygen

were obtained at different temperatures by thermogravimetric techniques. The

chemical diffusion coefficients (Dchem) and interfacial exchange coefficients

(kchem) were in the range of 1� 10�6–3� 10�5 cm2 s�1 and 2� 10�4–3� 10�3

cm s�1 in the temperature range of 550–725 �C. Their activation energies were

86� 8 and 64� 12 kJ mol�1, respectively. The self-diffusion and interfacial

exchange coefficients were calculated by dividing the chemical diffusion and

interfacial exchange coefficients, respectively, by the thermodynamic factors.

They derived the ionic conductivity of BSCF at 600 and 700 �C; however, the
values were obviously lower than those obtained through the oxygen permeation

method [49, 50]. Similarly, Chen et al. investigated the oxygen exchange and
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transport properties of BSCF by using the electrical conductivity relaxation tech-

nique [51]. They reported much larger activation energies for Dchem

(111� 5 kJ mol�1) and kchem (110� 6 kJ mol�1) in the temperature range of

600–800 �C but ionic conductivities comparable to those derived from the oxygen

permeation testing.

Girdauskaite et al. reported an investigation of the oxygen exchange and trans-

port properties of BSCF by the oxygen permeation and electrical conductivity

relaxation techniques [52]. Much higher activation energies were found for the

kinetic parameters obtained through the electrical conductivity relaxation technique

than for those acquired from oxygen permeation. They reported that a comparison

of kinetic parameters and activation energies obtained from the two methods was

difficult owing to highly different gradients of the oxygen chemical potential in the

two methods. Dchem and kchem are determined from conductivity relaxation exper-

iments under nonsteady-state oxygen chemical potential in MIEC materials; in

contrast, the kinetic parameters acquired under steady-state oxygen permeation

are more useful for modeling or simulating the permeation behaviors of membranes

and membrane modules.

An oxygen permeation model that included three permeation resistances (r0, rb, r00)
was developed by Zhu et al. [50]. The three permeation resistances corresponded to the

interfacial oxygen exchange coefficient ( k0 ) on the feed side, the bulk diffusion

coefficient (Dambi, ambipolar diffusion coefficient) in the bulk membrane, and the

interfacial oxygen exchange coefficient (k
00
) on the permeation side, respectively. Their

corrections can be described by the following equations:

k0 ¼ RT

4F2C0
O2�

1

r0
ð6:12Þ

Dambi ¼ RT

4F2Cb
O2�

L

rb
ð6:13Þ

k
00 ¼ RT

4F2C
00
O2�

1

r00
ð6:14Þ

where C0
O2� , Cb

O2� , and C
00
O2� are the oxygen ion concentrations at the gas–solid

interface of the feed side, the bulk zone, and the gas–solid interface of the perme-

ation side, respectively. R, T, and F have their usual meanings. The self-diffusion

coefficient (Ds ) of the oxygen ions is approximate to the ambipolar diffusion

coefficient if the electronic conductivity is much larger than the oxygen ionic

conductivity. For BSCF, its electronic conductivity was higher than 30 S cm�1 in

its working temperature range, so rb � r b
O2� . By using Zhu’s permeation model (see

Chap. 5), the three kinetic parameters were obtained through regressing the perme-

ation experimental data. Figure 6.10 shows the activation energies of the interfacial

exchange coefficients (k0 and k
00
) and the bulk diffusion coefficient (Dambi � Ds) in

the temperature range of 680–940 �C. As shown in the figure, the two interfacial
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exchange coefficients had lower activation energies at high temperatures and higher

values at low temperatures. The change of the activation energies indicates that

the r.d.s. varied as the temperature varied in the investigated temperature range.

However, the activation energy of the bulk diffusion coefficient (83.2� 0.9 kJ mol�1)

did not change over the wide temperature range. The change of apparent activation

energy for oxygen permeation has been found for BSCF membranes by many

researchers. Typically, the transition temperature is in the range of 750–800 �C. For
example, Shao et al. found that the permeation activation energy was 40.9 kJ mol�1 in

the temperature range of 775–950 �C and 72.6 kJ mol�1 in the temperature range of

600–775 �C [2]. The transition temperature of 750–800 �C coincided with the bulk

phase transformation temperature of the materials (a detailed discussion is given in

Sect. 6.4.3.3); therefore, some researchers thought that the change of apparent activation

energy at approximately 750–800 �C was a reflection of the phase transformation.

However, the results shown in Fig. 6.10 reveal that the change of apparent activation

energy is due to the r.d.s shifting from predominantly interfacial exchange to pre-

dominantly bulk diffusion. Investigation of the phase transformation of BSCF

showed that the transformation kinetics were slow and took hundreds of hours.

However, it took just tens of minutes to accomplish the permeation testing.

Through a series of experiments, Hong et al. concluded that the activation

energy for bulk diffusion was greater than that for interfacial exchange at high

temperatures [53]. Figure 6.11 compares the interfacial exchange and bulk

diffusion kinetic parameters of some MIEC perovskite materials [51, 54–58]

with those of BSCF. Clearly, BSCF shows both higher interfacial exchange and

bulk diffusion coefficients across a wide temperature range. It has thus gradually

Fig. 6.10 Activation energies of interfacial resistance constant r
0
0, r

00
0, and bulk-resistance constant

rb under oxygen partial pressure gradient of 0.21 bar/0.02 bar (Reproduced from [50] with

permission of Wiley)
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become the benchmark in the field of the oxygen permeation membranes and

SOFC cathodes.

6.4.3.2 Oxygen Permeation

BSCF has been fabricated into disks, tubes, hollow fibers, and asymmetric plates.

Although BSCF has the fastest interfacial exchange kinetics, researchers have

found that its permeation flux is still limited by interfacial exchange steps as the

Fig. 6.11 The (a) bulk diffusion and (b) interfacial exchange kinetic parameters of some MIEC

perovskite materials. Oxygen partial pressure change: Ba0.5Sr0.5Co0.8Fe0.2O3�δ, Haworth et al.

[54], 0.21–1 atm; Ba0.5Sr0.5Co0.8Fe0.2O3�δ, Chen et al. [51], 0.21–0.1 atm; La0.5Sr0.5CoO3�δ and

La0.5Sr0.5Co0.8M0.2O3�δ (M¼Mn, Fe, Ni, Cu) [55], 0.21–0.05 atm; La0.5Sr0.5Co0.2Fe0.8O3-δ,

reduction and oxidation [56], 0.50–0.35 atm and 0.35–0.50 atm, respectively; SmBa0.6Sr0.4Co2O5þδ

[57], 0.21–0.05 atm; PrBaCo2O5þδ [58], 0.02–0.1 atm
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membrane is thinner than 1 mm. Permeation model investigations have shown that

the characteristic thickness of a BSCF membrane is approximately 0.7 mm at

900 �C and under an oxygen partial pressure gradient of 21/2 kPa [50]. It is

impossible to exceed a permeation flux of 10 mL cm�2 min�1 under the above

operating conditions by decreasing the membrane thickness. Zhu et al. prepared a

capillary BSCF membrane with OD¼ 2.38 mm and ID¼ 1.40 mm and operated it

under high-pressure air and vacuum conditions. The relationship between the

oxygen recovery and oxygen permeation flux was especially addressed, as shown

in Fig. 6.12 [59]. The oxygen permeation flux and oxygen recovery both increased

with increasing feed pressure; however, it gradually leveled off. The increase of

oxygen permeation flux is attributed to the improved driving force across the

membrane. The oxygen permeation flux reaches 6.5 and 9.5 mL cm�2 min�1

under an air pressure of 7 atm and oxygen recoveries of 70% and 48%,

respectively.

Leo et al. reported the fabrication of a BSCF hollow fiber membrane with a

thickness of ~200 μm, which provided an oxygen permeation flux of 7 mL cm�2

min�1 at 900 �C and an oxygen partial pressure gradient of 21/2.2 kPa [60]. A flux

higher than 10 mL cm�2 min�1 can only be achieved by depositing catalysts such as

Pd particles on both surfaces of the hollow fiber membranes to catalyze the oxygen

exchange reactions at the gas–solid interfaces. Baumann et al. reported an asym-

metric BSCF membrane with a 70-μm-thick dense layer and an 830-μm-thick

porous support layer prepared by using a tape-casting technique, as shown in

Fig. 6.13 [61]. An oxygen permeation flux of approximately 5 mL cm�2 min�1

was achieved at 900 �C and under an oxygen partial pressure gradient of air/Ar. The

oxygen permeation flux was improved to 10 mL cm�2 min�1 by coating a 17-μm-

thick porous BSCF layer on the dense layer. When pure oxygen was used as the

Fig. 6.12 Dependence of oxygen permeation flux and oxygen recovery on temperatures. Solid
symbols: 3 atm; open symbols: 1 atm. Airflow rate: 200 mL/min for square and 100 mL/min for

circle. Length: 4.0 cm, S¼ 2.3 cm2 (Reproduced from [59] with permission of Elsevier)
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feed gas, an oxygen permeation flux higher than 50 mL cm�2 min�1 was achieved

at 900 �C and under an oxygen partial pressure gradient of 21/2.7 kPa, as shown in

Fig. 6.14. This amazing flux value was higher than that of many of zeolite

membranes used in gas separation.

For asymmetric membranes, concentration polarization cannot be ignored, espe-

cially for membranes exhibiting high permeation fluxes. In Baumann’s experi-

ments, air or oxygen was fed to the porous support layer. The effect of

concentration polarization induced by the porous support can be excluded by

using pure oxygen as the feed gas. A five-time increase in oxygen permeation

flux was observed after the feed gas was switched from air to pure oxygen, as shown

in Fig. 6.14. Correspondingly, the oxygen partial pressure gradient across the BSCF

asymmetric membrane changed from 21/2.7 to 101/13.8 kPa. However, the driving

force term (ln
P I
O2

PII
O2

) in the Wagner equation slightly decreased from 2.05 to 1.99.

Based on this experiment, Baumann et al. thought that the concentration polariza-

tion of the support was very severe. Strictly speaking, the interfacial exchange

Fig. 6.13 Fracture cross sections (SEM pictures) of two BSCF membranes after oxygen perme-

ation measurements: (a and b) bare and (c and d) with an oxygen activation layer (Reproduced

from [61] with permission of Elsevier)
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resistances decreased when the feed gas was switched from air to pure oxygen

because they are functions of oxygen partial pressure. The decrease of interfacial

exchange resistances leads to a reduction of the total permeation resistance across

the membrane. The predicted oxygen permeation fluxes based on the kinetic param-

eters acquired by Zhu’s model are plotted in Fig. 6.15 for a 70-μm-thick BSCF

membrane without a porous support for oxygen activation. Under an oxygen partial

pressure gradient of 21/2.7 kPa, its oxygen permeation flux is ~6 mL cm�2 min�1,

and it increases to ~12 mL cm�2 min�1 when the oxygen partial pressure gradient is

changed from 21/2.7 to 101/13.8 kPa. Therefore, for Baumann’s membrane, the

Fig. 6.14 Effect of the porous support. BSCF supported thin-filmmembrane with an O2 activation

layer. T¼ 900 �C; QFeed¼ 300 mL (STP)min�1 (Reproduced from [61] with permission of

Elsevier)

Fig. 6.15 Predicted oxygen permeation fluxes based on the kinetic parameters acquired by Zhu’s
model for a 70-μm-thick BSCF membrane without porous support and catalyst layer for oxygen

activation
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significant increase in oxygen permeation flux after the feed gas was shifted from

air to pure oxygen is ascribed to the concentration polarization effect and the

decrease of interfacial exchange resistances. If the interfacial exchange kinetics

are fast enough and can be ignored as compared to the bulk diffusion kinetics, an

oxygen permeation flux of ~65 mL cm�2 min�1 could be achieved on the 70-μm-

thick BSCF membrane at 900 �C and under an oxygen partial pressure gradient of

101/13.8 kPa. The BSCF asymmetric membrane with BSCF catalyst layer gives a

flux of ~50 mL cm�2 min�1 under the same conditions [61]. These results indicate

that the interfacial exchange resistance of the membrane is extremely small as

compared to its bulk resistance, and thus the BSCF material is a good catalyst for

oxygen activation.

6.4.3.3 Phase Transformation

Recently, many researchers have focused on the degradation mechanism of BSCF

membranes at intermediate temperatures. Here, some important findings are intro-

duced to show the complexity of the phase transformation of BSCF. Švarcová et al.

found that extended annealing of the sintered powders for 10 days at 750 �C
resulted in the partial conversion of the cubic parent phase to a 2H-type hexagonal

perovskite structure [62]. They suggested that the formation of the hexagonal phase

occurs via a nucleation and growth mechanism and that it is inhibited by slow

diffusion of the Ba or Sr ions. They also reported that the transformation of BSCF

from a cubic to a hexagonal polymorph can be rationalized by the Goldschmidt

tolerance factor. Additionally, they suggested that the transformation can be

suppressed by appropriate substitutions in the A sites, the B sites, or both. However,

Arnold et al. suggested that the real driving force to form the hexagonal perovskite

structure is the oxidation of Co2þ to Co3þ, which is accompanied by a change in the

preferred spin state (rCo2þ¼ 0.0745 nm (HS), rCo3þ¼ 0.0545 nm (LS) as compared to

rFe2þ ¼ 0.0780 nm (HS), rFe3þ ¼ 0.0645 nm (HS)) [63]. Under the driving force, the

formation of BSCF, as well as its decomposition, is a process of reversible

reordering of the hexagonal AO3-layer stacking sequence in the cubic perovskite,

which happens if the cubic BSCF is kept at temperatures below 900 �C for a long

period, thereby leading to the decomposition of BSCF into a three-phase mixture,

i.e., a mixture containing cubic, hexagonal, and monoclinic phases. The monoclinic

phase was regarded as an intermediate step toward the formation of the hexagonal

phase.

By combining XRD and TEM, Mueller et al. investigated the phase transforma-

tion of the BSCF powder and sintered ceramic at 800 �C [64]. The dense BSCF

ceramic annealed for 8 days at 800 �C showed a grain boundary phase and a

lamellar phase. The grain boundary phase was described as

2H-Ba0.5�xSr0.5�xCoO3�δ based on energy dispersive X-ray spectroscopy

(EDXS) and selected area electron diffraction (SAED) along the c axis; there was
no further investigation of the lamellar phase. The phase transformation kinetics of
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the BSCF cubic phase to the hexagonal phase were investigated by a modified

Johnson–Mehl–Avrami (JMA) model.

αhex tð Þ ¼ αhex t ¼ 1ð Þ 1� e�ktn
� � ð6:15Þ

whereαhex tð Þ andαhex t ¼ 1ð Þ are the volume fractions of the hexagonal phase at an

annealing time t and an equilibrium state, respectively, and k and n are the rate

constants of formation and the Avrami exponent, respectively. Table 6.3 lists the

fitting parameters obtained from the curves shown in Fig. 6.16. It was found that the

Ba/Sr ratio and the forms (powder vs. sintered ceramic) had no influence on the

volume phase fraction of the hexagonal phase in an equilibrium state. However, the

Avrami exponents for powder samples were close to 0.5; for the sintered ceramic,

the Avrami exponent was close to 1. A value of n¼ 0.5 is usually regarded as being

related to nucleation and one-dimensional growth. For this mechanism, the nucle-

ation is very fast, but the growth of the phase is limited by the slow diffusion of the

involved ions. The results suggest that all nucleation sites are occupied with nuclei

before the growth of the phase begins. However, because the Avrami exponent is

Table 6.3 Fitting parameters of the Johnson–Mehl–Avrami (JMA) analysis of the kinetic data on

the formation of the hexagonal phase in air at T¼ 1073 K

Composition Form αhex(t¼1) k/d�n n

BSCF5582 Powder 0.53� 0.03 0.248� 0.0018 0.58� 0.05

BSCF5582 Ceramic 0.53� 0.05 0.078� 0.019 0.86� 0.11

BSCF1982 Powder 0.49� 0.13 0.229� 0.0058 0.43� 0.07

Reproduced from [59] with permission of Elsevier

Fig. 6.16 Volume fraction of the hexagonal phase as a function of time for the three different

samples, BSCF5582 powder (red), BSCF5582 ceramic (green), and BSCF5582 dense ceramics

(black). Lines are fits to the JMA model (Reproduced from [64] with permission of the Royal

Society of Chemistry)
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equal to 1, nucleation occurs at the grain boundaries, with fast saturation of the

nucleation sites. The difference in the nucleation behavior of the powders and

ceramics is because dense ceramics do not offer as many nucleation sites as

powders. Additionally, Mueller et al. found a certain orientation relationship

between the cubic phase and the hexagonal phase at the interface, i.e., 111
� �

cub

001
� �

hex
and 121

� �
110

� �
hex

; which indicates that the lattice planes also represent

the contact planes of the interface, as shown in Fig. 6.17. Therefore, it can be

expected that the contact planes between the cubic and the hexagonal grains are the

{111} planes of the cubic polymorph and the {001} planes of the hexagonal

polymorph.

Aside from hexagonal 2H-Ba0.5�xSr0.5�xCoO3�δ perovskite, the formation of

lamellar noncubic phases was observed in both the powder and the sintered ceramic

samples by Efimov et al. [65]. The lamellar structure with a composition close to

Ba1�xSrxCo2�yFeyO5�δ was found to be related to the 15R hexagonal perovskite

polytype. They found that the growth of lamellae often occurred in various direc-

tions in the cubic perovskite grain, as shown in Fig. 6.18a. It is interesting to note

that the lamella marked by a dashed line in Fig. 6.18a is located at an angle of

approximately 25�. The angle between the (100) and 311
� �

cubic planes coinci-

dentally equals 25.24�, and so the growth direction of the lamella is parallel to the

311
� �

cubic plane. Similarly, the growth direction of the lamella marked by a

dashed–dotted line is parallel to the 211
� �

cubic direction, and the angle between

the lamellae is approximately 35�, whereas the angle between the (100) and 211
� �

Fig. 6.17 Representation of the orientation of the hexagonal (right) and cubic lattice (left) at the
contact plane determined from the SAED patterns. The unit cells are highlighted (Reproduced

from [64] with permission of the Royal Society of Chemistry)

208 6 Perovskite-Type MIEC Membranes



cubic directions is 35.26�. Around the cobalt-enriched lamellae, platelike phases

adjacent to the lamellae, shown in Fig. 6.18b, were found. The cobalt elemental

distribution and the EDXS results in Fig. 6.18c show that the platelike phases were

a mixed barium/strontium oxide, with a stoichiometry of Ba0.4Sr0.6O. Based on the

above findings, a summary of the phase transformation of BSCF is illustrated in

Fig. 6.19. The products include a cobalt-enriched hexagonal perovskite,

Ba0.6Sr0.4CoO3�δ, a 15R-related Ba1�xSrxCo2�yFeyO5�δ complex oxide, and a

mixed barium/strontium oxide [65].

To further understand the phase transformation of BSCF ceramics, Müller et al.
investigated the influence of temperature (700–1000 �C) and annealing time

(10–1350 h) across large ranges [66]. They found that the fraction of the hexagonal

phase increased slowly with increasing annealing time, reaching 10 vol% (normal-

ized with respect to a dense sample) after the sample was annealed at 800 �C for

1350 h; however, the hexagonal phase was not observed at 700 or 900 �C annealing.

Unlike the hexagonal phase, platelike regions were observed in the temperature

Fig. 6.18 (a) TEM bright-field micrograph of the annealed BSCF ceramic sample showing

lamellae grown along different directions. (b) STEM annular dark-field micrograph showing

platelike phases adjacent to lamellae. Arrow marks the lamella shown in Fig. 6.18(b). Rectangle
marks the area of the Ba0.6Sr0.4CoO3�δ composition. (c) Cobalt distribution by EDX spectroscopy

using the Co Kα1 line. (d) HRTEM micrograph showing the presence of cubic phase inside the

lamella (Reproduced from [65] with permission of the American Chemical Society)
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range of 700–900 �C. The fraction of the platelike regions, which was maintained at

3� 1.5 vol% throughout the investigated annealing period at 800 �C, was not

significantly influenced by the annealing time (from 10 to 1350 h), as shown in

Fig. 6.20a. However, the annealing temperature had a significant influence on the

content of the platelike regions, reaching a maximum value of ~13% after

annealing for 10 h at 900 �C, as shown in Fig. 6.20b.

An additional study of the platelike regions showed that they were made of three

phases, i.e., a cubic perovskite phase, a hexagonal phase, and a Ba3Co10O17 phase

[67]. The Ba3Co10O17 phase, a member of the Banþ1ConO3nþ3(Co8O8) family, was

first reported by Sun et al. The phase was also similar to the 15R phase described by

Efimov et al. [65]. Figure 6.21 shows the high-resolution HAADF STEM images of

the Ba3Co10O17 phase with the corresponding atomic models in two different zone

Fig. 6.19 (a) Schematic representation of the BSCF decomposition process. (b) Schematic phase

diagram of the quasi-quaternary Ba–Sr–Co–Fe oxide system. The cubic phases are marked with

square symbols; triangle symbols relate to the multiphase compounds. The borderlines each of

which is associated with miscibility gap are drawn tentatively as solid lines at 1273 K and as

dashed lines at temperatures below 1073 K (Reproduced from [65] with permission of the

American Chemical Society)
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axes ( 2110
� �

and 1010
� �

) and the projected structure of the Ba3Co10O17 phase

described by Sun et al. along the 2110
� �

direction [68]. The Ba3Co10O17 phase

consists of a periodic arrangement of two (111) planes of O octahedra with a cubic

stacking order and three planes with a CdI2-type structure and two interface planes,

as shown in Fig. 6.22. Specifically, the two cubic unit cells are composed of

Ba2Co2O6, leaving a composition of BaCo8O11 for the two interface planes and

the CdI2 plane. The formation of platelike regions was to be found faster at the grain

boundaries than at the hexagonal phase in the BSCF bulk. Thus, the faster degra-

dation of the oxygen permeation flux at the initial stage may be related to the

formation of the platelike regions. Recently, we found that only a Ba3Co10O17

phase was formed at the grain boundaries of a BSCF membrane after it was

operated for oxygen permeation at 600 �C for 500 h [69]. Meanwhile, the

reconstructed three-dimensional reciprocal lattice of the new phase, as derived

from selected area electron diffraction pattern analysis, indicated a trigonal struc-

ture (Fig. 6.23). The reflection conditions determined from these patterns are (i) hkl:

h�kþl¼ 3n, (ii) h0l: �hþl¼ 3n, (iii) hhl: l¼ 3n, and (iv) 00l: l¼ 3n. According to
the International Tables for Crystallography, two space groups, R3m (No. 160) and

R-3m (No. 166), fulfilled these reflection conditions. The composite diffraction

pattern observed along the [110]BSCF/[100]T direction demonstrated the parallel

orientation relationship between BSCF and the trigonal phase, as follows: 110½ �BSCF
100½ �T , 111

� �
BSCF

001ð ÞT , 322
� �

BSCF
011
� �

T
, and 411

� �
BSCF

012
� �

T
Accordingly,

the unit cell parameters were determined from the composite SAED to be

a¼ b¼ 5.65 Å and c¼ 35.76 Å. Detailed EDS analysis of this new phase suggested

an elemental composition of approximately Ba0.45Sr0.07Co1.6Fe0.18O2.8. However,

because of the direction limitations and the small size of the trigonal phase, it was

difficult to determine the space group of the trigonal phase. Sun et al. determined

that Ba3Co10O17 has a space group of R-3m (No. 166) and unit cell parameters of

a¼ b¼ 5.69 Å and c¼ 35.94 Å. This compound showed a similar chemical

Fig. 6.20 (a) Fraction of the platelike phase in vol.% as a function of the annealing time at 800 �C
(BSCF800-xx) and (b) fraction of the platelike phase as a function of the annealing temperature

(BSCFxx-10) (right). The fractions are given normalized with respect to a dense sample

(Reproduced from [66] with permission of Elsevier)
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composition and cell parameters as Ba0.45Sr0.07Co1.6Fe0.18O2.8, and thus the two

compounds may have identical space groups and similar atomic coordinates. The

Ba3Co10O17 phase formed at lower temperatures and decomposed into a Co3O4

spinel phase and a Co-based perovskite phase at temperatures above 800 �C. That is

Fig. 6.21 HAADF STEM micrographs and projected structure models of the sample after

annealing at 800 �C along the (a, b, c) 2110
� �

-zone axis and (d, e, f) 1010
� �

-zone axis of the

BCO-type phase. A-site cations are marked in green, B-site cations in blue, and oxygen in red in

(c, f) (Reproduced from [67] with permission of the American Chemical Society)
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why the trigonal phase of Ba0.45Sr0.07Co1.6Fe0.18O2.8 was only observed at lower

temperatures (<700 �C) and the Co3O4 spinel phase and the Co-based perovskite

phase were observed at higher temperatures (700–850 �C) for the

Ba0.5Sr0.5Co0.8Fe0.2O3�δ material.

In the above investigations on the phase transformation of BSCF, powders or

sintered ceramics treated under static air were used as the samples; however, BSCF

membranes work under a certain oxygen chemical potential gradient for oxygen

separation. Furthermore, demixing of metal oxides is frequently found under an

oxygen chemical potential gradient. Therefore, the phenomena reported in the

above works on the phase transformation of BSCF may not differ from that

which occurs on the membrane under a certain oxygen chemical potential gradient.

After an operation at 950 �C for ~100 h and then at 750 �C for another ~120 h under

an oxygen partial pressure gradient of 250/10 kPa, Liang et al. investigated the

spent BSCF membrane by electron microscopies [70]. Figure 6.24 shows the

backscattered electron channeling contrast images of a BSCF perovskite tube

membrane cross section after a long-term permeation experiment. A crack, pro-

duced as a result of phase transformation-induced tensile stress, had a length of

~200 μm, and it was observed running into the membrane from the feed side. It is

interesting to find that most of the secondary phases crisscrossed the BSCF grains

Fig. 6.22 Crystal structure

of Ba3Co10O17
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and only a few appeared in the grain boundaries in areas close to the feed side,

whereas secondary phases appeared only in the grain boundaries in areas close to

the permeation side. This result indicates that the phase transformation mechanism

is related to the oxygen chemical potential in the membrane bulk, the oxygen

chemical potential gradient, or both. Hexagonal Ba0.6Sr0.4CoO3�δ and

15R-related Ba1�xSrxCo2�yFeyO5�δ (similar to Ba3Co10O17) were found in areas

close to the feed and permeation sides, but the content of the hexagonal phase on the

feed side was much larger than that of the permeation side [70]. Additionally,

hexagonal perovskite arrays with migration channels ([110] direction) of oxygen in

cubic BSCF perovskite were found because that direction is the most strongly

oxidizing location in ionic conducting perovskite.

Although much effort, as introduced above, has focused on the phase transfor-

mation of BSCF, and the possible products of the phase transformation have been

clarified, the factors that have a significant influence on the products of the phase

Fig. 6.23 Selected-area electron diffraction (SAED) analysis of the phase formed at BSCF grain

boundaries after 500 h operation at 600 �C. (a) 210
� �

and [210] and 310
� �

and [310] indicate mirror

symmetry perpendicular to the a*-axis. (b–d) Three main SAED patterns indexed: [001], [100],

and [120]. (e, f) The parallel orientation relationship between the BSCF perovskite phase and the

trigonal phase, as follows: [110]BSCF║[100]R, 111
� �

BSCF
║(001)R, 322

� �
BSCF

║ 011
� �

R
, and

411
� �

BSCF
║(012)R (Reproduced from [69] with permission of the American Chemical Society)
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transformation are still not clear. Except for the most investigated factor, i.e.,

temperature, the other factors such as oxygen partial pressure, impurities, and

nonstoichiometry of the A and B site ions are still not clear. Müller et al. found
that platelike regions are easily generated around CoO impurities [67]. A possible

reason is that nucleation of the Ba3Co10O17 phase occurs easily on the surfaces of

CoO impurities because of the high cobalt content of the Ba3Co10O17 phase. In our

recent research [69], we found that impurities such as BaCeO3 at BSCF grain

boundaries can inhibit the phase transformation at low temperatures by restraining

the movement of grain boundaries. A detailed discussion on the microstructural

effects is given in Chap. 8.

6.5 Co-free Perovskite Membranes

Perovskite oxides with cobalt doped in B sites frequently show high oxygen

permeability because the cobalt elements in a perovskite lattice can significantly

improve the oxygen ionic diffusion coefficient and interfacial oxygen exchange

coefficient. However, weak Co–O bonds decrease the stability of the perovskite

structure under a reducing atmosphere and lead to low mechanical strength. These

Fig. 6.24 Backscattered electron channeling contrast images of the BSCF perovskite tube mem-

brane cross section after the long-term permeation experiment (100 h at 950 �C, 120 h at 750 �C):
(a) Overview of shell/feed side showing an approximately 200 μm long crack running into the

membrane from the left (shell/feed side). The crack tip is marked by an arrow. (b) Area close to the
shell/feed side showing secondary phases crisscrossing BSCF grains. (c) Area close to core/

permeate side showing secondary phases in the grain boundaries. Some phases are marked by

arrows. Note that the closed porosity of the ceramic membrane appears as black dots (Reproduced
from [70] with permission of the American Chemical Society)
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two drawbacks diminish the application of cobalt-based perovskite membrane

reactors to the conversion of hydrocarbons. Therefore, some researchers have

proposed that cobalt-free membranes with high stability under a reducing atmo-

sphere may be alternatives for the conversion of hydrocarbons in MIEC perovskite

membrane reactors. However, the increase in structural stability is at the cost of

permeability. Therefore, a trade-off between stability and permeability should be

found for cobalt-free perovskite membranes. Much effort has focused on improving

the permeability of cobalt-free perovskite membranes. Among the materials,

LaGaO3- and BaFeO3-based cobalt-free perovskite oxides have been widely inves-

tigated due to their high structural stability and considerable permeability.

6.5.1 LaGaO3 System

Sr- and Mg-co-doped LaGaO3 perovskite oxides (La1�xSrxGa1�yMgyO3�δ,

0	 x	 0.2, 0	 y	 0.2) are good oxygen ionic conductors, and their conductivities

are as high as those of ceria-based electrolytes (see Chap. 3). Partial substitution of

gallium by iron in perovskite B sites can introduce electronic conductivity into the

material, thus making it an interesting material for membrane applications. The

resultant La1�xSrxGa1�yFeyO3�δ (0	 x	 0.85, 0	 y	 1) series were reported by

Ishihara and coworkers [71]. They found that Fe-doped La0.8Sr0.2Ga1�yFeyO3�δ

was stable under a reducing atmosphere, although the oxygen permeability was

lower than that of their Co- and Ni-doped counterparts. The oxygen permeability of

the materials increased with increasing Fe content, reaching a maximum at y¼ 0.4,

i.e., La0.8Sr0.2Ga0.6Fe0.4O3�δ. An oxygen permeation flux up to 0.83 mL cm�2 min�1

was achieved on a 0.5-mm-thick membrane at 900 �C. In a US patent, Mackay et al.

reported the fabrication of membranes by doping Mg into a La1�xSrxGa1�yFeyO3�δ

lattice, i.e., La0.15Sr0.85Ga0.3Fe0.6Mg0.1O3�δ. A high oxygen permeation flux of

0.94 mL cm�2 min�1 at 900 �C was reported on a 1-mm-thick membrane, which

was higher than that of La0.15Sr0.85Ga0.3Fe0.7O3�δ, (0.75 mL cm�2 min�1) under

the same experimental conditions [72]. The improvement of permeability was

ascribed to the fact that the Mg–O bond was weaker than the Fe–O bond and that

the lower oxidation state of Mg ions created more oxygen vacancies in the lattice.

The permeation fluxes of LaGaO3-based membranes reported by Ishihara and

Mackay were higher than those of other membranes. One important reason is that

the catalysts were coated on the membrane surfaces to speed up the interfacial

oxygen exchange kinetics. Reichmann et al. found that approximately 17 and 75%

of the driving force were consumed by the oxygen exchange on the gas–solid

interface of the feed and permeation sides, respectively, and that only 8% of the

driving force was consumed by the bulk diffusion [73]. As a result, a low oxygen

permeation flux of ~0.07 mL cm�2 min�1 was obtained on a 1-mm-thick

La0.5Sr0.5Fe0.7Ga0.3O3�δ membrane at 900 �C under an air/Ar gradient. Lee et al.

prepared a La0.7Sr0.3Fe0.4Ga0.6O3�δ membrane with a thickness of 1.7 mm and

found that its flux was only ~0.03 mL cm�2 min�1 at 900 �C, but it increased to
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0.4 mL cm�2 min�1 after both sides of the membrane were coated by

La0.6Sr0.4CoO3�δ porous layers to activate the oxygen reduction and evolution

reactions [74].

In summary, LaGaO3-based perovskite membranes have considerable ionic

conductivity (for instance, for La0.5Sr0.5Fe0.7Ga0.3O3�δ, σi ¼ 0.22 S cm�1 at

900 �C) but slow interfacial oxygen exchange kinetics, especially on the perme-

ation side. To improve their permeation flux, one simple and effective method is to

coat oxygen activation catalysts on both sides of the membranes. To further

increase the permeation flux, researchers can fabricate the membranes into hollow

fibers and asymmetric membranes with a thin dense layer and a thick porous

support. Thus, in terms of permeability and stability, La1�xSrxGa1�yFeyO3�δ is a

competitive candidate in the fields of oxygen separation and catalytic membrane

reactors.

6.5.2 BaFeO3�δ System

BaFeO3�δ is a hexagonal perovskite oxide at room temperature, and phase transfor-

mation from hexagonal to cubic, which is accompanied by significant increases in

both electronic and ionic conductivity, takes place at 800 �C in air. The high-

temperature cubic phase exhibits high permeability. Proper doping in the A sites, B

sites, or both to stabilize the cubic phase to room temperature is required to use the

BaFeO3�δ-based materials as MIEC membranes for oxygen separation. The forma-

tion of the hexagonal structure for BaFeO3�δ perovskite is driven by its large tolerance

factor (>1), thus it needs to stabilize the cubic structure by doping. Larger metallic

ions for B sites, smaller metallic ions for A sites, or both are good doping choices.

Ce4þ (87 pm) was first used to dope BaFeO3�δ to obtain a BaCexFe1�xO3�δ

(0	 x	 0.85) series of oxides. Single-phase cubic perovskites were prepared in the

range of 0.05	 x	 0.15 and x
 0.85, and two cubic perovskite phase mixtures

were produced in the range 0.15< x< 0.85 [75–79]. It was found that the perme-

ation flux of these membranes decreased with increasing cerium doping amount at

x
 0.1 at 900 �C and increase with cerium doping amounts of 0	 x	 0.1, as shown

in Fig. 6.25a. However, BaCe0.05Fe0.95O3�δ showed the highest oxygen permeation

flux when the operational temperature was below 750 �C. Unlike the BaFeO3�δ

membrane, the BaCe0.05Fe0.95O3�δ membrane showed high structural stability

during the cooling/heating cycles, as indicated by the disappearance of the hyster-

esis loop during the temperature cycles, as shown in Fig. 6.25b. The Ce-doped

membrane materials retained their cubic perovskite structure, even when reduced

by a 5% H2/Ar mixed gas at 900 �C for 1 h. In contrast, the perovskite structure of

La0.5Sr0.5Ga0.3Fe0.7O3�δ was partially destroyed, and that of

Ba0.5Sr0.5Co0.8Fe0.2O3�δ completely disappeared after reduction under the same

conditions.

Similarly, researchers have reported the use of other metallic ions with larger ionic

radii to stabilize BaFeO3�δ perovskite oxide, such as Zr4þ, Y3þ, La3þ, and Nb5þ
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[80–84]. Five percent doping in the iron sites was enough to stabilize the cubic

perovskite structure to room temperature, and these membranes showed similar

oxygen permeation fluxes and stabilities to those of the Ce-doped one. Five

percent Naþ, Rbþ, Ca2þ, Y3þ, and La3þ were substituted in the A sites of

BaFeO3�δ, and only Ca2þ, Y3þ, and La3þ, which have smaller ionic radii than

Ba2þ, succeeded in stabilizing BaFeO3�δ to the cubic phase [81]. Among the three

membranes, Ba0.95La0.05FeO3�δ showed the highest oxygen permeability in the

temperature range of 600–930 �C, but the oxygen permeability was comparable

to those of BaFeO3�δ doped by Ce4þ, Zr4þ, Y3þ and La3þ in the B sites.

6.6 Perovskite-Related MIEC Membranes

6.6.1 Ruddlesden–Popper Series Materials

Ruddlesden–Popper (R–P) series materials, Anþ1BnO3nþ1 (A¼ lanthanide or alka-

line earth and n¼ 1, 2, 3. . .), have perovskite-related intergrowth structures in

which a number of perovskite blocks (n is the number of perovskite blocks) with

corner-shared BO6 octahedra alternate with AO rock salt layers along the c axis.

The La2NiO4þδ type is the first member (n¼ 1) of this series, whereas perovskite is

the last member (n¼1). If the A site is occupied by alkaline earth metal ions in the

R–P series materials, a larger number of oxygen vacancies are produced along the

c axis, such as Sr3FeCoO7�δ; as a result, the materials are extremely sensitive to

atmospheric moisture [85]. However, if the A site is occupied by lanthanide

(Ln) metallic ions, such as La3þ and Pr3þ, interstitial oxygen is generated in the

AO rock salt layers along the c axis, such as La2NiO4þδ; this type of material is not

Fig. 6.25 (a) The relationship of the 1.0 mm BaCexFe1�xO3�δ membranes’ oxygen permeation

flux with the cerium doping amount at 900 �C. The oxygen permeation fluxes of x¼ 0.3, 0.4

samples were obtained by adjusting the 1.5 mm membrane to 1.0 mm. (b) Effects of cooling–
heating circle on the oxygen permeation fluxes of the x¼ 0 and 0.05 samples. Thickness: 1.0 mm

(Reproduced from [78] with permission of Elsevier)
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sensitive to atmospheric moisture. Therefore, most investigations on the R–P series

have focused on La2NiO4þδ-type materials.

Oxygen permeation through La2NiO4þδ-type membranes is via both oxygen

vacancies, as is the case with perovskite membranes, and interstitial oxygen ion

migration in the rock salt layers. As compared to its perovskite counterparts, this

type of oxide has many advantages, such as low activation energy for oxygen ion

diffusion [86] and a low thermal expansion coefficient [87]. Therefore, they are

deemed competitive materials for oxygen separation membranes. The oxygen

permeability, conductivity, stability, and catalytic activity of La2�xSrxNi1�y(Fe,

Co,Cu)yO4þδ were investigated for methane partial oxidation to syngas in the

membrane reactors [87–90]. It was found that the migration of interstitial oxygen

ions in the rock salt layers contributed more to the ionic conductivity of the

La2NiO4þδ-type membrane than oxygen ion diffusion through oxygen vacancies.

The contribution of interstitial oxygen ions to ionic conductivity decreased with

increasing oxygen partial pressure. However, because the membranes were used for

oxygen permeation and catalytic oxidation of hydrocarbons, the oxygen partial

pressure of the permeation side was low. As a net result, the oxygen permeability of

La2NiO4þδ-type membranes was lower than those of La1�xSrxCo1�yFeyO3�δ

membranes.

Recently, Ishihara et al. reported a La2NiO4þδ-type membrane using Pr3þ to

replace La3þ in the A sites and using copper and iron ions to partially replace nickel

in the B sites [91–94]. After both sides of the membranes were coated by a

La0.6Sr0.4CoO3�δ porous layer for oxygen activation, a high oxygen permeation

flux of ~1.0 mL cm�2 min�1 was achieved through a 0.5-mm-thick

Pr2Ni0.75Cu0.2Fe0.05O4þδ membrane at 900 �C. The improvement in oxygen per-

meation flux was due to the increase of interstitial oxygen by doping 5% iron in the

nickel sites. However, much more iron doping would produce secondary phases of

Pr6O11 and PrFeO3 and lower the oxygen permeation flux. Subsequently, Yashima

and Ishihara optimized the composition of the material, and a much higher oxygen

permeation flux of ~2.0 mL cm�2 min�1 was achieved at 900 �C through a 0.5-mm-

thick (Pr0.9La0.1)2Ni0.74Cu0.21Ga0.05O4þδ membrane with both sides coated by

cobalt-based perovskite for oxygen activation [94]. Through in situ neutron powder

diffraction of the material by Rietveld analysis, the maximum entropy method

(MEM) [95], and MEM-based pattern fitting to neutron and synchrotron diffraction

from 25 to 1015.6 �C, they found that bulk oxygen ionic diffusion occurred through
the interstitial oxygen and anisotropic apical oxygen sites, as shown in Fig. 6.26. On

the oxygen diffusion path, the oxygen probability density at the bottleneck

increased with increasing temperature, resulting in an increase of oxygen perme-

ation flux. However, the activation energy of the probability density or interstitial

oxygen diffusion activation energy decreased with temperature, reaching 12 kJmol�1

at approximately 900 �C; this low value indicates possible higher bulk oxygen

permeation rates in quality single crystals and epitaxial thin films [95].

Wei and Wang fabricated (Pr0.9La0.1)2Ni0.74Cu0.21Ga0.05O4þδ into hollow fibers

by using a phase-inversion spinning process for oxygen separation and combined it

with an oxyfuel process for CO2 capture [96, 97]. The oxygen permeation flux was
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0.47 mL cm�2 min�1 at 900 �C through 0.23-mm-thick hollow fiber membranes.

After the feed side surface was etched by HCl and then coated by La0.8Sr0.2CoO3-δ

porous layers for oxygen activation, the oxygen permeation flux improved only

slightly to 0.52 mL cm�2 min�1 at 900 �C. However, a significant improvement

from 0.06 to 0.21 mL cm�2 min�1 at 800 �C was recorded. The much lower oxygen

permeation flux in Wei’s report than that reported by Yashima may have been

caused by two factors. One is that only the feed side surface was coated with a

catalyst for oxygen activation in Wei’s experiment; the other factor is that sulfate

impurities in the hollow fiber, which were introduced through the use of

polyethersulfone in the fabrication process of the hollow fibers, may have blocked

ionic transport in the bulk membrane and interfacial oxygen exchange.

6.6.2 Other Types

Double-layered perovskite oxides, LnBaCo2O5þδ (Ln¼ lanthanide elements),

showing good catalytic activity toward oxygen reduction, have recently been

applied as cathodes for solid oxide fuel cells. However, efforts to make them into

Fig. 6.26 (a) Refined crystal structure and (b) isosurface of nuclear density at 0.05 fm Å�3 of the

mixed oxide-ionic and electronic conductor (Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4þδ determined in

situ at 1015.6 �C. Unit cell: tetragonal I4/mmm, a¼ 3.875(3)Å, and c¼ 12.738(9)Å (Reproduced

from [95] with permission of the American Chemical Society)

220 6 Perovskite-Type MIEC Membranes



membranes with high oxygen permeabilities have been frustrated. As compared to

their perovskite counterparts, the lower oxygen permeation flux and regular struc-

tural stability of these materials have not attracted much attention. Similarly,

garnet-type oxides such as Ln3Fe5O12 have been fabricated into membranes for

oxygen permeation [98, 99]. Although this type of material has good stability, its

permeation flux is far lower than those of its perovskite counterparts.

Aurivillius-type (Bi2O2)(An�1BnOx) oxides have been found to be good oxygen

ionic conductors with an alternate (Bi2O2)
2þ layer/perovskite layer structure.

Bi4V2O11 is considered the first member of this series, but only the high-

temperature γ-Bi4V2O11 phase shows a high ionic conductivity up to 1 S cm�1 at

temperatures higher than 570 �C (see Chap. 3). In the crystalline phase, the average

V–O polyhedron appears as a squashed octahedron, and the different oxygen-

deficient octahedra are connected by sharing corners. Copper doping in the vana-

dium site stabilizes the γ phase to room temperature, and it only slightly decreases

the ionic conductivity of the material. However, electronic conduction should be

introduced in the material to form a mixed conductor before it is fabricated into

membranes for oxygen permeation. Although its stability under a reducing envi-

ronment is not good, its high ionic conductivity makes it possible to prepare

membranes for oxygen separation at low temperatures (300–600 �C).
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85. Bréard Y, Michel C, Hervieu M, Studer F, Maignan A, Raveau BB (2002) Large oxygen

deficiency in a n ¼ 2 member of the RP series: Sr3FeCoO7� x (x ⩽ 1.55). Chem Mater

14:3128–3135

86. Daroukh MA, Vashook VV, Ullmann H, Tietz F, Raj IA (2003) Oxides of the AMO3 and

A2MO4 -type: structural stability, electrical conductivity and thermal expansion. Solid State

Ionics 158:141–150

87. Bochkov DM, Khatton VV, Kovalevsky AV, Viskup AP, Naumovich EN (1999) Oxygen

permeability of La2Cu(Co)O4þδ solid solutions. Solid State Ionics 120:281–288

88. Yaremchenko AA, Kharton VV, Patrakeev MV, Frade JR (2003) p-type electronic conduc-

tivity, oxygen permeability and stability of La2Ni0.9Co0.1O4þδ. J Mater Chem 13:1136–1144

89. Kharton VV, Yaremchenko AA, Valente AA, Sobyanin VA, Belyaev VD, Semin GL,

Veniaminov SA, Tsipis EV, Shaula AL, Frade JR (2005) Methane oxidation over Fe-, Co-,

Ni- and V-containing mixed conductors. Solid State Ionics 176:781–791

90. Kovalevsky AV, Kharton VV, Yaremchenko AA, Pivak YV, Tsipis EV, Yakovlev SO,

Markov AA, Naumovich EN, Frade JR (2007) Oxygen permeability, stability and electro-

chemical behavior of Pr2NiO4þδ-based materials. J Electroceram 18:205–218

91. Ishihara T, Nakashima K, Okada S, Enoki M, Matsumoto H (2008) Defect chemistry and

oxygen permeation property of Pr2Ni0.75Cu0.25O4 oxide doped with Ga. Solid State Ionics

179:1367–1371

References 225



92. Miyoshi S, Furuno T, Matsumoto H, Ishihara T (2006) Conductivity and oxygen permeability

of a novel oxide Pr2Ni0.8�xCu0.2FexO4 and its application to partial oxidation of CH4. Solid

State Ionics 177:2269–2273

93. Yashima M, Yamada H, Nuansaeng S, Ishihara T (2012) Role of Ga3þ and Cu2þ in the high

interstitial oxide-ion diffusivity of Pr2NiO4-based oxides: design concept of interstitial ion

conductors through the higher-valence d10 dopant and Jahn � Teller effect. Chem Mater

24:4100–4113

94. Yashima M, Yamada H, Sirikanda N, Ishihara T (2010) Crystal structure, diffusion path, and

oxygen permeability of a Pr2NiO4-based mixed conductor (Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4þδ.

J Am Chem Soc 132:2385–2392

95. Yashima M, Enoki M, Wakita T, Ali R, Matsushita Y, Izumi F, Ishihara T (2008) Structure

disorder and diffusional pathway of oxide ions in a doped Pr2NiO4-based mixed conductor. J

Am Chem Soc 130:2762–2763

96. Wei YY, Ravkina O, Klande T, Wang HH, Feldhoff A (2013) Effect of CO2 and SO2 on

oxygen permeation and microstructure of (Pr0.9La0.1)2(Ni0.74Cu0.21Ga0.05)O4þδ membranes. J

Membr Sci 429:147–154

97. Wei YY, Liao Q, Li Z, Wang HH (2013) Enhancement of oxygen permeation through

U-shaped K2NiF4-type oxide hollow fiber membranes by surface modifications. Sep Purif

Technol 110:74–80

98. Kharton VV, Shaula AL, Naumovich EN, Vyshatko NP, Marozau IP, Viskup AP, Marques

FMB (2003) Ionic transport in Gd3Fe5O12- and Y3Fe5O12-based garnets. J Electrochem Soc

150:J33–J42

99. Shaula AL, Kharton VV, Marques FMB (2004) Mixed conductivity of garnet phases based on

gadolinium ferrite. J Eur Ceram Soc 24:1309–1312

226 6 Perovskite-Type MIEC Membranes



Chapter 7

Dual-Phase MIEC Membranes

Abstract In this chapter, the critical factors affecting oxygen permeation through

dual-phase membranes are discussed with a view to improving the permeability of

dual-phase membranes. Based on the current knowledge in solid-state electrochem-

istry, two series of dual-phase membranes, made of ceria-based ionic conductors

and Fe-based perovskite mixed conductors, are suggested as promising dual-phase

materials. Oxygen exchange on the membrane surface, preparation methods,

sintering temperature, and phase composition are all critical factors to affect the

membrane performance and discussed with experiment demonstration. Other fac-

tors, such as the elemental composition of the phases, grain size, grain size ratio

between the two phases, the conductivity of the mixed conducting phase, the

microstructure, and thickness, all affect the oxygen transport process and deserve

thorough investigation.

Keywords Dual-phase membranes • Fluorite • Perovskite • Microstructure effect •

Interfacial oxygen exchange • Oxygen permeation • Stability and permeability

7.1 Introduction

When one talks about MIEC membranes for oxygen permeation, a single-phase

perovskite (ABO3) is usually regarded as the typical structure for MIEC mem-

branes. The name “perovskite membranes” has almost become synonymous with

MIEC membranes. The overall stability of perovskite oxides includes their ther-

modynamic and kinetic stabilities. The thermodynamic stability depends mainly on

the average bond energy (ABE) of the A- and B-site ions with oxygen. High ABE

values lead to high stability, but the motion of oxygen ions in the lattice becomes

difficult at high ABE values. The kinetic stability of perovskite-type membranes

depends on the self-diffusion coefficients of the metal cations. When a chemical

potential gradient generated by oxygen is applied across a membrane, both oxygen

ions and metal cations are driven from one side to the other. The kinetic demixing

rate largely depends on the self-diffusion coefficients of the cations, the tempera-

ture, atmosphere, membrane microstructure, oxygen chemical potential gradient

across the membrane, and the oxygen exchange rates at the surfaces. Obviously, the

ABE values of a perovskite material have a great influence on the self-diffusion
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coefficients of the cations in the lattice. As a result, it is difficult to obtain a

membrane with excellent permeability and stability simultaneously.

However, another important structure, i.e., dual-phase membranes, is attracting

more and more attention. The “dual-phase” concept was developed only a few years

after the single-phase perovskite membranes. In a dual-phase membrane, there is

one phase for the diffusion of oxygen ions and another phase for the transport of

electrons, so the transport paths of ions and electrons are separated in the membrane

bulk. This kind of membrane is made of oxygen ionic conductors and electronic

conductors. Figure 7.1 gives a schematic diagram of dual-phase membranes for

oxygen separation. The motivation for developing dual-phase membranes is to

design membranes with both high oxygen permeability and stability, since

researchers have found that stability and permeability are mutually restricted for

membranes with a single-phase perovskite structure, as illustrated in Chap. 6.

7.2 Traditional Dual-Phase MIEC Membranes

Initial research was focused on the cermet dual-phase membranes made of noble

metals (such as Au, Pd, Pt, Ag, etc.) and oxygen ionic conductors (such as Bi2O3-,

ZrO2-, and CeO2-based solid electrolytes) [1–3]. The dual-phase concept was first

proposed by Mazanec and coworkers in 1992 in the investigation of membrane

reactors for partial oxidation of methane to syngas [4]. They employed yttria-

stabilized zirconia (YSZ) as the oxygen ionic conductor and used Pd, Pt,

In0.9Pr0.1O1.5þδ, and In0.95Pr0.025Zr0.025O1.5þδ as the electronic conductor, with a

volume ratio of around 1:1. A high permeation flux of up to 7.8 mL cm�2 min�1

was achieved through a 0.3-mm membrane at 1100 �C when air and hydrogen were

fed to the two sides of the In0.95Pr0.025Zr0.025O1.5þδ–YSZ dual-phase membrane,

respectively. To prove the dual-phase concept for an oxygen separation process,

Chen et al. prepared several dual-phase membranes made of YSZ and palladium

[2], erbia-stabilized bismuth oxide (BE), and noble metals (silver, gold) [1, 5, 6]. A

Fig. 7.1 Traditional dual-phase membranes
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method for mechanically mixing the two kinds of powders was used to prepare the

composite powders. An oxygen flux of 0.21 mL cm�2 min�1 was achieved through

a BE–Ag dual-phase membrane with a thickness of 0.23 mm at 750 �C under an

oxygen partial pressure gradient of 0.21 atm/0.056 atm [6]. The examination of the

effect of membrane thickness on permeability revealed that the oxygen transport

kinetics were controlled by the diffusion of oxygen ions in the membrane bulk as

the thickness was larger than 1.0 mm. A high oxygen permeation flux of

0.78 mL cm�2 min�1 was achieved through a Bi1.5Y0.3Sm0.2O3 (BYS)–Ag dual-

phase membrane with thickness of 1.3 mm at 850 �C under an oxygen partial

pressure gradient of 0.21 atm/0.009 atm [7]. However, the permeation fluxes of the

YSZ-based dual-phase membranes are more than one order lower than those of the

bismuth oxide–silver (or other noble metals) membranes. Although an asymmetric

dual-phase membrane of YSZ–Pt was prepared with a dense layer of less than

10 μm by a chemical vapor deposition (CVD) technique, only a low permeation flux

of around 0.06 mL cm�2 min�1 was achieved at 1050 �C [8]. A high volume

fraction of up to 40 vol.% is usually required to make the metal phase form a

continuous conduction network across the bulk of the membrane. As a result, the

high cost makes this kind of dual-phase membrane far from commercially viable.

Furthermore, their much lower permeability compared with that of perovskite

membranes does not attract much attention from researchers. Therefore, less than

twenty papers on the cermet dual-phase MIEC membranes have been published up

until now.

To reduce the material costs of the dual-phase membranes, electronic conducting

oxides have been suggested as replacements for the noble metals. This kind of

ceramic dual-phase membrane was first proposed by Mazanec and coworkers in

1992 [4], but it was not concerned until 8 years later that a detailed investigation on

this type of membrane (like Ce0.8Gd0.2O1.9–La0.7Sr0.3MnO3) was reported by

Kharton and coworkers [9]. Soon after, the dual-phase membranes

Ce0.8Sm0.2O1.9–La0.8Sr0.2Co0.2Fe0.8O3, Ce0.8Gd0.2O1.9–Gd0.7Ca0.3CoO3,

La0.8Sr0.2Ga0.8Mg0.2O3–La0.8Sr0.2Co0.2Fe0.8O3, Ce0.8Sm0.2O1.9–La0.8Sr0.2CrO3,

and Zr0.6Y0.4O1.8–La0.7Sr0.3MnO3, among others, were reported by several groups

[10–15]. Most of these membranes have high stability but all show poor perme-

ability. In addition, the oxygen permeation process is unstable over prolonged

periods. For Ce0.8Gd0.2O1.9–La0.7Sr0.3MnO3, the oxygen flux decreases with time

and does not reach a steady state [9]. However, the oxygen fluxes of

Ce0.8Sm0.2O1.9–La0.8Sr0.2Co0.2Fe0.8O3 and Ce0.8Sm0.2O1.9–La0.8Sr0.2CrO3 initially

increase and then achieve steady states [10, 14]. In addition to perovskite-type

oxides, spinel-type oxides, such as NiFe2O4, NiCo2O4, MnFe2O4, MnCo2O4, etc.,

have been employed as the electronic conductor in dual-phase systems [16–22].

Ceria-based oxygen ionic conductors are the most commonly used ionic conductors

in dual-phase membranes because of their high ionic conductivity and good chem-

ical compatibility with perovskite and spinel oxides. There has been no detailed

investigation of these dual-phase membranes because their permeation fluxes are

far lower than that required for practical purposes. The poor permeability of this

type of dual-phase membrane is related to an effect blocking the electronic
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conducting phase transporting oxygen ions across membrane bulk. Figure 7.1 gives

a schematic diagram of oxygen ionic and electronic transport through the bulk of

the membrane. The ionic conductivity of the perovskite and spinel oxides is far

lower than that of the ionic conductors. Therefore, the electronic conducting phase

in this type of dual-phase membrane not only blocks the ionic diffusion in the

membrane bulk but also significantly reduces the volume fraction of the ionic

conducting phase. As a result, the ionic transport paths across the dual-phase

membranes are seriously limited by the electronic conducting phase.

7.3 New Type of Dual-Phase MIEC Membranes

Recently, a new type of dual-phase membranes comprising an oxygen ionic con-

ductor and a mixed conductor, and showing high permeability and stability, was

reported by our group [23–36]. In this configuration, the ionic conducting phase is

employed for the transport of oxygen ions as usual, while the mixed conducting

phase is employed for the transport of both oxygen ions and electrons, rather than

only electrons as with a noble metal phase or a pure electronic conducting ceramic

phase. The mixed conducting phase is the key to improving the permeability,

because the ionic diffusion in the bulk membrane is not blocked by the mixed

conducting phase, and the volume fraction of the ionic conductor is always equal to

unity because of the high ionic conductivity of the mixed conducting phase, as

illustrated by Fig. 7.2. Therefore, it is expected that the new dual-phase membranes,

consisting of an oxygen ionic conductor and a mixed conductor, will have a high

oxygen permeation flux.

The separation of the ionic and electronic transport paths allows the respective

design and selection of the chemical composition of the two phases. However,

various interactions between the two phases, including chemical, thermal, and

mechanical, among others, introduce further complications compared with single-

phase membranes. Therefore, there are many new factors that may influence the

performance of dual-phase membranes in addition to those frequently encountered

Fig. 7.2 New type of dual-phase membranes
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in single-phase perovskite membranes. Furthermore, the performance behaved and

rules applied may be very different from those occurring in single-phase perovskite

membranes even for the same factors acting on the dual-phase membranes. There-

fore, a summary of the achievements on dual-phase membranes by our group and

other researchers is presented to identify the critical factors determining oxygen

permeation through dual-phase ceramic membranes and also to throw light on the

development of new dual-phase membranes.

7.3.1 Design of Dual-Phase Membranes with High Stability
and Permeability

For dual-phase membranes, the transport of oxygen ions and electrons takes place

separately in the two phases. This facilitates tailoring of the stability and perme-

ability of the membranes by choosing the ionic and electronic conducting phases,

respectively. However, the design of dual-phase membranes must follow the basic

principles of solid-state chemistry. MIEC membranes can be used in many fields,

for instance, as membrane reactors for the conversion of natural gas to syngas,

selective oxidation of alkanes to alkenes, and production of high-purity hydrogen

from water splitting and as membrane separators for high-purity oxygen production

and for CO2 capture by integration with an oxyfuel process. Different applications

have different requirements for the membrane materials. High permeability may be

more important for some applications than stability and vice versa. Suitable design

of the dual-phase membranes can quickly generate high-performance membrane

materials. Three basic requirements must be considered in the design of dual-phase

membranes, i.e.:

1. High stability under working conditions

2. Considerable ionic conductivity under working conditions

3. Good chemical compatibility of the two phases under working conditions

Here, we give two examples, presented in Figs. 7.3 and 7.4, for the design of dual-

phase membrane materials for two potential applications: one as a membrane

reactor for the conversion of natural gas to syngas and the other as a membrane

separator for CO2 capture integrated with an oxyfuel process.

When a dual-phase membrane is used as a membrane reactor for natural gas

conversion to syngas, the retentate side of the membrane is exposed to an oxidizing

atmosphere, while the reaction side is exposed to a strong reducing atmosphere

containing hydrogen and carbon monoxide. Therefore, the membrane materials are

required to keep their crystal structure under both oxidizing and reducing environ-

ments. First of all, an oxygen ionic conductor with high stability must be selected

from those currently available for dual-phase membranes. Although bismuth-based

fluorite or Aurivillius oxides have the highest ionic conductivities among the

known oxygen ionic conductors, they are all easily reduced to metals under a low

oxygen partial pressure. Their stability is nowhere near that required for a
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membrane reactor for syngas generation. La2Mo2O9 and its substitutes are also

unstable in reducing environments at high temperatures [37]. In addition, the

volatilization of MoO3 during sintering and high-temperature operation limits

their applications. The newly invented NaBi0.5Ti0.5O3 is unstable under a strong

reducing atmosphere at elevated temperature or in an atmosphere containing CO2;

therefore, it is also ruled out in the first round of selection. The second criterion for

selecting an ionic conducting phase for a dual-phase membrane is high ionic

conductivity. High oxygen ionic conductivity is a prerequisite for obtaining high

oxygen permeability. Among the ionic conductors left after the first round selec-

tion, Y- or Sc-stabilized zirconia, doped ceria, and La1–xSrxGa1–yMgyO3–δ

(0� x� 0.2, 0� y� 0.2) possess high ionic conductivity and are suitable as the

Fig. 7.3 The design of dual-phase membrane materials for the conversion of natural gas to syngas

Fig. 7.4 The design of dual-phase membrane materials as membrane separator for CO2 capture by

integrating with oxyfuel process
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ionic conducting phase in a dual-phase membrane. The third criterion for the

selection of the ionic conducting phase is chemical compatibility with the potential

electronic conducting phase. Perovskite-type or spinel oxides (such as MnFe2O4,

MnCo2O4, NiCo2O4) are good electronic conductors at high temperatures. Consid-

ering that a series of high-temperature (usually 1000–1500 �C) steps are needed to

prepare dual-phase membranes, and they are operated at temperatures higher than

800 �C, the chemical compatibility between the ionic conducting phase and elec-

tronic conducting phase is critical to obtain a dual-phase membrane with high

permeability and permeation stability. Therefore, when the chemical compatibility

between the ionic and electronic conducting phases is considered, only doped ceria

remains. Zirconia-based materials easily react with perovskite-type oxides to pro-

duce zirconates and pyrochlores when sintered at elevated temperatures, and the

resulting new compounds have poor ionic and electronic conductivity. The reac-

tions between Y/Sc-stabilized zirconia and spinel oxides are not as severe as those

between perovskite-type oxides, but the cubic/tetragonal structures with high ionic

conductivity are degraded to monoclinic structures with poor ionic conductivity

after elevated-temperature sintering. The elements in electronic conducting perov-

skite oxides easily diffuse into the La1�xSrxGa1�yMgyO3�δ lattice and produce a

new perovskite oxide at high temperatures, and the new materials produced usually

have normal stability and permeability. In the investigation of

La0.8Sr0.2Ga0.8Mg0.2O3�δ–La0.8Sr0.2Co0.2Fe0.8O3�δ, Kharton et al. found that the

composite material becomes almost a pure perovskite phase after sintering at high

temperature [13]. The similar crystal structures of the two perovskite oxides above

facilitate the diffusion of metal ions from one perovskite oxide to the other.

Similarly, almost all the elements making up spinel oxides can be substituted by Ga
3þ and Mg2þ to produce new composite systems such as La0.8Sr0.2(Ga, Mg, Mn, Fe,

Co)O3þ (Ga, Mg, Fe, Co)O4 or even more complex phases. Therefore, these two

kinds of ionic conductors (zirconia-based or LaGaO3-based perovskite oxides) are

unsuited as oxygen ionic conducting phases in dual-phase membranes except

compatible electronic conducting oxides are developed.

In selecting the electronic conducting phase for dual-phase membranes, if the

stability under a reducing environment is considered (i.e., for the purpose of

converting natural gas to syngas in a membrane reactor), perovskite or spinel oxides

doped with cobalt or other reducible metal ions are excluded. Electronic conducting

oxides can be classified into two groups: (1) pure electronic conductors (or those

where the ionic conductivity is extremely low), such as the perovskite-type

La1�xSrxMn(Cr)O3 and spinels (M,M’)3O4), and (2) mixed conductors (such as

Lnx(Ba,Sr,Ca)1�xCoyFe1�yO3�δ). If a pure electronic conductor, or a mixed con-

ductor with extremely low ionic conductivity, such as La0.8Sr0.2Co0.2Fe0.8O3, is

used as the second phase in the dual-phase membrane, it blocks the transport of

oxygen ions between ionic conductor grains in the bulk membrane. For example,

when La0.8Sr0.2Co0.2Fe0.8O3�δ, a mixed conductor with very low ionic conductiv-

ity, is used, the permeation flux is as low as 0.05 mL cm�2 min�1 at 950 �C for the

Ce0.8Gd0.2O1.9–La0.8Sr0.2Co0.2Fe0.8O3�δ dual-phase membrane with thickness of

1 mm [10], which is even lower than that of the Ce0.8Gd0.2O1.9–La0.7Sr0.3MnO3
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dual-phase membrane under the same conditions [9]. However, when a mixed

conductor with significant ionic conductivity is used as the second phase, it will

contribute to, rather than block, the transport of oxide ions, as illustrated in Fig. 7.2.

It is expected that dual-phase membranes made up of an ionic conductor and a

mixed conductor would have higher oxygen permeation fluxes than those made of a

pure electronic conductor or a mixed conductor with poor ionic conductivity.

Therefore, only the iron-based perovskite with high ionic conductivity can be

employed as the electronic conducting phase. If the compatibility between doped

ceria and the Lnx(Ba,Sr,Ca)1�xFeO3�δ perovskite is considered, barium and cal-

cium may be excluded because barium-doped perovskite oxides easily react with

ceria to produce BaCeO3 [38], and calcium can easily diffuse into the ceria lattice

and decrease the ionic conductivity. Of course, strontium-doped perovskite oxides

may also react with ceria to produce SrCeO3. However, the low tolerance factor of

0.87 gives Sr2þ a higher chemical potential in SrCeO3 than in Ln1�xSrxFeO3, so

SrCeO3 does not appear in the dual-phase membranes. Ba2þ and Ca2þ are not

completely excluded from being doped into the perovskite lattice, as much depends

on the particular dual-phase system. In general, Sr2þ-doped LnFeO3 has better

compatibility with the ceria-based ionic conductors than Ba2þ and Ca2þ counter-

parts. Therefore, one can obtain dual-phase membranes with the composition

Ce1�xLnxO2�δ–Ln1�ySryFeO3�δ. Among possible doped ceria, Gd3þ and Sm3þ

doping produces the highest conductivities, so the matched perovskite oxides

need to be Gd1�ySryFeO3�δ and Sm1�ySryFeO3�δ. The perovskite can be improved

by doping an appropriate amount of Al3þ, Ga3þ, Cr3þ/4þ, Mn3þ/4þ, Ti4þ, Zr4þ, etc.,
into the B site to improve their stability under reducing conditions. However, the

diffusion of the Zr4þ ions from the perovskite phase to the ceria fluorite phase must

be considered. Because the Zr4þ ion is easily incorporated into the ceria lattice, it

produces a solid solution with a lower ionic conductivity. Here, the selection of the

materials is based on current knowledge, and more reasonable designs for the dual-

phase membranes are expected in the future.

In the other example, of the design of a dual-phase membrane for CO2 capture

integrated with an oxyfuel process, high stability under a CO2 environment is

required of the membranes. As a result, the perovskite-type ionic conductors and

mixed conductors doped with Ba2þ or Sr2þ cannot be used to construct dual-phase

membranes. Ceria, zirconia, bismuth oxides, and La2Mo2O9 are good ionic con-

ductors coupled with high stability under a CO2 atmosphere and are good choices

for the ionic conducting phase. To make an MIEC perovskite oxide with high

oxygen ionic conductivity, alkaline earth metal ions are doped into the A site.

Among the alkaline earth metal ions doped into perovskite membranes, Ca2þ-
doped ones demonstrate the highest CO2 tolerance due to the lower decomposition

temperature of CaCO3 (�800 �C at 1 atm CO2 partial pressure). Therefore,

Ca-doped perovskite may be a good electronic conducting phase for the construc-

tion of the dual-phase membranes. However, the Ca-doped perovskite oxides

usually have much lower ionic conductivity than those of the Ba2þ- or Sr2þ-
doped ones, so they are not the only alternative to the CO2-tolerant dual-phase

membranes. Other perovskite oxides without Ca doping and spinel oxides should be
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considered even though their ionic conductivity is extremely low, because the

stability should be the primary consideration in the application of the dual-phase

membranes to CO2 capture. Bismuth oxide-based ionic conductors have much

higher conductivity than others; however, it has been difficult to find an electronic

conducting oxide having good chemical compatibility with bismuth oxide-based

ionic conductors up till now. However, once a proper electronic conducting oxide is

found, the bismuth oxide-based dual-phase membranes will show high permeability

and stability under a CO2 atmosphere. Among the ceria, zirconia, and La2Mo2O9

ionic conductors, the ceria-based conductors show the highest conductivity and best

chemical compatibility with perovskite and spinel oxides. Therefore, most of the

CO2-tolerant dual-phase membranes are now made of ceria-based ionic conductors

and perovskite- or spinel-based electronic conductors. Although the above arrange-

ments are the best for the CO2-tolerant dual-phase membranes, their permeability is

usually lower than those of the dual-phase membranes designed for syngas pro-

duction under an oxygen partial pressure gradient of air/inert gas. The lower

permeability is related to the blockage effect of the electronic conducting phase

in the bulk membrane due to their extremely low ionic conductivity. The key to

improving the permeability of the CO2-tolerant dual-phase membranes is to find an

electronic conducting phase with both high ionic conductivity and good CO2

durability.

7.3.2 Comparison Between the Traditional
and New Dual-Phase Membranes

In the above section, a mixed conducting phase was deemed better than a pure

electronic conducting phase for the construction of dual-phase membranes, because

mixed conductors with significant ionic conductivity would contribute to, rather

than block, the transport of oxide ions. In the following discussion, a comparative

experimental investigation of the two types of dual-phase membranes was

performed in our laboratory and some interesting results were obtained. The

following two dual-phase membranes were selected to illustrate the difference

experimentally. The material 75 wt.% Ce0.85Sm0.15O1.925–25 wt.%

Sm0.6Sr0.4FeO3-δ is designated as SDC75–SSF25 and 75 wt.%

Ce0.85Sm0.15O1.925–25 wt.% Sm0.6Sr0.4CrO3�δ as SDC75–SSFCr25. Only one ele-

ment is different in the perovskite phase for the two dual-phase membranes. The

difference means that the former dual-phase membrane comprises a perovskite-

type mixed conductor and a ceria-based ionic conductor, and the latter comprises a

pure electronic conductor and a ceria-based ionic conductor. The two composite

powders were prepared via the same procedure, i.e., a one-pot method which will be

discussed in detail in Sect. 7.3.4.1, followed by pressing and sintering at the same

pressure and temperature. All the metal ions required are mixed in one beaker, so

that every element has the same chemical potential in each phase after synthesis and
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sintering. Therefore, the interdiffusion of metallic elements between the two phases

is completed during the preparation process of the dual-phase membranes. XRD

data from the as-synthesized powders reveal that no new phase appears, such as

SrCeO3, for the two dual-phase membranes. This result demonstrates that the

perovskite phases have good compatibility with the fluorite phase even though

the powders were prepared by the one-pot method. The compatibility arises because

the two phases contain the same rare earth element, samarium, and because

strontium has a lower dissolution energy in the SmFe(Cr)O3�δ perovskite lattice

than in the fluorite or SrCeO3 lattices [39, 40].

The oxygen permeation flux for SDC75–SSF25 is more than four times that of

SDC75–SSCr25 under the same testing conditions, as shown in Fig. 7.5. The

oxygen permeation activation energy of SDC75–SSF25 (66� 1 kJ mol�1) is

smaller than that of SDC75–SSCr25 (94� 2 kJ mol�1) and close to the reported

oxygen ionic conduction activation energy of SDC [41]. This reveals that the

presence of a mixed conducting phase, SSF, in the dual-phase membrane system

has little influence on the ionic transport through the SDC grains. However, the

appearance of a pure electronic conductor in the dual-phase system will block the

ionic transport and leads to a higher permeation activation energy and lower

permeation flux. Table 7.1 lists the oxygen permeation performance of the dual-

phase membranes with a pure electronic conducting phase or with a mixed

conducting phase. As indicated by the table, all the dual-phase membranes

containing a mixed conducting phase exhibit much higher oxygen permeation

fluxes than those of dual-phase membranes containing a pure electronic conducting

phase.

Fig. 7.5 Temperature dependence of oxygen permeation fluxes of dual-phase membranes with

both sides coated with La0.6Sr0.4CoO3 porous layers. Thickness: 0.5 mm for SDC75–SSF25 and

0.38 mm for SDC75–SSCr25 (Reproduced from [31] with permission of the Elsevier)
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7.3.3 Interfacial Oxygen Exchange

Oxygen exchange on both gas–solid interfaces (or membrane surfaces) is impor-

tant in the process of oxygen permeation across MIEC membranes. It includes the

oxygen reduction reactions (ORR) on the surface of the high oxygen partial

pressure side and the oxygen evolution reactions (OER) on the surface of the

side at low oxygen partial pressure. In the investigation of perovskite membranes,

it was found that besides the material composition, temperature, and oxygen

partial pressure, the surface microstructure of the membrane is a critical factor

influencing both ORR and OER. For a dual-phase membrane, the surface micro-

structure has a great influence not only on ORR and OER but also on the

permeation stability.

As mentioned above, the impedance spectra of the SDC75–SSF25 and SDC75–

SSCr25 membranes at elevated temperatures show only a single arc, as shown in

Fig. 7.6, which is related to the interfacial exchange processes. The first two

intersection points between the origin and the arcs along the abscissa represent

the bulk resistance including contributions from the grains and grain boundaries.

The values between the first and second intersection points can be used to define the

resistance of the membrane surface [28]. Compared with the SDC75–SSF25 mem-

brane, the SDC75–SSCr25 membrane shows much bigger surface resistance and

Fig. 7.6 Impedance spectroscopy of SDC75–SSF25 and SDC75–SSCr25 membranes at different

temperatures (Reproduced from [31] with permission of the Elsevier)
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bulk resistance in the temperature range investigated. The higher surface resistance

reveals slow surface exchange kinetics, because the exchange reactions can only

take place at the triphase boundaries for SDC75–SSCr25. However, the lower

surface resistance of SDC75–SSF25 results from the fast exchange reactions that

can take place at the triphase boundaries as well as on the SSF grains. Therefore,

with dual-phase membranes made of pure electronic conductors and ionic conduc-

tors, the surface exchange kinetics will inevitably be slow except where porous

catalyst layers are coated on both surfaces.

Different groups have reported variable oxygen permeation through a number

of dual-phase membranes in the initial stages. Usually, it takes tens or hundreds of

hours to reach a permeation steady state [14, 17, 23, 25, 27]. The oxygen

permeation flux at steady state is often twice the initial value. This unsteady

phenomenon is occasionally observed on perovskite membranes, which has been

related to the readjustment of the lattice structure from the as-prepared state to an

invariant state under permeation conditions or related to the reduction of surface

oxygen. Here, the permeation flux at the final steady state is usually lower than the

initial value, which is different from that usually observed on dual-phase

membranes.

A La0.6Sr0.4CoO3 (LSC) porous layer with a thickness of �20 μm was coated

on one or both sides of the dual-phase membrane to speed up the oxygen exchange

on the membrane surfaces, as shown in Table 7.2. The permeation results revealed

that when both sides of the membrane were coated by LSC porous layers, the

membrane reached the permeation steady state immediately, and showed the

highest oxygen flux, higher than those with only one side coated or naked

membranes, as shown in Fig. 7.7 [29]. It takes longer for the naked membranes

to reach steady state than the membranes coated with LSC layers on the feed or

sweep side. For example, the naked membrane needs about 42 h to reach steady

state, but the membrane with its sweep side coated with an LSC porous layer

needs only 8 h. This unsteady period for the SDC75–SSF25 dual-phase mem-

branes is irreversible. When the membranes reached their permeation steady state,

the helium was replaced by air on the permeation side, and after about 50 h, the

helium flow was switched back. However, the oxygen flux maintained its steady

value. From the above results, we deduced that the unsteady permeation of dual-

Table 7.2 Situations of SDC–SSF composite membrane with or without LSC porous layers,

oxygen permeation energy (Ea), and permeation unsteady period

Samples

LSC porous layers

Unsteady period (h) Ea (kJ/mol)He side Air side

SDC–SSF-I � � 42 117� 3

SDC–SSF-II � þ 18 91.4� 0.9

SDC–SSF-III þ � 8 106� 3

SDC–SSF-IV þ þ 0 62.1� 0.8

Reproduced from [29] with permission of Elsevier

“þ, �” represent the membrane coated with or without LSC porous layers, respectively
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phase membranes is related to the surface oxygen exchange on the membrane

surface [29]. A microstructure change was observed on the dual-phase membrane

surfaces without an LSC porous coat, as shown in Fig. 7.8. Furthermore, the

unsteady permeation can be turned on only at higher temperatures up to 940 �C, as
shown in Fig. 7.9. For the SDC–SSF dual-phase membrane with the air side

coated with a porous LSC layer, the oxygen permeation flux rapidly decreases

Fig. 7.7 Dependence of oxygen permeation fluxes on time at 940 �C of SDC–SSF dual-phase

membranes with or without LSC porous layers on surfaces. Air flow rate, 100 ml min�1; He flow

rate, 30 ml min�1 (Reproduced from [29] with permission of Elsevier)

Fig. 7.8 SEM pictures of the fresh SDC–SSF dual-phase membrane and the membranes after

reaching the permeation steady state. The LSC porous layers were removed by ultrasonic cleaning

before observing them on SEM. (a) Fresh membrane; (b) naked surface of air side after oxygen

permeation (Reproduced from [29] with permission of Elsevier)
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with time during the first 7 h at 750 �C and then increases slightly. The decrease in

flux at the initial stage is due to a decrease in the initial rate of surface oxygen

desorption [29]. When the operating temperature was increased from 750 to

850 �C, the initial flux increased from 0.0168 to 0.0505 mL cm�2 min�1, which

is still much lower than the value obtained after reaching a steady state at the same

temperature. During the 50 h operation at 850 �C, the permeation flux increases by

only �12%; however, when the operating temperature was increased to 940 �C,
the initial flux increased to 0.245 mL cm�2 min�1, and the flux increased by

�90% during the 100 h of operation and reached a value similar to that shown in

Fig. 7.8. This reveals that an increase in operating temperature can accelerate the

changes in the surface structure. However, for the membrane with both sides

coated with porous LSC layers, the oxygen permeation is constant even at the low

temperature in the initial stage.

From the above experimental results, one can conclude that the unsteady

permeation is related to oxygen exchange reactions at the gas–solid interface. If

there is no LSC porous layer, the gas–solid interface is exactly the same as the

membrane surface; if the membrane surface is coated with an LSC porous layer,

the gas–solid interface is located in the porous layer. For the dual-phase mem-

branes, their interface microstructures are changed by the asymmetric oxygen

partial pressure gradient across the membranes from the as-prepared state to a

new state under oxygen permeation conditions. Therefore, when there is no LSC

porous layer, the adjustment of the microstructure is on the membrane surface; if

the membrane surface is coated by an LSC porous layer, the adjustment is on the

porous layer. However, on the porous structure, the changes in morphologies are

not notable. It can be anticipated that the adjustment of the microstructure on the

LSC porous layer would be much faster than that on the dense dual-phase

membrane surface due to the large specific area and the fine oxide grains.

Consequently, there is no unsteady period observed for the membrane with LSC

coated on both sides.

Fig. 7.9 Time dependence of relative oxygen permeation fluxes at different temperatures of (a)
SDC–SSF-II and (b) SDC–SSF-IV dual-phase membranes coated with LSC porous layer on air

side and on both sides, respectively. Air flow rate, 100 ml min�1; He flow rate, 30 ml min�1

(Reproduced from [29] with permission of Elsevier)
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7.3.4 Microstructure Effects

It is well known that the ceramic microstructure has a great influence on the

performance of the membrane material. Grain sizes, grain size distribution, and

grain boundaries, as well as the surface morphology, are important ceramic micro-

structure facets. Compared with the structure of a single phase, the dual-phase

arrangement shows many new and unique microstructural characteristics, for

instance, the relative grain sizes of the two phases, the grain boundaries between

the two phases, and the distribution of the grains of the two phases between the bulk

and surfaces of the membranes. These microstructural characteristics may affect the

ionic and electronic transport in the bulk, and the oxygen activation on the mem-

brane surface, while they are easily affected by many factors, such as the prepara-

tion methods of the composite powders, the elemental composition of the two

phases, and the sintering temperature of the dual-phase membranes. In this section,

the effects of these microstructure factors on membrane performance are discussed

to elucidate the unique characteristics of the dual-phase membrane materials.

7.3.4.1 Preparation Methods of the Composite Powders

Significant differences in the reported permeability have always been found in

literatures, even for the same oxygen-permeable materials. One important factor

influencing the reproducibility is the synthesis method of the composite powders.

There are many methods available for preparing perovskite powders, such as the

solid-state reaction (SSR) method, the EDTA–citric acid (EC) process, the glycine–

nitrate combustion process (GNP), and the chemical co-precipitation method,

among others. A detailed introduction to these methods is given in Chap. 4.

Powders synthesized via different processes have different particle sizes, sintering

activity, and chemical composition. All these factors will lead to differences in the

microstructure after the ceramic membranes have been sintered at elevated tem-

peratures. Qi et al. prepared La0.8Sr0.2Co0.6Fe0.4O3�δ dense membranes by four

methods, a sol–gel method with citrate as the complexing agent, the solid-state

reaction method, the spray pyrolysis method, and a co-precipitation method

[56]. They found that the powders prepared by the first three methods had compo-

sitions close to the desired stoichiometry, whereas the powder synthesized by the

co-precipitation method had a large strontium deficiency due to the filtration and

aqueous washing steps involved in this method. For the three membranes with

similar composition, the activation energy of oxygen permeation decreases with

increasing grain size. The membrane microstructure and composition exert impor-

tant influences on the oxygen vacancy concentration depending on the oxygen

pressure. Usually, perovskite membranes prepared by the solid-state reaction

method have been reported to show higher oxygen permeability than those prepared

by the sol–gel method. For example, the oxygen permeability of

Ba0.5Sr0.5Co0.8Fe0.2O3�δ and BaCe0.15Fe0.85O3�δ membranes derived from the
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solid-state reaction method was higher than that of the membranes synthesized by

the sol–gel process [57, 58]. One possible reason is that membranes derived from

solid-state reaction method usually have more defects at the grain boundaries and in

the lattice, and these cationic/anionic defects can enhance oxygen ion conductivity

and improve oxygen exchange. For example, LaCoO3�δ ceramic membranes can be

prepared by several methods, but the membrane prepared using the solid-state

reaction method shows the highest oxygen permeability. This is believed to be

caused by a low grain boundary resistance to the transport of ionic oxygen

[59]. Furthermore, it was reported that mixed conducting oxides synthesized by

different methods had different phase compositions. For example, the phase com-

position of SrFeCo0.5Oy is largely determined by the synthetic method. Materials

synthesized by the solid-state reaction method contain a perovskite phase,

SrFe1�xCoxO3�δ, as the major phase and an Sr4Fe6�xCoxO13þδ intergrowth phase

and a spinel phase, Co3�xFexO4, as the minor phases; however, the same material

synthesized through the sol–gel process usually contains the intergrowth phase,

Sr4Fe6�xCoxO13þδ, as the major phase [60].

The composite powders for the preparation of dual-phase membranes are usually

prepared by simple mixing of the two oxide powders. This method was widely used

for the preparation of traditional dual-phase membranes. The effects of the powder

preparation methods on the microstructures, chemical composition, defects, con-

ductivity, and oxygen permeability of perovskite materials have been extensively

investigated. However, the influences on those corresponding facets of dual-phase

membranes had still not been well addressed until several papers were published by

our group [25, 28, 32]. In this section, the preparation methods of the composite

powders for dual-phase membranes are discussed.

To understand the influence of the distribution of the two phases in a dual-phase

membrane on the oxygen permeability, four methods were used to prepare the

powders, namely, mechanical mixing of the two powders (method 1), mixing the

perovskite phase powder with a solution for the preparation of the fluorite phase

(method 2), mixing the fluorite phase powder with a solution for the preparation of

the perovskite phase (method 3), and a one-pot method (method 4). The dual-phase

membrane with a composition of 75 wt.% GDC–25 wt.% GSF (corresponding to a

volume ratio of 71:29) was chosen as an example [25]. In detail, in method 1, the

required fluorite and perovskite oxides were prepared by the EDTA–citric acid

procedure and then mixed at a weight ratio of 75:25; in method 2, the GDC powder

was mixed with a complex solution containing Gd3þ, Sr2þ, and Fe3þ; similarly, in

method 3, a complex solution containing Gd3þ and Ce3þ was mixed with the GSF

powder; in method 4, all the required metal nitrates were mixed in one beaker and

then the EDTA–citric acid procedure was followed, so this method is also called a

one-pot method. After evaporation, all the resultant gels (in methods 2–4) were

burnt on an electrical furnace at 600–800 �C to remove most of the organics and

then calcined in a muffle at 900 �C for 5 h. The prepared dual-phase membranes are

labeled GDC–GSF-1–4, respectively.

The surface morphologies of the as-prepared dual-phase membranes were

observed using an SEM, as shown in Fig. 7.10. The white grains are fluorite
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oxide and the black grains are perovskite oxide. It is easy to see that the uniformity

of composition and the grain sizes of the two phases are different for the four

membranes produced from the different methods. The uniformity of composition in

GDC–GSF-4 is the highest among the four samples. The grain sizes of these

membranes are mainly in the range 0.5–3 μm, and the grain size of the perovskite

phase is usually smaller than that of the fluorite phase for all membranes. GDC–

GSF-4 has a relatively narrow grain size distribution, around 1 μm for the perov-

skite phase and 1–2 μm for the fluorite phase. Oxygen transport through the

membranes is controlled by the ambipolar conductivity of the oxide ions and

electrons. In inhomogeneous membranes, like GDC–GSF-2, some perovskite

grains were enwrapped by fluorite grains, forming islands. It is certain that the

islands make little contribution to the electronic transfer because those are blocked

by the surrounding fluorite grains. However, the influence of this blockage is less

for homogeneous membranes than inhomogeneous ones. Therefore, the ambipolar

conductivity of the homogeneous sample is higher than that of the inhomogeneous

sample. Other researchers also found that the more homogeneous the distribution of

the two phases in dual-phase membranes, the higher the oxygen permeation flux in

investigations of ceria–spinel-type membranes [16, 17, 48]. They also found that

the one-pot method gave the most homogeneous mixture of the two phases, as was

observed in our investigation. The preparation methods have little influence on the

Fig. 7.10 Backscattered electron images of the composite membranes prepared by different

methods (Reproduced from [25] with permission of Elsevier)
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permeation stability but a significant effect on the oxygen permeability. Figure 7.11

shows the temperature and time dependence of the oxygen permeation fluxes of the

four membranes. The unsteady permeation is observed on all four membranes

prepared by different methods. As discussed above, the unsteady permeation is

related to oxygen exchange on the membrane surface [29]. However, another

important factor that affects the oxygen permeation flux of dual-phase membranes

is the oxygen exchange on the membrane surface. For ionic conductor–mixed

conductor dual-phase membranes, the oxygen exchange reactions take place at

both the perovskite areas and at the triphase boundaries (TPB). As other external

conditions cannot be changed, prolonging the lengths of the TPB is a way of

improving the homogeneity of the two phases. Therefore, it can be expected that

the most homogeneous mixture of the two phases corresponds to the one with

longest TPB and will result in the highest oxygen permeability. Experimental

results showed a good agreement between the structural homogeneity and the

oxygen permeability based on the concept of TPB. Due to the exchange reaction

occurring on the TPB, the surface exchange will play a more important role in the

oxygen permeation if the dual-phase membrane is a more inhomogeneous mixture

of the two phases. Therefore, it can be inferred that the GDC–GSF-2 dual-phase

membrane gives the slowest surface exchange rate due to the lowest uniformity of

the two phases. On the other hand, the homogeneity can also influence the activa-

tion energy for the oxygen permeation, i.e., the activation energy decreases with the

homogeneity of the two phases in dual-phase membranes. Greater homogeneous

mixing of the two phases leads to higher oxygen permeability and lower permeation

activation energy.

Fig. 7.11 Influence of temperatures on the oxygen permeation fluxes through the composite

membranes. Membrane thickness, 0.5 mm; He flow rate, 30 ml min�1 (Reproduced from [25]

with permission of Elsevier)
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The one-pot method is a good and simple method for preparing composite

powders with high homogeneity in terms of the distribution of the two phases in

the derived dual-phase membranes. As mentioned at the beginning of this section,

there are many methods for the preparation of composite powders. Therefore,

combining the one-pot synthesis with the traditional methods for powder prepara-

tion can reveal some new aspects concerning the effect of membrane microstructure

on the performance of dual-phase membranes. The solid-state reaction method is a

standard process for preparing ceramic powders. It is very commonly used in

preparing mixed conducting ceramic membranes. Usually, membranes derived

from the solid-state reaction method have higher oxygen permeability than those

derived from liquid-phase synthesis [57–60]. Changes in the processing route may

affect the surface exchange processes, and these include the surface concentration

of active adsorption centers. Here, both sides of the membranes were coated with

SSC porous layers to eliminate oxygen exchange limitations, providing a direct

comparison of oxygen ionic conductivity of these dual-phase membranes.

Figure 7.12 shows the temperature dependence of the oxygen permeation flux of

75 wt.% Ce0.85Sm0.15O1.925–25 wt.% Sm0.6Sr0.4Al0.3Fe0.7O3�δ (SDC75–SSAF25)

dual-phase membranes prepared via different methods, namely, the EDTA–citric

acid method (EC, a type of sol–gel method), the solid-state reaction method (SSR),

and the co-precipitation method (CP) [32]. All the three methods are examples of

one-pot processes, i.e., all the required starting nitrate precursors were mixed

together, followed by the individually relevant steps. The SSR-derived membrane

shows the highest permeation flux of the three membranes, being about twice that of

Fig. 7.12 Temperature dependence of the permeation fluxes of the dual-phase membranes

derived from the EC, CP, and SSR method. Both sides of the membranes coated with

Sm0.5Sr0.5CoO3�δ porous layers for oxygen activation. Air flow rate, 100 ml min�1; He flow

rate, 30 ml min�1 (Reproduced from [32] with permission of Elsevier)
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the EC membrane, though there is no difference in phase structure among the three

dual-phase membranes. In other words, the microstructure of the membrane has a

great influence on the oxygen transport process.

The conductivities of the samples derived from the CP and SSR powders are

more than twice that of the sample derived from the EC powder over the temper-

ature range investigated, as shown in Fig. 7.13. The results reveal that the electronic

conduction predominated in the CP- and SSR-derived membranes, and the conduc-

tion characteristics of the membranes show the behavior of an Fe-based perovskite

in the high-temperature region [61]. However, the total conductivity of the EC

membrane increases monotonically with an increase in temperature. Considering

the ionic conductivity of SDC is�0.01 S/cm at 600 �C and�0.1 S/cm at 800 �C, for
the EDTA-derived composite the electronic conduction is prevalent when the

temperature is lower than 600 �C, and the electronic conductivity is comparable

to the ionic conductivity when the temperature is higher than 800 �C [62]. That is to

say, the electrical conduction behavior is controlled by the balance of electronic and

ionic transport at> 800 �C for the EC membrane, and it shows a conduction

behavior that is a composite of those in perovskite and fluorite oxides. For a dual-

phase membrane, the amounts of each phase need to be high enough to form

continuous phases in the bulk and surfaces for oxygen permeation. In other

words, both phases need to exceed the percolation threshold, so the volume fraction

of the minor phase should normally be no less than 30% [63]. However, for the

dual-phase materials investigated here, the weight ratio of SDC and SSAF is 75:25,

which corresponds to a volume ratio of 74:26. Consequently, the volume fraction of

the perovskite phase is smaller than the required percolation threshold. Under this

Fig. 7.13 Total conductivity of the dual-phase membranes derived from EC, CP, and SSR

methods in air from 950 �C to 250 �C (Reproduced from [32] with permission of Elsevier)
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condition, the distribution of the two phases in the membrane bulk is important and

determines whether the mixed conducting phase, SSAF, can form a continuous

conduction network through the bulk of the membrane. Percolation theory shows

that, for a homogeneous composite material, once the volume ratio of the

conducting phase is smaller than the percolation threshold, it is difficult to achieve

a continuous conduction network through the material [63]. However, for an

inhomogeneous composite system, it is still possible to build a continuous conduc-

tion network across the material [64]. In other words, once a continuous conducting

network is built in a composite system with the volume fraction of conducting

phase less than the percolation threshold value, the distribution of the conducting

phase in the composite system must be inhomogeneous. In this case, for the

membrane derived from the EC method, its low total conductivity is due to the

homogeneous distribution of SSAF grains among the SDC grains. For the mem-

brane derived from the CP or SSR method, both the grains are not as uniformly

mixed as those in the EC membrane. The inhomogeneous distribution of the grains

means the mixed conducting phase SSAF has a chance to form a continuous

conduction network through the membrane bulk. This is also verified by a recently

published study on a dual-phase membrane containing only 20 vol.% of the

electronic conducting phase [55], as shown in Fig. 7.14. In this paper, the

researchers developed a coating strategy to fabricate a dual-phase membrane with

20 vol.% PrBaCo2O5þδ (PBCO) dispersed in an 80 vol.% Ce0.8Sm0.2O2�δ (SDC)

matrix. In the dual-phase membrane, the fiber-shaped PBCO forms a percolative

network and thus provides sufficient electronic conductivity. The oxygen perme-

ation flux through a 1-mm-thick SDC–PBCO membrane was high at up to

0.51 mL cm�2 min�1 at 940 �C. They attributed the high oxygen permeability to

the high volume percentage of the SDC phase in the dual-phase membrane. In their

previous work, the PBCO electronic conducting phase in the dual-phase membrane,

prepared by a conventional ceramic route, could not form percolative networks

until it was at least 40 vol.% [65]. The low SDC content thus leads to low oxygen

permeability.

In contrast to the conventional perovskite mixed conducting membranes, here

the electronic conduction is the main limiting step for the SDC–SSAF membrane

derived from the EC process. The volume fraction of the perovskite phase is smaller

than the required percolation threshold, so the distribution of the two phases in the

membrane bulk determines the electronic conduction across the membranes, as

discussed above. As discussed in the earlier part of this section, the permeation flux

of the GDC–GSF dual-phase membrane increases with increasing homogeneity of

the two phases [25]. The volume ratio of the two phases is 71:29, very close to the

percolation threshold, so the electronic conductivity is high enough for oxygen

permeation. This was verified by the investigation of a 75 wt.% Ce0.85Sm0.15O1.925–

25 wt.% Sm0.6Sr0.4FeO3�δ (volume ratio of 72:28) dual-phase membrane, where

the total conductivity was 0.5–0.6 S cm�1 in the temperature range of 600–950 �C
[31]. Therefore, improving the homogeneity of the two phases aids the oxygen

permeation across dual-phase membranes, but only if electronic transport is not the

limiting step.
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7.3.4.2 Elemental Composition

Many investigations have revealed that Fe- and Co-based mixed conducting perov-

skite membranes show great differences in permeation performance, electrical

conduction properties, stability, and microstructure [66–68]. However, these dif-

ferences are not evident when Fe- and Co-based perovskite oxides are employed in

dual-phase membranes. Dual-phase membranes, comprising Ca2þ-doped perov-

skite oxides of Sm0.6Ca0.4CoO3�δ (SCC) or Sm0.6Ca0.4FeO3�δ (SCF) as the

mixed conducting phase and fluorite oxides of Ce0.8Sm0.2O1.9 (SDC) as the ionic

Fig. 7.14 (a) Schematic illustration of the novel strategy for the synthesis of SDC–PBCO

membrane with fiber-like PBCO phase distributing in the matrix of SDC phase; (b) PBCO-

coated SDC powders and the insert is the EDS spectrum of the corresponding part in the coated

particle; (c) backscattered electron micrograph of the prepared SDC–PBCO (8/2) membrane. The

fiber-like parts correspond to PBCO phase (Reproduced from [55] with permission of Elsevier)
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conducting phase, were prepared and compared to find out what influences the

B-site metal ions of the perovskite phases have on the properties of the dual-phase

membranes [34]. The weight ratio of the fluorite phase and the perovskite phase

used was 3:1 for the preparation of the dual-phase membranes. All the dual-phase

composite oxides contain a fluorite phase and a perovskite phase, and no impurities

were detected. That is to say, the two phases have good structural compatibility

with each other. The sizes of fluorite phase grain are in the range of 2–5 μm for the

two dual-phase membranes; however, the perovskite grains are in the range of

0.5–1 μm for SDC75–SCC25, and 0.3–0.5 μm for SDC75–SCF25, as shown in

Fig. 7.15. A much smaller perovskite grain size was achieved in the iron-containing

dual-phase membrane though it was sintered at a higher temperature (1370 �C) than
that used with the cobalt-containing sample (1200 �C). For dual-phase membranes,

the sintering temperature mainly depends on the phase which has the lower

sintering temperature. The sintering temperature of the Ln1�x(Sr,Ca)xCoO3�δ

Fig. 7.15 SEM pictures of the dual-phase membranes. Top views: (a) SDC75–SCC25, (b)
SDC67–SCC33, (c) SDC75–SCF25, and (d) SDC67–SCF33. Top and cross-views of the typical

porous coating on membranes (Reproduced from [34] with permission of Elsevier)
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perovskite is around 1200 �C [66, 69], while that of SDC is high at 1600 �C
[70]. Therefore, the SCC perovskite acts as a sintering aid here and helps the

densification of SDC. However, the Ln1�x(Sr,Ca)xFeO3�δ perovskite has a higher

sintering temperature of 1350 �C [71], and as a result the corresponding dual-phase

membranes need a higher sintering temperature than the cobalt-containing dual-

phase membranes.

For single-phase perovskite membrane materials, their electronic conductivities

are almost equal to their total conductivities, because the oxygen ionic transfer

numbers are usually of the order of 10�2–10�4. The total conductivities are 0.12,

630, 22, 0.17, and 1.0 S cm�1 at 950 �C for SDC, SCC, SCF, SDC75–SCC25, and

SDC75–SCF25, respectively. It can be estimated that the electronic conductivities

of SDC75–SCF25 are high enough compared with the ionic conductivity of SDC.

However, that of SDC75–SCC25 is insufficient for oxygen permeation. It is

interesting to find that the total conductivity of the iron-containing dual-phase

membrane is higher than that of the cobalt-containing one though the total conduc-

tivity of SCC is �30 times higher than that of SCF at 950 �C. The weight ratio of

75:25 of the two phases corresponds to a volume ratio of 71:29. In general, the

volume fraction of one phase should be larger than 30% in a dual-phase system to

exceed the percolation threshold. Here, the perovskite volume fractions of SDC75–

SCC25 and SDC75–SCF25 are very close to the percolation threshold. However,

only the latter demonstrates the presence of a continuous electronic conducting

network throughout the membrane. The difference results from the ceramic micro-

structure developed during the sintering step [28, 32]. In other words, the smaller

perovskite phase grains increase the possibility of percolation across the mem-

branes. As a result, the permeation flux of the SDC75–SCF25 dual-phase mem-

brane is much higher than that of SDC75–SCC25 under the same testing conditions,

as shown in Fig. 7.16.

Another possible microstructure effect caused by the elements in the perovskite

phase is the segregation of impurities at the grain boundaries [31]. The HRTEM

investigation of the SDC75–SSCr25 dual-phase membrane shows that impurities

appear at the grains boundaries, which block ionic transport between fluorite grains

and lead to the low oxygen permeation flux, as shown in Fig. 7.17. However, the

SDC75–SSF25 membranes show clear grain boundaries whether between perov-

skite grains and fluorite grains or between fluorite grains. Mn element segregation

was found on the grain boundaries of the GDC–LSM dual-phase membranes and

results in a significant degradation of the permeation flux during long-term

operation [9].

7.3.4.3 Sintering Temperature-Induced Microstructural Effects

The fact that should be noted is that the microstructure and texture of the ceramic

membranes is greatly influenced by the sintering temperature, with effects on both

oxygen permeability and structural stability. This is despite the fact that the oxygen

permeability of a given material can vary in a wide range due to differences in
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microstructure [72–75]. As an example, Wang et al. investigated the effects of

sintering temperature on Ba0.5Sr0.5Co0.8Fe0.2O3�δ membranes and found that the

oxygen permeability increases with grain size [75]. Usually, for perovskite-type

mixed conducting ceramics, the grain boundary resistance plays an important role

in ionic and electronic transport and decreases with an increase in grain size

(or sintering temperature). However, the above investigations on the sintering

temperature were all focused on single-phase membrane materials. The composi-

tion of dual-phase membranes is more complex, so the influence of sintering

temperature on the microstructure and permeability of dual-phase membranes is

also more complex.

Fig. 7.16 Arrhenius plots of oxygen permeation performance of the four dual-phase membranes

swept by helium and CO2, respectively. Solid symbols, swept by helium; open symbols, swept by

CO2; squares, SDC75–SCC25 or SDC75–SCF25; circles, SDC67–SCC33 or SDC67–SCF33

(Reproduced from [34] with permission of Elsevier)

254 7 Dual-Phase MIEC Membranes



Figure 7.18 shows the oxygen permeation flux of the SDC75–SSF25 dual-

phase membranes sintered at different temperatures [28]. All the membranes were

prepared by the one-pot method. It can be seen that the oxygen permeation flux of

the membrane disks at a given operating temperature varies with the sintering

temperature. The membrane sintered at 1425 �C exhibits the highest oxygen

permeation flux (950 �C, 0.42 mL cm�2 min�1), and the membrane sintered at

1525 �C has the lowest oxygen permeation flux (950 �C, 0.21 mL cm�2 min�1).

As shown in Fig. 7.19, the membrane surface is composed of fluorite and

perovskite grains after sintering at 1400 �C and 1425 �C, but only the fluorite

Fig. 7.17 HR-TEM pictures and SAED of the grain boundaries of (a and b) SDC75–SSF25 and

(c and d ) SDC75–SSCr25. (a) The grain boundary between the perovskite grain and the fluorite

grain along the [110] direction of fluorite grain; (b) the grain boundary between the fluorite grains
along [110] directions. (c) The grain boundary between the perovskite grain and the fluorite grain

along the [121] direction of perovskite grain; (d) the grain boundary between fluorite grains. “F”

and “P” denote the fluorite grain and perovskite grain, respectively. The SAED was obtained in the

red square areas (Reproduced from [31] with permission of Elsevier)
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Fig. 7.18 Temperature dependence of oxygen permeation flux through dual-phase membranes

with different sintering temperatures. He flow rate, 40 ml min�1; air flow rate, 100 ml min�1;

membrane thickness, 0.6 mm (Reproduced from [28] with permission of Elsevier)

Fig. 7.19 The relative element distribution vs. the distance of the EDX analysis on the membrane

sintered at 1500 �C for 5 h. EDX linear scan analysis was performed from surface to bulk over a

145 μm range (Reproduced from [28] with permission of Elsevier)
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phase was detected when the sintering temperature was raised to 1450 �C. After a
top layer with thickness of �200 μm was removed by polishing, all the mem-

branes, irrespective of sintering temperature, showed both the fluorite and perov-

skite phases. The EDX analysis shows that the increase in sintering temperature

leads to a difference in elemental composition between the membrane surface and

membrane bulk, which impairs the homogenous distribution of SSF and SDC

grains in the membranes. In the dual-phase membranes, the oxygen permeation

process depends on the cooperation between the SDC and SSF phases. It should

be noted that a homogenous distribution of the dual-phase grains improves the

oxygen permeability of the dual-phase membranes through ionic transport and

surface exchange. However, increasing the sintering temperature leads to the

growth of fluorite and perovskite grains. The primary continuous electronic

conducting network is broken by the growth of perovskite grains; as a result,

the oxygen permeation flux decreases. Figure 7.20 gives a schematic of the break

effect in the continuous electronic conducting network as the perovskite grains

grow [28]. This phenomenon can also be found in Fig. 7.15, in which the dual-

phase membrane has larger perovskite grains than the Fe-containing one

[34]. Consequentially, the conductivity of the former is much lower than the

latter. This grain size-dependent phenomenon is significantly different from that

in the single-phase perovskite membranes because their crystal grains can trans-

port oxygen ions and electrons simultaneously.

Fig. 7.20 The sketch of dual-phase membrane grains under high sintering temperature. A denotes

that SDC blocked the connectivity of SSF; B denotes that small SSF grains were encapsulated by

large SDC grains (Reproduced from [28] with permission of Elsevier)
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7.3.5 Ratio Between the Two Phases

Besides the aforementioned effects on microstructure, the volume ratio between the

two phases obviously has a great influence on the electronic transport across dual-

phase membranes. Ceria-based fluorite ionic conductors have high conductivity and

stability at elevated temperatures, so it was hoped that dual-phase membranes

containing more fluorite oxides would give good performance as long as the

mixed conducting phase grains could form a continuous conducting network

through the membranes. The lowest volume fraction for the perovskite phase was

investigated that would give dual-phase membranes of high performance, espe-

cially when the membranes are employed in harsh working conditions.

For comparison purposes, both sides of the dual-phase membranes were coated

with LSC porous layers to eliminate the disturbance in surface exchange on the

evaluation of bulk transport. Dual-phase membranes with perovskite contents of

15 wt%, 25 wt%, and 35 wt% were prepared by the one-pot method [27]. The

volume fractions of the perovskite phase were 17%, 28%, and 39%, respectively.

The oxygen permeation flux within the investigated temperature range decreases in

the sequence SDC65–SSF35� SDC75–SSF25> SDC85–SSF15. The ionic con-

ductivity of SDC at 950 �C is about 0.1 S cm�1, and that of SSF is also about

0.1 S cm�1 at this temperature; so the ionic conductivities of the SDC–SSF dual-

phase membranes are close to 0.1 S cm�1 no matter what the volume ratio of the

two phases is, if the slight elemental diffusion between the two phases is negligible.

From the total conductivity data and keeping the Wagner equation in mind, it was

found that the electronic conductivities were usually high enough for SDC65–

SSF35 (�1.6 S cm�1) and SDC75–SSF25 (�0.5 S cm�1) but insufficient for

SDC85–SSF15 (�0.17 S cm�1). The former two materials with similar ionic

conductivities have comparable oxygen permeation fluxes and even activation

energies. A value for the oxygen permeation flux as high as 0.8 mL cm�2 min�1

was achieved on 0.5-mm-thick SDC65–SSF35 and SDC75–SSF25 membranes.

The optimal ratio was around 75:25 for the SDC–SSF dual-phase membrane system

but may be different for others.

The perovskite phase content can be further reduced by optimizing the prepara-

tion method of the membranes. Chen et al. reported a coating strategy to fabricate a

dual-phase membrane with 20 vol.% PrBaCo2O5þδ (PBCO) dispersed in an 80 vol.

% Ce0.8Sm0.2O2�δ (SDC) matrix, where the fiber-shaped PBCO forms a percolative

network and provides sufficient electronic conductivity [55]. The total conductivity

of the composite materials reached 6 S cm�1 at 900 �C. A tunable segmented

configuration was reported by Joo et al. [76]. The new type of membrane consisted

of a robust fluorite oxide matrix and an electron-conducting perovskite oxide

segment, as shown in Fig. 7.21. Mixed electron–ion conduction in the membrane

can be optimized by controlling the number of electron-conducting segments. One

of the advantages of the new configuration is that the ionic and electronic conduc-

tivities of the membrane can be adjusted by controlling the areas of the ionic and

electronic phases.
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Fig. 7.21 SEM micrographs of the membrane, images of the cross-section of sintered (a) GDC,
(b) LSM, (c) GDC–LSM interface, and (d) the SEM image of the GDC coated by LSC layers; (e)
temperature dependence of the oxygen fluxes of the segmented and pure GDC membranes

(membrane thickness ~100 mm) (Reproduced from [76] with permission of the Royal Society of

Chemistry)
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7.3.6 Other Potential Factors

Besides the factors discussed above, there are many other factors that may influence

the oxygen transport through dual-phase membranes, such as the grain size ratio

between the two phases, the conductivity of the mixed conducting phase, and the

ionic conducting phase. Some factors are closely correlated to each other, so it is

difficult to separately investigate the influence of each factor. Elemental diffusion

between the two phases is inevitable during synthesis and high-temperature oper-

ation. However, the correct choice of elemental composition for dual-phase mem-

branes can prevent the variable permeation rate with time caused by the elemental

interdiffusion under operating conditions. The grain size of the dual-phase mem-

branes is dependent on the sintering temperature, preparation method, and the

volume ratio between the two phases, as well as the grain size ratio between the

two phases. An appropriate grain size ratio between the two phases is needed to

provide a percolation path when the minimum amounts of perovskite phases are

used. For the SDC75–SSF25 dual-phase membranes, the increase of sintering

temperature leads to a growth of the grains and a simultaneous decrease of the

grain size ratio. Usually, 30 vol.% of the electronic conducting phase is needed to

exceed the percolation threshold for a dual-phase system where the grain sizes of

the two phases are comparable. A low percolation threshold can be achieved for a

high grain size ratio between the two phases. New methods need to be developed

for the construction of such a microstructure. The defects in structures, including

lattice defects and boundary defects, provide other unquantifiable factors affecting

oxygen permeation through dual-phase membranes; these depend mainly on the

preparation procedure for a given composition. Defects sometimes favor the ionic

and electronic transport in the bulk membrane and oxygen exchange on the

membrane surfaces, but sometimes it results in variable permeation due to their

instability at elevated temperatures. The defects along the grain boundaries of the

two phases are still not clearly understood, and their effects on membrane perfor-

mance should be investigated in the future. An investigation of these problems

using high-resolution electron microscopy may reveal some important information

and help in the development and optimization of mixed conducting ceramic mate-

rials for high-temperature electrochemical applications. Note that, if the limitation

of oxygen exchange can be totally removed by coating catalyst layers onto the

membrane surfaces, the oxygen permeation flux of a single-phase membrane

increases linearly with the reciprocal of its thickness. However, this is not suitable

for dual-phase membranes. The percolation threshold will decrease quickly with

the reduction in membrane thickness when the membrane thickness is comparable

to the grain size. In addition, this leads to a rapid increase in both electronic and

ionic conductivity, especially for the dual-phase membranes containing a small

volume fraction of the electronic conducting phase or made of pure electronic and

ionic conductors. Under these circumstances, a small difference in the oxygen

permeability will be found between the two kinds of dual-phase membranes, such

as SDC–SSF and SDC–SSCr. There may be other important factors not discussed in
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this section since the investigation on dual-phase membranes is in its infancy. As

new materials and techniques are developed to improve the permeation flux, new

ideas about the selection of dual-phase materials will also be needed to make further

progress.

7.4 Outside/Inside Short Circuit

For the traditional noble metal-ionic conductor dual-phase membranes, the high

material costs cannot be avoided because of the large amount of noble metals used

to form a continuous electronic conducting phase. Any mismatch of thermal

expansion between the ceramic and metal would lead to the membrane breaking

after several thermal cycles. Additionally, a much lower permeation flux than those

of the perovskite membranes means the cermet membranes cannot be applied on a

large scale. To overcome the difficulties occurring in cermet membranes, Zhang

and Liu suggested outside/inside short-circuited membranes for oxygen permeation

[77, 78]. Their structures are just like those of solid oxide fuel cells but with an

outside/inside short circuit. Figure 7.22 shows the working principles of the mem-

branes with an outside/inside short circuit for oxygen separation. Of course, this

type of structure can also be applied to protons or carbonate ions in electrolyte

membranes for hydrogen or CO2 permeation. Usually, the typical fluorite- and

perovskite-type ionic conductors are converted into electrolyte membranes, and

noble metal wires (Au, Ag, Pt, etc.) are used for electronic transport. Compared

with the traditional dual-phase membranes made of noble metals and ionic con-

ductors, the amount of the noble metals is reduced remarkably, but the permeability

is enhanced by more than ten times as there is no pure conducting phase to block the

diffusion of oxygen ions in membrane bulk. Figure 7.23 illustrates the dependence

Fig. 7.22 Diagrams of

novel oxygen ionic

conducting ceramic

membranes with a metal

coating layer and silver

paste for oxygen separation

(Reproduced from [77] with

permission of the Royal

Society of Chemistry)
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of oxygen permeation flux on the membrane thickness for outside short-circuited

SDC membranes [77]. The two surfaces of the SDC membranes were covered with

porous Pt and sealed by an Ag paste. A high permeation flux of up to 0.6 mL cm�2

min�1 across a 0.4 mm membrane at 700 �C has been achieved. However, this flux

is about twice the theoretical flux based on the oxygen ion conductivity. These

membranes have high stability in the working environment containing CO2, H2O,

etc., because they do not contain alkaline earth elements in the lattice. Although the

noble metal content is significantly decreased, the costs of this type of membrane

are still too high to attract wide interest.

One possible and feasible method is to utilize the electronic conducting oxides to

replace the noble metals. Wang and Yang et al. reported a type of outside short-

circuited ionic conducting membrane with surfaces coated by MIEC oxides and

sealed by Au or Ag [79]. In this work, La0.8Sr0.2Ga0.8Mg0.115Co0.085O3�δ

(LSGMC) and Ce0.8Sm0.2O2�δ (SDC) were used as the electrolyte membranes,

respectively; La0.8Sr0.2CoO3�δ (LSC113) and LaSrCoO4�δ (LSC214) were coated

by using a pulsed laser deposition technique on the membrane surfaces for oxygen

activation and electronic conduction (from the permeation side to the air side) with

the Ag or Au sealant. However, a permeation flux of �0.05 mL cm�2 min�1 across

a 1 mm LSGMC- or SDC-based outside short-circuited membrane was achieved at

700 �C. Such a permeation flux is slightly lower than the maximum flux estimated

from oxygen ion conductivity, i.e., �0.32 and �0.09 mL cm�2 min�1 for LSGMC

and SDC, respectively. The slow oxygen reduction reaction kinetics at the feed side

are considered the limiting factor for oxygen permeation. As illustrated by the

Fig. 7.23 Dependence of oxygen permeation fluxes (�5%) on the thickness of the SDC mem-

brane (S-V: 1 mm, S-VI: 1.5 mm, S-VII: 0.4 mm) (Reproduced from [77] with permission of the

Royal Society of Chemistry)
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above results, there is no remarkable difference in terms of oxygen permeability

between the outside/inside short-circuited membranes and the dual-phase mem-

branes made of ionic conductors and mixed conductors.

7.5 Asymmetric Dual-Phase Membranes

Though dual-phase membranes have high stability and provide potential applica-

tions for air separation and membrane reactors for light hydrocarbon conversion,

their permeability remains far lower than those of most perovskite-type membranes

and the requirements for the commercialization of the oxygen membrane technol-

ogy. Therefore, many researchers have focused their research on the preparation of

asymmetric dual-phase membranes with a thin dense layer for oxygen permeation

and a thick porous layer as the support. The porous support provides the mechanical

strength and allows the diffusion of gases. In previous work, asymmetric mem-

branes were prepared by various methods, such as tape casting [80, 81], freeze

casting [82], acid leaching [26], and phase inversion [83, 84]. Among these, tape

casting is one of the most promising methods for the preparation of asymmetric

membranes on a large scale and is discussed in detail in Chap. 4. In our laboratory,

we chose 75 wt.% Ce0.85Sm0.15O2�δ–25 wt.% Sm0.6Sr0.4Al0.3Fe0.7O3�δ (SDC–

SSAF) as an example to develop the tape-casting preparation technique for dual-

phase membranes. We found that SDC–SSAF shows excellent performance in

syngas generation and oxygen separation. The success of a 1100-h syngas gener-

ation experiment using the SDC–SSAF membrane reactor verified the excellent

stability of the membrane under both strongly oxidizing and reducing

conditions [24].

As shown in Fig. 7.24, the surface of the asymmetric membrane is dense

without any pinholes or cracks. After being sintered at 1450 �C, the membrane

had a total thickness of �500 μm and a dense layer thickness of �40 μm [35]. It

can be seen that the dense layer is closely bonded with the porous support, and

there is no delamination and cracks. Pores with a size of 5–10 μm were created by

burning out pore formers during the sintering process. An SSC layer with a

thickness of �5 μm and pore size of �2–5 μm was coated on the dense layer

side of the asymmetric membrane, which was thus named as cat-Asym. To speed

up the oxygen exchange reactions of the porous support side, a solution of SSC

nitrates was dropped into the porous support to form SSC nanoparticles on the

porous support skeleton. Both sides of the asymmetric dual-phase membrane were

coated with SSC catalysts, and this was denoted as cat-Asym-cat. Figure 7.25

shows the oxygen permeation fluxes of the membranes in the temperature range of

750–950 �C under an oxygen partial pressure gradient of 21 kPa/0.5 kPa. The

oxygen permeation flux reached as high as 3.9 mL cm�2 min�1 at 950 �C for the

cat-Asym-cat. It is worthwhile noting that as the thickness of the membrane was

reduced from 400 to 40 μm, the oxygen permeation flux only increased from 0.9 to

3.9 mL cm�2 min�1 at 950 �C under the same oxygen partial pressure gradient.
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Fig. 7.24 SEM images of asymmetric membranes prepared via tape casting and co-lamination.

(a) Top view of the dense layer, (b) cross-view of the asymmetric membrane, (c) cross-view of the

dense layer of the asymmetric membrane, (d) cross-view of the porous support, (e) SSC catalyst

layer on the surface of the dense layer side, (f) SSC catalyst particles impregnated into the porous

support and some of the particles marked by arrows (Reproduced from [35] with permission of

Elsevier)

Fig. 7.25 Relationship between oxygen permeation flux and temperature for the symmetric and

asymmetric membranes. Temperature-dependent oxygen permeation fluxes. Oxygen partial pres-

sure gradient, 21 kPa/0.5 kPa; air flow rate, 100 mL min�1 (Reproduced from [35] with permission

of Elsevier)
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This high value is still far lower than the predicted value of 9.0 mL cm�2 min�1

according to the Wagner equation. Two factors can explain this phenomenon. One

is that the surface exchange resistances cannot be completely eliminated in the

oxygen permeation process even though both sides were modified by the SSC

catalyst. The other is the concentration polarization involved in the gas diffusion

across the porous support. It should be pointed out that the permeation flux

reaches 1.0 mL cm�2 min�1 at 750 �C for the cat-Asym-cat membrane, which

is close to the lower limit given by Steele [85].
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Chapter 8

Oxygen Permeation at Intermediate–Low
Temperatures

Abstract Although the intermediate–low-temperature operation has many advan-

tages in practical applications, the operation temperature of MIEC membranes is

limited in the range of 700–1000 �C in literatures, because membranes have low

oxygen permeation flux and low permeation stability when the temperature is lower

than 700 �C. With the development of preparation techniques of MIEC membranes,

the low oxygen permeation flux can be easily solved; however, it is still a challenge

to overcome the degradation of oxygen permeation in the intermediate–low tem-

perature range until we published several papers to disclose the degradation mech-

anism and the stabilization methods recently. Thus, in chapter, an introduction of

our achievements is presented on the stabilization of oxygen permeation of MIEC

membranes in the intermediate–low temperature range.

Keywords Oxygen permeation • Intermediate–low temperature • Degradation

mechanism • Stabilization mechanism • Impurities migration • Permeation

stability • Phase transformation • Nanoparticles • Grain boundary •

Ba0.5Sr0.5Co0.8Fe0.2O3�δ

8.1 Introduction

As mentioned in Chaps. 6 and 7, the perovskite-type and dual-phase membranes are

all operated at high temperatures, with the typical temperature range being

700–950 �C. Although high-temperature operation would lead to a high permeation

flux for an MIEC membrane, the drawbacks related to the high temperature cannot

be ignored when the membranes are used for oxygen separation on a large scale.

The creep rate of an MIEC membrane increases quickly with temperature since the

creep activation energy is usually in the range of 300–500 kJ mol�1 for perovskite-

type MIEC membranes. Additionally, few perovskite-type MIEC membranes have

a creep rate as low as 10�10 s�1 over the temperature range of 700–950 �C and at a

strain of 10 MPa, which is regarded as the bottom boundary for engineering

ceramics [1]. A report from Air Products & Chemicals Inc. showed that creep

due to the pressure load on a wafer-type membrane had resulted in a compressive

creep strain of 3.4% on the entire stack of wafers after 15,000 h of operation at an

air pressure of 1.7 MPa. The creep deformation resulted in macroscopic wafer
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displacements and a decrease in the cross-sectional area of the internal flow

channels of the membrane wafers at the central manifold (see Chap. 10)

[2]. Although the operation temperature of the membrane was not shown in the

report, it would be in the temperature range of 850–900 �C estimated from their

other reports. Besides creep, the high-temperature operation of the MIEC mem-

branes needs more energy to heat the air and more expensive stainless steel in the

construction of the separation unit. These would increase the operation and invest-

ment costs of the MIEC membrane-based air separation unit. Furthermore, the

sealing of ceramics at elevated temperatures is a great challenge in MIEC mem-

brane technology, especially under high-pressure gradients (up to 2 MPa), long

operation periods (5–10 years), and high temperatures.

8.2 Difficulties Related to Oxygen Permeation at
Intermediate–Low Temperatures

The problems encountered at high temperature as discussed above are easily solved

by decreasing the operating temperature to the intermediate–low range

(350–700 �C), most typically the range of 500–650 �C. However, there are two

new problems to be solved with this temperature range. One is the low permeation

flux, i.e., the oxygen exchange on the membrane surfaces and oxygen transport in

the membrane bulk are heavily temperature dependent; another is the permeation

stability, i.e., no MIEC perovskite membranes have been reported showing a stable

oxygen permeation flux at a temperature lower than 650 �C [3–6]. The first

difficulty can be overcome by preparing asymmetric MIEC membranes with a

thick porous support layer and a thin dense layer for oxygen separation

[7, 8]. There are many methods that can be used to prepare these asymmetric

MIEC membranes, as discussed in Chap. 4. The most popular methods are the

tape-casting–lamination method for plate membrane production and the phase-

inversion method for hollow fiber membrane production. Oxygen exchange on

membrane surfaces can be accelerated by depositing a nano-catalyst in the porous

support or coating the porous catalyst onto the surfaces of the MIEC membranes.

Although the permeation flux of current MIEC membranes at intermediate–low

temperatures is still lower than the commonly cited threshold (>1 mL cm�2 min�1)

required for commercial viability [9], this threshold value is likely to be reached

in the near future given that gradual progress is being made on membrane materials

and the preparation techniques for membranes and catalyst materials. For example,

Cao et al. reported an investigation on asymmetric dual-phase MIEC membranes

prepared by the tape-casting�lamination method [8]. The membrane had a thin

dense layer of 40 μm and a porous support layer of 460 μm. The Sm0.5Sr0.5CoO3�δ

catalyst was deposited in the porous support layer and also coated on the

dense layer. The oxygen permeation flux of the dual-phase membrane of

75wt%Ce0.85Sm0.15O2�δ–25 wt%Sm0.6Sr0.4Al0.3Fe0.7O3�δ was improved by five
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times at 750 �C compared with the 400-μm-thick self-supported control one, i.e.,

from 0.2 to 1.0 mL cm�2 min�1. Further improvement on the permeation flux is

possible by reducing the thickness of the dense layer down to about 10 μm and

applying more active catalysts. Watenabe et al. prepared an asymmetric

Ba0.95La0.05FeO3�δ (BLF) membrane by dropping BLF-ethanol slurry onto the

green porous support and co-sintering at 1175 �C [10]. The resultant asymmetric

membrane had a dense layer 46 μm in thickness and an oxygen permeation flux as

high as� 2.5 mL cm�2 min�1 at 660 �C, which is about four times that of the

1-mm-thick BLF membrane.

8.3 Degradation Mechanisms

There had been no progress on the permeation stability of MIEC membranes at

intermediate–low temperatures in the past 30 years until recently when we

published a series of papers [11–14]. In general, the degradation processes of the

materials become more severe with increasing temperature, although this can

happen with MIEC membranes at lower temperatures. The fact that MIEC mem-

brane degradation becomes more severe at lower temperatures stands in stark

contrast to the conventional wisdom about membranes.

Three main mechanisms have been proposed to account for the intermediate–

low-temperature degradation in perovskite MIEC membranes. The first is that

oxygen vacancy ordering (association of substitutional defects and oxygen vacan-

cies, such as ðSrLaVOSrLaÞ�; see Chap. 2) occurs in these materials during sustained

operation at an intermediate–low temperature, thus severely decreasing the ionic

conductivity. Kruidhof et al. suggested that although no new phase was detected by

XRD analysis in the La0.6Sr0.4CoO3�δ sample treated at 700 �C for 100 h, the small

microdomains (5–20 nm) with ordered oxygen vacancies could be detected by

HRTEM [5]. They obtained evidence for an ordered defect structure at low tem-

peratures for La0.6Sr0.4CoO3�δ samples provided by data from Differential Scan-

ning Calorimeter (DSC) and oxygen permeability. DSC measurements revealed an

endothermic (disordering) peak with a heat effect, ΔH¼ 9.0 J g�1, at about 910 �C
upon heating a disk sample in air. Thus, the permeation flux in the La0.6Sr0.4CoO3�δ

membrane decreasing by two orders after 400 h on-stream operation at 750 �C was

attributed to the great decrease in the oxygen vacancy ordering, as shown in

Fig. 8.1 [5].

The second mechanism is one of the phase transformations from a cubic

perovskite phase to a phase structure with low ionic conductivity as the operation

temperature is lowered. This phenomenon has been observed in many perovskite

materials, such as SrCoO3�δ, Sr0.9Ca0.1Co0.89Fe0.11O3�δ, SrCo0.8Fe0.2O3�δ,

Ba0.5Sr0.5Co0.8Fe0.2O3�δ, and BaFeO3�δ [5, 15–18]. For SrCoO3�δ and BaFeO3�δ

perovskite oxides, the cubic phase transforms to a 2-H hexagonal phase at a

temperature around 850–900 �C. Figure 8.2 shows the temperature-dependent
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oxygen permeation flux of BaFeO3�δ perovskite membranes. The oxygen perme-

ation flux decreases suddenly when the operation temperature is lower than the

phase transformation temperature. Cooling and heating circles of membranes in the

oxygen permeation experiment revealed a reversible phase transition process

Fig. 8.1 Transient toward

steady-state oxygen

permeation observed for

La0.6Sr0.4CoO3�δ at 750
�C

(Reproduced from [5] with

permission of Elsevier)

Fig. 8.2 The temperature-dependent oxygen permeation flux of BaFeO3�δ perovskite membrane

(a); phase transformation from a hexagonal phase to a cubic phase (b) (Reproduced from [18] with

permission of Elsevier)
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[18]. An obvious hysteresis effect appears during the heating step for the two

membranes, which is typical for a phase transformation process of an MIEC

material. For SrCo0.8Fe0.2O3�δ, the cubic perovskite phase transforms to a

brownmillerite phase when the temperature is lower than 790 �C [5]. The phase

transformation of Ba0.5Sr0.5Co0.8Fe0.2O3�δ is complicated, and instead of a

perovskite-type hexagonal phase, a lamellar trigonal phase appears depending on

the temperature and oxygen partial pressure. The detailed discussion on the phase

transformation of Ba0.5Sr0.5Co0.8Fe0.2O3�δ appears in Chap. 6.

The third mechanism is kinetic demixing. When an MIEC membrane is operated

under an oxygen partial pressure gradient, thermodynamic driving forces favor the

kinetic demixing of the membrane, and then new phases with low ionic conductiv-

ity are produced, or undesirable changes occur in the surface elemental composition

and morphology [19]. However, there is no report which shows sufficient evidence

to support the kinetic demixing mechanism at intermediate–low temperatures. It

should be noted that the oxygen permeation flux of a membrane degrades at low

temperatures but remains stable at high temperatures. However, kinetic demixing

occurs at both low and high temperatures but is faster at high temperatures due to

the thermally activated diffusion of cations. For example, a BaZr0.2Co0.4Fe0.4O3�δ

membrane exhibits stable oxygen permeation at 850 �C for more than 1100 h

[20, 21], but the oxygen permeation flux decreases quickly at 500 �C [4]. Therefore,

the third mechanism can be ruled out in explaining the degradation of perovskite

MIEC membranes at intermediate–low temperatures.

8.4 Degradation and Stabilization Mechanisms of Phase-
Stable Membranes

8.4.1 Sulfur-Containing Membranes

Oxygen vacancy ordering is the most frequently used to interpret the degradation of

oxygen permeation flux at intermediate–low temperatures. However, in most cases,

researchers have not done a thorough investigation or characterization on their

membranes before invoking this mechanism to interpret the experimental results.

To explore the degradation mechanism of membranes with a stable phase structure

(i.e., those membrane materials that do not undergo phase transformation under the

conditions used for oxygen permeation), we selected three perovskite membranes,

BaCe0.1Co0.4Fe0.5O3�δ (BCCF) [22], BaZr0.2Co0.4Fe0.4O3�δ (BZCF) [20], and

BaCo0.7Fe0.22Nb0.08O3�δ (BCFN) [23], which were recently developed by different

groups and showed stable phase structures under the conditions for oxygen perme-

ation and operating temperatures higher than 750 �C. However, for all three

membrane materials derived from high-purity precursors, their permeation fluxes

decreased quickly over time at 600 �C, as shown in Fig. 8.3. After about 480 h

on-stream at 600 �C, the permeation flux of the BCCF membrane decreased by
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about 80%, while after just 100 h of operation at 600 �C, the permeation fluxes of

BZCF and BCFN decreased by 38.5% and 55.7%, respectively [11]. XRD analysis

showed that no change in the phase structure had occurred, but BaSO4 was detected

on all membrane surfaces. For all three membranes, the intensity of the BaSO4 peak

was significantly higher on the permeation side compared to the feed side. For

BZCF, both BaSO4 and Zr(SO4)2 impurity phases were detected on the permeation-

side surface. HRTEM analysis confirmed that there was no phase change for the

perovskite membranes (Fig. 8.4). Thus, oxygen vacancy ordering is not the correct

explanation for the degradation of oxygen permeation fluxes for the three mem-

branes. Based on these initial findings, additional studies were carried out to

investigate the BaSO4 surface impurities as a potential new explanation for perme-

ation degradation in these systems at intermediate–low temperatures.

There are two potential sources of sulfur impurities; one is from the high-purity

gases (N2, O2, and He) used in the experiments, and the other is from the chemical

raw materials (such as various nitrates, deionized water, citric acid, EDTA, etc.)

used in the preparation of the perovskite materials. All the high-purity gases were

passed through cylinders containing KOH and 4A zeolites to remove potential

impurities, such as CO2, H2O, H2S, SO2, etc. Among all the chemical raw materials

used in the experiments, only Co(NO3)2�6H2O is documented as containing sulfur

impurities, at less than 17 ppm, by Sigma-Aldrich. The starting sulfur impurity

content in the BCCF membrane made from Sigma-Aldrich regents was determined

to be less than 20 ppm. It was difficult for us, at first, to accept that this small

background sulfur impurity content was sufficient to cause such a large and rapid

surface enrichment of BaSO4 and a commensurately large and rapid degradation of

the membrane permeation flux during low-temperature operation.

To quickly verify that sulfur was indeed responsible for this behavior, BCCF

membranes with a higher sulfur content (135 ppm) were prepared and named as

BCCF-s. Figure 8.5 shows that the oxygen permeation flux of the BCCF-s mem-

brane decreased by 70% in 100 h at 650 �C (disk 1), while it remained stable at an

Fig. 8.3 Time-dependent oxygen permeation fluxes of (a) BCCF membranes at 950, 800,

750 (thickness 1.0 mm), and 600 �C (thickness 0.5 mm), (b) BaZr0.2Co0.4Fe0.4O3�δ (blue open
circles) and BaCo0.7Fe0.22Nb0.08O3-δ (red open squares) membranes at 600 �C (thickness 0.5 mm)

(Reproduced from [11] with permission of Wiley)
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Fig. 8.4 HRTEM analysis of the perovskite membrane after long-term operation at 600 �C. The
circles highlighted in the large-scale images (a, d) correspond to the areas shown at higher

resolution in (b, c, and e). (a, b) “Clean” area of the BCCF surface not covered by BaSO4. (c1,
c2) High-resolution close-up of a perovskite grain boundaries viewed along the [111] (c1) and
[110] (c2) directions. (d, e) Grain boundary between the perovskite and BaSO4 viewed along the

[110] direction of the perovskite (Reproduced from [11] with permission of Wiley)
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operating temperature of 900 �C (disk 2) [11]. The excellent high-temperature

permeation stability is consistent with observations from other perovskite-type

MIEC membrane materials, which typically show good permeation stability

above 850 �C. If the membrane is operated first at 900 �C for 100 h, and then at

650 �C for another 100 h, the oxygen permeation flux stays stable at 900 �C but

decreases slowly at 650 �C (disk 3). SEM/EDS analysis shows that the permeation

surface of disk 1 was covered by BaSO4 with a sulfur content of 7.5 at%, while the

surface of disk 2 had a lower sulfur content of 1.6 at%. The surface sulfur content

for disk 3 was higher than that of disk 2 but lower than that of disk 1.

Thermodynamic calculations reveal that BaSO4 can gradually decompose at

elevated temperatures and the equilibrium constant for the decomposition reaction

increases exponentially with temperature. A simple calculation shows that if the

bulk sulfur diffusion and surface BaSO4 decomposition kinetics are fast enough to

maintain the SO2 partial pressure in equilibrium with the flowing gas phase, it

Fig. 8.5 Analysis of the high sulfur-containing BCCF-s membranes operated under different

conditions. SEM pictures of the spent membrane surfaces (permeate side) after oxygen permeation

testing at (a) 650 �C for 100 h, (b) 900 �C for 100 h, (c) 900 �C for 100 h, and then 650 �C for

100 h. (d) Oxygen permeation flux versus time behavior of the three membranes (1 mm in

thickness). Scale bar: 2 μm (Reproduced from [11] with permission of Wiley)
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would take more than 4000 days at 600 �C to remove all sulfur from a 0.5-mm-thick

BCCF membrane (containing 20 ppm S). In contrast, at 900 �C it would take less

than 1 day to accomplish the same thing. At low operating temperatures, the rate of

enrichment of BaSO4 on the membrane surface is faster than BaSO4 decomposi-

tion; as a result, BaSO4 grains aggregate on the membrane surface leading to the

degradation of the permeation flux. At higher temperatures, even though sulfur

segregation from the bulk to the surface should also be accelerated, this is more than

offset by significantly faster BaSO4 decomposition, and as a result, only a few

BaSO4 grains can be found, and no degradation of the permeation flux is observed.

This mechanism is diagrammatically presented in Fig. 8.6. This mechanism also

helps to explain why disk 3 shows a slow degradation rate at 650 �C as compared to

disk 1. Much of the sulfur was likely already removed from this membrane during

the first 100 h of operation at 900 �C. This mechanism is not just limited to barium-

containing materials. The permeation stability of other membranes containing

alkaline earth and rare earth elements will be likely degraded by sulfur impurities

since their sulfates are generally stable at low temperatures.

8.4.2 Silicon-Containing Membranes

The negative effect of sulfur impurities on the permeation stability of MIEC

membranes at low temperatures inspired us to explore the potential effect of silicon

impurities in these membranes [13]. Because silicon is one of the most universal

contaminants (it exists widely in dust, water, refractory materials used in high-

temperature furnaces, glass-based sealants, silicon-based greases, and lubricants, as

well as original chemicals) [24, 25], it is impossible to obtain silicon-free ceramic

materials. The BCCF membranes prepared using another batch of chemicals

Fig. 8.6 Schematic of the temperature-dependent rates of BaSO4 decomposition and sulfur

diffusion. Zone I, the rates of BaSO4 decomposition and sulfur migration are both slow; zone II,

sulfur migration is faster than BaSO4 decomposition; zone III, sulfur migration is only a little

faster than BaSO4 decomposition; zone IV, sulfur migration is slower than BaSO4 decomposition
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purchased from Sigma-Aldrich showed high silicon content up to 140 ppm, even

though super-high-purity water was used in the preparation process. Three disks

were employed for oxygen permeation at 600 �C for 477 h (disk 4), 900 �C for 100 h

(disk 5), 900 �C for 96 h, and then 600 �C for 100 h (disk 6), as shown in Fig. 8.7.

The oxygen permeation flux of disk 4 decreased by 62% (gradually from 0.42 to

0.16 mL cm�2 min�1) during the 477 h on-stream at 600 �C, while that of disk

5 remained constant at 1.8 mL cm�2 min�1 during the 100 h on-stream at 900 �C. It
is worth noting that the disk 6 exhibited a higher oxygen permeation flux and a

slower degradation rate at 600 �C than did disk 4, which was initially operated at the

same temperature [13].

The phenomenon of the time-dependent permeation stability at high and low

temperatures occurring on silicon-containing BCCF membranes is similar to that

happening on sulfur-containing ones (see Fig. 8.5). Therefore, the degradation

mechanism for silicon-containing membranes should be similar to those containing

sulfur. However, unlike sulfates, the enriched silicates on membrane surfaces

cannot be removed by decomposition, so why do the silicon-containing membranes

still keep a stable permeation flux at high temperature? Figure 8.8 shows the SEM

pictures of both surfaces of the three spent membranes above [13]. For the mem-

brane operated at 600 �C for 477 h, there was no morphology change for the feed

side, but there was a great change on the permeation side. EDS analysis showed that

the surface of the permeation side had a silicon content reaching 4.7 at%, while that

of the feed side was close to zero. The extremely low silicon content on the feed-

side surface will be discussed below. For the membrane operated at 900 �C for

100 h, larger white particles were formed on the feed and permeation sides of disk

5. EDS analysis showed that these white particles were silicates and the silicon

content for the feed- and permeation-side surfaces were 0.2 and 0.5 at%,

Fig. 8.7 Time-dependent oxygen permeation fluxes of three BCCF membranes. Disk 4, 600 �C
for 477 h; disk 5, 900 �C for 100 h; disk 6, 900 �C for 96 h and then 600 �C for 100 h (Reproduced

from [13] with permission of Elsevier)
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respectively. The silicon content of disk 6 was higher than in disk 5 but still lower

than that on the permeation-side surface of disk 4. The silicon-containing particles

grow large at an operation temperature of 900 �C but stay small at a lower

temperature of 600 �C. Therefore, the surface coverage of the silicon impurity is

lower for disk 5 than it is on the permeation-side surface of disk 4. If small particles

Fig. 8.8 SEM images of the spent BCCF membranes. (a) and (b) are feed and sweep sides of disk
4 operated at 600 �C for 477 h, respectively; (c) and (d) are feed and sweep sides of disk 5 operated
at 900 �C for 100 h, respectively; (e) and (f) are feed and sweep sides of disk 6 operated at 900 �C
for 96 h and then 600 �C for 100 h, respectively (Reproduced from [13] with permission of

Elsevier)
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appeared around big particles, they would be “swallowed” by the big particles. As a

result, a specific morphology was observed on the membrane surface (Fig. 8.8f).

The coverage of the silicon impurity on the permeation-side surface was lower for

disk 6 than for the disk 4. These observations can well explain the time-dependent

permeation flux shown in Fig. 8.7.

A detailed analysis is shown in Fig. 8.9 using HRTEM/EDS mapping of the

cross section of the permeation side of disk 4 [13]. The segregation of barium on the

membrane surface was induced by silicon enrichment leading to the formation of

amorphous barium silicates. Meanwhile, the BCCF perovskite was decomposed

into cobalt and iron oxides which can be identified in Fig. 8.9a–f, i.e., a layer with

Fig. 8.9 Microscopic analysis of the sweep side surface of the perovskite membrane after 477 h

on-stream at 600 �C. (a) STEM image of the BCCF slice embedded in platinum, (b) ~ (f) EDS
mapping of the impurity layer on sweep side surface, (g) silicon impurity layer, (h) grain boundary
of BCCF highlighted by a circle, (i) HRTEM image of the circled zone in (h) viewed along the

[111] direction of the cubic BCCF crystal (Reproduced from [13] with permission of Elsevier)
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thicknesses of 20–30 nm showing stronger signals for Fe and Co elements can be

observed beneath the barium silicate layer. The outermost layer of the BCCF slice

contains Si, Ba, and O as the major elements and Co as the minor element and is

a� 25-nm-thick amorphous layer, indicated by the halo ring in the inset Fig. 8.9g

derived from the fast Fourier transform (FFT) pattern of the squared area. As shown

in Fig. 8.9h, there is no secondary phase in the grain boundaries, and the BCCF

membrane retains the cubic perovskite structure after long-term operation. There-

fore, the reduction in oxygen permeation does not result from a phase transforma-

tion at low temperature (600 �C). It is clear that the change in composition of the

BCCF membrane in this study is due to silicon enrichment-induced decomposition

of the perovskite phase. Therefore, there was no clear evidence to support the

assertion that the degradation was induced by the kinetic demixing mechanism.

From the above discussion, it was inferred that the enrichment of silicon on BCCF

membrane surfaces is the reason for the degradation of oxygen permeation at low

temperature [13].

8.4.3 Mechanism of Sulfur and Silicon Migration
to the Membrane Surface

Slater and coworkers found that sulfate and silicate groups can be doped into the

perovskite lattice with content up to 15 at% [26–29]. High temperature, for

instance, 1100 �C, is usually needed for incorporation of the sulfate and silicate

groups into the lattice. In their works, they successfully incorporated oxyanions,

including borate, silicate, phosphate, and sulfate, into a perovskite lattice in order to

stabilize the cubic perovskite structure of SrCoO3�δ and SrMnO3�δ at room

temperature and also incorporated borate and phosphate into cathode materials to

improve the structural stability of the cathodes at intermediate temperatures [29]. Li

et al. investigated a phosphate-doped perovskite, SrCo0.85Fe0.1P0.05O3�δ, and

observed that the incorporation of phosphate can prevent oxygen vacancy ordering

at temperatures higher than 600 �C both in air and atmospheres with lower oxygen

partial pressures [30]. However, in the investigation into the degradation of the

oxygen permeation flux in MIEC membranes at low temperatures (above), we

found that trace sulfur or silicon impurities coming from raw chemicals would

migrate from the bulk of the membrane to the membrane surfaces and deposit on

the permeation-side surface as sulfates or silicates, respectively [11, 13, 14]. The

enrichment of sulfur or silicon impurities on the membrane surfaces then blocks the

oxygen exchange reactions and leads to the degradation of oxygen permeation flux

under long-term operation.

Three membranes containing sulfur and silicon impurities were prepared,

namely, BCCF-S (sulfur content of 140 ppm), BCCF-Si (silicon content of
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340 ppm), and SrCo0.97S0.03O3�δ (SC-S), and all the membranes were treated in

flowing air and helium at 650 �C for BCCF-S, 600 �C for BCCF-Si, and 850 �C for

SC-S, respectively. All the membranes showed greater enrichment with sulfates or

silicates on the membrane surfaces when the membranes were treated in helium.

This result indicates that sulfur and silicon can migrate outside of the perovskite

lattice during the aging treatment. Further, it reveals that the chemical potentials of

sulfur and silicon in the perovskite lattices are higher than those at the gas–solid

interfaces. Combined with the results from Slater and coworkers, it was deduced

that sulfate and silicate groups can incorporate into the perovskite lattice at elevated

temperatures (such as 1100 �C) and that most of these groups stay in the perovskite

lattice during the cooling step due to the slow migration rates of these groups and

fast cooling rate (usually, 2 �C/min). These groups have high chemical potentials at

low temperature in the perovskite lattice; thus, the high chemical potentials are

driving forces for sulfur and silicon migration from the membrane bulk to the

surfaces when the perovskite materials are treated at low temperatures. However,

the above discussion cannot explain why the permeation-side surfaces always have

higher contents of sulfur or silicon impurities than those on the feed side.

We found that sulfur or silicon migration is indirectly related to the oxygen

chemical potential gradient, i.e., at the gas–solid interface, the chemical potential of

sulfur or silicon is related to the oxygen partial pressure. Here, the BCCFmembrane

containing silicon impurities is discussed as an example to illustrate the mechanism

by which the oxygen partial pressure affects the migration of the sulfur and silicon

impurities, as shown in Fig. 8.10. When the membrane sintered at 1150 �C is

then treated in air at 600 �C, the chemical potential of silicon in the perovskite

lattice (μLatt
Si ) is higher than that at the air–solid interface (μ Interf

Si, Air ), so the silicon

migrates from the membrane bulk to the surfaces, as illustrated by Fig. 8.10a. When

the membrane is treated in helium, similarly, the chemical potential of silicon in

the perovskite lattice (μLatt
Si ) is much higher than that at the helium�solid interface

(μ Interf
Si, He), so the silicon again migrates from the bulk of the membrane to the surfaces,

as illustrated in Fig. 8.10b. Additionally, greater silicon enrichment was found on

the surface of the membrane treated in helium (2.5 at%) than on that treated in air

Fig. 8.10 Schematic of the chemical potentials of silicon element and the migration of silicate

group across the membranes under different atmospheres. (a) Membrane treated in air, (b)
membrane treated in helium, (c) membrane operated for oxygen permeation in the initial stage,

(d) membrane operated for oxygen permeation reaching an equilibrium state of silicon element

migration (Reproduced from [13] with permission of Elsevier)
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(1.2 at%), which indicates that μ Interf
Si, Air is higher than μ Interf

Si, He at 600 �C. If the

membrane is operated for oxygen permeation, silicon migrates from the membrane

bulk to both the surfaces in the initial stage, as illustrated by Fig. 8.10c. Therefore,

silicon impurities were observed on both surfaces, as shown in Fig. 8.8e, f, but that

on the helium side (i.e., sweep side) surface was higher than that on the air side (i.e.,

feed side) surface. This situation can be found also on disk 5 and disk 6. However,

μLatt
Si decreases with time but both μ Interf

Si, Air and μ
Interf
Si, He increase with time. Thus after a

certain time, μLatt
Si will be lower than μ Interf

Si, Air but higher than μ
Interf
Si, He. As a result, there

will be a net migration of silicon from the air side surface to the helium side surface.

The silicon impurity content on the air side surface will be decreased by further

prolonged operation time; meanwhile, it will have accumulated on the helium side

surface. In the final equilibrium state, the silicon chemical potentials at the

air�solid interface, in the perovskite lattice, and at the helium�solid interface

will be equal to each other, as illustrated by Fig. 8.10d. This final equilibrium

state may be achieved after the BCCF membrane (disk 4) was operated for 477 h at

600 �C, since there was almost no silicon impurity detected by EDS on the air side

surface but much more on the helium side surface. Similarly, the final equilibrium

state was almost achieved after the sulfur-containing BCCF membrane was oper-

ated for 480 h at 600 �C, as shown in Fig. 8.11, because there were few barium

sulfate particles on the air side surface but many more on the helium side.

The above discussion indicates that other anions such as BO3
2� and PO4

3�,
which are common impurities in precursor salts and oxides and can be incorporated

into a perovskite lattice at high temperatures, may exhibit similar migration behav-

iors when there is an oxygen chemical potential gradient across the MIEC mem-

branes. Moreover, if an inert and stable phase is produced due to the enrichment of

anions such as sulfates and silicates on membrane surfaces, then the oxygen

permeation fluxes will decrease with time, especially at low temperatures.

Fig. 8.11 Feed-side surface (a) and permeation-side surface (b) of the spent BCCF membrane

after 480 h operation at 600 �C all the protuberant grains on the permeation-side surface are BaSO4

(Reproduced from [11] with permission of Wiley)
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8.4.4 Stabilization of the Phase-Stable Membranes at Low
Temperature

Based on the above analysis of the degradation mechanism of phase-stable perov-

skite MIEC membranes, one option to combat the sulfur- or silicon-induced

degradation phenomenon at intermediate–low temperatures is to synthesize perov-

skite membranes using ultrahigh-purity sulfur and silicon-free reagents. However,

recall that even the 20-ppm sulfur impurity level introduced by the high-purity

reagents used to synthesize the membranes tested in Fig. 8.3 was still sufficient to

cause significant degradation; so this method is infeasible for large-scale prepara-

tion of MIEC membranes. Additionally, although the same chemicals were pur-

chased from Sigma-Aldrich, the contents of sulfur and silicon impurities changed

with batches. Obtaining higher-purity reagents, especially at an industrially rele-

vant scale, is not an easy or cost-effective approach. As an alternative, we examined

the possibility of deploying a high-surface-area buffer/catalyst layer with high

oxygen activity on both the feed and permeation surfaces of the membrane to

mitigate the effects of the surface contamination from sulfates and silicates. Porous

Sm0.5Sr0.5CoO3�δ (SSC) was used for this purpose.

SSC is a perovskite oxide that shows high oxygen catalytic activity and is

commonly used as an oxygen exchange catalyst in MIEC membranes and as a

cathode material for low-temperature (�600 �C) solid oxide fuel cells [31–34]. A

porous SSC, composed of particles 0.5–1 μm calcined at 950 �C, was applied to

both sides of a BCCF membrane to create porous surface buffer layers of� 10 μm
thickness. Figure 8.12 compares the permeation stability of BCCF, BZCF, and

BCFN membranes with or without SSC porous layer coatings under identical

Fig. 8.12 Time-dependent oxygen permeation of BCCF, BZCF, and BCFN membranes with both

surfaces coated with SSC porous catalyst layers. Temperature, 600 �C; membrane thickness,

0.5 mm (Ref. [11,13])
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testing conditions at 600 �C [11,13], and the changes in oxygen permeation flux are

compared in Table 8.1. The flux of the SSC-coated BCCF membrane decreased by

only� 5% in the first 200 h and then maintained stable performance. Similarly,

stabilized permeation performances at low temperature were recorded on BCFN

and BZCF membranes coated with SSC porous layers. For the SSC-coated BCFN

membrane, an 8% decline in flux was observed in the first 40 h of operation

followed by no further decreases in flux over the next 160 h. For the SSC-coated

BZCF membrane, a very stable performance was observed with only small fluctu-

ations of� 4% in the flux during 100 h of operation. Postmortem SEM and EDX

analysis was conducted on the spent SSC-coated BCCF membrane after 480 h of

operation, as shown in Fig. 8.13. This analysis indicated that the BaSO4 grains

Table 8.1 The permeation stability of BCCF, BZCF, and BCFN membranes coated with or

without SSC porous layers under identical testing conditions at 600 �C

BaCe0.1Co0.4Fe0.5O3�δ BaZr0.2Co0.4Fe0.4O3�δ BaCo0.7Fe0.22Nb0.08O3�δ

No catalyst �80%, 480 h �38%, 100 h �56%, 100 h

With catalyst �5%, 480 h �4%, 100 h �8%, 200 h

Ref. [11]

Fig. 8.13 Post-treatment and analysis of the SSC-coated perovskite membrane after 480 h of

oxygen permeation testing at 600 �C. (a) Cross-section view of the porous SSC catalyst layer. (b)
Top view of the porous SSC catalyst layer. The arrows mark BaSO4 grains. (c) Top view of the

membrane surface after the porous SSC layer was removed by ultrasonic agitation. (d) EDX
analysis of the sulfur content of various different areas. Scale bar: 2 mm (Reproduced from [11]

with permission of Wiley)
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diffused to the outer skin of the porous SSC layer and, as a consequence, there are

no BaSO4 grains remaining on the BCCF membrane surface itself [11]. Similarly,

XPS analysis on the spent membranes showed that the silicon migrated from the

membrane surfaces to the SSC porous layers.

All these findings further verify that the migration of sulfur or silicon is related to

the oxygen chemical potential. The SSC coating can effectively act as a “buffer” or

a sponge to remove the sulfate and silicate grains from the membrane surface.

Furthermore, thanks to the high surface area and high activity of this porous SSC

layer, the enrichment of sulfate and silicate on the SSC surface has little effect on

the oxygen exchange rate as the sulfate and silicate particles are distributed over a

much larger area and cannot completely block the oxygen exchange process. The

success in achieving flux stabilization in the perovskite MIEC membrane materials

suggests that this stabilization technique may be widely used to overcome the

degradation of permeation flux at low temperature for many MIEC perovskite

membrane material families. However, the enrichment of silicon or sulfur impuri-

ties in the porous layer would decrease the catalytic activity of the SSC toward

oxygen exchange reactions to some extent. Therefore, a slight decrease (�5%) in

oxygen permeation is inevitable [11, 13].

8.5 Degradation and Stabilization Mechanisms of Phase-
Unstable Membranes

As illustrated in Chap. 6, Ba0.5Sr0.5Co0.8Fe0.2O3�δ (BSCF), which was developed

by Yang’s group, exhibits high oxygen permeability and has received significant

attention in the last decade. Its high permeability is attributed to its high ionic

conductivity and catalytic activity toward both the oxygen reduction reactions

(ORR) and oxygen evolution reactions (OER). However, many researchers have

reported that phase transformations occur on the BSCF membrane when the

operation temperature is lower than 850 �C [17, 35–37]. In this section, BSCF is

selected as an example to show its degradation and stabilization mechanisms at

intermediate–low temperatures.

8.5.1 Degradation Mechanism of Ba0.5Sr0.5Co0.8Fe0.2O3�δ at
Intermediate–Low Temperatures

Hexagonal and lamellar phases were observed after the powder or membranes were

treated in air at temperatures below 850 �C for tens to hundreds of hours [17, 35–

37]. The new phases have much lower ionic conductivities than the cubic phase;

therefore, a degradation of the oxygen permeation flux with time is frequently

observed when the BSCF membranes are operated at intermediate–low
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temperatures. A detailed discussion of the phase transformation of BSCF is shown

in Chap. 6. All the studies attributed the degradation of oxygen permeation through

the BSCF membranes at intermediate temperatures to these hexagonal and lamellar

phases of extremely low ionic conductivity.

For perovskite-type MIEC membranes, the oxygen permeation process is usu-

ally controlled by three steps, i.e., oxygen exchange on the gas–solid interface of

the feed side, bulk phase diffusion of oxygen ions (the electronic conductivity is

typically several orders of magnitude higher than the oxygen ionic conductivity),

and oxygen exchange on the gas–solid interface of the permeation side (see

Chaps. 1 and 5). Each step corresponds to a permeation resistance. An increase in

any one of the three permeation resistances will lead to a decrease in permeation

flux. The investigation of the performance degradation of phase-stable membranes

inspired us to consider the influence of sulfur and silicon impurities on the perme-

ation stability of the BSCF membrane. As mentioned above, the impurities degrade

the permeation flux through the enrichment of sulfate and silicate on the membrane

surfaces to retard the oxygen exchange at the gas–solid interfaces. Therefore, one

question to be asked is as follows: is the degradation of oxygen permeation flux for

BSCF membranes completely caused by the bulk phase transformation at

intermediate–low temperature? If the answer is no, how much does the enrichment

of sulfur or silicon impurities contribute to the degradation? To correctly answer the

two questions, a permeation model which can distinguish the three permeation

resistances must be utilized to monitor the time-dependent changes in them. We

developed a simple permeation model, shown in Chap. 5, with clear physical

meanings for every parameter that has been successfully applied to the acquisition

of data on the three resistances to the oxygen permeation through perovskite and

dual-phase MIEC membranes [38–40]. We found that this model succeeded in

explaining the time-dependent changes of the permeation resistances of a BSCF

membrane.

The sulfur content in the as-prepared BSCF powder was determined to be

240 ppm even though high-purity regents were used as the chemical precursors.

Figure 8.14 shows the time-dependent oxygen permeation fluxes of the BSCF

membranes and the membranes coated with an SSC porous layer, at 700, 650,

and 600 �C [12]. If the enrichment of sulfate on the membrane surface has a great

influence on the oxygen exchange at the gas–solid interfaces, the degradation rate

will be slowed down on the membranes coated with the SSC porous layers in

accordance with the result shown in the Sect. 8.4.4 of this chapter. The oxygen

permeation fluxes of the membranes, uncoated and coated with SSC, all decreased

with time during the 100 h on-stream, but the degradation rate is slow for the

membranes coated with SSC porous layers. In the previous investigations, the

degradation rate increased with decreasing operating temperature in the range

700–850 �C, while here it was at 650 �C that the SSC-uncoated membranes showed

the fastest degradation rate among the three investigated temperatures. However,

for the SSC-coated membrane, the degradation rate was slowed down by the

decrease in temperature. The difference in the temperature-dependent degradation
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rate indicates that the degradation mechanism may change within the temperature

range 600–850 �C for the BSCF uncoated membrane.

Figure 8.15 exhibits the time-dependent changes of the interface exchange

resistances of the feed and permeation sides at different temperatures with the

SSC-uncoated and SSC-coated BSCF membranes [12]. The oxygen permeation

fluxes of the BSCF membranes decreased rapidly with time at intermediate–low

temperatures; thus additional errors were introduced for the determination of

resistance constants of interface oxygen exchange ( r00 for feed side and r
00
0 for

permeation side). In fact, the regressed r00 and r
00
0 were the average values over the

data collecting periods (2 ~ 3 h). Therefore, the r00 and r
00
0 still effectively reflect the

time-dependent changes in the interfacial exchange resistances. However, the

additional errors have great effects on the determination of the bulk diffusion

resistances because they are much smaller than the interfacial exchange resistances.

Although the bulk diffusion resistance could not be reliably acquired by the model

under investigation, the increase in the total interfacial exchange resistances

r0 þ r
00� �
at all temperatures indicates that the degradation of the oxygen permeation

flux is related to the interfacial exchange reactions for the SSC-uncoated mem-

branes (Fig. 8.15a–c). Unlike the case of the SSC-uncoated BSCF membrane, as the

permeation fluxes with the membranes coated with SSC degraded slowly, it was

possible to acquire rb values with relatively small errors. In addition, the interfacial

oxygen exchange resistances on the feed side (interface I), r0, and the permeation

side (interface II), r
00
, only exhibited limited fluctuation during the� 100 h

on-stream at each temperature (Fig. 8.15d–f). This indicates that the SSC porous

layers were effective at eliminating the negative influence of the enrichment of the

Fig. 8.14 Time-dependent oxygen permeation fluxes of the BSCF membranes and the membrane

coated with SSC porous layer at 700, 650, and 600 �C. Air flow rate, 150 ml min�1; He flow rate,

50 ml min�1 (Reproduced from [14] with permission of Wiley)
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sulfur impurities on the membrane surfaces. The SSC porous layers have two

functions: one is to catalyze the interfacial oxygen exchange reactions due to

their high oxygen catalytic activity; the other is to accommodate sulfur impurities

through their large surface area. Thus, the total interfacial exchange resistances

were significantly lower after the membranes were coated with SSC porous layers

compared to the SSC-uncoated counterparts. However, the bulk diffusion

Fig. 8.15 Time-dependent permeation resistances for BSCF membranes (a, b, c) and for BSCF

membranes with both surfaces coated with SSC porous layers (d, e, f) at 700, 650, and 600 �C. Air
flow rate, 150 ml min�1; membrane thickness, 0.5 mm (Reproduced from [14] with permission of

Wiley)
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resistances ( rb ) increased gradually with time at every operating temperature.

According to the previous investigation on the phase transformation of BSCF at

intermediate temperatures, the increase in bulk diffusion resistances is the result of

the appearance of hexagonal and lamellar phases in the membrane bulk.

After� 100 h on-stream, rb increased by 94%, 83%, and 18% for the membranes

operated at temperatures of 700, 650, and 600 �C, respectively, which reveals that

the phase transformation happens faster at higher temperatures. Combined with

other researchers’ findings on the phase transformation rate, the above result led to

the conclusion that the plot of the phase transformation rate against temperature is a

volcano-type curve and the maximum should appear at a temperature around

700 �C, as shown in Fig. 8.16.

If the SSC-uncoated BSCF membranes have the same bulk diffusion resistances

as those of the SSC-coated BSCF membranes, the interfacial oxygen exchange

resistances r0 þ r
00� �

contribute substantially to the total resistance at each temper-

ature for the SSC-uncoated BSCF membranes, reaching 77–86% at 700 �C,�92%

at 650 �C, and 87–91% at 600 �C during the 100 h on-stream. Therefore, the

interfacial exchange kinetics are the rate-limiting steps in the investigated temper-

ature range. As a result, changes in the interfacial exchange kinetics have a

significant influence on the permeation flux. However, for the SSC-coated BSCF

membranes, the total interfacial oxygen exchange resistances were only slightly

higher than the bulk diffusion resistances in the initial stage of the permeation

experiments, but this trend gradually reversed with time as the bulk diffusion

resistance gradually increased. Therefore, the degradation of the interfacial

exchange kinetics, induced by sulfur enrichment on the BSCF membrane surfaces,

is the dominant factor that leads to the degradation of the oxygen permeation flux at

intermediate temperatures, and bulk phase transformation to hexagonal and lamel-

lar phases has a minor contribution to the degradation.

Fig. 8.16 Temperature-

dependent phase

transformation rate of

BSCF. Zone I, > 850 �C;
zone II, 600–850 �C; zone
III, < 600 �C. The
maximum rate appears at

around 700 �C
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8.5.2 Stabilization Mechanism of Ba0.5Sr0.5Co0.8Fe0.2O3�δ at
Low Temperatures

It is clear from the above discussion that, to stabilize the oxygen permeation flux of

the BSCF membrane at low temperature, two things must be done. One is to

eliminate the negative influence of the surface enrichment of sulfur and silicon

impurities, and the other is to inhibit the phase transformation from cubic to

hexagonal and lamellar phases. The first one can be accomplished by coating

both surfaces with a porous MIEC perovskite catalyst (such as SSC)

[11, 13]. The second problem can be solved by heavily doping cations with stable

valence states, such as Zr4þ and Nb5þ, into the BSCF lattice. However, this

traditional strategy incurs a significant loss of permeability. Recently, we identified

a new stabilization mechanism that involves inhibiting the undesirable phase

transformation at low temperature by deliberately introducing nanoparticles at

grain boundaries. Using this novel approach, a stable oxygen permeation flux

(over 500 h) through a nanoparticle-decorated BSCF perovskite membrane was

demonstrated with 10–1000 times higher permeation flux than previous studies at

550–650 �C [12].

8.5.2.1 Phase Transformation of BSCF at Low Temperature

The phase transformation of BSCF is different from that of most perovskite

materials (see Chap. 6). For SrCoO3�δ, a martensitic transformation from a high-

temperature cubic phase to a 2-H hexagonal phase takes place at 900 �C in air

[15]. The transformation between these two structures requires very little thermal

activation energy because it is a diffusionless transformation, which results in the

subtle but rapid rearrangement of atomic positions. Thus, the transformation rate of

this type of phase transformation is extremely fast. However, the phase transfor-

mation of BSCF is a time-dependent process; long-distance atomic diffusion in the

material bulk is needed to reach active sites for the formation of crystal nuclei and

the growth of the crystal nuclei to the secondary phase. This type of phase

transformation is called diffusion-controlled transformation, i.e., the phase trans-

formation rate depends on the diffusion rate of the atoms. Grain boundaries are the

active sites for the formation and growth of such crystal nuclei because the high

density of defects and the loose arrangement of atoms lead to facile generation of

crystal nuclei. Figure 8.17 shows the new phase growth at a grain boundary in

BSCF at 800 �C. The time-dependent phase transformation process originates at the

grain boundaries of the parent material. This process can be monitored in real time

by determining the time-dependent oxygen permeation flux through the membrane,

because the permeation takes place via oxygen ionic diffusion through grains and

grain boundaries, as shown in Fig. 8.18. The resultant new phase has extremely low

ionic conductivity. As the new phase is a thin sheet, a small volume fraction of

the new phase would significantly block the transport of oxygen ions in the
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membrane bulk. As the hexagonal and/or lamellar phases appear at the grain

boundaries, a remarkable decrease in oxygen permeation flux can be detected due

to the much lower oxygen ionic conductivity of these newly nucleated grain

boundary phases compared to the parent phase.

The BSCF membrane was coated with an Sm0.5Sr0.5CoO3�δ (SSC) catalyst on

both surfaces before permeation testing to eliminate the negative effects of impurity

enrichment on the membrane surfaces. The permeation flux declines by up to 30%

during 500 h on-stream oxygen permeation testing at 600 �C. Similar to that shown

in Sect. 8.5.1, the result of the model investigation indicates that the bulk resistance

of the BSCF membrane increased by� 20% over� 110 h, whereas the oxygen

exchange resistance for both surfaces remained nearly constant. The time-

dependent increase in the oxygen ion diffusion resistance through the BSCF

membrane bulk includes the resistances through grains and grain boundaries.

Postmortem HRTEM analysis of the spent BSCF membrane shows that a new

phase with a width of� 200 nm was observed at the grain boundary. This new

phase was enriched with cobalt but depleted of strontium, as revealed by EDS

analysis in Fig. 8.19. However, the BSCF parent phase maintains the cubic

Fig. 8.17 Time-dependent phase transformation at BSCF grain boundaries at 800 �C. The fresh
BSCF membrane has clear and smooth grain boundaries; however after the membrane is treated in

air for 24 h, a new phase with width of ~200 nm appears at the grain boundaries. The new phase

grows gradually bigger with time, reaching, for example, ~1200 nm in width after 96 h of

membrane operation (Reproduced from [12] with permission of the American Chemical Society)
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Fig. 8.18 Oxygen ions

walk across the grain

boundaries in the process of

oxygen permeation through

an MIEC membrane

Fig. 8.19 Post-analysis of the BSCF membrane after 500 h on-stream at 600 �C. (a) Scanning
transmission electron microscopy (STEM) image. (b) EDS map analysis of the area marked in the

red frame in (a). (c) and (d) HRTEM images for the interfacial area between the parent phase

(BSCF) and the trigonal phase viewed along their [001] directions, respectively. “T” denotes the

trigonal phase precipitated at the grain boundary (Reproduced from [12] with permission of the

American Chemical Society)
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perovskite structure with a d100¼ 0.399 nm. Detailed EDS analysis of this new

phase suggests an elemental composition of approximately

Ba0.45Sr0.07Co1.6Fe0.18O2.8. Multiple examinations of the transformation to the

second phase with a trigonal structure revealed initiation was at the grain bound-

aries; the grain boundaries act as activation sites for the new phase generation.

Additionally, no homogeneous nucleation of the trigonal phase in the grain bulk

was observed. Therefore, it is deduced that the phase transformation is controlled

by heterogeneous nucleation at the grain boundaries.

8.5.2.2 The Attempts to Inhibit Phase Transformation by Light Doping

in B Site

To improve the stability of the perovskite oxide phase, metal ions with high and

stable valence states were doped heavily (�10 mol%) at the B site of the perovskite

lattice because of their tendency to form strong metal–oxygen bonds. However, the

improved stability was accompanied by a significant loss in permeability, and the

oxygen permeation fluxes for the stabilized membranes were usually less than half

that of the BSCF membrane. To find the balance point between stability and

permeability, light doping (3 mol%) of cations in the B site was attempted.

Specifically, Y3þ, Zr4þ, and Nb5þ, a series of dopants that increase in valence

charge and decrease in ionic size, were examined. The oxygen permeation fluxes of

the membranes doped with Zr and Nb decreased by 20% in 432 h on-stream and

24% in 288 h on-stream, respectively, at 600 �C (Fig. 8.20), even though the

membrane surfaces were coated with an SSC catalyst to eliminate the negative

effects of sulfur and silicon impurities. The low-level doping does not reduce the

oxygen permeability of the BSCF membrane, but it failed to stabilize the oxygen

permeation fluxes at lower temperatures. The Zr-doped sample was analyzed by

HRTEM after long-term operation at 600 �C. The same cobalt-enriched and

strontium-deficient trigonal phase was observed at grain boundaries with a width

of 20–30 nm. Therefore, the low-level doping cannot inhibit the phase transforma-

tion of BSCF. In contrast to the Zr- and Nb-doped samples, the Y-doped sample

showed a remarkable improvement in permeation stability, indicated by only a 9%

drop in permeation flux during a 500 h period of testing at 600 �C. The result of

SEM analysis on the spent membrane showed that there were some nanoparticles

appearing along the grain boundaries, which implied that the Y-doped sample

cannot form a uniform, single-phase material. However, no nanoparticles are

observed on the grain boundaries of the Zr4þ- and Nb5þ-doped samples; thus,

these two dopants can completely incorporate into the BSCF lattice to form solid

solutions. Another interesting finding was that the trigonal phase could be observed

at the grain boundaries where no nanoparticles existed in the Y-doped sample.

Therefore, we deduced that the trigonal phase transformation of BSCF can be

inhibited by introducing nanoparticles in grain boundaries.
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8.5.2.3 Nanoparticles Inhibiting Phase Transformation

Ce4þ, with a larger ionic radius and high valence state, shows poor solubility in Co-
and Fe-based perovskite oxides and is thus an ideal dopant to produce nanoparticles

in the grain boundaries of a BSCF polycrystalline membrane. A one-pot method

with EDTA and citrate as complexing agents was used to prepare the powder for the

targeted nanoparticle-decorating membranes. BaCeO3 nanoparticles with a size

of� 25 nm formed on the BSCF particles (5–10 μm). After being shaped at

200 MPa and sintered at elevated temperature, the nanoparticles grew bigger and

were located at the grain boundaries between BSCF grains. 3 mol% Ce-doping in

BSCF (chemical composition: Ba0.5Sr0.5(Co0.8Fe0.2)Ce0.03O3�δ) resulted in the

formation of a relatively widespread coverage of nanoparticles at the grain bound-

aries (Fig. 8.21). The BaCeO3 nanoparticles were observed with sizes of 50–100 nm

and 100–200 nm at the grain boundaries and crystal edges, respectively, and at an

average interval of less than 1 μm. The Ce-doped BSCF membrane yields an

extremely stable oxygen permeation flux during 500 h of on-stream testing.

HRTEM analysis revealed that no trigonal phase was present at the BSCF grain

boundaries where the BaCeO3 nanoparticles were present even after 500 h

on-stream at 600 �C (Fig. 8.21). The investigation of oxygen permeation resistances

using Zhu’s model [38] revealed that not only the interfacial exchange resistances

Fig. 8.20 Phase transformation and oxygen permeation of Zr- and Nb-doped BSCF membranes.

(a) STEM image of the Zr-doped BSCF membrane after 432 h on-stream testing at 600 �C.
Trigonal phase appeared at the BSCF grain boundary. (b) HRTEM image of the interfacial area

marked by the red circle in (a). (c) and (d) SAED patterns viewed along the [110] and [001]

directions for the BSCF and trigonal phases, respectively. (e) EDS map analysis of the zirconium-

doped sample after the 432 h LT operation. (f) Time-dependent oxygen permeation fluxes through

0.5-mm-thick Zr- (green) and Nb- (blue) doped BSCF membranes at 600 �C (Reproduced from

[12] with permission of the American Chemical Society)

8.5 Degradation and Stabilization Mechanisms of Phase-Unstable Membranes 297



but also the bulk diffusion resistance remained constant during a long period of

operation at 600 �C for the BSCF membrane with BaCeO3 nanoparticles at the

grain boundaries. To understand the stabilization mechanism of the nanoparticles at

the grain boundaries, a thermodynamic analysis and a kinetic analysis were

undertaken.

8.5.2.4 Possible Mechanism

A Thermodynamic Analysis

The phase transformation from cubic to trigonal is accompanied by significant

changes in the elemental composition (Figs. 8.19 and 8.20) and indicates a diffusion

transformation mechanism in the solid phase, where the long-distance migration of

metal ions is required to form and grow the nuclei. The free energy change of the

system with heterogeneous nucleation at the grain boundaries in a polycrystalline

material is given by

ΔG ¼ VΔGV þ Sγ þ Vωþ ΔGgb ð8:1Þ

Fig. 8.21 Nanoparticle inhibition of the phase transformation of Ce-doped BSCF perovskite. (a)
Typical SEM image of grain boundaries for the as-prepared Ce-doped BSCF membrane. (b)
STEM image of the grain boundaries of the Ce-doped BSCF membrane after running for 500 h

at 600 �C. “NP” denotes the nanoparticle. (c) HRTEM image and SAED pattern for the “NP”

particle viewed along the [001] direction. (d) Time-dependent oxygen permeation of the 0.5-mm-

thick Ce-doped BSCF membrane at 600 �C. (e) and (f) HRTEM images of the “BSCF grain 1” and

“BSCF grain 2” particles viewed along the axes closest to the [311] and [111] directions,

respectively (Reproduced from [12] with permission of the American Chemical Society)
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where V is the molar volume of the material, ΔGV is the free energy difference per

unit volume between the parent phase and the new phase, S is the nuclei surface

area, γ is the grain boundary energy per unit area, ω is the elastic strain energy per

unit volume, andΔGgb is the grain boundary energy. The first and last terms, which

are negative, represent the driving forces for heterogeneous nucleation. The middle

two terms are positive and represent forces that restrain the heterogeneous nucle-

ation. Thus, it is possible to inhibit the phase transformation by decreasing the

negative values of the grain boundary energy from the viewpoint of thermodynam-

ics. The inherent grain boundary energy of a polycrystalline material is associated

with its boundary area and grain boundary energy per unit area. If a spherical grain

is considered for a simplified calculation, a grain with radius Rg has a volume of
4
3
πR3

g and a surface area of 4πR
2
g. Thus, the corresponding grain boundary energy is

�2πR2
gγ. Accounting for the grain boundary being shared between two grains, the

grain boundary energy per unit volume is �3γ=2Rg. Therefore, the inherent grain

boundary energy of a polycrystalline material can be written as

ΔGgb, in ¼ �V
3γ

2Rg
¼ �VPgb, in ð8:2Þ

where Pgb, in is the inherent grain boundary pressure. Thus, to inhibit the phase

transformation at grain boundaries, another pressure should be introduced into the

grain boundaries to counteract the inherent grain boundary pressure.

According to the Zener pinning theory [41], to move away from a particle, the

grain boundary requires the creation of a new surface because the insoluble and

discontinuous secondary-phase particles appear at the grain boundaries of poly-

crystalline materials. Thus, a net drag force is produced on the grain boundary:

F ¼ 2πrpγsin θcos θ ð8:3Þ

where rp is the particle radius and θ is the angle between the grain boundary surface
and the surface at the point where the grain joins the particle (0 	 θ 	 π=2). The
number of particles per unit volume (NV ) for a volume fraction f V of a randomly

distributed spherical particle is given by

NV ¼ 3f V=4πr
3
p ð8:4Þ

The number of particles intersecting the boundary unit area is

NS ¼ 2rpNV ¼ 3f V=2πr
2
p ð8:5Þ

The Zener pining pressure is thus expressed as

PZ ¼ FNS ¼ 3γf V
rp

sin θ cos θ ¼ 3γf V
2rp

sin 2θ ð8:6Þ

8.5 Degradation and Stabilization Mechanisms of Phase-Unstable Membranes 299



Therefore, the maximum pressure for a particle intersecting a grain boundary

occurs at θ ¼ π=4, i.e.,

PZ,max ¼ 3γf V
2rp

ð8:7Þ

The free energy change induced at grain boundaries for a polycrystalline material

by introducing particles at the grain boundaries can be written as

ΔGZ ¼ VPZ ¼ 3Vγf V
2rp

sin 2θ ð8:8Þ

As nanoparticles appear at the polycrystalline grain boundaries, the grain boundary

energy becomes

ΔGgb, total ¼ ΔGgb, in þ ΔGZ ¼ �3

2
γV

1

Rg
� f V

rp
sin 2θ

� �
ð8:9Þ

As indicated by Eq. (8.9), the grain boundary energy can be negative, zero, or

positive at a given temperature (γ is the function of temperature). To make sure that

grain boundaries are not the active sites for the phase transformation, the grain

boundary energy should be no smaller than zero, i.e.,

1

Rg
� f V

rp
sin 2θ 	 0 ð8:10Þ

or

f VRg

rp
sin 2θ � 1 ð8:11Þ

As long as f VRg=rp is greater than one at the maximum Zener pining pressure, the

total grain boundary energy will be zero at equilibrium. Therefore, according to

Eq. (8.1), the free energy change of the system with heterogeneous nucleation at the

grain boundaries can be significantly reduced if secondary-phase particles are

introduced into grain boundaries. To fulfill the equation, f VRg=rp � 1, a large

volume fraction of particles with smaller size is needed at the grain boundaries.

However, a larger volume fraction of particles in the material leads to the particles

growing bigger during the preparation of the material.

A Kinetic Analysis

A stepwise growth mechanism is widely accepted for the motion of grain bound-

aries. According to this mechanism, the grain boundary velocity is given by
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u ¼ h

k
v ð8:12Þ

where h, k; and v are the height of the step, the distance between the two steps, and

the motion velocity of steps, respectively. According to kinetic laws, if a driving

pressure (P), which is sufficiently small relative to the thermal activation energy per

atom, is applied to a grain boundary, it can generate a grain boundary velocity

linearly proportional to the driving pressure [42, 43]:

u ¼ mP ð8:13Þ

where m is the boundary migration mobility. The stepwise motion velocity is

derived by combining Eqs. (8.12) and (8.13):

v ¼ km

h
P ð8:14Þ

Grain boundaries with large free volumes and high defect concentrations lead to

facile atomic diffusion. The stepwise motion velocity is directly related to the net

diffusion flux of atoms at the grain boundaries. For a polycrystalline material, the

driving pressure is the inherent grain boundary pressure ( 3γ
2Rg

); thus, the atoms at the

boundaries of small grains have higher activity than those of big grains. This

deduction can be verified by the fact that materials with small grains have higher

sintering activity than those with big grains.

As secondary-phase particles are introduced into grain boundaries, a Zener

pinning pressure is produced by the particles. Thus, the driving pressure for the

motion of grain boundaries is the sum of the inherent grain boundary pressure and

the Zener pinning pressure, so Eq. (8.14) can be rewritten as

v ¼ 3γkm

2h

1

Rg
� f V

rp
sin 2θ

� �
ð8:15Þ

As illustrated by Eq. (8.15), the introduction of particles into grain boundaries can

inhibit the stepwise motion; in other words, the net diffusion flux of atoms at the

grain boundaries is inhibited by the particles at the grain boundaries. Similar to the

previous explanation, as long as the value of f VRg=rp is greater than 1, the stepwise

motion velocity can be zero (i.e., the net diffusion flux of the atoms at grain

boundaries can be reduced to zero by the particles).

According to the heterogeneous nucleation mechanism, a net cationic diffusion

flux along the grain boundaries of the primary material is required for the initial

nucleation and the growth of the new phase. However, the appearance of
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secondary-phase particles at grain boundaries inhibits the net cationic diffusion flux

along the grain boundaries, and the potential phase transformation is stopped by the

particles.

For the Ce-doped BSCF membrane, the BaCeO3 nanoparticles formed have a

volume fraction of 4% and an average particle size of 100 nm, and the BSCF grains

have an average size of 15 μm. Therefore, the value of f VRg=rp is 6, which is much

larger than the critical value of 1. In other words, it indicates, theoretically, that the

driving force for heterogeneous nucleation and growth of the trigonal phase via

stepwise motion has been reduced to zero. The nanoparticles are successfully acting

as “roadblocks” and have reduced the net diffusion flux of cations along the

nanoparticle-containing grain boundaries to zero. The inhibition of the stepwise

motion mechanism is also supported by the zigzag nature of the grain boundaries

seen in the Ce-doped material. Since grain boundary mobility in the vicinity of a

nanoparticle is greatly reduced compared to grain boundary mobility distal to a

nanoparticle, the grain boundary develops a zigzag structure during the high-

temperature sintering of the nanoparticle-containing BSCF membrane. In contrast,

straight and smooth grain boundaries are observed in undoped, Zr-doped, and

Nb-doped BSCF.

8.5.2.5 High Permeation Flux at Low Temperatures

Other than stability, the permeation flux is another important performance index to

be considered in the practical applications of MIEC membranes. The value of

1 mL cm�2 min�1 is deemed to be the lowest value for practical applications in

oxygen separation. For a given MIEC membrane, the oxygen permeation flux can

be improved by reducing the thickness of the separation layer (or dense layer), as

predicted by the Wagner equation. An asymmetric Ce-doped membrane prepared

by dry pressing and co-sintering has a 90-μm-thick dense layer and a 700-μm-thick

porous layer to support the dense layer, as shown in Fig. 8.22. A porous 30-μm-

thick SSC layer coated on the dense layer helps to activate oxygen and eliminate the

potential negative influence of sulfur and silicon impurities. The oxygen perme-

ation flux reaches 3.0 mL cm�2 min�1 when the feed-side oxygen partial pressure is

0.21 atm and 5.2 mL cm�2 min�1 when the oxygen partial pressure is 1.0 atm at

600 �C. As the temperature is decreased to 550 �C, the oxygen permeation fluxes

fall to 1.4 and 2.5 mL cm�2 min�1 when the oxygen partial pressures of feed side

are 0.21 and 1.0 atm, respectively. The asymmetric membrane fluxes in the

temperature range 550–650 �C are 10–1000 times higher than those reported for

other membranes and exceed the 1 mL cm�2 min�1 threshold required for com-

mercial viability.
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Chapter 9

Catalytic Reactions in MIEC Membrane
Reactors

Abstract Besides oxygen separation from air, another important application of

MIEC membranes is to act as membrane reactors to unite reactions and separation.

The integration of reactions and separation has many advantages, thus has attracted

much attention of the industrial and academic communities. The important reac-

tions in MIEC membrane reactors include partial oxidation of natural gas to syngas,

oxidation of coupling of methane, oxidation dehydrogenation of ethane to ethylene,

water splitting for hydrogen production, etc. To safely operate the membrane

reactors for oxidation reactions, the membrane materials need to be stable in both

oxidative and reductive atmospheres. Thus, in this chapter, the most concerned

topic, i.e., membrane materials, is introduced, and the factors influencing the

stability of membrane materials are discussed. Additionally, the progresses on the

membrane reactors for various oxidation reactions are briefly introduced, and the

reaction–separation–reaction membrane reactors developed in the recent years are

presented.

Keywords Membrane reactors • Partial oxidation of methane • Syngas (COþ H2) •

Stability • Hydrogen production • Oxidation coupling of methane • Oxidation

dehydrogenation • Water splitting • Reaction–separation–reaction coupling •

Ammonia synthesis gas

9.1 Introduction of Catalytic Membrane Reactors

With the development of the society, improvement of the environmental quality,

enhancement of the utilization efficiency of fossil resources, and ultimately the

realization of a sustainable development are urgently required. All this prompts us

to find new methods and processes to intensify and refresh the traditional industrial

technologies. Catalytic membrane reactors (CMRs), a concept firstly introduced in

1963 by Gryaznov and coworkers [1], have since then received great attention from

both academic and industrial communities. In CMRs, the catalytic reactions are

coupled with the separation processes. Process intensification is easily achieved

with the improvement of energy efficiency, simplification of technological pro-

cesses, and reduction of investment and operational costs, as synergistic effects

between reaction and separation are frequently found in CMRs. For example, for a
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reaction limited by thermodynamic equilibrium, such as water–gas shifting, the

conversion can be raised to 100% in a hydrogen-permeable Pd-based membrane

reactor. Except for reaction–separation coupling in CMRs, reaction–separation–

reaction coupling can also fulfill several complex reactions and separation pro-

cesses in one CMR, detailed examples of which will be shown in the coming

sections. The quick development of inorganic membranes in the last two decades

led to a considerable progress on the investigation of CMRs, greatly expanding the

application of membrane technology. The International Conference on Catalysis in

Membrane Reactors (ICCMR) is held every 2 years since 1994 in Villeurbanne,

France, to communicate the new progress in this fast growing field.

MIEC membranes are typical inorganic membranes used in CMRs for coupling

oxygen-related reactions and oxygen separation. For MIEC CMRs, membranes are

the key element of the reactors. Different reactions have various requirements

concerning the performance of MIEC membranes, such as oxygen permeation

flux and permeation stability under reaction conditions, structural stability under

reducing atmosphere, tolerance toward CO2, etc. Therefore, developing MIEC

membrane materials that meet the requirement of catalytic reactions is one of the

important investigation tasks in the field of MIEC CMRs, and it will be introduced

in this chapter. The interaction between MIEC membranes and catalysts and the one

between oxygen permeation and catalytic reactions are newly emerging problems

in CMRs, which are remarkably complex in different membrane–catalyst systems;

the investigation on these interactions will be introduced in this chapter.

9.2 Types of Membrane Reactors

According to the functions of MIEC membranes in CMRs, and independently from

their configuration (disk, tube, hollow fiber, etc.), MIEC membrane reactors can be

classified into two types, namely, “membrane reactors with controllable oxygen

input” and “membrane reactors with controllable oxygen output,” as shown in

Fig. 9.1.

Membrane reactors with controllable oxygen input (Fig. 9.1a) can be used for

selective oxidation reactions. For this kind of reactions, the reaction free energies

are negative and large, so the formation of target products is not limited by the

thermodynamic equilibrium but by the reaction kinetics. Low selectivity and

complex products are common problems occurring in this type of reactions. Addi-

tionally, it is difficult to overcome the explosion risk derived by co-feeding oxygen

and reductive reactants in traditional reactors, such as in the case of the selective

oxidation of ethane to ethylene. However, when the reactions are conducted in an

MIEC membrane reactor, the input of oxygen into the reactor can be controlled by

the MIEC membrane. As a consequence, the deep oxidation of the target products is

avoidable due to the low oxygen concentration in the membrane reactor, and thus

the selectivity is significantly improved [2]. Furthermore, the explosion risk can be

completely overcome since oxygen and reductive reactants are separately
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introduced into the two sides of the membrane reactor. If the membrane has high

catalytic activity and selectivity toward the selective oxidation reaction, the mem-

brane has two functions, i.e., controlling the input of oxygen and catalyzing the

reaction. If the membrane has low catalytic activity and selectivity toward the target

reactions, the addition of a catalyst in the membrane reactor is needed. In this

instance, the membrane has one function, i.e., controlling the input of oxygen.

On the other hand, a membrane reactor with controllable oxygen output

(Fig. 9.1b) can be used to improve the conversion of reduction reactions, because

oxygen can be removed from the reaction system, thus shifting the reaction

equilibrium. For this kind of reactions, the reaction free energies are positive, so

they are limited by the thermodynamic equilibrium, as for instance the water-

splitting reaction. When reactions are conducted in MIEC membrane reactors,

oxygen can be selectively removed by the MIEC membrane, so that the decompo-

sition reactions are not limited by the thermodynamic equilibrium anymore, and the

conversion can be significantly improved by breaking the equilibrium

limitation [3].

9.3 Partial Oxidation of Hydrocarbons for Syngas or
Hydrogen Production

During the past decades, extensive efforts have been focused on using MIEC

membranes to improve the process efficiency of the catalytic oxidative conversion

of alkanes. Of particular interest is the partial oxidation of methane to syngas (CO

þ H2 ) in MIEC membrane reactors. Synthesis gas is an important intermediate

Fig. 9.1 Types of MIEC membrane reactors. (a) Membrane reactors with controllable oxygen

input; (b) membrane reactors with controllable oxygen output
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product in the gas-to-liquid conversion (natural gas-to-liquid fuels) via existing

processes, such as Fischer–Tropsch (F–T) and methanol synthesis. There are two

routes for the conversion of natural gas to syngas, i.e., steam reforming and partial

oxidation. Steam reforming is the dominant process for the production of syngas

from methane and has been commercialized for tens of years. However, this process

is strongly endothermic:

CH4 þ H2O Ð COþ 3H2 ΔHð25 ∘CÞ ¼ 206:16 kJ mol�1

ð9:1Þ

and the space velocity of the reaction process is low (e3000 h�1 ) even under

elevated temperature (850–1000 �C) and pressure (1.5–3.0 MPa). Great equipment

investment and huge energy input are required by this technology. Another disad-

vantage of this process is that the produced syngas has a high H2/CO ratio up to

3, which needs to be adjusted to 2 for the subsequent F–T and methanol synthesis.

In the last 20 years, the partial oxidation process has attracted the attention of

both academic and industrial communities. This reaction is weakly exothermal:

CH4 þ 0:5O2 Ð COþ 2H2 ΔHð25 ∘CÞ ¼ �35:67 kJ mol�1 ð9:2Þ

and can be operated at high space velocity up to 70,000 h�1. Furthermore, the

produced H2/CO ratio is 2, thus suitable for the subsequent F–T and methanol

synthesis. All these assets make it a promising technology for methane conversion.

However, three issues occurring in traditional reactors have severely inhibited the

industrialization process of this technology:

1. Hot spot formation is inevitable; thus, the reactor is at the risk of temperature

runaway.

2. High explosion risk due to the co-feeding of oxygen and methane in the

traditional membrane reactor.

3. An air separation unit is needed to produce pure oxygen for this process because

the downstream processes cannot tolerate nitrogen; thus, the economic benefit of

this technology is severely degraded.

The investment cost in a cryogenic oxygen plant may constitute up to 45% of the

total investment cost of a GTL factory [4]. Therefore, there is a great incentive to

find an economical way to supply oxygen to the partial oxidation route.

9.3.1 MIEC Membrane Reactors for Methane Conversion
to Syngas

The advent of MIEC membranes encouraged researchers to combine the use of such

membranes with chemical reactions. This membrane technology was deemed a
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very promising route to unite the catalytic partial oxidation of methane and the

MIEC membrane for oxygen separation into a CMR, as shown in Fig. 9.2. In the

CMR, one side of the membrane is filled with a catalyst for the partial oxidation of

methane, and another side is exposed to flowing air. As methane is introduced into

the membrane reactor, it reacts with the permeated oxygen from the air side, and

the oxygen partial pressure at the methane side is reduced to an extremely low value

(e10�21 atm). In contrast, the decrease of oxygen partial pressure at the permeation

side leads to an increase of the driving force for oxygen permeation across the

MIEC membrane. At a steady state, the oxygen permeation flux of the membrane is

usually increased by 5 ~ 10 times for the partial oxidation of methane in MIEC

membrane reactors compared with that achieved under an air/inert gas gradient for

oxygen permeation testing. In CMRs, the dense MIEC membranes isolate air from

methane by the two-chamber structure; thus, the premixing of oxygen and natural

gas in CMRs is avoidable. As a result, there is no explosion risk for CMRs, while

there is a high risk for traditional co-feed reactors. The reaction rate of the partial

oxidation of methane is controlled by the oxygen permeation flux of the MIEC

membrane; thus, the operation process is controllable in CMRs. Therefore, the

uncontrollable temperature runaway induced by the formation of hot spots does not

occur in MIEC membrane reactors. The catalytic reaction can improve the oxygen

permeation flux by enhancing the driving force across the membrane and thus

increase the oxygen separation efficiency; meanwhile, the membrane can separate

the reactor into two chambers to avoid the premixing of oxygen and methane and

thus improve the safety of the reaction process. Therefore, it can be clearly seen that

the combination of an MIEC membrane and the partial oxidation of methane

reaction is a win-win situation. Due to the potential advantages and economic

benefits offered by this technology, large enterprises, like Air Products &

Chemicals, Inc., have launched some big programs to solve the scale-up problems.

Although the combination of an MIEC membrane with the partial oxidation of

methane can overcome the aforementioned drawbacks, several challenges remain

to be faced for the practical application of MIEC membranes in CMRs. In a CMR,

one side of the membrane is exposed to air and another side to a strongly reductive

atmosphere containing methane, hydrogen, carbon monoxide, water, and carbon

dioxide. To ensure safe operation of the CMR, the membrane should be stable

under both oxidative and reductive atmospheres. Therefore, membrane materials

are the current focus of concern in the CMR technology.

Fig. 9.2 Catalytic partial oxidation of natural gas in an MIEC membrane reactor for syngas

production
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In 1994, Balachandran and coworkers were the first to propose the concept of

combining the partial oxidation of methane with an MIEC membrane for oxygen

separation at elevated temperature [5–7]. A non-perovskite composite oxide with

composition of SrCo0.5FeOx was used in the membrane reactor for the methane

conversion to syngas. The composite oxide was fabricated into tubular membranes

and filled with an Rh-based reforming catalyst. High methane conversion and CO

selectivity were achieved on the CMR. However, the oxygen permeation flux

decreased from 4 to 2 mL cm�2min�1 after 1000 h on-stream [6]. When a

perovskite-type oxide with a composition of SrCo0:8Fe0:2O3�δ was used as mem-

brane, the integrity of the tubular membrane degraded with time, eventually leading

to catastrophic failure [8]. Two types of fractures took place; one occurred at the hot

reaction zone shortly after the introduction of methane into the membrane reactor

and another after a certain reaction period along the axis of the tube. A detailed

investigation disclosed that the first fracture was caused by a strain (or lattice

mismatch) that was created by the great difference in oxygen partial pressure across

the membrane, while the secondary fracture was the consequence of an expansion

of the membrane on the reaction side that arose from the decomposition of the

membrane material under reductive atmosphere.

9.3.2 Membrane Materials

From the pioneering work of Balachandran and coworkers on MIEC CMRs for

methane conversion, it can be seen that the stability of the membrane materials is

one of the important factors determining the safe long-term operation of MIEC

CMRs. The permeation flux of the membrane is another key factor for syngas

production in CMRs, since it determines the membrane area and the costs of the

CMRs. Therefore, membranes with higher stability were used in membrane reac-

tors for partial oxidation of methane to syngas. The successful running of the La0:2
Ba0:8Co0:2Fe0:8O3�δ disk-type membrane reactor for 850 h at 850 �C with a stable

oxygen permeation flux of 4:2 mL cm�2min�1 showed that the concept proposed by

Balachandran and coworkers was feasible [9], although the post-analysis showed

that there were remarkable changes in the crystal structure and elemental compo-

sition of the membrane surface. Shao et al. reported a study on the Ba0:5Sr0:5Co0:8
Fe0:2O3�δ (BSCF) disk-type membrane reactor for methane conversion to syngas

with a 10% Ni loaded LiLaNiO/γ ‐Al2O3 catalyst [10]. The membrane was stable

for methane conversion during the investigated 500 h. High methane conversion

(98.5%), CO selectivity (93.0%), and oxygen permeation flux (

11:5 mL cm�2min�1) were achieved on a 1.5-mm-thick membrane under a steady

state at 850 �C. The membrane reactor was also operated at elevated pressure for

methane conversion, and 92% methane conversion, 90% CO selectivity, and 10:5

mL cm�2min�1 oxygen permeation flux were achieved at 850 �C and 5 atm. H2–

TPR and XRD results showed that the BSCF material was unstable under reductive
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atmosphere and could even be reduced to metals and alkaline earth oxides by

hydrogen at 850 �C. However, its crystal structure could be quickly recovered by

the oxidative atmosphere and showed excellent phase reversibility. This feature

saved the membrane from being destroyed by the reductive gases during the long-

term operation.

9.3.2.1 Co-based Perovskite Membranes with Improved Stability

Industrial-scale chemical processes require stringent safety measures, especially in

the case of oxidation reactions. The risk of explosion of a membrane reactor

induced by the breakage of an MIEC membrane inside the reactor is not acceptable.

Under a reductive atmosphere (like syngas), the membrane material loses part of its

lattice oxygen, and the metal ions are reduced to low valence states, while the other

side of the membrane is exposed to air, and thus less oxygen vacancies and high

oxidation states of metal ions are produced. While the reduction makes the lattice

expand, the oxidation makes it shrink; thus, the great tensile force applied by the

syngas to the air side would lead to the breakage of the membrane. Although the

abovementioned perovskite membrane reactor can safely run with high perfor-

mance up to 1000 h, the damage of the surface structure down to tens of microns

indicates that the membrane materials are not stable enough to avoid breakage

during a long-term operation. Thus, extensive efforts have focused on the improve-

ment of the stability of perovskite membranes by doping less reducible metals ions,

i.e., Al3þ, Ga3þ, Ti4þ, Zr4þ, Ce4þ, Nb5þ, and Ta5þ, in the B site of Co-based

perovskite oxides [11–18].

Tong et al. reported a Zr4þ-doped Co-based perovskite membrane with compo-

sition of BaZr0:2Co0:4Fe0:4O3�δ (BZCF) [14]. While its stability improved signif-

icantly compared to BSCF, its oxygen permeation flux was only half of that of

BSCF. The partial oxidation of methane to syngas was finished within 2200 h

on-stream on the BZCF membrane reactor, with a stable oxygen permeation flux of

5:6 mL cm�2min�1, high methane conversion, and CO selectivity up to 98% at

850 �C. However, post-analysis results revealed that the membrane surface at the

methane side was destroyed at depths of about 100 microns, although its bulk still

maintained the cubic perovskite structure. Li et al. reported a Ce4þ-doped Co-based
perovskite membrane with composition of BaCe0:1Co0:4Fe0:5O3�δ (BCCF)

[16]. The membrane was operated for syngas production for more than 1000 h at

875 �C without any decline and reached a higher oxygen permeation flux up to

9mL cm�2min�1, and methane conversion and CO selectivity were higher than

97%, as shown in Fig. 9.3. The results of the membrane post-analysis showed that

the surfaces at both sides of the membrane became porous after 1000 h on-stream.

However, the porous layer thickness was extremely thinner (< 5 μm) than the

membrane thickness (1.0 mm).

Makoto et al. developed an Nb5þ -doped Co-based perovskite membrane with

composition of BaCo0:7Fe0:2Nb0:1O3�δ (BCFN) [17]. The membrane showed
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oxygen permeation flux higher than 18mL cm�2min�1 at 850 �C when it was filled

with a Ru(2.0wt%)Rh(0.2wt%)/Co0.3Mg0.7O catalyst for the partial oxidation of

methane. During the 160 h on-stream, both methane conversion and CO selectivity

remained constant at 88% and 97%, respectively. A similar material with Nb5þ

replaced by Ta5þ also showed a similar stability and high oxygen permeation flux

(e14 mL cm�2min�1 at 850 �C) for methane conversion [18]. After 400 h on-stream,

the spent membrane was analyzed by SEM/EDS. The results showed that the

membrane surface in contact with the syngas was significantly eroded and large

amounts of small particles enriched with cobalt were observed. Jin and coworkers

found that the addition of Al2O3 or yttria-stabilized zirconia (YSZ) powders in Sr

Fe;Coð ÞO3�δ materials can make the composite membranes stable for the partial

oxidation of methane to syngas [11, 19]. For example, a 3 wt% Al2O3-doped

SrCo0:8Fe0:2O3�δ membrane was successfully operated for methane conversion to

syngas for more than 500 h at 850 �C with an oxygen permeation flux of 2 mL

cm�2min�1 [11]. The dopants (Al2O3 and YSZ) react with SrCo0:8Fe0:2O3�δ to

produce SrAl2O4 and SrZrO3 particles that locate in the grain boundaries, greatly

improving the structural stability through a restricting oxygen-loss mechanism at

low oxygen partial pressure. Then, an optimal composition of 5 wt% SrAl2O4 ‐ 95
wt.% SrCo0.8Fe0.2O3 ‐ δwas used to fabricate membranes for methane conversion to

syngas at 850 �C. After more than 1200 h on-stream, the methane conversion,

hydrogen selectivity, and oxygen permeation flux remained at about 75%, 91%,

and 8 mL cm�2min�1, respectively [20].

The stability of perovskite membrane materials under reductive atmosphere can

also be improved by reducing the doping amount of the cobalt element in the B site.

A study on the Sm0:4Ba0:6Fe0:8Co0:2O3�δ disk-type membrane reactor for methane

conversion to syngas showed that the surface microstructure of both sides of the

Fig. 9.3 Life experiment of BaCe0:1Co0:4Fe0:5O3�δ membrane reactor for 1000 h. Air flow rate,

250 ml/min; CH4 flow rate, 20 ml/min; thickness of the membrane, 1 mm; temperature, 875oC

(Reproduced from Ref. [16] with permission of Elsevier)
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membrane was extensively changed after a period of on-stream [21]. Diethelm et al.

prepared La0:6Ca0:4Fe0:75Co0:25O3�δ tubular membranes with a thickness of 0.5 mm

[22]. A 1400 on-stream methane conversion to syngas was performed at 900 �C.
The oxygen flux gradually reached 3.2 mL cm�2min�1 as the methane content

gradually increased from 10 to 30% but then decreased to a stable value of 2.4 mL

cm�2min�1 as the methane content increased from 30 to 100%. The methane

conversion and the CO selectivity exceeded 95% and 90%, respectively. Post-

analysis results revealed that severe kinetic demixing and decomposition occurred

in the membrane bulk at depths of hundreds of microns.

Cobalt-based perovskite membranes usually possess high oxygen permeability

since the low Co–O band energy and easily changeable valence state result in high

oxygen ionic diffusion and fast oxygen exchange kinetics. However, these charac-

teristics are also the source of their low stability under reductive atmosphere. In

view of the fact that the stability (or safety) of a membrane reactor is the most

important factor concerning the practical applications of CMRs, ideal membranes

should have high structural stability under reductive atmosphere and considerable

oxygen permeability.

9.3.2.2 Co-free Perovskite Membranes

Cobalt-free perovskite membranes were proposed by researchers to improve the

structure stability under reductive environment. Sr and Fe, Co and Ni co-doped

LaGaO3 perovskite membranes were reported by Ishihara and coworkers

[23]. Among Fe, Co, and Ni, the Fe-doped La0:8Sr0:2Ga1�xFexO3�δ materials

showed higher stability under reductive environment than Co- and Ni-doped mate-

rials. The optimal composition La0:8Sr0:2Ga0:6Fe0:4O3�δ was employed for methane

conversion to syngas, and an oxygen permeation flux higher than that of La0:6Sr0:4
Co0:2Fe0:8O3�δ was achieved in the temperature range of 700–1000 �C. A La0:7
Sr0:3Ga0:6Fe0:4O3�δ membrane with a thickness of 0.5 mm coated with La0:6Sr0:4
CoO3�δ at the air side was used to construct a membrane reactor for methane

conversion [24]. The modification of the other surface with nickel and ruthenium

catalysts led to the best performance. An oxygen permeation rate of 8mL cm�2

min�1 at 1000 �C was achieved together with 37% methane conversion and 100%

CO selectivity. However, no data showing the membrane structure after the reac-

tion. In another research, the stability of La0:9Sr0:1Ga0:1Fe0:9O3�δ and La0:6Sr0:4
Ga0:1Fe0:9O3�δ was investigated by treating these materials with 3 vol% CH4–Ar at

900 �C for 24 h [25]. All the LaGaO3-based perovskite oxides were decomposed

into several compounds (SrLaGaO4, SrLaGa3O7, and La(OH)3), and their stability

decreased with the increase of Fe content. The La0:5Sr0:5Ga0:3Fe0:7O3�δ perovskite

oxide was found to be unstable under a reductive atmosphere of 5 vol% H2–Ar at

900 �C. A similar composition of La0:5Sr0:5Ga0:2Fe0:8O3�δ perovskite oxide was

reported to be decomposed at 860 �C under a syngas environment with an oxygen

partial pressure of about 10�17 atm [26]. The tolerance factors of LaGaO3-based
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perovskite oxides are all smaller than 1 (0.94 ~ 0.97 for La1�ySryGa1�xFexO3�δ ).

Under a reductive environment, the reduction of iron from þ4=þ 3 to þ3=þ 2

could further decrease such tolerance factors, thus resulting in the decomposition of

the perovskite phase into SrLaGaO4, SrLaGa3O7, and FeOx. It was found that the

volatilization of Ga under a reductive atmosphere (such as H2 � 1:2% H2O at

900 �C), through formation of Ga2O gas, was accelerated by the addition of Sr to

the La sites [27]. A large amount of Ga depletion caused the formation of secondary

phases such as La2O3 and LaSrGaO4. Long-term annealing under reductive envi-

ronment resulted in the whole surface of the LaGaO3-based perovskite oxides being

enriched with La2O3-related phases. Figure 9.4 gives a schematic view of the

change of Ga concentration in the LSGM electrolyte near the surface under a

reducing atmosphere at high temperatures.

BaFeO3�δ perovskite oxide has attracted the attention of researchers because it

maintains the perovskite structure at oxygen partial pressures even down to 10�17

atm at 827 �C [28]. Doping larger metallic ions, such as Ce4þ, Zr4þ, Y3þ, and La3þ,
can stabilize the cubic structure down to room temperature [29–32]. BaCexFe1�x

O3�δ (x ¼ 0:05, 0.10, 0.15) sustained its cubic perovskite structure after treatment

Fig. 9.4 Schematic view of the transition of LSGM electrolyte near the surface with Ga concen-

tration in a high reducing atmosphere at a high temperature (Reproduced from Ref. [27] with

permission of Elsevier)
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with 10% H2–Ar gas at 900
�C for 1 h [29]. The membrane showed high oxygen

permeation flux up to 1:0 mL cm�2min�1 through a 1-mm-thick disk at 950 �C and

under an oxygen partial pressure gradient of air/He. Similar stability and perme-

ability were found for the BaYxFe1�xO3�δ x ¼ 0:05, 0:10, 0:20ð Þ membranes

[31]. As the BaFeO3�δ-based membranes were fabricated into membrane reactors

for methane conversion to syngas, an oxygen permeation flux of

4:2mL cm�2min�1 was achieved through a 1.0-mm-thick membrane at 850 �C,
accompanied by methane conversion and CO selectivity greater than 96%

[33]. Post-analysis of the spent membrane indicated that both sides of the mem-

brane surface remained dense, in contrast with the porous structure of the cobalt-

based perovskite membranes. The changes of the membrane microstructure were

deep to several microns on both sides. A La3þ - and Zn2þ -doped BaFeO3�δ

perovskite membrane (1.0 mm in thickness) with composition of La0:4Ba0:6Zn0:2

Fe0:8O3�δ showed an oxygen permeation flux of 3:8 mL cm�2min�1 at 900 �C for

methane conversion to syngas with 95–100% methane conversion and CO selec-

tivity [34]. After a 500 h on-stream, the XRD patterns showed no change of the

perovskite structure, although microstructure changes on the membrane surfaces

were inevitable.

Al-doped SrFeO3�δ perovskite oxide, SrFe0:7Al0:3O3�δ, has high structural

stability and can retain its perovskite structure even if annealed under a H2–H2O–

N2 atmosphere at elevated temperature, as shown in Fig. 9.5a [35]. However, after

215 h on-stream for methane conversion to syngas in the membrane reactor, a

significant microstructure change was observed. The corresponding SEM images

are shown in Fig. 9.5b. The magnified micrographs of selected zones, marked by

numbers, are given below the cross section. The depth of the surface layers with

clearly visible microstructural changes extends up to 120–150 μm. This investiga-

tion reveals that the high stability of membrane materials under reductive atmo-

sphere is not sufficient to make the membrane reactor safe and that the structural

stability under a great oxygen chemical potential gradient is also important.

Table 9.1 lists the performance of typical perovskite membranes reported in the

literature for the partial oxidation of methane.

9.3.2.3 Degradation Mechanism of Perovskite Membranes for Methane

Conversion

From the above experiments, it is evident that the operation models have great

influence on the stability of membrane materials. Upon treatment of a membrane

material with a reductive gas, a homogeneous atmosphere surrounds the material,

and a new balance between material and atmosphere can build up in a short period.

However, when the same material is fabricated into a membrane for methane

conversion, the material is under a great oxygen chemical potential gradient,

which can continuously drive not only oxygen ions but also cations from one side

to the other. Therefore, it is this oxygen chemical potential gradient that is
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responsible for the decomposition of perovskite materials. The formation of differ-

ent microstructures at different depths is a typical reflection of kinetic demixing of

composite oxides under a certain oxygen chemical potential gradient. The kinetic

demixing phenomenon may lead to a time-dependent degradation of the membrane

performance, particularly concerning the integrity of ceramic membranes. van

Doorn et al. used the XPS technique to characterize the spent membrane and treated

powder and observed that elemental enrichment occurred on the La0:3Sr0:7CoO3�δ

membrane surface as long as there was an oxygen partial pressure gradient across

the membrane [51]. However, no elemental enrichment took place on the La0:3Sr0:7
CoO3�δ particles surface whenever the powder was treated by flowing air or

nitrogen for several days. This experimental result can well explain the phenomena

observed on the SrFe0:7Al0:3O3�δ and BaCe0:15Fe0:85O3�δ membranes. In an MIEC

membrane reactor for methane conversion, in addition to the damage action applied

to the membrane structure by strong reductive gases, i.e., H2 and CO, the

by-products, i.e., CO2 and H2O, can also significantly speed up the decomposition

of the perovskite structure. The microstructure at the air side of a membrane is

always found to be severely destroyed after the methane conversion to syngas

experiment. However, since no corrosive gases, like H2, CO, CO2, and H2O, are

present at the air side, it can be concluded that the changes observed are not related

to the above gases but to the oxygen chemical potential gradient.

Fig. 9.5 (a) XRD patterns of SrFe0:7Al0:3O3�δ ceramics equilibrated at low temperatures in air

and annealed at reduced oxygen pressures and the permeate side surface of SrFe0:7Al0:3O3�δ

membrane after operation under air/CH4 gradient at 1123–1223 K for 140 h. (b) Cross section of

SrFe0:7Al0:3O3�δ membrane after operation under air/CH4 gradient at 1023–1223 K for 215 h

(Reproduced from Ref. [35] with permission of Elsevier)
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The stability of perovskite structures can be evaluated by the formation free

energy of perovskite oxides, which is predominately determined by the stabilization

energy of the BO6 octahedron and slightly affected by the A-site ions. B-site ions

with high valence state and small ionic radius usually provide high stabilization

energy of the BO6 octahedron, for instance, the ZrO6 octahedron. Thus, BaZrO3

perovskite oxide is stable even under CO2 and strong reductive atmosphere. For

ABO3 perovskite, the A-site ions are usually alkaline earth and/or rare earth

elements with larger ionic radii and lower valence states, while the B-site ions are

usually transition elements in the fourth period with variable valence states under

reductive and oxidative atmospheres. These two kinds of metallic ions have very

different physiochemical properties, for instance, metallic ion diffusion kinetics

and bonding energy to oxygen. As MIEC membranes are operated under a certain

oxygen chemical gradient, except for the diffusion of oxygen ions in the membrane

bulk, all metallic ions are transported from the low oxygen partial pressure side to

the high oxygen partial pressure side due to a difference in free energy, as illustrated

by Fig. 9.6. Of course, the diffusion rate of metallic ions is extremely slow

compared to that of oxygen ions. The free energy difference across the membrane

for certain cations can be described as

ΔG ¼ ΔGII
Mnþ PO2, lowð Þ � ΔGI

Mnþ PO2, high

� � ð9:3Þ

Since different cations have various diffusion rates in the membrane bulk, kinetic

demixing inevitably takes place (see Chap. 3). Usually, smaller cations with lower

valence states (such as Liþ) have high diffusion coefficients, while bigger cations

with higher valence states (such as Zr4þ ) have low diffusion coefficients. The

diffusion coefficients of cations are also determined by the solid crystalline, ele-

mental composition, stoichiometric ratio, microstructure, etc. Figure 9.7 gives the

temperature-dependent cationic diffusion coefficients in perovskite materials [52–

57]. As shown in the figure, the diffusion coefficients of cations in the grain

boundaries is 3 ~ 6 orders higher than those in the lattices. MIEC membrane

materials are made of 2 ~ 5 metallic elements; thus, fast cations will be enriched

Fig. 9.6 Transport of cations under an oxygen chemical potential
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on the membrane surface exposed to high oxygen partial pressure; meanwhile slow

cations will be left on the surface exposed to low oxygen partial pressure. If one

type of cation has a significantly high diffusion coefficient, a visible kinetic

demixing will be observed.

From the above analysis, it is easy to understand why perovskite oxides that are

stable under reductive atmosphere are unstable for methane conversion to syngas.

Accordingly, the kinetic demixing of the perovskite-type membranes is inevitable,

especially under a high oxygen chemical potential gradient. To suppress the kinetic

demixing, five approaches may work:

1. Introducing a small amount of secondary phase to inhibit the movement of grain

boundaries

2. Doping low-mobility cations in the perovskite lattice to hamper cation migration

3. Increasing the relative density of ceramic membranes to avoid the fast surface

diffusion of cations in the inner surfaces of the membranes

4. Preparing membranes with elemental compositional gradients to compensate the

driving force for cations transport under oxygen chemical potential gradients

5. Selecting cations with close diffusion coefficients in the resultant perovskite

lattice

Additionally, two approaches could be employed to improve the operational

conditions:

Fig. 9.7 Temperature-dependent cationic diffusion coefficients in perovskite materials. Solid-

state reaction, (i) Co in LaCoO3, (ii) Fe in LaFeO3; impurity diffusion: (iii) Pr in LaCoO3, (iv) Co
in La0:8Sr0:2FeO3�δ and Fe in La0:8Sr0:2CoO3�δ, (v) La and Mn in Ba0:5Sr0:5Co0:8Fe0:2O3�δ

(Reproduced from Ref. [57] – Published by the PCCP Owner Societies)
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1. Decreasing the operation temperature of membranes since the diffusion activa-

tion energy for cations is much higher than that of oxygen ions

2. Decreasing the oxygen chemical potential gradient of the membrane exposed by

improving the design of membrane reactors

Chen et al. reported a two-stage membrane reactor for methane conversion to

syngas, as shown in Fig. 9.8 [58]. In the reactor, a part of methane is converted

into CO2 and H2O by reaction with the oxygen permeated through the membrane

from the air; subsequently, the resultant mixture is transferred to a catalyst bed

where the remaining methane is reformed to syngas. Unlike the traditional mem-

brane reactors filled with catalysts in the membrane separation zone, the two-stage

reactor has less stringent requirements for the stability of membrane materials. The

combustion reaction takes place in the membrane zone with a thermodynamic

equilibrium at an oxygen partial pressure of 10�13–10�14 atm. However, in reality

the reaction does not reach the equilibrium state, and a small amount of oxygen can

be detected in the effluent. Therefore, the membrane in the two-stage reactor is

under much lower oxygen chemical gradient than that in the traditional one.

After a comprehensive survey of the well-known oxygen ionic conducting

oxides, it was deduced that fluorite-type ionic conducting oxides, especially YSZ

and ceria-based ionic conductors, are good candidates for the preparation of high

stable membranes with slow kinetic demixing. Four reasons led to this conclusion:

1. The metallic ions involved in the structure have low diffusion coefficients.

2. These ionic conductors have high ionic conductivity.

3. They are stable under a reductive atmosphere.

4. There is only one type of lattice site for the cations, and these cations have

similar diffusion coefficients.

However, these oxides are almost pure ionic conductors in oxidation environments,

and the electronic transfer number is far lower than the ionic transfer number under

Fig. 9.8 Schematic diagrams of two-stage oxygen-permeable membrane reactor for syngas

production. (a) The chemical conversions in different areas of the membrane reactor. (b) The
construction and dimensions of the reactor (Reproduced from Ref. [58] with permission of Wiley)
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reductive atmosphere. Thus, to turn them into MIEC membranes, a secondary phase

with high electronic conductivity should be incorporated to form dual-phase type

membranes.

9.3.2.4 Dual-Phase Membranes

Dual-phase membranes are suggested as good alternatives with compositions that

can be adjusted according to practical requirements. One phase is usually an oxygen

ionic conductor, such as Sm2O3-doped CeO2(SDC), for oxygen ionic transport, and

the other is a noble metal or a perovskite oxide for electronic transport (see

Chap. 7). Traditional dual-phase membranes are cermet and made of a noble

metal (Ag, Au, Pd, Pt, etc.) and an oxygen ionic conductor. This type of dual-

phase membrane is not suitable for practical applications because of its high cost

and poor permeability. The cost can be reduced by replacing the noble metals with

pure electronic conducting perovskite or spinel oxides, such as La1 –xSrxMnO3, La1–

x(Sr, Ca)xCrO3 and Mn3�xCoxð ÞO4, that have high electronic conductivity under

typical operational conditions. However, the permeability is far lower than that of

perovskite membranes.

Our group proposed a new kind of dual-phase membranes made of mixed

electronic conducting perovskite oxides and ionic conducting fluorite oxides. We

proposed a design strategy to select each phase of this new type of dual-phase

membranes by considering three important factors, i.e., ionic conductivity, stabil-

ity, and chemical compatibility. The detailed elaboration of this method is shown in

Chap. 7. The optimal dual-phase membranes composed of 75 wt:%Ce0:85Sm0:15

�25 wt:%Sm0:6Sr0:4AlxFe1�xO3�δ (SDC–SSAF) showed an oxygen permeation

flux one order higher than that of traditional ones. These dual-phase membranes

were applied for methane conversion to syngas. Figure 9.9 shows the typical long-

term on-stream data of a dual-phase membrane reactor [59]. After 1100-h operation

at 950 �C, the experiment was deliberately stopped. During the whole on-stream,

the oxygen permeation flux reached 4:2mL cm�2min�1, methane conversion and

CO selectivity were >98%, and the H2/CO ratio remained around 2. Post-analysis

of the spent membrane indicated that the surface phase structures of the dual-phase

membrane were not destroyed under syngas production conditions. Figure 9.10

shows the SEM images of the as-prepared and spent membranes. The dual-phase

membranes comprise two types of grains, i.e., the white and big SDC grains and the

black and small SSAF grains (Fig. 9.10a). The big SDC grains pack compactly

together, while the small SSAF grains fill the interspaces between the SDC grains.

This type of structure allows easy percolation of the two phases. Therefore, it is

expected that a lower amount of mixed conducting phase would be required to

realize an electronic path through dual-phase membranes. As shown in Fig. 9.10c,

d, both sides of the membrane retained a dense structure after 1100 h on-stream for

syngas production. In addition, no difference in morphology between cross sections

(the one close to the air side and the one close to the methane side) of the spent and
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as-prepared membranes was observed. No delamination and elemental enrichment

were observed on the cross section of each side, as shown in Fig. 9.10c, d. This

result confirms the good stability of the SDC–SSAF membrane used as a membrane

reactor for syngas application.

As stated above, MIEC perovskite membranes do not usually retain their struc-

ture under syngas generation conditions. The atomic ratio between alkaline earth

and total metal ions is usually greater than 20% and sometimes up to 50%. Thus,

carbonates are easily formed on the perovskite membrane surface as the membrane

is exposed to an atmosphere containing CO2. The unstable phase structure under

reductive atmosphere can be attributed to the high content of reducible metallic ions

in the B site. To obtain high oxygen permeability, mixed conducting perovskite

membranes usually have a high atomic ratio of reducible to total metal ions. The

value is often greater than 30% and up to 50% for materials with high permeability.

However, for SDC–SSAF, the situation is different. This dual-phase membrane

material contains low amounts of both alkaline earth (6.7%) and reducible metal

ions (11.7%). Thus, this composition makes it a highly stable membrane material.

Furthermore, the metal elements affect the material stability, especially the choice

of B-site ions for the mixed conducting perovskite phase. Iron is optimal for the B

site among all the light transition elements. Metal ions such as cobalt, nickel, and

copper are easily reduced under reducing environments and thus are not suitable for

the B sites. In addition, aluminum substitution of iron in B sites can increase the

metal–oxygen bond energy and improve the stability under reductive environments.

The microstructure of dual-phase membranes can easily inhibit the kinetic

demixing of the perovskite oxides under great oxygen chemical potential gradients.

The membrane comprises two phases, the fluorite phase of SDC and the perovskite

phase of SSAF. Decomposition of the two phases is limited by their mutual

Fig. 9.9 The typical long-term on-stream of the dual-phase membrane reactor for syngas pro-

duction (Reproduced from Ref. [59] with permission of Elsevier)
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isolation, so that cationic diffusion in the membrane bulk is difficult. For example,

it is not easy for strontium in a perovskite grain to reach another perovskite grain if

a fluorite grain is present between the two SSAF grains, since the strontium element

has a high solution energy in a ceria lattice when Sr2þ passes through SDC grains.

Material creep under elevated temperatures is also restrained by the dual-phase

structure. Another advantage makes ceria-based dual-phase membranes very suit-

able for large-scale use., i.e., an accurate ratio between all metal ions is not needed

during the preparation of these dual-phase membranes, because a slight excess or

deficit of metal ions can be automatically compensated by the system or has little

effect on the physical properties (such as permeability, sintering temperature,

mechanical strength, thermal expansion, etc.) of the membranes. For example, if

there is a little deficiency of Sr2þ in SSAF, some of the Sm3þ ions can move from

SDC into the SSAF; if there is a little excess of Sm3þ in SSAF, some of the Sm3þ

Fig. 9.10 SEM images of the as-prepared (a and b) and used membranes (c and d). Top view of

as-prepared membrane (a), cross section of as-prepared membrane (b), cross section of the

reaction side of the used membrane (c), and cross section of the air side of the used membrane

(d) (Reproduced from Ref. [59] with permission of Elsevier)
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ions can transfer from SSAF into the SDC. A one-pot method was used to synthe-

size SDC–SSAF, and therefore the above adjustments occur during the powder

preparation process. These membrane materials can successfully be synthesized by

a one-pot method, also allowing to verify whether the two phases with different

structure are compatible with each other, which also directly supports a long-term

stable operation without degradation.

Recently, we found that the oxygen permeation flux of a dual-phase membrane

can be further improved for the production of syngas in a membrane reactor by

enhancing the electronic conductivity under intermediate–low oxygen partial pres-

sures. The oxygen chemical potential decreases continuously across a mixed ionic–

electronic conducting membrane as one side is fed with air and the other with

methane for syngas production, as shown in Fig. 9.11. Therefore, at a certain

position in the membrane bulk, the oxygen chemical potential is intermediate–

low, usually corresponding to an oxygen partial pressure of 10�10 � 10�15 atm. For

example, for La1�xSrxFeO3�δ [60–62] and La1�xSrxM1�yFeyO3�δ (M ¼ Al, Ti, Cr,

etc.) [63–67], the total conductivity of these perovskite materials is predominantly

p-type electronic conduction in a high oxygen partial pressure regime (> 10�10 atm)

and n-type electronic in a very low oxygen partial pressure regime (< 10�15 atm). In

the intermediate–low oxygen partial pressure range, usually 10�10–10�15 atm, a

minimum value appears. At this point, oxygen ionic conduction dominates, and the

contributions of p-type and n-type electronic transport are low and comparable.

Therefore, although an MIEC membrane has high electronic conductivities under

both oxidizing and strong reducing atmosphere, its oxygen permeation may still be

limited by the low electronic conductivity in zone II, as shown in Fig. 9.11. It is

possible to improve the electronic conductivity in zone II by changing the chemical

composition of the MIEC phase in ceria-based dual-phase membranes. Cr-based

perovskite oxides exhibit high electronic conductivity in the oxygen partial pressure

range of 0:21� 10�21 atm. Therefore, a combination of the transition metal Cr and

Fe on the B site of perovskites may produce considerable ionic conductivity and

high electronic conductivity at intermediate–low oxygen partial pressures. A new

ceria-based dual-phase membrane composed of 75 wt% Ce0:85Sm0:15O1:925 � 25

Fig. 9.11 Schematic

illustration of oxygen

chemical potential drop and

conductivity change across

an MIEC membrane in the

POM reactor, where

L represents the thickness of

membrane
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wt:% Sm0:6Sr0:4Cr0:3Fe0:7O3�δ (SDC–SSCF) was designed to prove the above idea

[68]. The conductivity of this new dual-phase membrane was higher than SDC–

SSAF under various oxygen partial pressures, especially under the oxygen partial

pressure range of 10�2 � 10�15 atm, as shown in Fig. 9.12. Its oxygen permeation

flux reached 7:6 mL cm�2min�1 in the POM reactor at 950 �C, and the flux was

about 1.8 times that of SDC–SSAF under the same conditions, although the oxygen

permeation flux of SDC–SSCF was lower than that of SDC–SSAF under an oxygen

partial pressure gradient of 0.21 atm/0.005 atm. This result indicates that the

improvement of electronic conductivity in the intermediate–low oxygen partial

pressure range is effective to improve the oxygen permeation flux of dual-phase

membranes for POM reaction. In addition, over a period of 220 h, >95% methane

conversion and >98% CO selectivity were retained at 950 �C. The SEM and EDS

results confirm the good stability of SDC–SSCF as a membrane reactor for syngas

production. And the performance of the SDC–SSCF membrane could be further

improved by reducing its thickness, for example, by fabricating asymmetric mem-

branes via tape casting or other techniques.

Table 9.2 lists the performance of dual-phase membranes reported in literatures

for the partial oxidation of methane.

9.3.3 Activation of the POM Reaction in MIEC Membrane
Reactors

Activation processes were reported during the initial stage of the partial oxidation

of methane to syngas in membrane reactors as indicated by a suddenly significant

increase in oxygen permeation flux and CO selectivity, as shown in Fig. 9.13. At the

beginning of the membrane reaction, the Ni-based catalyst is gradually reduced

from its oxidation state to Ni0 nanoparticles dispersed on a γ ‐Al2O3 support

Fig. 9.12 Dependence of the total conductivities on oxygen partial pressure for different samples

at 950 �C (Ref. [68])
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[10]. However, Ni0 is difficult to form due to the low reaction activity of methane,

and the main products are CO2 and water at this stage; thus, the oxygen permeation

flux, methane conversion, and CO selectivity are low and increase slowly. How-

ever, with the increase of Ni0, the activity of the catalyst gradually increases. As

long as enough Ni0 is produced, the methane conversion and CO selectivity quickly

increase and produce large amounts of CO and hydrogen that in turn speed up the

activation/reduction of the catalyst. Finally, the self-catalysis process results in a

sudden increase in oxygen permeation flux, methane conversion, and CO selectiv-

ity. Different activation processes were found on different MIEC membranes.

When different membrane reactors were filled with the same catalyst and operated

at the same temperature, different activation periods were observed. Tong et al.

found that the unsteady-state period of the activation process of the BZCF mem-

brane reactor for methane conversion was only 2 h at 850 �C, which is much shorter

than that of the BSCF membrane reactor [14]. Li et al. reported a 6-h period

activation process for the BaCe0:1Co0:4Fe0:5O3�δ membrane reactor at 875 �C,
and the activation process could be shortened to 35 min by increasing the operation

temperature to 950 �C [16]. Zhu et al. almost did not observe the activation process

(less than 20 min) on the BaCe0.15Fe0.85O3 ‐ δ membrane reactor at 850 �C [33].

The large difference in the activation times of different MIEC membrane

reactors may result from their different stabilities under CO2 atmosphere. At the

initial stage of the membrane reaction, the main product at the methane side is CO2,

which can react with membrane materials and destroy the perovskite structure.

Frequently, a dense layer of carbonate is formed on the membrane surface. How-

ever, the partial pressure of CO2 gradually decreases with the increase of Ni-based

catalyst activity, and as a result, a porous layer is formed through the decomposition

of the carbonate. Thus, it is clear that a membrane with higher stability under CO2

atmosphere or operated at higher temperature undergoes a shorter activation

Fig. 9.13 Time dependence of methane conversion, CO selectivity, CO2 selectivity, tail gas flow

rate, and oxygen permeation flux at the catalyst activation stage at 850 �C (Reproduced from Ref.

[10] with permission of Elsevier)
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process for the partial oxidation of methane to syngas. With the doping of high

valence cations and decrease of cobalt content in the B site, the stability of the

MIEC membranes under CO2 atmosphere can be gradually improved, and conse-

quently the activation period gradually shortened from 20 h to tens of minutes. The

SDC–SSAF dual-phase membrane could retain its crystalline structure and oxygen

permeation flux even under a pure CO2 atmosphere [77], so no activation period

was observed when the membrane was employed for methane conversion. Simi-

larly, the Pr0:9La0:1ð Þ2 Ni0:74Cu0:21Ga0:05ð ÞO4þδ PLNCGð Þmembrane reactor, which

was found to be stable under CO2 atmosphere, immediately reached its steady state

for methane conversion to syngas at 900 �C [78, 79].

It can be inferred from the above discussion that the formation of a porous layer

on the membrane surface at the methane side may terminate as long as the

membrane reaction system reaches its steady state. The thickness of the porous

layer may not change remarkably with the prolongation of the on-stream. However,

no experiment that verifies this deduction was reported up to now. For CO2-tolerant

dual-phase membranes, no carbonate is formed on the membrane surface; thus, no

porous layer is formed after the long-term on-stream. Of course, the decomposition

of the crystalline structure by reduction of H2, CO, and CH4 is also an important

source for the formation of a porous layer, but it is not the primary cause of the

appearance of the activation period. Furthermore, no activation period was reported

in the literature when methane was replaced by hydrogen as the feeding gas to the

cobalt-based perovskite membranes. As discussed above, the activation period may

not appear if the membrane is stable under CO2 atmosphere. Therefore, the step of

catalyst activation (reduction of a Ni-based catalyst to Ni0) has a weak influence on

the activation period of the MIEC membrane reactors for methane conversion.

The oxygen permeation flux through the MIEC membrane reactors for methane

conversion does not increase with the decrease of membrane thickness for many

membranes, even though they are thicker than the characteristic thickness deter-

mined under an oxygen partial pressure gradient of air/inert gas. The characteristic

thickness of a BSCF membrane is around 0.5 mm for oxygen permeation, and the

oxygen permeation flux of the membrane increases almost linearly with the

decrease of the thickness, when it is thicker than 1.0 mm. For example, at 900 �C
the oxygen permeation flux of the BSCF tubular membrane increases from 1:53

mL cm�2min�1 at a thickness of 1:70 mm to 2:20 mL cm�2min�1 at a thickness of

1.18 mm. However, when the membranes were employed for methane conversion

to syngas, they both exhibited the same oxygen permeation flux [38]. Wang and

coworkers found that the oxygen permeation flux during the methane conversion to

syngas for the BaCo0:7Fe0:2Ta0:1O3�δ membrane remained almost constant as the

thickness was reduced from 1.6 to 0.8 mm, as shown in Fig. 9.14 [18]. The

membrane reactors operated under similar conditions afforded similar methane

conversion and CO selectivity. In their subsequent work on the BaCo0:7Fe0:2Ta0:1
O3�δ hollow fiber membrane reactor, although the membrane thickness was

decreased to about 0.2 mm, the oxygen permeation flux was still similar to the
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above disk-type membranes [80]. These results indicate that the limiting step of the

oxygen permeation is the surface exchange under the membrane reactor conditions.

However, for cobalt-free membrane reactors, their oxygen permeation fluxes

increase with the reduction of membrane thickness. Zhu et al. found that at 850 �C
the oxygen permeation flux of the BaCe0:15Fe0:85O3�δ membrane reactor increases

from 3:0mL cm�2min�1 at a thickness of 1.5 mm to 4:2mL cm�2min�1 at a

thickness of 1.0 mm [33]. Hong et al. reported that at 900 �C the oxygen permeation

flux of La0:4Ba0:6Zn0:2Fe0:8O3�δ reached 3:8 mL cm�2min�1 at a thickness of

1.0 mm and it was improved to 8:0 mL cm�2min�1 at a thickness of 0.5 mm

[34]. Takahashi et al. developed a La0:6Sr0:4Ti0:3Fe0:7O3�δ membrane for the

conversion of methane to syngas and found that the oxygen permeation flux through

the membrane increased linearly in proportion to the reciprocal of membrane

thickness as the thickness was decreased from 0.5 mm ( e2 mL cm�2min�1 at

900 �C) to 0.1 mm (e10mL cm�2min�1 at 900 �C) [81]. All these data show that

the oxygen permeation through the cobalt-free membrane is controlled by bulk

diffusion not by surface exchange. Therefore, the question arises as to why the

oxygen permeation through the cobalt-based membranes is controlled by surface

exchange, while that through cobalt-free membranes is controlled by bulk diffusion

as they are all employed for the methane conversion to syngas reaction?

A common phenomenon occurring on cobalt-based membranes is the formation

of a porous layer with thickness up to 100 microns after a period of methane

conversion to syngas. Accordingly, the formation of the porous layer is the result

of forming–decomposing of carbonates and the decomposition of perovskite

Fig. 9.14 Dependence of oxygen permeation flux on time for the BaCo0:7Fe0:2Ta0:1O3�δ mem-

brane with different thicknesses at 900 �C. Experimental conditions: air ¼ 200 ml=min, 43% He

diluted methane ¼ 50 ml=min, and membrane thicknesses¼ 0.8 mm, 1.2 mm, and 1.6 mm

(Reproduced from Ref. [18] with permission of Elsevier)
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structure by reductive gases. Usually, the porous layer is made of carbonates,

simple oxides, metal cobalt, hydroxides, etc.; obviously these compounds have

low catalytic activation toward either oxygen evolution or partial oxidation reac-

tions. Therefore, exchange resistance on the gas–solid interface is large. Although

porous layers are also found on cobalt-free membranes, their thicknesses are lower

than several microns. Sometimes, for very stable membranes, such as the SDC–

SSAF dual-phase membrane, no porous layer is observed on the membrane surface

[59]. Thus, a lower interfacial exchange resistance occurs on the cobalt-free

membranes. From the above analysis, it can be expected that the oxygen perme-

ation flux of the cobalt-free membranes can be significantly improved by fabricat-

ing them into asymmetric structures with a thin dense layer for the conversion of

methane to syngas, and it may reach higher oxygen permeation fluxes than those

achieved through cobalt-based perovskite membranes for methane conversion. In

view of this, the stable cobalt-free membranes are promising for the construction of

membrane reactors for practical applications of methane conversion.

9.3.4 Mechanic Stability

It is interesting to note that some membranes more stable than BSCF and BCFN,

such as La0:6Sr0:4Co0:2Fe0:8O3�δ and La0:8Sr0:2Co0:1Fe0:8Cr0:1O3�δ, cannot retain

their structure during the on-stream methane conversion to syngas. Jin et al.

reported that in most of their syngas production experiments using tubular La0:6
Sr0:4Co0:2Fe0:8O3�δ membrane reactors, the membrane broke apart after that meth-

ane was introduced in the tube side (air flowing through the shell side) at high

temperatures for about 3–7 h [36]. Bouwmeester reported that when the La0:8Sr0:2
Co0:1Fe0:8Cr0:1O3�δ membrane was used as membrane reactor for the conversion of

methane to syngas, it cracked after on-stream for 350 h at 900 �C [82].

When an MIEC membrane is embedded in a reactor for methane conversion to

syngas, one of its sides is exposed to air and another to a strongly reductive

atmosphere (oxygen partial pressure down to 10�21 atm). The reduction-induced

expansion at the syngas side and oxidation-induced contraction at the air side are

inevitable. Thus, tensile and compressive stresses build up at the air and syngas

side, respectively. Hendriksen et al. reported a detailed investigation on the

mechanic stability of MIEC membranes for syngas production [83]. Figure 9.15

shows the calculated maximum tensile stress in a syngas membrane composed of

La0:6Sr0:4Co0:2Fe0:8O3�δ as a function of membrane thickness under two different

assumptions of electrode kinetics. The calculation is based on the conditions that

the oxygen partial pressures at the syngas and air side are 10�19 and 0.2 atm,

respectively, and the operation temperature is 800 �C. As shown in Fig. 9.15, the

stress value rises with the increase of membrane thickness. This result reveals that a

greater oxygen partial pressure difference could build across a thicker membrane

and consequently lead to the significant difference in local lattice expansion and
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mechanical stresses. If the interfacial oxygen exchange kinetics at the air side are

faster than those at the syngas side, the maximum tensile stresses are much higher

than in the case of the two sides having equal exchange resistances. As shown in

Fig. 9.16, the maximum tensile stress is located close to the air side surface, and it is

Fig. 9.15 Calculated pO2
� , strain, and stress profiles across a La0:6Sr0:4Co0:2Fe0:8O3�δ membrane

exposed to a pO2
of 10�19 atm at the syngas side and a pO2

of 0.2 atm on the air side (T ¼ 800oC).

The following values of the parameters were assumed: ran ¼ 0:8 cm2, rcat ¼ 0:4 cm2, E ¼ 100

GPa, and ν ¼ 0:30 (Reproduced from Ref. [83] with permission of Elsevier)

Fig. 9.16 Calculated maximum tensile stress in a syngas membrane of La0:6Sr0:4Co0:2Fe0:8O3�δ

under “base case” conditions as a function of membrane thickness under two different assumptions

of the electrode kinetics (Reproduced from Ref. [83] with permission of Elsevier)
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proportional to the difference between overall expansion and local lattice expansion

[83]. The improvement of the interfacial oxygen exchange kinetics could enlarge

the maximum tensile stress, since the oxygen partial pressure difference between

the two surfaces would be raised, consequently leading to the increase of difference

in local lattice expansion. However, the tensile stress can be gradually released

through plastic deformation if the membrane materials have high creep rate.

It is interesting to note that MIEC membranes can protect themselves through

phase decomposition to decrease the interfacial oxygen exchange kinetics and

through plastic deformation to release the tensile stress. BSCF is a typical example

of a membrane that protects itself from breakage by forming porous layers with

slow interfacial oxygen exchange kinetics on both sides and releasing the tensile

stress through plastic deformation. However, if a membrane is stable and difficult to

be decomposed under the membrane reaction conditions, and if the membrane

material has low creep rate, then the great tensile stress could break the membrane.

Obviously, La0:6Sr0:4Co0:2Fe0:8O3�δ and La0:8Sr0:2Co0:1Fe0:8Cr0:1O3�δ are typical

examples of this situation. It can be inferred from the above discussion that from the

point of view of membrane configuration, the tubular shape is preferred with air

flowing to the tube side and methane flowing to the shell side. Ba-based MIEC

perovskite materials usually have higher creep rate than the La-based counterparts.

Thus, although La-based membranes have higher structural stability than Ba-based

membranes, they are still prone to breaking under syngas production conditions if

their mechanical strength cannot sustain the tensile stress.

9.3.5 MIEC Membrane Reactors for Fuel Conversion
to Syngas or Hydrogen

The conversion of hydrocarbons to hydrogen for onboard mobile devices was

thought to be an attractive alternative way of supplying hydrogen for proton

exchange membrane fuel cells (PEMFC). Mixed reforming of hydrocarbons and

alcohols to hydrogen in MIEC membrane reactors attracted some attention in recent

years. Zhu et al. explored the production of hydrogen in a BSCF MIEC membrane

reactor by steam and partial oxidation of heptane [84]. A 100% n-heptane conver-

sion and 95–97% hydrogen selectivity were achieved at 850 �C. The membrane

reactor was steadily operated for more than 100 h, and the catalyst LiLaNiO/γ ‐
Al2O3 exhibited a good activity and a favorable stability during the on-stream. In a

subsequent simulation study, gasoline was used to replace heptane in a 1.4-mm-

thick BSCF membrane reactor, leading to 100% conversion, 90% CO selectivity,

95% H2 selectivity, and 8:0mL cm�2min�1 oxygen permeation flux during a 500-h

period on-stream at 850 �C [85]. Coke oven gas (COG) is a by-product of the coke

making industry, containing ~25% methane, 45–60% hydrogen, 5–9% CO, and

minor impurities such as CO2, hydrocarbons, nitrogen, and oxygen. In China, only

about 20% of the produced COG is simply utilized as fuel, while a large amount of
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COG is directly burnt at the end of an opened chimney and then directly discharged

into the atmosphere, causing serious air pollution and energy dissipation. Ding and

coworkers proposed the conversion of COG into hydrogen in MIEC membrane

reactors. The conversion of COG to syngas was conducted in a disk-type 1.0-mm-

thick BaCo0:7Fe0:2Nb0:1O3�δ membrane reactor with a NiO/MgO solid-solution

catalyst [86]. During a steadily on-stream for more than 100 h at 875 �C, 95% CH4

conversion, 80% H2 selectivity, 106% CO selectivity, and a 16:3mL cm�2min�1

oxygen permeation flux were achieved.

9.4 Selective Oxidation of Hydrocarbons to Value-Added
Products

9.4.1 Oxidation Coupling of Methane to Ethane
and Ethylene

Except for the indirect route, i.e., via syngas as intermediate product, the direct

conversion of methane to value-added products is technologically attractive due to

its great economic benefits. Among the numerous direct conversion methods of

methane, such as the selective oxidation to methanol and formaldehyde, oxygen-

free aromatization to aromatic hydrocarbons, and oxygen-free coupling to ethylene,

the selective oxidation coupling of methane (OCM) to ethane and ethylene (C2) is

deemed as a promising route to the direct utilization of methane for the production

of important chemicals. However, the selective oxidation of methane affords

products that have higher reactivity than methane; therefore the deep oxidation to

CO2 and CO is inevitable. As a result, the selectivity of the reaction toward the

target products is low. The OCM route to ethane and ethylene was invented by

Keller and Bhasin in the 1980s [87] and has received significant attention from both

industrial and academic communities. Most of the research on this reaction process

was conducted using a regular fixed-bed reactor by co-feeding oxygen and meth-

ane. Since C2 products are much more reactive with oxygen than methane, it is

difficult to improve their selectivity to a commercially target value, i.e., >85%, at

the methane conversion of >35%. In other words, a C2 yield of >30% should be

achieved to realize certain economic benefits for the commercialization of the OCM

process. However, during the past 30 years, the highest yield achieved was only

25% using regular fixed-bed reactors. Therefore, new reactors were proposed as

potential ways to solve the problem through changing the reaction kinetics of the

OCM reaction.

MIEC membrane reactors can selectively supply oxygen to the reaction system

and maintain a low oxygen partial pressure; thus, deep oxidation reactions can be

partially inhibited, leading to potentially improved C2 selectivity and yields. Thus,

it is evident that the oxygen input is controllable in MIEC membrane reactors. Lin

and coworkers found that fluorite-type membranes showed both high oxygen
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permeability and catalytic activity toward the OCM reaction [88]. In a disk-type

Bi1.5Y0.5O3 membrane reactor, the C2 selectivity was 30% higher than that in

traditional co-feeding reactors. The maximum C2 selectivity and yield reached

>90% and 17% at 850 �C and 900 �C, respectively. The C2 production rate

could be effectively improved by enlarging the membrane surface. Subsequently,

another fluorite-type Bi1.5Y0.3Sm0.2O3 tubular membrane for the OCM reaction was

prepared. Under optimal conditions, a methane conversion of 35%, C2 yield of

22%, and C2 selectivity of 62% were obtained in the tubular membrane reactor

[89]. Wang et al. found that as the BSCF tubular membrane reactor was filled with a

20%La–10%Sr/CaO catalyst, the methane conversion, C2 selectivity, and C2 yield

were all greatly improved compared with the membrane reactor in the absence of

catalyst [90]. Oliver et al. investigated the OCM reaction in BSCF membrane

reactors with the membrane surface modified by three different catalysts and

found that the membrane coated with a LaSr/CaO catalyst gave the highest C2

yield up to 18.4% at 950 �C [91]. Tan et al. conducted the OCM reaction in their

LSCF hollow fiber membrane reactor without filling any catalyst [92]. The LSCF

powder was found to have no catalytic activity toward the OCM reaction, but it did

show high selectivity up to 71.9% in the LSCF hollow fiber membrane reactor. If

the lumen side of the fiber membrane was piled with an SrTi0.9Li0.1O3 catalyst, the

methane conversion and oxygen permeation flux were remarkably increased,

together with a decrease of C2 selectivity. At optimal temperatures, a maximum

C2 yield close to 21% could be achieved in the packed hollow fiber membrane

reactor.

Although many efforts were made to develop MIEC membrane reactors for the

OCM reaction, the methane conversion, C2 selectivity, and C2 yield are still lower

than the values obtained in a fixed-bed reactor with optimal catalysts. To further

enhance the C2 yield in MIEC membrane reactors, efforts should focus on the

reaction kinetics of the OCM process and membrane surface modification to match

the oxygen permeation and OCM reaction kinetics.

9.4.2 Oxidation Dehydrogenation of Light Alkanes

The conversion of light alkanes to olefins is becoming profitable in view of the

depletion of petroleum resources in the future. Stream cracking of ethane to

ethylene and catalytic dehydrogenation of propane and butanes to propene and

butenes, respectively, have been commercialized for more than 20 years. However,

huge energy consumption and coke deposit induced catalyst deactivation during

these processes are difficult issues to solve. Selective oxidative dehydrogenation is

another potential economical route for the conversion of light alkanes to olefins that

avoids an external energy input into the reactor and coke deposit induced catalyst

deactivation. One of challenges of this process is how to achieve high olefin

selectivity, because the olefin products are more reactive than the fed alkanes,

i.e., alkanes are easier to be deeply oxidized to COx by O2. One solution to inhibit
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deep oxidation reactions is to use lattice oxygen (O2� ) according to a Mars–van

Krevelen type mechanism other than gaseous oxygen (O2) as oxidant in a periodic

shift reactor. High olefin selectivity>90% can be easily obtained using this type of

reactor.

An MIEC membrane can convert gaseous oxygen into lattice oxygen, but the

lattice oxygen is going to reunite to the gaseous oxygen as it arrives at the other side

of the MIEC membrane surface. If the catalytic oxidation reaction kinetics are fast

enough, i.e., the alkane molecules react faster with the lattice oxygen than the

reunion of lattice to gaseous oxygen, the MIEC membrane could continuously

supply lattice oxygen to react with alkanes. Thus, it can be expected that high

olefin selectivity can be achieved in MIEC membrane reactors. A BSCF disk-type

membrane reactor without filling any catalyst was employed for the selective

oxidation of ethane to ethylene [93]. During a 100 h on-stream at 800 �C, 80%
ethylene selectivity and a per pass ethylene yield of 67% were obtained. However,

53.7% ethylene selectivity was achieved under the same conditions in a fixed-bed

reactor by co-feeding oxygen and ethane. When the BSCF membrane surface was

modified by Pd or V/MgO catalyst particles for the oxidation reaction, much higher

ethylene yields up to 76% were obtained at 777 �C [94]. Considering the strong

thermal effect of the oxidation reaction, single run conversions are usually con-

trolled to be lower than 50% to avoid temperature runaway. As shown in Fig. 9.17,

if the ethane conversion was maintained lower than 50%, high ethylene selectivity

even up to 95% could be achieved. The above results verified the concept on the

MIEC membrane continuous supplying lattice oxygen and revealed the feasibility

for practical applications.

Fig. 9.17 Ethane conversion (a) and ethylene selectivity (b) as a function of temperature for a

bare (■), Pd nanocluster modified (~), and V/MgO micron grain modified (●, ○) membrane. In

the case of V/MgO, the experiment was carried a second time to evaluate the reproducibility,

denoting V/MgO (1) and V/MgO (2), respectively. The air side compartment was fed with 50 ml

min�1 at total pressure of 1.2 bar; the reaction side was supplied with 37 ml min�1C2H6 in He at

C2H6 partial pressure of 0.25 bar (Reproduced from Ref. [94] with permission of Elsevier)
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9.4.3 Other Reactions

In the industry, platinum–rhodium alloy gauzes (5–10% Rh) are used as catalysts

for ammonia oxidation to nitric acid at high temperature with a NO yield of

94–96%. N2 and N2O are the main by-products of this important industrial process.

This process has been well optimized in the past years; however, it is still necessary

to develop new economical and environmentally friendly processes to avoid pre-

cious metal loss during the reaction and reduce N2O emissions. MIEC perovskite

oxides are good catalysts for ammonia oxidation to NO with high NO and low N2O

selectivity. Of course, the employment of MIEC membrane reactors was suggested

in the ammonia oxidation reaction. Perez–Ramirez et al. used a lanthanum ferrite-

based perovskite membrane reactor for the ammonia oxidation reaction and

achieved high NO selectivity (98%) and no N2O formation [95]. Therefore, the

perovskite membrane reactor for ammonia oxidation provides a new path for the

formation of NO due to its high efficiency and minimal environmental pollution.

Particularly, the membrane reactor integrates the separation and reaction process in

a single reactive separation unit.

Methane dehydroaromatization has attracted considerable attention from both

academia and industry because of its potential economic benefits. An MIEC

membrane reactor was employed for the reaction aiming at shifting the reaction

to the right by using the permeated oxygen to consume the resultant hydrogen. The

production of steam by hydrogen combustion suppresses coke formation and

extends the lifetime of the catalytic system. After 1000 min on-stream, the methane

conversion and aromatic selectivity were stable at 10 and 30%, respectively, for the

membrane reactor; however, under the same reaction conditions, the two perfor-

mances were 7% and 6%, respectively, for the traditional fixed-bed reactor [96].

9.5 Selective Removal of Oxygen from the Reaction
System: Water Splitting for Hydrogen Production

Water is considered to be an ideal source of hydrogen because it is clean, abundant,

and renewable. The ΔG for the water-splitting reaction reaches zero at temperatures

as high as 4057 �C under a pressure of 1 bar. The water-splitting reaction is a typical

equilibrium limited reaction, and its conversion under the equilibrium state is only

0.1% even at high temperatures up to 1600 �C. Although this reaction is concep-

tually simple, efficient hydrogen production by water splitting is difficult to be

realized due to the low equilibrium constant (i.e., Kp � 2� 10�8 at 950 �C).
However, meaningful amounts of hydrogen can be generated at moderate temper-

atures if the equilibrium is shifted toward water splitting by using an oxygen

transport membrane to remove oxygen from the reaction system.

In the MIEC membrane reactors introduced above in Sects. 9.3 and 9.4, the role

of the MIEC membrane is to control the input of oxygen. Of course, the MIEC
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membrane can also be used to remove oxygen from a reaction system and shift the

reaction equilibrium to the right. Following the concept of process intensification,

researches were conducted on coupling water splitting with other catalytic oxida-

tion reactions in MIEC membrane reactors. The acquirement of other important

chemicals makes the coupling in membrane reactors more meaningful in terms of

energy saving and process intensification. Up to now, the couplings between the

water-splitting reaction and the partial oxidation of methane, ethane dehydrogena-

tion, and oxidative steam reforming of ethanol have been investigated. Figure 9.18

schematically shows the concept of water splitting coupled with other catalytic

oxidation reactions in MIEC membrane reactors. One side of the membrane

(defined as the hydrogen-production side) is exposed to a steam atmosphere

where water splits into hydrogen and oxygen at high temperature, while the other

side (defined as the oxygen-permeation side) is swept by reductive gases (such as

methane, ethane, etc.) that react with the oxygen permeated from the hydrogen-

production side to produce targeted chemicals and reduce the oxygen partial

pressure. As a result, an oxygen chemical potential gradient is established across

the membrane to drive oxygen ions that are continuously transported from the

hydrogen-production side to the oxygen-permeation side. Theoretically, 100%

pure hydrogen can be obtained from the hydrogen-production side of the membrane

after cooling and drying. As methane is fed to the shell side, the permeated oxygen

from the core side to the shell side is consumed by the reaction CH4 þ 1=2O2 ! C

Oþ 2H2 [3]. The value of this process is not only to produce pure hydrogen but also

synthesis gas that can be used to generate a wide variety of valuable hydrocarbons

and oxygenates. The idea of using methane as reductive gas on the oxygen-

permeation side was proposed by Balachandran et al. in their study on a GDC–Ni

dual-phase membrane for hydrogen production via water splitting [97], although

the products in the oxygen-permeation side were not detected. Wang and Caro et al.

systematically studied the coupling reaction in a BaZrxCoyFezO3�δ xþ yþ z ¼ 1ð Þ
hollow fiber membrane reactor [3].

The assets of the coupling effects are listed as follows:

1. Pure H2 devoid of CO produced through fossil fuels in one step

2. High value-added chemicals produced with high selectivity

3. Reaction–reaction coupling allowing high process intensification

4. No safety risk during the operation of the membrane reactor for oxidation

reactions

Fig. 9.18 Schematic diagram of water splitting coupled with other catalytic oxidation reactions in

MIEC membrane reactors

9.5 Selective Removal of Oxygen from the Reaction System: Water Splitting for. . . 339



9.5.1 Membrane Materials

As shown in Chaps. 6 and 7, although many types of materials could be fabricated

into membranes for oxygen permeation up to now, few of them are suitable to be

used as membrane reactors for hydrogen production through water splitting due to

the harsh environment containing steam and reducing gases. In an early report,

Naito and Arashi conducted a study on hydrogen production through water splitting

in an MIEC ZrO2 ‐TiO2 ‐Y2O3 membrane reactor. A hydrogen production rate of

about 0:6 mL cm�2min�1 was achieved at high temperatures up to 1683 �C
[98]. The hydrogen production rate is mainly limited by the low electronic con-

ductivity of the membrane material. Recently, to lower the operation temperature

and improve the hydrogen production rate, some new membranes have been used to

produce hydrogen from water splitting. These membrane materials can be classified

into two groups: (1) perovskite-related membranes and (2) dual-phase membranes

made of metal–fluorite or perovskite–fluorite composite materials.

9.5.1.1 Perovskite-Related Membranes

Balachandran et al. employed La0:7Sr0:3Cu0:2Fe0:8O3�δ (LSCF7328) perovskite

membranes in MIEC membrane reactors for hydrogen production from water

splitting [99, 100]. A LSCF7328 asymmetric membrane was fabricated with a

22-μm-thick dense layer and a porous substrate by using the same material to

prevent the mismatch of thermal expansion or contraction during either sintering

or measurement. A hydrogen production rate of 4:7 mL cm�2min�1 was obtained in

the asymmetric membrane reactor at 900 �C, with 49 vol% water vapor fed to the

hydrogen-production side and 99.5% CO fed to the oxygen-permeation side.

Besides, other perovskite materials, such as BaZrxCoyFezO3�δ xþ yþ z ¼ 1ð Þ [3]
and SrCo0:4Fe0:5Zr0:1O3�δ [101], were also explored for hydrogen production

through water splitting.

There is a need to develop cobalt (or copper)-free perovskite materials since

perovskite materials containing either copper or cobalt do not possess enough

stability under a reducing atmosphere. The BaFe0:9Zr0:1O3�δ (BFZ) material was

investigated by Balachandran et al. [102] as a potential Co (or Cu)-free perovskite

material for hydrogen production through water splitting. A 1.56-mm-thick BFZ

disk-type membrane gave a hydrogen production rate of 3:2 mL cm�2min�1 at

900 �C with 49 vol% water vapor fed to the hydrogen-production side and 99.5%

CO fed to the oxygen-permeation side. In order to achieve a high hydrogen

production, tubular membranes were fabricated to get a larger membrane area

than that of disk-type membranes. A value up to 22 mL min�1 was achieved on a

BFZ tubular membrane with dimensions OD ¼ 9:6 mm, ID ¼ 7:5 mm, and L ¼
57:4 mm [102]. However, the area-specific hydrogen production rates of the disks

were more than double those of the tubes. It was thought that the temperature and

average oxygen partial pressure gradient across the tubular membrane were lower
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than those for disks under nominally identical external conditions, resulting in a

lower hydrogen production rate for the tubular membrane than it was expected at

900 �C.
Owing to its high chemical stability and mechanical integrity, a perovskite-

related intergrowth oxide composed of SrFeCo0.5Ox was used in an MIEC mem-

brane reactor for hydrogen production from water splitting [103]. This material was

reported to have high ambipolar conductivity and stability when it was used to

construct a membrane reactor for the partial oxidation of methane to syngas. A ~20-

μm-thick SrFeCo0.5Ox thin film on a porous substrate was fabricated by a colloidal

casting method. The largest hydrogen production rate of 17:4 mL cm�2min�1 was

obtained at 900 �C on the SrFeCo0.5Ox asymmetric membrane. However, a phase

transition limited the application of SFC as an MIEC membrane at temperatures

lower than 825 �C [103].

9.5.1.2 Dual-Phase Membranes

To increase the electronic conductivity of solid oxygen ionic conducting oxides,

metals were used as the electron-conducting phase to construct dual-phase mem-

branes. Metallic Ni has good electronic conductivity and excellent catalytic activity

toward the water-splitting reaction. Ceria-based solid oxides show high oxygen

ionic conductivities and high stability under low oxygen partial pressure atmo-

sphere. Taking all these factors into consideration, a fluorite–metal dual-phase

membrane made of Ni and gadolina-doped ceria (GDC–Ni, Ni 40 vol% in the

dual-phase membrane) was prepared [97]. A hydrogen production rate of 4:0 mL

cm�2min�1 was achieved on a 130-μm -thick GDC–Ni disk-type dual-phase

membrane at the temperature of 900 �C. This measurement was accomplished by

flowing humidified nitrogen (water partial pressure was 0.49 atm) over the

hydrogen-production side of the disk and 80% H2/balance He over the oxygen-

permeation side. However, metallic Ni easily migrates to the membrane surface

under a high temperature steam, which leads to a significant change in the micro-

structure of the dual-phase membrane and affects the stability of hydrogen

production.

In view of the commercialization of membrane technology, stability is more

important than permeability. In order to enhance the stability of MIEC membranes,

fluorite–perovskite dual-phase membranes were developed. A fluorite–perovskite

dual-phase membrane containing 60 vol% Gd0:2Ce0:8O2�δ (GDC) and 40 vol%

Gd0:08Sr0:88Ti0:95Al0:05O3�δ (GSTA) was developed for hydrogen production from

water splitting [104]. For this membrane, GDC acts as an oxygen ionic conductor,

while GSTA acts as an n-type electronic conductor with negligible oxygen ionic

conductivity under operating conditions. Asymmetric GDC–GSTA membranes

with different dense layer thicknesses were prepared by the spin-coating method.

An asymmetric GDC–GSTA membrane with a dense layer of 25 μm in thickness
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gave a hydrogen production rate of 9:67 mL cm�2min�1 at 900 �C. The hydrogen
production rate could be further enhanced by surface modification.

9.5.2 Stability Under High Oxygen Partial Pressure Gradient

Unlike the traditional MIEC membrane reactors shown in Sect. 9.3 of this chapter

that operate under an oxidizing environment on one side and a reducing one on the

other side, for the hydrogen production process from water splitting, both sides of

the MIEC membranes are under reductive environments. Therefore, most MIEC

membranes are unstable under the harsh operation conditions for hydrogen produc-

tion from water splitting. Up to now, there was no report about the long-term

stability of hydrogen production from water splitting in an MIEC membrane

reactor. It was stated that a 22-μm-thick LSCF7328 asymmetric membrane was

stable during a ~80-h testing for hydrogen production by measuring the hydrogen

production rate at the beginning and end of the test [105]. Rafael et al. studied the

stability of a La0:6Sr0:4Co0:2Fe0:8O3�δ microtubular membrane for hydrogen pro-

duction by flowing methane on the oxygen-permeation side [106]. Traces of

methane were detected in the outlet of the hydrogen-production side, indicating a

gas leakage through microcracks in the membrane. The amount of methane leaked

began to increase after 120 h and abruptly increased after 260 h. This result reveals

the failure of the membrane caused by axial stress due to the temperature gradient

along the length of the membrane and chemical stress due to oxidation and

reduction of the perovskite membrane. Besides, the high water partial pressure on

the hydrogen-production side damaged the surface structure of the membrane.

Compared with fresh surfaces, the surface on the oxygen-permeation side was

decorated with small crystallites after the long-term operation, and the spot energy

dispersive X-ray spectroscopy analysis of the crystallites demonstrated that they

were enriched with cobalt. On the other hand, SEM analysis of the hydrogen-

production side surface showed the appearance of needlelike crystals that were

also observed in the cross section. These phenomena indicated that both surfaces of

the membrane were seriously damaged by the atmosphere of hydrogen produced

from water splitting and methane conversion, respectively.

However, unlike the MIEC membrane reactor for partial oxidation of methane to

syngas, as both sides of MIEC membranes used to produce hydrogen are exposed to

a reductive atmosphere, it is evident that the oxygen partial pressure difference

induced tensile stress will be smaller for the latter than for the former. Thus, it is

desirable to find stable membranes for hydrogen production because only the

stability under reductive atmosphere is required, while the membrane stability

under both oxidative and reductive atmosphere is simultaneously required for

partial oxidation of methane to syngas.
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9.5.3 Production of Ammonia and Liquid Fuel Synthesis Gas
in One Membrane Reactor

Ammonia synthesized via the Haber–Bosch process is the second most produced

chemical in the world and is used to produce fertilizers to increase food production.

Natural gas is usually used as feedstock to produce ammonia synthesis gas (ASG,

H2=N2 ¼ 3). This process is accompanied by large atmospheric CO2 emissions,

i.e., ~400 million metric tons annually. In a typical ASG production process, six

main steps are required to convert cleaned natural gas to ASG, i.e., steam

reforming, air reforming, water–gas shifting at high and low temperatures, CO2

separation, and methanation. This long route technology for ASG production

requires expensive capital investment and consumes significant energy. In the

whole ammonia synthesis process, the ASG production contributes to ~84% of

energy consumption [107]; therefore great innovation in ASG production technol-

ogy is imperative to reduce energy consumption in the ammonia synthesis industry.

On the other hand, natural gas is a typical feedstock to produce liquid fuel synthesis

gas (LFSG, H2=CO ¼ 2) in three main steps, i.e., steam reforming, air separation,

and mixed reforming. LFSG production contributes to most of the costs and energy

consumption in the entire gas-to-liquid process. A large portion of energy is

consumed by air separation for pure oxygen production.

Recently, we presented a membrane reactor with an MIEC membrane and

catalyst to coproduce ASG and LFSG from water, air, and methane in one step

[108]. Figure 9.19 shows the concept of this membrane reactor. Air and water with

Fig. 9.19 Concept of the one-step production of the two synthesis gases for ammonia (H2=N2

¼ 3 : 1) and liquid fuel (H2=CO ¼ 2 : 1) from water, air, and natural gas in a membrane reactor

(Reproduced from Ref. [108] with permission of Wiley)
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an appropriate ratio are fed to one side (side I) of the membrane, while methane is

fed to the other side (side II). At high temperatures, oxygen from air and water on

side I permeates through the MIEC membrane via diffusion of oxygen ions to side

II, where the ions react with methane to form LFSG; meanwhile electrons migrate

from side II to side I to keep the electric neutrality of the whole process. The LFSG

has extremely low oxygen partial pressure (e.g., 10�21 atm) on side II, which drives

the permeation of oxygen from side I to side II. In this process, the amount of

oxygen in the air is limited in the feed; thus, oxygen molecules can completely

permeate to side II. Thermodynamic calculations show that the equilibrium con-

version of the water-splitting reaction can be as high as 96% at 900 �C if oxygen is

rapidly removed by the POM reaction via the MIEC membrane. Therefore, the

resultant gases on side I with a suitable H2/N2 ratio are ready for ammonia synthesis

after drying; simultaneously, the produced LFSG on side II with a suitable H2/CO

ratio is ready for liquid fuel synthesis. The benefits of this membrane reactor are

summarized in Fig. 9.20. The most important advantage is to shorten the six-step

process (steam reforming, air reforming, water–gas shifting at high and low tem-

peratures, CO2 separation, and methanation) for ASG production and three-step

process (steam reforming, oxygen separation, and mixed reforming) for LFSG

production to a one-step process. The highly integrated membrane reactor allows

much higher energy efficiency (~63% energy saving) than the traditional complex

processes. The concept was realized in a Ba0:98Ce0:05Fe0:95O3�δ (BCF) membrane

reactor, and the operation conditions, i.e., methane concentration, methane flow

rate, temperature, and steam flow rate, were investigated in detail. Figure 9.21

shows the time-dependent performance of the catalytic membrane reactor at 900 �C

Fig. 9.20 Merits of the membrane reactor for the production of ASG and LFSG compared with

industrial processes. “6” represents a six-step process for the industrial production of ASG; “3”

represents a three-step process for the industrial production of LFSG; “1” represents the one-step

process for the coproduction of ASG and LFSG in the membrane reactor (Reproduced from Ref.

[108] with permission of Wiley)
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for the two syngases production. CH4 conversion and CO selectivity were high

(94–98%), and the ASG (H2=N2 ¼ 3) and LFSG (H2=CO ¼ 2) production rates

remained at ~14 and e34 mL cm�2min�1, respectively. These results indicate that

the membrane reactor can be steadily operated to high efficiently coproduce ASG

and LFSG. For a factory with a production capability of 0.3 million tons of

ammonia and one million tons of methanol per year, it is enough to construct a

membrane reactor with the membrane area of 10, 000 m2, which corresponds to a

membrane reactor volume of just 100 m3. Hence, it is evident that the catalytic

membrane reactor delivers a new concept on process intensification and the success

of this new concept may trigger innovation in traditional natural gas chemical

industries.
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Chapter 10

Progress on the Commercialization of MIEC
Membrane Technology

Abstract Except for pure oxygen production, MIEC membranes can be used in

membrane reactors for natural gas conversion. However, pure oxygen production is

the process with the greatest potential for commercialization of the MIEC mem-

brane technology in the near future. Air Products & Chemicals Inc. (APCI) is the

pioneer on the commercialization of MIEC membrane technology for oxygen

production, leading a team that includes several companies, institutes, and univer-

sities. In this chapter, the great progresses achieved by the APCI team are intro-

duced, including the development history, membrane module design, membrane

sealing, and module performance. Additionally, the progresses achieved by Aachen

University are also briefly introduced.

Keywords Commercialization of MIEC membrane • Membrane modules •

Module sealing • Module performance • Pure oxygen production

10.1 Air Separation for Pure Oxygen Production

Pure oxygen separated from air is an important raw material for many industrial

processes, such as steel, glass, alumina, and ammonia production, for which oxygen

plants are usually built with high investment costs based on the cryogenic distilla-

tion technology, as shown in Fig. 10.1. Cryogenics is currently the most developed

technology for large-scale oxygen production. It comprises air compressing,

cooling, expanding, and further cooling until the air is liquefied, and then the liquid

air is separated in a distillation tower with a column tray number larger than

100 based on the difference in boiling point between oxygen and nitrogen. After

more than 100 years’ development, the overall thermodynamic efficiency of the

modern-day cryogenic air separation unit has reached its theoretical limit; few

technical breakthroughs could lead to a significant reduction of the cost of oxygen.

Its production capability in a typical cryogenic plant is 2000 t per day (TPD). High-

purity oxygen>99% is produced accompanied with the production of nitrogen and

argon; however, the energy consumption increases sharply if the purity is enhanced

from 97 to 99%, as shown in Fig. 10.2 [1]. Other frequently mentioned technolo-

gies for oxygen production are pressure swing adsorption (PSA) and vacuum swing

adsorption (VSA) based on the adsorption difference between oxygen and nitrogen

© Springer-Verlag GmbH Germany 2017
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on adsorbents. Argon has an adsorption property similar to oxygen molecules; thus

the oxygen purity is typically in the range of 90–95%. Small- to medium-scale

plants with a production capability lower than 100 TPD were built since PSA and

VSA need less equipment investment as compared to the same scale cryogenic

oxygen separation plant. The adsorption separation technologies are adequate

for applications in the fields in which high-purity oxygen is not needed, such

as oxygen-rich combustion, wastewater treatment, and paper manufacturing.

However, PSA and VSA technologies are still considered as too energy intensive

to be accepted for oxygen production in large scale. The membrane separation

technique has attracted growing interest during the last decades as an alternative

approach. Polymeric oxygen separation membranes, which can produce oxygen

Fig. 10.1 A typical air separation unit based on the cryogenic distillation technology

Fig. 10.2 Specific energy

consumption (E) of a

cryogenic air distillation

process with respect to

oxygen purity

(y) (Reproduced from

Belaissaoui et al. [1] with

permission of Elsevier)
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with a purity of 25–40% in small scale (<25TPD), are reported to be potentially

attractive for oxygen-rich air production. However, owing to their limited oxygen/

nitrogen separation factor and low permeability, the commercially available poly-

meric membranes cannot economically compete in the production of oxygen with a

high purity in large scale with cryogenics, PSA, and VSA. All of the above referred

technologies have drawbacks that prevented cost-effective high-purity oxygen

production and resulted in extremely high cost for many potential applications,

such as the oxyfuel process for power generation and CO2 capture.

MIEC membranes are regarded as a revolutionary new air separation technology

to efficiently produce oxygen with purity greater than 99% due to their infinite

separation factor toward oxygen and high permeability. This technology has the

potential to lower the cost of oxygen production by þ30% as compared to the

cryogenic distillation technology. The scale of MIEC membranes can be small,

medium, and even large depending on the application requirements. Additionally,

MIEC membranes can be combined with other industrial processes acting as

membrane reactors for process intensification and energy savings. Recently, a

research and development alliance led by Air Products & Chemicals Inc. (APCI)

has achieved great progress in the commercialization of the MIEC membrane

technology for pure oxygen production. The following sections focus on the

introduction of the APCI technology, while progresses achieved in other institutes

are also briefly introduced.

10.2 APCI’s Technology

10.2.1 Brief Overview of the Development of MIEC
Membrane Technology

In 1989, APCI started to develop the MIEC membrane technology for the purpose

of commercialization of the low-cost oxygen separation process [2]. It was only

4 years after the first report by Teraoka and coworkers on MIEC membranes for

oxygen separation, and at that time, only two papers had been published [3]. APCI

evaluated the economy of the MIEC membrane separation process, which involved

compressing the feed air, pulling a vacuum on the oxygen product, or a combination

of the two, and concluded that the MIEC membrane technology could result in a

cost saving of at least 30% over current PSA, VSA, or cryogenic distillation

technologies. Therefore, it was believed that this new oxygen separation technology

could arouse a revolution in the oxygen production industry, allowing additional

applications of pure oxygen and thus boosting the oxygen market if high-purity

oxygen could be produced at lower costs. In the initial stage (1989–1993), APCI

sponsored research activities and achieved significant technological advances in

powder preparation of membrane compositions, dense membrane fabrication, and

thin-film-membrane deposition [2]. Furthermore, the deep understanding of the
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oxygen transport mechanisms through MIEC membranes facilitated APCI to design

proprietary membrane structures and modules. Then APCI gained financial support

from the Advanced Technology Program for a 3-year project to advance the MIEC

membrane technology. During this stage (1994–1997), APCI contracted

Ceramatec, Inc., to aid the development of a laboratory prototype unit. Although

a functional laboratory prototype unit was not successfully built up at this stage, a

critical technique for the unit, i.e., ceramic–steel seals, was developed. Addition-

ally, many approaches developed for the design, construction, and testing of a

laboratory prototype unit during this project encouraged their additional R&D

support that continues today. The progress in the early stage persuaded the Depart-

ment of Energy (DOE) to fund the R&D of MIEC membrane technology and the

overall goal of the project to create an oxygen separation system that could achieve

a 30% cost reduction compared to the cryogenic distillation-based technology.

APCI assembled a team including Ceramatec, Concepts/NREC, Eltron Research,

McDermott Technologies (SOFCo EFS Holdings), Pennsylvania State University,

Siemens Westinghouse, Texaco Gasification (GE Energy Gasification), and the

University of Pennsylvania to advance the technology and the knowledge gained

in the project supported by the Advanced Technology Program. The team drew up a

multiphase plan on the commercialization of the MIEC membrane technology for

pure oxygen production:

• Phase 1: Technical feasibility (0.1 TPD O2)

• Phase 2: Prototype testing (1–5 TPD O2)

• Phase 3: Intermediate-scale testing (100 TPD O2)

• Phase 4: Reaction-driven membranes

• Phase 5: Ceramic module fabrication to supply 2000-TPD O2 facility

• Planning next phase: Energy scale development (2000 TPD O2)

Phase I was completed in 2001. During this phase, the activities focused on the

optimization of MIEC membrane materials and the design, construction, and

operation of membrane modules with oxygen production capability of 0.1 TPD.

This material is represented by the formula LnxA1-xCo1-y-zFeyCuzO3�δ, where Ln

and A are selected from the lanthanide block and the alkaline earth elements,

respectively. It was thought that these materials would provide a favorable balance

of oxygen flux, resistance to degradation at high oxygen partial pressures, favorable

sintering properties, and thermal expansion matching with other separation parts.

APCI focused on the development of the MIEC membrane modules. Throughout

this stage, planar ceramic wafers were designed and fabricated as building blocks

for the low-cost high-performance MIEC membrane modules [4, 5]. The success of

the membrane modules allowed APCI and its partners to build tonnage quantity

oxygen plants and optimize the process to decrease the energy consumption. The

MIEC membrane technology was combined with advanced power generation

systems, as shown in Fig. 10.3 [6–8]. The inputs are high-pressure air, heat, and

fuel, while the outputs are pure oxygen, power, and steam. Phase II was completed

in 2006. During this phase, the activities focused on a 5-TPD subscale engineering

prototype, as shown in Fig. 10.4 [6–8]. Six modules are installed in a pressure
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Fig. 10.3 MIEC membrane integrated with a gas turbine-based power cycle (Reproduced from

Anderson et al. [8] with permission of Elsevier)

Fig. 10.4 Subscale engineering prototype capable of testing up to six 144-wafer ITM oxygen

modules (Reproduced from Bose et al. [7] with permission of Springer)
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vessel, and every module has an oxygen production capability of half tons. Six

independent product trains were constructed for each module. The 5-TPD subscale

engineering prototype steadily runs over 1000 days with pressure and temperature

cycling. An oxygen purity of>99% was acquired with a stable flux at target values.

The success of the prototype stimulated APCI and its partners to build an engineer-

ing test facility with an oxygen production capability of 100–150 TPD and test the

full size MIEC modules in the pressure vessel under a variety of operating condi-

tions, which were the main tasks of phase III. The intermediate-scale test unit

(ISTU) was in its start-up phase for operation in 2014, as shown in Fig. 10.5 [6]. In

phase V, the main tasks will focus on designing, building, and operating a ceramic

manufacturing facility to supply a 2000-TPD MIEC membrane test unit. The goal

in phase IV is to develop MIEC membrane reactors for syngas production. APCI

regards this technology as a revolutionary technology, which integrates oxygen

production and syngas generation in a single unit. This process shows reduced

capital cost in the syngas generation process and overall syngas/H2/CO2 production

process by 30% and 20%, respectively. Additionally, the membrane technology for

syngas production exhibits improved thermal efficiency by 3% compared to the

traditional technology. APCI and its partners have completed the laboratory-scale

materials and membrane development and are currently focusing on building a

process development unit with a syngas or H2 production capability of 27 Nm3/h.

Their next step is to develop a subscale engineering prototype with a capability of

280 Nm3/h in 2016 and an early commercial-scale unit with a capability of

10,000 Nm3/h in 2018 [6].

Fig. 10.5 Intermediate-scale test unit capable of producing up to 100 TPD of oxygen

(Reproduced from Anderson et al. [8] with permission of Elsevier)
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10.2.2 MIEC Membrane Module Design and Fabrication

As mentioned in Chap. 1, the frequently reported geometric configurations of MIEC

membranes are planar, tubular, and hollow fibroid. APCI and its partners evaluated

both planar and tubular membranes for oxygen separation and chose the planar

configuration to construct their MIEC membrane modules. The planar configura-

tion has high area/volume ratio compared with the tubular shape, which can be as

high as 400 m2/m3 for plates but lower than 50 m2/m3 for tubes. The permeation

flux of an MIEC membrane is inversely proportional to the thickness of the dense

layer if bulk diffusion dominates. Therefore, it is indispensable to develop tech-

niques for the preparation of MIEC membranes that have a thin dense layer for

selective oxygen permeation and a thick porous layer to support the dense layer.

The planar design is amenable to standard tape-casting techniques for ceramic plate

production in large scale, especially for ceramic plates with multilayers. For the

tubular configuration, a large-scale continuous production is available using the

extrusion method; however the time-consuming characteristic and low repeatability

are observed if the dip-coating method is used to prepare a tube membrane with a

thin dense layer.

Figure 10.6 shows the planar membrane structure invented by the APCI

researchers [4–7]. The planar membrane has a thin dense layer with a thickness

of 30–100 μm and a porous layer with a thickness of ~500 μm. Two membranes are

assembled together with the support layer of one membrane facing to the support

layer of another membrane and the dense slotted backbones located in the middle.

The porous support layer and the dense slotted backbones have the same chemical

composition of the dense layer to avoid the cracks induced by the difference in

thermal expansion coefficients of different layers. The composite plate is called

membrane wafer. The four sides of a membrane wafer are sealed with the same

Fig. 10.6 MIEC membrane module architecture—planar wafer stack design (Reproduced from

Bose et al. [7] with permission of Springer)
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material as the membrane by using a patented technique, which will be introduced

in the following section. There is a hole located at the center of each wafer, as

shown in Fig. 10.7. The wafers are joined together to form a 12-wafer submodule

with a ceramic spacer ring located at the center to keep a consistent gap between

adjacent wafers. High-pressure air is fed to the outside module, and the permeated

oxygen is withdrawn under vacuum via the tube formed by the connected wafers

and ceramic spacer rings. The 12-wafer submodule has been successfully tested for

oxygen permeation and has an oxygen production capability of 0.1 TPD. Larger

commercial-scale modules with production capabilities of 0.5 or 1.0 TPD are

fabricated by jointing the submodules. A conical tube at the bottom and an end

cap at the top are fitted to the commercial-scale module. The conical tube has two

functions: one is to provide structural stability to the module, and the other is to

facilitate the connection between the module and an internally insulated metal pipe.

In view of the commercial concept of MIEC membranes for oxygen production, a

vessel is equipped with an array of multi-wafer modules which are arranged in a

common flow duct and connected through a series of manifolds to an oxygen header

below, as shown in Figs. 10.8 and 10.9 [6–8]. Each module in the vessel has an

oxygen production capability of approximately 1 TPD. This type of design fitted the

MIEC membrane separation unit with an oxygen production capability of

100–1000s TPD. The commissioned 100-TPD intermediate-scale test unit that is

under construction adopts this design, as shown in Fig. 10.5.

A standard ceramic fabrication technology is used to prepare theMIECmembranes.

The traditional solid-state reaction method was used to prepare the ceramic powders.

After the powder is milled to an appropriate particle size, it is mixed with solvents

(ethanol and toluene), dispersants, binders, and plasticizers to produce a stable slurry

with a well-defined viscosity. The slurry is then casted onto a PET carrier using the

tape-casting technique (see Chap. 4) to form green ceramic tapes after drying at a

proper temperature. Green ceramic tapes with various thicknesses are prepared by

adjusting the gap of the doctor blade. The green ceramic tape is then featured by laser

Fig. 10.7 Construction

steps of the commercial

modules (Reproduced from

Bose et al. [7] with

permission of Springer)
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cutters or mechanical punches into the dimensions and architecture required for the

individual layers of the membrane components. The correct combination of layers is

laminated together and then sintered. Then, the sintered wafers are jointed with

ceramic spacer rings to form a module during another thermal treatment. Currently,

the ceramic fabrication scale-up is in commissioning in Tooele near Salt Lake City for

the 2000-TPD MIEC membrane test unit.

Fig. 10.9 MIEC membrane modules installed in the flow duct of the intermediate-scale test unit

(Reproduced from Anderson et al. [8] with permission of Elsevier)

Fig. 10.8 Commercial-scale vessel concept (Reproduced from Bose et al. [7] with permission of

Springer)
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10.2.3 Module Sealing

In order to prepare the MIEC membrane module shown in Fig. 10.6, the key

technology required is the ceramic–ceramic sealing. The four sides of a wafer and

the space between a wafer and a ceramic spacer ring should be sealed by a proper

sealant with similar mechanical, chemical, and expansion characteristics as the

MIEC membrane. The sealing should be robust so to remain leak-free at high

temperature and in a high-pressure atmosphere. There are three different methods

to seal the membrane module, i.e., glass or glass–ceramic sealing, metallic braze

sealing, and all-ceramic sealing. The first two types are well known and widely

used in the ceramic industry, for instance, in solid oxide fuel cells and sensors.

Nowadays, most of the research works focus on the glass, glass–ceramic, and

braze sealing, and much experience has been acquired from industrial processes.

Therefore, the first idea for sealing the MIEC membrane modules would be using

the first two types of sealing. However, MIEC membranes have high thermal

expansion coefficients at high temperatures (typically larger than 20� 10�6 K�1)

and special expansion curves due to the chemical expansion under a certain

temperature and oxygen partial pressure. Therefore, it is very difficult to develop

a sealant that has the same thermal expansion characteristics as those of MIEC

membranes.

Glass and glass–ceramics based on silica, boron oxides, and phosphates are

the most widely used sealing materials in a variety of ceramic assemblies, as a

good sealing is easily achieved at the softening temperature of glass. Addition-

ally, the stress induced by thermal or chemical expansion can be released due to

the flexibility of glass at the temperature above its softening point. However,

chemical reactions between glass and MIEC membranes are inevitable at high

temperature, and the produced new compounds most likely have different ther-

mal and chemical properties from those of the MIEC membrane material and

glass. Although the volatilization of silicon, boron, and phosphorus species at

high temperature is extremely slow, they could nonetheless be deposited on the

MIEC membrane surfaces and lead to the degradation of the oxygen permeation

flux during a long operating period. The braze sealing materials which can

tolerate high-temperature air are precious metals, such as Pt, Au, and

Ag. However, the sealing containing Pt or Au is too expensive and thus would

impair the overall economics of the MIEC membrane technology, while the less

expensive Ag cannot sustain a long-period sealing due to its volatilization at

elevated temperature.

APCI invented an all-ceramic sealing technology to seal their MIEC membranes

with a number of benefits as compared with the glass or braze sealing [7]. It was

called “transient liquid phase (TLP) method.” The ceramic sealing has the same or

similar chemical composition as the MIEC membrane. To seal parts, a TLP

material is applied to the sealing interface, and then the assembly is heated to a

temperature that allows the formation of a liquid phase. The liquid phase fills the

gaps at the interface and diffuses into the parent materials being joined due to
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capillary forces. Subsequently, the liquid reacts with the surrounding materials and

produces a new compound that has a higher melting point than the liquid phase.

Thus, after the completion of the reaction, the interface and pores are sealed by the

newly produced ceramic oxide, which has similar or compatible chemical compo-

sition to the MIEC membrane. For example, the (La0.75Ca0.25)1.01FeO3 perovskite

membrane can be sealed by itself through the TLP method. The sealing material to

seal the membrane consists of two parts: one is 20 wt% CaO–80 wt% Fe2O3, which

has a melting point of approximately 1205 �C, and the other is 84.2 wt% La2O3–

15.8 wt% Fe2O3, which has a melting point higher than the sintering temperature of

the (La0.75Ca0.25)1.01FeO3 perovskite membrane. The weight ratio of the two parts

is 1:2.07. After the sealing material is applied to the interface to be sealed, the

assembly is heated to 1250 �C to melt the CaO–Fe2O3 composite. Then, the

assembly is maintained at this temperature for a certain period in order to allow

the reaction of the liquid phase CaO–Fe2O3 compound with the solid phase La2O3–

Fe2O3 and the interfaces to be sealed. Finally, a solid phase with chemical compo-

sition of (La0.75Ca0.25)1.01FeO3 is formed. The TLP method has many advantages as

compared with the other methods using glass, glass–ceramics, and brazes to seal the

MIEC membranes. The sealing material has the same or similar chemical compo-

sition as the MIEC membrane, thus the sealing has the same chemical and thermal

properties as the membrane material, and it is not necessary to be concerned with

reactivity or chemical incompatibility between the sealing material and the mem-

brane. Additionally, the membrane can be operated at a higher temperature than the

sealing temperature, while that is impossible for the glass, glass–ceramic, and braze

sealing. This invention is one of the key enabling technologies for implementing

planar ceramic membranes.

10.2.4 Module Performance

APCI tested a membrane module containing 12 wafers in a technology demonstra-

tion unit for 15,000 h. This module was operated at feed flow rates, and process

conditions matched those of the target commercial operation. High-pressure air up

to 1.7 MPa with a flow rate of 60 Nm3/h was fed to the demonstration unit, and a

vacuum pump was installed to withdraw the oxygen permeated through the mem-

brane module. Temperature and pressure cycles, as well as changes in pressure,

were deliberately and not deliberately carried out to evaluate the module perfor-

mance during the long-term operation. Figure 10.10 shows the time-dependent

performance at constant temperature and pressure [8]. The purity of oxygen

remained >99% during the 15,000 h on-stream, but the oxygen permeation flux

decreased by about 10% after 10,000 h running. The degradation in permeation flux

was attributed to the macroscopic wafer displacement, as shown in Fig. 10.11 a and

b, which was induced by the change of microstructure of the wafers due to the

ceramic creep effect under high pressure [8]. The result of creep can be observed in
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the SEM picture shown in Fig. 10.11c, which shows the cross-sectional area of the

internal flow channels of the membrane wafers at the central manifold decreased

after the long term on-stream. The deformation of the channel structure increases

the concentration polarization and thus degrades the oxygen permeation.

A subscale engineering prototype was operated for over 1100 total days, which

also demonstrated the target commercial flux at full size modules (0.5 TPD). High

oxygen purity up to 99.9% was achieved. The planned temperature and pressure

cycles, as shown in Fig. 10.12, successfully demonstrated that the subscale

Fig. 10.11 Before testing

(a) and after testing (b)
pictures of the 12-wafer

module tested for over

15,000 h, showing evidence

of compressive creep. (c)
Example of deformation

and decreased cross-

sectional area of the

channels due to creep, as

seen in the channels at the

bottom middle of the image

(Reproduced from

Anderson et al. [8] with

permission of Elsevier)

Fig. 10.10 Long-term

testing of the 12-wafer

module in the technology

demonstration unit

(Reproduced from

Anderson et al. [8] with

permission of Elsevier)
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engineering prototype had repeatable performance during temperature and pressure

cycling tests [6]. Two 1-TPDmodules were tested and showed a 0.7–1-TPD oxygen

capacity over 22 days on-stream [6]. An intermediate-scale test unit containing two

rows of modules (28 modules) was operated for 300 h at a production capacity of

16 TPD (equal to 467 Nm3/h). In the first row, there are five modules with the air

side coated by porous layers for oxygen activation and nine modules without porous

layers; in the second row, the two numbers are six and eight, respectively.

Figure 10.13 shows the comparison of the fluxes of modules with and without air

side porous layers and fluxes of modules in the first and second rows [8]. Modules

with porous layers exhibited about 9% higher oxygen permeation flux than those

without porous layers, and the permeation flux of the first row was slightly higher

than the second row because the first row extracted some of the oxygen in air before

reaching the second row. The oxygen production rate of the unit and oxygen purity

was steadily maintained with no indication of decay during this demonstration. It is

the largest air separation unit that has been successfully run based on the MIEC

membrane technology up to now.

Fig. 10.12 Oxygen purity and flux of a full size MIEC membrane module through temperature

and pressure cycles (Reproduced from Anderson et al. [8] with permission of Elsevier)
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10.3 Aachen University’s Technology

The target of Aachen University in the context of the development of the MIEC

membrane technology is to combine it with the oxycoal technology for CO2 capture

and power generation [9, 10]. They adopted the three-end rather than four-end

operation. To fulfill the four-end operation, in which flue gas (containing CO2, H2O,

and SO2) is used as the sweep gas to carry the permeated oxygen to a boiler, a

membrane material which can tolerate the flue gas needed to be developed.

However, no MIEC membrane material with high oxygen permeability can main-

tain a stable oxygen permeation flux under the sweep of the flue gas. For the three-

end operation, i.e., air separation for pure oxygen production, the membrane was

fed with high-pressure air (15–20 bar), and the permeated oxygen was withdrawn

by a vacuum pump. Ba0.5Sr0.5Co0.8Fe0.2O3-δ (BSCF) first developped by Yang’s

group in Dalian was chosen as the MIEC membrane material due to its extremely

high oxygen permeability among the perovskite-type MIEC membranes. The

sintering temperature of the BSCF ceramics was optimized based on the testing

results of fracture bending stress and porosity. The highest strength and lowest

porosity were achieved at sintering temperatures of 1075–1100 �C for the cold-

isostatic pressing samples. The one-end closed tube was chosen as the membrane

geometric shape based on many potential advantages, such as high packing density,

easier to join than honeycombs or hollow fibers, easy to change in case of a defect,

several manufacturing alternatives, and possible proof test before installation. The

BSCF green tubes were prepared by cold-isostatic pressing at 175 MPa and then

sintered at the optimal temperature for 5 h. The tube is 500 mm in length, 15 mm in

Fig. 10.13 Comparison of the fluxes of modules with and without air side coated with porous

layers and fluxes of modules in the first and second rows (Reproduced from Anderson et al. [8]

with permission of Elsevier)
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diameter, and 0.8 mm in wall thickness. Ag doped with 4% CuO was used to seal

the gap between the BSCF tube and the X15CrNiSi25-20 alloy, as shown in

Fig. 10.14. The joint stress in the ceramic was high after cooling (5 K min�1)

from the brazing temperature (955 �C) to room temperature, but it decreases fast

from the initial 81.5 to 2.8 MPa after holding the assembly at 850 �C for 10 h. A

membrane module containing 42 tubes with a total membrane area of 1 m2 was

built, as shown in Fig. 10.15. This module can supply oxygen 15 L min�1 or 0.031

TPD. The membranes demonstrated an oxygen permeation flux of 1.46 NmL cm�2

min�1 under an oxygen pressure gradient ofPO2, feed =PO2,perm: ¼ 5. The building of

Fig. 10.14 Picture of the AgCuO reactive air brazing joint with a BSCF tube, (a) digital photo and
(b) SEM picture of the cross section (Reproduced from Pfaff et al. [10] with permission of Wiley)

Fig. 10.15 120-kW oxycoal pilot plant developed by RWTH Aachen University; membrane

module: outer heating, 1-m2 membrane area, 42 perovskite tubes with the length of 500 mm and

diameter of 15 mm, 150-kg HT steel, Tmax¼ 850 �C, Pmax¼ 20 bar (Reproduced from Dong and

Jin [11] with permission of Elsevier)
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a larger pilot module, as shown in Fig. 10.16, containing 600 tubes (corresponding

to a membrane area of 15 m2) started in August 2011. This pilot module could have

an oxygen production capacity of 300 L min�1 or 0.61 TPD.

References

1. Belaissaoui B, Le Moullec Y, Hagi H, Favre E (2014) Energy efficiency of oxygen enriched air

production technologies: Cryogeny vs membranes. Sep Purif Technol 125:142–150

2. Air Products and Chemicals Inc (1993) Project title: energy-efficient oxygen production using

novel ion-transport membranes

3. Teraoka Y, Zhang HM, Furukawa N, Yamazoe N (1985) Oxygen permeation through

perovskite-type oxides. Chem Lett 14:1743–1746

4. Armstrong PA, Bennett DL, Ted Foster EP, Stein VE (2002) Ceramic membrane development

for oxygen supply to gasification applications. In: Proceedings of the gasification technologies

conference, San Francisco, 27–30 Oct 2002

5. Armstrong PA, Bennett DL, Foster EP, Stein VE (2004) ITM Oxygen for gasification. In:

Proceedings of the gasification technologies conference, Washington DC, 3–6 Oct 2004

6. White V, Repasky JM, Carolan MF, Armstrong PA, Stein VE, Foster EP (2014) ITM oxygen

technology for gasification applications. In: Proceedings of the 12th European gasification

conference, Rotterdam, 10–13 Mar 2014

7. Bose AC, Stiegel GJ, Armstrong PA, Halper BJ, Foster EP (2009) Progress in ion transport

membranes for gas separation applications. In: Bose AC (ed) Inorganic membranes for energy

and environmental applications. Springer, New York, pp 3–25

Fig. 10.16 Schematic diagram of the pilot-scale module containing 600 BSCF tube for oxygen

separation (Reproduced from Pfaff et al. [10] with permission of Wiley)

366 10 Progress on the Commercialization of MIEC Membrane Technology



8. Anderson LL, Armstrong PA, Broekhuis RR, Carolan MF, Chen J, Hutcheon MD, Lewinsohn

CA, Miller CF, Repasky JM, Taylor DM, Woods CM (2016) Advances in ion transport

membrane technology for oxygen and syngas production. Solid State Ionics 288:331–337

9. Kaletsch A, Pfaff EM, Broeckmann C, Modifell M, Nauels N (2011) Pilot module for oxygen

separation with BSCF membranes. In: Proceedings of the 2nd ICEPE, Frankfurt am Main,

20–22 Jun 2011

10. Pfaff EM, Kaletsch A, Broeckmann C (2012) Design of a mixed ionic/electronic conducting

oxygen transport membrane pilot module. Chem Eng Technol 35:455–463

11. Dong XL, Jin WQ (2012) Mixed conducting ceramic membranes for high efficiency power

generation with CO2 capture. Curr Opin Chem Eng 1:163–170

References 367


	Preface
	Contents
	Chapter 1: Introduction to Mixed Ionic-Electronic Conducting Membranes
	1.1 Introduction
	1.2 Principle of Oxygen Permeation
	1.3 Types of Membranes
	1.4 Scope of This Book
	References

	Chapter 2: Defects and Diffusion
	2.1 Defects Concerned in MIEC Materials
	2.1.1 Point Defects
	2.1.2 Point Defect Notations
	2.1.3 Electrons and Holes
	2.1.4 Defects in MIEC Oxides
	2.1.4.1 Fluorite-Type Ceria-Based Materials
	2.1.4.2 Perovskite-Type Materials

	2.1.5 Association of Defects
	2.1.6 Equilibria of Defect Reactions
	2.1.7 Grain Boundaries

	2.2 Ionic Diffusion
	2.2.1 Vacancy Diffusion and Interstitial Diffusion
	2.2.2 Diffusion Path of Oxygen Ions
	2.2.2.1 Fluorite-Type Oxides
	2.2.2.2 Perovskite-Type and Related Oxides

	2.2.3 Diffusion Coefficients
	2.2.4 Diffusion and Ionic Conductivity
	2.2.5 Grain Boundary Diffusion

	References

	Chapter 3: Ionic Conductors and Aspects Related to High Temperature
	3.1 Fluorite-Type Oxygen Ionic Conductors
	3.1.1 Zirconia-Based Ionic Conductors
	3.1.1.1 Stabilization of Zirconia by Doping
	3.1.1.2 Scandia-Stabilized Zirconia
	3.1.1.3 Zirconia-Based Membranes for Oxygen Permeation

	3.1.2 Ceria-Based Ionic Conductors
	3.1.2.1 Doped Ceria
	3.1.2.2 Co-Doped Ceria
	3.1.2.3 Ceria-Based Membranes for Oxygen Permeation

	3.1.3 Bismuth Oxide-Based Ionic Conductors
	3.1.3.1 Structure of delta-Bi2O3
	3.1.3.2 Doped Bismuth Oxide
	3.1.3.3 Bi2O3-Based Membranes for Oxygen Permeation


	3.2 Perovskite-Type Oxygen Ionic Conductors
	3.2.1 Structure of Perovskite Oxides
	3.2.2 Nonstoichiometric Oxygen
	3.2.3 Critical Radius, Free Volume, and M-O Bonding Energy
	3.2.4 LaGaO3-Based Pure Ionic Conductors
	3.2.5 Perovskite-Type Mixed Ionic and Electronic Conductors

	3.3 Other Ionic Conductors
	3.3.1 La2Mo2O9
	3.3.2 Bi4V2O11
	3.3.3 La10-xSi6O26+y

	3.4 Relevant High-Temperature Ceramic Materials
	3.4.1 Cationic Diffusion
	3.4.2 Kinetic Demixing
	3.4.3 Thermal Expansion and Chemical Expansion
	3.4.4 Creep

	References

	Chapter 4: Fabrication and Characterization of MIEC Membranes
	4.1 Preparation of Ceramic Powders
	4.1.1 Solid-State Reaction Method
	4.1.2 Complexing Method
	4.1.3 Coprecipitation Method
	4.1.4 Spray Pyrolysis Method

	4.2 Preparation of Membranes
	4.2.1 Dry-Pressing
	4.2.2 Extrusion
	4.2.3 Slip Casting
	4.2.4 Tape Casting
	4.2.5 Phase Inversion
	4.2.6 Other Methods
	4.2.7 Comparison of the Methods
	4.2.8 Sintering

	4.3 Characterization of MIEC Membranes
	4.3.1 Permeation Flux
	4.3.2 Electric Conductivity
	4.3.3 Nonstoichiometric Oxygen
	4.3.3.1 Thermogravimetric Analysis
	4.3.3.2 Iodometry
	4.3.3.3 Coulometric Titration

	4.3.4 Diffusion Coefficients and Exchange Coefficients
	4.3.4.1 Isotope Exchange
	4.3.4.2 Electrical Conductivity Relaxation (ECR)
	4.3.4.3 In Situ Isothermal Isotope Exchange (IIE)
	4.3.4.4 Oxygen Permeation


	4.4 Structure and Morphology Characterizations
	References

	Chapter 5: Permeation Principle and Models
	5.1 Introduction
	5.2 Wagner Equation and Related Modifications
	5.3 Jacobson´s Model
	5.3.1 Model Development
	5.3.2 Model Application

	5.4 Xu and Thomson´s Model
	5.4.1 Model Development
	5.4.2 Model Application

	5.5 Zhu´s Model
	5.5.1 Model Development
	5.5.2 Model Applications
	5.5.2.1 Experimental Verification
	5.5.2.2 Kinetic Parameters
	5.5.2.3 Permeation Resistance Distributions
	5.5.2.4 Degradation Mechanism Analysis


	References

	Chapter 6: Perovskite-Type MIEC Membranes
	6.1 Perovskite Structure
	6.2 Defect Chemistry in Perovskite Oxides
	6.3 An Introduction to the Pioneering Works of Teraoka and Coworkers
	6.4 Co-containing Perovskite Membranes
	6.4.1 LnCoO3-delta System
	6.4.1.1 Substitution in B Sites
	6.4.1.2 Substitution in A Sites
	6.4.1.3 Typical LnCoO3-delta-Based Perovskite Membrane Materials

	6.4.2 (Ba,Sr)CoO3 System
	6.4.2.1 SrCo1-xMxO3-delta
	6.4.2.2 SrCo1-xFexO3-delta
	6.4.2.3 BaCo1-x-yFexMyO3-delta

	6.4.3 Ba0.5Sr0.5Co0.8Fe0.2O3-delta
	6.4.3.1 Oxygen Exchange and Diffusion Kinetics
	6.4.3.2 Oxygen Permeation
	6.4.3.3 Phase Transformation


	6.5 Co-free Perovskite Membranes
	6.5.1 LaGaO3 System
	6.5.2 BaFeO3-delta System

	6.6 Perovskite-Related MIEC Membranes
	6.6.1 Ruddlesden-Popper Series Materials
	6.6.2 Other Types

	References

	Chapter 7: Dual-Phase MIEC Membranes
	7.1 Introduction
	7.2 Traditional Dual-Phase MIEC Membranes
	7.3 New Type of Dual-Phase MIEC Membranes
	7.3.1 Design of Dual-Phase Membranes with High Stability and Permeability
	7.3.2 Comparison Between the Traditional and New Dual-Phase Membranes
	7.3.3 Interfacial Oxygen Exchange
	7.3.4 Microstructure Effects
	7.3.4.1 Preparation Methods of the Composite Powders
	7.3.4.2 Elemental Composition
	7.3.4.3 Sintering Temperature-Induced Microstructural Effects

	7.3.5 Ratio Between the Two Phases
	7.3.6 Other Potential Factors

	7.4 Outside/Inside Short Circuit
	7.5 Asymmetric Dual-Phase Membranes
	References

	Chapter 8: Oxygen Permeation at Intermediate-Low Temperatures
	8.1 Introduction
	8.2 Difficulties Related to Oxygen Permeation at Intermediate-Low Temperatures
	8.3 Degradation Mechanisms
	8.4 Degradation and Stabilization Mechanisms of Phase-Stable Membranes
	8.4.1 Sulfur-Containing Membranes
	8.4.2 Silicon-Containing Membranes
	8.4.3 Mechanism of Sulfur and Silicon Migration to the Membrane Surface
	8.4.4 Stabilization of the Phase-Stable Membranes at Low Temperature

	8.5 Degradation and Stabilization Mechanisms of Phase-Unstable Membranes
	8.5.1 Degradation Mechanism of Ba0.5Sr0.5Co0.8Fe0.2O3-delta at Intermediate-Low Temperatures
	8.5.2 Stabilization Mechanism of Ba0.5Sr0.5Co0.8Fe0.2O3-delta at Low Temperatures
	8.5.2.1 Phase Transformation of BSCF at Low Temperature
	8.5.2.2 The Attempts to Inhibit Phase Transformation by Light Doping in B Site
	8.5.2.3 Nanoparticles Inhibiting Phase Transformation
	8.5.2.4 Possible Mechanism
	A Thermodynamic Analysis
	A Kinetic Analysis

	8.5.2.5 High Permeation Flux at Low Temperatures


	References

	Chapter 9: Catalytic Reactions in MIEC Membrane Reactors
	9.1 Introduction of Catalytic Membrane Reactors
	9.2 Types of Membrane Reactors
	9.3 Partial Oxidation of Hydrocarbons for Syngas or Hydrogen Production
	9.3.1 MIEC Membrane Reactors for Methane Conversion to Syngas
	9.3.2 Membrane Materials
	9.3.2.1 Co-based Perovskite Membranes with Improved Stability
	9.3.2.2 Co-free Perovskite Membranes
	9.3.2.3 Degradation Mechanism of Perovskite Membranes for Methane Conversion
	9.3.2.4 Dual-Phase Membranes

	9.3.3 Activation of the POM Reaction in MIEC Membrane Reactors
	9.3.4 Mechanic Stability
	9.3.5 MIEC Membrane Reactors for Fuel Conversion to Syngas or Hydrogen

	9.4 Selective Oxidation of Hydrocarbons to Value-Added Products
	9.4.1 Oxidation Coupling of Methane to Ethane and Ethylene
	9.4.2 Oxidation Dehydrogenation of Light Alkanes
	9.4.3 Other Reactions

	9.5 Selective Removal of Oxygen from the Reaction System: Water Splitting for Hydrogen Production
	9.5.1 Membrane Materials
	9.5.1.1 Perovskite-Related Membranes
	9.5.1.2 Dual-Phase Membranes

	9.5.2 Stability Under High Oxygen Partial Pressure Gradient
	9.5.3 Production of Ammonia and Liquid Fuel Synthesis Gas in One Membrane Reactor

	References

	Chapter 10: Progress on the Commercialization of MIEC Membrane Technology
	10.1 Air Separation for Pure Oxygen Production
	10.2 APCI´s Technology
	10.2.1 Brief Overview of the Development of MIEC Membrane Technology
	10.2.2 MIEC Membrane Module Design and Fabrication
	10.2.3 Module Sealing
	10.2.4 Module Performance

	10.3 Aachen University´s Technology
	References


