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Preface

The Third International Symposium on Advanced Processing and Manufacturing
Technologies for Structural and Multifunctional Materials and Systems (APMT)
was held during the 33rd International Conference on Advanced Ceramics and
Composites, in Daytona Beach, FL, January 18-23, 2008. The aim of this intemna-
tional symposium was to discuss global advances in the research and development
of advanced processing and manufacturing technologies for a wide variety of non-
oxide and oxide based structural ceramics, particulate and fiber reinforced compos-
ites, and multifunctional materials. A total of 68 papers, including invited talks,
oral presentations, and posters, were presented from more than 10 countries (USA,
Japan, Germany, UK, Ireland, France, Italy, Slovenia, Belgium, Luxembourg, Aus-
tralia, Brazil, Canada, China, Korea, India, Singapore, Egypt, and Malaysia). The
speakers represented universities, industry, and research laboratories.

This issue contains 25 invited and contributed papers, all peer reviewed accord-
ing to the American Ceramic Society Review Process. The latest developments in
processing and manufacturing technologies are covered, including smart process-
ing, advanced composite manufacturing, novel forming and sintering technologies,
microwave-processing, polymer-based processing, and film deposition technolo-
gies. These papers discuss the most important aspects necessary for understanding
and further development of processing and manufacturing of ceramic materials and
systems.

The editors wish to extend their gratitude and appreciation to all the authors for
their cooperation and contributions, to all the participants and session chairs for
their time and efforts, and to all the reviewers for their valuable comments and sug-
gestions. Financial support from the Engineering Ceramic Division and the Ameri-
can Ceramic Society is gratefully acknowledged. Thanks are due to the staff of the
meetings and publication departments of the American Ceramic Society for their
invaluable assistance.

We hope that this issue will serve as a useful reference for the researchers and
technologists working in the field of interested in processing and manufacturmg of
ceramic materials and systems.

TaTsuki Ous, Nagoya, Japan
MRITYUNJAY SINGH, Cleveland, USA
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Introduction

The theme of international participation continued at the 33rd International Conference
on Advanced Ceramics and Composites (ICACC), with over 1000 attendees from 39
countries. China has become a more significant participant in the program with 15 con-
tributed papers and the presentation of the 2009 Engineering Ceramic Division's Bridge
Building Award lecture. The 2009 meeting was organized in conjunction with the Elec-
tronics Division and the Nuclear and Environmental Technology Division.

Energy related themes were a mainstay, with symposia on nuclear energy, solid ox-
ide fuel cells, materials for thermal-to-electric energy conversion, and thermal barrier
coatings participating along with the traditional themes of armor, mechanical properties,
and porous ceramics, Newer themes included nano-structured materials, advanced man-
ufacturing, and bioceramics. Once again the conference included topics ranging from
ceramic nanomaterials to structural reliability of ceramic components, demonstrating
the linkage between materials science developments at the atomic level and macro-level
structural applications. Symposium on Nanostructured Materials and Nanocomposites
was held in honor of Prof. Koichi Niihara and recognized the significant contributions
made by him. The conference was organized into the following symposia and focused
sessions:

Symposium 1 Mechanical Behavior and Performance of Ceramics and
Composites

Symposium 2 Advanced Ceramic Coatings for Structural, Environmental,
and Functional Applications

Symposium 3 6th International Symposium on Solid Oxide Fuel Cells

: (SOFC): Materials, Science, and Technology

Symposium 4 Armor Ceramics

Symposium 5 Next Generation Bioceramics

Symposium 6 Key Materials and Technologies for Efficient Direct
Thermal-to-Electrical Conversion

Symposium 7 3rd International Symposium on Nanostructured Materials
and Nanocomposites: In Honor of Professor Koichi Niihara

Symposium 8 3rd International symposium on Advanced Processing &

Manufacturing Technologies (APMT) for Structural &
Multifunctional Materials and Systems

Xi



Symposium 9 Porous Ceramics: Novel Developments and Applications

Symposium 10 International Symposium on Silicon Carbide and Carbon-
Based Materials for Fusion and Advanced Nuclear Energy
Applications

Symposium 11 Symposium on Advanced Dielectrics, Piezoelectric,
Ferroelectric, and Multiferroic Materials
Focused Session 1 Geopolymers and other Inorganic Polymers

Focused Session 2 Materials for Solid State Lighting

Focused Session 3 Advanced Sensor Technology for High-Temperature
Applications

Focused Session 4 Processing and Properties of Nuclear Fuels and Wastes

The conference proceedings compiles peer reviewed papers from the above sym-
posia and focused sessions into 9 issues of the 2009 Ceramic Engineering & Science
Proceedings (CESP); Volume 30, Issues 2-10, 2009 as outlined below:

® Mechanical Properties and Performance of Engineering Ceramics and Composites
IV, CESP Volume 30, Issue 2 (includes papers from Symp. 1 and FS 1)

® Advanced Ceramic Coatings and Interfaces IV Volume 30, Issue 3 (includes papers
from Symp. 2)

® Advances in Solid Oxide Fuel Cells V, CESP Volume 30, Issue 4 (includes papers
from Symp. 3)

® Advances in Ceramic Armor V, CESP Volume 30, Issue S (includes papers from
Symp. 4)

® Advances in Bioceramics and Porous Ceramics II, CESP Volume 30, Issue 6
(includes papers from Symp. 5 and Symp. 9)

¢ Nanostructured Materials and Nanotechnology III, CESP Volume 30, Issue 7
(includes papers from Symp. 7)

® Advanced Processing and Manufacturing Technologies for Structural and
Multifunctional Materials III, CESP Volume 30, Issue 8 (includes papers from
Symp. 8)

® Advances in Electronic Ceramics II, CESP Volume 30, Issue 9 (includes papers
from Symp. 11, Symp. 6, FS 2 and FS 3)

® Ceramics in Nuclear Applications, CESP Volume 30, Issue 10 (includes papers from
Symp. 10 and FS 4)

The organization of the Daytona Beach meeting and the publication of these pro-
ceedings were possible thanks to the professional staff of The American Ceramic Soci-
ety (ACerS) and the tireless dedication of the many members of the ACerS Engineering
Ceramics, Nuclear & Environmental Technology and Electronics Divisions. We would
especially like to express our sincere thanks to the symposia organizers, session chairs,
presenters and conference attendees, for their efforts and enthusiastic participation in the
vibrant and cutting-edge conference.

DILEEP SINGH and JONATHAN SALEM
Volume Editors
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SOLID-STATE REACTIVE SINTERING OF POLYCRYSTALLINE ND:YAG CERAMIC LASER
HOST MATERIALS USING AN 83 GHZ MILLIMETER WAVE SYSTEM

Ralph W. Bruce and Chad A. Stephenson
Physical Sciences Dept., Bethel College
Mishawaka, IN, USA

Arne W. Fliflet and Steven B. Gold
Plasma Physics Division, Naval Research Laboratory
Washington, DC, USA

M Ashraf Imam
Materials Science and Technology Division, Naval Research Laboratory
Washington, DC, USA

ABSTRACT

We are investigating the solid-state reactive sintering of polycrystalline Nd:YAG ceramic laser
host materials using a high power millimeter-wave beam as the heat source. The starting powder is a
mixture of commercially available alumina, yttria, and neodymia powders. The laser-quality results
obtained using the solid-state reactive sintering approach and the same materials in a conventional va-
cuum furnace' provide a benchmark for our experiments, which are being carried out using the Naval
Research Laboratory (NRL) 83 GHz Gyrotron Beam Material Processing Facility. One objective of
our work is to determine the effect of millimeter-wave heating on processing variables such as temper-
ature and hold time and on the microstructural properties impacting the laser host application. Another
objective is to optimize the heating uniformity and efficiency of the process for future use in a manu-
facturing process. Initial experiments with 1-hour hold times have produced translucent samples
whose microstructure is currently being evaluated. Longer processing times (up to 16 hours) were
needed to achieve full transparency in a conventional furnace. Hold times longer than 1 hour were also
investigated and will be reported.

INTRODUCTION

Single crystal Nd-doped YAG has been the most widely used solid-state laser material®>. Cur-
rent materials for solid-state lasers include single crystals of neodymium-doped YAG and neodymium
glasses. While single crystals have high thermal conductivity and can operate at high powers, they are
costly and limited in size and dopant concentration. Neodymium-containing glasses can be large with
reasonable cost but have low thermal conductivity, thereby limiting average power. Significant advan-
tages of transparent polycrystalline laser host materials for high energy laser (HEL) applications, com-
pared to single-crystal materials, are reduced processing temperatures, greatly reduced processing
times, elimination of facet and pore structures, and the possibility of higher dopant concentrations. In
addition, polycrystalline laser host materials have good thermal conductivity, high mechanical
strength, and can be fabricated into large and complex structures.

One of the challenges in developing polycrystalline laser host materials is the need for high
quality starting powders doped with the rare earth lasing ion. These are generally not commercially
available and often require costly powder preparation techniques. The solid-state reactive sintering of
Nd:YAG is of particular interest in this regard because high-purity alumina, yttria, and neodymia
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powders are commercially available. Moreover, Lee et al. (ref. 1) have shown that laser quality poly-
crystalline Nd:YAG can be produced by pressure-free solid-state reactive sintering in a conventional
vacuum furnace and that the powder preparation requires only low-cost techniques such as ball mil-
ling'.

Millimeter-wave processing has been shown to be an effective alternative to conventional va-
cuum furnaces for pressure-free sintering of low-loss oxide ceramic materials®. It involves direct vo-
lumetric heating of the ceramic powder. This often results in superior microstructure with fewer
trapped pores, cleaner grain boundaries, and smaller grain size than conventionally sintered materials.
These properties are critical to achieving high optical quality, transparent laser host materials. Other
advantages of microwave processing include faster heating rates and the capability to sinter at lower
temperatures than conventional heating, resulting in a shorter more efficient process®.

A critical feature of millimeter-wave sintering is stronger coupling to laser host materials than
conventional microwaves. Sesquioxides have very low rf loss and do not couple well at low frequen-
cies (e.g. 2.45 GHz) compared to high frequencies (e.g. 83 GHz). The absorbed power per unit vo-
lume in a ceramic is proportional to the microwave frequency ® according to 5

P

s (0.T) = 5 08,6 (. TE” M
where g is the free space permittivity, € is the relative dielectric loss and E is the local rf field. Thus
the power loss is a function of both the temperature T of the ceramic and the frequency; at a given fre-
quency, oxide ceramics tend to be more absorbing at higher temperatures, and at a given temperature,
an oxide ceramic is more absorbing at higher frequencies. The frequency dependence of the power ab-
sorption is an important motivation for processing low-loss ceramics at 83 GHz rather than at 2.45
GHz or 35 GHz.

We have therefore embarked on an investigation of solid-state reactive sintering of polycrystal-
line Nd:YAG ceramic laser host materials using an 83 GHz beam as the heat source. We are using the
same materials and powder preparation techniques as discussed in ref. 1, so that the results of millime-
ter-wave processing can be directly compared with conventional vacuum sintering.

Equipment

The NRL gyrotron-based material processing facility (Fig. 1) features a 20 kW, CW (Conti-
nuous Wave), 83 GHz GYCOM gyrotron oscillator, which can generate between 1 W/cm? and 2
kW/cm? irradiance. The facility features a quasi-optical beam system for beam focusing and manipu-
lation and an inner vacuum chamber for atmosphere control and vacuum processing. The gyrotron is
operated via a fully automated computerized control system written in the LabVIEW™Matform with
feedback from extensive /n-situ instrumentation and visual process monitoring.

2 - Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials Il
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Figure 1. NRL 83 GHz gyrotron-based material processing facility. The millimeter-wave beam fur-
nace is located inside the large processing chamber which serves to confine the millimeter-wave radia-
tion. A 2-color pyrometer looks down on the furnace through a screen at the top of the processing
chamber. The millimeter-wave beam exits the gyrotron horizontally (white arrow) and is deflected by
a slightly concave mirror into the vacuum furnace through a quartz window.

~Sincident millimeter-

Focusing % wave beam

mirror

—

Thermocou ’,
feadthrough™

Figure 2. Millimeter-wave beam furnace. Side view {left], top view with lid including quartz vacuum
window removed [right].

Experimental setup and processing

a-Alumina (AKP-50, Sumitomo, Japan), yttria (NYC Co., Tokyo, Japan) and neodymia (NYC
Co., Tokyo, Japan) were obtained and mixed in the appropriate ratios to give 0, 1, 2 and 4 at. % Nd.

Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials Il - 3
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To this was added approximately 0.5% TEOS (Alfa, Ward Hill, MA) as a sintering aid. Ethyl Alcohol
was then added to the mixture which was then ball milled for 16 hours. The milling media was high
purity alumina balls. After milling, the slurry was dried and then hand-milled in an alumina crucible
into a fine powder.

The green compacts were uniaxially pressed to approximately 53% theoretical density (TD).
Some of these were then cold isostatically pressed (CIPed) to densities of approximately 61% TD. The
ceramic work pieces were placed in an open or closed crucible and directly exposed to the 83 GHz
beam which is focused to a roughly elliptical shape (approximately 1 cm by 4 cm) by the concave mir-
ror. This type of beam is adequate for processing the small compacts currently being tested (diameter
Smm). Larger compacts will require a larger, more uniform beam. The crucible and the materials sur-
rounding the workpiece (casketing) are chosen to provide thermal isolation and low temperature heat-
ing, and to reduce radiative losses to the cold-walled furnace. The ceramic work piece may be embed-
ded in a setter powder and/or microwave susceptor. Zirconia is often used as a setter powder and other
setter powders include boron nitride, alumina, and yttria. The beam power and intensity at sintering
temperatures is a few kilowatts and a few 100 W/em?, respectively. The mirror position is adjusted
during processing to optimize irradiation of the workpiece. The workpieces are processed in a small
vacuum chamber (inner diameter 33 cm, height 28 cm) (Fig. 2) in a vacuum of between 25 and 100
milliTorr. The pressure is monitored for signs of outgassing during initial heating. The temperature is
monitored by both an S-type thermocouple (platinum/platinum with 10% rhodium) situated near the
sample and a remotely located two-color pyrometer.

The automated temperature controller elevates the sample temperature using feedback from the
thermocouple or two-color pyrometer (by increasing the gyrotron voltage and consequently its output
power) at a predetermined rate of approximately 10 - 20€ per minute until it reaches the desire hold
temperature. Typical hold time at temperature was approximately 1 hour, though some tests were con-
ducted for a longer period. Final densities ranged from 57% for low-temperature and non-CIP’ed
compacts to fully densified compacts. A summary of details is given Table I. A total of 45 samples
were processed during this experimental effort.

Table I: Schedule of Processed Samples

83 GHz reactive sintering of Nd:YAG Nd3*:Y;Al0,,
6793-01 4 at. % Nd
Tempera- Hold at.% Density Density
Sample | ture Time Nd CIP | before CIP | after CIP Final Density
1 1800 | 15 min 4% | Yes 94%
2 1800 | 1 hour 4% | Yes 55% 99%
3 1700 | 1 hour 4% | Yes 54% 95%
4 1600 | 1 hour 4% | Yes 60% 90%
S 1900 | 1 hour 4% | Yes 57%
(] 1600 | 1 hour 4% | Yes 52% 98%
7 1700 | 1 hour 4% | Yes 54% 60% 99%
8 1800 | 1 hour 4% | Yes 54% 60% 93%
10 1800 | 2 hours 4% | Yes 54% 60%
11 1750 75 min 4% | Yes 52%
12 1750 4% | Yes 54%
14 | 1750 ] 4% | Yes 54%

4 + Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materiats |1
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21 1700 | 1 hour 4% | No 53% 99%
22 1300 | 1 hour 4% | No 54%
23 1500 | 1 hour 4% | No 54%
24 1500 | 1 hour 4% | No 53%
25 1500 | 1 hour 4% | No 52%
26 | 1500 1 hour 4% | No 52%
27 1500 | 30 min 4% | No
28 1000 1 hour 4% | No 52% 59%
29 1100 1 hour 4% | No 68%
30 1500 1 hour 4% | No 74%
31 1200 1 hour 4% | No 61%
32 1300 1 hour 4% | No 62%
33 1400 1 hour 4% | No 57%
6793-02 2 at. % Nd
Tempera- Hold at.% Density Density
Sample | ture Time Nd CIP | before CIP | after CIP Final Density
1 1750 1 hour 2% | Yes 60% 99%
2 1700 | 1 hour 2% | Yes 61% 98%
3 1800 | 1 hour 2% | Yes 61% 100%
4 1750 1 hour 2% | Yes 100%
5 1800 2% | Yes
3] 1800 | 2 hours 2% | Yes
7 1650 | 2 hours 2% | Yes 98%
8 1725 | 2 hours 2% | Yes 98%
6793-03 1 at.% Nd
Tempera- Hold at.% Density be- | Density
Sample | ture Time Nd CIP | fore CIP after CIP Final Density
1 1700 | 1 hour 1% | Yes 61% 98%
2 1750 | 1 hour 1% | Yes 63%
6793-04 O at. % Nd
Tempera- Hold at.% Density be- | Density
Sample | ture Time Nd CIP | fore CIP after CIP Final Density
1] 1000 1 hour 0% | No 59%
211100 1 hour 0% | No 59%
3| 1200 1 _hour 0% | No 61%
411300 1 hour 0% | No 65%
S | 1400 1 hour 0% | No 72%
6 | 1500 1 hour 0% | No 90%
? 1700 | 1 hour Yes
8 1750 | 1 hour Yes

Results and Discussion

One of the objectives of this work was to obtain results that would be comparable to obtained
in ref. 1. To this end, a number of 0% Nd samples (Samples 6793-04, 1 to 2 and 4 to 6 in Table 1)
were sintered after which XRD analysis was performed. The results are presented in Fig. 3, below.
Whereas in the comparative study, all yttria and alumina was converted to YAG at a temperature of
1500 °C, there was still some evidence of the perovskite phase (YAP, denoted as P) at our measured
temperature of 1500 °C.

Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials il - 5
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Figure 3. XRD of five samples of the 0 at.% Nd materials [Designated 6793-04 in Table 1]. The le-
gend of the various peaks is given in the figure. Y and A are for the unchanged starting materials. M
is the monoclinic phase of YA and begins to appear at 1300 °C or below but is gone by 1500 °C. P is
the perovskite phase that begins to appear at 1300 °C and still evident at 1500 °C. The garnet phase,
G, begins to appear at 1400 °C. Most of the material is converted to this phase by 1500 °C with a
small residual of the perovskite phase.

Another objective of this study was to determine at what temperature full density would be
reached. As given in Table 1, this was at approximately 1700 °C. XRD data for Sample 6793-02 (2 at.
% Nd) is given in Figure 4, below. The garnet phase, G, is the only phase present at this temperature
as was to be expected from the previous study. This is agreement with the results obtained in ref, 1.
Yet it should be noted at this time, our results were usually obtained in 1 hour of hold time as con-
trasted to the 16 hours required by the reference study. Holds at the longer period of 2 hours did not
show any significant gain in terms of increased densification.

6 -+ Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials 11l
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20 30 40 50 60
29
Figure 4. XRD of 2 at. % Nd:YAG. #3 was processed to 1800 °C with a hold time of 1 hour. #4 was
processed to 1750 °C and #8 to 1725 °C with hold times of 1 hour.

Fundamental to this study was the obtaining of transparent materials. This was not accom-
plished to the degree desired but a high of translucency was in fact obtained. Figure 5 (left) shows an
example of one of the more successful examples. This sample (6793-02 #4) is displayed with a light
source from behind. Transmittance analysis was not performed. Analysis of the cause of the translu-
cency was performed by looking at the microstructure using an SEM. This was performed on a sample
similarly processed as was the foregoing sample. The result is shown in Figure 5 (right). The exis-
tence of pores gives rise to light scattering and a resultant non-transparent compact. It should also be
noted that the grain sizes for our samples are on the order of 10 um or less. The grain sizes for the ref-
erence study were on the order of 50 um.

Notwithstanding the lack of transparency of the sample, the most important consideration in
working with laser host materials is whether or not the Nd-doped material will in fact behave as a laser
material. One critical indication of this is the measurement of the fluorescence lifetime once the ma-
terial has been pulsed with the appropriate light source. Figure 6 shows the values we obtained for the
6793-02 (2 at. % Nd) samples. They compare very favorably with the results from other studies® In
particular, the reported values for polycrystalline Nd:YAG are 184 us whereas the NRL material had
an average value of 197 ps with 203 ps for the 1725 °C sample to 188 ps for the 1800 °C sample. This
temperature dependency may or may not be significant and will be examined in future studies.

Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials Il - 7
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Datw 18 Jui 2008
ProloMg & 704 Tiee 1114

Figure 5. Left: Light transmittance from a back lit source showing translucency [Sample 6793-01 #2,
4 at.% Nd, sintered for 1 hour at 1800 °C]. Right: Micrograph of a similarly processed sample show-
ing the presence of pores giving rise to light scattering [Sample 6793-01 #3, 4 at.% Nd, sintered for 1
hour at 1700 °C].
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Figure 6. Fluorescence lifetime measurement of the 6397-02 samples 3, 4 and 8 compared to pub-
lished results (ref. 6).

8 - Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials 1H



Solid-State Reactive Sintering of Polycrystalline Nd:YAG Ceramic Laser Host Materials

Conclusion

Translucent polycrystalline Nd:YAG samples , having fluorescence lifetimes consistent with
published results, have been produced using the high-powered 83 GHz Millimeter-Wave Processing
Facility at the Naval Research Laboratory. These early results indicate that this method of reactive sin-
tering can produce viable material in significantly less time when compared to conventional ceramic
processing techniques.
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ABSTRACT

The feasibility of employing the microwave methodology for the processing of integrated
passive devices (IPDs), nanocrystalline ZnO radials and nano multilayer varistor (MLVs) devices was
explored. Methodical microwave sintering experiments were carried out using a multimode, 2.45 GHz
microwave applicator. Effect of various experimental parameters such as heating rate, cooling rate,
soaking time, sintering temperature etc. on the processing of these device components was investigated
in detail. The resultant products were characterized for microstructure, composition and electrical
performance. The various stages involved in taking the laboratory research to industrial scale-up
production were also examined. The use of microwaves for the processing of MLVs was found to
genuinely improve the electrical properties in both small scale (~200 devices/ batch) and large scale
(~12000 devices/batch) sintering situations. For a stand alone microwave heating process a back-to-
back cascading /conveyer belt arrangement is recommended for continuous large scale production.
However hybrid heating methodology was found to provide the capability of stacking operations and
could be helpful in avoiding the use of ‘casketing’, besides providing the possibility of achieving
uniform temperature across a large volume. The technique seems to be attractive in terms of its
simplicity, rapidity, economic viability and the superior product performance achieved in all the cases
augers well for its general applicability.

INTRODUCTION

Electroceramic devices such as varistors, capacitors, transducers and integrated devices
constitute a muitibillion-dotlar global market owing to their applications in most modern electronic
appliances. Each of these devices consists of a dielectric layer sandwiched between metal electrodes.
The key step that determines the electrical properties of such a device is sintering, which converts the
green component into a dense monolithic device. The conventional manufacturing procedures available
for the fabrication of these devices involve tedious multi-step binder removal stages, long processing
durations and high sintering temperatures. These cumbersome procedures lead to low equipment
productivity, unwanted diffusion of electrode (eg., in most multilayer structures) into the ceramic,
excessive grain growth (in the case of nanocrystalline varistors), ceramic inter-diffusion at the
component interface (in the case of integrated devices) and in turn inferior electrical performance. This
necessitates the need to look for alternate and improved processing methodologies. It has been
demonstrated by us and research laboratories around the globe that microwave heating is a viable
method for the laboratory scale processing of electroceramic devices such as varistors, capacitors,
integrated devices etc, owing to the associated advantages viz., savings in time and energy, improved
properties and retaining of finer microstructures.””” However the commercial application of microwaves
in high temperature sintering processes for advanced ceramics has been slow especially considering
these tremendous opportunities.®® The barriers to commercialisation have included lack of microwave
furnace suppliers, lack of understanding of the material-microwave interactions, the need for quick,
convincing proof of concept studies prior to investment in equipment and the need for reproducible and
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scale-up process development. The present work describes the salient results obtained on the use of
microwaves for the processing of some of the electroceramic devices and we envisaged that the
inherent advantages of rapidity, inside-out heating and faster sintering kinetics can be exploited to
circumvent some of the processing problems normally encountered during multilayer device
manufacture.

EXPERIMENTAL

The microwave cavity used is capable of providing a maximum output power of 6 kW and
operating at 2.45 GHz'®, The microwaves from the magnetron were transmitted through a waveguide
system and launched into the cavity after reflecting onto a mode stirrer rotating at 70 rpm. The cavity
was provided with a water-cooled base plate to hold the samples and an outer cooling jacket for safety.
A reflected power monitoring unit and a three-stub tuner helped to tune the microwave system with
minimum reflected power. Platinum sheathed, shielded R-type thermocouple and an infrared pyrometer
(LAND instruments, UK) were used for temperature measurements'*°, Fiberfrax high purity
insulation was used as a casket for heat containment. In the second part of the work, we have
investigated the potential for using hybrid heating for the scale up sintering of ML Vs so as to avoid the
requirement of using a casket system (thereby avoiding the handling problems in industrial production
units) and b) to optimise the amount of microwave power required to achieve the desired property
improvements. The hybrid sintering cavity used is described elsewhere'?. It also operates at 2.45 GHz
frequency and is capable of providing a maximum microwave output power of 1100 W and a
conventional power of 5000 W. Comparative conventional heating experiments were also performed
using an electric furnace. Density measurements were performed on sintered samples using the
Archimedes method using deionised water. The samples were investigated using optical microscopy
(Olympus Microscopes, Japan) for electrode delamination and interface cracking. Scanning electron
microscopic measurements were carried out using SEM; Leica Cambridge Stereoscan S360 and the
extent of diffusion of matrix components studied using energy dispersive X-ray analysis (EDX). The
electrical properties of the microwave sintered MLV samples were measured at Littlefuse Ireland Ltd.
[-V characteristics from 0.1pA to 0.01A was measured using a Keithley instrument (Model 2410,
USA) and from 0.1A to 100A was measured by using a Keytek Model 711, USA surge generator.
Around 100 representative samples for each experimental condition were examined for electrical
performance. The electrical results were used as a pointer for optimising the experimental parameters
of the subsequent microwave assisted sintering trials.
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RESULTS AND DISCUSSION
1. Microwave Processing of Integrated Passive devices

In the modemn electronic industry, the drive for component counts reduction per board and
miniaturization of electronic circuits made the use of integrated components a necessity. The
integration of multiple passive components into a single integrated passive device (IPD) offers
significant benefits in terms of space reduction and assembly cost. However inter-diffusion of matrix
components at the ceramic interface is the problem of great concern during the conventional firing of
these devices. In the present case, IPD samples with a capacitor/varistor formulation were considered
for investigation. The capacitor formulation is bismuth niobate doped with magnesium oxide and the
varistor formulation consists of 98% of zinc oxide and 2% addition of antimony oxide, bismuth oxide,
cobalt oxide, etc. Microwave sintering experiments were performed between 950°-1100°C and the
soaking time varied between 20-60 minutes. From Figure 1, it is clear that at any given temperature the
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Figure 1: Densification of IPDs in microwave and conventional sintering

microwave process provides much higher densification than conventional sintering and at higher
temperatures (>1050°C), the capacitor region sintered more than the varistor part, leading to non-
uniform shrinkage and device de-lamination.

The microwave sintered samples were further characterised using EDX and from figure 2
showing the Nb line analysis, it is clear that there is no diffusion of Nb at the ceramic interface (which
is the major problem during the long duration conventional processing). Since the Nb lines overlap
with that of the electrode material, sharp peaks are seen at the electrode positions (the sharpness of
these peaks indicate the well-preserved nature of the electrodes). In contrast, it was observed that in the
case of conventionally co-fired composite MLCC’s there is an appreciable amount of electrode
material migration into the ceramic layers'®. In this context, the microwave sintering appears to be very
attractive since it not only minimises the inter-diffusion of ceramic components but also reduces the
electrode migration. Importantly using microwaves, IPDs could be sintered to more than 98%
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densification within 3 hours of total cycle time, which is one tenth of the time required by conventional
methods™,

Figure 2: Line analysis of Nb on the sample sintered at 1050°C /45 mins

Table I. Electrical characteristic™” of microwave sintered IPDs

Sintering condition | Vnom Variance Clamp Ratio Leakage
current

1050°C /30 mins | 45.23 6.93 1.290 0.927

1050°C / 45 mins | 38.53 6.60 1.343 0.925

1050°C / 30 mins

(flowing air + | 43.57 3.93 1.323 0.930

better casket )

Required values >25 ~3.5 <L.5 >0.8

Table I provide the electrical performance of microwave sintered IPDs at 1050°C with various
soaking times. It is clear that the electrical performance of the microwave sintered IPDs were found to
match, and in most cases better, the required values. However initially the parameter ‘Variance’, was
found to be higher, was circumvented by adopting a better casket design for heat containment and
passing a burst of air to achieve thermal equilibrium during the microwave processing of these
multilayer devices. Use of secondary susceptors was also found to be beneficial.

2. Microwave processing of Nanocrystalline Varistor Devices
In this case, the major objective is to reduce the processing temperature (so that high Ag

containing electrodes can be used) of the varistor devices by using the combination of nanocrystalline
formulations and microwave methodology. Initial microwave sintering experiments were performed on
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nano varistor radials. Commercial varistor samples were also microwave sintered for comparison.
Figure 3 shows the electrical characteristics of the microwave sintered varistors (at 1100°C/15 mins)
and it is evident that the nano sample exhibits excellent electrical performance, with the nominal
voltage (Vnom) increased significantly (from 650 V to >1100 V at 1 mA current; the actual value is
higher than this but due to equipment limitation we couldn’t measure larger values — see the flatness of
the voltage due to equipment saturation. Therefore another equipment is used for measurements
involving currents higher than 1 mA). To reduce the processing temperature, radials made from another
varistor formulation (obtained from Shanxi Corporation, China) were investigated. Using a novel
microwave assisted two stage sintering methodology'? (where in the difference in kinetics between the
grain boundary diffusion and grain boundary migration is exploited’® to minimise the grain growth
whilst achieving the required densification) nano varistor devices have been sintered at temperatures
lower than 1000°C.
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Figure 3: Electrical characteristics of the microwave sintered nano and
commercial varistor samples

Multilayer structures based on nano varistor formulation were fabricated with Ag and Ag/Pd
electrodes and were microwave sintered successfully to more than 98% densification at temperatures
lower than 950°C. The electrical performance of these devices were found to be superior to that of
micron Féﬁed commercial counter parts and the characteristics were on par with expensive Pt electroded
devices ™.

3. Scale-up production of Multilayer devices
Successful scale-up sintering of multilayer varistors (MLVs) was carried out by employing both
standalone microwave and hybrid heating techniques. When we used a single sagger and ~2000-4000

MLYV devices in a larger 6 kW microwave cavity for the initial scale up sintering experiments it was
found that at heating rates >25°C/mins, the large, dense ZnO liners commonly used in industrial
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practice to hold the dielectric samples were found to crack. However by performing a number of
methodical experimental trials, this was found to be avoided by employing optimum sintering
schedules viz., heating time: 90-100 minutes; soaking time: 20-30 minutes; cooling was achieved by
simply switching-off the magnetron and the total cycle time was between 150-180 minutes'®. All the
samples sintered well to obtain >99% densification. In contrast, the conventional sintering schedule
using an electric furnace involves a 3 h soak at 350°C and 2h soak at 550°C for complete binder
removal and a 12 h soaking time at the sintering temperature of 1200°C resulting in a 30 h total cycle
time to achieve >98% densification. Thus almost 90% reduction in processing time was achieved using
the microwave methodology whilst obtaining the similar densification. Also the microwave procedure
does not necessitate a separate binder removal step, which is a major processing advantage. A number
of further sintering experiments were performed involving multiple saggers (3-4) aligned either
vertically or horizontally to increase the through-put. Based on the results on density distribution,
temperature uniformity and electrical performance'® it was suggested that in practical situations
involving standalone microwave heating, a conveyer belt arrangement wherein sample saggers come
back-to-back would be a feasible scenario to sinter multilayer varistors without much thermal
gradients. However vertical stacking of multiple saggers were found to yield more homogeneous
density distribution and less variance in electrical performance during the hybrid sintering of MLVs.
Hybrid heating experiments also clearly indicated that the use of microwaves leads to finer
microstrucrture, better control over grain boundary phase formation and their distribution and are
indeed beneficial to the performance of the varistor devices'®'®, More than 12000 MLV units can be
sintered to high densification (>98%) using this methodology and the electrical properties were found
to be superior to that of the conventionally processed samples'®.

CONCLUSIONS

The microwave processing is found to be a viable alternative for the processing of a variety of
electroceramic devices. The method appears to be attractive in terms of its eco-friendliness, simplicity,
rapidity and general applicability.
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** Nominal voltage (Vnom): This is the voltage measured corresponding to 1mA current (Vma) through
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Clamp ratio (C;): This parameter gives the ability of the varistor and is expressed by C;=V:/ Vima
where Vc is the voltage measured for a given peak current Ic.

Leakage: It is the maximum current (or corresponding voltage) at which the varistor can be operated
without getting significantly heated. Beyond this limiting current the joule heating (I’R) of the ceramic
becomes dominant and leads to degradation.

Variance: It is the square root of the standard deviation of the Vnom values.
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ABSTRACT

The ceramic industry uses enormous amounts of energy, in order to make products at high
temperatures. In order to protect the earth's environment, the manufacturing industry has to reduce their
energy consumption. Energy saving measures based on sintering process improvements are studied.
The microwave sintering is expected to be an effective processing method that saves energy. The
advantages of microwave sintering are as follows: 1) self-generation of heat, 2) selective heating is
possible, and 3) rapid temperature rise and drop. If these features can be employed efficiently, it is
thought that not only a process that is environmentally friendly is developed but also materials with the
new characteristic can be obtained.

Barium titanate in the presence of a liquid phase was irradiated by a continuous use of lower,
increasing levels of power (power-control method). We conducted experiments by varying the amount
and method of barium borate. As a result, it has been understood that the samples were densified at
temperatures below those at which the liquid-phase is normally formed which reported by phase
diagram. In a wide temperature region, the sample made by using the reaction sintering was densified
than the sample that made the barium borate beforehand.

INTRODUCTION

To concern about the environment of the Earth, The manufacturing industries for the 21¥ century
will have to reduce their consumption of energy. On the contrary, the ceramic industry uses many
heating processes to make those products with high temperatures as necessary and the length of heating
requires a sizeable amount of energy. Ceramics are generally recognized to be sintered, when these are
conditioned on the uniform temperature distribution in the gas or the electric furnace. This process
would be able to apply well for mass production. However, a large amount of energy is consumed due
to maintaining the temperature of the inside furnace material or the container, rather than being used in
the manufacturing for the target product. If the energy shall be used more efficiently to concern of
energy conservation, the sintering process should be done by less enerz%y, also. Consequently, the
microwave sintering process has been attracting attention since the 1990s ' as being energy efficient.

Barium titanate is widely used as a material for multilayer ceramics and thick-film capacitors
because of its high dielectric constant **. Because barium titanate is used in large quantities as a
material in electronic devices, considerable energy savings could be achieved if barium titanate could
be sintered at a reduced temperature. It is reported that for LTCC (Low Temperature Co-fired
Ceramics) application, barium titanate is sintering at 1000 € for 24 hours with the incorporation of
silicate glass system >, In addition, there is a report saying that a sintered body of relative density
around 90% was achieved by 900 € for 8 hours by adding boron oxide or lead borate to a barium
titanate ®, Our aim in this research was to develop a low-temperature sintering method that combines
the microwave sintering method, which is expected to give an energy-saving effect, with the
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liquid-phase sintering method currently used as a low-temperature sintering method "'", The
liquid-phase component used was barium borate, which forms a liquid phase was melting at 924 €
when mixed with barium titanate '?: no other chemical components are formed. We conducted
experiments by varying the amount of barium borate and modifying its method of addition. We
examined the addition method of the fluid phase to make a sample by a simpler method. Also, we
examined the effects of combining microwave sintering and liquid-phase sintering and we compared
the resulting samples with samples produced by conventional heating in an electric furnace.

EXPERIMENTAL

Barium titanate (BT-01, Sakai Chemical Industry Co., Japan) was used as a raw material. Barjum
borate, used as the liquid-phase material, was prepared in situ from barium carbonate { 99.9%, Wako
pure chemical industries Co., Japan) and boric acid ( 99.5% (minimum), Kanto Kagaku, Japan). The
amount of liquid-phase material added was varied between 5, 10 and 20 mol%. The addition was
carried out by two methods; 1) barium carbonate and boric acid were mixed with barium titanate; we
call reaction sintering method, and 2) barium carbonate and boric acid were mixed beforehand and
calcined at 1120 °C to form barium borate and then this was mixed with barium titanate; we call
premixed method.

Green pellets were formed by using a uniaxial pressure of 17 MPa and a cold isostatic pressure of
98 MPa. A magnetron multimode microwave furnace (MW-Master, Mino Ceramic Co. Ltd., Mizunami
Japan) operating at 2.45 GHz was used for the sintering experiments. The sample was placed in a
thermally insulated box, the inner surface of which was coated with SiC to act as a susceptor. The
microwaves were generated by a magnetron with a 1.5-kW maximum rating at 2.45 GHz. The
temperature was controlied by adjusting the voltage and current to induce a variable load on the
magnetron. The sample temperature was measured by using an optical radiation thermometer. The
density of the sintered samples was measured 100
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a relative density of all samples decreased
when the sintering temperature became
950 € or more. On the other hand, the
situation was different when reaction
sintering was used. The sample was not
densified at 900 € when 5 mol% of
liquid-phase material was added. The
density increased to 90% at 950 €, which is
above the temperature necessary for the
generation of a liquid phase. When the
amount of liquid-phase material was 10
mol%, a relative density of 80% was
achieved at 850 €. The density increased
with increasing temperature, reaching 97%
at 900 €: it then remained almost constant
at up to 950 €. When 20% of liquid phase
was used, the densification behavior was
different: after decreasing tendency in
relative density between 850 € and 875 €,

the densification of the sample advanced at
up to 900 €, as in the case of the sample
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containing 10 mol% of liquid phase. However, function of sintering temperature in case of
the density decreased when the sintering reaction sintering process sample. MW-MS and

temperature exceeded 900 €. When we used

CS mean microwave premixed sintering and

a conventional electric furnace, a sample conventional sintering, respectively.

containing 20 mol% of BaB,0, was not
densified at 950 €.

Figure 3 shows the changes in the
electric power consumed by the
microwave furnace for samples of various
compositions by using reaction sintering.
The heating rate was 0.5 €/s and the
sintering temperature was 900 € for 1200
s. The least energy was consumed for the
sample containing 5 mol% of liquid phase.
Samples containing 10 or 20 mol% liquid
phase showed almost equal power
consumptions. However, electric power
was consumed more efficiently at low
temperatures by the sample containing 20
mol% liquid phase. Because the liquid
phase absorbs the microwave easily, it is
thought that the generation of the liquid
phase became early.

We consider the process for generating
the liquid phase on the basis of the results that
we obtained by using the microwave furnace.

200 T—T— T

| Temperaturge/ Temperature

Y

rise zone 4 L; hold zone

150 - "4

~ —1000

Power /W
=]
o

Temperature profile ]

Temperature / °C

50 500
a 5 mol%
B b 10 mol%
l 1 lc"— -I = 20 n"'lulﬂ"5
0% 1000 2000
Time/s

Fig. 3 Change in consumed power in the furnace with
time.
Sintering condition:
Holding 900 °C for 1200 sec.

It is known that barium borate forms a liquid Rate of temperature increase 0.5 °C / sec-

phase at 924 € when mixed with barium
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titanate. When we used the conventional furnace, none of the samples was densified at 900 €, but the
samples containing 10 or 20 mol% barium borate were densified at this temperature when the
microwave furnace was used. This situation was the same also in the sample of the reaction sintering
and the sample of the simple mixture sintering. When large amounts of liquid-phase material were
present, large amounts of energy were consumed in the furnace. This shows that the liquid-phase
component itself absorbs large amounts of energy. Because the liquid-phase component absorbs
microwave energy, the sample is self-heating. Therefore, it is likely that the temperature of the liquid
phase rises above the measured temperature, because the measured temperature records the temperature
of the composite as a whole.

The density of 20 mol% of liquid phase containing sample decreased at sintering temperatures
exceeding 900 €. We believe that the presence of lots of pores in the microstructure a result of
effusion of the too much generated liquid phase to the outside of the sample. In other words, the
liquid-phase forming component played a role even at 900 €. However, it flowed out from the sample
easily and did not assist in the liquid phase sintering so the viscosity was lowered at temperatures
higher than 900 €. On the other hand, all the densities of the sample of the simple mixture system
decreased when the sample was sintered more than the temperature that the liquid phase generated.
Because the particle of the liquid phase element exists as a big mass in the simple mixture system, it is
thought that it became easy to flow in the generated liquid phase.

CONCLUSIONS

We obtained the following results when ceramics were sintered by liquid-phase microwave
sintering.

1) The sample was densified at a temperature below the temperature where the liquid phase is
normally generated when a sufficient amount of the liquid-phase material was present.

2) In cases of premixed sample, the density of all samples became greatest in the vicinity of 925 €

3) In cases of reaction sintering sample, the sample containing 10 mol% of liquid-phase material
was efficiently densified.

4) When too much liquid-phase material was present, densification of the sample was obstructed.
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ABSTRACT

Microwave (MW) heating selectivity was exploited in this work for the rapid thermal
debinding of parts obtained by Ceramic Injection Moulding (CIM). Since the organic binder
preferentially absorbs microwaves with respect to ceramic powders, heat can be efficiently
transferred to the green parts, despite their low thermal conductivity which renders conventional
heating techniques less effective. However, one of the major drawbacks of microwave-assisted
processes is the lack of reproducibility of the results, and of non-adequate experimental conditions
and procedures which can lead to misleading conclusions on the effective yield of the process. A
rational approach to overcome this problem, consisting in numerical simulation coupled to Design
of Experiments (DoE) technique was used. In this way it has been possible to optimize the MW-
assisted thermal debinding of ring-shaped CIM parts in multi-mode applicators operating at 2.45
GHz, reducing processing times from the original 80-140 hours (depending on the shape and
dimensions of the samples) by conventional heating to 6 hours by dielectric heating.

INTRODUCTION

During forming of technical ceramic green parts by Ceramic Injection Moulding (CIM), it is
necessary to use an organic binder, which can be of different nature and added in different
quantities (up to 40 wi%). The binder must be removed prior to sintering, in order to avoid defects
or breakage of the final products. The industrial debinding is typically conducted with chemical
methods (ex?loiting for example solvents' or supercritical CO,?%), thermal methods (exploiting
conventional® or microwave*® heating) or with a combination of both®.

Thermal debinding requires an appropriate debinding temperature (generally lower than
600€), depending on the organic binder nature and a slow and accurately controlled heating. In
fact a too rapid heating could induce overpressures in the green parts, inducing distortions, cracking
and porosity formation’. When heat is generated in the load by dielectric heating, these
requirements result particularly demanding, but proper microwave-matter interaction conditions
could help increasing heating homogeneity in the green parts. As a matter of fact, the possibility of
controlling accurately the electromagnetic field distribution in the load and consequently the heat
generation on the basis of dielectric properties of the load makes microwave an attractive
technology to perform thermal debinding, also in combination with other heating methods
(resistance heating, infrared, hot air,...).

Power density distribution generated in the material, as a consequence of the MW-matter
interaction, is given by Equation 1:

Pd(X,y,Z) =W 8OsueffErrns2 to HOP”efTHrms (1)

where:

P4 = power density in the material (W/m®), at the position (x,y,2),
w = 2nf (Hz), f = frequency of the incident microwaves,

"y = effective loss factor, including conductivity losses,

W" e = imaginary part of the effective magnetic permeability,
Ems= local (x,y,z) electric field intensity (V/m),

Hms= local (x,y,z) magnetic field intensity (A/m).
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Therefore, as shown in Equation 1, depending on the dielectric properties of the organic
binder and of the ceramic powders, as well as on the electromagnetic field distribution inside the
material, heat can be preferentially generated in the load. In particular, since currently used organic
binders present a loss tangent higher than most oxide-based ceramic materials at temperatures lower
than 600€ 5 heat selectivity can be successfully achieved, and the binder is thus heated
volumetrically in the whole CIM part. This selective heating is expected to lead to a faster thermal
debinding, which has no longer to rely on the slow heat transfer by conduction and convection.
However, when processing simultaneously multiple CIM parts, the use of medium-size multi-mode
microwave applicators is almost mandatory, which means that there is a strong possibility of having
not homogenous electromagnetic field distributions in the load, and, according to Eguation I,
uneven heat generation in the load. For this reason, when dealing with a microwave multi-mode
applicator, one of the major drawbacks regards the poor reproducibility of the treatment, if not
properly controlled. In this framework, numerical simulation is a useful tool to investigate the local
electromagnetic field distribution inside the load, allowing to determine the most favourable
microwave-matter interactions’. Modeling large and complex systems however, requires enormous
computational resources, and consequently, time. Thus in the present study, in order to reduce the
number of computational simulations, Design of Experiments (DoE) techniques were applied,
performing the experiments in a “virtual” environment, namely the simulated multi-mode
applicator. In our case, being the experiments indicated by DoE firstly performed by numerical
simulations, we refer to our approach as Virtual Design of Experiments.

EXPERIMENTAL

Ring-shaped CIM green parts made of Al,O; containing up to 35 wt% of organic binder,
were used for the microwave assisted thermal debinding process. To obtain input data for numerical
simulations, room temperature dielectric properties of the green parts were measured in the 1-3
GHz frequency range using an Agilent 8753D Vector Network analyzer connected to the Agilent
85070E dielectric probe kit. Smooth disc-shaped samples were prepared in order to optimise the
contact between the probe and the material during the dielectric properties measurements. In order
to reduce the number of numerical simulations, needed to reach the most possible optimized
configuration, in terms of process speed, heating homogeneity and energy efficiency, the software
Design Expert v.6 was used. The independent variables of the studied process, inserted in the
software were:

e number of samples positioned in the MW cavity (from 4 to 20),
o reciprocal distance between each sample (from 2 to 12 mm),
o refractory materials (microwave absorbing SiC element or microwave transparent Al,O;
fibre board).
Once the software returned the experimental plan needed to investigate variables interactions, an
overall of 18 virtual experiments were performed in order to determine the system responses.

The software Concerto 4.0 (Vector Fields, U.K.) was used to firstly perform experiments
trough numerical simulation of the electromagnetic field distributions, in a cavity simulating the
CEM-MAS 7000 (CEM, U.S.A.) furnace. The mode! used to simulate the CEM-MAS 7000 cavity
is shown in Figure 1. Load materials with their equivalent dielectric properties measured at room
temperature and at 2.45 GHz are reported in Table 1. Output data obtained from numerical
simulations were the volumetric Specific Absorption Rate (SAR, in W/kg) distribution, form which
mean value, variance and gradient were calculated in each green part and in the whole load. The
total dissipated power (W) was also extracted from the model results and used as a measure of the
overall energy efficiency of the process. All the output data from 18 numerical simulations were
then re-inserted in the DoE software to obtain the optimised model with the highest desirability.
Experimental validation of the optimised debinding conditions of CIM green samples were
performed in a CEM-MAS 7000 microwave furnace.
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The non-homogeneous electromagnetic field distribution in the MW cavity does not assure
that all CIM parts are subjected to similar heating treatments and for this reason preliminary heating
tests up to 250C were performed measuring temper ature with four Neoptix Reflex optical fibres
placed in contact with four different samples each run. Preliminary tests allowed to conclude that no
relevant temperature differences could be detected for different parts, in particularly when the MW
co-absorber (C-shaped SiC element) was used. Optimised treatments temperature was measured by
means of a single Neoptix Reflex optical fibre in the temperature range 20-250C and with a
Mikron sapphire fibre, to assure the achievement and the maintenance of the debinding temperature

of 600€.

wo

Figure 1 — Model of the applicator (A) with the microwave feeding waveguide (WG), refractory
chamber (C) and load position (L). Applicator dimensions are approximately 400 x 330 x 280 mm.

Table I — Model materials with lettering according to Figure 1 and equivalent dielectric properties at

2.45 GHz; (m)= measured

Part Material Dielectric properties™ !
Applicator walls (A) Perfect electric conductor

Waveguide (WG) Perfect electric conductor

Refractory chamber (C) Alumina fibre 9.5-j0.000285

Refractory plates Alumina or SiC | 8.9-j0.009 or 30-jl1
CIM alumina (green parts) (L) AlLLOs + 25 wt% binder 12-j0.2 (m)

RESULTS AND DISCUSSION
In Table II are reported the independent variable values for the 18 models selected by DoE
software. On the basis of DoE experimental plan, 18 numerical simulations were performed.

Table II. DoE experimental plan in terms of number of parts, reciprocal distance between each part
and refractory board material (S = SiC, A = alumina)

Model # 1234 6|78 9jw0|un|2l|4lis]|16]17]18
numberof 14 1 20 | 4 | 20 20 1212|124 |20|4|2|4 202 2 12
parts
reciprocal 1,y g | 72wzl 2 2 2jizl7r7]2 |27
distance (mm)
refractoryboard | o | o | ¢ | g s|sis|s|alajalairalalala|a

material
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Figure 2 and 3 show results in terms of SAR distribution in the middle layer of xy and xz planes for
samples treated in the presence of C-shaped silicon carbide MW co-absorber and of an ALOs
refractory plate respectively.
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Figure 2. SAR distribution in the middle layer of xy (each figure top) and xz (each figure bottom)
planes obtained from numerical simulations in the presence of C-shaped SiC element, as MW co-
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Figure 3. SAR distribution in the middle layer of xy (each figure top) and xz (each figure bottom)
planes obtained from numerical simulations in the presence of Al,O; refractory support.

As it is clearly visible by two different ranges for SAR distribution in Figures 2 and 3, C-
shaped SiC element surrounding the samples into the MW cavity, strongly attenuates the
electromagnetic energy directed on the CIM parts. Silicon carbide presents a high MW absorbing
behaviour, as well as a high thermal conductivity. For this reason SiC is expected to homogenise the
temperature distribution also due to its capability of rapidly conducting heat towards the colder
regions.

From the SAR 3D distribution, the quantities shown in Table III have been calculated.
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Table III — Overall power dissipated (P diss) in the load, in the green parts (P diss CIM), power
dissipated per CIM part (power/part) and Variance and Gradient of the SAR in the load, as a

function of the model geometrical parameters.

Model # P diss (W) power/part (W) Pdiss CIM (10° W) Variance (SAR) GRAD(SAR)
1 470.1 31650 1.27 100 1.54
2 4725 27634 5.53 383 6.58
3 469.8 25610 1.02 68 1.24
4 472.9 31904 6.38 681 7.58
M 469.8 28768 1.15 83 1.39
6 472.4 29172 5.83 472 6.68
7 4714 28642 3.44 243 4.1
8 470.9 28140 3.38 267 4
9 470.8 26185 3.14 203 3.59
10 10.5 1.56E+06 62.6 265000 75.7
11 13.3 0.41E+06 82.2 116000 94.91
12 2.8 0.41E+06 16.3 18262 19.28
13 16.3 0.50E+06 100 172000 115.77
14 18.5 0.21E+06 109 829000 131.12
15 311 0.97E+06 195 585000 217.38
16 20.9 1.03E+06 123 407000 143.12
17 23.2 1.17E+06 140 674000 161.62
18 21 1.09E+06 131 507000 146.28

As expected the presence of C-shaped SiC element leads to an increase of the overall
dissipated power into the whole load due to the good MW absorbing capabilities of SiC itself. As a
direct consequence, each CIM part experiences a SAR of one or two order of magnitude lower than
in case of using an alumina refractory plate. As a consequence, the homogeneity factors, i.e.
average SAR gradient and SAR variance, are also much lower in presence of SiC.

From the DoE response surface method reported in Figure 4, it is clearly visible that the
stronger dependence of the power dissipated per CIM part is due to their reciprocal distance rather
than to the number of parts constituting the load. In fact parts placed nearer tend to present a higher
power generation, no matter how many parts are present in the cavity. This applies both to the
presence of SiC element (left column) or Al,O; refractory plate (right column).

C-shaped SiC element

Al O; refractory plate

Power dissipated in each CIM part

Figure 4. Power dissipated in each CIM part.
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A possible explanation lies in the electromagnetic field distribution inside the modelled
furnace, which tends to be concentrated in the central regions of the microwave applicator. Thus, in
case of parts placed at close distance, they tend to be positioned near the applicator central part, and
hence being subjected to higher power generation. Through Virtual Design of Experiment approach,
it has been possible to determine the optimised debinding treatment, in terms of heating
homogeneity and energy efficiency; it consisted in a load configuration made of 20 CIM parts,
spaced 2 mm and surrounded by the C-shaped SiC element. This configuration corresponds to
model 2 in Figure 2. Desirability of this configuration as obtained by DoE is 50.4%.

Figure 5 shows the expected 3D SAR distribution in case of optimum treatment conditions.

0.000

Figure 5. Expected 3D SAR distribution in case of optimum load configuration made of 20
CIM parts, spaced 2mm and surrounded by the C-shaped SiC element.

This optimised load disposition was then experimentally validated in a muiti-mode CEM
MAS 7000 microwave furnace. The resulting debinding time using microwave was found to be 6
hours, in case of 5 mm thick rings. Debinding times in conventional industrial processes for such
samples are in the 80-140 hours range, depending on the shape and dimensions of the samples.

In the attempt to further reduce the debinding time in the MW assisted approach, blisters and
distortions of samples appeared. It is noticeable that it was impossible to obtain non cracked
samples when applying conventional heating cycles similar to the microwave-assisted ones.

Figure 6 shows the green parts after microwave assisted debinding in the optimised
conditions.

Figure 6. Ring-shaped alumina samples after 6 hours debinding in microwave multi-mode
applicator. On the top left two examples of green parts before microwave assisted debinding.
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CONCLUSIONS

DoE technique coupled to numerical simulation of electromagnetic field distribution in a
microwave multi-mode applicator allowed to drastically reduce time required to reach the
optimization of MW-assisted debinding process of CIM green parts. In fact, the so-called virtual
Design of Experiments approach allows to find the best load configuration in terms of number of
CIM parts, reciprocal distances between each sample and supporting/surrounding material to be
used. In particular, in case of ring-shaped alumina samples, the optimum load arrangement
consisted of the maximum number of parts, positioned at the minimum distance from each other
and surrounded by a C-shaped silicon carbide MW co-absorber.

Computational results were subsequently confirmed by experimental validation. Microwave
assisted debinding of CIM parts in a multi-mode CEM MAS 7000 applicator led to a reduction
from 140 to 6 hours with respect to conventional industrial processes.
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ABSTRACT

Ceramics based on the Y;Os-stabilized tetragonal zirconia system are well-known for
exhibiting superplastic properties in tensile testing at elevated temperatures. It is also known that in
order to attain High Strain Rate Superplasticity (HSRS) in zirconia ceramics it is necessary both to
suppress grain growth during sintering and to enhance cation diffusion. The present investigation was
initiated to evaluate the potential for producing a zirconia-spinel nanocomposite suitable for achieving
superplasticity using a processing method based on Spark Plasma Sintering (SPS) where this is a very
rapid electric current-activated sintering technique having a heating rate of 300C/min. The
experiments show that it is possible to achieve almost fully-dense tetragonal ZrO, nanocomposites
dispersed with 30 vol% MgAl;O, at the relatively low processing temperature of 1523 K by using a
combination of high-energy ball-milling and SPS. Microstructural observations were made after
processing and they revealed an average grain size of the order of ~100 nm. It is shown using
microhardness measurements that the disks produced using SPS are essentially homogeneous across
their diameters thereby suggesting these nanocomposite materials probably have a potential for
exhibiting excellent superplastic behavior.

INTRODUCTION

Superplasticity refers to the ability of some materials to pull out, in a generally isotropic
manner, to exceptionally high elongations when testing in tension. Typically, superplastic flow is
considered as tensile elongations equal to or greater than 500%.

Although superplastic behavior was reported in many metallic alloys over a period of many
years, it was generally considered that ceramic materials are inherently brittle and therefore they
appeared to be incapable of exhibiting high tensile ductilities. This belief changed on July 5, 1985,
when Japanese newspapers (Asahi Shimbun, Nippon Keizai Shimbun and others) reported the
remarkable tensile ductilities achieved by Wakai and co-workers in experiments on an yttria-stabilized
tetragonal polycrystalline zirconia (generally designated as 3Y-TZP where the number preceding Y
denotes the mole percentage of ytiria). Specifically, this early work showed an elongation of >120%
which, although not large by comparison with superplastic metals, was nevertheless unusually high for
a ceramic material. A report of this work appeared in 1986 in the scientific literature’ and
subsequently later reports documented elongations as high as ~800% in 3Y-TZP? and ~1038% in
2.5Y-TZP containing 5 wt % Si0;.° A later report described a tensile elongation of ~1050% in a
composite of zirconia, alumina and spinel when testing at a temperature of 1923 K at a strain rate of 1
s which is exceptionally rapid for this type of flow. Since High Strain Rate Superplasticity (HSRS)
is defined formally as superplastic flow occurring at strain rates at and above 10" s, it is clear that this
latter result falls within the HSRS regime.” An early review described the occurrence of
superplasticity in ceramics® and a later review summarized the superplastic behavior of a range of
materials including metals, ceramics and intermetallic compounds.’
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Superplastic flow in metals is now well documented in the scientific literature. Flow occurs by
the mechanism of grain boundary sliding in which individual grains in the polycrystalline matrix move
over each other with the deformation occurring at, or immediately adjacent to, the boundary plane.?
However, a polycrystalline matrix cannot deform solely by grain boundary sliding without opening up
large voids and in practice some concomitant accommodation process must occur within the grains.
The basic model for superplastic flow in metals involves sliding accommodated by some limited slip
within the adjacent grains,’ where this is consistent with direct experimental evidence for the
accommodation process.’® The situation in ceramics may be different because an analysis suggests the
anticipated yield stresses for dislocation slip are significantly higher than the flow stresses measured
experimentally in superplastic experiments on 3Y-TZP.'" This has led to an alternative proposal for
these ceramic materials in which superplasticity occurs through the occurrence of Coble diffusion
creep controlled by movement of the Zr** ions.'" The latter proposal is consistent with a detailed
analysis of the flow behavior,'>"?

The present research was initiated to evaluate the potential for using a combination of ball-
milling and Spark Plasma Sintering (SPS) to produce a fully-dense tetragonal zirconia nanocomposite
containing 30 vol% MgAl,O, that may be suitable for exhibiting superplastic characteristics. Earlier
investigations showed the possibility of using SPS for the production of superplastic ceramics and
nanocomposites'*'” and it is well known that excellent superplastic properties are often achieved in
yttria-stabilized zirconia through the use of doping,'®'®

EXPERIMENTAL MATERIAL AND PROCEDURES

The experiments were conducted using two starting materials: a high-purity 3 mol.% Y,0;-
stabilized tetragonal ZrO; nanopowder (TZ-3Y, Tosoh Co. Ltd., Tokyo, Japan) with a ~40 nm particle
size and a specific surface area of 16 m”.g"' and a high-purity magnesium aluminate (MgALOy) spinel
nanopowder (American Elements, CA, USA) with an average particle size of ~30 nm. Milling was
achieved using an attritor, a high-energy ball mill used in mechanical alloying. The powder was milled
for 2 h with ethanol to prepare a composite powder. In order to prevent any extraneous contamination,
the grinding media and the container of the attritor were made from zirconia. Following milling, the
mixture was dried, crushed and sieved in order to yield a homogeneous particle size.

The powder mixtures were placed into a graphite die having an inner diameter of 19 mm and
then subjected to different loads of 20 kN or 30 kN corresponding to nominal pressures of 70 and 106
MPa, respectively. During application of the pressure, the specimens were heated from room
temperature with a heating rate of 300€/min to different sintering temperatures of either 1473 or 1523
K using a Spark Plasma Sintering (SPS) system under vacuum. A schematic illustration of the SPS
facility is shown in Fig. 1. The total time for processing was 700 s to produce a ceramic disc with a
thickness of 1-2 mm consisting of Y-TZP-30 vol % MgA1,O4. The discs were then cooled to room
temperature. Throughout the ‘processing operation, the temperature was controlled and monitored
using a thermocouple located through a hole at the external wall of the graphite die.

Following processing by SPS, the relative densities of the specimens were measured using the
Archimedes method with the theoretical density of the composite calculated as 5.31 40 > kg.m™ based
on the conventional rule of mixtures.

In order to obtain information on the homogeneity of the microstructures within each disc,
microhardness measurements were conducted using a Vickers microhardness tester with an indentation
load of 1000 g and a dwell time of 15 s. The hardness measurements were taken on the cross-sectional
areas of the specimens. For microstructural observation, the specimens were mounted, mechanically
polished and relief etched using colloidal silica. A thermal field emission scanning electron
microscope (SEM) with a resolution better than 2 nm (JEOL JSM-7001F) was used for microstructural
characterization. The microscope was equipped with an Energy Disperse Spectrometer (EDS).
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Figure 1. Schematic illustration of the SPS system

EXPERIMENTAL RESULTS AND DISCUSSION

For the spark plasma sintering, different temperatures and pressures were used in order to
evaluate the effect of temperature and pressure on the density and homogeneity of the microstructures.
The range of temperatures and pressures were determined based on previous experience with zirconia
ceramics.”*? It was shown an earlier investigation that pressure has the greatest influence on the final
density of the nanoscale zirconia ceramics.”

Figure 2 shows a representative SEM micrograph and EDS spectrum of the microstructure of
the sample processed by SPS at 1523 K with a pressure of 106 MPa, An average grain size of ~100
nm was estimated for this specimen based on the fracture surface in high-resolution SEM micrographs.
This is smaller than the reported grain sizes of ~290 nm and ~420 nm for zirconia and spinel phases,
respectively, obtained via a pressureless sintering process with a higher sintering temperature.’

In order to attain high strain rate superplasticity in ceramics, it is known that a nanoscale grain
size is critical. In the present study, it is important to note that very limited grain growth was observed.
In Fig,. 2, the microstructural observations show a dense zirconia matrix with a well-dispersed spinel
phase across the specimen. The dispersion of the second phase is also of considerable importance in
obtaining favorable microstructures. In Fig. 2 the light-colored phase corresponds to the zirconia
phase and the darker phase was identified as the spinel phase. The EDS analysis, also shown in Fig, 2,
confirms the presence of the two main phases of zirconia and spinel with no evidence for any
extraneous impurities. It should be noted that the carbon peak in the EDS spectrum comes from the
epoxy in which the specimen was embedded.
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Table 1 records the measured densities of these discs and it can be seen that a relative final
density of >95% was achieved in the sample pressed at 1523 K under a pressure of 106 MPa. This
also corresponds to the microstructure in Fig. 2 and it demonstrates the great importance of pressure in
the densification of these specimens.

Table 1. Characteristics of the specimens processed by SPS.

Material Heating rate Temperature Pressure | Hold time (s) | Theoretical
(€/min) (K) (MPa) Density %
Zr0»-30 vol% spinel 300 1473 106 700 >04
Zr0,-30 vol% spinel 300 1523 70 700 >91
ZrQ,-30 vol% spinel 300 1523 106 700 >05

Intensity

™ L I'III ] II.’I LU
Energy (kev)

lum

Figure 2. An SEM micrograph and an EDS spectrum of the Y-TZP-30 vol% spinel composite
after processing by SPS at 1523 K under a pressure of 106 MPa.

Finally, Fig. 3 shows the values of the Vickers microhardness, Hv, for the two samples
processed by SPS at 1523 K with the individual values of Hv plotted against the distance from the
centers of the discs. These results are very encouraging because both sets of data confirm that the
microstructure is very homogenous because the hardness remains practically constant across both
diameters. Although the results from the two discs shown in Fig. 3 are similar, there is some evidence
that a higher pressure during SPS may result in specimens having higher values of the Vickers
microhardness.

The overall results from these experiments are encouraging. It is shown that a combination of
high-energy ball milling and SPS is capable of producing excellent samples of a nanoscale zirconia-30
vol% spinel composite. The measured high densities and excellent homogeneities suggest these
materials would be favorable for measuring superplastic properties at elevated temperatures.
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Figure 3. Variation of the average Vickers microhardness, Hv, with distance from the center of the
samples processed by SPS.

SUMMARY AND CONCLUSIONS

Experiments were undertaken to evaluate the potential for using ball milling and spark plasma
sintering to produce a nanoscale composite, in the zirconia-spinel system having properties favorable
for exhibiting superplastic characteristics. The following conclusions follow directly from this
investigation:

(1) A very rapid electric current-activated sintering technique, or spark plasma sintering, with a
heating rate of 300€/min and pressures up to 105 MPa was employed to produce a
nanoscale ZrO,- 30 vol% spinel ceramic composite at a relatively low temperature of 1473
K in a total time of 700 s.

(2) The results show it is possible to achieve very high density composites, with relative
densities up to >95%, and with true nanoscale grain sizes in the range of ~100 nm.

(3) Detailed microstructural observations reveal a well-dispersed spinel phase across the
specimens and arrays of small grains that are appropriate for achieving superpiastic flow.

(4) By taking detailed values of the Vickers microhardness across sintered discs, it is shown
that the materials exhibit excellent microstructural homogeneity.
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ABSTRACT

Nano-particles densify faster than coarse (or submicron) particles. They also undergo higher
volumetric shrinkage than coarse particles during sintering. By fabricating layered structure of coarse
and nano particles of alumina powder having an interface of coarse particle/nano-particles, the
volumetric shrinkage differential between the distinct layers constitute pressure on the coarse particles
while sintering is in progress. The resulting dynamic compressive stress generated promotes mobility
of the coarse particles, thus enhancing densification. By grinding off the outer tensile nano-particle
layers after densification, the inner coarse particle layer is freed from residual stresses. Comparing the
density obtained by this technique with the conventional pressureless sintering, significant
enhancement of densification has been achieved, and it is shown that the higher the ratio of the
thickness of the fine layer to the thickness of the coarse layer (the thickness ratio), the higher the
densification enhancement.

INTRODUCTION

Efforts are being made to im&)rove the processing technologies of ceramic materials in order to
improve their mechanical resistance !' ~*!, and densification =%, especially for those required for
structural applications. Improved densification also enhances fracture strength. These informed the use
of sintering aids ®~'%, hot pressing """ ' spark plasma sintering (SPS) [">~ "], and hot isostatic

H

pressing '”! to enhance densification at lower sintering temperatures. Sintering aids are effective for
densification enhancement but their applications are not general, as specific aids are effective for
specific material(s), and some aids are harmful to other properties of the sintered matrix ! '°), Hot
pressing and spark plasma sintering processes are costly, involving expensive equipment. The
effectiveness of hot pressing and SPS lie in the sustenance of pressure during the sintering process,
helping to bring the powder particles together as heat is being applied, thus promoting densification.
Nano particles densify faster than coarse (or submicron) particles. They also undergo higher shrinkage
than coarse particles during sintering. By fabricating layered structure of coarse and nano particies
having an interface of coarse particle /nanoparticles, higher shrinkage rate in the nanoparticle layer(s)
constitute pressure on the coarse particles while sintering is in progress. This is similar to hot pressing,
though the pressure is not axial in this case. The aim of this work is to employ nanoparticle alumina
powder to enhance densification of coarse alumina powder by layered architecture. The nano layer will
be subsequently eliminated by polishing to characterize the coarse dense body and evaluate the
effectiveness of this technique.

THEORY

Figure 1 shows a schematic of a green compact comprising of coarse ceramic powder
sandwiched between fine ceramic powder layers. As sintering commences, the fine layer begins to
shrink, thereby exerting stress on the coarse particles. Given that the fine particles
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F y G ' "

FB_’ 4—':B

F » —
Fig. 1. Schematic of sandwiched coarse Fig. 2. Schematic of forces acting on the
powder between nano layers sandwich structure during sintering

undergo more shrinkage than the coarse particles, then the stress (o) acting on the coarse particle layer
at any time could be represented as ¢ = EAg, where E is the modulus of the coarse layer and Ae is the
instantaneous difference in shrinkage between the fine particles and coarse particles. Figure 2 shows
the forces acting on the structure as sintering commences. The fine particle layers F, are subjected to
tensile stress due to their higher shrinkage while the coarse particle layer (Fg) is subjected to
compressive force. These forces are transmitted along the interfaces.

Considering a situation where the different layers are sintered separately, the fine particle layer
(A) would shrink to a length La, the coarse layer (B) shrinks to a length Lg. But for the sandwich
structure (F), a final uniform length Ly, will be attained. This is depicted in Figure 3.

Lo
| F Lax
L C
| B |
Ls

Fig. 3. Schematic of lengths of the different layers
ANALYSIS
The following assumptions are implied:
1. The layers behave linearly elastic
2, The interface is strong and intact throughout

For equilibrium of forces at the interface (from Fig. 2),
2F,=F, )]

From F = ke , where F is the active force along the interface, k is the stiffness (k= E4/L)and ¢ is
the change in length,

2k 6 =kye, ©)]
2E, AL, -L)/L,=E Ag(Ly-L;)/ L, 3)

LetE, = ¢E,. Then,
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Fig. 4 Schematic of aerial view of plate B with and without sandwich design

Figure 4 shows the aerial view of plate B. Without the fine-particle layers, B is porous, having
density p%, and dimensions of width y and length x (x = L). By the sandwich arrangement, the length
now shrinks by Ax to the final length (L, ). Simultaneously, the width shrinks by Ay, to bring the piece

to full densification. Then equation holds.
YAx + xAy - AxAy = xy(l-p)  (5)
Let y = nx, then, Ay = nAx, from which

yAx + nxdx ~n(Ax)’ =xy(1-p)  (6)

n(Ax)? - (y +nx)Ax + xy(1- p) =0 )]
n(Ax)? - 2yAx + xy(1- p) =0 (8)
Ax=2yt,/4y2—4nxy(l—p) ©)
2n

szx(l_—\/;) (10)

Now, x=L,, L,,—Lf = Ax
L,-L,=L,-L,~Ax=AL,, - Ax (SeeFig. 3).

Substituting these into (4) gives

Hhilar,-1,0-vp)-22L,0-p)  aw
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ﬂz LA(I"\/;) (12)
4, 24l 5 - L,(1-p))

. . . A4, t . .
Since the layers have equal widths at all times, =% = t—‘ =T = thickness ratio of the surface fine layer
B B8
to the middle coarse layer. Thus,

T=t4— LA(I_‘/;) 13

' Ly 2¢(AL.4B - Ls(l '*/;))

T, is the thickness ratio of the fine outer layer to coarse inner layer required to fully densify the inner

layer. If this ratio is not attained or other parameters such as AL ,, is not sufficient, p is too low (i.e.

porosity of plate is too high), or the prevailing temperature is not high enough, then the specimen
cannot be densified fully. For enhanced densification up to y, following similar procedure, (5)

becomes:

YAx + xAy - AxAy =xy(y - p)  (14)

T - Lll(—,ll—y+p) as)

" 2glaL - L{-T-7 4 p))

29T, AL ;5

2
—m} (p<y<l)  (16)

y=1+p—{l

(16) portrays the maximum densification, Y%, that can be achieved given that p% would normally be
achieved without this sandwiched design. The parameter ¢ is dynamic; varying from the green state

through to the sintered state. In the green state and in the early densification stage its value is greater
than unity (¢ > 1) since the elastic modulus of the nanoparticles compact is higher than that for the
coarse particles compact (also, densification of nanoparticles commence earlier). This is so due to the
higher binding strength of the green nanoparticles, making it stiffer. In the course of sintering and as
densification progresses, the stiffness of the coarse-layer ( £, ) becomes greater than the stiffness of the
nano-layer ( £ ,), as a result of its lower level of porosity. Thus, from some point in the sintering
history to the fully sintered state the parameter ¢ will now be less than unity (4 < 1). An average value
of ¢ would normally be used for the entire sintering process. To determine ¢, values of £, and E,

would be measured during the sintering histories of specimens A and B respectively, under similar
conditions of sintering specimens C;, and corresponding values of ¢ can be determined. The value of

¢ in (16) is then the average of the ¢ values.
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EXPERIMENTATION

A key requirement for this process is strong interface between the layers. In order to achieve strong
interface between coarse and fine powder a blend of nanopowder and coarse powder was made. 99.97
% pure alumina powder (APS: 150nm, Accumet materials) was blended with 99.98 % pure
nanoparticle alumina powder (APS: 10 — 20nm, predominantly y — phase, 5 - 20% a — phase, Alfa
Aesar) in the ratio 1:1. Green compacts were made from this blend by uniaxial compaction at 145 MPa
(Specimen B). Next, different masses of this powder were sandwiched between layers of the
nanopowder and uniaxially compacted at 145 MPa (specimen C;, i =1, 2, 3, 4). The thickness of the
nanopowder layer was the same for all specimens. The nanopowder was also compacted at the same
pressure (specimen A). All compacts were pressureless sintered at 1500 °C in air, and allowed to cool
in the furnace. Table I shows the thicknesses of the different layers of the specimens. The dimensions
of specimen A (L) and specimen B (Lg) were measured. The specimens were then polished. During
polishing, all regions containing the nanopowder layers (on the surfaces) were completely polished
out. The densities were then measured using Archimedes Principles, and microstructures of the
surfaces were observed under SEM.

Table I Specimens and their thicknesses

Specimens | Thicknessof Aty | ThicknessofBta |¢t,/t3=(T7)
(mm) (mm)
A 1.25 ~ ~
B ~ ~ ~
C, 1.25 2.0 0.63
C, 1.25 2.8 0.45
C; 1.25 3.7 0.34
Cs 1.25 4.1 0.230

RESULTS AND DISCUSSIONS
The materials involved in the experiments are chemically identical, differing only in particle size and
porosity. The values of ¢ would change from ¢>11to ¢ <1 from the green state to the sintered state

respectively. This brings the average value of ¢ close to unity. More so, since specimen B is
composed of the coarse and nano powders in ratio 1:1, the difference between E, and E, is further
reduced, bringing ¢ closer to unity. Thus, ¢ = 1 has been adopted as a good approximation in (16) in

this work. Measured parameters are: L, = 42.0mm; Lp, = 48.8mm; density of B =80.94% (p =
0.8094); ALag = 6.80mm. Table 2 shows the parameters for specimens C;.

Table Il Measured densities for different thickness ratios

Specimens | ¢, /ty=(7,) | Density (y %)
C 0.63 96.15 Figure S is a plot of (13) for given La, L and ALag. It is
c, 0.44 91.16 seen that the thickness ratio T, required to fully densify
C, 0.34 89.74 the specimen diminishes exponentially as the density (p)
C. 03 35.38 (achievable without the sandwich process) increases. This
B 0 30.94 is expected, and this process would not be necessary if the

powder can be pressureless sintered to full densification
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densification percentage densification

using the conventional method. Figure 6 shows the thickness ratio required to achieve a predetermined
percentage density (y). (16) and data points are shown. It is seen that densification is enhanced as
thickness ratio increases.

Figs. 6a shows the SEM of a sample sintered without using the sandwich method. Figs. 6 (b
and c) show the SEM of specimens C; and C; respectively. Clearly, the micrographs of the sandwiched
specimens show less porosity and as such the specimens are more densified. Also, the microstructure
of specimen B (Fig. 6a) shows much disunity between the large and nanoparticle contents. This is due
to agglomeration of the nanoparticles which form rigid networks with associated porosities and hinders
densification [4]. But by the sandwich technique, the dynamic compressive stress generated during
sintering breaks the network structure, reduces the agglomeration and increases interparticle contact,
thereby enhancing densification. It can be seen from Figs. 6b and 6c that nanoparticles agglomeration
is not evident.

Fig. 6a SEM of specimen B

Fig. 6b SEM of specimen C; Fig. 6c SEM of specimen C,

During sintering various mechanisms come to play and temperature and pressure are inevitable
requirements. The model presented here is based on the influence of the compacting stress only, during
densification. It is intended to show a qualitative effect of harnessing materials having different
shrinkages during sintering. Although the data points deviate significantly from the model equation,
the trend is maintained; the higher the thickness ratio, the more enhancement in densification. This is
expected. The outer layer which generates the compressive stress is also subjected to tensile stress. The
thicker this layer, the more the stress it can accommodate before failure and also the higher the
pressure it can exert on the inner layer.
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SUMMARY

Pressure enhances densification during sintering. During pressureless sintering, dynamic
pressure could be generated by the sintering process if materials having different shrinkages are
compacted in a sandwich arrangement. The difference in shrinkage would generate some pressure
which has the effect of moving the particles closer, thereby increasing interparticle contact and closing
up porosities. It has been shown that the higher the thickness ratio, the more the enhancement of
densification. Thus this technique is highly potent for pressureless sintering of ceramics at relatively
lower compaction pressures and could serve as a substitute for hot pressing.
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PROCESSING FACTORS INVOLVED IN SINTERING f-Si;N4-BASED CERAMICS IN AN AIR
ATMOSPHERE FURNACE

Kevin P. Plucknett
Materials Engineering Program, Department of Process Engineering and Applied Science, Dalhousie
University, 1360 Barrington Street, Halifax, Nova Scotia, B3J 1Z1, CANADA

ABSTRACT

Conventionally, silicon nitride (Si;N,) based ceramics are sintered in a controlled N>
atmosphere furnace in order to prevent their decomposition. However, it has recently been
demonstrated that both dense and porous B-SizNs ceramics can be successfully sintered in a
conventional air atmosphere furnace (i.e. with molybdenum disilicide (MoSi;) heating elements),
provided that a localized N, atmosphere is retained around the samples during sintering. This can be
achieved by packing them in a pure Si;N4 powder, held within an alumina (Al,O3) crucible, and then
heating to the sintering temperature at high enough rates to promote oxidation of the surface of the
packing powder. Oxide scale formation then seals an Nz-rich environment around the sample, as
residual oxygen is consumed by partial Si;N4 oxidation; this process can result in a small, net sample
weight gain, which results in the formation of a limited amount of silicon oxynitride (Si;N20O) in the
material during sintering. For the case of combined yttria (Y20;) and AlO; sintering additions,
densities in excess of 98 % of theoretical can be achieved at the highest sintering temperatures (e.g.
1700 to 1750°C). For materials prepared with single Y,0; additions, sintered densities approaching 90
% of theoretical were achieved, which is significantly higher than similar samples sintered in N;. The
use of high heating rates helps to suppress the oxidation weight gain for both dense and porous Si;N..
This results in lower sintered densities for the single additive samples, and the elimination of Si:N>O
from the sintered product. The influence of heating rate, crucible packing arrangement, sintering
additive composition and packing powder type are discussed.

INTRODUCTION

The development of new methods to reduce the processing costs of advanced ceramics are
highly desirable, such that materials may be implemented into new application areas were their
performance characteristics are favorable but their production costs are currently prohibitive. One such
material is silicon nitride (Si3Ns), which possesses an extremely useful combination of physical,
chemical and thermal propenies.’ In particular, ceramics based on the higher temperature, B-Si;N,4
form can exhibit an excellent combination of strength and toughness, while being of low mass (density
typically between 3.2 and 3.4 g/cm®), and possessing high corrosion and oxidation resistance, together
with excellent wear resistance. For example, combined flexure strength and toughness values of 1100
MPa and 11 MPa.m'” have been reported for these in-situ reinforced materials.?

In the present work, a simple method has been developed to potentially lower the processing
costs of Si;Ns-based ceramics, through sintering with conventional air atmosphere furnaces rather than
expensive controlled atmosphere (i.e. N;) systems. The approach that has been taken involves
enclosing samples in a powder bed of pure a-SizNy, which is itself held in an ALO; crucible.>* During
the initial heating ramp to the sintering temperature, the outer surface of the a-Si;N4 powder rapidly
oxidizes, resulting in the samples being contained in a nominally sealed environment. Sintering then
occurs in a predominantly Nj-rich atmosphere, helping to avoid excessive oxidation of the samples,
even at temperatures as high as 1750°C.>* This approach allows the preparation of multi-additive Si;Nq
ceramics to densities in excess of 98 % of theoretical, while retaining a comparable microstructure to
similar compositions processed in Na. The processing influences of a variety of experimental variables,
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such as furnace heating rate, crucible arrangement and o-SisNs powder type are presented, with
reference to both high density and porous B-Si;N4 ceramics.

EXPERIMENTAL PROCEDURES

Two a-SisN4 powders have been used in the present work, namely Starck LC12-SX and Ube
SN E-10, which are both sub-micron and predominantly a-SizN4. In order to prepare porous B-SizN4
ceramics, a 5 wt. % Y,0; sintering addition was employed, which is designed to retard densification
while still promoting the a- to B-SizNs transformation. For the preparation of dense samples, a
combination of Y,0; and Al,O; additions were used, with a composition of either 12 wt. % Y,03/3 wt.
% Al;0; or 8 wt. % Y;0,/2 wt. % AL, O;; these compositions are subsequently referred to as 12/3 and
8/2 respectively. Samples were prepared by ball milling the appropriate powders in propan-2-ol
(isopropy! alcohol) for 24 hours, using 10 mm diameter zirconia media. After milling the powders
were dried and then crushed using a pestle and mortar, or sieved through a -75 um mesh sieve. Pellets
were pressed uniaxially at ~30 MPa, and then isostatically at either 170 or 200 MPa. For air sintering,
the pellets were sited in a powder bed of the identical a-Si;Ns powder as used in the samples
themselves. Three different packing arrangements were used, as shown in Figure 1.

ALU; Sacrificial
-SisNq Alz%l Plate (100 g) pure
powder bed crucihie a-SisNg
pellet
Tapped
powder Pressed
bed powder
bed
Sample
pellets
1. 2. 3

Figure 1. Schematic representations of the three different sample/crucible arrangements (subsequently
referred to as CA1-3) used in the preparation of porous and dense Si;N4 ceramics in air.

Sintering was performed using conventional MoSi, element furnaces, and the nominally
maximum achievable heating rate was employed for each furnace to minimize potential sample
oxidation. As a consequence, two different sample heating rate cycles were assessed, which are shown
schematically in Figure 2 (subsequently referred to as HR1 and HR2). After sintering, the densities of
multi-additive samples were measured by immersion in water, while those of the porous single
additive samples were measured geometrically. Scanning electron microscopy (SEM; Model S-4700,
Hitachi Industries, Tokyo, Japan) was performed on carbon-coated surfaces, for both polished samples
and fracture surfaces. Crystalline phase identification was conducted using X-ray diffraction (XRD;
Mode! D-8 Advance, Bruker AXS, Inc., Madison, WI), with the a- to B-Si;N, ratio calculated using
the relationship of Yeheskel and Gefen.’
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Figure 2. The two sintering cycles used for processing Si3N, ceramics in air (subsequently referred to
as HR1 and 2).

RESULTS AND DISCUSSION

Porous B-Si;N4 ceramics

After sintering, samples prepared in air are essentially white in appearance, and show no sign of
surface oxidation, possessing a highly smooth surface and good dimensional stability. The influence of
sintering temperature on the density of porous Si;N, ceramics prepared with single Y,0; sintering
additions is shown in Figure 3(a). Using the processing combination of HR1/Starck a-SisN4/CR1, it
can be seen that a maximum density of ~2.8 g/cm’ can be achieved when sintering at 1700€. In this
instance sintering is accompanied by significant weight gains, up to ~2.5 wt. % for the 5 wt. % Y03

additive content material. This weight gain is a result of sample oxidation, such that SiO, is formed
following:

Si3N4(5) + 302(3) - 3Si02(s‘]) + 2N2(5) (1)

Ultimately, during sintering above the liquid formation temperature, which is ~1550°C for the Si-Y-O-

N system,® the presence of excess SiO; would be expected to result in the formation of SiN,O in the
final product, following:

Si3N4(s) + SiOZ(s,l) - ZSizNzO(s) 2)

As a consequence, the theoretical density of the sintered samples therefore needs to be modified,
depending on the measured weight gain. In this instance, a theoretical density of ~2.85 g/cm’ is used
for Si,N»0,” compared with 3.19 g/em® for B-SisNa.® The percentage of theoretical density achieved is
shown in Figure 3(b).

In contrast, using a combination of HR2/Ube a-Si;N4/CA3, the sintered densities are slightly
lower (Figure 3(a)). In this instance, the higher heating rate appears sufficient to essentially prevent
any oxidation of the samples, such that they show slight weight losses, rather than weight gains, with
the highest weight loss of up to 2 wt. % noted for samples sintered at 1750€ (it is notable that similar
compositions sintered in a N> atmosphere, in an a-Si;Na/boron nitride powder bed within a graphite
crucible, showed weight losses of up to ~6 wt. % at the same sintering temperature). As a consequence,
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the sintered densities as a percentage of theoretical are therefore ~10 % lower than those observed for
the slower heating rate (HR1), as shown in Figure 3(b). Using this combination of processing
parameters, especially the higher heating rate, can be seen to aid in avoiding sample oxidation. This is
particularly important when processing materials that are designed specifically to be porous, and which
consequently possess a moderately high surface area. Recent work has extended this study to samples
with even higher residual porosity (up to 30 %), through the addition of fugitive graphite filler
particles, again avoiding oxidation weight gains (K.P. Plucknett, unpublished research).
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Figure 3. (a) The measured density of 5 wt. % Y,0; samples prepared in air using two different
processing cycles. (b) Data from (a) re-plotted as the percentage of theoretical density as a function of
sintering temperature; the theoretical densities for samples prepared using HR1/Starck o-SizN«/CA1
are adjusted to account for Si;N,O formation, due to a pronounced oxidation weight gain. Adapted in
part from ref. [4].

It is notable that the sintered densities achieved are somewhat higher than comparable materials
sintered in a pure N> atmosphere where, typically, sintered densities in the range of 60 % of theoretical
are achieved.”' For the case of HR1/Starck a-Si;Ny/CA1, this is in part due to the presence of a thin,
viscous SiO; surface layer formed through oxidation, which contributes a viscous-flow component to
sintering.! For HR2/Ube o-SisNy/CA3, it is likely that higher densities result as weight loss reactions,
typical in a N, atmosphere, are suppressed.

As noted above, the use of a lower heating rate sintering cycle (HR1) can be anticipated to
result in the formation of Si;N,O, following reactions (1) and (2). This is confirmed for both the
surface and bulk regions of these samples, as shown in Figure 4. In particular, it is clear that the
surface of these samples is predominantly Si;N,O, and that a gradient in Si;N,O concentration exists
into the bulk region of the material.* In contrast, the surface of the samples sintered at the higher
heating rate show no evidence of Si;N;O formation (Figure 5 (a)), confirming the benefits of
suppressing the weight gain phenomenon (Equation (1)).

In this instance, the surface a- to 3-Si;Ny transformation behavior is broadly similar to that for
the materials processed at the lower overall heating rate (Figure 5(b)). However, it is clear that the
extent of a- to B-SisNy transformation at each specific sintering temperature is retarded when using the
higher heating rate (HR2). This is understandable, based on Figure 2, in that the time to reach the
actual sintering hold can be extended by ~75 minutes when heating to 1700°C for the lower heating
rate (HR1). As a consequence, there is less time available for sintering to occur using HR2 (i.e. the
time that the samples are exposed to temperatures in excess of 1550°C, where a second phase Si-Y-O-
N liquid can be anticipated to form®). Critically, the extended heating cycle (HR1) exposes the samples
to a prolonged period between initial surface oxidation of the protective powder bed, estimated to be
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~1000°C, and the final sintering hold temperature (e.g. 1700°C), which is believed to be the reason for
the significantly higher extent of oxidation in the samples heated at the lower rate.
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Figure 4. The effects of sintering temperature on (a) bulk and (b) surface phase evolution for 5 wt. %
Y20; samples prepared in air using HR1/Starck a-Si;N4/CA1, determined using XRD (#:a-Si3N4;
A:B-Si3Ny; 0:Si;N,0). Adapted from ref. {4].

The microstructure of the porous samples sintered at 1700 and 1750°C are similar to materials
processed in N, with a network of anisotropic B-SizNs grains combined with a continuous,
interconnected network of porosity. At the highest temperatures, grain sizes were typically of the order
of 3-5 pum in length, with aspect ratios of ~5:1.* The formation of a Si,N,O-rich surface zone, when
using HR1, resulted in some surface coarsening of the grain structure to a depth of ~50 pm, and the
formation of a thin, liquid-like (i.e. $i0,) residue on the outer surface.*
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Figure 5. (a) Comparison of the surface phase composition for samples sintered at 1700 and 1750°C,
for HR1 and HR2 respectively, demonstrating the absence of Si;N,O formation when using the higher
heating rate. (A:B-Si3zN4; 0:8i2N>0). (b) The volume fraction of 3-Si;Ny, relative to a-Si3N4, formed at
the sample surface (ignoring Si;N.O content), as a function of sintering temperature for the two
primary processing approaches. Adapted in part from ref. {4].
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High-density B-Si;N4 ceramics
The effects of sintering temperature on density for both the 12/3 and 8/2 compositions, prepared with
the Starck a-Si;N4 powder and a slow heating rate (HR1), are shown in Figure 6(a) for both open and
closed crucible configurations (i.e. CA1 and 2). Densities up to ~98 % of theoretical are achieved for
the 12/3 composition sintered in an open crucible, while though sintered in a closed crucible are very
stightly lower,

It is apparent that the weight gain for these samples is significant, with data for the 12/3
compositions shown in Figure 6(b). In particular, it is notable that the weight gain for the closed
crucible arrangement is higher than for the open crucible. Two factors are believed to contribute to this
effect, although further study is required to be more conclusive. Firstly, the nominally closed crucible
partially inhibits surface oxidation of the packed powder bed at lower temperatures, as the oxygen
supply is reduced, allowing a slightly increased level of oxidation of the preform at higher
temperatures. Secondly, and perhaps more trivially, samples sintered in a closed crucible always
exhibited some degree of powder bed adherence to the sample, with small amounts of powder strongly
bonded to the surface of the pellets. This is believed to arise from excess oxidation of the surface later
in the heating ramp portion of the sintering cycle, as outlined above, which results in the formation of a
residual glassy phase that effectively wets and sticks to the surrounding a-Si;Ns powder bed, and may
even start to dissolve some of it.
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Figure 6. (a) The effect of sintering temperature (HR1) on density for compositions 12/3 and 8/2
sintered in air in either an open or closed crucible arrangement (CA1 and CA2 respectively). (b) The
effects of sintering temperature upon weight gain for composition 12/3 sintered in air in both open and
closed crucibles (CA1 and CA2 respectively). Adapted from ref. [3].

In contrast to observations made using the lower heating rate (HR 1), the use of a higher heating
rate (HR2) can significantly reduce the measured weight gains, especially for larger samples (i.e. 12 g),
where weight gain is essentially completely suppressed (i.e. weight gains < 0.1 %), as shown in Figure
7(a). Here the sample location in the crucible also plays a significant role, although the mechanism
behind this is not clear at the present time. Similarly, the sintered density also increases with increasing
sample mass, while the crucible location is again of importance. Clearly, scaling up the process has
significant benefits in terms of maintaining a constant sample mass and achieving the highest possible
density for a given processing condition.
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Figure 7. (a) The effects of sample mass and crucible location on weight gain for composition 12/3,
prepared with Ube SN E-10 o-Si;N4, and using HR2 and CA3. (b) The effects of sample mass and
crucible location on sintered density for composition 12/3, prepared with Ube SN E-10 a-SizN4, and
using HR2 and CA3. In both cases, “Top” and “Bottom” relate to two samples sited below a sacrificial,
pure a-Si3Ny pellet, while “Middle” relates to a single sample below a sacrificial pellet.

CONCLUSIONS

Dense and porous B-Si;Ns ceramics have been prepared by sintering in an air atmosphere furnace.
Sintering in air is generally similar to processing in a N; atmosphere, resulting in comparable
microstructures and a- to B-SizNy transformation behavior. Lower heating rates result in sample mass
increase, due to oxidation, and an increase in sintered density. However, excess oxidation results in the
formation of Si;N,O, through the reaction of Si;N4 and SiO,, with higher Si;N;O concentrations noted
at the sample surface. Higher heating rates significantly reduce sample oxidation, such that Si;N,O
formation can be totally eliminated. This results in the retention of higher levels of porosity in the
samples that are specifically designed to be porous. Increasing the sample mass also decreases the
measured weight gain, and results in slightly higher sintered densities. It can therefore be generally
recommended that sintering Si;N4 ceramics in air should be performed using a high heating rate (i.e. a
minimum of 10°C/min) to avoid unwanted reactions occurring throughout the samples that are being
sintered. Current work is targeted at thermal and mechanical property evaluation for porous materials
prepared with a variety of porosity content (e.g. using fugitive fillers).
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ABSTRACT

Boron carbide (B4C) was densified up to 97.4 % of theoretical density at 2226°C by
employing an Ar atmosphere containing gaseous Al and Si species at ambient pressure. X-ray
diffraction analysis of the sintered B4C revealed that both Al and Si elements infiltrated into the
green compacts and reacted with B,C to form SiC and Al4SiC4 (m.p. 2037°C) during the
sintering. Pockets of the secondary phase observed in the polished and etched surface of the
densified sample possessed irregular shapes, indicating the formation of liquid phase during
heating.

INTRODUCTION

Boron carbide (B4C) ceramics is one of the attractive materials for structural components
especially where high specific modulus and/or hardness are required since it possesses very high
hardness, high Young’s modulus and low theoretical densities.” However, the strong covalent
bonding of B-C hinders pressureless sintering. Densification of B4C ceramics using hot-
pressing limits their product shapes to simple ones or increases the machining cost. Thus, B4C
ceramics has been only used for the special applications such as sand blast nozzles, etc.

Many attempts have been conducted to sinter B4C at ambient pressure by adding
sintering aids such as C,** ALOy’S, TiC” and TiB,.! However, a lot of sintering additives are
required for full densification, which deteriorates the ideal characteristics of the B4C. The
alternatives to the sintering additives are those techniques which employed a He-H; atmosphere’
or rapid heating rate,'” both of which are difficult to apply for industrial production. In our
previous study, green compacts of B4C were heated in an Ar atmosphere containing gaseous
metal species to densify them without external pressure.’’ It was found that pressureless
sintering of B4C up to 97.4% of theoretical density was achievable at 2226°C with the sintering-
aid gases. In this study, crystalline phases in the densified samples were identified using X-ray
diffraction (XRD) analysis and their microstructures were observed with optical microscopy and
scanning electron microscopy (SEM). The mechanism of pressureless sintering was discussed.

EXPERIMENTAL PROCEDURE

Commercially available B4C powder (medium particle size: 0.8 um) was used as a
starting powder. The characteristics of the powder such as specific surface area, particle size
distribution and impurities were described in our previous paper.'' XRD analysis of the raw
powder in the previous study has shown the existence of minor contents of graphite and boron
oxide. The raw powder was uniaxially pressed at 9.8 MPa into pellets of $25 x 5 mm, followed
by cold isostatic pressing at 490 MPa.  The green compacts and the powder mixture of SiC
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and aluminum were set in a graphite crucible (Figure 1). The weight ratio of SiC to Al powders
was 30 : 1. The compacts were placed on a carbon block so that they did not touch the powder
mixture. The crucible was heated using a graphite resistance furnace up to 2104 -2226°C at a
heating rate of 10°C/min. The furnace was evacuated by the diffusion pump from R.T. to 1900
°C, followed by Ar-gas inlet to ambient pressure. The soaking time for each target temperature
(2104 - 2226°C) was 4 h.

Bulk densities of the samples were measured
using the Archimedes method with distilled water. ] |
The relative density was obtained by dividing the bulk
density by the theoretical density of B4C of 2.52 g/em’.
The sintered samples were ground with a diamond
wheel followed by polishing with 3um and 0.5um
diamond slurry to obtain mirror-finish surfaces. The
phase analysis was carried out by X-ray diffraction
using Cu Ko radiation. The samples were etched in
KIO4-saturated phosphoric acid. ~ The microstructures

of the samples were observed with a metallurgical Powder mixture of Al and SiC
microscope. The surfaces of samples were coated Figure 1. Schematic illustration of the
with a 30 nm thick layer of gold using a sputter coater arrangement of the B4C compact and
before mlc‘rostructural observation by scanning powder mixture of Al and SiC in a
electron microscopy. graphite crucible.

RESULTS

Figure 2 shows the relative densities of the B4C compacts versus temperature. The
density of the B4C compacts in the Ar atmosphere containing gaseous metal species was
improved especially at the relatively lower temperature ~2100°C and the maximum relative
density of 97.4% was obtained at 2226°C. By contrast, the densification without the sintering-
aid gas was difficult unless the compact was heated up to 2226°C.

XRD charts of both samples sintered at 2187°C with and without metallic gas species are
presented in figure 3. Only a small amount of graphite was detected in the sample heated
without sintering-aid gas, which is derived from the impurities in the raw powder. By contrast,
both Al4SiC4 and SiC phases were identified besides the graphite phase in the sample sintered
with the metallic gas species. It is obvious that Al;SiC4 and SiC phases in the latter sample
were formed by the reaction of B4C with both elements of Al and Si which diffused into the
green compacts through vapor-phase transport. Boron oxide phase which existed in the raw
powder disappeared in the two samples, indicating that B,O; was reduced in the carbon-
containing atmosphere.

Figure 4 (a) shows an optical micrograph of the sample heated at 2104°C in the pure Ar
gas.  Significant neck growth was observed although density of the sample was 84.6 % of the
theoretical density. Several small pores with size less than ~ 2 um were connected to each
other to form irregular shapes and were distributed homogeneously in the sample. Over etched
sample also revealed that grain coarsening was associated with the small shrinkage (figure 4(b)).
When the sample was heated up to 2187°C, the pores exhibited round shape instead of the
irregular one (figure 5).  These pores were frequently observed in the sample, which was
consistent with its low relative density of 94.9%. Significant grain coarsening such as
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exaggerated grain growth was not observed, which may be attributed to the pores distributed
homogeneously in both samples.

By contrast, many isolated small pores in the size of less than ~2 um were found in the
sample sintered at 2104 °C in the Ar atmosphere containing both Al and Si gaseous elements
(figure 6). It should be noted that the grain size appeared to be not different considerably from
that in the sample heated at the same temperature without the sintering-aid gas (figure 4 (b))
although the shrinkage was enhanced greatly as compared with that of the sample heated in the
pure Ar atmosphere.

Figure 7 shows the microstructure of the sample heated at 2187°C in the Ar atmosphere
with the sintering-aid gas.  Most of the small pores at the triple grain junctions in figure 6
disappeared and only a few of them grew up to ~5 um after heating at 2187°C. It is obvious
that the annihilation of these small pores through grain-boundary diffusion resulted in further
densification to 97.1% of theoretical density. Abnormal grain growth took place concurrently
and a few pores were trapped in it, which might be obstacles to the full densification of the B4C
even after heating at 2226°C.  Figure 8 (a) shows the SEM micrograph of the sample. Small
bright secondary phases with irregular shape were often observed at the triple junctions, clearly
indicating the presence of liquid phase during the sintering at high temperature. The secondary
phases became much brighter when they were observed with a back-scattered electron image
(figure 8(b)), which suggested that the constituent elements of the secondary phase were heavier
that both B and C. Based on the results of the XRD analysis mentioned above, it was
reasonably estimated that the candidate compound for this phase was SiC or Al;SiCs.  The
melting point of Al;SiCs is 2037°C, whereas SiC never melts but sublimates. ~ Consequently,
the bright and irregular-shaped phase is likely to be Al4SiCs.
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Figure 2. Relative density versus sintering Figure 3. XRD charts of both B4C samples
temperature for both B4C compacts heated in sintered at 2187°C with and without the
Ar atmospheres with gaseous metal species sintering-aid gas. @: SiC, V: Al4SiC,, @:
(solid square) and without gaseous metal graphite.

species (open square).
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Figure 4 (a). Optical micrograph of a weakly Figure 4 (b). Optical micrograph of a
etched surface of the B4C ceramics sintered at severely etched surface of the B4C ceramics
2104°C in pure Ar gas. The dark spots sintered at 2104°C in pure Ar gas.
correspond to pores.

DISCUSSION

The mechanism of grain coarsening
with negligible shrinkage for B4C has been well
. documented by Schwetz and Greliner® and Dole
etal.®*  They found that the shrinkage of B,C
compacts was enhanced when carbon was
added to the starting powder, while the neck
growth was not associated with the shrinkage
when the pure B,C compacts were heated.
1 They explained the mechanism of enhanced
’ densification due to carbon as follows:  The
1 presence of B;0; which existed originally on
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Figure 5. Optical micrograph of an etched the surface of B4C particles promoted vapor-
surface of the B4C ceramics sintered at phase transport at relatively lower temperature,
2187°C in pure Ar gas. The dark spots leading to the neck growth with poor
correspond to pores. densification. In this case, the compact

underwent little shrinkage even when the
sample was heated up to higher temperature where grain boundary and/or lattice diffusion is
dominant, since the driving force for the material transport disappeared because of lack of
curvature after neck growth. By contrast, the addition of carbon reduced the B,O; phase and
prohibited the neck growth without shrinkage. In consequence, the driving force for the
material transfer survived until the sintering temperature reached the region where grain
boundary and/or lattice diffusion is predominant. Thus, the sample experienced enough
densification at relatively higher temperatures.  The same explanation was employed for the
improved densification for the samples sintered under the hydrogen atmosphere or with rapid
heating rate.*'°
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It is obvious that the vapor-phase transport was also operating during the sintering of our
samples in the pure Ar gas since the significant neck growth was observed irrespective of the
little shrinkage. =~ The same analogue to the shrinkage due to the carbon addition seems to be
applicable to our case where the densification was improved under the presence of Al and Si
gaseous species since Al gas and/or Al compounds gases has a reducing ability at high
temperatures just like hydrogen.  That is, gaseous Al and Si elements infiltrated into the green
body and removed the thin B,O; films on the B4C particles at the initial stage of the heating,
which preserved the driving force for densification up to the temperatures where other sintering
process become effective.
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Figure 6. Optical micrograph of an etched Figure 7. Optical micrograph of an etched
surface of the B4C ceramics sintered at surface of the B4C ceramics sintered at
2104°C in an Ar atmosphere containing 2187°C in an Ar atmosphere containing
gaseous Al and Si species. gaseous Al and Si species.

Figure 8 (a). SEM micrograph of an etched Figure 8 (b). Back-scattered electron

surface of the B4C ceramics sintered at micrograph of an etched surface of the B4C

2187°C in an Ar atmosphere containing ceramics sintered at 2187°C in an Ar

gaseous Al and Si species. atmosphere containing gaseous Al and Si
species.
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CONCLUSION

Boron carbide (B4C) was pressurelessly sintered at temperatures ranging from 2104 °C to
2226°C in an Ar atmosphere containing gaseous Al and Si species.  The crystalline phases in
the densified samples were analyzed with XRD, followed by the microstructural observations
with optical microscopy and SEM. The following results were obtained.

1. Gaseous Al and Si species infiltrated into the B4C compact during the sintering. Thin
B-0; films on the B4C particle were removed by the reduction with gaseous Al species,
which hindered neck growth by the vapor-phase transport with an assist of BoO3. Asa
result, the driving force for densification was preserved up to the temperatures where
liquid-phase sintering process became effective.

2. SiC and Al4SiC4 were formed during the sintering as the results of the reaction of B,C
with gaseous Al and Si species.

3. The mechanism of the densification was inferred to be the liquid-phase sintering because
of the irregular-shaped secondary phase.
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PROCESSING STRATEGY FOR PRODUCING ULTRA-HIGHLY POROUS CORDIERITE
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ABSTRACT

Cordierite with ultrahigh porosity and unidirectionally oriented cylindrical cells was
prepared using a gelation freezing method (GF method). Cordierite powder was mixed with a
gelation agent, water (pore former) and the resulting gel was frozen at -20 or -50 T, dried
using a freeze drier under vacuum, then degreased at 600T and sintered at 1200-1400T for
2 hr. The porosity was determined to be 59-93%, and was dependent on both the solid load in
the slurry and the sintering temperature. Scanning electron microscopy revealed a
microstructure of unidirectionally oriented micrometer-sized cylindrical cells in the sintered
body. The cell size was 25-270um, which were depending on the freezing temperature. The
numbers of cells in the cross sections of the sintered bodies (frozen at -20 and -50€) were
15 and 1500cells/mm?, respectively. The resulting cordierite had a total porosity of 87%,
compressive strength of 4.1MPa, and 207% water adsorption, which was attributed to tight
packing of particles and good pore connectivity. The porosity, number of cells, strength and
water adsorption were significantly higher than that values for other reported porous
cordierite ceramics.

INTRODUCTION

The incorporation of organic pore formers such as PMMA (polymethylmethacrylate)
and carbon beads into raw ceramic powder, and their subsequent removal by oxidation, is
known to be effective for improvement of porosity in porous ceramics. However, this
method accompanies the evolution of large amounts of carbon oxide gas species and a
time-consuming to prevent cracking of the ceramic, and also control of the pore size and its
orientation is difficult due to the size of pore former. Therefore, a fabrication process for
ultra-highly porous ceramics that enables control of the porosity, pore size and its
orientation, and is eco-friendly (short processing periods and pore formers without organic
components) is desirable.

Many applications are expected for highly porous ceramics, such as filters, catalyst
supports, thermal insulators, adsorbents, shock absorbers and lightweight components,
Among oxide ceramics, cordierite has attracted much attention due to its low thermal
expansion coefficient, excellent thermal shock, and chemical stability at elevated
temperatures, in addition to its low cost. Some porous cordierite has been utilized as filter
and catalyst support in industry. Therefore, a process for the fabrication of ultra-highly
porous cordierite with oriented pores and controlled pore size is highly desirable.

In order to fabricate ultra-highly porous cordierite, we have focused on the
gelation-freezing (GF) route, which has advantages of porosity and pore orientation control
[1-3]. In this method, pores are formed by ice due to the freezing of water in the slurry,
which makes this an environmentally friendly process compared to other methods that
require the addition of organic pore formers. First, raw ceramic powder is dispersed to form
a gelation agent. After gelation, the wet gel, which retains water, is frozen, and formation of
ice crystals is observed. A vacuum freeze drier is used to dry the frozen gel, so that ice is
sublimated and removed without shrinkage. Finally, the green body is sintered and a porous
ceramic is obtained. This process does not require large amount of organic components. In
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addition, control of the porosity is expected by varying the solid load in the slurry, and pore
orientation may be tailored by directional freezing.

The fabrication of porous ceramics by the freezing route has been reported using a
water-based slurry or preceramic polymer gel as the starting chemical. Nishihara et al.
reported the preparation of silica gel with a surface area of 900 m®/g using silane [4-5]. Ding
et al. reported the preparation of mullite with porosity of around 90% from an alkoxide
precursor [6]. On the other hand, Fukasawa et al. reported a water based slurry route for the
production of alumina with 40-80% porosity and silicon nitride with 50-70% porosity [7-10].
However, high porosity was not available for the water-based slurry route, due to the
difficulty in handling the green body and degreased body, whereas for the polymeric
precursor route, the material obtained was limited by the type of precursor used. These are
problems to overcome for successful utilization of the freeze-casting process.

The GF route that we have previously reported [1-2] may be a solution to these
problems. Handling of the green body was facile due to polyethylenimine (PEI) in the gel,
and porous material could be prepared regardless of the type of starting powder. However,
the resultant porosity was at most 70%, due to the water retention ability of the PEI gel.
Therefore, the use of gel that retains a large amount of water is proposed for the preparation
of highly porous ceramics. In the present work, the preparation of ultra-highly porous
cordierite with oriented cylindrical pores and controlled pore size was attempted by the GF
method, and preliminary results for open porosity, pore size and microstructure are
presented.

EXPERIMENTAL PROCEDURE
Commercially available cordierite powder with an average particle size of 1.7um

was used as a starting powder (Marusu Glaze Co., Ltd., Aichi, Japan). The cordierite powder
was poured into a gelatin solution (Wako Pure Chemical Industries Ltd., Tokyo, Japan) at
around 50T. The mixing ratios of raw powder/gelatin solution were 5/95 and 20/80 by
volume, and these solutions are referred to as C95 and C80, respectively. The slurry was
mixed using a planetary homogenizer (AR-250, Thinky, Tokyo, Japan), and then the slurry
was cast into a plastic mold and cooled at 7T for 10 h, (which time gelation of the slurry
was observed). The mold was then immersed into an ethanol bath at -50T or -20T. After
removal of the mold, the frozen gel containing was dried by a vacuum freeze drier at
10-35€ for 24hr (FDU-2100, Tokyo Rikakikai Co., Ltd., Tokyo, Japan) to obtain ceramic
green bodies. The green bodies were degreased at 600T for 2hr and sintered at
1200-1400€ for 2 h using a heating rate of 5C/min.

The apparent densities of the sintered specimens were measured by water displacement
with the Archimedes method, according to equation (1),

d=_£V_Va_ (N
w,.-W,

where W1, Ww and Wa indicate the weight in water, wet weight and dry weight, respectively,
and p is the water density at the measurement temperature. The microstructures of fractured
or polished surfaces were observed by scanning electron microscopy (SEM; JSM-5600,
JEOL, Tokyo, Japan). The cell size and number of cells were measured using the intercept
method or image analysis of SEM micrographs, and approximately 400micrographs and
more than 11000cells were investigated for characterization. Pore size distributions were
measured by mercury intrusion porosimetry (PoreMaster-GT, Yuasa lonics Inc., Osaka,
Japan), which measures the pore size in the range of 6.1nm-426um. X-ray computed
tomography (CT; SMX-130CT-SV, Shimadzu, Kyoto, Japan) was measured with operation at
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68kV and 68A. Three-dimensional (3D) images and pore density of each image were
analyzed using modeling software (VG-STUDIO, NVS, Tokyo, Japan).

RESULTS AND DISCUSSIONS

Figure 1 shows the porosity of cordierite (frozen at -50°C) derived from different
solution content in the slurry. Specimen C95 exhibited 93-87% porosity and specimen C80
exhibited 76-59% porosity for sintering at 1200-1400°C. The porosity was affected by the
sintering temperature and slurry concentration. The porosity decreased with increasing
sintering temperature, which was similar to the densification for the normal sintering route.
When sintered at 1200°C, the porosity was almost consistent with the solution content (95
and 80%) in the slurry, due to low shrinkage at this sintering temperature. On the other hand,
closed porosity for all samples was less than 1.0%, which suggests that during drying, the
ice is almost completely converted to pores.
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Figure 1. Porosity of cordierite derived from different solution content in the siurry and sintered at
1200-1400°C.

Figure 2. Photographs of (a) cordierite with 93% porosity floating in water, and the (b)
cutting and (¢) polishing of the same cordierite.

Figure 2 shows photographs of 93% porous cordierite, and cutting and polishing of

the same material. A 70 mm diameter disk of the cordierite could be floated on water due to
ultra-highly porosity. The shape of porous sample was determined by the shape of the mold
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used, as for casting methods. It is particularly noteworthy that cutting and polishing are
available for the porous specimens.

Figure 3. SEM micrographs of C95 fracture surfaces sintered at (a-c) 1200 and (d-f)
1400 T; parallel to (a and d)the direction of freezing (-50 €), as indicated by the arrows,
and perpendicular to (b-c and e-f) the direction of freezing (-50 T).

Figure 3 shows typical SEM micrographs of fracture surfaces of the C95 sample

sintered at 1200 and 1400T; in parallel and perpendicular to the direction of freezing
(-50 T). Highly oriented cylindrical cells were found to form parallel to the direction of
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freezing. These cells are thought to be formed due to the growth of ice crystals. During
freezing, the ceramic particles were observed to be unidirectionally pushed alongside the
direction of the growing ice crystal. This structure was present in the entire sintered body,
and the formation of dendritic structures due to ice crystal growth was not observed, but is
weil known in the freeze casting of water-based slurry (without organic components) [6-10].
For the perpendicular direction, cylindrical-shaped cell (b and e) were observed. The cellular
honeycomb structure consisted of micrometer-sized cells, of which the shape was different
to that of foam, pore-forming agents and those observed in other freeze-casting routes [6-10,
11-13]. On the other hand, at high magnification (Fig. 3(f)), dense cell walls were observed
for the specimen sintered at 1400€C.

The average cell diameters of the C95 specimens sintered at 1200 and 1400 T were
46 and 25pum, respectively, as calculated by image analysis. The pore size decreased with
increasing sintering temperature, due to shrinkage during sintering. The number of cells in
the cross section was approximately 500 and 1500cells/mm? for C95 sintered at 1200 and
1400€, respectively, which increased with decreasing cell size. In addition, the thickness of
the cell wall was 4.4 and 3.0um for the specimens sintered at 1200 and 1400C. The cell
wall thickness decreased with increased sintering temperature, which was found to be due to
the densification of grains during sintering.

Figure 4 shows a typical example of pore size distribution of the C95 specimens
sintered at 1200 and 1400C (frozen at -50 €). For the C95 specimen sintered at 1200 T,

the pore size distribution was

OCos il tered tl1200°C T T bimodal with peaks around
3 sintered a j 0.6 and 20um. The smaller
_.C95 sintered at 1400 pores are attributed to the

spaces between particles in
the cell wall, whereas the
larger ceils are those formed
by ice freezing. The cell size
was smaller than that
observed by SEM, which
indicates mercury intrusion
into the bottle-necks of some
pores, which is the
well-known “ink-bottle”
effect. In contrast, the
distribution of the C95
specimens sintered at 1400T
showed only one peak at
Pore size distribution [um] approximately 16um, which
indicates the densification of
particles in the cell wall, as

Differential pore solume [cc/g]

Figure 4. Typical pore size distributions for C95
specimens sintered at 1200 and 1400 € (frozen at shown in the SEM images of

-50 €. Fig. 3. The cell size
(attributed to the formation of ice crystal) was found to decrease with increasing sintering
temperature, which is also consistent with the SEM observations from Fig. 3.
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Figure 5. SEM micrographs of the C95 sample (frozen at -20T) sintered at 1400T; (a)
parallel to the direction of freezing, as indicated by the arrows, and (b) perpendicular to the
direction of freezing.

In order to investigate the effect of freezing temperature on cell size, specimens
frozen at -20T and sintered at 1400T were prepared. The resulting porosity was
approximately 86%, which was very similar to that for sample prepared by freezing at -50T
(see Fig. 1). Figure 5 shows SEM micrographs of the C95 sample prepared by freezing at
-20€ and sintering at 1400€; parallel and perpendicular to the direction of freezing. As
shown in Fig. 5(a), interconnected channels without dendritic structures were observed
throughout the samples. The cell size observed in Fig. 5(b) is significantly larger than that
for the specimens prepared by freezing at -50 € (Fig. 3). In general, ice crystals formed by
freezing at high temperature seem to be larger than those prepared at lower temperatures
[14]. The average pore diameter was 270um and the number of cells in the cross section was
approximately 15cells/mm?. Therefore, the GF method can be used to control the pore size,
due to the different sizes of ice crystals formed by variation in the freezing temperature.

When a ultra-highly porous ceramic is prepared, the porosity distribution at the
micrometer level is not usually homogenous, so that local regions of high porosity or dense
regions are present. To clarify the porosity distribution of the porous cordierite prepared by
the GF method, X-ray CT scans and image analyses were carried out. Figure 6 shows an
X-ray CT micrograph and a 3D image of the C95 specimen (frozen at -20T and sintered at
1400€). The micrograph shows the cellular structure, as for the SEM observations. In the
3D image, the cells are shown to be highly interconnected and unidirectionally oriented, and
with uniform size. :

Figure 7 shows the cell area ratio of the C95 specimen (frozen at -20T and sintered
at 1400T) plotted from the bottom to the top of the observed part (shown in Fig. 6(a). All
micrographs (ca. 450 micrographs) were converted to black-and-white images and the
cell/wall area ratios were calculated for each micrograph and plotted. The results showed a
cell/wall area ratio of approximately 84% and almost constant values were obtained in the
measurement part (¢2.8mm x 2.5mm), which suggests that the porosity at the micrometer
level was constant. Therefore, the GF method can provide a porous body with constant
porosity and uniform porosity distribution at the micrometer level.
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Figure 6 (a)photograph of the C95, (b)micrograph and (c) 3D image (frozen at -20T and
sintered at 1400T).
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Figure 7. Cell/wall area ratio obtained from X-ray CT micrographs of the C95
specimen frozen at -20T and sintered at 1400C. Approximately 450 micrographs
from the bottom to the top of the observed part were used.
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Tablel Typical properties of highly porous cordierite.

This study Song Senguttuvan Kato
Porosity (%) 86.8 ~74 83 80
Cell size (um) 25 13 20-40 21
Compressive strength (MPa) 4.1 ~4.3 0.6 -
Water absorption 207% - - 100%

Table 1 summarizes the typical properties of the highly porous cordierite obtained in
this study, including reported results from three other studies [15-17]. (Note that the report
by Kato et al. {17] is for aluminosilicate.) Song et al. [15] reported cordierite with a porosity
of 74%, pore size of approximately 13um and compressive strength of 4.3MPa; the cell size
is similar to that obtained in the present work. Senguttuvan et al. [16] reported cordierite
with a porosity of 83%, cell size around 20-40um and compressive strength of 0.6MPa, The
compressive strength of the C95 sample (frozen at -50T and sintered at 1400T) with a total
porosity of 86.8% and a cell size of 25um was 4.1MPa, which was higher than that obtained
by other reported methods, regardless of the higher porosity. This is thought to be due to the
high packing density of the raw powder.

Previous research on freeze-casting suggested that the raw powder is highly packed
upon freezing [13]. Araki and Halloran [13] showed that porous alumina (41% porosity) was
prepared by freezing a slurry with camphene, and a dendritic microstructure by the
solidification of camphene was observed. Figure 3 shows that particles were pushed aside
along the direction of freezing. During freezing, the particles are concentrated due to the
removal of water, that is, by phase separation. The particles are then thought to be pressed
by the volume increase from water to ice, as observed by the packing of particles in the cell
walls (Fig. 3(c) and (f)). This strongly supports the concentration of particles followed by
packing. In addition, water adsorption was significantly larger than that of the previous
report, which is closely correlated with high fluid permeability and good pore connectivity
as well as ultra-high porosity. Therefore, GF method could provide the ultra-highly porous
cordierite with high strength and high connectivity among cells.

CONCLUSIONS

Ultra-highly porous cordierite (porosity >80%) was prepared using a
gelation-freezing method. The freezing process made it possible to provide unidirectionally,
highly oriented, micrometer-sized and honeycomb-shaped cells from ice crystals. Variation
of the freezing temperature resulted in different cell sizes, which could be controlled within
25-270um. The ultra-highly cordierite produced had total porosity of approximately 87%
and high compressive strength of 4.1MPa and water adsorption of 210%, which is
significantly higher than those reported for other porous cordierites. The gelation freezing
method is expected to be a promising process for many applications that require ceramics
with ultra-high porosity, pore orientation, high strength and pore connectivity.
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ISSUES IN THE SYNTHESIS AND FABRICATION OF REFRACTORY CARBIDES, BORIDES,
SILICIDES AND THEIR MIXTURES

A K. Suri, N. Krishnamurthy and C. Subramanian,
Materials Group, Bhabha Atomic Research Centre,
Mumbai- 400085, Maharashtra, India

ABSRATCT

Among the non-oxide ceramics, certain carbides and borides possess attractive combination of
properties and good potential for applications but are difficult to fabricate, because of their physico-
chemical and mechanical characteristics. The synthesis of boron carbide, borides of titanium,
zirconium, hafnium, chromium and rare earth elements, their fabrication to consolidated pieces and
determination of their properties in various stages of processing as well as in the final form, have
been investigated. While the selection of the compounds for investigation was guided by their
immediate technological applications, working with them brought to the fore several issues relating to
their preparation and processing and these are covered in this paper. Boron carbide as well as the
borides were synthesized from constituent elements, by chemical reaction of compound intermediates
and also by fused salt electrolysis. Fine powder was obtained from the as reduced material by
mechanical milling using special equipments. The densification by cold compaction and sintering as
well as by hot pressing was investigated. Property measurements on the final products were carried out
to relate the present material with the standards. The possibility of synthesizing and mixing silicides of
refractory metals with borides for enhancing the high temperature oxidation resistance of borides was
also investigated.

INTRODUCTION

Boron carbide and refractory metal borides have attractive combination of properties such as
low density, high melting point and hardness, chemical inertness, neutron absorption ability and
excellent thermal and electrical characteristics making them potential materials for many advanced
applications. Selected properties are listed in table 1.'

Table.1 Properties of refractory materials'"®

: y . Coefficient

. | Density Mel.tmg Hardness Young’s | Fracture | Flexural Thema! Ele.ct.rlcfal of thermal

Material glcc point GPa modulus | toughness, | strength | conductivity | resistivity expansion

°C GPa MPam'? MPa Wm/K uQ-em 1pO° K

B4C 2.52 2450 28-37 | 450-470 | 3.0-3.5 300 30 - 40 10° 5.0
TiB; 4.52 3225 25-35 560 50-7.0 17886 60 - 120 10-30 7.3
ZtB; 6.1 3245 22-26_ | 300-350 | 4.0-6.0 300 20-58 9.2 6.8
HfB, 11.21 3380 21-28 500 - 350 104 11 6.3
EuBs 4.99 2580 18-26 - - 183 23 85 6.9
CrB, 5.20 2200 11-20 211 - 600 32 30 10.5
MoSi, 6.30 2050 13 384 2.0-2.5 - 50-221 21 84

Apart from well established uses as abrasive and wear resistant material, neutron absorber,
personnel and vehicle armor material, the possible use of boron carbide in high temperature electronic
devices and also for a Be/Be alloy replacement in aerospace applications are considered.”® Composite
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material containing boron carbide can become relevant for the first wall of nuclear fusion reactors.’”""”

TiB; is a potential candidate material for high-temperature structural applications and as control rod
material for high temperature nuclear reactors.>* ZrB, and HfB; are suitable materials for service in the
extreme thermal and chemical environments associated with hypersonic flight, atmospheric re-entry
vehicles and rocket propulsion.'*'® Chromium diboride is a valuable additive to borides used at high
temperatures for improving their oxidation resistance and an excellent coating material where
resistance to both wear and corrosion is required.17 Hexaborides of rare earth elements such as LaBg,
EuBg, SmBs, YBs etc, are the materials highly suitable for neutron absorber, fluorine rich environments
and also an effective additive for improving' the oxidation resistance of refractory metal borides.'®'?
MoSi; is an excellent structural and electro conductive ceramic that fulfills many of the conditions for
high temperature applications.® Use of MoSi, as a sinter additive improves the sinterability and
fracture toughness of the composite borides.

This paper covers the process of synthesis and consolidation of the above materials as
developed and practiced in our laboratory. Boron carbide and molydisilicide were synthesized from the
elements and the borides of titanium, zirconium, hafnium, chromium and rare earth elements were
prepared by the reaction of their respective oxides with boron carbide. Syntheses of compounds were
carried out in a vacuum induction furnace. The initial experimental conditions were based on
thermogravimetric studies. As most of the reactions were based on solid - solid contacts, the reactants
were fine ground and mixed thoroughly and compacted. The compacts were placed in a graphite
crucible and subjected to progressive heat soaking. Carbides and borides formed were crushed to fine
powder for densification either by pressureless sintering or by hot pressing. For pressureless sintering
the green compacts were heated in a vacuum induction furnace for a specified period and at fixed
temperature. Hot pressing of the powder was carried out in a vacuum hot press using high density
graphite die and plunger. The progress of densification was monitored by LVDT (Linear Variable
Differential Transducer). The temperature was measured using a two color pyrometer. The product
was characterized by XRD, density measurement and hardness. Mechanical, thermal and electrical
properties of pellets with >95% py, were evaluated. All the operations were carried out initially in
batches of ~100 g and selected experiments with larger batch sizes.

BORON CARBIDE

Synthesis

Boron carbide is a compositionally disordered material that exists as thombohedral phase in a
wide range of composition, which extends from Byo.C [8.8 atom % C] to B,C [20 atom % C].”
Among them, B4C is superior in properties such as hardness and thermal conductivity. Since B4C is in
equilibrium with free carbon, synthesis of B4C without free carbon is a challenge.”’ The analytical
study of B-C system also is difficult due to extreme hardness and chemical stability of boron and boron
carbide phases.”> Boron carbide is commercially produced by carbothermic reduction of boric acid in
electric arc or graphite resistance furnaces.”® In these furnaces the temperature of reaction is high
(>2000°C) and yield of boron carbide is poor due to evaporation losses. The product quality also is not
uniform, varying in carbon content due to non uniform temperature in the reaction zone. Boron carbide
can also be produced by magnesiothermic reduction of boron oxide in presence of carbon,”? but the
magnesium content of the carbide is high due to the formation of magnesium boride during the
reduction.

For use as control rod material in fast breeder reactors it is necessary to have B' enriched B4C,
which has high absorption cross section for fast neutrons. Carbothermic process is not viable due to
boron losses which is unacceptable when B'® is involved. The synthesis of B4C from pure enriched
boron and carbon is practiced.””*® During synthesis from the elements, it is possible to control the
composition, carbon content and phase purity. Densification of boron carbide is difficult due to the
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predominant covalent bonding in the compound. Mass transport mechanisms such as grain boundary
and volume diffusion that aid densification are effective only at temperatures above 2000°C at normal
pressures.” However, hot pressing helps in achieving higher densification at lower temperatures.’

Experiments on the synthesis of boron carbide from its elements were carried out by heating
compacted mixtures between 1200 to 1950°C at 0.01 Pa for different durations. The product obtained
upto 1600°C was completely amorphous and at above 1750°C crystalline boron carbide was obtained.
The XRD peaks of boron carbide phase (rhombohedral) were weak even at 1750°C, but dominant at
higher temperatures. Although formation of boron carbide from its elements has a large negative free
energy change, the heat of reaction (AHs - -39 kJ/mol) is not sufficient for a self-sustaining reaction.
Moreover, the generally slow kinetics of solid-solid reaction is improved by a rise in temperature.
Synthesis of boron carbide with varying B/C ratio (4.0 to 4.6) in the charge was therefore carried out at
1850°C for 2h. At a B/C ratio of 4.0 the product contains B4C and graphite. With higher boron content
in the charge, the product still contained graphite, but the excess boron helped in the formation of
boron rich BsC. Conditions for synthesis of boron carbide and refractory borides are given in table 2.
Presently, all the boron carbide produced in our laboratory for control rod application contains a small
amount of free carbon.

Table 2 conditions for synthesis of boron carbide and refractory borides

Sr.no Comp opnd Chargc? Tem}zerature Phases obtained
synthesized composition C
B+C <1600 Amorphous
1 B.C (BIC=4) 1800 B,C + Graphite
B+C 1800 B.C +BsC +
(B/IC>4) Graphite
| T
2 TiB, Ti0; +BL+C 1500 TiB, Impure
> 1800 TiB,; Pure
ZrO, + B,C +C 1800 ZrB,, ZtB+C
3 ZB i
b modlﬁedl charge 1800 2B,
ratio
4, HfB, HfO, + B4,C +C 1825 HfB;
Cr;0; + B4C +C 1700 CrBy, Cr;Bs + C
5 CrB i
By modlﬁec! charge 1700 C1B,
ratio
6 MoSi> Mo + Si 1400 MoSi,
7 EuBs Eu;0; + 3B4C 1400 EuB,
8 YBs Y,0; + 3B,C 1700 YBs+ YB,
DENSIFICATION

Pressureless sintering

Densification of boron carbide powder was studied in our laboratory by pressureless sintering
with and with out additives and also by hot pressing.***® For pressureless sintering, commercial boron
carbide and for hot pressing, B4C synthesized from elements were used. Particle size of boron carbide
powder and the sintering temperature are two key parameters in densification. While pressureless
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sintering of B4C powder compacts can be done under an inert gas cover, the use of vacuum appears to
have beneficial effects. By pressureless sintering, upto 2300°C a maximum density of 85%py was
obtained when the carbide starting particle size was in the range of 0.5-2.0 um. Compact densities of
above 90%pu, could be achieved by sintering at 2375°C using finer particles of median diameter 0.5/
0.8 um.

Free carbon in the carbide is useful in reducing the oxide layer on the boron carbide powder,
thereby promoting sintering and suppressing grain growth.>"?? Carbon can be introduced in the form of
an additive such as phenol-formaldehyde resin, which serves as binder in cold pressmg and as a
precursor for uniformly distributed carbon in the compact ' Addition of carbon helped in achieving
densities of 90-91%py, at 2325°C. It appears to act as grain refiner also ZrO; as a sintering additive
was found to be very effective in reducing the sintering temperature.’® Samples sintered at 2275°C for
60 minutes with the addition of 5 wt.% ZrO, showed densities in the range of 93-96%py,, compared to
86.6%py, for compacts without the additive. Hardness of the samples sintered with ZrO; additive was
higher at 30-31.5 GPa, compared to 27 GPa of B4C obtained without additive. Both carbon and
zirconium are neutron transparent, hence could be used with boron carbide for nuclear applications.
Conditions for densification of boron carbide and refractory borides are presented in table 3.

Hot pressing

Particles of median diameter 1-3 pm was hot pressed at 1900°C and 35MPa pressure to give a
compact of density of >95%pw. The properties of a typical boron carbide sample prepared in our
laboratory are: Density — 2.4 g/cc, Hardness - 28 GPa, Fracture toughness (indentation) - 4.1 MPa. m'?,
Young’s Modulus - 420 GPa, Flexural Strength at RT - 363 MPa, Thermal conductivity at 50°C -
28,78 WM'K™, Electrical Resistivity at RT -1.27 Q-cm. These properties are matching with the
literature values for similar use.

TITANIUM DIBORIDE

Synthesis
Synthe51s of titanium diboride was carried out in our laboratory by boron carbide reduction of
titanjum dioxide.”® The free energy of the overall reaction

2TiO;+B4C+3C=2TiB; + 4CO 8y

is negative above 1257K.*> The use of vacuum makes the reaction feasible at lower temperatures.
Experiments were conducted at temperatures between 1200 to 1800°C in 0.04 Pa. Even though at
1230°C itself TiB, formation was observed, the product was a mixture of Ti;Bs, TiO,, Ti;O; and C.
After reaction at 1360°C, TiO, phase was no.more present and at 1500°C and above the reaction is
nearly complete, but the product contained carbon and oxygen as impurity (each 2-3%). Further
removal of these impurities need a purification by heating to a temperature of >1800°C and a higher
vacuum of 0.01 Pa. Even extended hours of soaking at lower temperatures do not yield a pure product.
Only above 1800°C and 0.01 Pa, TiB; obtained had less carbon (0.6%) and oxygen (0.5%).

Consolidation

The appllcatxons of TiB; are probably limited by the challenges in sintering the material to the
required density.? Low diffusivity, grain growth at high temperature and presence of oxide layer on the
surface of the particles are some reasons for poor sinterability. Without an additive, TiB; could be
densified only at high temperatures by hot pressing. Densification of TiB; powders by pressureless
sintering in a reducing atmosphere was attempted upto 1900°C but the density attained was only
91%pwm. By hot pressing, pellets of 88 and 97.6%py, density were obtained at 1700 and 1800°C
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respectively. Hardness and fracture toughness values of high density sample were measured as 26 GPa
and 5.3 MPa.m"?, Thermal conductivity was measured to be 62.5 W/m/K at RT. The property values
are in good agreement with the reported literature values. MoSi, with a comparatively low melting
point and good high temperature properties is considered a sinter additive for hot pressing of TiB,.**

Table 3: conditions for densification of boron carbide and refractory borides

Material Sinter addition Process Re.latwe Hardness, Microstructure
parameters density Y%pwm GPa
. a o Coarse grains
Nil PS -2375°C 90 24-25 50-120um
- - -
B.C Diieum | PS-2325C 90 2425 o s
Dsor0-5um 570 94710, . Two ph
. _ phases
Dyo-<1 um PS - 2275°C 93 32 <20 pm
Nil HP- 1900°C 98 32 1-2 um
Nil HP - 1700°C 88 6-7 Presence of pores
Nil HP - 1800°C 98 26 1-2 um
20% MoSi, o -
Dio-1.4 pm PS-1900°C 88.5 -
. 20% MoSi, HP-1700°C 98.7 25 1-2 um
TiB, 2.5% TiSi
Dse-1.1 um 278 2ok HP-1550°C 99 20-25 1-2 um
D50-15 pm
- -
3% CiSi; HP-1700°C 98.6 28 :
D50-18 pm
2.5% CrB; o
Dig-4.8 um HP-1750°C 96.6 18 2-3 um
2B, 0Nn HP-1850°C 100 15 4 um
Dso-2.0um 2.5% CrB, HP-1750°C 100 17 2 um
Dso-l.SJ,Lm
: 0
B e —
s D50-15 um
CrB; Nil PS-2000°C 88 10 5 um
D50-4.8pm
Nil HP-1600°C 100 16 3-5um

PS- pressureless sintering, HP- hot pressing, Dsy- mean particle diameter

The addition of 10-20 wi% MoSi; enabled to achieve 97-99%py, in the composites at 1700°C under
similar hot-pressing conditions. The densification was found to be assisted by liquid phase formation
of TiSiz.3 5 The hot-pressed TiB,—-10 wt% MoSi, composites exhibit a Vickers hardness of 26-27 GPa
and modest indentation toughness of 4-5 MPa.m"?, Other silicides with low melting points such as
TiSi, (1540°C) and CrSi, (1477°C) have also been tested as sintering additive for consolidation of
TiB,. With a small addition of 2.5% TiSi,, pellets of 99%py could be obtained by hot pressing at a
much lower temperature of 1550°C. Hardness (20-25GPa), Fracture toughness (4.6-6.3 MPa.m") and
flexural strength (390 MPa) of this composite is found to match that of monolithic TiB, of similar
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density.>® Coefficient of Thermal Expansion (CTE) is found to be close to that of TiB; and electrical
resistivity is slightly higher than that of TiB,. Oxidation resistance of this composite is found to be
superior to that of TiB,+MoSi, and is close to that of TiB,. The formation of SiO; layer in addition to
TiO; on the surface is the reason for the improved oxidation resistance of this composite:.36 Hence
TiSi; is found to be the best sinter additive for hot pressing of TiB,. In the case of CrSi, as sinter
additive, the optimum hot pressing temperature was found to be 1700°C. With 5% addition of CrSi, a
composite of 98.6% pu with a hardness of 28 GPa and fracture toughness of 4.85 MPa.m'? was
obtained. CrB; with a melting point of 2200°C has also been found to be a suitable sinter additive
especially for improving the oxidation resistance of TiB2. The oxidized layer was found to contain
TiO; and CrBO;. Mechanical, physical properties and oxidation data of TiB; and composites
containing MoSi,, TiSi;, CrB; and CrSi; prepared in our laboratory by hot pressing are presented in
table 4.

Table 4. Properties of hot pressed TiB, and composites

Slope of
Hardness tFr;;:Lre Flexural | CTE Thermal Electrical gzner;li(r;te
Material G;:s ou(K ) 55, strength | x 1(1)6 conductivity | resistivity ql;or
I .
MpPam'? | (O)MPa ) K Wim/K W Q-cm oxidation
(m)
TiB, 26 5.1 - - 62.5 15.15 1.414
TiB;+20%MoSi, 25 5.1 - - 62.0 24.63 1.423
TiB,+2.5%TiSi; 18 5.3 390 5.7 - 22 1.789
TiB,+2.5%CrB> 18 2.8 295 6.1 - 40 1.901
TiBy+5%CrSi, 28 4.9 - - - -

*(AW/A)" = Kon.t, Where Aw- is the change in weight, A- surface area of the sample, t- oxidation time
and K- rate constant.

MOLYBDENUM DISILICIDE

The process chosen for preparation of MoSi; was synthesis from its elements because both the
powders Mo and Si are available in pure form. The pelletized stoichiometric mixture of molybdenum
and silicon was heated under 0.1 Pa to ~1400°C. The reaction is highly exothermic and instantaneous.
The temperature of the charge shoots up by a few hundred degrees as the reaction starts and the
reaction is completed within a few minutes. The charge pellets should be kept with sufficient space
between them, and the furnace power controlled to avoid melting of the charge. As both the elements
molybdenum and silicon are highly reactive, they should be stored in inert atmosphere. In presence of
air/ oxide surface, loss of molybdenum is observed at above 900°C due to the formation and
evaporation of MoO;.”” This drastically affects the recovery and also the formation of pure phase
MoSi;. XRD pattern of molybdenum disilicide produced in our laboratory is given in figure 2, which
shows it to be pure MoSi,.

ZIRCONTUM/HAFNIUM BORIDE

Synthesis of ZrB; also was carried out by a reaction similar to that of TiB,. In this case, the
product of reaction at all the temperatures upto 1800°C was a mixture of ZrB;, ZrB and C. While
comparing the synthesis of TiB, and ZrB, by boron carbide reduction of their oxides, the free energy
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change for the reaction is positive upto 970°C for TiB, formation and that for ZrB; is upto 1430°C.
Hence ZrB; formation is possible only at higher temperature compared to TiB,. Free energy change of
the reaction for the formation of borides is given in figure 1. Hafnium and Zirconium are chemically
very similar and this reflects in the formation of borides also. The formation of ZrB may be due to the
loss of boron from the reaction zone by evaporation of B,O; or suboxides of boron before the
formation of borides. The charge composition was suitably modified with excess boron carbide to
obtain a pure phase product of ZrB,. Pure HfB; was obtained at a slightly higher temperature of
1825°C (table 2).

ZrB; powder was hot pressed to full density at 1850°C by application of 35 MPa pressure and a
holding period of 2 hours in vacuum, Addition of CrB, lowers the sintering temperature by 100°C.
CrB; also prevents the grain growth of ZrB; during hot pressing and thus improves hardness and
fracture toughness. However density of HfB, hot pressed at 1850°C was low at 80%pwn. When 5% of
TiSi> was added to HfB,, higher density of 95%pn was achieved at a low temperature of 1650°C.
Hardness of this composite was also high at 23.3GPa (table 3).

. * MoSi,

AG” (kJ per mol of CO)

e et e N e e et M

A0 600 B00 1000 1200 1400 1800 1800 2000 E " oy * e " 31
Temperature (K)
Fig.1 Free energy change in the formation of borides Figure 2. XRD pattern of MoSi, powder

CHROMIUM BORIDE

When synthesis of CrB; from a stoichiometric charge composition was carried out at 1700°C,
though the weight loss was close to the theoretical value (36.3%), the product obtained was composed
of CrBj, Cr;Bs and graphite phases. The presence of boron deficient phase (Cr;Bs) indicates the
possible loss of boron from the charge. By using a modified charge composition containing more
boron and less carbon (Cr;0;: B4C : C=1:1.2: 1.31), single phase CrB, was prepared.

By pressureless sintering CrB, powders at 1800°C, a maximum density of 93%py, was obtained
after holding for 6 hours. However hot pressing results in a fully dense pellet of CrB; at 1600°C and 35
MPa pressure in 2 hours. The hardness and fracture toughness of fully dense CrB; was 16 GPa and 3.5
MPa.m"? respectively.

RARE EARTH BORIDES

Rare earth (RE) borides are generally synthesized by direct combination of elements,
borothermic reduction of RE oxides or by carbothermic reduction of a mixture of RE oxide and boron
oxide in a high temperature furnace (1500-1800°C). Borides obtained by the above methods are not
pure and often difficult to obtain in precise control of stoichiometry.’® Synthesis of Europium
hexaborides (EuB¢) was attempted by boron carbide reduction method according to the following
reaction.
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Eu,0; + 3BsC — 2EuBs + 3CO 2

Pure EuBg was prepared at 1400°C and a vacuum of 1 Pa, XRD pattern of the product is given in figure
3a. However, preparation of pure YB¢ by the same method has not been possible and the product
obtained was always a mixture of YBs and YB, (figure 3b).

Fused salt electrolysis offers an alternative low temperature method and the possibility of
obtaining pure stoichiometric compounds due to the selective nature of the process. A novel process
has been developed for the preparation of RE borides by using an oxyfluoride bath®®. Pure NdB and
SmB, have been synthesized by fused salt electrolysis at ~ 900°C. XRD patterns of these two borides
are presented in figure 3¢ and 3d.
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Figure 3. XRD patterns of rare earth borides a) EuBs b) YBs ¢) NdBs and d) SmB,
CONCLUSION
Synthesis of phase pure compounds of many of the carbides, borides and silicides is

challenging. A reliable method for production of B'® enriched boron carbide is by synthesis from the
elements. Boron carbide prepared by this method in our laboratory has been consolidated by hot
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pressing to >95%p. The mechanical and physical properties of this compact have been evaluated and
found suitable for use as control rod material.

In the case of refractory borides, prepared by oxide/ carbide reactions, two problems exist.
During the course of the reaction, boron losses occur due to the vaporization of boron containing
species formed by oxidation of B,C or by side reactions. This is overcome by adding extra boron in the
charge and controlling the furnace atmosphere to avoid oxidation. Higher temperatures and vacuum are
usually needed to obtain a product low in carbon and oxygen.

In the formation of CrB,, close control of charge composition is needed to form a pure phase.
Here again, loss of boron is compensated in the charge and by carrying out the reaction in rough
vacuum.

In all the cases, close contact between the particles help in achieving faster and more complete
reaction. In practice, the charge constituents are milled together to obtain a fine mixture in the range of
a few microns and then compacted to form pellets. As boron carbide is a very hard and abrasive
material, the parts coming in contact with the powders are to be lined with a material such as WC and
grinding balls also made of WC.

Due to high melting point, presence of oxide layer on the surface, low values of self diffusion
and covalent nature, densification of carbides and borides are difficult. In case of pressureless sintering
of B4C, addition of carbon and ZrO; can be effectively used as sintering aids to obtain high densities
and grain refinement. Hot pressing of borides by the addition of low melting compounds such as
MoSiy, TiSis, CrB; and CrSi; are seen to give compacts with high densities and hardness. Improved
oxidation behavior was observed with-the addition of TiSi; and CrB; by the formation of a protective
oxide layer.

EuBg was produced in pure form by reaction between RE oxide and boron carbide at 1400°C.
But YB¢ formed by the same process always contained YB4 also. Pure SmB¢ and NdB, were produced
by fused salt electrolysis method at a much lower temperature of 900°C.
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SHRINKAGE REDUCTION OF CLAY THROUGH ADDITION OF ALUMINA
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ABSTRACT

In this paper the packing density, shrinkage, rheological and mechanical properties of
clay/alumina mixtures are investigated. The packing density and shrinkage of clay during drying and
firing is improved by adding alumina. Consolidated bodies formulated from mixtures of different
amounts of clay and alumina exhibited plastic behavior during uniaxial compression. Flow behavior of
particles in the slurry state was governed by the strongest third network- formed through the contact of
alumina and clay particles- when both alumina and clay powder have similar particle sizes. For
mixtures where large and small particles are in interaction the viscosity behavior of the slurry depend
on the volume fraction of both constituents.

INTRODUCTION

Since clay usually packs at too low density, cracking and high residual stresses might arise
during drying and densification. In the old days, the Chinese have found out that if they mix clay with a
filler along with a plasticiser they can usually maintain the plasticity and malleability of clay as well as
reduce shrinkage, thus overcome cracking problems during densification. The plasticiser used was
usually feldspar, whereas quartz was the filler. Since quartz is very hard and rigid it undergoes much
less shrinkage during densification and thus constrains tremendously shrinkage of clay particles.

Lange et al.” have been working for the last decade on improving the mechanical behavior of
alumina ceramics using colloidal processing. By controlling interparticle pair potential they proved that
they can manipulate the mechanical and rheological behavior of alumina powder compacts;
interestingly, they showed that alumina powder compacts can deform plastically and thus can be
shaped into complex shapes by extrusion methods. Uniaxial compression tests showed that
consolidated bodies formulated from pure alumina slurries exhibited clay like behavior (low flow stress
and high strain of failure). The packing densities of these bodies were around 0.6, which is much higher
than clay (around 0.4). In addition, during densification alumina bodies exhibit much less shrinkage
than clay. Hence, we expect that mixing clay with alumina would maintain the plastic characteristic of
clay, increase the packing density and also reduce shrinkage upon heating to high temperatures.

In this paper we present a study of mixing different alumina powder containing different
particle sizes with clay. Rheological and mechanical behaviors of these mixtures are investigated. In
addition, shrinkage during drying and densification is characterized.

EXPERIMENTAL METHOD

Slurry preparation

Slurries were prepared by mixing alumina powder (Sumitomo Chemical Company, New York,
AKP-50 Grade, d50 = 0.25 microns, AKP-15 Grade, d15 = 0.6 microns, AA-2 Grade, d2 = 2 microns
and AA-5 Grade, d5 = 5 microns) or/and clay powder ( Huber, Polygloss 90, d90 =~ 0.5 microns) with
dionized water at a solid volume fraction of 0.2, The slurry was then dispersed by untrasonication. In
slurries using AKP-50 as the principal solid KOH was added to increase pH to high values (around 11).
This produces negative charges on the particles, resulting in a repulsive interparticle pair potential and
thus a dispersed slurry. Tailoring surface charge was not necessary when using the other types of
powder since their large particle size implies a lower number per unit volume and a smaller surface
area, thus no strong attractive force is active. It is desirable to form a weakly attractive potential that
allow particles to be at very close proximity to each others yet not touching, thus a very strong non
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touching network can be formed with low flow stress yet high packing density. To produce the desired
interparticle potential, i.e. a weakly attractive network where the particles are separated by a small
distance yet not touching, the slurry was coagulated by adding 0.1 M KCI salt. The pH was then
changed to 7.5 to optimize the effect of the interparticle potential. Finally the slurries were stored in a
roller for several hours to stabilize.

Consolidation and packing density determination

Consolidation of slurries were made through the pressure filtration method, which is described
elsewhere?. The slurry was poured in one-inch diameter die cavity. Constant pressure was applied with
a plunger until an equilibrium density was reached. Once the plunger ceased moving for a certain time,
usually not less than 10-15 min., pressure filtration was considered complete. After the pressure was
released, the consolidated body was removed, weighted and stored in a plastic bag containing a wet
paper to avoid drying. Density was determined as follows: The consolidated body was heated to 70 €
for -at least- 20 hours to remove water. The body was then again weighed to determine the weight loss,
which was assumed to be completely due to water removal. To eliminate residual salt, the consolidated
body was then heated to 350 € and then weighed. Thus, the density can be calculated knowing the
weight loss due merely to water and salt, respectively.

Mechanical testing and shrinkage measurement

Mechanical testing was performed using a screw-driven mechanical test frame (Instron model
8562, Canton, MA). Saturated, cylindrical-shaped specimens contained in a plastic bag were subjected
to uniaxial compression. Strain rate was kept at a constant magnitude of 1 mm/min. Load-displacement
data was taken by a computer connected to the machine. Engineering vs. strain curves were then
computed from the load-displacement data taking into account the following: Strain was calculated by
dividing the measured displacement by the initial thickness of the specimens. The current area was
determined assuming that the volume of the specimen was preserved and the effect of barreling due to
friction between specimen and loading platens was insignificant. Stress was then calculated by dividing
the measured load by the current area.

After the load-displacement data was taken the dimensions of the specimens were measured
before and after heating the specimens to 70 €. Shrinkage was then calculated from these
measurement data.

TGA analysis and weight loss measurement

TGA analysis was performed on Polygloss powder using Netzsch apparatus (Mode STA 409).
It was found that the powder lost around 12% of its weight in a temperature range between 450 and 600
€. Above 650 € no more weight loss was detected. Consolidated bodies formulated from slurries
containing mixtures of AKP-15/ Polygloss and AA-5/ Polygloss powder were fired at 700 €.
Shrinkage as well as weight loss was then calculated. The experimentally measured weight loss was
compared to theoretical calculation. Note that water loss calculated by this experiment is the water
intercalated between the layers in the structure itself. Water that was flowing around the particles in the
consolidated body was completely eliminated when heating the body at 70 €.

Viscosity measurement

Slurry viscosity was measured using a dynamic stress rheometer (Rheometrics DSR) with a
couette-type measurement cell (29.5 mm diameter, 44.0 mm long). Slurries at 0.2 volume fraction were
subjected to high stresses which were decreased until the shear rate reached values too low for accurate
measurement.
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RESULTS

Mechanical Behavior

Before looking at the effect of introducing alumina powder, consolidated bodies made from
pure clay (Polygloss) were first investigated. The slurries were prepared at two pH values, 9 and 7.5,
and by adding different amounts of salt precisely 0.02, 0.05 and 0.1 M KCI. Consolidation of these
slurries was performed at a constant pressure of 3 MPa. The resulting compact bodies were then tested
in uniaxial compression at a constant strain rate of Imm/min. Test results are summarized in Table 1,
and show that increasing the amount of salt results in decreased packing density and flow stress.
Similar results on slurries containing alumina powder were reported by Franks ef al.” They showed that
adding salt causes a reduction in interparticle pair potential as well as a decrease in packing density. In
addition the slope of the interparticle potential versus interparticle distance becomes steeper the more
salt is added.

Table 1: Change in flow stress and packing density with adding salt

pH Salt Content Packing Density Flow Stress in MPa
7.5 0.02M 55.0v.% 1.7
7.5 0.05M 520v.% 1.1
7.5 0.10M 454 v.% 0.4
9 0.02M 577 v.% 2.2
9 0.05M 520v.% 1
9 0.10M 47.0v.% 0.5

Holding the volume fraction of solids at a constant 20%, slurries with three different mixtures
of alumina powder and Polygloss were prepared using the same procedure previously discussed. The
volume of alumina was the same, one third or two third of the volume of Polygloss powder. 0.1 M KClI
was added to each slurry. PH and consolidation pressure were held at 7.5 and 3 MPa, respectively. The
packing density was highest when the volume of small particles (AKP-50) was one third the amount of
large particle (clay), i.e. when the volume fraction of small particles relative to the total solid content
was 0.25. When the alumina particles are larger than the clay (AA-5, AA-2 and AKP-15) the packing
density increases with increasing alumina content. For the consolidated bodies formulated from slurries
containing mixture of AKP-15/Polygloss powder the packing densities were effectively independent of
the relative amounts of each powder. Knowing that AKP-15 and Polygloss particles have similar
particle sizes, different mixtures of the two should have similar packing densities. The data showing the
packing densities of the consolidated bodies are summarized in Table 2.
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Table 2: Packing density and flow stresses of consolidated bodies

Packing density Clay vol. % \ Alumina vol. % Flow stress in MPa

Mixture of Clay/AA-5
57.6 v.% 0% 100% 0.05
69.8 v.% 25% 75% 0.3
63.4v.% 50% 50% 0.5
548 v.% 75% 25% 0.5
454v.% 100% | 0% 0.4

Mixture of Clay/AA-2

0% 100% 0.05
61.0v.% 25% 75% 0.35
57.0v.% 50% 50% 0.43
51.0v.% 75% 25% 0.45
454 v.% 100% 0% 0.4

Mixture of Clay/AKP-15

0% 100% 0.05
52.6 v.% 25% 75% 0.2
50.8 v.% 50% 50% 0.3
499 v.% 75% 25% 0.45
454 v.% 100% 0% 04

Mixture of Clay/AKP-50

510v.% 0% 100% 0.2
433 v.% 25% 75% 0.2
46.7v.% 50% ‘ 50% 0.225
470v.% 75% 25% 0.4
454 v.% 100% 0% 0.4

A typical stress-strain curve for consolidated bodies tested in uniaxial compression is shown in
figure 1. Table 2 shows the flow stresses computed from the different experiments performed on the
consolidated bodies. These results show that the flow stress of alumina was always lower than the flow
stress of Polygloss. The flow stresses of consolidated bodies formulated from slurries of
alumina/Polygloss mixtures were always higher than the pure alumina. This was thought to be result of
the three following reasons: Alumina and Polygloss particles have different surface charges (at
pH=7.5); Zeta potential measurements show that alumina particles have positive surface charges while
Polygloss particles have in contrast negative charges at their surfaces. Adding salt causes counterions
to coat the particles in an attempt to neutralize the surface. Since the amount of salt added is low (only
0.1 M KCI) effective surface charges on both alumina and Polygloss particles remain still intact. These
opposite charges introduce a third force not familiar in the pure slurry of one type of particles. Since
this force is negative the interaction of alumina and Polygloss particles produces an attractive network
that prevents the ease flow of alumina particles past Polygloss particles. Moreover, some of the
mixtures have a packing density higher than that of pure alumina and this has an impact of increasing
flow stress. A third reason for the increase of flow stress of the mixture system relative to pure alumina
is thought to be the high flow stress of Polygloss consolidated body. Introduction of Polygloss powder
to the alumina slurry strengthens the alumina network and contribute to the increase of flow stress.
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Figure 1: rypical stress/strain curve for consolidated bodies tested in compression.
Rheology Behavior

Figure 2 shows the rheology results for the mixture of AA-5/polygloss. The viscosity of small
polygloss particles is clearly higher than the viscosity of large AA-5 particles. The viscosity of the
mixture is in-between these two values. As we increase the volume fraction of small polygloss
particles, the viscosity also increases.

0%
—o— 100% AAS
—— 25% Pg & 75% AA-5 ] ]
—e— 50% Pg & 50% AA-5] 1
; 75% Clay & 25% AA-S —— 75% Pg & 25% AA-5 |
10 —e— 100% Pg
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o 100% Clay 4

Eta [mPa.s]
s

100% AA-5
25% Clay & 75% AA-5

101 . Al ]l I i il L L4114
10! 10°? 10° 10°
Rate [I/s]

Figure 2: Viscosity vs. Rate for polygloss/AA-5 mixture.
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Viscosity data of the AA-2/Polygloss slurries are plotted in figure 3. The viscosity of the slurry
containing 100% polygloss particles, i.e. small particles, is higher than that of pure alumina slurry. The
slurry, where polygloss powder represents 25% of the total solid content, has a higher viscosity than
that of pure AA-2 slurry but a lower viscosity than that of pure polygloss slurry. As the polygloss
powder content increases, the viscosity also increases. Smaller particles controlled the rheological
behavior of the slurry and increasing their relative amount resulted in an increase in viscosity.
However, small particles are not independent in their behavior from large particles, when the latter had
relatively large content in the slurry. In fact, interaction of small and large particles is obviously
observed in the three mixture systems. For example, when the mixture of powder was made up from
75% small particles and 25% large particles the viscosity was highest, exceeding even the vatue for the
slurry containing solely small particles. We believe that this increase in viscosity is due to the strong
attractive network caused by the interaction between clay and alumina particles; further discussion is
presented in the next section.

T 1

104t -
—o— 100% AA-2
—— 25% Pg & 75% AA-2
——— 50% Pg & 50% AA-2
3 75% Clay & 25% AA-2 ——75% Pg & 25% AA-2
10 —a— 100% Pg -

100% Clay

Eta [mPas]
=
t

25% Clay & 75% AA-2

10'¢

S0% Clay & 50% AA-2 100% AA-2

100 1 |
10! 16 10° 10!

Rate [1/5]

Figure 3: viscosity vs. rate for polygloss/AA-2 mixture.

Figure 4 shows the viscosity data for the AKP-15/Polygloss mixture. As we can see, when one
type of powder is the major constituent of the slurry the viscosity increases however by a small amount.
Unlike, for the mixture systems described above the highest value of viscosity is observed when
alumina and Polygloss powder have the same amount in the slurry. Obviously, the interaction of
alumina and Polygloss particles in this case is strongest. This is expected since these two types of
powder have the same particles size. A third network of clay-alumina has intervened and played a big
role in determining the flow characteristics of the slurry. This network becomes strongest when the
amount of both alumina and Polygloss is the same. A theoretical model, based on results found by
Bouvard et al>, is used to investigate the interaction between networks of two different particles.
Although this model was dealing with a bimodal mixture of powder randomly packed it shows that a
third network play an influencing role in the interaction between particles and becomes strongest when
the two different particles have the same volume fraction.
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Figure 4 viscosity vs. rate for polygloss/AKP-15 mixture.

The last mixture system tested for rheology behavior analysis was the AKP-50/polygloss
mixture (figure 5). Here the mixture exhibits higher viscosity than either pure alumina or polygloss
slurry independent from the relative amounts of both alumina and polygloss powder. A heterogeneous
strong attractive network formed by interaction between polygloss and alumina particles must impart
this increase in viscosity. Note, that the viscosity increases with increasing the volume fraction of smali
AKP-50 particles.
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Figure 5: viscosity vs. rate for polygloss/AKP-50 mixture.
Shrinkage upon drying

Shrinkage measurements upon drying were performed for AKP-15/Polygloss, AA-2/Polygloss
and AA-5/Polygloss mixtures. Shrinkage data are illustrated in table 3. Shrinkage is reduced when the
packing density increases. Unlike for the system AKP-15/Polygloss where alumina and clay particles
have similar sizes, shrinkage decreases tremendously for the AA-2/Polygloss and AA-5/Polygloss
systems, when the volume fraction of alumina relative to the total solid conterit increases. Since
alumina particles are relatively larger than Polygloss particles introduction of alumina particles
increases the packing density and thus reduces shrinkage. Investigation of the AKP-50/Polygloss
mixture is not of an importance in this case since introduction of alumina particles to Polygloss slurry
would not lead to significant increase of packing density and therefore reduction of shrinkage for this
system can not be thoroughly optimized.

Table 3: Shrinkage measurement upon drying

Packing density Clay vol. % | Alumina vol. % Radial shrinkage

Mixture of Clay/AA-5

69.8 v.% 25% 75% -1.2%

63.4v.% 50% 50% -2.4%

548 v.% 75% 25% -3.0%
Mixture of Clay/AA-2

61.0v.% 25% 75% -0.6%

57.0v.% 50% 50% -1.4%

51.0v.% 75% 25% 2.2%

Mixture of Clay/AkP-15

52.6v.% 25% 75% -1.3%

50.8 v.% 50% 50% -1.4%

49.9 v.% 75% 25% -2.2%
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Weight loss and shrinkage upon firing

Weight loss of water due to calcining of alumina/Polygloss mixture was investigated. Only two
mixtures systems, AKP-15/Polygloss and AA-5/Polygloss, were examined. Table 4 shows the results
detected for these two systems. It can be seen, that increasing the volume fraction of Polygloss results
in an increase in weight loss. Theoretical calculations showed very good agreement with the
experimental measurements and established the fact that weight loss was completely due to water
removal from the particle structure itself. Accompanied with weight loss determination, shrinkage of
the specimen was also investigated. In this case shrinkage was not related to change in packing density
but rather to the volume fraction of Polygloss in the mixture system (Note that this was also true for the
AKP-15/Polygloss mixture where alumina and Polygloss particles have similar sizes). When the
volume of clay increases shrinkage also increases which also shows that water removed from the body
is due to the structural water in the particles themselves and not to water flowing around particles.

Table 4: Weight loss and shrinkage upon firing

Clay vol. % | Alumina vol. % | Measured Theoretical Radial Axial
weight loss weight loss shrinkage shrinkage
Mixture of Clay/AA-§
25% 75% 0.60 g 058¢g -0.52 % -0.38%
50% 50% 1.16 g 1.09g -0.90 % -0.70%
75% 25% 1.74 g 1.63 g -1.64 % -1.12%
Mixture of Clay/AKP-15
25% 75% 045¢g 043 g -0.30 % -0.00%
50% 50% 085¢g 084¢g -0.82 % -0.65%
75% 25% 121g 1.20g -1.00 % -1.85%
DISCUSSION

Decreasing flow stress with increasing salt content was also observed by Frank er al.* when
investigating pure alumina slurries. They showed that the long range repulsive interparticle pair
potential existing when the slurry is dispersed could be reduced by adding salt. When salt is added
counter-ions are attracted to the particles that have opposite surface charges. When counter-ions
surround the particles the effective charge of the latter is reduced; the large repulsive force is therefore
reduced. The more salt is added the more surface charges are neutralized and the less effective is the
“double layer repulsive force”. Besides the reduction of the repulsive pair potential range the slope of
the potential curve versus interparticle distance steepens the more salt is added. Steeping of the curve
of the potential versus interparticle distance means that the slope (which is a force) increases; this force
counteracts the force applied by the external force during pressure filtration to push particles over the
repulsive barrier deep in the primary potential well. The more salt is added the lower the number of
particles that are pushed during pressure filtration. The fraction of particles pushed together would
increase the packing density of the consolidated body. During uniaxial compression a peak stress is
required to break the strong touching network formed during consolidation. Therefore, the more salt is
added the lower is the peak stress.

Zok F. er al.’ has investigated the packing density of a particulate system when particles of
different sizes are mixed together. He showed that the highest packing density would result from
mixing 75% of large particles with 25% of small particles. Since randomly packing of large particles
would leave 36 vol.% of empty space between particles, introduction of small particles will fill 64% of
this remaining free space to give the highest density of 87 vol.% when the volume fraction of large
particles is 0.75. This is true when the size ratio of large particles to small particles is high. When small
particles are comparable in size to large particles the region right at the contact between two touching
particles has to be excluded from being filled with small particles. This concept can be well applied to
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our different mixture systems. For the AA-5/Polygloss mixture where the particle size ratio is highest
the packing density is effectively highest when compared with other mixture systems. As the size ratio
is reduced the packing density for a corresponding type of mixture is also reduced implying that more
volume is excluded (i.e. the region at the contact of two touching particles) despite the presence of
small particles that fill the otherwise available space.

Viscosity of bimodal mixture was investigated by holding the total volume fraction constant.
Previous studies on bimodal and multimodal systems were performed by adding different amounts of
large particles to a shurry of fine particles. Fidleris and Whitmore® showed that when the size ratio of
fine particles to large particles is less than 1/10 the large particles added to a slurry of fine particles feel
the same resistance as when they are in a suspenswn of pure liquid with the same viscosity as the slurry
of fine particles. Based on these results Farris’ predicted the viscosity of multimodal mixture from the
viscosity of unimodal suspension assuming that small particles have zero interaction with large
particles as long as the size ratio is less than 1/10. He also showed that adding fine particles to large
particles decreases at some stages the viscosity of the suspension. Since for our case the size ratio of
small to large particles is large than 1/10 we can effectively deduce that small particles definitively
interact with large particles. This interaction depends on the size ratio.

When the size ratio is larger than 1/10 but less than 1 the fine particles have the largest
contribution to the viscosity. When the size ratio is larger than 0.3 which is the case of the
Polygloss/AA-2, Polygloss/AKP-15 and Polygloss/AKP-50 mixtures the viscosity of the mixture even
exceeded the value of pure slurry of fine particle. Since the viscosity of large particles is smaller than
that of the fine particles an interaction of large particles with small particles has to be the reason for this
increase. A theoretical model was developed based on previous studies performed by Dodds® and
Bouvard® to study the strength and volume fraction of three different networks existing in a randomly
packed particulate system. In our case, these three networks are formed through the contacts of
clay/clay, alumina/alumina and clay/alumina particles. This model suggests that when the volume
fraction of alumina is equal to the volume fraction of clay the coordination number of alumina to clay
particles is equal to three and the volume fraction of the third network, i.e. clay/alumina network, is the
largest and equal to 0.5. The formed third network is strong attractive, since as already mentioned
above, the effective charges of alumina and polygloss particles (at pH=7.5) are slightly affected by
adding salt, consequently still remain positive and negative, respectively. Therefore, when alumina and
Polygloss particles are comparable in sizes (Polygloss/AKP-15) the interaction between the different
particle types is strongest among all the mixture systems and has the largest effect when the volume
fractions of both types of powder are equal. Based on this theoretical thought we believe that a third
network formed through the contacts of alumina and clay particles has the most contribution to
viscosity of the slurry (when both alumina and clay particles are comparable in size). Thus the viscosity
of Polygloss/AKP-15 mixture reaches the largest value when the mixture is made up of equal volume
fractions of both alumina and Polygloss.

Since the size of polygloss particles is only double the size of AKP-50, the interaction between
alumina and clay particles is, also in this case, strong. A strong attractive network is, therefore, formed
due to interaction between alumina and clay particles. The strength of this network is manifested by the
increase of viscosity exceeding the value of AKP-50. Unlike for the mixture of AKP-15/polygloss
where the highest value for viscosity was when both alumina and polygloss have same volume fraction
(50%), the highest value for the mixture AKP-50/polygloss is when the large particles constitute 25%
of the total solid content. Note that AKP-15 and polygloss particles have similar sizes and therefore
also similar viscosity. The size of AKP-50, however, is half the size of polygloss. Because the viscosity
of polygloss is lower than that of pure AKP-50 the mixture of 75% AKP-50 with 25% polygloss
exhibits higher viscosity than it would for the case when the third network is strongest (i.e. when
alumina and polygloss have same volume fractions). The exactly opposite scenario is observed in the
AA-2/Polygloss mixture; the mixture of 75% Polygloss with 25% AA-2 exhibits the highest viscosity.
The interaction in the Polygloss/AA-5 mixture is so weak that it hardly affects the viscosity of the
slurries. Since the viscosity of AA-5 is much lower than that of Polygloss, adding Polygloss to AA-5
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alumina increase the viscosity of the mixture. The more clay is added the higher is the increase in
viscosity.

CONCLUSION

Shrinkage of clay could be effectively reduced and therefore cracking during drying and
densification could be avoided. The flow behavior of the mixture is not much different from pure clay.
Along with preserving the malleability and plasticity of clay the consolidated bodies formulated from
the mixtures show very high packing density especially when small and large particles make up the
total solid content. The particle size ratio has influenced in some way the rheology of some mixture.
This is due to interaction between alumina and clay and the formation of a third (alumina/clay)
attractive network. In the case, where alumina and clay particles have similar particle sizes
(Polygloss/AKP-15) a third network of alumina/clay is the strongest and has the largest contribution to
the viscosity behavior. When small amount (e.g., 25%) of one type of sufficiently large particles
(Polygloss/AKP-50 and AA-2/Poloygloss) were added to the slurry of small particles the viscosity was
the highest. When the particles added become too large (AA-5/Polygloss) the viscosity is still high but
lower than that of pure fine particles.
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ABSTRACT

Indium tin oxide (ITO) transparent conductive thin films are widely used as electrode layers in
optoelectronic devices, such as flat panel displays, solar cells, touch panels, and some others, and the
requirements for these films in terms of their quality and manufacturing efficiency are constantly
growing. The use of ceramic sputtering targets of a rotary design allows to ignite plasma without
arcing and to provide stable sputtering at increased power levels, which significantly enhances
sputtering efficiency and reduces film processing cost. High quality films are obtained due to reduced
re-deposition onto the target surface during sputtering compared with planar targets. Rotary targets
with a total length up to 3 m consisting of almost fully dense (up to 99.5% of TD) hollow cylindrical
ITO ceramic bodies and their technology have been developed and successfully implemented in
production. The DC magnetron sputtering process using ITO ceramic rotary sputtering targets has been
optimized. Thin film morphology and properties have been studied as a function of sputtering
conditions. Due to high quality ceramics in rotary targets and optimized sputtering conditions,
nanosized nanocrystalline ITO thin films with specific electrical resistivity as low as 180 uOhm.cm
and transmittance as high as 93% (at 550 nm after subtraction of glass substrate) have been attained.

INTRODUCTION

Highly transparent and electrically conductive oxide (TCO) thin films are widely used as
electrode layers in optoelectronic devices, such as flat panel displays (FPD), e.g. liquid crystal displays
(LCD), organic light-emitting diodes (OLED), plasma-display panels (PDP), touch panels,
electrochromic devices, antistatic conductive films and in low-emissivity coatings '~. Such TCO thin
films have had a great interest in photovoltaic applications for the formation of flexible thin film solar
cells (e.g. based on silicon, CulnGaSe,, CdTe). The films are commonly produced by conventional DC
magnetron sputtering onto glass or polymer substrates, requiring a fine-tuned deposition process and
high quality ceramic sputtering targets. Indium tin oxide (ITO) is the most reliable material, among
various semiconducting oxide ceramics, which may be used for TCO films processing, because it
provides highly homogeneous nanostructured transparent (greater than 90% of transmittance in optical
range) and electrically conductive thin films in a thickness range of 50-250 nm "*. The demand of ITO
products (ceramics and sputter deposited films) is continuously increasing with more stringent
requirements for film quality and process efficiency. Currently used planar sputtering targets in thin
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film processing, which consist of one or several ceramic tiles bonded onto a metallic backing plate,
have some serious disadvantages. Their fast erosion in a local racetrack pattern during sputtering limits
target utilization to values in the range of 25-40%. Moreover, the risk of formation of nodules on the
surface of the targets, which finally leads to a disruption of the film deposition, is relatively high; thus,
the need for system maintenance during target lifetime, which reduces system up-time, is inevitable
using a planar cathode configuration.

In order to increase both utilization of expensive ITO ceramic sputtering targets and the
efficiency of the sputtering process, rotary sputtering cathodes equipped with tubular ceramic targets
should be used. Opposed to planar targets, almost the entire surface of rotary targets becomes a
working surface that results in a significant increase of target utilization (typically 70-90% depending
on the magnet array, i.e. several times greater than the utilization of planar targets). Erosion of the
quasi entire surface area also avoids re-deposition on the target surface, so the growth of nodules can
be avoided or, at least, strongly suppressed. Moreover, because the thermal load is on the entire
cylindrical target surface area with rotary magnetrons, higher power loads can be applied on rotary
targets. This normally leads to higher deposition rates. All these features lead to a significant reduction
of the thin film production cost.

Although ceramic sputtering targets provide higher performance compared to metallic targets,
ceramic rotary sputtering targets have not been widely implemented and used in the FPD and
photovoltaic industries until recent time. It was especially related to ITO ceramic rotary targets, which
were not existed due to difficulties to produce high density ITO large size hollow cylindrical bodies
with sufficient wall thickness without shape deformation and cracking. Umicore Indium Products
(UIP) was one of only a few companies that took up a challenge to develop and commercialize rotary
sputtering targets consisting of high density (99% of TD or greater) ITO ceramic hollow cylinders with
a wall thickness of 6-10 mm bonded to a metallic backing tube®. In the present work, the features of
the sputtering process using those rotary targets and obtained film properties are discussed.

EXPERIMENTAL

ITO ceramic holiow cylindrical bodies were manufactured using the developed “ceramic”
manufacturing process starting from in-house produced In,O3; powders and without pressure assistance
during firing cycleé‘ ITO ceramics with an oxide ratio In,03/SnO, of 90/10 was used in the present
study (ITO ceramics with In;O4/SnO; ratio of (98-80)/(2-20) are generally employed in accordance
with the customers’ requirements). The finished ITO ceramic hollow cylinders were bonded to a
metallic (T1) backing tube using indium solder as a bonding material. The assembled and bonded
sputtering targets may have a total length of the ceramic part up to 3.8 m. In the present work, the
targets of 1.2-m length consisting of hollow cylinders with inside diameter of 133 mm and wall
thickness of 6 mm (Fig. 1) were used for the sputtering campaign. All the ceramic segments had fired
densities of 99% of TD or greater (density was determined using a water immersion method based on
Archimedes law). The ceramic bodies after post-firing machining and the assembled targets after
bonding were inspected using ultrasonic testing equipment, and no defects in ceramics and bonding
layer were observed during inspection.
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Fig. 1. ITO Ceramic Rotary Sputtering Targets (1.2-m Length of ITO Components)

Sputtering was conducted in collaboration with a distinguished sputtering system manufacturer
using a conventional DC magnetron sputtering system providing rotation of the target. The target was
tested at different sputtering power values starting from SkW up to 12 kW until a clear racetrack was
formed at both ends of the target (at that point, less than 1 mm of ITO was left in the racetrack
closing). A total energy at sputtering was greater than 2,500 kW-hr. Sputtering behavior (e.g. plasma
behavior, cycling performance, film uniformity) was evaluated. The targets were exposed to cyclic
sputtering load (several thousands cycling) with the cycles of plasma ON mode during 25 s. and then
45 s. in plasma OFF mode. Arc formation was controlled using a power supply with an arc suppression
unit. The sputtering process was conducted in Ar atmosphere with addition of O, reactive gas in
various quantities. The coatings were deposited at ambient temperature and onto preheated (235°C)
glass substrates (Corning) without using Plasma Emission control” for the reactive gas flow; also some
coating samples of the as-deposited films were annealed at 200°C during 60 min.

Microstructure and phase composition of the films were studied using SEM and XRD
techniques, respectively. Film thickness was optically determined using a reflectometer analyzer (J.Y.
Horiba, Tokyo, Japan). Specific electrical resistivity of the films was measured using a four-point
probe measuring unit (Jandel Scientific, Corte Madera, CA). Transmittance in the visible range from
400 to 800 nm wavelength was measured using a spectrophotometer (Perkin-Elmer, Norwalk, CT).
Film stress was determined for selected film samples deposited onto Si wafers of 100 mm diameter in
accordance with a standard procedure for FPD applications using cantilever technique; an o-step
profilometer was used to measure the bending contour due to the stress in the thin films.

RESULTS AND DISCUSSION
Sputtering Behavior

The erosion profile after the sputtering campaign of 2,400 kW-hr was smooth and uniform over
practically the entire length of the target. It can be seen from Fig. 2 that relatively thick remaining
areas are only near both ends of the target (about 50 mm length), and practically the entire target was
spent with a thickness of the remaining material of 1.8-2.5 mm with a slight thicker area in the middle
zone of the profile. Based on this diagram, rotary targets can be utilized for min. 80% for this specific
magnetron, i.e. a few times greater than planar targets. The target utilization may be increased using a
longer sputtering cycle; actually, the longer campaign allowed to reach the remaining target thickness
of 1.3 mm, and about 90% of utilization could be attained. Also utilization may be increased by
optimization of the magnetic field at the racetrack closing at both ends of the target. The use of a
longer magnetron with a longer target will also promote the target utilization reducing the effect of the
ends of the targets with lower utilization.
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Fig. 2. Erosion Profile Measured on the Rotary Sputtering Target Surface after Total Sputtering
Energy of 2,400 kW-hr

Sputtering was very stable with no changes in the target appearance and plasma ignition. No
cracks were observed on the ceramic components of the target, arc traces were completely absent.
Contrary to sputtering with ITO planar targets, nodules on the ceramic surface of the rotary targets due
to re-deposition of sputtered material were not observed. As is generally known in ITO deposition
practice, nodules (“black spots”) may be observed at the edges of and outside the erosion race track of
planar targets during long-cycle sputtering. The nodules are considered as indium sub-oxide In,0%°.
The nodules tend to cause electrical arcing and thin film deterioration, e.g. pinholes, and decrease of
film uniformity. After some period of time, the target needs to be cleaned (i.e. nodules need to be
removed mechanically). This not only reduces system up-time (the vacuum system needs to be vented
and the cleaning procedure takes time), but the cleaning is a new source of particles in the deposition
system, and the mechanical removal of nodules leads to loss of target material. In other words, the use
of ITO rotary targets significantly increases process stability and reduces cost of ownership due to
higher system up-time and improved product yield.

Basically, the sputtering power generates a considerable amount of heat that may affect thermal
behavior of ITO ceramic bodies during sputtering. The ability to withstand thermal gradients during
sputtering is defined by not only thermal shock resistance of ITO bodies that is generally not very high
due to the nature of this ceramic, but also, in the valuable extent, by the sputtering cycle, cooling
efficiency, rotation speed and some other factors. In order to provide the targets integrity, the
sputtering cycle, including sputtering power ramp, was conducted very gentle. The quality of the
bonding that defines cooling efficiency of the target during sputtering was adequate (in the case of
bonding problems, cooling becomes not efficient due to inappropriate heat and cooling transfer at the
local areas of the target, and this thermal mismatch can reach the sufficient values, which ITO ceramic
bodies cannot withstand) that was inspected using non-destructive ultrasonic technique.

Thin Film Properties

ITO films obtained by deposition at room temperature are amorphous that was confirmed by
XRD analysis, while thin films deposited onto preheated substrates have a polycrystalline structure
with cubic shape In,O; (ITO) grains (Fig. 3). Annealed films also have a polycrystalline structure with
some preferential orientation. In both cases for the thermal activated deposition processes, the grains
have sizes of 10-30 nm. The presence of other crystalline phases in the films was not detected. L.e. the
thin film morphology and phase composition are identical to those films obtained from planar
sputtering targetsS.
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Fig. 3. Microstructure of ITO Film Obtained after Sputtering on the Preheated Substrate

The obtained thin films had a uniform thickness; the film uniformity was determined optically
by measuring thickness in various points over the large area of a substrate. The thickness difference
between different points of measuring was below 10% that is well accepted in the optoelectronic
industry. Roughness of the films deposited at elevated temperature and after annealing was about 2
nm. The topography of the coatings is shown on Fig. 4.

a) o b)
Fig. 4. ITO Coating Topography (a- as-deposited, b- annealed film)

ITO thin films deposited using a rotary magnetron have properties (electrical resistivity and
transmittance), which are well comparable with the properties, obtained with planar magnetrons.
Specific electrical resistivity of 150-nm films sputtered onto heated substrates (at 235°C) is 180-200
pOhm.cm, i.e. these values are very acceptable for the FPD industry. Figure 5 demonstrates similarity
of specific electrical resistivity values for the coatings deposited from both planar and rotatable
magnetrons as a function of the composition of the Ar/O; reactive gas mixture. All the as-deposited
ITO coatings (at elevated substrate temperature) with a resistivity below 2.E-04 Ohm.cm had optical
transmittance at wavelength of 550 nm (with the glass substrate subtracted) of about 90-93 %,
regardless of the deposition magnetron. The coatings after annealing at 200°C demonstrated even
higher transmittance up to 93% due to formation of nanocrystalline structure.
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Fig. 5. ITO Film Resistivity for the Coatings Obtained from Ceramic Planar and Rotary Sputtering
Targets

The film samples were evaluated for their stress condition. A value of about -195 MPa (i.e.
compressive stress) was determined for as-deposited 150-nm films, while a value of about +250 MPa
(tensile stress) was determined for thin films after annealing when the structure transformation from
amorphous to polycrystalline state occurred that is accompanied by sufficient structure densification.
These values are similar to the stress conditions determined for ITO films obtained using planar
targets’, and they are within the specification for the stress conditions established for the FPD
applications (below than +/-500 MPa).

CONCLUSION

Rotary sputtering targets based on high-density (99% of TD or greater) ITO ceramics
developed and commercialized by UIP were successfully used in a conventional sputtering system
under stable plasma conditions producing high quality thin films, which satisfy industrial requirements.
Such rotary targets are considered as a new generation of sputtering targets used for TCO thin film
preparation. The rotary targets allow to apply a higher sputtering power (up to 10 kW/m) compared to
planar equivalents, increasing film deposition rate with uniform plasma behavior. The use of sputtering
targets with ceramic cylinders provides a significant increase in the ITO thin film production efficiency
and overall reduction of film processing cost. ITO rotary targets are an excellent replacement of ITO
planar targets in FPD technology, photovoltaics and other optoelectronic applications, particularly
because of their significantly higher utilization of expensive ITO ceramics (about 80-90% of target
utilization depending on the sputtering magnetron) and reduced re-deposition (i.e. absence of nodule).
The comparison of sputtering efficiency using rotary and planar targets is summarized in Table.
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Table. Rotary vs. Planar Magnetron Sputtering Technology

Processing features Planar Rotary

Target utilization (weight of target Low (25-40%) High (80-90%)

material sputtered vs. initial weight)

Influence of magnet array configuration | Strong Weak (quasi absent for “dog-

on target utilization bone” shape targets)

Stability of sputtering process Medium Very high

Max. power density on target Medium High

Nodule formation Possible Quasi absent

Particle generation on target in process | Medium Very low (quasi absent re-
deposition)

System up-time Low Very high

Substrate radiation heating due to target | Medium Low
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ABSTRACT

Detection of defects during manufacturing of ceramic sputtering targets is important in order to
prevent problems in the sputtering process and to produce high quality thin films, as required by the
industry. This is especially important for large size targets with planar and, moreover, rotary
configurations. Defects in bare ceramic components, such as forming flaws, cracks, and voids, and in
bonded sputtering targets, such as de-bonds between the ceramic and metallic backing, have to be
eliminated. Ultrasound C-scan systems were utilized for non-destructive inspection of indium tin
oxide (ITO) ceramic sputtering targets. The testing was conducted for planar and rotary ITO ceramic
components with densities up to 99.5% of TD and for actual bonded targets. Instruments with various
designs were used for the testing, including systems, which were capable of inspecting long rotary
targets with a total length up to 3 m or more. Transducers with frequencies of 10-30 MHz were used
for ultrasonic evaluation. Microscopy studies and dye penetration testing of ceramic components were
also used to confirm the presence of defects found by ultrasound C-scanning, and to understand their
origin. Non-destructive ultrasonic evaluation can be successfully used as a quality control in the
manufacturing of ceramic sputtering targets.

INTRODUCTION

The quality of ceramic sputtering targets affects the quality of the transparent conductive thin
films, which are widely used as electrode layers in optoelectronic devices, as components of solar
cells, and other applications. Ceramic sputtering targets used in industry for optoelectronic and
photovoltaic applications usually consist of several ceramic components (tiles or hollow cylinders)
bonded to metallic backing materials'?. The films are commonly deposited by conventional DC
magnetron sputtering or by some other techniques onto glass or polymer substrates. The film
manufacturing requires a fine-tune deposition process and high quality sputtering targets. Defects in
the ceramic components of the sputtering target, such as forming flaws, microcracks and voids, as well
as voids in the bonding layers between the ceramic and backing materials of the targets, must be
eliminated to attain high quality homogeneous films, to prevent problems in sputtering, and to maintain
film processing efficiency with a minimum of downtime. For example, microcracks or voids in the
ceramic components can result in the formation of particulates or nodules, which significantly reduce
the film uniformity. Particle redeposition and nodule formation require downtime in sputtering and
cleaning of the targets. The presence of defects in the bonding layer (e.g. de-bond spots when ceramic
or metallic backing components have low adhesion with the solder) results in problems with heat
transfer in the sputtering targets during film processing that causes cracking of the target, unpredicted
downtime, and lower target utilization. The absence of defects in the targets is especially important for
large size targets with planar and, moreover, rotary configurations, which have recently been employed
in the industry'?.

Non-destructive testing (NDT) can be utilized for the identification of defects in the sputtering
target components in order to prevent problems during and after processing. NDT may help not only to
prevent the usage of the components with defects, but also may be useful for analyzing defect location,
size, and distribution; this analysis is instrumental in the investigation of manufacturing problems,
route cause analysis, and process improvement. There are a number of NDT methods used in industry.
They include dye penetration testing and radiography, methods based on the measurement of electrical
current, ultrasound and heat propagation, and some others. The features of these methods, their
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utilization, and positive and negatives points are summarized in Tables 1 and 2. Based on a comparison
of these methods with the particular features of sputtering targets design and materials involved,
ultrasonic C-scan systems were selected and utilized as the NDT method.

The ultrasound C-scan imaging technique is based on the detection of acoustic waves in
different materials, which may be sensitive to differences in microstructure and phase composition. An
initial electrical pulse is sent to the piezoelectric crystal in an ultrasonic transducer, and this pulse is
converted into sound waves. These waves are sent to the inspected material, and their energy may be
transmitted, reflected or scattered depending on the difference in acoustic impedance of the studied
materials or the phases present in these materials. Any feature within the sample microstructure that
changes the sonic velocity, such as the back surface of the sample, a crack surface, or an interface
between two dissimilar materials, will reflect an echo back to the transducer/detector. Reflected signals
are converted back into an electrical pulse and displayed in different amplitudes in an X-Y coordinate
system. The collected pulse amplitude data are assigned to a color scale that indicates changes in the
amplitude over the inspected area, which are displayed as a C-scan image.

Raw data are collected as sonic amplitude over a period of time comparable to the frequency of
the ultrasonic waves. If the velocity of sound within the inspected material(s) is known, then the time
period observed in the raw data can be converted to specific depth below the sample surface.
Electronic gates can be set within the data collection software to create C-scan images from data at
specific depths or certain thicknesses within the sample.

Ultrasonic transducers can be fabricated to operate at a variety of frequencies, typically
between 1 and 30 MHz. The detectable flaw size is directly proportional to the ultrasound frequency.
Depth of penetration, however, is inversely proportional to the ultrasound frequency and directly
proportional to the density of the sample. For example, ultrasonic inspection of microcircuitry may
employ a transducer that operates at a frequency of greater than 100 MHz, while a steel ingot may be
inspected with a S MHz transducer. The operating frequency must be optimized for a particular
material and flaw size. The ultrasound waves also interact more efficiently with features perpendicular
to their direction of propagation, so transducers may be positioned at different angles to the sample
surface in order to detect flaws oriented in various directions.

EXPERIMENTAL

The studies and actual NDT inspections were conducted for indium tin oxide (ITO) ceramic
sputtering targets with planar and rotary designs, which are commercially manufactured at Umicore
Indium Products (UIP). The ITO ceramic manufacturing and physical properties, as well as the target
designs, have been described elsewhere'”. ITO components (tiles and hollow cylinders of various
sizes) have densities of 99% of TD or greater, and the ceramics typically display a very low electrical
resistivity. Titanium was selected as the backing material for the assembled target, while indium alloys
were used as the bonding material.

C-scan instruments with various designs were used for the testing, including systems capable of
inspecting planar and rotary targets with a total length of 3 m or more. The inspected bodies were
immersed into a tank with water as the ultrasound conduction medium. Transducers with frequencies
of 10-30 MHz, positioned perpendicular to the sample surface, were used for ultrasonic evaluation.
Microscopy studies (scanning electron microscopy SEM and optical microscopy) and dye penetration
testing of ITO ceramic components were also used to confirm the presence of defects found by
ultrasound C-scanning, and to understand their origin.

RESULTS AND DISCUSSION

Samples were inspected in as-fired, post-ground, or post-bond states. Initially, samples were
chosen for inspection with visible surface flaws; several lots of samples were also inspected as a
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quality control measure regardless of the presence of visible flaws. As a complement to the ultrasonic
inspection, cylindrical ITO ceramics were also examined with a fluorescent dye penetration technique.

Examples of C-scan images for two as-fired, rectangular ITO ceramic tiles are given in Figure
1. Two images were generated with different ultrasound inspection instruments operating at 20 MHz.
Three surface cracks, surface roughness, and some internal porosity are visible. The differences in
color are a result of the software settings. It should be noted that the surface cracks observed in this
sample were visible to the naked eye, but the internal porosity was not.

To illustrate the effect of transducer frequency on image resolution, a ground ITO cylinder was
inspected with 10 MHz and 20 MHz ultrasound waves. Figure 2 illustrates the same defects detected
with both frequencies; however, image quality and resolution are greater when the transducer with thee
higher frequency was used. Transducers with frequency of 30 MHz provide even higher image quality
and resolution, especially for the ceramic components with sufficient thickness.

The origin of detected flaws was also investigated with microscopy techniques. For example,
several cracked samples were sectioned and observed in an SEM to examine the microstructure of the
cracked area. As shown in Figure 3, cracks did not extend through the entire sample cross-section. In
addition, crack surfaces known to have resulted from mechanical fracture appeared rougher than the
crack surfaces detected with ultrasound. It was subsequently concluded that the observed cracking did
not occur as a result of mechanical stress, but may have been a result of thermal stress.

Figure 4 illustrates an example of sub-surface crack features, which are detectable with
ultrasound but not with other surface-sensitive techniques, such as dye penetration. In this sample, two
cracks begin at the sample’s edge and extend at an angle to the inner/outer surfaces (instead of
perpendicular, as typically seen). With the aid of the ultrasonic C-scan image, the length of each crack
can be identified, and the entire cracked portion can be removed to salvage a part of the sample for its
end use.

Since ultrasonic imaging is more sensitive to features perpendicular to the scanned surface, this
technique is ideal for inspecting the degree of bonding between a ceramic component of a sputtering
target and its backing support. Typically, ITO ceramic components are bonded to a metallic backing
plate or tube with a metallic solder. This ensures mechanical stability of the target assembly and an
acceptable thermal conductivity through the target, which is necessary to relieve thermal stresses
during sputtering. Ultrasonic inspection can be used to detect areas of poor bonding, as illustrated in
Figure 5, for rotary ITO sputtering target assemblies using a 20 MHz transducer. Un-bonded areas
consist of an interface with air that reflects the sound waves more than the surrounding bonded areas.
De-bonds, therefore, are detected and displayed in the C-scan image. The relative proportion of bonded
and de-bonded areas can then be calculated using the imaging software. Any anomalous bonding
features present in the inspected target can also be identified for quality control purposes.

The conducted studies were very helpful for the quality control of bare ceramic sputtering
targets components and bonded targets; they allowed to exclude defective pieces from the
manufacturing process and to supply the customers with the targets without defects. These studies
were also helpful for the analysis of the manufacturing focused on the process improvement.

CONCLUSION

C-scan ultrasonic NDT technique was successfully used for inspection of ITO ceramic
sputtering targets with planar and rotary configurations; both bare ceramics and actual bonded targets
were tested. C-scans were collected and analyzed for the bodies over different areas. This method is
capable to detect microcracks and flaws in the ceramic bodies and voids and bonding defects in the
bonding area of the targets. Non-destructive ultrasonic evaluation can be successfully used as a routine
quality control in the manufacturing of ceramic sputtering targets.
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Table 1. NDT Methods Comparison

Method

Characteristics detected

Advantages

Limitation

Dye penetration

Crack and other surface defects

Inexpensive, simple, easy to use and
to understand, possible to automate

Only open surface may be examined.
Not for porous materials or very rough
surface

Ultrasonic Change of acoustic sound or Good crack or void detection, usable | Requires coupling to material by
impedance due to cracks, voids, | for thick bodies, can be automate, contact to surface or by immersion to
inclusions, interfaces, or defects | computerized with recording and liquid. Not for very rough surfaces
in bonding saving images

X-ray Change in density due to voids, | Used for various materials, Serious radiation safety requirements,

inclusions, interfaces and
materials variation

thickness, shapes; versatile; data can
be recorded

not easy to examine if cracks are
perpendicular to X-ray direction. Very
expensive

Electrical current

Changes in electrical
conductivity due to materials
variation, cracks, voids,
inclusions

Possible to automate; relatively
inexpensive

Only for rather conductive materials.
Limited penetration depth

Magnetic Leakage magnetic flux due to Good sensitivity to the flaws; Only for ferromagnetic materials.
surface or near-surface cracks, relatively inexpensive Limited penetration depth (used only
voids, inclusions for surface or near-surface defects);

surface preparation may be required

Thermography Changes in thermal conductivity | Possible to automate Limited penetration. Not very high

due to materials variation,
cracks, voids, inclusions

accuracy. Rather expensive
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Table 2. NDT Methods Comparative Characteristics

Characteristics Dye penetration Ultrasonic X-Ray Electrical current Magnetic Thermography
Capital cost Low Medium-High High Low-Medium Medium High-Medium
Consumable cost Low-Medium Very low High Low Medium Low
Time of results Immediate Immediate Delayed Immediate Short delay Short delay
Geometry effect Not very Important Important Important Not very Important

_important (thickness limit) important
Access problems Important Important Important Important Important Important
Type of defect Surface Internal Surface+internal | External mostly External Internal
Sensitivity Low High Medium High (not for all Low Low-Medium
materials)

Formal record Unusual Expensive Standard Expensive Unusual Expensive
Operator skills Low High High Medium Low High
required
Training required Not important Important Important Important Important Important
Portability of High Medium Low Medium-High Medium-High | Medium-High
equipment
Dependence on Little High Quite High High High
material (magpnetic only)
composition
Ability to automate Fair Good Fair Good Fair Good
Capabilities Defects only Thickness Thickness Thickness gaging | Defects only Thickness

gaging gaging gaging
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(a)

Figure 1. An as-fired, rectangular ITO ceramic tile inspected with two different ultrasound
instruments. Three surface cracks can be identified in each image; image (a) displays
internal porosity (white dots), while image (b) illustrates features associated with
surface roughness.
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Figure 2. An as-ground ITO ceramic cylinder inspected with (a) 10 MHz and (b) 20 MHz

ultrasound transducers to illustrate the effect on image resolution. The square feature
is a piece of tape used for reference of position.
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(b)

¥ e )

Figure 3. (a) Cracks detected with ultrasound in a ground ITO cylinder mechanically
opened to view (b) crack surfaces. (¢) SEM images illustrate a difference in crack
surface roughness between (d) mechanical fracture surfaces and (e) previously-
detected crack surface, suggesting that they have different origins.
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Figure 4. Cracks in this sample (black areas beginning at the bottom edge), which are not
perpendicular to the sample surface. This is not apparent with other inspection
techniques, such as dye penetration.
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Figure 5. The quality of bonding between the ceramic and backing tube in a rotatable
sputtering target assembly can be determined with ultrasonic NDT. Un-bonded areas
contain an air interface that is detected and displayed on the C-scan image as lighter
areas. Area of good bonding was calculated to be 83%.
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ABSTRACT

FTO (SnO:: F) substrates were immersed in aqueous solutions to cover with TiO; films.
They were assembly of nano-acicular crystals of anatase phase. The crystals were stood
perpendicular to the substrates to grow along c-axis. Surface of the films had nano-sized relief
structure. Dye adsorption property of the films was higher than that of poly-crystal films
consisted of TiO, nano-particles (P25). The films were suitable for environmental sensors and
dye-sensitized solar cells.

INTRODUCTION

Titanium dioxide (TiO,) thin films are of interest for various applications including
microelectronics[1], optical cells[2], solar energy conversion[3], highly efficient catalysts[4],
microorganism photolysis[5], antifogging and self-cleaning coatings[6], gratings[7], gate oxides
in MOSFETs (Metal-Oxide-Semiconductor Field Effect Transistor)[8, 9], etc. Accordingly,
various attempts have been made to fabricate thin films and micropatterns of TiO,, and in
particular, the method based on an aqueous solution is important as an environment-friendly
synthesis process, i.e., “green chemistry”.

TiO; films on transparent conductive substrates such as FTO (Fluorine doped Tin Oxide)
or ITO (Indium Tin Oxide) have been required for environmental sensors[10] and dye-sensitized
solar cells[11, 12].

Surface area and surface chemical properties have much influence on dye adsorption
property of the films. They are important factors for the sensors and solar cells.

In this study, we fabricated anatase TiO> films in aqueous solutions containing ammonium
hexafluorotitanate ([NH4],TiFg) and boric acid (H;BO3)[13]. They were grown at 50 °C for
several hours. Crystalline anatase TiO; films were formed on the substrates without annealing in
this system. Dye adsorption property of the films was evaluated after annealing. It was 3 times
higher than that of the sintered films consisted of nano-sized TiO; particles (P25). Additionally,
adsorption property of the films without annealing was two times higher than the films with
annealing[13].

EXPERIMENTAL

Glass substrates coated with F-doped SnO; transparent conductive films (FTO, SnO;: F,
Asahi Glass Co., Ltd., 9.3-9.7 Q/0], 26x50x1.1 mm) were subjected to air-blowing to remove
dust and were exposed to ultraviolet light (low-pressure mercury lamp PL16-110, air flow, 100
V, 200 W, SEN Lights Co., 14 mW/cm® for 184.9 nm at a distance of 10 mm from the lamp, 18
mW/cm® for 253.7 nm at a distance of 10 mm from the lamp) for 10 min. The initial FTO
substrates showed a water contact angle of 96°. The UV-irradiated surfaces were, however,
wetted completely (contact angle 0-1°). TiO; crystallization is sensitive to the substrate surface.
OH groups were reported to accelerate crystallization of TiO, in the solution[14-18]. Super-
hydrophilic OH surfaces were thus utilized to accelerate TiO; deposition in our study. Both ends
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(26x14 mm) of the glass substrates were masked using Scotch tapes (CM-18, 3M) to prevent
deposition{19].

Ammonium hexafluorotitanate ([NH4]>TiFs) (Morita Chemical Industries Co., Ltd., FW:
197.95, purity 96.0%) and boric acid (H;BO;) (Kishida Chemical Co., Ltd., FW: 61.83, purity
99.5%) were used as received. Ammonium hexafluorotitanate (2.0096 g) and boric acid (1.86422
g) were separately dissolved in deionized water (100 mL) at 50°C[20]. Boric acid solutions
(concentration 0.15 M) were added to ammonium hexafluorotitanate solutions (concentration
0.05 M). FTO substrates were immersed vertically in the middle of the solutions immediately
after mixing of two solutions. The solutions were kept at 50°C for 48 h. Substrates were removed
from the solutions after 2, 5, 25 and 48 h. The films were rinsed with distilled water and
annealed at 500°C for 30 min in air after removal of the Scotch tapes. Dye adsorption properties
of them were evaluated. TiO, films were annealed because of comparison with TiO, films
consisted of nanoparticles (TiO, P25, Degussa). Additionally, dye adsorption property of the
films immersed for 5 h was evaluated without annealing.

Morphologies of TiO, films were observed by field emission scanning electron
microscope (FE-SEM; JSM-6335F, JEOL Ltd.) and transmission electron microscope (TEM; H-
9000UHR, 300 kV, Hitachi). Crystal phases were evaluated by X-ray diffractometer (XRD;
RINT-2100V, Rigaku) with CuKu radiation (40 kV, 30 mA). Diffraction patterns were evaluated
using data from the ICSD (Inorganic Crystal Structure Database) (FIZ Karlsruhe, Germany and
NIST, USA) and Findlt.

Polyvinyl chloride tape (PVC, CH,-CHCl),, 26x22 mm, 100-pm thickness) was perforated
with holes 25 mm in diameter using a flatbed cutting plotter (CG-60ST; Mimaki Engineering Co.,
Ltd.). The TiO; films were covered with PVC tapes.

ssDNA-Cy5 (cy5-DP53-t: Cy5-GCGGCATGAACCTGAGGCCCATCCT, dye labeling
DNA) was dissolved in water. ssDNA-Cy5 solutions (100 nM) were dropped with pipettes onto
the holes in the PVC tapes[10]. The films were dried at 95°C for 10 min in air. The films were
then rinsed 3 times in sodium dodecyl sulfate (SDS, NaC;;H25SO4) for 15 min each time and
rinsed 3 times in ultrapure water. SDS was used for cleaning of the substrates. Strongly-
connected dyes were remained on the substrates and they contributed to photoluminescence
property. They were then boiled in water for 2 min, immersed in dehydrated ethanol at 4°C for 1
‘min and dried by strong air flow.

Photoluminescence image and intensity were evaluated by Typhoon Trio scanner (GE
Healthcare UK Ltd.) using excitation light of 633 nm (He/Ne laser)(Fig. 1).

Particulate films 1000 nm thick were formed using TiO- nanoparticles (TiO; P25, Degussa)
and were sintered at 500°C for 30 min in air. Photoluminescence intensity of the particulate films
and bare FTO substrates were evaluated after adsorption of 100 nM ssDNA-CyS5 for comparison.

RESULTS AND DISCUSSION
Deposition of anatase TiO; proceeds by the following mechanisms[20}:

—

TiFe® + 2H,0 Z=% TiO, +4H' +6F ...(a)
BO;» + 4F + 6H" — BF, +3H,0 ...(b)
Equation (a) is described in detail by the following two equations:
..2— nOH™ . 2- —  (6-n)OH™ . 2- -
TiFfg ———TiFs_y(OH); +nF- ——"——Ti(OH)s +6F (
Ti(OR); —Ti0, +2H,0+20H" )

Fluorinated titanium complex ions gradually change into titanium hydroxide complex ions
in the aqueous solution as shown in Eq. (c). Increase of F~ concentration displaces Eqgs. (a) and
(c) to the left; however, the produced F can be scavenged by H;BO3 (BO5*) as shown in Eq. (b)
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to displace Eqs. (a) and (c) to the right. Anatase TiO; was formed from titanium hydroxide
complex ions (Ti(OH)¢>) in Eq. (d).

The solution became cloudy 10 min after mixing the boric acid solution and ammonium
hexafluorotitanate solution. The particles were homogeneously nucleated in the solution, making
the solution white. They then gradually precipitated and covered the bottom of the vessel. The
solution became slightly white after 5 h and transparent after 25 h. The solution changed from
light white to transparent after roughly 10-15 h.

The substrates with films were dried in air after immersion. The films were colored
slightly white[19]. Whiteness gradually increased as a function of deposition time due to
increased film thickness. The films did not peel off during ultrasonic oscillation treatment in
acetone for 30 min as they showed high adhesion strength.

Strong X-ray diffractions were observed for films deposited on FTO substrates and were
assigned to SnO; of the FTO films[19]. Glass substrates without FTO coating were immersed in
the solutions for comparison. Weak X-ray diffraction peaks were observed at 26 = 25.3, 37.7,
48.0, 53.9, 55.1 and 62.7° for films deposited on glass substrates and were assigned to 101, 004,
200, 105, 211 and 204 diffraction peaks of anatase TiO2(ICSD No. 9852), respectively[19] (Fig.
2). A broad diffraction peak from the glass substrates was also observed at about 28 = 25°. The
004 diffraction peak of anatase TiO, was not clearly distinguished for the films on FTO
substrates because both the 004 diffraction peaks of TiO, and the strong diffraction peaks of
FTO were observed at the same angle.

The average crystallite size (d) was estimated from the full-width half-maximum of the
peaks in Fig. 2 with use of the Debye-Sherrer equation after peak separation and curve-fitting:
d=kA/ficosf

where A is radiation wavelength (1.54051 A), 8 is the peak halfwidth, 6 is a diffracting
angle, k=0.9.

Crystallite size perpendicular to the (004) plane was estimated from the full-width half-
maximum of the 004 peak to be 17 nm.

The films deposited for 48 h had assemblies of TiO; nanocrystals 5-20 nm in diameter on
the surfaces (Fig. 3). Film thickness increased to 260, 360 and 600 nm at 2, 5 and 25 h,
respectively, and reached 760 nm at 48 h [19]). The films were constructed of TiO; crystals and
had uneven surface microstructures.

The liquid phase crystal deposition method has an advantage in that anatase TiO, is
crystallized in the solutions without annealing. This would realize morphological control and
formation of assemblies of TiO> nanocrystals. The solutions changed from milky white at 10 min
to light white at 5 h and became transparent at 25 h. The solution condition would influence the
deposition mechanism of TiO; films. TiO; particles homogeneously nucleated in the milky
solutions deposit at the initial stage. TiO, nanocrystals observed on the surface would then
crystallize in the transparent solutions after roughly 10-15 h.

TiO, films deposited for 25 h were observed by TEM afier ultrasonication in water for 20
min. The films were constructed of two layers (Fig. 4). Under layers 200 nm thick were
polycrystalline films of anatase TiO,. Upper layers 300 nm thick were assemblies of acicular
TiO; crystals that grew perpendicular to the substrates. The films were shown to be a single
phase of anatase TiO; by electron diffraction patterns. Electron diffractions from the (004) planes
were stronger than that of the (101), (200), (211) planes, etc. showing anisotropic crystal growth
along the c-axis. Additionally, 004 diffractions were strong perpendicular to the substrates,
showing that the c-axis orientation of acicular crystals was perpendicular to the substrates.
Acicular TiO; crystals had a long shape, ~ 300 nm in length and 10-100 nm in diameter (Fig. 4).
Anisotropic crystal growth and c-axis orientation were distinctive features of this system.

Strong visible luminescence from ssDNA-Cy5 was observed at holes. Photoluminescence
brightness increased film thickness (Fig. 5). It was much higher than that from FTO substrate.
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Increase of photoluminescence indicates that the adsorption amount of ssDNA-CyS increased
with film thickness. This would be related to surface morphology and film thickness. It is
particularly worth noting that photoluminescence intensity from the 760-nm-thick TiO, films
was 3 times larger than that from the 1000-nm-thick particulate films constructed of nano TiO,
particles (P25). Assembly of acicular TiO; crystals would increase the surface area and
effectively adsorb ssDNA-Cy5 due to its nano/micro relief structure. BET surface area of P25
particles was reported to 50 m%/g by Degussa. TiO; particles prepared by our method had BET
surface area of 168-270 m*/g[21-23]. Therefore, it was natural that photoluminescence intensity
from the TiO; films prepared in this study was 3 times higher than that of thicker particulate
films constructed of TiO, nanoparticles (P25).

It is also important to remember that luminescence intensity from the 760-nm films is much
higher than that from the 260-nm films, the 360-nm films and the 600-nm films. This would be
strongly related to the film surface morphology. The films deposited for 25 h were constructed of
a dense layer and assembly of acicular crystals (Fig. 4). Dense polycrystalline film would be
formed at the initial stage of immersion for roughly 10-15 h. Acicular TiO, was then crystallized
to form an assembly on the film surface after roughly 10-15 h. The films deposited for 25 h were
thus constructed of two layers. Dense polycrystalline films had low surface area and flat surfaces.
Only a small amount of ssDNA-Cy5 was adsorbed on dense films deposited for 2 or 5 h. The
film deposited for 25 h had an assembly of acicular TiO, that adsorbed a larger amount of
ssDNA-CyS compared to the films deposited for 2 or 5 h. Acicular crystals would continue to
grow on the surface of the films to increase film thickness. The films deposited for 48 h thus
have assemblies of acicular crystals that grew well in the solutions. The films would have a high
surface area and nano/micro relief structures suitable for adsorption of ssDNA-CyS5.
Consequently, photoluminescence intensity improved dramatically from films deposited for 25 h
to films deposited for 48 h.

Furthermore, annealing effect on dye adsorption property was evaluated. The FTO
substrates were immersed for 5 h. One TiO; films were annealed at 500°C for 30 min in air as
mentioned above. The other film was evaluated without high temperature annealing. Dye
adsorption property of the film without annealing was two times higher than the film with
annealing. It indicated that the TiO, films were well crystallized in the solutions and had high
surface area. They were slightly sintered to decrease surface area by the annealing. Surface
conditions and functional groups were also changed by the annealing. TiO, films without
annealing are suitable for sensors which require high dye adsorption properties.

CONCLUSION

Assemblies of acicular TiO; crystals were formed on FTO substrates in aqueous solutions.
The crystals grew along c-axis to form anisotropic shape. The films had high surface area due to
nano-sized surface relief structure. Dye adsorption property of annealed films increased as film
thickness. It reached to 3 times larger than that of annealed particulate films consisted of nano-
sized TiO, particles (P25). Additionally, dye adsorption property of as-deposited films was 2
times larger than that of annealed films. TiO, films consisted of assemblies of acicular crystals
contribute to development of next-generation devices such as environmental sensor to detect
environmental toxin. The films have also high potential for dye-sensitized solar cells that require
high surface area, high transparency and high electrical conductivity. The process developed here
has other advantages that anatase nano-structures can be formed in aqueous solutions without
high temperature annealing. Thus, the nano-structures of anatase TiO» can be formed on any
kinds of materials and any shapes of substrates. Low heat resistant polymer films, nano-particle,
complicated shaped substrates, for instance, can be easily coated with anatase TiO, nano-
structures. Formation process of TiO, nano-structures can be also combined with bio-processes
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which should be operated at ordinary temperature in aqueous solutions. This technique will open
next door for hybrid materials consisted of ceramics, polymers and bio-materials.
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Morphology Control of Metal Oxides for Environmental Sensors

Fig. 1 Photograph of photoelectrochemical measuring cell.

Fig. 2 XRD diffraction pattern of anatase TiO, film on glass substrate.

Fig. 3 SEM micrograph of anatase TiO, film deposited for 48 h.

Fig. 4 Cross-sectional TEM image of acicular TiO; crystals.

Fig. 5 Photoluminescence intensity of anatase TiO, film with varying thickness deposited by
LPCD ((a)-(d)), 1000-nm-thick particulate film constructed of TiO, nanoparticles (¢) and
bare FTO substrate (f). All substrates were covered with ssSDNA-CyS solution of 100 nM.

Fig. 1 Photograph of photoelectrochemical measuring cell.
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Fig. 2 XRD diffraction pattern of anatase TiO, film on glass substrate.
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Fig. 4 Cross-sectional TEM image of acicular TiO; crystals.

Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials il - 119



Morphology Control of Metal Oxides for Environmental Sensors

* 1068
35

30

25

20

15

10 -

Photoluminescence intensity (a. u.)

(a) (b) (c) (d) (e) (f)
260nm 360nm 600nm 760nm TiO, (P25) FTO
1000nm
Fig. 5 Photoluminescence intensity of anatase TiO, film with varying thickness deposited by
LPCD ((a)-(d)), 1000-nm-thick particulate film constructed of TiO, nanoparticles (e)
and bare FTO substrate (f). All substrates were covered with ssDNA-CyS5 solution of
100 nM.
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ABSTRACT

The magnetic pressure seam welding is one of the candidate methods to join thin sheet
multifunctional materials. In this research, to examine the mechanism of magnetic pressure
welding from a dynamic viewpoint, numerical simulation of the impact was carried out by using a
commercial Euler-Lagrange coupling software MSC.Dytran (MSC.Software) as a first step of the
computational studies, where the joint between Fe and Al was employed according to the previous
experimental researches. From the serial numerical results, it was found that the increase of
temperature at the joint interface was not enough to melt Al or Fe in the range of collision velocity and
angle studied in this report. Also, it was revealed that the very large mean stress occurred at the
interface which could be considered as the pressure at joint interface and Al moved with high velocity
along the interface. Moreover, it was found that there were two patterns of plastic strain distribution
near the joint interface depending on the collision velocity and collision angle. Finally, it can be
concluded that the plastic strain pattern might be related to the success of magnetic pressure seam
welding.

INTRODUCTION

There have been strong demands to join multifunctional materials to other materials without
any functional defects in the multifunctional materials for propagating their use. The ordinary
physical joining methods using heat sources such as arc welding, laser welding and electron beam
welding have to cause the microstructural changes at the joint interface '* and might largely affect the
original feature of the multifunctional materials. In order to overcome this problem, several joinin,
methods have been proposed, which are, for examples, diffusion bonding 3, explosive bonding °,
friction welding *, magnetic pulse welding and so on.

Recently, Aizawa et al. developed a seam welding technique called “magnetic pressure seam
welding” as one of the species of the magnetic pulse welding ®. In this joining method, a thin plate of
a material with a high electric conductivity is suddenly subjected to a high density magnetic field and
magnetic forces cause the plate to fly and impact a parent plate. Then, a seam is created between the
two plates due to this impact.  Although the large impact is applied at the interface between dissimilar
materials, the temperature of the joint is close to room temperature and any superior material properties
of these dissimilar materials seem to be preserved. So, the magnetic pressure seam welding is
considered as one of the most candidate methods to join dissimilar thin sheet materials between the
multifunctional materials and other materials.

Experimental investigations of the conditions necessary for successful joining, microstructural
observations of the joint interface and mechanical evaluation of the joints were reported in the previous
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studies 7'°. However, the mechanism of this joining process is still not well understood and then

appropriate joining conditions have been decided from huge experimental struggles. The final target
of this research is to examine the mechanism of the magnetic pressure seam welding from a dynamic
viewpoint and to reveal the appropriate joining conditions theoretically. So, in this report, numerical
simulation of the impact was carried out by using a commercial Euler-Lagrange coupling software
MSC.Dytran (MSC.Software) '' as a first step of the computational examination of the magnetic
pressure seam welding.

MODELING FOR ANALYSIS
Magnetic Pressure Seam Welding

Figure 1 shows the principle of the magnetic pressure seam welding. An electrical discharge
circuit is applied to the present welding. The circuit consists of a power supply, a capacitor, a
discharge gap switch and a one-turn flat coil. A plate called “flyer plate” is set over the coil. A thin
film is inserted between them as an insulator. Another plate called “parent plate™ is placed so that it
overlaps the flyer plate with a little gap. The parent plate is fixed firmly using a fixture. When an
impulse current from the bank passes through the coil, a high density magnetic flux is suddenly
generated around the coil. The generated high density magnetic flux lines intersect the overlapped
area of the plates. Eddy currents are induced in this area, in particular, in a very surface layer of the
flyer plate. Eddy currents flow in an opposite direction to the impulse current in the coil. The high
density magnetic flux and the generated eddy currents induce an electro-magnetic force upward. This
force drives a part of the flyer plate to the parent plate with an extremely high speed (150 - 500 m/s) 12,

Fixture

Magnetic
1T}

Impulsive Current

Fig. 1 Schematic illustration of magnetic pressure seam welding.
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Whole Model for Magnetic Pressure Seam Welding

In the previous studies of the joint between Fe and Al using this joining process, the metal jet,
whose composition was mainly Al, was observed 2. So, Fe and Al were modeled by a Lagrange and
an Euler model, respectively. In order to examine collision behavior in this process roughly, the
whole plates of Fe and Al (200" x 17 mm) were simulated as two dimensional plain strain problem as
shown in Fig. 2.  Where a minimum element size was 100 x 100 pmz and total number of elements
and nodes was 13240 and 29172, respectively. An initial gap between the plates was set to 1 mm and
an initial velocity was applied to the center part of the flayer plate (Al), whose length was assumed to
be 10 mm. Table | shows mechanical and thermal properties used in this research. According to the
experimental results ', initial velocity in this computation was varied in the range from 100 to 500 m/s.
Figure 3 shows typical computational resuits of the collision behavior of the whole plates of Fe and Al,
where the initial velocity was 200 m/s and the distributions of mean stress were represented. As
shown in Fig. 3(b), Al plate collided with Fe at the center of the plate and a very large mean stress
occurred. Also, after further 0.5 ps, the collision point moved along the surface of Fe plate. These
behaviors have good agreements with the experimental results recorded by a high speed camera '*'2,
Moreover, from these computational results for the whole plates, it was found that the collision angle at
the contact point between Al and Fe plate was monotonically increased after the first collision.

200mm 10mm__,

N 100~500 m/s

Fig.2 Schematic illustration of whole model for magnetic pressure seam welding.

Fig. 3 Deformations and mean stress distributions of magnetic pressure seam welding.
(collision velocity : 200 m/s)
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Table 1 Material properties used for numerical analyses.

Fe Al
Young's Modulus (GPa) 206 70.3
Yield Stress (MPa) 500 200
Density (kg/m?) 7.87 x 103 2.70 x 103
Poisson's Ratio 0.3 0.345
Linear Expansion Coefficient (1/K) | 1.18 x 10° | 2.39x 105
Shear Modulus (GPa) 79.2 26.0
Specific Heat (J/kg K) 440 900
Melting Point (K) 1808 933

Fig.4 Schematic illustration of partial model for magnetic pressure seam welding.

Partial Model for Magnetic Pressure Seam Welding

Since a wavy morphology was observed at the joint interface of the magnetic pressure seam
welding and the cycle of wave is near 100 um "'°, more fine meshes have to be used for examining the
joint mechanism precisely. So, a part of two plates was modeled for the precise analysis as shown in
Fig. 4, where not only the collision speed but also the collision angle was varied in the range from 100
to 500 m/s and 0.5 to 10 degree, respectively according to the experimental and the previous numerical
results. A minimum element size was 1.5 x 1.5 pm?, and the total number of elements and nodes was
281445 and 566956, respectively. The properties used for the partial model were the same as those in
the previous computations for the whole components.
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RESULTS AND DISCUSSIONS
Temperature Rise

One possible mechanism of the magnetic pressure seam welding seems to be an occurrence of
local melting at the joint interface caused by large collision velocity. Since, in these numerical
analyses, only the plastic strain would generate the temperature increment, the plastic strain occurred
near the joint interface was examined. The maximum amount of plastic strain computed was the
range from 0.27 and 1.65. A total energy per unit volume caused by the plastic strain can be written
by the product of yield stress oy and plastic strain ¢ in the case without work hardening. So, the
temperature rise can be written by the following equation,

o, -&f

cp

O]

Where ¢ and p are the specific heat and the density. From the above equation, it is found that 1.0
plastic strain can generate a temperature rise of only 80.5 K for Al according to Table 1. So, a
possible maximum temperature increment would be in the range from 22 to 132 K and any occurrence
of local melting could not be considered because the melting temperature of Al is 933 K.

Pressure (Mean Stress)

From the previous analyses using the whole model, it was found that the very large mean
stress occurred at collision point. This mean stress at the joint interface could be considered as a
pressure at the joint surface. So, the influences of collision velocity and collision angle on the
pressure were studied using the partial model. As same as the cases for the whole model, the pressure
was locally applied at the joint interface and the point having the maximum pressure moved along the
joint interface. Figure 5 shows the effects of collision velocity and collision angle on the maximum
pressure. From this figure, it was found that the maximum pressure was 5 and 100 times larger than
the yield stress of Al and the higher collision velocity could mostly generate the higher maximum
pressure at the same collision angle. Also, it was revealed that the maximum pressure of each
collision velocity would have a maximum value at a different collision angle.
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Fig. 5 Effect of collision velocity and collision angle on maximum pressure.
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Al Velocity Parallel To Interface

Since the metal jet whose composition was mainly Al was observed experimentally, the Al
velocity parallel to the joint interface was examined. The influences of collision velocity and
collision angle on maximum Al velocity at joint interface were summarized into Fig. 6. The
maximum Al velocity sometimes exceeded the collision velocity and such high Al velocities might be
caused by the local high pressure at the joint interface. So, it can be considered that the differences
between collision velocity and maximum Al velocity might generate the metal jet of Al.  From Fig. 6,
it was also found that the maximum Al velocity increased with increasing the collision angle, and
achieved to the maximum value or almost saturated. Moreover, it was revealed that the maximum or
saturated value of the maximum Al velocity at higher collision velocity occurred at large collision
angle.

Plastic Strain Distribution

Although the plastic strain occurred near the joint interface would be much smaller for
generating the local melting, two types of plastic strain distribution were obtained in these serial
computations by varying the collision velocity and collision angle. Figs. 7(a) and (b) were typical
examples of the plastic strain distributions generated near the joint interface and the influences of
collision velocity and collision angle on the plastic strain distributions were summarized into Table 2.
As shown in Fig. 7(a) which is denoted as pattern A, when the collision angle is smaller and the
collision velocity is larger, the plastic strain near the joint interface decreased toward the end. On the
other hand, in the other cases, large plastic strain continued over the whole joint interface as shown in
Fig. 7(b) which is denoted as pattern B.
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Fig. 6 Effect of collision velocity and collision angle on maximum Al velocity.

(a) Pattern A (b) Pattern B
Fig. 7 Plastic strain distributions near joint interface.
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Table 2 Effect of collision velocity and collision angle on pattern of plastic strain distribution.

. Collision Velocity
Coliision Angle
100 m/s 200 m/s 300 m/s 500 m/s
0.5 degree A A A A
1 degree A A A A
2 degree B A A A
3 degree B B A A
5 degree B B B A
7 degree - B B B
10 degree - - B B
25
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Fig. 8 Effect of maximum pressure on pattern of plastic strain distribution.

This difference in plastic strain distribution seems to be related to the effects of collision
velocity and collision angle on the pressure and the Al velocity as shown in Figs. 8 and 9. From these
figures, it was found that, before the maximum pressure and the maximum Al velocity achieved to the
maximum value or almost saturated, the plastic strain distribution became to be the pattern A.  So, it
can be considered that, in these cases, the movement of Al along the interface might be prevented by
the continuous contact between Al and Fe although a relatively large pressure was occurred. While,
in the other cases (pattern B), Al could move along the joint interface before the growth of new contact
and then the maximum Al velocity achieved to the maximum value or saturated. Since it was
reported that the appropriate collision velocity and collision angle should be needed to create the joint
interface in the magnetic pressure seam welding from the previous experimental studies '*'>"%, the
plastic strain distribution near the joint interface might be related to the success of magnetic pressure
seam welding. Also, from Figs. 8 and 9, it may be seen that the higher collision velocity would need
the higher collision angle in order to develop the plastic strain distribution like pattern B.
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Fig. 9 Effect of maximum Al pressure on pattern of plastic strain distribution.

CONCLUSIONS

The magnetic pressure seam welding is one of the candidate methods to join thin sheet
multifunctional materials. In this research, to examine the mechanism of magnetic pressure
welding from a dynamic viewpoint, numerical simulation of the impact was carried out by using a
commercial Euler-Lagrange coupling software MSC.Dytran (MSC.Software) as a first step of the
computational studies, where the joint between Fe and Al was employed according to the previous
experimental researches. The conclusions can be summarized as follows.

(¢)) The increase of temperature at the joint interface was not enough to melt Al or Fe in the range
of collision velocity and angle studied in this report.
2) The very large mean stress occurred at the interface which could be considered as the pressure

at joint interface.
3) Al moved with high velocity along the interface.

4 There were two patterns of plastic strain distribution near the joint interface depending on the
collision velocity and collision angle.

%) The plastic strain pattern might be related to the success of magnetic pressure seam welding.
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ABSTRACT

Porous or dense silicon nitrides were joined by silicon slurry, silicon nitride slurry or silicon
paste, followed by sintering to obtain dense joined bodies. Combination of porous silicon nitride and
silicon slurry exhibited average strength of more than 400 MPa. High powder packing density by slip
cast like procedure and very low shrinkage by reaction bonding (RB) of the joint part resulted in the
good strength.

INTRODUCTION

Joining technology is critically important for fabricating large scaled or complicated shaped
ceramic components. This is also a key approach to combine and integrate several parts of different
phases or different materials.

A lot of joining techniques have been developed to join silicon nitride (SN).[1] They were
joined by using insert materials, such as silicon,[2] active metals or glasses. In the case of joining
without insert materials, it was necessary to prepare smooth surface and apply mechanical pressure.

We have tried to develop a novel and unique joining technique without insert materials and
mechanical pressure. Porous or dense silicon nitrides were joined by silicon slurry, silicon nitride
slurry or silicon paste, followed by sintering to obtain dense joined bodies. By using this technique,
silicon nitride original parts were joined by silicon nitride joint parts with the same composition to the
original parts. Microstructures and strength of the joined bodies will be reported.

EXPERIMENTAL

Four types of combination were tried. Three types of silicon nitrides, i.e., porous RBSN,
porous SN and dense SN, were prepared as original parts. Three types of slurry/paste, i.e., Si slurry, Si
paste and SN slurry, were prepared to join original parts. These slurry/paste formed joint part between
the original parts after sintering. The combinations are summarized in Table 1. Composition of all the
original parts as well as joint parts were Si;N, - 5 mass.% ZrO; - 5 mass.% MgAL,O,. They were after
reaction bonding if the parts were fabricated from Si based powders.

Porous RBSN was fabricated from mixed powder of silicon and additives. The mixed powder
was cold isostatically pressed (CIP) and reaction bonded at 1450°C for 2h in 0.1 MPa nitrogen
atmosphere. Porous SN was fabricated from mixed powder of silicon nitride and additives. The mixed
powder was CIPed and soaked at 1450°C for 2h in 0.1 MPa nitrogen atmosphere. Dense SN was
fabricated from mixed powder of silicon nitride and additives. The mixed powder was ClIPed and
sintered at 1750°C for 6h in 0.5 MPa nitrogen atmosphere. Fabricated original parts were provided for
Jjoining. The planes for joining were grinded by #220 emery paper (for porous) or #200 whetstone (for
dense).

Si slurry was fabricated by adding water and dispersant in Si mixed powder. Volume fraction
of the mixed powder in the slurry was about 58 %. Si paste was fabricated by adding binder in the
above Si slurry. By this procedure, the slurry increased viscosity and lost fluidity. SN slurry was
fabricated by adding water and dispersant in SN mixed powder. Volume fraction of the mixed powder
in the slurry was about 52 %.

In the case of joining by slurry, porous original parts were settled side by side with gap of
about 2 mm, and the slurry was poured into the gap. The porous original parts soaked up water from
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the slurry like slip cast, thus consolidated joint part was formed in the gap. In the case of joining by
paste, the planes with paste were joined.

Joined bodies with Si joint part were reaction bonded at 1450°C for 2h in 0.1 MPa nitrogen,
followed by post sintering (PS) at 1800°C for 8h in 0.5 MPa nitrogen. Joined bodies with SN joint part
were sintering at 1800°C for 8h in 0.5 MPa nitrogen. By these procedures, dense joined bodies were
fabricated.

Microstructures of the specimens were observed by optical micrography and scanning
electron micrography. Specimens (3 x 4 x 40 mm) for strength test were cut from the joined bodies.
Stress direction was perpendicular to the joint part. Strength test was conducted under four point
bending condition with outer and inner spans of 30 and 10 mm, and loading rate of 0.5 mm/min.

RESULTS AND DISCUSSION

Measured strengths of the joined bodies are summarized in Table 1. The combination, Porous
RBSN - Si Slurry, showed the highest average strength of 404 MPa. On the other hand, the
combination, Dense SN - Si Paste, showed only 172 MPa.

Table 1 Combination of original and joint parts, and average strength of joined body.

Original Parts Joint Part Major Fracture Origin | Average Strength
Porous RBSN Si Slurry Interface 404 + 46
Porous SN SN Slurry Interface 23829
Porous RBSN Si Paste Joint part 263 + 34
Dense SN Si Paste Interface 172+20

Figure 1 shows the joined specimen of Dense SN - Si Paste. Thickness of the joint part was
about 20 pm. Large pores were found at the joint part as indicated by arrows. These pores were also
observed on the fractured surface. As the dense silicon nitride did not soak up water from Si paste,
paste seemed to be separated into Si joint part and standing water during drying. Formation of
standing water resulted in pore. Fracture occurred at the interface between the original and formed
joint parts. As the original parts were already densified, diffusion at the interface did not seem to be so
active. These two are the reasons why this combination did not show good strength.

In the case of the combination, Porous RBSN - Si Paste, no significant pores were found at
the joint part by visual inspection. But pores still exist as blots were found by ink check. Fractured
surface of this combination is shown in Fig. 2. Large flaws like Fig. 1 were not observed, however,
densification of the joint part was insufficient. As original parts were porous and can soak up water
from the paste, water separation was avoided and powder packing in the consolidated joint part
became close. This behavior is similar to slip cast. However, low fluidity of the paste prevented
achieving high powder packing. Therefore pores remained in the joint part. Only in this combination,
fracture mainly occurred at the joint part. As this combination used porous RBSN and silicon powder,
mass transfer was enhanced during RB and PS. Additionally, very low shrinkage (<1%) after RB is
advantageous to reduce shrinkage mismatch between original and joint parts. These resulted in strong
interface connection between original and joint parts, and the fracture seemed to occur from the
residual pores in the joint part.

In the case of the combination, Porous SN - SN Slurry, thickness of the joint part was about
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1.5 mm. This joint part was formed by consolidation of slurry like slip cast. Some cracks
perpendicular to the joint interface were found by visual inspection. These cracks seemed to form
during drying of the consolidated joint part. The cracks did not affect the strength, since loading
direction was parallel to the crack direction. Blots by ink check were found, which mean existence of
pores. These pores were observed in fractured surface as shown in Fig. 3. The slurry used for this
combination has a potential to make fully densified body under the same PS condition. One possible
reason of insufficient densification is that the consolidation condition differed from usual slip casting.
Fracture mainly occurred at the interface between original and joint parts. As this combination used
SN slurry, the advantages of RB were not expected. Thus, interface connection was not so strong,
resulted in the fracture at interface.

“Original
“Part_

Fig. 1 The combination of Dense SN - Si Paste.
View of the joined specimen (Right) and fractured surface (Left)

Fig. 2 (Left) The combination of Porous RBSN — Si Paste. Fractured surface.
Fig. 3 (Right) The combination of Porous SN — SN Slurry. Fractured surface.

Joined specimen, Porous RBSN - Si Slurry, is shown in Fig. 4. In this combination also, some
of the specimen had cracks perpendicular to the joint interface. Therefore, a technique to suppress the
formation of crack during drying is needed when slurry is used for joining. Except for the cracks, no
other flaws were detected by ink check. Observation even in higher magnification did not find flaws at
the interface as well as joint part. Therefore, joint part with high powder packing seemed to form by
consolidation of slurry. This combination showed the highest average strength of 404MPa among the
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four combinations. However, fracture was mainly occurred at the interface. This indicates residual
flaws still exist at the interface.

Interface

Rart PSS

1)

Original
Part

Fig. 4 The combination of Porous RBSN - Si Slurry.
View of the joined specimen (Right) and joined interface (Left)

CONCLUSIONS

The combination, Porous RBSN - Si Slurry, achieved the average strength of 404MPa.
Advantages of this combination are considered as follows.
1) Porous original parts, which soak up water like slip cast.
2) Si slurry, which has good fluidity and forms joint part with high powder packing density.
3) Si joint part, which enhances mass transfer during RB
4) Reaction bonding, which accompanies very low shrinkage (<1%)

On the other hand, crack formation during drying is the problem. A technique to suppress the
formation of crack during drying must be developed.

As this combination seemed to have a potential to achieve strong joint, further observations
of this joined body are under progress.
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SEGREGATION MECHANISM IN (M=Al, Ga) Zn;.,M,O CERAMICS AND ITS INFLUENCE ON
THE THERMOELECTRIC PROPERTIES

J. P. Wiff, Y. Kinemuchi and K. Watari
National Institute of Advanced Industrial Science and Technology (AIST)
463-8560 Nagoya, Aichi, Japan

ABSTRACT

This work focuses on the segregation and Hall mobility of Al-doped ZnO (Al-ZnO) and
Ga-doped ZnO (Ga-ZnO) ceramics. It was found that their Hall mobilities are quite different in spite of
their similar thermoelectric properties. Potential barriers or carrier traps at the grain boundaries can
consistently explain the Hall mobility behavior as a function of carrier concentration in Al-ZnO
samples. On the contrary, the influence of potential barrier on Hall mobility was not dominant in
Ga-ZnO samples. TEM and EDX analyses of Ga-ZnO indicate no preferential segregation at the grain
boundary, which is responsible for the less influence of potential barrier on carrier transport in Ga-ZnO
ceramics. The results indicate that the high Hall mobility detected at low carrier concentration is useful
for decreasing the electric resistivity and increasing the Seebeck coefficient, thus enhancing the power
factor of doped ZnO ceramics.

INTRODUCTION

ZnO has been studied as thermoelectric material due to its wide band gap, good chemical
stability at high temperatures and environmental friendliness?. However, its high thermal conductivity
reduces the efficiency in terms of figure of merit Z7, ZT =Z—;T, where a, p, k, and T are Seebeck
coefficient, electrical resistivity, thermal conductivity, and absolute temperature, respectively. Several
dopants have been added to ZnO in order to decrease the electrical resistivity'*. However, depending
of the solubility limit, at high concentration of dopant a secondary phase like spinel is formed™®.

Al doping has been used for improving the electric conductivity in ZnO ceramics' ™%, At Al
addition lower than 1 at% the low Hall mobility (p) deteriorates the thermoelectric properties.
Normally the best thermoelectric performance is obtained at Al additions between 1 and 3 ar%’™®?;
however under those concentrations a secondary spinel phase (ZnAl,Oy) is formed. In general, Hall
mobility of Al-added ZnO (Al-ZnO) tends to increases as the carrier concentration increases. This
behavior can be explained considering the influence of potential barriers at the Al-ZnO grain
boundaries on the Hall mobility'®. Recently, Al segregation was found at the grain boundaries causing
a Zn deficiency that forms potential barriers''.

Ga and Al are in the same group in the periodic table and their ionic radii are similar, so it is
expected that both Al-ZnO and Ga-ZnO ceramics show similar thermoelectric properties. Ga-ZnO has
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been widely studied as thin film for use in optical applications; however, there are few studies about its
use as a thermoelectric material'>'>'*, especially as bulk, because at high Ga additive concentrations
its density is drastically reduced'>",

An interesting behavior in Ga-ZnO ceramics is their high Hall mobility at low carrier
concentration (n) in opposition to that observed in Al-ZnO ones’. It is expected that at high Hall
mobility and reducing the carrier concentration the Seebeck coefficient, the electrical resistivity and
subsequently the thermoelectric properties of ZnO ceramics can be enhanced. Therefore, this work
studies the relation between ion segregation and Hall mobilities of Al-ZnO and Ga-ZnO and its

influence on the thermoelectric properties.

EXPERIMENTAL

Zn, M0 samples with M={Al or Ga} and x={0.002, 0.005 or 0.01} were prepared by
solid-state reaction of ZnO (99.8%, Hakusui Tech. Co. Japan), y-ALLO; (AKP-GO1S, 99.995%,
Sumimoto Chemical, Japan) and Ga,O; powders (99.9%, Kanto Reagents, Japan).

Fifty grams of ZnO and M-type oxide powders were mixed in stoichiometric quantities in a
polyethylene bottle containing 80 ml of ethanol and 130 g of ZrO, balls at 100 rpm for 20 h.
Afterwards, ethanol and ZrO, balls were removed in a rotary evaporator and the slurry was dried under
vacuum (~1 Pa) at 60°C for 24 h. Dried powders were sieved using a mesh #250.

Samples were compacted in pellets of 5 mm of thickness and 30 mm in diameter. All samples
were uniaxially pressed at 30 MPa for 30 s and then hydrostatically cold pressed at 100 MPa for 1 min.
Finally, all samples were sintered in air at 1400°C for 10 h at a heating rate of 10°C/min.

All samples were analyzed using an X-ray diffractometer (Rigaku RINT2000, Japan) with
CukK, radiation at room temperature. Before thermoelectrical characterization, all samples were cut in
pieces of S mm x 5 mm x 14 mm approximately. Afterward, all faces were polished to ensure the
reproducibility of measurements. Seebeck coefficient and electrical resistivity were measured by static
DC method (ULVAC-ZEM-1, Japan) under He atmosphere from room temperature up to 800°C and
temperature gradients of 20°C, 30°C, and 40°C. All samples were measured twice and the
reproducibility of Seebeck coefficient and electrical resistivity were confirmed. Carrier concentration
and Hall mobility were analyzed by DC Hall measurement at room temperature (Resistest 8300,
Toyo-Technica, Japan) under a magnetic field of 0.75 T. Samples had a square shape of 10 mm x 10
mm x 0.10 mm in size. Four platinum electrodes were sputtered at the corners of the square for the Van
der Pauw method. In all cases the ohmic behavior at the electrode was verified and the Hall voltage
was at least two orders of magnitude stronger than noise voltage.

RESULTS AND DISCUSSION

Figures la and 1b correspond to X-ray diffraction patterns at room temperature of Zn;Al,O
and Zn;..Ga,0 x={0.002, 0.005, or 0.01} samples, respectively. Both, Al-ZnO and Ga-ZnO samples
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contain a secondary phase: ZnAlLO, (JCPDF #05-0669) and ZngGa,Op» (JCPDF #50-0448),
respectively.
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Figure 1 XRD of a) Al-ZnO and b) Ga-ZnO samples at room temperature

Al-ZnO samples exhibited densities over 99% whereas in Ga-ZnO the density slightly
decreased as the Ga addition increased. In Ga-ZnO samples with x=0.01 (1 at%) the minimum' density

of 96% was obtained. In spite of the low density of Ga-ZnO samples their electric resistance was

permanently low compared with Al-ZnO (Figure 2a) while their Seebeck coefficients follow similar

tendency. However, in Ga-ZnO samples with low additive concentration an enhancement of Seebeck

coefficient was observed (Figure 2b, open diamond).
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Seebeck Coefficient, a/uVK™"

Temperature, T°C

Figures 2a and 2b correspond to electrical resistivity and Seebeck coefficient as a function of
temperature, respectively. Squares, triangles and diamonds correspond to x=0.01, 0.005 and 0.002,
respectively. Lines are used only as a reference

Figure 3 shows the thermal conductivity of Al and Ga-ZnO samples at room temperature.
Regarless of Al addition, Al-ZnO showed similar thermal conductivity; whereas in Ga-ZnO the thermal
conductivity gradually decreases as the Ga addition increased.
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Figure 3 Thermal conductivity as a function of additive concentration. Lines are used only as a
reference

Figure 4a shows the carrier concentration as a function of additive concentration of Al or Ga,
indicating a high activation ratio of Ga. Figure 4b shows the effective mass (m") of Al-ZnO and
Ga-ZnO samples as a function of carrier concentration at room temperature. The procedure of
estimating the effective mass has been described elsewhere®. The effective mass slightly increases with
the carrier concentration in agree with previous observations®. Figure 4¢ shows the Hall mobility as a
function of carrier concentration at room temperature. Al-ZnO and Ga-ZnO samples exhibit opposite
behaviors: in Al-ZnO samples Hall mobility increases with the carrier concentration, whereas in
Ga-ZnO samples Hall mobility decreases as the carrier concentration increases.
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At low carrier concentration the Hall mobility in Ga-ZnO samples is higher with respect to
that in Al-ZnO samples (Figure 4c). This fact induces a significant reduction of electrical resistivity
and an increment of Seebeck coefficient (Figure 2), thus enhancing the power factor of Ga-ZnO with
respect to the Al-ZnO samples.
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Figure 4a Carrier concentration as a function of additive concentration. Figures 4b and 4c correspond

to effective mass and Hall mobility as a function of carrier concentration. Lines are used only as a

reference.
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The Hall mobility tendency of Al-ZnO ceramics can be explained by the carrier traps being
preferentially located at grain boundaries generating a potential barrier in the path of carriers. At low
carrier concentration the small proportion of carriers trapped at the grain boundaries is compensated
respect to that at high carrier concentration. Thus, at low carrier concentration the Hall mobility is low
and vice versa.

There are some works about the Ga doping in ZnO*'*. Some experimental works based on
XRD measurements suggest that solubility limit of Ga in ZnO is around 0.5 ar%’, quite similar with
the reported value for Al-ZnO samples (0.3 at%), whereas a theoretical calculation predicts a solubility
limit up to 12 ar% without changing the ZnO wurtzite lattice structure'®. The results showed in Figures
1b and 2 indicate the solubility limit of Ga in ZnO is below 1 at% or similar range as reported by Yoon

etal.
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Figure 5a HRTEM image from a Ga-ZnO sample. 5b EDX analysis from points 1 and 2 indicated in
the figure

Figure Sa is a TEM image of a Ga-ZnO sample. Several EDX analyses were performed both
in the (1) grains and at (2) grain boundaries, and no significant differences were found (Figure 5b),
indicating that Ga is homogeneously distributed (close to the detection limit). On the other hand, in
Al-ZnO samples with similar additive concentrations, a segregation of Al at the grain boundaries as
thin layer has been reported''. TEM observation indicates that segregation of Al and Ga in ZnO
samples is different. The segregation in Al-ZnO and Ga-ZnO samples is schematically represented in
Figures 6a and 6b, respectively.
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a) - Al -Ind

O

Figure 6 Schematic representation of segregation in a) Al-ZnO and b) Ga-ZnO samples

Figure 6a represents that in Al-ZnO samples the Al-rich thin layer around the Al-ZnO acts as a
potential barrier for reducing the Hall mobility; whereas in Ga-ZnO samples, Ga is well dispersed and
it does not segregate at the grain boundaries (Figure 6b), thus reducing the carrier traps at the grain
boundaries and subsequently enhancing the Hall mobility especially at low carrier concentrations
(Figure 4c).
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Figure 7 ZT index as a function of additive concentration

Figure 7 shows the ZT index at room temperature for Al-ZnO and Ga-ZnO samples. It is
noticed that Ga-ZnO samples shows higher ZT index with respect to Al-ZnO samples due to the
enhancement in thermal conductivity, electrical resistivity and Seebeck coefficient, which is caused
both by Ga doping and by the Hall mobility-carrier concentration behavior. Therefore, the Ga looks
like a promising dopant for improving the thermoelectric performance in ZnO-based thermoelectric

materials with a minimum additive concentration.
CONCLUSIONS

The difference in Al and Ga-ZnO Hall mobility was discussed considering the segregation of
dopant. TEM images suggest that Ga is well distributed into the ZnO matrix and it does not tend to
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segregate at the grain boundary as a thin layer like in Al-ZnO samples. This behavior reduces the effect
of carrier traps at the grain boundary and enhances the Hall mobility at low carrier concentration. In
addition, it was noticed that Ga concentration lower than 1 a% can decreases the thermal conductivity
and electric resistivity and simuitaneously increase the Seebeck coefficient, thus enhancing the ZT
index. Therefore, Ga doping could enhance the thermoelectric properties of ZnO using a minimum

concentration.
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PRODUCTION OF NOVEL ARCHITECTURES THROUGH CONTROLLED DEGRADATION OF
ELECTROSPUN PRECURSORS

Satya Shivkumar, Xiaoshu Dai
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Worcester, MA 01609, USA

ABSTRACT

Fibers and highly porous architectures of hydroxyapatite were produced by controlled
degradation of a scaffold of an electrospun precursor. The precursor was prepared by aging triethyl
phosphite and calcium nitrate and was directly added to an aqueous solution of Polyvinyl alcohol
(PVA). This electrospun structure was calcined at various temperatures to obtain a residual inorganic
network, which consisted predominantly of hydroxyapatite. The effects of process temperature and
time are investigated. These structures can have many potential uses in the repair and treatment of
bone defects, drug delivery and tissue engineering.

INTRODUCITON

Sintered calcium phosphate ceramics based on hydroxyapatite (HA, Ca;o(PO4)s(OH),) or B-
tricalcium phosphate (B-TCP, Ca;(PO4)2) are one of the most prominent materials used in the treatment
of orthopedic defects. They are also being used by many researchers for bone tissue engineering.
Their chemical composition is highly related to the mineral phase of natural bone !'*). These
similarities lead to a good biocompatibility between these materials and bone.  Synthetic
hydroxyapatite (HA) particles, films, coatings, fibers and porous skeletons are used extensively in
several biomedical applications 1,

Traditionally, this bioceramic can be synthesized by solid state reactions, plasma techniques [,
hydrothermal hotpressing M, and many wet chemical precipitation and mechano-chemical methods 18],
The sol-gel approach provides significantly easier conditions for the synthesis of HA and has recently
attracted much attention. Sol-gel process refers to a low-temperature method using chemical
precursors that can produce ceramics and glasses with better purity and homogeneity '". Compare to
the conventional methods, the most attractive features and advantages of sol-gel process include (a)
molecular-level homogeneity can be easily achieved through the mixing of two liquids; (b) the
homogeneous mixture containing all the components in the correct stoichiometry ensures a much
higher purity; and, (c) much lower heat treatment temperature to form glass or polycrystalline ceramics
is usually needed without resorting to a high temperature. This process is becoming a common
technique to produce ultra fine and pure ceramic powders, fibers, coatings, thin films, and porous
membranes. More recently, the sol-gel method has been extensively developed and used in
biotechnology applications "),

Ceramic nanofibers synthesized via electrospinning were reported first in 2002 '3; since then,
various ceramic metal oxide fibers (with diameters between 200 and 400 nm) have been obtained by
high temperature calcination of the precursor organic—inorganic composite nanofibers assembled by
electrospinning ). In a number of electrospun ceramic systems, a relatively long aging time is
required to achieve the complete mixing between the polymer and the ceramic content " It was
generally observed that the calcination temperature has a great influence on both the crystalline phase
and the surface morphology of the fibers '), Many groups have rePorted that the morphologies of the
final sample depend strongly on the calcination temperature '®.  Recently, Wu et al. !'”) have
produced HA fibers 10 to 30 um in diameter by combining sol-gel processing with electrospinning.
They used a precursor mixture of triethyl phosphite, calcium nitrite tetrahydrate and a polymer additive.
After electrospinning and calcination at 600°C for 1 hr, HA fibers were obtained. The fiber diameters
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were in the order of 10~30 um with a grain size of 1 um. Further developments in this area aimed at
reducing the fiber diameter in order to enhance the resorption rate in the body.

In this contribution, a hydroxyapatite fibrous network is produced by calcination of an
electrospun PVA - calcium phosphate sol mixture. The effects of aging and calcinations conditions on
the final phase of the ceramic product are studied.

EXPERIMENTAL

Triethyl phosphite (TEP, Aldrich, USA) and calcium nitrate tetrahydrate (Ca(NO;),4H,0,
Aldrich, USA) were used as the raw materials for preparing the inorganic sol. PVA with various
weight average molecular weights (Mw) was obtained from Aldrich Chemical Company, Milwaukee,
WI. Distilled water was used as the solvent.

The inorganic sol was prepared by sol-gel routine described previously !'®. Appropriate
amounts (11.9 g) of calcium nitrate tetrahydrate (to obtain a Ca/P ratio of 1.67) were dissolved in 10
mL of distilled water. About 5.2 mL of triethyl phosphite was hydrolyzed with 10 mL of distilled
water. The nitrate solution was added dropwise into the hydrolyzed phosphate solution. The resulting
mixture was stirred vigorously for 2 hr in an aqueous environment and aged at different temperatures
for different time as shown in Table t (a). The sol used for preparing the electrospun precursor was
aged at 80°C for 24 hr. A transparent sol was obtained after the aging treatment.

The sol was dried at 80°C for 24 hr to drive off all the solvent. A white gel was obtained after
drying. The gel was calcined at temperatures between 300 - 800°C for various times. A white powder
was generally obtained after calcination. The times and temperatures used are summarized in Table
1(b).

Table 1 Experimental Conditions used during the production of the sol (a) and the inorganic powder

(b).

Aging Temperature, T;(°C) 70 ] 80
Aging time, t;(hr) 24
Calcination Temperature, T>(°C) 700
Calcination time, ty(hr) 2
(a)
Aging Temperature, Ti(°C) 70
Aging time, t;(hr) 36
Calcination Temperature, T>(°C) | 300 | 400 | 500 | 600 700 800
Calcination time, t,(hr) 05/05[05]05]05]2]3[4][5][05
(b)

PVA with a molecular weight (Mw) of 67,500 g/mol was purchased from sigma-aldrich, USA.
Appropriate amounts of PVA were dissolved in distilled water to achieve a concentration of 15 wt.% .
The dissolution was conducted in a water bath at 80°C, with constant stirring for at least 2 hr to ensure
complete dissolution.

The electrospinning precursor was prepared by mixing the sol and the polymer solutions at
room temperature. The volumetric ratio between the PVA solution and the inorganic sol was varied
between 1:5 and 5:1 corresponding to sol volume fraction between 83.3vol% and 16.7vol%. The
mixture was then sealed and vigorous stirring was continued for at least 8 hr at 25°C. After this, the
stirring was stopped to facilitate the removal of gas bubbles.

The electrospinning apparatus consisted of a 1 mL syringe, equipped with an 18-gauge (Outer
diameter = 1.27 mm, 52 mm long) stainless steel needle that were mounted horizontally in a syringe
pump as shown in Figure 1. A potential of 20 kV was applied to the needle immediately after a
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pendant drop formed at the tip of the needle. The collector plate was covered with aluminum foil,
weighed in advance, and positioned at a distance of 10 cm from the needle.

Syringe Needle Collector
Load Direction

1 f
I 1 T [
U I
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(—— cooo_ ] \ =
High voltage Pow er Supply
Syninge Pump

Figure 1. Schematic illustration of the experimental set-up.

The PVA/Sol mixtures obtained after electrospinning were dried at room temperature for at
least 8 hr. The dried electrospun hybrid samples were calcined at 600°C for 6 hr.

The white powder obtained after calcination was analyzed by X-Ray diffraction (XRD)
(Rigaku) with Cu K-a radiation. Also XRD analysis was conducted on small samples scraped off from
the calcined electrospun specimens. The diffraction data were analyzed with JADE software. The
electrospun samples were sputter coated with gold-palladium and examined in JSM-840 scanning
electron microscope (SEM).

RESULTS AND DISCUSSION
Preparation of the Sol

A colorless sol was obtained after the aging process. When this sol was calcined, the structure
consisted predominantly of HA and minor phases, such as tricalcium phosphate and CaO, in small
fractions ('), It has been reported that the aging time and temperature are critical in the formation of
HA B3 The effect of aging temperature and aging time are shown in Figure 2 and Figure 3,
respectively.
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Figure 2. X-ray diffraction patterns for sols aged at (a) 70°C and (b) 80°C. After aging for 24 hr at the
preceding temperatures, the sol was calcined at 700°C for 2 hr. The primary diffraction peaks for
hydroxyapatite () are indicated.

It can be observed that the intensity of the characteristic peaks corresponding to HA phase in
samples aged at 80°C is more pronounced than the samples aged at 70°C. It has been reported by
several investigators researchers that higher aging temperatures favor of the formation of HA "\, The
aging time did not have a significant effect on the formation of HA (Figure. 3). In this case, there are
no obvious distinctions between the characteristic peaks of HA phase within the two samples. The
characteristic peaks at 20=29.8-31.1° indicate the presence of B- tricalcium phosphate (B-TCP) in the
samples aged for 36 hr. This phenomenon is consistent with the data of Chai et al. ), who reported
that there is a trend towards the formation of B-TCP when a longer aging time is used. Thus, any aging
time longer than 36 hr may not be desirable for the formation of HA.
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Figure 3. XRD pattern of 70°C aged sol for (a) 24 hr and (b) 36 hr. The samples are calcined at 700°C
for 2 hr. The primary diffraction peaks for hydroxyapatite (®) and B-tricalcium phosphate () are
indicated.

Liu et al. ' reported that a minimum 8 hr aging is necessary to obtain HA and prevent the
formation of the secondary phase, CaO. They also concluded that the fraction of HA increases and
impurity phases, such as CaO, Ca,P,0, Ca3(PQO,),, gradually disappear with increasing aging time. In
the XRD patterns of both samples (Figure 3), there is no evident peak corresponding to the CaO phase.
Thus, the formation of the CaO phase can be minimized by the aging process used in this investigation.
Calcination of the Gel

The sol was heat treated at 80°C to drive off the solvent and form a white gel. During this
procedure, a weight loss about 50wt% was observed. This weight loss was mainly from the loss of the
absorbed solvent (water and alcohol). The dried gel was calcined at various temperatures for various
times. Upon calcination, an additional 40wt% weight loss was observed. This is primarily due to the
decomposition of the nitrate salt and the loss of the combined water. The XRD patterns of the gel
prepared from treating the sol at 70°C for 36 hr followed by calcination for 0.5 hr at various
temperatures are shown in Figure 4. It can be seen that a highly crystalline form of HA is observed
upon calcination. The characteristic peaks of HA phase were first observed in the sample calcined at
500°C (Figure 4(c)). This result is consistent with the data of Chai et al. ?'! and Lopatin et al. ", who
reported that the temperature to form crystallized hydroxyapatite is between 420°C and 460°C. Some
of the characteristic peaks in Figure 4 also correspond to the secondary phase — f-tricalcium phosphate.
This phase starts to become distinguishable in the diffraction pattern of samples calcined at 800°C.
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Similar results have been reported by several investigators, which suggest that the formation
temperature of B-tricalcium phosphate is between 750°C - 800°C 21,

24 26 28 30 32 34 36
2 Theta Anlge ()

Figure 4. X-Ray diffraction pattern of the gel calcined at different temperatures for 0.5hr (a) 300°C, (b)
400°C, (c) 500°C, (d) 600°C (e) 700°C (f) 800°C. The primary diffraction peaks for hydroxyapatite ()
and B-tricalcium phosphate () are indicated.

The crystal size was calculated based on the X-ray diffraction pattern according to the Scherrer
equation * to further investigate the influence of the calcination temperature.
B 094

tcos@ M
where B equals to FWHM (full width at half maximum) of the broadened diffraction line on the 20
scale, which, in this investigation, is the reflection of (002) and (211) planes, X is the wavelength for
Cu-Ka (A =0.15418 nm) and t is the diameter of the crystallites. The average value was taken as the
final value of the crystal size and was typically between 20 and 40 nm. The crystal size data as a
function of calcination temperature are plotted in Figure 5.
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Figure 5. Crystal size as a function of calcination temperature.

It is observed that the crystal size increases linearly with increasing calcination temperature.
This result is consistent with the data of Liu et al. " who studied line-breadth of the (002) peak at
26=25.83° of the apatitic powder for gels calcined at different temperatures. The half-intensity width
of the (002) peak decreased gradually with a corresponding improvement in the sharpness of the major
peaks as the temperature increased from 350°C to 800°C. This observation indicates an increase in
crystallite size or improved crystal perfection of the calcined HA powders. On the other hand, an
increase in the crystal size might cause coarsening of the final powder. Thus, high temperature
calcination may favor the formation of a secondary phase as well as an increase of the crystal size,
which is not desirable in some of applications.
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Figure 6. X-ray data of 700°C calcined 70°C 24 hr Samples: (b) 700°C calcining for 2hr; (¢) 700°C
calcining for 3hr; (d) 700°C calcining for 4hr; (€) 700°C calcining for Shr. The standard
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hydroxyapatite diffraction pattern (JCPDS file #09-0432) (a) is also shown at the bottom of the figure.
The primary diffraction peaks for hydroxyapatite (®) and B-tricalcium phosphate (0O) are indicated.

The XRD patterns of samples calcined at 700°C for different time are shown in Figure 6
followed by the relevant crystal size data shown in Figure 7. A slight increase of the crystal size was
observed with increasing calcination time, while no signification differences were observed in the
XRD patterns. A rapid rate of crystallization was observed by Lopatin et al. % for the amorphous
calcium phosphate to HA transformation. They reported 80% crystalline HA can be obtained within
200 s at a temperature as low as 460°C. Hence, longer calcination time might not favor increased
crystallization, but may lead to coarsening of the crystals as indicated above.
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Figure 7. Crystal size as a function of calcination time.

Electrospinning

It has been reported that formation of fiber after electrospinning relies on using polymer
macromolecules to encapsulate the ceramic particles . In order to achieve the continuous fibrous
structures, the appropriate viscoelastic properties, such as viscosity and surface tension, of the
polymer/sol mixture need to be established. In addition, two other conditions are required:

1. A ceramic precursor with suitable particle size (e.g. < fiber diameter) and

2. A uniform dispersion of ceramic sol particles within the polymer matrix.

In this work the small size of the sol particles can be achieved by allowing the macromolecules
to fully incorporate with the sol particles to decrease the theoretical size of the ceramic particles. In
this case, the water based sol and the hydrophilic polymer solution could provide good miscibility
between the two phases. Adequate mixing time between the two precursors is critical to ensure proper
miscibility. In the present work, a minimum mixing time of 8 hr was used to achieve a good
dispersion of polymer and sol phases. A polymer My of 67,000 g/mol was selected in order to achieve
a moderate viscosity for uniform dispersion of the sol particles. A homogeneous solution was obtained
after mixing.

A fibrous structure was obtained by electrospinning 15 wt.% PVA aqueous solution, as shown
in Figure 8 (a). With increasing of the sol volume fraction, the fibrous structures can remain up to
50% of sol. The fibrous structures are shown in Figures 8 (b) and (c).
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a (b) ' (c)
Figure 8 Photographs showing the as-spun structures for different sol volume fractions. (a) 0% (PVA
agqueous solution); (b) 16.7%; (c) 20%; (PVA My = 67,500 g/mol).

Calcination of electrospun Scaffolds

The dried electrospun hybrid samples were calcined at 600°C for 6 hr. ThepPolymer can be
totally eliminated upon calcinations, while the as-spun fibrous morphologies were generally retained
after calcination. Figure 9 shows the interconnected structure obtained after calcination. Upon
calcination of the dried sample, a consolidation reaction occurs. The sol particles tend to sinter
together to minimize the surface area. The formation of these highly interconnected structures can be
explained as follows (Figure 10). A fiber mat with a high fiber density forms after electrospinning the
polymer-sol mixture. As a result, there are a large number of intersections between fibers, at which sol
particles may sinter together and form junctions. The remaining sol particles may be stretched towards
the ends and connected at the junctions (Figure 10). Note that a more open structure with thinner
fibers between the junctions is obtained with sol volume fraction of 20% than with a sol volume
fraction of 16.7% because of the initial electrospun structure. As discussed before, the thinner fibers
are obtained upon electrospinning as the sol content increases from 16.7% to 20%.

Figure 9 Photographs showing highly interconnected structures after calcining at 600°C for 6 hr for sol
volume fractions of (a) 16.7% and (b) 20% (PVA My =67,500 g/mol).
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(a) (b)
Figure 10 SEM photographs are shown before (a) and after (b) calcining. The highlighted regions are
shown in detail to outline the formation of interconnected porous structures for the two cases. The
stretching of the fibers between junctions is illustrated (PVA My = 67,500 g/mol).

The diffraction patterns with different sol volume fraction are shown in Figure 11. It can be
seen that the sol volume fraction did not have a significant effect on the crystal structure. Crystal sizes
were measured to be on the order of 10-15 nm. This value is much smaller than the value obtained
with powders produced from pure sol (30 nm). Thus it appears that electrospinning does seem to
reduce the crystal size in the ceramic. Several investigators have reported that the crystal size in the
polymer decreases upon electrospinning *l. A similar effect may be observed in the calcined ceramic.
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Figure 11 XRD pattern for samples calcined at 600°C for 6 hr. (b) Sol volume fraction = 16.7%, and (c)

Sol volume fraction = 20. The JCPDS file (#09-0432) for hydroxyapatite is also shown in the bottom
_of the figure (a).

T

CONCLUSIONS

Fibers and highly porous architectures of hydroxyapatite could be produced after calcination of
an electrospun PVA/calcium phosphate based sol precursor. Complete fibrous structures were obtained
after electrospinning and calcination. The aging and calcination conditions significantly affect the
formation of the final ceramic phase. XRD analysis indicated hydroxyapatite to be the dominant
inorganic phase remaining after calcination with an average crystal size about 30 nm. Electrospinning
of the mixture reduces the crystal size in the hydroxyapatite.
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Millimeter Wave Properties of Titania Photonic Crystals with Diamond Structures Fabricated by Using
Micro-stereolithography
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ABSTRACT

Three dimensional micro photonic crystals with a diamond structure made of a dense titania
were fabricated, and photonic band gap properties in the millimeter waveguides were investigated.
Acrylic diamond lattice structures with titania particles dispersion at 40 vol. % were fabricated by
using micro-stereolithography. The forming accuracy was 10 pm. After sintering process, the titania
diamond lattice structures were obtained. The relative density reached 96 %. Millimeter wave
transmittance properties were measured by using a network analyzer and a W-band millimeter
waveguide. In the transmission spectra for the I'-X <100> direction, a forbidden band was observed
from 90 to 110 GHz. The frequency range of the band gap well agreed with calculated results by plane
wave expansion (PWE) method. Additionally, simulated results by transmission line modeling (TLM)
method indicated that a localized mode can be obtained by introducing a plane defect between twinned
diamond lattice structures.

INTRODUCTION

Photonic crystals are periodic arrangement structures of dielectric medium and form photonic
band gaps which can prohibit propagations of electromagnetic waves by Bragg Reflection "2, The
band gap properties can be controlled arbitrarily by changing the structures of photonic crystals. For
example, by introducing artificial plane defects of air gaps in the photonic crystals, resonant modes of
transmission peaks can be obtained in the photonic band gaps. At these frequencies, the
electromagnetic waves were permitted to transmit corresponding to the defect length. By using these
interesting features, the photonic crystals can be applied to resonators, wavelength filters, directional
antennas and so on >*. In particular, three dimensional photonic crystals with diamond structures are
regarded as ideal dielectric patterns, since they have complete photonic band gaps which can prohibit
the incident electromagnetic waves in all directions °. However, it has been difficult to fabricate three
dimensional dielectric objects with complex structures. In our previous study, we have successfully
fabricated the photonic crystals with the diamond structures composed of ceramic particles dispersed
photosensitive resin by using the stereolithography method of a computer aided design and
manufacturing (CAD/CAM) process 7. Future applications using millimeter waves along 100 GHz

are expected in various areas, such as wireless communication systems, intelligent traffic systems
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(ITS), environmental analysis through remote sensing methods and so on. In order to control the
millimeter waves in the higher frequency range, we have to develop a new technique to fabricate the
micrometer order three dimensional objects. Recently, our research group succeeded to create the
micro photonic crystals composed of dielectric material such as alumina, silica and titania dispersed

resin composites by micro-stereolithography B9

These photonic crystals can control the
electromagnetic waves in the GHz and THz frequency ranges. However, the structural designs of the
photonic crystals to modify the band gap profiles were not really mentioned in these reports. Especially,
it is important to investigate, how many numbers of the unit cells should be necessary in the vertical
directions to the incident electromagnetic waves to obtain the wider photonic band gaps. In this
research, we attempted to fabricate the diamond photonic crystals which can control the millimeter
wave transmissions in the waveguides of metal cavities. In the beginning, we selected the dielectric
materials and the designed structural dimensions of the diamond lattices to open the forbidden gaps
within the transmission spectrum on W-band from 75 to 110 GHz. Subsequently, we fabricated the
titania micro photonic crystals with the diamond lattice structures through the micro-stereolithography
of the CAD/CAM process and the conventional sintering processes. Their Measured millimeter wave
properties were compared with an electromagnetic band diagram simulated theoretically by solving
Maxwell equations. To discuss the real application of the titania photonic crystals to the wave select
filters, the millimeter wave resonations in the plane defects introduced into the diamond lattice

structures were simulated through finite element method.

DESIGN AND CALCULATION

Generally, the band gap frequency can be modulated by controlling the lattice constant, the
dielectric constant and the volume fraction of the dielectric materials. A unit cell of the diamond
structure was designed as shown in Fig. | (a) by using a 3D CAD software (Toyota Caelum Co. Ltd.,
Think Design, and Ver. 9.0). The aspect ratio of the dielectric lattice was 1.5. The volume fraction of
the dielectric bodies was 33 %. An electromagnetic band diagram of the designed diamond structure
was calculated along the symmetry lines in the Brillouin zone by means of plane wave expansion
(PWE) method as shown in Fig. ! (b) 10 The dielectric constant of 100 was substituted for the material
parameter of the titania lattice. In the calculation, plane waves of 124 in number propagated into the
imaginarily limitless periodic structure of the dielectric lattice. Through the diamond lattice structure,
the perfect photonic band gap was opened for all crystal directions. Fig. 2 (a) shows the perfect band
gap frequencies through the diamond structures composed of the titania with the various lattice
constants. The solid and dotted lines indicate the higher and lower edges of the band gap frequencies,
respectively. The diamond structure with the longer lattice constant exhibits the forbidden band at the
lower frequency range. In order to control the millimeter wave propagation effectively through the
photonic crystal, whole dimension of the lattice structure should be reduced to introduce the enough
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unit cells into the waveguide of metal cavities for the electromagnetic wave diffraction. Moreover, the
photonic band gap should be opened from 75 to 110 GHz, in which the standard transmission mode of
the millimeter wave was formed through the W-band waveguide. As shown in Fig. 2 (a), the gray
region indicates the W-band frequency, and the ideal lattice constant was estimated to be 0.72 mm for
the band gap formation in the waveguide. The whole crystal structure fitting to the W-band waveguide
of 1.27 x 2.54 mm? in cross sectional dimensions was designed as shown in Fig. 2 (b). The diamond

lattice was consisted of 1.75 x 3.5 x 4 unit cells in numbers.
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Fig. 1 A designed computer graphic model of a unit cell of a photonic crystal with a diamond structure
(a), and an electromagnetic band diagram calculated by using plane wave expansion (PWE) method (b).

The dielectric constant and the volume fraction of the lattice were 100 and 33 %. respectively.
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Fig. 2 Frequencies variations of perfect photonic band gaps of diamond structures composed of
titania according to lattice constants calculated by using PWE method (a), and a designed graphic
model of a crystal sample fitted to a metal cavity in a W-band waveguide (b).
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EXPEIMENTAL PROCEDURE

The diamond photonic crystals were fabricated by using the micro-stereolithography. The
designed model was converted into the stereolithography (STL) files and sliced into a series of two
dimensional layers. These data were transferred to the fabrication system (D-MEC Co. Ltd., SIC-1000).
Fig. 4 shows a schematic illustration of the fabrication process by the stereolithography. Nanometer
sized titania particles of 270 nm in diameter were dispersed into the photo sensitive acrylic resin at 40
vol. %. The mixed slurry was squeezed on a working stage from a dispenser nozzle. This material paste
was spread uniformly by a moving knife edge. The thickness of each layer was controlled to 5 pm.
Then, the visible-light images of 405 nm in wavelength were exposed on the resin surfaces according
to computer operations. Two dimensional solid patterns were obtained by a light induced photo
polymerization. The high resolution had been achieved by using a Digital Micro-mirror Device (DMD).
This optical device was composed of square micro mirrors of 14 um in edge length. Each mirror could
be tilted independently, and the two dimensional patterns are dynamically exposed through an
objective lens as bitmap images of 2 um in space resolution. By stacking these cross sectional patterns
layer by layer, three dimensional micro structures were obtained. After fabricating, uncured resin were
removed by ultrasonic cleanings. The fabricated crystal samples composed of the titania particles
dispersed acrylic resin were heat treated to obtain dense ceramic structures. The composite precursors
were dewaxed at 600 °C for 2hs and sintered at 1350 °C for 2 hs in the air. These heating processes on
dewaxing and sintering were controlled to I and 8 °C /min in elevating rate, respectively. Linear
shrinkages and relative densities of sintered products were measured. Microstructures were observed
by using scanning electron microscopes (SEM). A bulk sample of the sintered titania was also
fabricated to measure the dielectric constant.

DMD(Digital Micro-mirror Device)
UV Source "
Knife Edge -

I)ispcl'lm:'.r_;'\_luzzl.c . o Object Lens
. | Titanipresin Slurry
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kl SN
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Fig. 3 A schematic illustration of a fabrication sequence by using micro-stereolithography of

a computer aided designing and manufacturing (CAD/CAM) process.
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The Attenuations of the millimeter-wave transmissions through photonic crystals were
measured in the frequency range from 75 to 110 GHz by using a W-band millimeter waveguide and a
network analyzer (Agilent Technology Co. Ltd., E8362B). The millimeter wave was transmitted trough
the crystal samples for the I'-X <100> direction. The dielectric constant and loss of the titania bulk
sample was measured by a using terahertz time domain spectrometer (Advanced Infrared Spectroscopy
Co. Ltd., J-Spec 2001 spc). Subsequently, the diamond photonic crystals with or without a plane defect
were designed successfully, and the millimeter wave propagation behaviors through the lattice
structure in the W-band waveguide were simulated by using transmission line modeling (TLM) method

(Flomerics Group, Micro-stripes Ver. 7.5) *'.

RESULTS AND DISCUSSION

Figure 4 (a) shows the top view of the titania dispersed acryl photonic crystal with a diamond
structure fabricated by the micro-stereolithography. The lattice constant of the formed structure was
0.96 mm. Dimensional differences between the designed model and formed sample were less than 10
um. Fig. 4 (b) shows the sintered titania photonic crystal. Linear shrinkage through the sintering was
about 25 %. Then, the lattice constant of the sintered sample reduced to 0.72 mm. The obtained
samples could be inserted closely into the metal cavity of the W-band millimeter waveguide. Fig. 4 (c)
shows a SEM image of the sintered sample. Cracks or pores were not observed in the microstructures
of the sintered samples. Relative density of the sample reached 96 %. The dielectric constant of the
sintered titania was measured as 100 along 100 GHz.

P——
S00um (b) S00um

Spm

Fig. 4 A diamond type acryl lattice with titania particles dispersions formed by the
micro-stereolithography (a), a sintered titania photonic crystals and a SEM micrograph of the
dielectric lattice (c).
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The millimeter wave transmission spectra through photonic crystals for the I'-X <100>
direction are shown in Fig. 5. These transmission intensities were measured by using the network
analyzer and calculated by the TLM method. The solid and dotted lines show the measured and
simulated transmission spectra, respectively. The measured results are nearly coincided with the
simulated one. The forbidden band prohibiting the millimeter wave transmission is formed from 90 to
110 GHz. This frequency range was included in the perfect photonic band gap, which was calculated
by PWE method, to diffract the electromagnetic waves effectively for all crystal directions.
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Fig. 5 Transmission spectra through the titania photonic crystal for the I'-X <100> direction. The
solid lines show the measured transmittance in the W-band waveguide by using a network analyzer,

and the dotted lines show the simulated one through transmission lime modeling (TLM) method.

The millimeter wave localization in a twinned diamond structure with a plane defect was
investigated by using the TLM simulation. In the photonic crystal with a twinned diamond structure,
the plane defect was formed as an interface between the mirror symmetric titania lattices, as shown in
Fig. 6 (a). The twinned interfaces parallel to (100) lattice plane was sandwiched between the two
titania lattice components with one period structure. In the simulated transmission spectrum obtained
by the TLM method, one resonant peak was formed at 99 GHz in the photonic band gap. At this
frequency, the electromagnetic wavelength is equal to the lattice constant in the dielectric crystal
structure. Fig. 6 (b) shows a cross sectional distribution image of the electric field intensity in the
twinned lattice structure at the resonant frequency. The black and white areas indicate the electric field
intensity is high and low, respectively, and the electromagnetic waves propagate for the right direction.
The incident electromagnetic wave is resonated and localized in the defect interface through the
multiple reflections between the mirror symmetric diffraction lattices. This amplified electromagnetic
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wave can transmit the opposite side of the photonic crystal and form the transmission peak in the

photonic band gap.

e [~ X < 100> Direction Incident Direction ——»

Twined Diamond
Structure

I

Plane Defect Layer
(a) (b)

Fig. 6 A schematic model of a twinned diamond structure with a plane defect between mirror
symmetric dielectric lattices (a), and a cross sectional distribution image of electric field intensities in

vicinity area to the defect interface at the resonant frequency simulated by using the TLM method.

CONCLUSION

Titania photonic crystals composed of fine dielectric lattices with diamond structures were
developed to control millimeter waves. These lattice structures were designed to realize photonic band
gaps formations in a metal cavity of millimeter waveguide at W-band from 75 to 110 GHz in frequency
range. Acryl lattices with titania particles dispersions at 40 % in volume contents were successfully
fabricated by using micro-stereolithography of a CAD/CAM process. The forming tolerance was less
than 10 pm. Titania photonic crystals with the diamond structures were obtained through dewaxing and
sintering processes. The relative density reached 96 %. The obtained titania photonic crystals of 0.72
mm in lattice constant and 1.75 x 3.5 x 4 unit cells in numbers could be inserted closely into the
millimeter waveguide of 1.27 x 2.54 mm? in cross sectional dimensions. The photonic band gap could
be formed form 90 to 110 GHz. The measured result had good agreement with the theoretically
calculated one by using PWE and TLM method. A twinned diamond lattice structure with a plane
defect interface formed a resonance peaks in the band gap through theoretical simulations. It is
expected that the titania photonic crystals can be applied to control millimeter waves in the metal

cavities as micro filtering devices and so on.
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SINTERING KINETIC STUDY OF 2Y-TZP/AL,0; COMPOSITE DURING INITIAL STAGE OF
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Abhijit Ghosh™, Soumyajit Koley, Ashok Kumar Sahu, Ashok Kumar Suri
Materials Group, Bhabha Atomic Research Centre, Mumbai, India

ABSTRACT

Initial stage of sintering of nano crystalline 2 mol% yttria doped tetragonal zirconia polycrystal
(2Y-TZP) with 2wt% alumina (2Y-TZP/Al;O;) was analyzed using different nonisothermal and
pseudo-isothermal sintering techniques. Sintering behaviour of the composite material during constant
rate of heating (CRH) was found to be dependent on calcination temperature. Kinetics of sintering was
studied using pseudo-isothermal sintering method, i.e. stepwise isothermal densification (SID)
technique. Although this method was expected to produce both ‘n’ and ‘Q’ simultaneously from a
single experiment, the result obtained in the present experiment was not reliable, especially the ‘Q’
value obtained was abnormally large as compared to the value expected for a nano crystalline material.
However, the same SID experiment was found to be useful to measure the activation energy by Dorn
method. In the present investigation, activation energy of sintering was evaluated at different
temperature regions using Dorn method. The modified Johnson equation was used for the direct
determination of ‘n’ value. Incorporation of initial shrinkage correction during SID experiment yielded
reliable ‘Q’ as well as ‘n’ values. Most interesting finding of the present study was that the sintering
mechanism, as a function of calcinations temperature, was found to change from grain boundary to
volume diffusion mechanism.

Key words: zirconia, alumina, sintering, dilatometry, activation energy

INTRODUCTION

Various sintering rate equations have been used to describe the kinetics of the initial stage of
sintering. """ Isothermal sintering experiments have provided most of the available sintering data.
However, reproducibility in experimental data is poor in isothermal sintering of ceramics which have
poor thermal conductivity. In ceramics, initiation of shrinkage takes place before reaching a steady
state temperature. To circumvent this, sintering kinetics in the ceramic systems have also been studied
under constant rate of heating (CRH).!'” Traditionally there is a belief that it is not possible to
determine simultaneously both mechanism of sintering and activation energy i.e. n and Q respectively
from single CRH experiment.” '"! Lahiri et all'” tried to utilize single CRH experiment to determine
the activation energy directly. They used the relation proposed by Wang and Raj*! and reformulated it
in the following form (Eq.1):

dy Y ak
In[Ta—]=-—=-+Ink, +Inf(y)- InG 1
[ at RT o ) (1
where, y= relative shrinkage (=VL/L,, where VL is shrinkage = L,-L, Lo=initial length and L= length
at time t ), dy/dt is the rate of shrinkage, k, is a constant, Q is the activation energy, T is the

. . - L
temperature (K), “a” is constant heating rate, f(y)=ny ©, G is the crystallite size and “a” and “k” are
two constants. Surprisingly, to determine activation energy directly, they had chosen to plot left hand

side of Eq.1 as a function of “1/T”, ignoring “f(y) term completely. Since “f(y)’ is a time and
temperature dependent variable, this approach is bound to lead towards erroneous result. Moreover,

* author for correspondence, email: abhijitghosh72¢i indiatimes.com; phone: 912225590496; Fax: 912225505151, Address:
ACS, MPD, Materials Group, Mod Lab, BARC, Mumbai, India, 400085.
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they used modified Dorn method (described in experimental section) for calculating activation energy
from CRH experiment, which is improper. !'"* ¥ Perez-Maqueda et al"”! calculated both ‘n’ and ‘Q’
simultaneously from a single CRH experiment by modifying the existing sintering rate equation to the
following form (Eq.2):

d

dingr) dinT), __Q d(1) .. @
d(Iny) d(Iny) R "d(Iny) 2

where m=%, and ‘a’ is an exponent. Considering presence of either grain boundary diffusion (GBD) or

volume diffusion (VD) as the dominant sintering mechanism, value of ‘a’ becomes -1. According to

diL
them, a plot of left hand side of Eq.2 against [ (D) ] would lead to a straight line whose slope would
d(lny)
give (_ 9 ) and intercept (l-% ). Eq.2 can also be written in the following form (Eq.3):
R
ay
dr2 y _Q vy m
Yo Ay TRt C)
@ T RT&F 2

It indicates that Perez-Maqueda et al'®! used a second order, second derivative equation, which
may not give a linear relation. Laine et all'*! used Eq.2 to study the sintering kinetic of nano alumina
system. The “n” value obtained by them from this relation was 2.0, which does not fit to any of the
known sintering mechanisms.””)

From the work of Wang and Rajm, and Matsui et al.,'¥ it is evident that minimum of four CRH
experiments are required to determine ‘Q’. In this respect a quasi-isothermal technique“sl like SID
(stepwise isothermal Dilatometry) has proved to be very useful. In this, the following concept was
used!"®): the sample was heated at a constant heating rate until the rate of shrinkage exceeded a preset
limit, at which point heating was stopped and the shrinkage took place in an isothermal condition until
the rate of shrinkage became smaller than the limit where the heating was resumed. Initially Ali and

Sorensen!'” used the following relation (Eq.4 and 5) to determine both ‘n’ and ‘Q’:
dy 1-1
—=nK(T)y =" 4
it (T)y 4
%
here, K(T)= K, exp(—— 5
w (M=K, exp( RT) (5)

Plot of ln(%) vs. In(y) from Eq.4 for different isothermal steps have been utilized for determining the

mechanism of sintering (slope) and In[K(T)] (from intercept). Activation energy can be calculated
from the slope of the plot of In[K(T)] vs. 1/T. Subsequently, to describe dynamic relative volumetric
shrinkage, Eq.4 was modified to the following form!"® (Eq.6):

Vo -V,

L= [K(T)(t-to)] )
V-V,
where, t, is the time of initiation of isothermal step, Vo, V; and V; are the initial volume, volume at
time t and fully dense volume of the specimen res;aectively. Assuming shrinkage in a polycrystalline
material as isotropic in nature, several researchers!'**? modified Eq.6 to the following form (Eq.7):

1
dy 1-Y \n
& nK(T)Y(1- Y)(T) Q)
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Vo-V¥, ILL-L .
—FL =—2 T .|, and Ls are the length at time t and of fully dense sample

where, Y= 3 3
VO - V_f LO - Lf

day

respectively. A plot of In {-ﬂfi—ﬂ} Vs, ln% from Eq.7 would provide values of both ‘n’ and ‘K’ from

slope and intercept respectively.

Although, SID method is able to provide both ‘n’ and ‘Q’ from a single dilatometric
experiment, the technique requires a special grogramme to run dilatometer at a preset constant rate of
shrinkage (CRS) mode. Several researchers!'>* have replaced CRS with a special heating schedule to
carry out SID experiments. However, the results obtained from SID technique were found to be
inconsistent. The common practice in the isothermal sintering study is to correct the initial shrinkage
data. Till date, no such effort has been made to incorporate shrinkage data correction in the SID
method. This may have caused inconsistency in the end result. SID technique may also be useful to
determine activation energy of sintering by using modified Dorn method'®>), which is useful technique
to calculate the activation energy of sintering ',

From the above discussion, it can be found out that there is enormous scope to work in the field
of sintering of ceramics. There is also a requirement to carry out a comparative study of the different
models available and to find out their viability. At the same time, improvement in the SID data
analysis is required to make this technique universally accepted. In the present investigation, the
sintering kinetic study was carried out for 2Y-TZP/A1;0; composite ( 2mol% yttria doped tetragonal
zirconia added with 2 wi%Al,O; ) using different available kinetic models and the results were
compared to find out the usefulness of those models.

EXPERIMENTAL

Nano crystalline 2Y-TZP/AL,O; (2mol% yttria doped tetragonal zirconia added with 2
wt%Al;0;) composite powder was used in the present investigation. Composite powder was
synthesized following a method described elsewhere®™ . In brief, mixed solution of zirconium
oxy-chloride, yttrium and aluminium nitrate solution was co-precipitated at pH~ 9.0 in presences of 7.5
wt% polyethylene glycol and 10 wi% ammonium sulphate. Precipitate was washed with ammoniacal
water and subsequently with alcohol. Dried precipitate was calcined at 700°C. Crystallite size and
specific surface area of the calcined powder were 8 nm and 58 m2/gm respectively. The calcined
powder compacted isostatically at 200 MPa to a cylindrical shape (dia ~6mm, length 8 mm and green
density ~ 43%TD (theoretical density)) was used for recording linear shrinkage in air during heating
with a constant rate (400°C/h). The experiment was carried out in a double push rod dilatometer
(TD5000SMAC Science, Japan) up to 1300°C. The approach for the data analysis was based on
Johnson model!" treating grain boundary diffusion (GBD) and volume diffusion (VD) separately. This
assumption is valid only at the initial stage of sintering (5% shrinkage). For CRH experiment (T=ct
where “c” is the heating rate), the general form of modified Johnson equation can be written as (Eq.8)-

(L-1_ dy Q
n T2 = A . S 8
y T exp( RT) (8)

After integration and differentiation of Eq.8, Young and Cutler

nQ
T ®

made the following equation (Eq.9):

dy
T ~ Aexp(-
T exp(
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Based on this equation, they concluded that a plot of |, {T _dLJ Vs, Li would give a straight line
dT

T
and slope of that straight line would be{_ nQ). Woolfrey and Bannister I'") proposed to plot
R

[T 2 dy } vs. ‘y’ to obtain a slope of [ ng ] Both these relations would be used in the present
dar R

investigation for analysing shrinkage data. Relation given by Perez-Maqueda et al'®) would also be

utilized for analysis of the sintering data.

For carrying out SID experiment, a special heating schedule was employed, in which the
sample was held at temperatures 850, 890, 930, 970 and 1010°C for 30 minutes each. The ramping rate
between the isothermal holdings was 10°C/min.

In the modified Dorn method, the instantaneous effect on shrinkage rate of a small step change
in temperature is determined. If [ & } is the shrinkage rate at a temperature T; (K) just before the

ar |,
temperature change and [ dy } is the rate of shrinkage at temperature T just after the change, the
ar |,
activation energy of the process responsible for sintering is given by (Eq.10):

‘),
Q= RT,T, In dt i,

(10)

Where, R is the gas constant. In the present investigation, shrinkage rate obtained at end point of each
isothermal step and at the beginning of next isothermal step was considered for determining the
activation energy by Dorn method.

RESULTS:
CRH shrinkage analysis:

Shrinkage of the powder compact as a function of temperature during CRH experiment is
shown in Fig.1. This shows that the shrinkage in the compact initiated at ~800~C (Point A in Fig.1).
Sintering kinetics for the composite material has been analyzed in the initial sintering stage, i.e. within

0.00.
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Fig.1 Shrinkage of compact of 2Y-TZP/Al;0; composite powder as a function of temperature
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the limit of initial 5% shrinkage (marked as point B). Figs.2 and 3 show the plots of 1, |:7- dL} Vs,
dar

[%j and [T 2 dy } vs. ‘y’ respectively. It was observed that the plots were not completely linear
dar
over the whole range of densification. The situation may be viewed as two straight lines separated by a
break point. The temperature corresponding to this break point is found to be ~900°C from both the
figures. The average values of ‘nQ’ measured from the slope of the linear portion of the plots are
indicated in the ﬁEures. In the lower temperature range (<9000C), ‘nQ’ values obtained from Young
and Cutler model™ (Fig.2) and Bannister model''!! (Fig.3) are found to be ~105 and 100 kJ/mol
respectively. In the higher temperature zone (>900°C), the values of ‘nQ’ obtained from Fig.2 and 3
were 155 and 150 kJ/mol respectively. This indicates that the ‘nQ’ values obtained from two different
models were in close proximity. However, from a single CRH experiment, values of ‘n’ and ‘Q’ can
not be calculated separately. Prez-Maqueda et al'®! claimed that both these values can be calculated
separately from a single CRH experiment. Following their equation (Eq.2), we have plotted

d(n & d(L
w + daT) (considering a=-1) as a function of ) in Fig.4. As expected, this graph did not
d(lny) ~ d(lny) d(iny)
show any linear relation. Hence, neither ‘Q’ nor ‘n’ can be determined from this plot.
° soo 1
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Fig.2: Finding of nQ value form Young Fig.3: Finding of nQ‘value form Woolfrey
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Fig.4: Prez-Maquedia plot for determining ‘Q’ and ‘n’ simultaneously.

SID method:

Shrinkage of the compact as a function of time and temperature during SID experiment
is shown in Fig.5. Considering the shrinkage in the sample to be isotropic in nature, i.e.
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N
_L3O_L3f’ Y(1-Y)

the different isotheramal regions. A linear relationship has been observed for every isothermal
region. Since, the shrinkage value in the 1010°C isotherm was exceeding 5% limit, data for
this temperature was not considered for further discussion. The slope and intercept of the
straight lines give ‘1/n’and ‘In[nK(T)])’ respectively. From these, the values of ‘n’ and
‘In[K(T)}’ have been calculated and listed in Table-1. Based on Eq.5, an Arrhenius plot of
In[K(T)]} vs 1/T is drawn in Fig.7. From the slope of this linear plot, the activation energy was
calculated and it was found to be 963125 kJ/mol.

} as a function of In[1:X] (from Eq.7) is plotted (as shown in Fig.6) for

1000 Lo
—— Temperature
& 800
& 1 R -0.02
@ -
5 600+ o
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Fig.5 Heating as well as shrinkage profile of 2Y-TZP/Al;03 composite powder compact during
SID experiment

In(@Y/dt(1AY(1-Y))]

0.0 0.5 1.0 2.0 25 3.0

15
In{Y/(1-Y)]

Fig.6: Sorrensen-Ming relation for dynamic shrinkage data analysis. In the figure, ‘s’and ‘i’ represent
slope and intercept respectively.

Table-1 Calculation of ‘n’ and InfK(T)] from the data obtain from Fig.6.

Temperature| 1000/T (K" 1/n n In[nK(T)] | In[K(T)]
Co)
853 0.888 5.89 0.17 -23.42 -21.65
891 0.859 5.39 0.19 -20.25 -18.59
931 0.831 4.62 0.22 -16.70 -15.18
971 0.804 3.56 0.28 -12.99 -11.71
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Fig.7: Arrhenius plot. Ln[K(T)] has been plotted as a function of inverse temperature.

Dom method:

The value of activation energy of sintering in the different temperature zone obtained from
Eq.10 is shown in Table-2. Value of activation energy of sintering is found to be marginally less at
lower temperature. Surprisingly, the activation energy value obtained from the Dorn method was found
to be almost half of the value measured from SID technique.

Table-2: Activation energy measured by Dorn method at different temperature interval

Temperature range (°C) Activation energy
(kJ/mol)
Starting temperature [End temperature
853 891 440
891 931 475
931 971 505
971 1010 505

DISCUSSION:

Modified Johnson equation (Eq.8) has never been tried to calculate ‘n’ or ‘Q’ values, though it
would provide more accurate result as compared to the value obtained from Young and Cutler model™
or Woolfrey and Bannister equation(''. In the present investigation, the value of activation energy
obtained from both Dorn and SID techniques were used in the modified Johnson equation to calculate
the ‘n’ values. For this, Eq.8 has been modified to the following form:

InfT :—in%:mm[x-%)mm ------------------------- an

Left hand side of the Eq.11 was plotted against In{y] in Fig.8. From the slope of the straight
line, the value of ‘n’ can be found out. Values of ‘n’ calculated from different equations have been
listed in Table-3. This clearly indicates that the ‘n’ values obtained from SID technique, from modified
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Johnson equation using either Dorn activation energy or SID activation energy were different. As
mentioned earlier, the SID results reported by different researchers were found to be highly
scattered!'*?. This inconsistency we believe was due to non incorporation of correction for the initial
shrinkage data. It has been mentioned earlier that in the case of ceramics, which have poor thermal

110 —

100
= - n=g 14
o4 g —
~ 90 i n= 12
s ]
¥ oeoq
= ) !
; 70-L- Based on Dom activation energy
=
Z g0
}__
T %0
n=0 23 ""U/'?_-'.-_.T"___:*
a0+ T—— i
m— + + t —
-5.5 -5.0 4.5 -4.0 =35 -3.0
Infy]

Fig.8. Graphical presentation of modified Johnson equation (Eq.11) for calculating ‘n’ values
using activation energy obtained from SID and Dorn method.

Table-3 Value of ‘n’ measured from different equations using different ‘Q’ values.

Temperature | ‘n’ value from different techniques/models
range From Young and From modified From SID
(OC) Cultler model Johnson equation technique

Using Using Using Using

Activation | Activation | Activation | Activation

energy energy energy from | energy

from Dorn | from SID | Do from SID

method technique | method technique
Up to 891 0.23 0.11 0.22 0.1 0.17-0.19
891-931 0.30 0.15 0.25 0.12 0.19-0.22
931-971 0.31 0.16 0.29 0.14 0.22-0.28
971-1010 0.33 0.17 0.30 0.15 0.28 (971°C)

conductivity, the shrinkage initiates before reaching a steady state temperature. To overcome the
shrinkage error caused by this phenomenon, several researchers suggested for initial shrinkage
correction'” & %1 In the present work, following the technique adopted by Bacmann and Cizeron i
initial shrinkage correction was made. Fig.6 is replotted incorporating this correction as shown in
Fig.9. From the slope and intercept, values of ‘n’ and In[K(T)] were measured. The ‘n’ values obtained
from the SID technique were found to be almost similar to the values obtained from Young-Cutler
model or modified Johnson method using Dorn activation energy. These values are plotted as a
function of 1/T in Fig.10. ‘n’ vs 1/T plot clearly indicates a change in the sintering mechanism above
930°C. The average activation energy for sintering was found to be 420 (+30) and 550(x£50) kJ/mol
within 850°-890° and 850°-930°C temperature range respectively. These values were in close
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proximity to the values measured by Dorn method. Since, it has been observed in the present
investigation that there was a change in sintering mechanism beyond 930°C, the activation energy for
sintering in that region was not calculated from SID technique.

8.5

7.0 T

7.5+

In[(dY/dt)(1/{Y(1-Y)}]

10 15 20 3.0 35

25
In[Y/(1-Y)}
Fig.9: Replotting of Fig.6 incorporating the initial shrinkage correction.
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Fig.10. Both ‘n’ and In{K(T)] were plotted as a function of inverse temperature.
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The results obtained so far indicates that both the mechanism of sintering as well as the
activation energy for sintering were changing as a function of sintering temperature. This manifested
in the form of two different slopes in the Arhenius plot (Fig.2). During the initial stage of sintering, the
value of ‘n’ was ~0.25. Value of n less than 0.33 indicates that other diffusion mechanism (apart from
grain boundary diffusion) might be present at that stage of sintering. Rhodes® showed a grain
boundary or surface diffusion controlled sintering mechanism at the initial stage of densification for an
agglomerate free nanocrystalline yttria stabilized zirconia powder. Duran et al.’" ?®! postulated that the
initial stage of sintering in the nano crystalline TZP was controlled by the combined surface and grain
boundary diffusion mechanisms. Both Duran et al.*” ?*! and Theunissen et al.” observed non-linear
Arrhenius plot in their CRH experiment. However, in their experiment, they crossed the 5% shrinkage
limit. Hence, presence of different diffusion mechanism causing a change in slope was expected in
their experiment. Simultaneous presence of more than one diffusion mechanisms during the sintering
stage was also reported in recent timest®%. In the present investigation, however, a change in sintering
mode is observed at the initial stage itself. Here, most likely, surface diffusion assisted grain boundary
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diffusion was the dominant controlling mechanism at the first part of initial stage of sintering. During
the latter part, most likely, sintering have occurred by grain boundary diffusion. The calculated value
of activation energy for sintering was found to be higher (>400 KJ/mol) as compared to 350 KJ/mol or
less reported for TZP system in the literature (7729 This difference may have arisen because of the
presence of a second phase (Al,O;3) in the pure 2Y-TZP system. The activation energy for sintering
obtained in the present investigation above 890°C was found to be marginally smaller than the value
reported by Matsui et al.*® for their AL,Os-3Y-TZP composite. However, in place of volume
diffusion controlled sintering mechanism as reported by Matsui et al.,'*®), in the present investigation
grain boundary diffusion is found to be the dominant mechanism controlling the initial stage of
sintering.

The effect of calcination temperature on the sintering kinetic has also been investigated. Those
results are summarized in Table-4. It indicates that the ‘nQ’ value as well as the sintering mechanism
was dependent on the calcination temperature up to 900°C. Beyond this, these values remain almost
constant. This effect may be related to the change in specific surface area with the calcination
temperature. Further studies in this direction are in progress. Sintering in the case of the powder
calcined at higher temperature has been found to be influenced by both the grain boundary as well as
the volume diffusion.

Table 4: Effect of calcinations temperature on ‘'nQ’ and ‘n’.

Calcination Temperature Slope (“nQ”) from Young “n” from modified
Cutler Model Johnson’s Equation
700°C 100 (<1175K) 0.25-0.3
155 (>1175K)
800°C 191 0.33-0.39
900°C 250 ~0.4
1000°C 250 ~0.4
CONCLUSIONS:

1. From single CRH experiment, both ‘n’ and ‘Q’ can not be calculated independently.

2. Incorporation of initial shrinkage correction during SID experiment may yield reliable
value of ‘n’ and ‘Q’.

3. In 2Y-TZP/Al,O3 composite, a change in sintering mechanism from combined surface

and grain boundary diffusion to pure grain boundary diffusion has been observed in low
temperature calcined powder.

4. At the initial stage, calcinations temperature influences the mechanism of sintering.
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ABSTRACT

Different Carbon matrix precursors are used for the fabrication of C/C-SiC materials by the
liquid silicon infiltration (LSI) route. Phenolic resins represent an important class of suited resins which
includes the resol and novolac types. For these resins a universal chemical and structural point of view
is adopted. It is based on the aromatic bonding state and leads to the concepts for the carbon yield and
the basic structural units after carbonisation. The mechanisms that allow substituents to control the
reactivity of the aromatic ring structures, control the phenol-formaldehyde-addition as well, which
predetermines the character of its basic resin product (resol or novolac). Direct curing (temperature or
acid) is possible for resols. Novolacs are thermoplastics and not curable without additives. With suited
addives, novolacs can be cured indirectly. Novolac with an additive (eg. hexamethylentetramine) form
a product which is cured at elevated temperatures and hence forming characteristic bridges in case-
typical ratios by condensation reactions and thereby releasing gaseous reaction products. The primary
bridges show ranges of thermal stability and exhibit different mechanical strengths. This accounts also
for the phase of thermal transformations when bridges transform into other bridge types or disintegrate.
These thermally induced transformations are investigated for a few resol type resins on a macroscopic
mechanical level using the Dynamical Mechanical Thermal Analysis (DMTA) and characterised
supplementary by thermo-gravimetric means. The generated porosity is a result of the fabrication
history and subjected to microstructural investigations. Furthermore attention is paid to the effect of
porosity for the Si-infiltration.

INTRODUCTION

The availability of phenolic resins in a defined chemical state is required for the fabrication of
CFRP, C/C- and C/C-SiC materials in a reproducible way. Nevertheless microscopic investigations of
the obtained matrix show that it is not a homogeneous, dense component and it exhibits porosity of
different shape and size. The occurrence of porosity is depending on the type of resin and its processing
conditions. Pore sizes may range from macro- to nanoscale and can be revealed by suited preparation
and analysis technologies. Reasons for the generation of pores originate in the resin’s molecular
constitution, which is essential for the initial curing and the subsequent thermal conversions of the
bridges and the cracking processes at higher temperatures. The gaseous products from the reaction are
released from or embedded into the resin depending on the resin’s constitution. To get accustomed to
the class of resins it is required to know the underlying principles of bonding,.

Phenolic resins are multi particle systems. Central field models that are suited to describe atoms
are not adequate to describe the electron distributions within molecules and multi particle formalisms
have to be applied. Unfortunately such multi particle systems can not be solved precisely and
simplified model approaches are required. A multitude of approaches has been developed in the past
and it is necessary to get an overview about the required assumptions and their conditions of validity.
The presently most comprehensive, modern representation of the chemistry of phenols is edited by Z.
Rappoport' in 2003, It covers amongst others the Hartree-Fock, Post Hartree-Fock and Density
Functional Theory approaches. Calculated and experimentally obtained properties of phenols are
electron density distributions, lengths of bonds and angles between bonds. By these means microscopic
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parameters and macroscopic properties are correlated. Some aspects of the behaviour of phenols have
been investigated on that microscopic base and are visualised for a better understanding. The electron
density distribution of the ring structure is visualised for different substituents and for cases where a
phenol forms a complex with an akali atom (catalyst for Aldol reaction) or phenol interacts with water
(solvent for many phenolic resins). Hydrogen bridges are temperature and also polarity sensitive and
induce charge exchanges with the electronic system of the ring; this coupling controls the reactivity of
the phenolic system and therefore the thermal stability of the bridges and also their transformations.
The reaction conditions of the phenol-formaldehyde addition attribute a permanent character to the
resin prepolymers.

Theoretical descriptions of the resins assume a homogeneous material distribution, but porosity
is occuring. Porosity is caused by kinetic limitations and are mostly accompanied to a release of
solvents, reaction products from curing or to crack products of aliphatic compounds. A series of reports
from Cypres and Bettens’ considers a recondensation of nonaromatic components into aromatic
components at carbonisation temperatures.

The concept of aromatic bonding is of outstanding importance for the description of the phases
of curing, the phase of bridge transformation at higher and the phase of disintegration at more elevated
temperatures. It is also a key issue to understand the carbonisation processes. The delocalisation of the
electron within the bond is a quantum mechanical effect and attributes an extremely lowered energy to
the delocalised, ie. the aromatic case. As a result aromatic structures do not disintegrate even at
elevated (carbonisation) temperatures (inert atmosphere), whereas the aliphatic and alicyclic
compounds do and finally serve no carbon yield. The carbon materials can be classified according to
the general system of carbon materials by the concept of basic structural units (BSU) and local
molecular order (LMO), terms coined by A. Oberlin’. Depending on the local arrangement of these
BSUs well ordered, extended structures (large LMO) or crumbled sheet like, unorganised structures
(small LMO) or any structure in between may be realised. Phenolic resins as other aromatic materials
with a 3-dimensional network structure result in amorphous (=small LMO) carbon materials. In case of
meso-phase pitch based materials (liquid crystalline materials) a high local molecular order is found
after carbonisation. The presence of a large amount of network promoting elements (=strong network)
is a reason for obtaining a badly ordered carbonaceous material. This usually can not be changed later
even under high temperature treatments (not graphitising materials). The graphitising process usually
has only a small time and temperature window to start. Many large LMO materials fall into such
window and therefore can be graphitized under high temperature treatments®. The mentioned structural
effects are not easily detectable as high resolution lattice imaging of the LMO is necessary, which
means that high resolution transmission electron microscopy (HRTEM) is required.

The classical TEM preparation technology does not allow fast and pinpointed thin film
investigations as they are needed for systematic studies of the porosity and of the local molecular order.
For this reason the focused ion beam (FIB) technology is applied here and adapted to the preparation of
C-fibre reinforced composites. Furthermore the FIB-TEM preparation technique reduces mechanically
induced artefacts.

The thermally induced changes induced to the bridge structure on the molecular level should
influence the macroscopic mechanical properties of that resin. For matrix dominated mechanical
properties 3-point bending geometry is most suited. Therefore the the Dynamical Mechanical Thermal
Analysis is used as a tool to reveal the temperature dependence of the elastic modulus.

EXPERIMENTAL

Phenolic resins are used as matrices for C-fiber reinforced composites which are in house
fabricated and complemented by commercial composites. The in house fabrication of composites also
applies modified versions of the starting resin. Three different types of commercial phenolic resins are
subjected to produce CFRPs via an autoclave route. A part of this CFRP material is kept for later
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reference and testing whereas about 2/3 is subjected to a pyrolysis treatment in order to create C/C state
material. One half of the C/C material is kept for reference and subsequent testing whereas the other
half undergoes a liquid silicon infiltration (LSI-route) to form C/C-SiC composites. Therefore the 3
processing states derive materials from exactly the same starting resin and even the same CFRP
material. This procedure is necessary to achieve comparability because the as received commercial
phenolic resins are a low cost products and usually characterised mainly by technological properties
and not on a scientific base.

Resin modifications aim to influence relevant resin parameters. The type and the amount of
solvents are varied (solvent substituents) first and approaches to change the network design by a
catalytic modification of the resin are performed.

The microstructural characterisation (optical microscope, SEM, TEM, FIB) of the composites
covers the matrix and fibre/matrix interface areas and monitors the range from macroscopical
dimensions down to the nano scale. Special attention is paid to the matrix porosity, their local
distribution and to the occurrence of indications for stress graphitisation in C/C and C/C-SiC materials.
The microstructural analysis is improved by applying the Focused Ion Beam technology as a reliable
imaging method and deriving a powerful TEM-thin film preparation technique from it to improve the
resolution by reducing the film thickness and to open matrix porosity on one or even on two sides to
visualise them directly in the sub micrometer range.

The thermal investigations consist in a thermogravimetric characterisation (Netzsch TG 409) of
the available resins for optimising the time—temperature profiles and DMTA (GABO EPLEXOR 150N,
1000°C) studies. In the DMTA experiments the CFRP samples (35mm x 7 mm x 3 mm) are subjected
to in-situ 3 point bending tests under an inert gas atmosphere (ambient pressure) in a temperature
controlled furnace, which is a part of the DMTA equipment and following a pyrolysis temperature
profile up to 1000 °C.

THERMOGRAVIMETRIC RESIN ANALYSES

Three different resins (PV 1420, E97783, E 95308, all made by Dynea GmbH, Germany) were
investigated by TG in the as received condition (Figure 1). After the removal of water (E97783 dest.)
the mass loss decreased but the viscosity increased more than acceptable.
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Figure 1. Temperature dependence of mass losses for as received and water free resins
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The resin of type E97783 appeared as most promising and was subjected to further modifications.
These modifications include a) the removal of the solvent water (E97783 dest.), b) solvent substitutions
(exchange water to acetone, ethlenacetate, diethylether, tetrahydrofurane, furfurylalcohole, Figure 2)
and c) realising modified network conditions by catalytic amounts of tetraetoxyorthotitanate - TEOS,
tetraethoxyorthosilcate — TEOS, (Figure 3). The resin modifications had been performed on laboratory
scale by the Chair of Inorganic Chemistry (Prof. H. Lang), Chemnitz University of Technology.
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Figure 2. Temperature dependence of mass losses for as received and derived solvent
substituted resins

The selected solvents reduced the mass losses compared to original water solved resin and retained a
sufficient low viscosity for proper handling. A similar result could be realised by resin modifications
via TEOT and TEOS (Fig. 3)
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Figure 3. Temperature dependence of mass losses for as received and derived chemically
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SAMPLE FABRICATION

The sample fabrication (Figure 4) takes place by gravity infiltration of resin into a mould which
is filled with a stack of precisely cut and aligned carbon fibre cloths (0°/90°). The infiltration is
followed by a curing phase in an autoclave (50 bar, Argon, usually 160°C). Next, after removing the
small CFRP-plate from the mould, the pyrolysis takes place in muffle type furnace at maximum
temperature of 900 °C under ambient pressure and in Argon atmosphere. It is followed by a liquid
silicon infiltration in a vacuum chamber with a graphite furnace at about 1550 °C. Similar pyrolysis
experiments starting from already cured CFRP materials are also performed in the furnace of the
DMTA machine, parallel to the mechanical measurements.

A i
[\ '{;ﬂ}:’;‘ on | Pyrolysis Si - Infiltration

Phenolic 120 - 400° o o
resin 20 - 400 N 900°C R 1550 C

C-fibre
cloth

Figure 4. Sample fabrication steps, CFRP, C/C, C/C-SiC

DYNAMICAL MECHANICAL THERMAL ANALYSES (DMTA)

The DMTA technique and equipment allows the determination of the temperature dependence
of the elastic modulus and mechanical damping (tand) of the test samples under load in 3-point bending
geometry. As pyrolysis experiments can be performed in-situ in the DMTA furnace, any resultant ther-
mally induced weakening or strengthening of the network can be detected on the macroscopic level and
represented as a temperature dependence of the elastic modulus. Investigations of materials derived
from the same base resin (E97783) by solvent substitution lead to results as depicted in Figure 5. Their
temperature dependence is very similar and differs mainly in their amplitudes. In this case of resin vari-
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Figure 5. Similar temperature dependence of E- Modulus for solvent substituted resins
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ations no significant differences among the obtained networks are expected (= same class) and the re-
sultant temperature dependence of the elastic moduli do not differ significantly. Modified network con-
ditions are expected in case of a resin modifications by TEOT or TEOS. As a result the network cha-
racter changes and the temperature dependence of the elastic-modulus is reflecting this fact (Figure 6).
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Figure 6. Changed temperature dependence of the elastic modulus of a resin with modified

network (TEOT modified base resin E97783)

The correlation of the temperature dependence of the elastic modulus (DMA) of a resin with the
corresponding temperature dependence of the mass losses (TG) gives indications (Figure 7) that 3 main
reaction phases exist: 1.) a curing phase below 180 °C, 2.) a bridge/network transformation phase
(180 °C - 400 °C) and a cracking phase above 400 °C. In the curing phase mass losses are essential and
correlated with changes stiffness whereas in the transformation phase the stiffness changes are almost
independent of mass losses. Above a certain temperature which is for the E97783-based resin in the
range of 350 °C - 400 °C the transformations correspond to mass losses, i.e. the cracking phase starts.

10
o
-10
20
-30
-40
=50 Mass loss

-60
| 180 188 -
25000/ ! ] | | 025

Mass loss [%]

TGA

200000 E-Modulus | 0,20

DMTA il I in,15ag

10 000! d 1010

E-Modulus [MPa]

]

Dg
8
[=]
&

20 120 220 320 420 520 620 720 820 920
Temperature [T]
Figure 7. Thermal transformation ranges (E 97783)
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MICROSTRUCTURE ANALYSES

Optical microscopy visualises two extreme examples of phenolic resin structures (resol type).
Those of resols which form matrices in CFRPs that develop macroscopic porosity (PV1420, Figure 8a)
and those (E95308, Figure 8b) which appear dense on the macroscopic scale and compensate the curing
shrinkage in by matrix cracking within the rigid frame of the fibre reinforcement.

m o T i) iF . e
Figure 8. Optical micrographs of resol based CFRPs, a) PV1420 b) E95308
M = matrix, Fy, Fgg= Fibre, resin maker: Dynea GmbH, Germany

For practical use a resol that is gaining an intermediate structure (Figure 9) in the CFRP state is most
beneficial. It is realised for example by the resin E97783, which was already subject of other
characterisations. It shows a narrow, open crack system (first segmentation), foamy zones near or
inside cracks and closed porosity mainly on submicron scale in the matrix rich areas. A reliable
preparation of such foamy zones is possible when they are located behind a fibre laying parallel to the
surface as indicated in Figure 10. Continued polishing thins the remaining fibre and induces its final
removeal which terminates the preparation. The highest magnification is applied at the foam region in
Figure 10.

Figure 9. Optical micrograph of the structure of a resol based CFRP
M = Matrix, F = Fibre
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Figure 10. Preparation of foamy areas in resol based CFRP

The crack structure indicates the former function of this area as a drain for gaseous curing products,
which were generated within the bulky matrix areas, collected and transferred to a connected open
channel system (Figure 11). The porosity in bulk matrix areas which are adjacent to the foams and
cracks in CFRPs (E97783 type resins) is reduced by several orders of magnitude compared to foam.

Figure 11. Connection of a foam area to an open channel system (CFRP)
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The pyrolysis intensifies the generation of gaseous reaction products as well as the amount of open and
closed porosity within the matrix as C/C composites. As a matter of fact already in the CFRP state
existing porosity is not redeveloping during pyrolysis. The first segmentation cracks in the CFRP state
become zones of reduced fibre density in the Carbon/Carbon (C/C) state and include open channel
systems. Additionally a second segmentation is occurring in the C/C state (Figure 12).

Figure 12.  Zones of reduced fibre density and second segmentation in C/C

The first segmentation cracks take over the function of drains for pyrolysis gases and give indications
for a partial recondensation. The average pore size, even in densely appearing matrix areas, is
significantly higher than at the corresponding CFRP locations. The production of pyrolysis gas takes
place all over the matrix volume, but significant differences of the porosity level are occurring. The
local change of porosity in the transition area, from the minimum level of porosity to a foam area, is of
great interest. The visualisation of such fine structures is possible by transmission electron microscopy
and an efficient TEM thin film preparation method. For this purpose the FIB-TEM thin film lift-out
preparation technique® was introduced and applied. Free standing composite films are produced from
C/C lift-out samples in an arrangement as displayed in Figure 13. The Ga-lon beam is directed almost
perpendicular to the front face of the holder and used for pinpointed FIB-thinning. The thin films are
prepared wit a Hitachi FB 2100 FIB machine equipped by a micromanipulator system. It succeeded to
open nanopores within the preparation area on one or even on both sides (Figure 14.). The TEM
micrograph (Figure 14a) shows an area adjacent to a foam area (upper right) and reduced porosity in
the left part. The marked area is enlarged in Figure 14b, which depicts a “huge” pore (<100um) which
now is open on both sides and a large number of smaller pores. Due to the very thin FIB/TEM lamella
the pores are almost never lying upon each other and can be identified separately on the TEM
micrograph. It is to be assumed that these almost equally distributed pores (Figure 14 b) had been of
closed type and accumulated locally generated pyrolysis gas.

Figure 15 resolves an area around a HTA 5131 fiber which is embedded in a C matrix derived
from resin E97783. The pores adjacent to the fibre show a significant deformation from the spherical
shape. This indicates the existence of significant stresses and strains near the fibre in the resin. By
deformation of the pores the resin succeded to eliminate stress peaks and prevent local stress
graphitisation which was expected to occur.
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Figure 13.  Arrangement of a free standing lift-out C/C sample on a dedicated FIB/TEM
sample holder before final thinning /Muc05/

Figure 14.

Figure 15. TEM micrograph of a C/C sample derived from E97783 resin, fibre HTA 5131
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DISCUSSION AND CONCLUSIONS

The knowledge of the chemical constitution of phenolic resins on a microscopic base as well as
that of the mechanisms of the carbonisation process are necessary to predict the performance of
modified resins. It helps to systematize the multitude of possible chemical variations and their
attributed properties. It justifies strategies to modify compounds with respect to their expected their
properties but does not give precise guidelines.

The experimental approach aims to reveal correlations between microcopic mechanisms and

macroscopic performance. The substitution of solvents and the network modifications (TEOS, TEOT)
of the resins represent simple approaches to reveal and systemise the interdependences between
microscopic and macroscopic parameters. In a first approximation the DMTA investigations confirm a
correlation of the network type with the temperature characteristics of the elastic modulus.
The viscoelastic properties of uncured, cured and transforming resins and their temperature dependence
originate from microscopic bonding effects even if they can not be attributed directly to single effects.
The DMTA analyses are able to measure a macroscopic property (elastic modulus, damping) and
correlate it to changes of its microscopic origin. The correlation of DMTA- with TG-measurements in
the same temperature range serves additional information and affirms the postulated partitioning of the
reactions in the 3 phases of curing (<180) / bridge transformations / (>400°)cracking.

The microstructural investigations of CFRPs based on different resins show a correlation
between resin type and porosity. This indicates, that a significant influence of the curing reactions on
the structure exists and that also a chance exists to control the microstructure by a suitable chemical
resin design. The reaction gas transport in both CFRP and C/C materials is not uniform. They drain
with locally intensive streams and foam zones but also show calm areas with relatively small closed
pores. Specially these calm areas in C/C materials are investigated in more detail by TEM in order to
find the smallest pore sizes. The applied FIB/TEM lamella preparation was able to produce such thin
lamellae that many pores were opened on both sides and the TEM electron beam could create images
of high contrasts, which could not be obtained by conventional TEM preparation. Pores with diameters
of less than 20 nm diameter were detected and quite uniformly distributed in the analysis areas. Perhaps
they can be considered as reservoirs filled with curing gas.

TEM investigations of matrix areas directly adjacent to Carbon fibres show submicron pores in
these regions as well. But here they are strongly deformed and adopt lens like shapes. This indicates the
existence of local stresses and strains in the matrix. Such conditions do not allow the accumulation of
sufficiently high stresses to induce a stress graphitisation. The level of porosity in all these C/C
materials based on E97783 resins is still too high in order to induce the stress graphitization.

The porosity takes over a key function in C/C materials. It is not intensively investigated and
not efficiently controlled, presently. This is even more surprising as a tailoring of the open and closed
porosity would allow to make use of C-foam as an easily accessible carbon source for the reaction with
liquid silicon. This can reduce the Si-infiltration time and minimise the C-fiber damages due to
reactions with silicon.
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ABSTRACT

Aluminum Nitride (AIN) — Carbon Nanotube (CNT) composites were prepared to increase the fracture
toughness, flexural strength and thermal conductivity of AIN based ceramics by direct in-situ growth
of CNTs on the mixtures using Chemical Vapor Deposition (CVD) technique. The AIN- 3 wt% Yttria
(Y20;) base mixtures with in-situ grown CNTs were then spark plasma sintered at 1950°C in vacuum
under a pressure of 60MPa. The Vickers Hardness decreased with the addition of CNTs in the matrix
whereas the indentation fracture toughness increased with addition of CNTs. The flexural strength
increased for mixtures with 7 wt% CNTs by comparison to base AIN-3 wt% Y03 samples.

Detailed electron microscopy analysis of the Aluminum Nitride-CNT powders shows uniform
distribution of CNTs in the matrix, without the formation of agglomerates frequently seen with
traditional ex-situ mixing of CNTs in ceramic compositions. The samples sintered by spark plasma
sintering showed a finer grain size microstructure in the presence of CNTs compared to base samples.
Mechanical and thermal properties show an enhancement with the addition of CNTs in the matrix.
Raman Spectroscopy and high resolution transmission electron microscopy confirms CNT retention in
the sintered nanocomposite.

INTRODUCTION

Aluminum Nitride (AIN) has attracted attention in recent years due to its high thermal conductivity,
good mechanical strength, low-density and a low thermal expansion coefficient. Its resistance to
molten metals makes it an ideal alternative material to alumina and beryllia currently used in
microelectronics. AIN is attractive for applications in metal handling, as heat sinks, in semiconductor
devices and electronic substrates, and as grinding media, seals, and filler materials. AIN is relativel

brittle like all other ceramics, and therefore B)articulates such as Silicon Carbide " 1 1% 17 18 19:20:23;, 3G:
32 Boron Nitride % *, Titanium Diboride '* 2% 3% Titanium Nitride * *® and even Zirconia® have also
been used to increase its fracture toughness. Pure AIN is difficult to sinter to full density and therefore
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sintering additives — rare earth oxides of Yttrium" % % 2% 28 2 Samarjum'% *, Lanthanum?!, Cerium,
along with fluorides of Calcium and Ytiria®® and even Molybdenum Disilicide'® — have been used to
enhance the sinterability of AIN®. AIN has been fabricated by various means: hot pressing?,
pressureless sintering, microwave sintering’®, SHS’, reaction sintering® ' '™ 2% 3¢ and more recently
spark plasma sintering * '% ** 2% 3! Based on previous research the addition of Silicon Carbide to the
AIN matrix has been the most significant in improving the mechanical properties with a reported
increase in fracture toughness up to 4.2 MPa.m'"? obtained by Tangen et al.>° and a flexural strength of
up to ~360 MPa is reported for Silicon Carbide reinforced Aluminum Nitride'”*°,

Carbon nanotubes (CNTs) with elastic modulus greater than 1TPa and strength 10-100 times
that of steel have been an attractive candidate for fundamental research since their discovery by
lijima®. Theoretical and experimental results have shown extremely high elastic modulus, greater than
1 TPa (the elastic modulus of diamond is 1.2 TPa)*"*', and reported strengths 10-100 times higher
than the strongest steel at a fraction of its weight. In addition to their extraordinary mechanical
properties, carbon nanotubes also possess superior thermal properties. The CNTs are thermall?' stable
up to 2800°C in vacuum, and the thermal conductivity is about twice as high as diamond***’. CNTs
with their outstanding mechanical properties and extraordinarily high aspect ratios are therefore ideal
reinforcing fibers for ceramic matrix composites.**

In this research, Aluminum Nitride-CNT composites are fabricated by direct in-situ growth of
CNTs on the AIN particles followed by densification via the Spark Plasma Sintering (SPS) technique.

EXPERIMENTAL DETAILS

Powder Mixtures

H.C. Starck Grade C Aluminum Nitride (average particle size = 0.8 to 1.8 microns with less than 2%
oxygen) and Yttria (Inframat Advanced materials — average particle size = 0.15 microns) was mixed in
a 97/3 wt% ratio, respectively. The powders were mixed using a rolling mill for 48 hours in baffled
jars and then milled using silicon nitride balls in a rolling mill for 48 hours. The powders were mixed
in ethanol in a Turbula shaker before processing (either sintering or catalyst coating) for 15 minutes
and then dried, crushed and sieved before use.

In-Situ Growth of Multi-walled Nanotubes (MWNTs)

Previous research has shown that cobalt gives the highest yield of nanotubes per wt% addition*2. CNTs
can be grown by using Co(NO;)6H,0 as a catalyst precursor52‘53. Co(NO3)6H,;0 (Cobalt(I) nitrate
hexadydrate, 98+%, A.C.S. reagent, Sigma-Aldrich) and AIN + 3 % Y,0; powder (HC Starck) were
mixed in ethanol, followed by sonication for 15 min. For CNT synthesis, AIN powder containing three
different cobalt contents (Co/AIN = 0.5%, 1% and 2% by weight) was placed in a tube furnace fitted
with a stirrer for all around growth of CNTs on the AIN particles by CVD technique. EDS scanning
was performed to check for the distribution of the cobalt catalyst on the AIN particles especially for
mixtures with 0.5 wt% catalyst.

CNT Yield Characterization

The CVD grown powders were analyzed using a field emission gun scanning electron microscope
(FEGSEM - JEOL JSM-6330F), and X-ray diffraction (XRD). XRD was performed using a Siemens
D5000 Diffraktometer employing Cu Ka radiation operated at 40 kV and 40 mA and fitted with a
graphite monochromator. The step size and scan rate were fixed at 0.01° and 1sec/step, respectively.
The yield of the in-situ growth of CNTs on AIN mixtures was characterized using TGA (TA
Instruments: High-Res TGA 2950 Thermogravimetric Analyzer). The samples were heated in an
oxidizing atmosphere with a heating rate of 20°C/min in the temperature range 50-800°C under
20ml/min ambient air, and the weight change was recorded.
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Spark Plasma Sintering (SPS)

Spark plasma sintering of the powders was carried out using equipment from FCT System GmbH
(Rauenstein, Germany) allowing several modes of operation (constant and pulsed DC current, pulse
and pause times between 1 and 255 ms, different atmospheres: vacuum, N2, Ar, high pressure forces:
up to 250 kN). The base and in-situ CNT grown AIN-mixtures were placed in a 30 mm diameter
graphite die and sintered under vacuum in the SPS unit.

Material Characterization

Microstructure of the sintered samples was analyzed using the FEGSEM. The density of the sintered
samples was measured by the Archimedes method with distilled water as the immersion medium. XRD
analysis was carried out for the powders before and after sintering to determine the chemical
composition of each nanocomposite. The fractured surface of the samples was also analyzed using the
FEGSEM.

CNT Retention

CNT composites were characterized using Raman Spectroscopy to ensure the CNT retention in the
composites after sintering. The SPS sintered samples were fractured and Raman spectroscopy was
carried out on the fractured surface. The Raman spectroscopy measurements were conducted at room
temperature with a Raman spectrometer in the back scattering configuration. An argon ion laser tuned
to 514 nm was used to collect the signals. To avoid a heating effect, the laser power was set at 3 mw
after filter to excite the sample. Raman spectra were collected by using a high throughput holographic
imaging spectrograph with a volume transmission grating, holographic notch filter, and
thermoelectrically cooled charge coupled device (CCD) detector (Spectra Physics) with a resolution of
4 cm’. A 15-min exposure was used for each spectral collection.

Vickers Hardness Testing and 3 Point Bending

Vickers hardness testing was performed using a Wilson Tukon Hardness tester according to ASTM
C1327 standard at loads of 300gf and 1000gf with a dwell time of 15 seconds. Five indentations were
taken, and the average number was reported. The fracture toughness was characterized by measuring
the length of the cracks formed at 1000 gf of loading using the FEGSEM. The fracture toughness was
calculated using the following equation,

M

1/2 pl/2
K, =0.026 (&J

372
C

where P is the indentation load, “a” the half length of the indent, “C” the half length of the crack and E
the elastic modulus of the composite. E is calculated from the elastic moduli of the components
according the rule of mixtures.

Three-point bending tests were carried out on samples according to ASTM C1161 standard at
ambient temperature using a Bose Enduratec machine. The crosshead speeds are maintained using
displacement control, and the force was measured with a load cell accurate up to 0.1N.

Thermal Conductivity Measurement

Thermal diffusivity was measured using a laser flash technique on a Netzsch LFA-457 instrument on
10 mm x 10 mm x 2-4 mm samples in steps of 200°C from room temperature to 800°C, in an argon
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atmosphere. The final thermal conductivity of the AIN-CNT composites was calculated automatically
in the Netzsch instrument.

RESULTS AND DISCUSSION
Table 1 below shows the results of the TGA studies, density measurement, hardness testing, fracture
toughness measurement and bending strength at room temperature.

Table 1: Vickers Hardness, Fracture Toughness and Three-point Bending Strength of the Samples

% Fracture Bending

Sample Composition Wt% | Theoretical | Hardness | Toughness Strength
ID (wt %) CNT Density HV1/15 | (Indentation) (MPa)

AIN | Y,0, (GPa) | (MPa.m'?)

AIN-3Y 97 3 0 99.27 12.89 2.8 411.67
A-0.5%Co 97 3 ~7.4 92.34 10.69 3.6 524.10
A-1%Co 97 3 ~16 86.23 8.93 39 363.29

EDS Scans for Cobalt Content

EDS scans were carried out on samples with 0.5 wt% catalyst to check for the uniformity of the
catalyst distribution. Figure 1 below shows that Cobalt is distributed uniformly on the surface of the
powders.

| oo e [NK] © — |
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Figure 1: EDS scans for distribution of Cobalt in the AIN mixtures

FEGSEM, HRTEM, XRD and TGA Analysis of In-situ Grown CNTs on Aluminum Nitride

Figure 1 shows the FESEM images of in-situ grown CNTs on AIN particles after the CVD process.
The CNTs can be seen covering the entire surface of the particles even at 2 wt% Co. The CNTs grown
are MWNTSs with an average diameter of 10-40nm and length in the range of 1- 5 microns. HRTEM
imaging in Figure 2 shows substantial amount of MWNTSs growing on the surface of the AIN particles.
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Since the CVD process has established for tip growth mechanism, it is seen from the HRTEM images
that most CNTs are attached to the particle without the presence of catalyst and hence the catalyst may
possibly be removed by acid treatment later.

Figure 3: HRTEM image for in-situ grown CNTs on A-0.5%Co

The TGA curves of the as-received AIN base powder and Aluminum Nitride-CNT with 1 wt% and 2
W% catalysts are illustrated in Figure 4 for comparison. Previous research by Huang et al.’ has shown
that MWNTSs generally start oxidizing at approximately 400°C in air, and at 600°C rapid oxidation
could take place®®. Huang et al. also showed that amorphous carbon present on the surface of the
Therefore, for this reason, all in-situ grown CNT powders were heated for 30 minutes at 300°C in air to
remove the amorphous carbon. The weight loss between 400°C and 600°C is taken as the yield of the
CNTs from the CVD growth process. It can readily be seen from the TGA analysis that even a small
amount of catalyst can yield a great amount of CNT for the AIN particles. The yield of CNTs is ~ 16
wt% with 1 wt% catalyst and 22.5 wt% CNTs with 2 wt% catalyst. Other researchers have shown that
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CNT-based composites lose their material integrity, such as hardness and strength, when the CNT
weight percentage exceeds 10%, due primarily to poor sintering. Therefore, samples with only 1 wt%
and 0.5 wt% catalyst, which gave about 16 wt% and 7.8 wt%, respectively, were designed and
fabricated.
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Figure 4: TGA analysis of base AIN and in-situ AIN- CNT powder

Density Measurements

The results of the density measurements of the sintered as-received samples and the AIN-CNT
composites are listed in Table 1. It can be observed that there is a clear correlation between the weight
percentage of CNTs and the density. The as-received AIN-3Y sample achieved almost 100% of the
theoretical density. The density decreases with the increasing amount of CNTs in the matrix, as
expected. It is generally believed that the hollow nature of CNTs contributes to the porosity in the
composite matrix, leading to the diminishing hardness of the composites.

Microstructure of SPS Sintered Samples Uusing FESEM

FEFSEM images of the fracture surfaces demonstrate that the CNTs were uniformly distributed in the
ceramic matrix attributed to the in-situ growth of the CNTs on the ceramic particles. Figure 5 shows
the fracture surface of a pure AIN sample sintered at 1950°C for 4 minutes. Some pores are also
evident in these SEM images. These pores could significantly reduce the thermal conductivity and the
mechanical strength of the AIN composites. Figures 6, 7 and 8 show the FESEM images of the fracture
surfaces of the samples with AIN-3Y, A-0.5%Co and A-1%Co sintered at 1950°C for 4 minutes. It can
be seen that the number of pores is reduced with the addition of Yttria. This is due to the formation of a
Yttria-Alumina eutectic phase at the grain boundary of the Aluminum Nitride. Since Alumina has very
low thermal conductivity (30W/mk) compared to Aluminum Nitride, Yttria helps to increase the
thermal conductivity of bulk ceramic by forming aluminate secondary phases. These phases are located
around the AIN grains along the grain edge". Along with enhancing the thermal conductivity, these
aluminate phases formed by Yttria help in reducing the pores and thus increasing the mechanical
strength of the ceramic composite. The SEM images illustrated in Figure 7 and 8 confirm the retention
of the CNTs during the SPS process even at 1950°C. It can be seen from the SEM images that these
samples exhibit very low porosity, implying that the CNTs may have bonded effectively with the AIN
powders forming a dense ceramic matrix.
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Figure 5: FESEM of etched surface of pure AIN sintered at 1950°C for 4 minutes

The fracture surfaces in Figure 7 and 8 demonstrate that CNTs are tightly embedded in the matrix. The
fracture of the AIN-3Y samples generally occurs intergranularly, as evident from Figure 6, while the
fracture of AIN-CNT composites, as shown in Figure 7 and Figure 8, appear to be a mixed mode of
intergranular and transgranular features, The CNTs can be seen either at the grain boundaries or within
the grain. It is also noticed in Figures 7 and 8 that the CNTs appear to have an effect of retarding the
grain growth rate of the sintered composite. In addition to the strengthening effect, the grain-growth
inhibition of CNTs may have a quite significant impact on the fabrication of CNT composites. It
implies that CNTs could play a two-fold role in the nanocomposite: (1) enforcement and (2) prevention
of grain growth, which could lead to a fine-grain composite.

Figure 6: Fractured surface of AIN-3Y-1950
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Figure 8: Fractured surface of A-1%Co-1950
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XRD Analysis

XRD analysis of samples post SPS sintering, as shown in Figure 9 below, confirms that the sintered
samples are predominantly single phase AIN. Yttria was not detected in the XRD scans due to its low
percentage in the matrix. XRD scans also show that there are no unwanted reactions between the CNTs
and the AIN matrix.

900 -
A -1%Co - CNT - 1950
|
1 WO W
700 A A - 0.5%Co — CNT - 1950
z A N I
w
Soo0 . A
G
-5 A-1950
A
400 1
Y0,
300 ﬁ“"“‘ |'L \ T3 Y " JL,AA st . .
10 20 30 40 50 60 70 80 920
2 Theta

Figure 9: XRD analysis of samples after sintering

Raman Spectroscopic Analysis

Raman studies were conducted on the fracture surface of the sintered samples, as shown in Figure 10,
to confirm the presence of CNTs after sintering. The analysis of the peaks from the Raman Spectra
suggests that AIN retains its form after sintering and does not form other compounds. The Raman
vibrational modes from the CNTs observed at 1373 cm-1 (D band) and 1565 cm-1 (G band)
correspond to the MWNT modes reported in the literature’’. Furthermore, the intensities and line
profiles also suggest that these modes are from MWNTSs and not from the other forms of carbon™, This
observation thus suggests that the CNTs are retained after the SPS process.

HRTEM Studies Post Sintering

CNT retention is further confirmed by the HRTEM studies on the samples sintered at 1950°C. As seen
from Figure 11, CNTs are observed in the sintered sample. To a certain extent, the CNTs appear to be
damaged due to the nature of the SPS process. However, the damage seems to be confined to the outer
walls, and the inner layers of CNTs appear to be intact.
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Figure 10: Raman Spectra of fractured surfaces of sintered samples
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Figure 11: HRTEM of Sample A-0.5%-1950

Hardness and Fracture Toughness by Vickers Indentation Method

The testing results, as illustrated in Figure 12 below, indicates that the AIN-3Y sample demonstrates
the highest Vickers Hardness value of 12.89 GPa, close to values reported in literature®. The Vickers
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hardness decreases with the increasing amount of CNTs in the matrix due to the porosity induced by
the CNTs. Sample A-0.5% Co, which has about 7 wt% CNTs in the matrix, has a hardness of 10.69
GPa, while the sample with 16% CNTs has a 30% decrease in hardness when compared to the as-
received AIN-3Y sintered at the same temperature for the same time. Fracture toughness calculated
from the Vickers Indentations shows an increased value with the addition of CNTs in the matrix, as
expected. A transgranular mode of fracture (seen in CNT reinforced AIN samples Figure 7 and Figure
8) consumes more energy than intergranular mode (Figure 6) and generally leads to higher fracture
strength. The fracture toughness of A-1% Co sample increases approximately 1.25 times to that of the
as-received AIN-3Y sample. The flexural strength of the base sample (AIN-3Y) is ~411 MPa higher
than those obtained by Yijun et al. 35 The flexural strength of the sample obtained from the three-point
bending test shows an interesting trend, with the flexural strength increasing by 25% with 7-wt%
CNTs samples, and then reducing by 10% with 16-wt% CNTs samples, when compared to the as-
received AIN-3Y samples. This can be attributed to the presence of too many CNTs in the matrix (16%
wt), which weakens the composite. This trend is also clearly reflected in the density measurement of
the samples where the sample AIN - 1% Co attains only approximately 85% theoretical density.

Figure 12: Vickers hardness, fracture toughness and flexural strength of samples

Thermal Conductivity Measurement

As the results in Figure 13 show, the thermal conductivity of the composite increases with the addition
of CNTs in the matrix. Previous studies have shown that AIN ceramics are very sensitive to porosity**
33 However, in this study, the results show that the thermal conductivity increases substantially even
with an increase in the amount of CNT, which may lead to more porosity in the matrix. The thermal
conductivity at room temperature for A-1% Co is more than 2.5 times that of the as-received AIN-3Y.
The sample A-0.5% Co also shows a 1.75-fold increase over the as-received sample.
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Figure 13: Thermal conductivity of samples measured

The thermal conductivity enhancement in CNT-ceramic composites fabricated by in-situ
growth of CNTs can be attributed to thermal interface resistance®®, the reduced tube to tube
interaction®%, and phonon scattering“'“. Large interface thermal resistance can limit the heat
transport in the CNT composites. The reported interface resistance across the CNT-matrix in both
polymer and ceramic mairix is about 8.3x 10 m*K/W** %, Nan et al.®® reported that, due to their small
diameters, SWNTs can induce lower thermal conductivity enhancement in the nanotube composites
than the MWNTs. Theoretical calculations’® predict that, when this interface thermal resistance is
higher than 10® m’K/W, the enhancement in thermal conductivity is insensitive to high thermal
conductivity; therefore, it can be assumed that SWNTs (thermal conductivity ~6600 W/mK(’z) will not
induce greater enhancement in thermal conductivity of the composites than MWNTs (Thermal
Conductivity for MWNTs is reported in a range from 200 to 3000 W/mK®%.). Tube to tube
interaction plays an important role in enhancing the thermat conductivity of the composite. Research®
has shown that bundles and ropes of SWNT and MWNTSs show a decrease in thermal conductivity by
one or two magnitudes®® when compared with individual SWNTs or MWNTS.

Ex-situ mixing usually results in bundles or ropes of CNTs in the matrix, and, therefore, the
resulting inter-tube phonon scattering can affect thermal conductivity of the composite as a whole.
Since phonon transport dominates the thermal conductivity for SWNT and MWNT at all temperatures,
the enhancement in thermal conductivity of the composites would be dependent predominantly on the
phonon transport along the nanotubes. Intertube phonon transport will also degrade the longitudinal
thermal conductivity of the nanotubes®’. In our work, most of the MWNTs are single tubes; therefore,
the heat loss due to thermal diffusion between the individual tubes is reduced when compared to
bundles of one or more nanotubes as seen in ex-situ mixing.
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CONCLUSIONS

1.

In this research, multi-walled carbon nanotubes have been directly grown in-situ on Aluminum
Nitride powders. The grown MWNTSs have been characterized using FEGSEM, and the yield with
different catalyst ratios has been analyzed using the TGA. The Aluminum Nitride powders with the
in-situ grown nanotubes were then sintered using spark plasma sintering. The sintered samples
were analyzed for mechanical and thermal properties. This study shows that using the in-situ CVD
technique can result in a uniform distribution of CNTs in the ceramic matrix. Our studies also
demonstrate that CNTs can be retained after the SPS process.

The mechanical testing shows an increase in flexural strength and in thermal conductivity of the
composite fabricated from Aluminum Nitride-CNT powders when compared to base AIN-3Y
samples. The AIN-CNT with 16 wt% CNT composites can have up to 2.5 times increase in thermal
conductivity when compared with the pure AIN ceramic. The optimum properties are obtained with
0.5% catalyst, which results in approximately 7 wt% CNTs in the ceramic matrix. This sample A-
0.5% Co shows an enhancement of the thermal conductivity, the flexural strength and the fracture
toughness with no appreciable decrease in hardness.

The method developed in this research proves to be able to distribute CNT much more uniformly
compared to the conventional ex-situ mixing method and can be extend to mass production for
commercial applications.

In addition to the strengthening effect, through this study, it is observed that CNTs can also
minimize the grain growth in the AIN-CNT composites. This important feature clearly indicates
that CNT plays triple roles in the CNT-ceramic nanocomposites: (1) strengthening effect, (2)
enhancing the thermal conductivity and (3) inhibition of grain growth. More benefits of CNTs
composites are to be explored.

Average grain size of the sintered composites showed an inverse relation with the CNT content,
which can be used to tailor the composite according to application needs.
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ABSTRACT

C/C-SiC composites plates were directly exposed with an oxyacetylene gas welding flame to
understand the effect of temperature (>1000°C) in open atmosphere. Duration of exposure time was
increased to measure the weight loss and performance of composites. SEM and TG analysis were
performed to see the microstructural behavior of C/C-SiC composites after the exposure of
oxyacetylene gas flame in open atmosphere. The results show that the weight loss increases with
increase of exposure time clearly indicating that the excess amount of carbon is oxidized to form
carbon mono-oxide. The matrix materials undergo pyrolysis reactions within short periods of time
generating volatiles and leaving behind a porous skeleton of carbon fibres. Scanning Electron
Microscopy (SEM) fractograph of fractured samples indicates that fibres debonded, broken and pull
out due to increase of applied load, because, excess amount of matrix oxidized with the effect of high

temperature.

1. INTRODUCTION:

Ceramic matrix composites (CMC) are interesting materials for an increasing number of
applications in aerospace industry as well as in civil engineering. This class of materials offers high
strength to density ratios. Also, their higher temperature capability over conventional supperalloys
may allow for components that require little or no cooling. This benefit can lead to simpler
component design and weight savings. These materials can also contribute to increase in operating
efficiency due to high operating temperatures being achieved. The wide range of applications for
CMCs includes combustor linners, turbomachinery, aircraft brakes, nozzles and thrusters.

When evaluating CMCs for potential use in high temperature structural applications, the basic

characterization of the material obtained from mechanical and environmental testing is important in
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understanding the fundamental properties of the materials. These types of tests however may not be
able to provide enough information on how the material will perform at its applications. This is
especially true, when many variables may include such as high temperature, mechanical and
thermal stresses, flowing gases, reactive environments, high chamber pressure and material
reactivity [1-4].

To meet the above criterion, C/C-SiC composites is one of the key materials, which can
manufactured by liquid silicon infiltration (LSI) process, where porous carbon/carbon preforms are
infiltrated with melted silicon to form silicon carbide. This process leads to damage-tolerant
ceramics that have significantly lower component fabrication time and, therefore, reduced
component costs compared to other CMCs manufacturing processes. Not only their properties of
the reinforcement and the matrix but also the interfacial properties between them determine
mechanical properties of composites. Especially, the interfacial shear strength is very important for
the strength of brittle matrix composites such as C/C composite, and it is changed drastically by
heat treatment [5-6]. However, their oxidation in oxidizing environment above 673 K limits their
applications in high temperature. For the good quality of the fibre-matrix interface and constituent
properties, microstructure is a key factor in determining engineering properties in this class of
materials. Microstructural characteristics such as cracking, weight loss and porosity are found to
correlate to properties such as tensile strength, flexural strength and elastic modulus [7]. The use of
fractography in failure analysis is well established. It is often the case that fractographic evidence is
crucial in correctly identifying the sequence of events in a failure, and in proving, beyond
reasonable doubt, a particular scenario to be the most feasible. This applies equally to many cases
involving polymers or ceramics, as well as to metals.

Despite the attractiveness of fiber- reinforced composites as engineering components, they are not
currently being applied to the extent that they could be. Even when they have been employed,
relatively low stress applications and large safety factors were usually considered. The main reason
is the difficulty and uncertainty that exist in determining their failure strength, fracture toughness,
operating lifetime in severe conditions because the nature of the deformation and failure behavior
of the composites were very complicated [9-10].

This paper examined the fracture morphology and effect of temperature on C/C-SiC composites
with the help of SEM and TGA methods. Also develop the understanding of oxidation effect on

fibre and matrix interfaces.
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Experimentation:

Material:

Carbon- carbon fibre reinforced silicon carbide (C/C-SiC) is a candidate material to be used in
industrial applications. C/C SiC was obtained from MPA, Stuttgart, Germany. DLR, Stuttgart,
Germany has developed C/C-SiC composites by LSI method, which is tough when the fibre matrix
bonding is properly optimized through a thin layer of an interfacial material referred to as the

interphase.

1.2. SEM analysis:

The microstructure of fractured sample was observed by a scanning electron microscope (SEM).
The surface of fractured specimen to be examined is scanned with an electron beam, and then
reflected beam of electron is collected, and then displayed at the same scanning rate on a cathode
ray tube. The image on the screen, which may be photographed, represents the surface features of
the specimen. The surface may or may not be polished and etched but it must be electrical
conductive, a very thin metallic surface coating must be applied to non conductive materials.
Microscopy examination is a useful tool in the characteristic of materials. This will become
apparent in subsequent chapters that correlate the microstructure with various characteristics and
properties. Microstructure examination also used to determine the mode of mechanical fracture, to
predict the oxidation effect on mechanical property.

TG Analysis:

Perkin-Elmer Pyris Diamond TG/DTA investigates the thermal stability of C/C-SiC composites in
the presence of nitrogen gas by heating the samples at the rate 750 K/min. The weight loss of

oxidized C/C-SiC composite specimens was recorded with the variation of oxidation time.

2. RESULTS AND DISCUSSION

When material is exposed to oxy-acetylene gas torch it could degrade because of oxidation.
Oxygen could attack the fibres especially in the vicinity of cracks or porosity. A chemical reaction
could also occur in the matrix if non-reacted Si from the infiltration process is available. The lower
viscosity of the SiO; at high temperatures could result in a shelf healing of micro cracks.

The microstructure indicates severe reaction between carbon fibre and molten silicon, which
indicates that the microcracks appear more, pronounced as can be seen in Fig.1. This increase in

defects is due to the morphological change in the sample. After oxidation carbon degraded in the

Advanced Processing and Manufacturing Technologies for Structural and Multifunctional Materials It - 207



Microstructural Characterization of C/C-SiC Composites after Oxidation with Oxyacetylene

form of carbon-di-oxide and carbon-mono-oxide (C+O; —CO,1, 2C+0,; —2CO01) and Si reduce in
the form of silicon oxide (Si+O,— SiO»).

Thermal conductivity is a key property in many applications of C/C-SiC composites. Generally
these are relatively good conductors of heat but their conductivity depends upon the crystallinity of
their constituents. And due to change in the proportion of oxygen, carbon and silicon, the
conductivity becomes also changed. Also, morphological observation appears that the mode of
fracture surface was appeared under different loading conditions and matrix portion failed like
brittle pattern as shown in Fig. 2(a). The SEM at higher magnification observed that the fibre
debonded, pull-out and broken from different stages. The deformation of fibres, matrix and the
distribution of constituent particle were quite different on microscopic scale due to the fracture.
Fig. 2 (b & c) shows that the cleavage fractured appear due to deformation of carbon matrix at
higher temperature. However, carbon matrix was fully oxidized and shrinkage was appeared

around the fibre as can be seen in Fig. 2(d).

Fig.1. SEM fractograph of C/C-SiC composites (X 20 pm)
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Fig.2. SEM micrographs of C/C-SiC oxidized at 800°C for 10 min under tensile
showing showing (a) delamination of fibres (X 60 pm) (b) broken fibre bundles (X 20 um) (c)
shear deformation of matrix along with reach area of SiC (X 10 pm) and (d) shrinkage/brittle

fracture of SiC matrix around the fibres (X 10 um).

3.2. TGA analysis

Before the effect of a constant load on C/C-SiC composites is evaluated, it is beneficial to have
an understanding of how the material and its fibre constituent behave in unstressed, high
temperature oxidizing conditions. The present weight loss of oxidized C/C-SiC composite
versus oxidation time is shown in Fig. 3. Isothermal TGA oxidation tests was conducted to
investigate the influence of temperature effect on the overall weight losses. Constant reaction
rates are seen for oxidation time ranging from 0 to 150 minutes. Faster reaction rates and less of
temperature dependence are observed at oxidation time ranging from 150 to 400 min.

As the fibre and matrix expand to their original length at the processing temperature, residual
thermal stresses are relieved and the pre-existing microcracks become more pronounced and

pitch off the supply of oxygen to the fibres. The second factor is due to the formation of silica
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as oxygen reacts with silicon carbide. The oxide is in the form of a scale and can cover the

surface of the composite and also full in microcracks.

Weight loss (%)
o B8 & 8

0 20 400 600 800
Cuddation time (rin)

Fig. 3. Variation of weight loss versus oxidation time of oxidized C/C-SiC

After all cracks are closed the C/C-SiC substrate is completely protected against oxygen ingress,
so no further mass losses occur. On the other hand, oxygen can reach the SiC layer only through
cracks in the cordierite layer. Oxidation of SiC is thus limited and, as cordierite is chemically stable
in oxidative atmospheres like most oxides, mass gains cannot be observed. At high temperature no
oxidation of SiC occurs so that coating cracks are not sealed. Oxygen can thus enter the C/C-SiC

substrate and lead to the observed high oxidation rates of carbon at high temperature.

4. REMARKS
Based on the morphological and TG observations, the results clearly indicate that weight loss of
C/C-SiC composite is increased, which increase the debonding the fibre, fibre pullout and

shrinkage of SiC matrix around the fibre as well as marix rich area.
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ABSTRACT

The overall success of the low-pressure injection moulding (LPIM) of ceramics relies
primarily on the properties of the ceramic-powder paraffin-wax suspension. It is desirable that
the suspension contains a high loading of homogeneously dispersed particles in a liquid
carrier to ensure suitable moulding characteristics.

These suspensions are weakly flocculated because the surfactant, which is usually
stearic acid, is insufficient to provide true stabilization, but is only effective in reducing the
van der Waals attraction. When the overall interaction potential in the suspension is attractive,
there is a certain volume fraction of solids whereby a continuous network is formed and a
certain shear stress is needed to overcome the interparticle forces in order to induce flow and
affect the flow characteristics of these suspensions. The suspensions used in LPIM are all well
above this critical volume where a network of attractive particles is formed. This shows that
the attractive interparticle interactions play a crucial role in obtaining as high as possible
solids loading and the appropriate rheological characteristics of the paraffin-wax suspensions.

In this study we focus on the attractive interparticle interactions that occur in the
alumina-powder, paraffin-wax suspensions and their effect on the rheological properties. The
effects of the particle size of the powders and the solids loading on the rheological properties
of paraffin-wax suspensions are presented.

INTRODUCTION

Low-pressure injection moulding (LPIM) is a cost-effective, near-net-shape method
for producing complex-shaped ceramic components."™ In this process, suspensions of a
ceramic powder and paraffin wax are used to form green ceramic parts. These suspensions
must have a low viscosity at the moulding temperature (65-70C), at which they are injected
into a cold, metallic model, where the suspension cools below its melting temperature and
retains the shape of the model.

The success of the low-pressure injection moulding of ceramics relies primarily on the
properties of the ceramic-powder paraffin-wax suspension. It is desirable that the suspension
contains a high loading of homogeneously dispersed particles in a liquid carrier to ensure
suitable moulding characteristics.*>® The appropriate addition of surfactants is, therefore, one
of the most important requirements that significantly enhances the dispersion of the powder in
the medium, which in turn results in an enhanced powder loading at a reasonably low
viscosity. Fatty acids are the most widely used surfactants; they are introduced to disperse
suspensions of alumina and paraffin wax.” Stearic acid is considered to be one of the most
appropriate candidates due to its carboxylic functional-group anchoring at the powder surface
and a carbon chain containing 18 carbon atoms dissolving into the binder matrix.® However,
Johnson et al.’ and Liu'® have indicated that the use of small molecules such as stearic acid
(the length of stearic acid is ~ 2.4 nm) does not provide true stabilization. According to this
work, stearic acid is effective only in reducing the van der Waals attraction and/or the short-
range forces, but it is not capable of creating a repulsive potential between the particles, and
the resultant interparticle potential is attractive and the suspensions are weakly flocculated.

* Corresponding author. E-mail: ales.dakskobler@ijs.si
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When the overall interaction potential in the suspension is attractive, there is a certain
volume fraction of solids above which a continuous network is formed and a certain shear
stress is needed to overcome the interparticie forces in order to induce flow. This shear stress
or yield stress has been shown by many studies to be dependent on the interparticle forces, the
volume fraction of solid, the particle size, and the particle size distribution'®!"12,
Furthermore, all these parameters also affect the flow behaviour of these suspensions after the
yield stress of the suspensions is exceeded. The yield stress also plays an important role in the
mould-cavity filling step. The flow behaviour of these suspensions as determined with flow-
curve measurements can usually be described as pseudoplastic flow. '

In the present study the effect of the particle size of the powders and the solids loading
on the rheological properties of paraffin-wax suspensions are presented. As a model system
we used three alumina powders with different granulations, and a paraffin wax, which has a
liquid/solid phase transition at around 60€. This wax was used for the preparation of
suspensions that contained from 50 to 60 vol.% of powder.

EXPERIMENTAL WORK

Three alumina powders were used in this work: a submicron-sized alumina powder
A16 SG (Alcoa, USA) and two micron-sized alumina powders CT 1200 SG and CT 800
(Martinswerk, Germany). The particle size for these three powders is given in Table 1.

Table 1: Particle sizes of the aluminas used for the preparation of suspensions

Particle size (um)
dig dso doo
Al6 SG 0.34 0.72 2.01
CT1200 SG 0.75 1.19 2.40
CT800 SG 1.27 3.28 6.50

The powder suspensions were prepared using INA 58/62 paraffin wax (INA, Croatia)
with a melting point in the temperature range 60+2€ as a liquid medium and stearic acid
(Carlo Erba, Italy) as a surface-active agent. In the preparation of the slurry the alumina
powder was dried at 140C for 4 h before compounding with a molten mixture of paraffin
wax and stearic acid. After compounding, the suspensions were homogenized at 80€ using a
water-heated three-roller mill (Exact, Germany). Three passes through the gap between the
rollers was sufficient for the preparation of homogeneous suspensions, as was experimentally
determined in our Iaboratory.”

For each alumina powder the amount of stearic acid needed for the preparation of the
suspensions was calculated per surface area of the particulate alumina powder. A total of 0.5
mg of stearic acid ?er square meter of the surface of the powder was used for the preparation
of the suspensions'”. The volume fractions of solids in the suspensions were 50, 55 and 60
vol.%, respectively.

After the preparation of the paraffin-wax suspensions the rheological properties were
measured. The rheological properties were analysed with a MCR 301 rheometer (Anton Paar,
Austria) using a cone-and-plate geometry and a PK-25-1 sensor system at 70€. In order to
determine the flow curves of these suspensions, a shear-rate range from 0.1 to 100 s was
selected. To determine the yield stress of the paraffin-wax suspensions, controlled shear-stress
measurements were performed in the shear-stress range from 1 to 30000 Pa.
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RESULTS AND DISCUSSION

In Fig. 1 the flow curve for the 60 vol.% A16 alumina, paraffin-wax suspension is
presented. The suspension exhibits pseudoplastic behaviour, characteristic for such
suspensions. The viscosity of this suspension is 5.7 Pas at a shear rate of 100 s™'. As pointed
out in the introduction, these suspensions are weakly flocculated due to the insufficient
thickness of the stearic barrier provided by the adsorbed stearic acid. Consequently, at rest the
particles lie in a secondary minimum because of the attractive interparticle interaction. To
overcome these attractive interactions a certain shear stress — yield stress is needed to
overcome the interparticle forces in order to induce flow. The measured yield stress for the 60
vol.% Al6 alumina, paraffin-wax suspension was 185 Pa (Fig. 2). According to our
experience with the preparation and use of such suspensions, the presented rheological
properties of the suspension make possible the successful moulding of specimens. However,
these rheological properties are the upper limit for successful shaping using LPIM.
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Fig. 1: Flow curve for 60 vol.% alumina, | Fig. 2: Yield stress measurement of 60 vol.%
paraffin-wax suspension at 70€. alumina, paraffin-wax suspension at 70€.
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Fig. 3: Dependence of flow-curves on the Fig. 4.: Dependence of the yield stress on the
solids loading of the prepared A16 alumina, | Solids loading of the prepared Al6 alumina,
paraffin-wax suspensions at 70€. paraffin-wax suspensions at 70C.
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The rheological properties of alumina, paraffin-wax suspensions can be tailored either
by changing the solids loading or by using aluminas with different particle sizes. In Fig. 3 the
flow curves are presented, and in Fig. 4 are the yield-stress measurements for A16 alumina
suspensions with 50, 55 and 60 vol.% of solids loading. With an increased solids loading the
viscosity is increased across the whole range of shear rates (Fig. 3). This is also true for the
yield stress, which is increased with a higher solids loading, and is 98 Pa for 50 vol.%, 142 Pa
for 55 vol.% and 185 Pa for 60 vol.% of A16 alumina powder in the paraffin-wax suspension.

The influence of particle size on the flow curves and yield stress of alumina — paraffin-
wax suspensions containing 60 vol.% of alumina A16 (dsy= 0.7 um), alumina CT 1200 (dsp=
1.2 pm) and alumina CT 800(ds¢= 3.2 um), are presented in Fig. 4 and Fig. 5. Fig. 4 presents
the flow curves, from which it can be concluded that with a decreased particle size the
viscosity is higher across the whole shear-rate range investigated. This is also true for the
yield stress, which increases with the decreased particle size of the powders used, and is 3.2
Pa for alumina CT 800, 20 Pa for alumina CT 1200 and 185 Pa for alumina A16 powder in
the paraffin-wax suspension.
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r . , , . - 10°4 : S— .
0 20 40 60 80 100 10° 10’ 100 10
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Fig. 5: Dependence of flow-curves on the Fig. 6: Dependence of the yield stress on the
particle size of the prepared 60 vol.% alumina, particle size of the prf.:pared 60 vol.% alumina,
paraffin-wax suspensions at 70€. paraffin-wax suspensions at 70€.

The results presented in Figs. 4 and 5 also show that the rheological properties of the
alumina, paraffin-wax suspensions to be used for shaping with the LPIM process are more
dependent on the particle size of the powders used than on the solids loading. Nevertheless,
the differences in the flow curves are not as pronounced as the differences in the measured
yield stress, where the values measured for different suspensions differ by almost two orders
of magnitude. Here again, the solids loading has a much smaller effect on the yield stress than
the particle size.

In order to explain the observed dependence of yield stress on the particle size and
solids loading, two explanations will be given. In the first approximation, dependence of yield
stress on the particle size and solids loading can be related to the number of particles in the
suspension. Fig. 7 shows the estimated dependence of the number of particles in the
suspension volume unit on solids loading (for easier calculations as particles 0.7 um spheres
were used). Number of particles in volume unit of the suspension is linearly increasing with
increased solids loading. The change in the number of particles in the range of prepared
suspensions solids loading from 50 (2700 particies) to 60 vol.% (3400 particles) is in the same
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range as the change in the yield stress measured for 50 and 60 vol.%, which were 98 Pa and
185 Pa, respectively. In both cases the change was less than 100%.
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Fig. 7: Dependence of the number of particles per 1 mm® on the solids loading of the
suspension. (Number of spheres with a diameter of 0.7 mm per 1 mm’. Range of interest is
marked with ellipse.)

In a similar way, the effect of the particle size on the yield stress was illustrated. The
number of particles was calculated as a number of spheres with the diameter from 0.1 to 5
pum, which have equal volume to the volume of 5 pm sphere. In the range of interest, the yield
stress changed from 3.2 Pa for 60 vol.% alumina CT800 — paraffin-wax suspension to 185 Pa
for 60 vol.% alumina A16 — paraffin-wax suspension (see Fig. 6) and the number of particles
changed from 3.8 for 3.28 um sized sphere to 364 for 0.7 pum sized sphere. In both cases the
change by two orders of magnitude was determined.
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Fig. 8: Dependence of the number of particles with diameter from 0.1 to 5 um occupying the
volume of a 5-pm sphere. (Range of interest is marked with ellipse.)

In spite of the relatively good agreement for the presented explanation, it is necessary
to consider the yield-stress dependence from the point of view of the attractive interparticle
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interactions, which are the reason for the formation of the attractive interparticle network in
the suspensions. The yield stress is a measure of the strength of the formed interparticle
network, which is directly related to the van der Waals forces acting between the particles.
Understanding the dependence of the magnitude of the van der Waals forces on the particle
size acting between the particles and the effect of the number of interparticle interactions on
the yield stress will give a more reasonable explanation.

In order to determine the magnitude of the van der Waals forces, the following equation was
used to calculate the force between the particles'®:

AR

F 12D° M
with A being the Hamaker constant, R the radius of the particles and D the separation between
the particles. To make the calculations easier, the size of the particles was chosen such that all
the particles are spheres with a diameter equal to dso of the used powders. The value of the
Hamaker constant for a-alumina in paraffin wax was taken as 3.6%10°° J, as proposed by
Boergstrin et al ', In Fig. 9 the calculated (equation 1) dependences of the interparticle
interactions of the separation between the spheres of diameter 0.7 um, 1.19 um and 3.28 pm
are presented.
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Fig. 9: Calculated dependence of the van der Waals interactions between the particles for the
separation between the spheres of diameter 0.7, um 1.19 um and 3.28 um: a) range from 0.1
to 5.5 nm and b) range from 2 to 5.5 nm.

If the measured values of the yield stress for the alumina, paraffin-wax suspensions are
compared with the calculated values of the interparticle (van der Waals) interactions, large
differences are observed. Assuming the equilibrium interparticle distance in the suspension is
4 nm (length of stearic acid molecule is ~ 2.4 nm), the measured value for alumina A16 is
0.28 of the calculated value, but the values for the alumina CT1200 and the alumina CT800
are only 0.05 and 0.02 of the calculated values, respectively. These results are shown in Fig.
10, where the drastic change of the ratio of the measured/calculated values (RMC) is shown.
Suspensions exhibiting low values of the presented ratio enable the preparation of suspensions
with an almost predicted maximum solids loading for monodispersed powders'®, with
properties suitable for shaping with the LPIM process. Contrary, A16 alumina suspensions
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with suitable properties for LPIM can be prepared with up to 60 vol.% of A16 alumina, which
is considerably lower than is the predicted maximum solids packing for monodispersed
powders.
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Fig. 10: Dependence of the ratio between the measured yield stress and calculated
interparticle interaction (RMC) on the particle size.

Furthermore, these results showed that for the preparation of the alumina — paraffin-
wax suspensions, the attractive interparticle interactions must be taken into account. For large
particles the attractive interparticle interactions can be neglected, while for smaller particles
(<1 um) these interactions determine the rheological properties, and with decreasing particle
size they become more important. This results in a lowering of the solids loading of the
suspensions with a decreased size of the particles used. The major reason for decreased solids
loadings are the attractive interparticle interactions between the sub-micrometer particles in
the alumina — paraffin-wax suspensions.

The 60 vol.% alumina A16 — paraffin-wax suspension can be successfully shaped by
LPIM. According to the results presented, the suspensions prepared with a size of alumina
particles smaller than alumina A16 must contain a lower solids loading than A16 alumina
suspensions to make the shaping by LPIM possible. This is mainly due to the more
pronounced attractive interparticle interactions in the suspension, while the contribution of the
effective particle volume (@) on the solids loading in the observed particles size range from
0.3 to 4 um is very small.

CONCLUSIONS

The flow-curve measurements of the suspensions containing alumina particles in
molten paraffin-wax reveal the pseudoplastic behaviour, which is more pronounced for the
suspensions prepared with a smaller particle size and a higher solids loading.

The yield stress of the alumina, paraffin-wax suspensions was measured. The origin of
this yield stress is the “small” attractive interaction between the particles and the formation of
the attractive particle network in the suspension at rest. The yield stress of the suspensions
increased with a decrease in the particle size, and an increased solids content used for the
preparation of the paraffin-wax suspensions.

The only parameter that was changed during this study was the number of particles per
volume unit and, consequently, the number of attractive interparticle interactions in the
suspensions per unit volume. The results showed that during the preparation of the alumina,
paraffin-wax suspensions the attractive interparticle interactions must be taken into account.
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For large particles the attractive interparticle interactions can be easily neglected, but
for smaller particles (<1 um) these interactions determine the rheological properties, and with
decreasing particle size they become more important. With a decreasing size of the particles
used the solids loading of the suspensions is lowered. The major reason for the decreased
solids loadings are the attractive interparticle interactions.
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PREPARATION OF HIGHLY CONCENTRATED NANOSIZED ALUMINA SUSPENSIONS
FOR SPRAY-DRYING

S. Cottrino, J. Adrien and Y. Jorand
MATEIS Laboratory of INSA Lyon
Villeurbanne, France

ABSTRACT

As it is of major importance to use highly concentrated slurries in spray-drying processes,
procedures to obtain nano-alumina suspensions have been investigated : determination of
suspending medium pH, dispersant characteristics and ratio, and optimization of dispersion
procedure.

The rheological behavior of the slurries was characterized following various dispersant
additions and ultrasonic treatments. Spray-drying was conducted in a 20 kHz ultrasonic atomizer
giving a typical granule size of 80 pm. The resulting granules were evaluated in terms of
flowability, morphology and microstructure using classical normalized tests, mercury intrusion
porosimetry and tomography observations. Slurry viscosities were found to fit the Casson law and
can be described using two parameters, the yield stress (t,) and viscosity limit (n,). Nanosized
suspension rheology was dependant on the dispersant molecular weight. After ultrasonic treatments,
a quasi-Newtonian behavior was observed with low molecular weight dispersants. Finally,
suspension with volume fraction as high as 45 vol. % were obtained. The spray drying experiments
showed that it is possible to obtain near solid granule morphology with well dispersed suspensions,
i.e. with a quasi Newtonian behavior, but combined with high solids contents.

This work confirmed that the average molecular weight of the dispersant used in nanosized
particle dispersion is of primary importance. Moreover, it has been shown that the efficiency of
ultrasonic de-agglomeration treatments is strongly dependent on the average molecular weight of
the dispersant.

INTRODUCTION

Nanostructured materials are likely to provide enhanced properties, especially from a
mechanical point of view. However, the major difficulty in ceramic fabrication is to produce fully
dense parts while maintaining nanoscaled grains. Dry pressing is a widely used shaping method for
ceramic parts, the advantages being a low production cost and a high productivity. The main
disadvanta%e is that it is more prone to induce large defects in green parts than wet forming
techniques'”. This is an important parameter in the production of structural parts, as it is well
established that sintering of fully dense bodies requires a grain size of the same order of scale as
that of the largest porosities’. Hence, the use of nanoparticles is beneficial only if one can produce
green bodies with a population of porosities as close as possible to the initial grain size. Given the
present state-of-the-art, it is obvious that this objective is still far from being achievable even for
microparticles.

As free flowing powders are less subjected to packing defect development, fine powders
granulated by spray-drying is an established granulation technique in the ceramic industry. For this
reason, promotion of the use of nanopowders in ceramic requires the development of specific spray-
drying methods. In order to avoid the presence of large pores in compact microstructure, it is of
benefit to consider which granule characteristics are optimum. The ideal granule should be spherical
with a diameter of about 80-100 pm to ensure high flowability*. It should also have a solid
morphology and a mechanical behavior such that the inter-granule porosities are resorbed. The two
former stages have been extensively studied by Walker et al.>® for a micronic alumina powder.
Spray-drying of low yield stress slurries, i.e. those which are well deflocculated, produces hollow
granules (figure 1). During the first stage of droplet drying, an outer dry rigid shell is formed. Then,
as final drying proceeds, no further shrinkage is possible and particles thicken the granule wall
leaving an internal void. The major conclusion of their study is that a de-optimization of the slurries
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is needed. Hence, the high slurry yield stress hinders particles dragging by water during drying and
solid granules are obtained. This corresponds to a transition from a slightly flocculated state, with
small flocs units, to a continuous floc network resulting from the increase of solid content. The use
of de-optimized slurries avoids the occurrence of a range of defects due to the resulting large inner
granule voids. However, a reduction of the primary particle compacity is obtained, i.e. the inter-
particle porosities are larger than the primary particles diameters. As mentioned previously in this
introduction such green microstructure is not adapted to fine microstructure development.

Figure 1 : Typical hollow grnmlll;

The objective of this paper is to investigate formulations of alumina nano-powder slurry that
could produce solid granules and a high primary particle packing densities. The preferred solution
to reach this objective is very high solid content deflocculated suspensions route. Hence the main
results for high solid ratio slurries realization, are presented in the following.

The dispersion viscosity increases dramatically with solid loading as it approaches a
maximum at which flow is blocked. This volume fraction limit depends on the dispersion system
considered’. Many parameters may affect this value, but for a given system the dispersion state is of
a major importance. A well dispersed system can yield a loading limit as high as 60 vol %
compared to approximately a few ten percents for the same coagulated system. On the other hand, it
is known that stable nano-powder dispersions are much more difficult to obtain than micronic ones :
for a same loading ratio the separation distance between particles decreases with the particle
diameter®, Hence, nano-dispersions require the combination of “electrostatic” and "steric" repulsion
mechanisms.

The apparent charge density on the surface of oxide particles varies with the pH. At low pH,
positive sites are prominent whereas at high pH surfaces are negatively charged. At the zero point
charge (zpc), the surface is neutral, the number of positive sites equals the number of negative sites.
For gamma alumina, the zpc has been measured near pH 9.8°.

PAA and PMAA are widely used for alumina slurry stabilization. Recent studies™' have
shown that these polyelectrolytes, which combine the two dispersion mechanisms, are efficient to
stabilize alumina nanopowders. The following brief discussion pertains to the way of adsorption of
polyelectrolytes.

The structure of polyelectrolytes has many carboxylic acid sites (functional groups) and the
fraction of functional groups dissociated varies with solvent conditions (pH, ionic strength...). The
dissociation and the negative charge characteristics of the polymer increase with pH. For PAA in
water, a nearly full dissociation is reached at pH 11 '°. On the other hand, it has been shown that
adsorption ratio of PAA on alumina surfaces (either alpha or gamma forms) at pH 3 is
approximately twice as large as that at pH 11*'®'"'?  This leads to a "pancake” type adsorbed layer
at low pH and a "brush-like" conformation at high pH. The former configuration is reported to have
the strongest steric dispersion effect [Bowen]. Similar observations were reported by Cesarano et
al.'? with PMAA in alpha alumina-water system. These results lead to the conclusion that in order
to stabilize alumina dispersions, a compromise is necessary between the polymer adsorption
concentration and the conformation on the nano-particle surface. In conclusion, the most efficient
pH dispersion range is between 6 to 9°'",

In nano-suspensions a major limitation of maximum solids content arises from the excluded
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volume that is formed around particles by the polymeric dispersant. This questions on the most
suited chain length for steric dispersants. A part of the answer is given by the study of Studart et al.
as they shown that the optimum for this adlayer thickness is close to 4 nm in nanoalumina
suspensions'?, It can be concluded that low molecular weight constitutes the best choice if brush-
like conformation are considered. Indeed, K. Lu and co-author obtained solid loadings as high as 45
vol. % with nanoalumina suspensions using PAA 1800. Nevertheless, in the case of pancake
conformations, higher Mw are likely to provide good results.

De-flocculation treatments are of first importance in slurry preparation, since they reduce or
suppress the flocs which are initially present, even if the system is optimized to ensure dispersion
stability. The flocs consist in very porous entities with entrapped water that can not be mobilized
during shearing. Their suppression permits a substantial increase of the solid content for a given
viscosity. Ultrasonic treatment is known to be an efficient method for suspension de-flocculation,
but the effects of this technique in ceramic processing are somewhat not well defined. Many authors
have reported a benefit of sonification even for very short durations and for various ceramic
dispersion systems: micrometric alumina'®, nanometric zirconia'®, $iC'®, and TiO2'". Among these
investigations, it has been observed that either high power input or long treatment time induce
slurry re-flocculation'*'*'®, In these papers, the preferred explanation for this phenomenon is that
the dispersant chains are damaged by the ultrasound application, which means that this detrimental
effect is more pronounced when the chains are long. Nevertheless, the combined influence of PAA
Mw and sonification has been studied by Sato et al. and it appears that sonificated suspensions
provide better results, in terms of viscosity and agglomerate size, with PAA molecular length as
high as Mw 8000 compared to the 2000 usually employed.

In order to achieve a high loading ratio, we have first focused our study on the dispersion
condition optimization: pH, dispersant type (PAA or PMAA, chains length) and dispersant amount.
Experiments were then conducted in order to clarify ultrasound effects on polyelectrolyte
deflocculated nano-dispersion, especially in the case of high molecular weight dispersants.

EXPERIMENTAL PROCEDURE

Starting materials

The powder used in this study was a gamma alumina nanopowder (Nanotek) with a specific
surface area of around 35 m?%g and an average particle size of 47 nm. This nanopowder is
constituted of spherical particles which are favorable in obtaining low viscosity slurries (figure 2).
It can also be shown however that it is largely agglomerated.

Polyacrylic acid (PAA) with average molecular weight (M.) of 2,000 (Reactolab), 5,000
(Reactolab), 100,000 (Sigma-Aldrich) and polymethacrylic acid (PMAA, Darvan C-N) with mol.
wt. 15,000 were used as polymer dispersants.

Figure 2: Scanning electronic micrograph of Nanotek alumina.
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Preparation of suspensions

The dispersant (PAA or PMAA) was mixed with water and after 3 min of homogenization, the
pH was adjusted with NH4OH to the desired level. The powder was then added to this suspending
medium and stirred for 30 min, since Chen et al. have shown that adsorption process on alumina
surfaces is saturated after 20 min'®. Finally the standard protocol includes an ultrasonically
irradiation of 10 min with a 100 W output power and 80 % pulsed mode. Ultrasonification was
conducted in an ultrasonic flow reactor (Sonitube, Sodeva) operating at 35 kHz with a flow rate of
16 liter per hour. This apparatus has two main advantages, it allows a continuous process and the
acoustic field is rather uniform for a given cross section of the treatment tube. In comparison to an
immersed probe, a more homogeneous treatment is expected. Rheological characterization of the
slurries was carried out with a co-axial rheometer (Haake VT 510). For each suspension, the yield
stress extrapolated on the basis of a Casson model and the apparent viscosity at shear rate of 100 5™
were selected. To avoid any error linked to the slurry’s treatments, solid loading was then measured
with a halogen moisture analyzer (Mettler Toledo HR83).

Spray drying and granules characterization

Slurries were granulated with a 20 kHz ultrasonic spray-dryer, with inlet and outlet
temperatures maintained respectively at 160°C + 5°C and 80°C. This kind of atomizer presents the
advantage to produce low velocity spray, of around 0.2-0.4 m/s in comparison with the 10 to 20
m/s droplet velocity of conventional two fluid nozzles. Long residence times and representative
granule sizes of 80 um are therefore achievable even with a laboratory spray-drier. Moreover,
droplets with high sphericity and uniform size distribution are achieved'®,

Each atomization batch was characterized by measuring granule size distribution with a
laser granulometer equipped with a dry powder feeder (Malvern, Mastern sizer 2000, Sirocco
module). Flowability, loose- and tapped-bulk density were obtained using ISO Standard protocols.

Granule bulk density and granule inter-particle pore size distribution were obtained by
mercury intrusion porosimetry (Micromeritics autopore I1 9400). Pore diameter D, was determined
from the instrument pressure P using the Washburn equation:

D,= - 41;);050

Using y = 485 mN/m for the surface tension of mercury and a wetting angle 8 = 140°, Figure 3
shows a typical bimodal pore size distribution for granulated materials. The intergranule porosity,
due to interstitial voids resulting from the packing of the granules, was not considered : it depends
not only on granule characteristics but also on cell filling conditions . The smaller pores range are
interstitial voids resulting from the packing of primary particles within granules.

Intergranule porosity

Chgnulative volume (miig}
oY o o =
2

Intragranule porosity ol sl
0,001 001 o1 1 10 100 1000
Curnulative diameter {jm)

Figure 3 : Typical mercury porosity curve
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Finally, in order to estimate the size of inner granule void and the percentage of these voids
compared to the apparent granule volume, X-ray computed tomography was used. This technique is
an alternative way to determine porosity, pore size and visualize the microstructure of an entire
granule with details comparable to the resolution of optical microscopy instruments in a non
destructive way. As a result, individual pores are visualized and the true internal morphology of
granules is revealed. X-ray tomography was performed using a v/tome/x X-ray microtomograph.
This commercial device includes a nanofocus transmission X-ray tube (W target). A small sample
of each granule batch was scanned with a resolution of 3um, with radiographs taken over 360°. The
tomograph was operated at 80 keV and 160 pA and typical acquisition time was about 30min. 3-D
images reconstruction and quantitative measurements were conducted using respectively
"Datos_rec" (Phoenix) and Image J (Wayne Rasband) softwares.

Prior to all the analyses, granules were conditioned in a dessiccator for at least one week at a
constant humidity of 5 %.

RESULTS AND DISCUSSION

Optimum pH determination

The behavior of Nanotek alumina powder without dispersant, was studied from pH 5.5 to
11.5 (figure 4). At pH 9, the viscosity reaches a maximum, correslgonding to slurry flocculation.
This result is in agreement with zeta potential data obtained by Azar”® et al. with Nanotek alumina,
the isoelectric point is reported at pH 9.

1000 70

# viscosity
® Stress

BOO

600

stress (Pa)

400

viscosity 100 s (mPa.s)

200

Figure 4: Behavior of powder without dispersant (12.5%vol)

On the basis of these results it can be concluded that the suspension pH must be lower than
7. Nevertheless the effects of dispersant additions must be considered : on the one hand, either PAA
and PMAA additions shift the zeta potential vs. pH curve towards low pH values; on the other hand,
as previously discussed, high pH values are beneficial in obtaining a high dissociation ratio and a
favorable "brush-like" conformation. Bowen et al.® have investigated dispersion of gamma alumina
with PAA additions up to pH 10. For pH 10, they reported an evolution of the zeta potential from -5
mV to about — 40 mV for additions of a few percent of PAA 2000 addition. As a consequence we
have considered the dispersion behavior of Nanotek alumina with PAA 2000 and Darvan C-N for
higher pH values. For comparison, similar experiments were conducted at pH 9, which is close to
the value usually retained for such systems™'"'2. These results presented in fig. 5, show that lower
viscosities are obtained with PAA 2000 and pH has only a little influence on its behavior. In
contrast, Darvan C-N is more sensitive to pH range, and as pointed out by Cesarano et. al the best
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results are obtained at pH 9. In the following experiments the dispersion pH will be kept at a value
of 9.
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Figure 5: Dependence of viscosity on dispersant amount for pH 9 and 11

Effect of dispersant molecular weight

In order to determine the effect of dispersant chain length on the rheological properties of
nano-dispersion, various PAA molecular weights were used and compared with PMAA. The
optimum amounts required to obtain the lowest viscosity were determined for each dispersant. The
results are presented in figure 6, where apparent viscosity is measured as a function of the
dispersant quantity (wt. % on alumina weight) for an alumina suspension with a solid content of 35
vol. % for low molecular weight (2000 and 5000) and 25.5 vol. % for high molecular weight (15
000 and 100 000). 35 vol. % suspensions were not achievable with the former dispersant.
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Dispersant amount (wt% of Al203)

Figure 6: Dependence of viscosity on dispersaut amount for several dispersant Mw

A large increase in suspension viscosity with the dispersant molecular weight was observed. In fact,
even with a decrease in solid content (35 to 25,5), a larger viscosity is obtained with large molecular
weight. Little viscosity evolution was reported by Cesarano et al for a similar PAA Mw range. This
can be ascribed to the much larger particle separation distance in a micro-dispersion in comparison
to that in a nano-dispersion, which impedes particle bridging by the large polymer chains. The
above results tend to indicate a reduction in the optimum dispersant amount with the dispersant
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molecular weight. Assuming the number of adsorption sites constant for a given dispersed powder,
the weight ratio at the optimum for two polyelectrolytes with different Mw should be in the
molecular weight ratio of the dispersant considered. This contrasts with our experimental results,
which indicates that the molecular chain of the dispersant evolves from a "brush”" type to a
"pancake" conformation as the dispersant Mw increases. In Figure 7 the same data are plotted as a
function of the mole number of added polymer, showing that the number of PAA 100,000 chain
adsorbed is more than two orders of magnitude less than that for the PAA 2,000.
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Figure 7: Dependence of viscosity on dispersant amount for several dispersant Mw

Effects of ultrasonic treatments

Figure 8 presents the effect of a 10 min ultrasonic treatment, labeled standard protocol in the
experimental procedure section of this papaer, on the apparent viscosity for suspensions dispersed
with PAA 2,000 or PMAA. Clearly, sonification reduces the agglomeration ratio and so the

rheological behavior. No effect on the dispersant optimum value can be detected, indicating that
sonification has no incidence on polymer adsorption.
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Figure 8: Effects of Ultrasound on dispersant behaviour
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Figure 9: Effects of ultrasound on viscosity as a function of dispersant molecular weight

The effect of sonification time was investigated on slurries elaborated with the optimum
dispersant ratio and high solid ratios (35 vol % for PAA 2,000 and PMAA; 25,5 vol. % with PAA
100,000). These results are presented in fig. 9. As reported by numerous authors, see for example
Chartier'® and Santa-Cruz'®, It has been observed that ultrasonic irradiation is a very efficient de-
agglomeration process since viscosity reduction is obtained in less than 2 to 3 min for PAA 2,000
slurries. For high molecular weight dispersants, a longer period of ultrasonic exposure is required to
reach a steady state: 20 min for PMAA and 40 min for PAA 100 000. Two assumptions are
considered to explain this variation in de-agglomeration kinetics. First, as the dispersing medium is
greatly affected by the addition of high molecular weight species, larger dissipation of the energy
provided by bubble implosions generated by ultrasonic wave may be considered. As a consequence,
the efficiency of the treatment is reduced and longer times are required. Secondly, as previously
mentioned, large polymer chains may create bridging between particles and/or flocs which are
difficult to break. This process, which proceeds probably by desorption, needs higher levels of
energy, therefore longer treatment times are required. Sato et al.'” have observed that the optimum
in PAA Mw is located between 8,000 and 15,000 for deflocculation efficiency when combined with
ultrasonic treatments of nano-TiO; dispersions. In contrast, nano-alumina dispersions offer best
results for low Mw, wether a sonification treatment is used or not.

Based on the above, the final protocol for slurry preparation was the following: the
suspending medium was maintained at pH 9, 1.8 %wt of PAA 2,000 was added and an
ultrasonification treatment was applied for 10 min. Slurries at various loading ratio, from 28 to 45
vol % were elaborated and spray-dried. Figure 10 presents the rheological behavior of these
suspensions where the viscosity increases with the solids loading but stay low for such solid content
in order to spray-dry.
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Figure 10: Rbeological behavior of suspensions dispersed under the optimum conditions at various loading ratio

Spray-drying

In this part, the influence of solid content on the granules characteristics is studied. Figure
11 (graph a) shows the evolution of flowability, bulk tapped and loose density with feed material
solid loading. These parameters increased as the solids concentration was increased.
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Figure 11: Evolution of flowability, bulk density and granule size with solids loading

In figure 11 (graph b), granule size distribution is also represented as a function of the solid
content. A slight decrease in granule size distribution with the increase in solid loading is observed.
This is a surprising result since it would be more natural that granule size increases with solid
loading of the feed material®. This result may be due to the ultrasonic atomizing process, a slight
dependence of the droplet size on slurry viscosity is commonly reported'®. Therefore as slurry
viscosity shows a large increase with solids loading, smaller droplets are produced. The fact that
flowability and bulk density increase as the granule size decreases indicates that granule density has
increased. This can proceeds from two causes, an increase of the packing compacity of primary
particles and/or a reduction of the internal void.

The tomographic reconstructed slice presented in fig.12, demonstrates that the volumic void
fraction is reduced as the slurry solid loading is increased. On the basis of a linear evolution of the
internal void volume with solid loading, it can be estimated that a solid content of around 55 vol %
is necessary to obtain solid granules'

Mercury intrusion porosimetry experiments reveal (see fig. 13) the dependance of
interparticle pore size on slurry solid loading. A reduction in the pore size from 30 nm to less than
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20 nm is observed when the solid content changes from 25 to 45 vol. %. This indicates that the
increase of the granule density is also due to a better packing compacity of primary particles.

El
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volume void fraction =0 ==p 55,3 %vol

30 35 40 45 50
solids loading (vol %)

Interparticle Pore Size (nm)

20 25 30 35 40 45 50
Solids concentration vol %

Figure 13: Evaluation of interparticle pore size versus solids ratio

CONCLUSIONS

Colloidal processing of nanosized alumina powders has been investigated in order to obtain
spray-dried solid granules. It was found that the most desirable conditions to achieve 45 vol. %
solid loading suspensions were identified to be pH 9 with 1.8 wt% of AL:O; PAA 2,000 in
combinaison with a 10 min sonification treatment. These suspensions were obtained with
rheological characteristics favourable to spray-drying, as low as 500 mPa.s apparent viscosity at
100 s™" and shear stress of 18 Pa.

This study confirms that sonification treatments are very efficient in dispersing nanometric
suspensions. The viscosity of nano-alumina slurries following ultrasonic irradiation was
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significantly lowered, yield stress and apparent viscosity at 100 s were reduced respectively of 77
% and 88 %. However, it seems that this treatment has no incidence on the value of the optimum
dispersant ratio. High molecular weight dispersants are less efficient to improve rheological
properties of nano-suspension in any case, with or without ultrasonic treatments. Moreover, the
saturation of the viscosity reduction is obtained for longer ultrasonic treatments if high Mw
molecular weight dispersants are employed.

Additionally, a study of the characteristics of spray-dried granules was also performed. It was
shown that the increase of solids ratio slurries induces a large decrease in inner voids granules and
interparticle porosity.
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